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Preface

Magnesium and its alloys are being investigated widely for applications that require
extraordinarily high strength-to-weight ratio, vibration damping, electromagnetic shielding,
reduction in carbon footprint, sustainability improvements, and low toxicity. In the past decade
or so, this drive has led to increased adoption of magnesium and its alloys in everyday
products and it is no longer regarded as an esoteric material. The overarching goal of its
widespread adoption and replacement of conventional materials such as steel and aluminum
alloys has been restricted because of the cost of the material, limited sources of primary
material, alloying constraints, high chemical reactivity, and challenges associated with its
plasticity. Researchers, scientists, engineers, and economists from industry, government
agencies and laboratories, and academic institutions alike are actively developing roadmaps
for next-generation products and addressing these challenges as quickly as possible through
unique and innovative methods. The TMS Magnesium Committee has been actively involved
in providing a platform to these entities for disseminating the latest information, develop-
ments, and cutting-edge research and development, and showcasing the latest research and
development trends related to magnesium and its alloys through the Magnesium Technology
Symposium, which takes place every year at the TMS Annual Meeting. This proceedings
volume retains the essence of this longstanding tradition. The twenty-first volume in the series,
Magnesium Technology 2020, is the proceedings of the Magnesium Technology Symposium
held during the 149th TMS Annual Meeting & Exhibition in San Diego, CA, February 23–27,
2020. The volume captures commentaries and papers from 15 different countries. The papers
have been categorized systematically based on topics pertaining to magnesium production,
casting and solidification, thermomechanical processing, deformation mechanisms, modeling,
corrosion, and applications.

The symposium began with keynote sessions that featured several distinguished invited
speakers from government organizations and academia, who provided their perspectives on
the state of the art, goals, and opportunities in magnesium alloy research and development.
Dr. Carlos Tomé from Los Alamos National Laboratory, U.S. Department of Energy, dis-
cussed 3D characterization of mechanical twins across grain boundaries. This was followed by
a talk on hierarchically structured ultrafine-grained magnesium alloys by Dr. Rajiv Mishra
from the University of North Texas, USA, who presented an example of using friction stir
additive manufacturing for implementing such microstructures at a component level. Dr. Mark
Horstemeyer from Liberty University, USA, presented an overview of fatigue modeling to
capture the corrosion-fatigue behavior of magnesium alloys. The final talk in this session was
presented by Dr. Bin Jiang from Chongqing University, China, who presented a novel
extrusion approach for achieving high-strength magnesium alloy plates.

Finally, the 2019–2020 Magnesium Committee is grateful to and expresses deep appre-
ciation for all authors for contributing to the success of the symposium; our panel of distin-
guished keynote speakers for sharing their valuable thoughts on the future of magnesium
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technology; the reviewers for their best efforts in reviewing the manuscripts; and the session
chairs, judges, TMS staff members, and other volunteers for their excellent support, which
allowed us to develop a successful, high-quality symposium and proceedings volume.

J. Brian Jordon
Chair

Victoria Miller
Vice Chair

Vineet V. Joshi
Past Chair

Neale R. Neelameggham
Advisor
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Twin Transmission Across Grain Boundaries
in Mg

Carlos N. Tomé, Mariyappan Arul Kumar, John Graham, Khanh Dang,
Yue Liu, Pengzhang Tang, Shujuan Wang, Rodney J. McCabe,
and Laurent Capolungo

Abstract

Transmission of 10�12f g �1011f g mechanical twins across
grain boundaries in Mg is a mechanism that can facilitate
shear accomodation but also provide a path for failure via
intergranular crack propagation. Until recently the twin
research has focused on a 2D characterization of intra-
granular propagation and intergranular transmission along
the forward propagation direction. Recent 3D studies of
the twin domain interface reveal a faceted structure,
anisotropic mobility, and a relative easiness of lateral twin
propagation (as opposed to forward or normal propaga-
tion). Here we describe a study of the forward and the
lateral twin transmission into neighbors applying a variety
of experimental and computational characterization tech-
niques, namely: (1) statistical EBSD analysis of twin

sections; (2) 3D Phase Field and Molecular Dynamic
simulations of twins propgating and reacting with grain
boundaries. This study improves our understanding of the
transmission mechanisms in a 3D aggregate, and helps us
to develop criteria for treating twin modeling in CP
simulations.

Keywords
Mg � 3D twin characterization � Twin propagation �
Twin transmission

Introduction

Transmission of 10�12f g �1011f g mechanical twins across
grain boundaries in Mg is a mechanism that can facilitate
intergranular crack propagation by providing a path to cracks
along the twin interface. Clearly, understanding twin trans-
mission requires us to understand twin growth. Traditionally,
both mechanisms have been characterized as 2D processes,
defined by the ‘forward’ twin shear direction g1, and the
direction k1 normal to the coherent twin boundary. Our
recent 3D studies of twin domain interfaces reveal aniso-
tropic mobility and a relative easiness of lateral twin prop-
agation along k ¼ k1 � g1 and point to the need for
regarding twins as 3D growing domains in order to fully
understand their behavior. As a consequence, it is natural to
wonder what is the role of both, the forward and the lateral
motion of the twin, concerning transmission across grain
boundaries.

In this talk, we review the most recent experimental and
modeling information related to twin transmission across
grain boundaries and discuss new results associated with the
lateral motion. In brief, we examine experimental and
computational results from: (1) statistical EBSD analysis of
twin sections and (2) phase field and 3D molecular dynamic
simulations of twins reacting with grain boundaries.
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1. Statistical EBSD analysis of twin sections: Statistical
analysis involving thousands of twins in Mg reveals that
forward propagation into the neighboring grains is
favored by low grain misorientations, which tend to align
the shear planes and directions of the twins [1] (Fig. 1b).
The twin transmission is accompanied by a relaxation of
the back stress in the impinging twin and its surround-
ings, and by an increase in thickness at the intersection
point (Fig. 1c).

2. Phase Field and 3D Molecular Dynamic simulations:
The results of Fig. 1 correspond to twins propagating
forward, along the shear direction g1. Recent statistical
EBSD analysis reveals that lenticular twins exhibit a
systematically larger k axis than g1 axis, indicating that
twins propagate faster in the lateral direction k than along
the shear direction g1 [3]. Molecular dynamics and phase

field simulations support such conclusion. In addition,
EBSD shows that the twin expansion viewed from the
direction normal to the twin plane adopts an irregular
shape, and that the lateral side is as likely as the forward
side to start propagation from the GB (Fig. 2a, b). Sta-
tistical analysis is in progress to determine the frequency
and characteristics of transmission along those two
directions.

Both phase field and molecular dynamics show that a
twin nucleus propagates faster along the lateral direction
(Figs. 2c and 3) and that the twin-driving-shear TRSS at
the lateral side is larger than at the forward side [2]. As
a consequence, it is to be expected that lateral trans-
mission will be induced in properly oriented neighbors,
an example of which is given in Fig. 2b. A possible

Fig. 1 a EBSD of Mg compressed 1% along RD (viewed along the k
direction) showing several instances of twin transmission; b fraction of
GB’s exhibiting twin propagation as a function of GB misorientation;

and c CP-FFT simulation map of RSS on twin plane (TRSS), showing
relaxation of back stress associated with twin transmission

Fig. 2 a EBSD of an incipient twin viewed along the k1 direction,
showing ‘lateral-side’ growth from the GB; b twins viewed along the
shear direction g1 showing lateral transmission across three grains; and
c MD simulation of lateral propagation: noncozone 10�12f g twin–twin

interaction under 2 GPa uniaxial tension along the c-axis at 10 K; c1
initial settings with T2 twin nucleus and the CTB of T1; c2 final state
showing incipient lateral transmission

4 C. N. Tomé et al.



conclusion of this study is that intergranular twin prop-
agation has the possibility of choosing a tortuous path
inside the polycrystal.

Summary

A complete understanding of twinning in HCP and of its role
as a deformation mechanism requires to regard it as a full 3D
mechanism. Twin transmission across GBs is a fairly fre-
quent occurrence in Mg alloys and has to be assessed as both
a shear accommodation and a crack-enhancing propagation
mechanism.

References

1. M. Arul Kumar, I.J. Beyerlein, R.J. McCabe, C.N. Tomé, “Grain
neighbor effects on twin transmission in hexagonal close packed
materials”, Nature Communications 7:13826 (2016)

2. M.Y. Gong, G. Liu, J. Wang, L. Capolungo, C.N. Tomé, “Atomistic
simulations of basal <a> dislocations and a 3-dimensional twin
interactions in Mg”, Acta Materialia 155 (2018) 187–198

3. Y. Liu, P.Z. Tang, M.Y. Gong, R.J. McCabe, J. Wang, C.N. Tomé,
“Three dimensional character of the deformation twin in Mg”,
Nature Communications (2019) 10:3308

Fig. 3 3D phase field simulation
of twin expansion. Maps of the
shear stress on the twin plane
along the twin direction g1.
a Section perpendicular to g1;
b section perpendicular to k
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Hierarchically Structured Ultrafine Grained
Magnesium Alloys

Rajiv S. Mishra

Abstract
The intrinsic low density of magnesium drives research
towards high-performance magnesium alloys. Hierarchi-
cally structured ultrafine grained magnesium alloys
possess exceptional strength-ductility combination and
eliminate many of the traditional drawbacks like low
strength, high yield strength asymmetry, poor formability,
and limited superplasticity. In this overview presentation,
friction stir processed microstructures are used as exam-
ples to discuss the microstructural paradigms that can
exhibit excellent balance of mechanical properties. These
show the possibilities of exceeding 500 MPa strength
with good work hardening and >10% ductility. Use of
micron-sized boron carbide (B4C) and nano-sized yttria
(Y2O3) powder can simultaneously enhance modulus-
strength-ductility combination. High-strength ultrafine
grained magnesium alloys also show high strain rate
superplasticity which can provide pathways for overcom-
ing poor formability. An example of friction stir additive
manufacturing will be used to discuss possibilities of
implementing such microstructures at component
level with emerging solid-state additive manufacturing
techniques.

Keywords
Strength-ductility combination � Microstructural
efficiency � Alloying efficiency � High
performance

Introduction

Three lightweight elements vie for structural space that steels
occupy. These are magnesium, aluminium, and titanium, and
the density of these elements scales in the same order they
are mentioned here. Ashby [1] has developed a materials
selection for mechanical design framework that is a very
good way to consider materials for structural applications.
The five design approaches under this framework are

1. Stiffness-limiting design,
2. Strength-limiting design,
3. Toughness-limiting design,
4. Fatigue-limiting design, and
5. Creep-limiting design.

An interesting correlation is that the specific stiffness
(Young’s modulus normalized by density) of steel is similar
to magnesium, aluminium, and titanium. The implication is
that substitution of one alloy with other for stiffness-limiting
application is performance neutral, and therefore, other
considerations including non-structural properties/attributes
such as corrosion resistance and cost become important
factors in final selection of the alloy. Whenever we are
looking for opportunities to replace legacy alloys, the
implementation barriers include technical and non-technical
considerations. Sankaran and Mishra [2] have recently
reviewed the development of magnesium alloys in the con-
text of aerospace alloys using Ashby’s framework. Apart
from highlighting the physical metallurgy and a summary of
mechanical properties, the book introduced the concepts of
“microstructural efficiency” and “alloying efficiency” [2].
These two terms are very important for magnesium alloys.
This overview presentation is primarily focussed on key
microstructural features and how some of these can be
altered by friction stir processing. The ultrafine grained
region is defined as a range with grain size in the range of
100–1000 nm, and this is particularly highlighted. While the
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attempt is only to cover a few illustrative examples, the
papers by Mishra and co-workers on various aspects of
magnesium alloys are listed to help the readers [3–37].

Microstructural Efficiency and Alloying
Efficiency

The concept of microstructural efficiency can be appreciated
in the context of a review by Nie [38] on precipitation
hardening in magnesium alloys. The primary strengthening
mechanisms in various magnesium alloys are (a) solid-state
strengthening, (b) grain boundary strengthening, (c) precipi-
tation/dispersion strengthening, and (d) texture strengthen-
ing. Nie [38] has highlighted the importance of precipitation
strengthening and compared with development of precipi-
tation-strengthened aluminium alloys over a century.
Because of the hexagonal closed packed (h.c.p.) crystal
structure, slip in magnesium alloys occurs through basal,
pyramidal, and prismatic dislocations. In addition, twinning
is an important deformation mechanism. Non-basal slip
systems can be activated by refining the grain size, and at the
same time, below a critical grain size, the twinning can be
suppressed or eliminated. In this context, shape and orien-
tation of precipitates become very important. If the precipi-
tates are elongated and oriented along basal plane, they are
less effective in blocking the basal slip. On the other hand,
precipitates that are oriented along prismatic planes can be
highly effective in blocking basal and pyramidal slip planes.
This is the basis for discussion of microstructural efficiency.
Figure 1 shows a conceptual map where microstructural
efficiency would be high. The microstructural efficiency for
strength, ηmicro, can be calculated as,

gmicro ¼
rexpt:P
rtheo:

ð1Þ

where rexpt: is the experimental measured strength and
P

rtheo: is summation of all strengthening mechanism for
theoretically ideal microstructure. For example, the maxi-
mum in precipitation strengthening is obtained at the inter-
section of particle cutting and Orowan looping. So, this
value should be inserted as the maximum potential of the
precipitation-strengthened microstructure. Additional ideal
microstructures can be generated to calculate maximum
strength possible for a given volume fraction of second
phase particles. On the other hand, for strengthening
mechanisms like solid solution strengthening and grain size
strengthening, calculation would be simply based on the
level of solute and average grain size. The lower values of
ηmicro indicates lower efficacy of that particular alloy system.

In a similar way, the alloying efficiency for strength,
ηalloy, can be defined as,

galloy ¼
rexpt:P
rtheo:

ð2Þ

where rexpt: is the experimental measured strength and
P

rtheo: is summation of all strengthening mechanism for
theoretically ideal microstructure. The way the theoretically
ideal microstructure is calculated for ηalloy is different when
applied to alloy design as compared to calculation for a
given alloy. Sankaran and Mishra [2] have highlighted the
implication of alloying efficiency for alloy design. This
approach involves consideration of the type of second phase
particles that forms. If the alloying element X results in a
phase Mg3X and the alloying element Y results in Mg2Y,
then X has a higher alloying efficiency, as it results in higher
volume fraction of precipitate per atom% of addition.
Additionally, the location of where alloying elements are
present needs to match with the intended target. For exam-
ple, if an element is added to enhance strength through
intragranular precipitate formation, loss of these precipitate
to grain boundaries lowers the alloying efficiency. Similarly,
if thermomechanical processing leads to undesirably coarse
phases of the critical alloying element, then the alloying
efficiency goes down. Constituent particles are another
source of loss of alloying efficiency as they are undesirable
microstructural features.

The desired microstructural features for high-strength
magnesium alloys are summarized below along with typical
microstructural features observed in conventionally pro-
cessed magnesium alloys.

Fig. 1 A microstructural map with depiction of deformation mecha-
nism as a function of grain size and second phase particle size
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Desired
microstructure

Usually
obtained in
practice

Reason

Effective precipitate
size, morphology,
and distribution

Highly
elongated
with low
density

Low nucleation density
and anisotropic growth
along preferred growth
direction

Fine grain size Coarse or
mixed
distribution

Grain boundaries are
nucleation sites for
grains during
recrystallization

Random texture Highly
textured

Dominance of certain
slip systems during
deformation

Friction Stir Processing as a Microstructural
Engineering Tool

The friction stir processing (FSP) is a high temperature severe
plastic deformation (HT-SPD) process. Its attributes include
high strain rate, high process strain, and elevated tempera-
tures. These attributes separate FSP from other SPD tech-
niques like equal channel angular extrusion/pressing, torsional
straining, accumulative roll bonding, etc. The way UFG mi-
crostructure forms in FSP is quite different from other SPD
techniques. In FSP, UFG microstructure is obtained by
restricting the growth of recrystallized grains at elevated
temperatures and this results in predominantly high-angle
grain boundaries and random texture. This aspect is particu-
larly important for magnesium alloys, which are very difficult
to process by other SPD techniques. Mishra et al. [39] and
Sankaran and Mishra [2] have reviewed specific aspects of
FSP magnesium alloys. Readers are encouraged to see ref-
erences [3–37] for details of various aspects covered through
the years. This set of papers cover strength-ductility combi-
nation, texture evolution, strengthening mechanisms, friction

stir additive manufacturing, superplasticity, and additive
manufacturing. Many of these are focussed on ultrafine
grained microstructure. Panigrahi et al. [24] have discussed
the critical grain size below which dislocation storage in the
grain is limited and this impacts the work hardening. So, this
defines a limiting grain size for engineering applications.
Kumar et al. [10] have discussed some unique precipitate
morphologies, including use of dislocation core and network
for precipitation in Mg–Nd–Y alloy. Palanivel et al. [7] have
established a framework for enhanced dissolution during FSP
as well as showed example of Mg2Y in WE43 alloy, which
decreases the alloying efficiency.

An emerging opportunity is to use FSP to create magne-
sium composite with hierarchical microstructure. Figure 2
shows an overview of composite with nano- and micro- scale
reinforcements. An important observation is the combined
improvement of stiffness-strength-ductility. The combined
effect of load transfer to coarser particulates and activation of
non-basal slip activities due to nano-particles leads to synergy
in strengthening mechanisms. This approach is also impactful
for grain size control and texture control, both of which are
important for magnesium alloys and composites. At this stage,
very limited work is available on combining synergistic
mechanisms and its theoretical foundation.

Remarks for Future Research

To take full advantage of lower density, the research needs
to strive to obtain mechanical properties equivalent to alu-
minium alloys without the need for density-based normal-
ization. New alloys should be designed to enhance the
microstructural efficiency and alloying efficiency. Significant
scientific understanding exists to exploit the mechanisms to
create a high-strength low-alloy framework for magnesium
alloys. Key is to overcome historical negative perceptions as
well as grand challenges related to corrosion and toughness.

Fig. 2 An overview of
particulate reinforced magnesium
composites. Hierarchical
composites can provide synergy
in strengthening mechanisms and
ductility (Das and Mishra [40])

Hierarchically Structured Ultrafine Grained Magnesium Alloys 9
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Multistage Fatigue (MSF) Modeling
of Magnesium in a Corrosion Environment

Mark F. Horstemeyer

Extended Abstract

This work presents an overview of using the multistage
fatigue model with a corrosion model to capture the behavior
of magnesium alloys. One can argue that magnesium alloys
used for structural components are always in a corrosive
environment as no real practical structural component
operates in a vacuum. As such, different magnesium alloys
are analyzed in the context of their fatigue incubation,
microstructurally small crack (MSC), and long crack
regimes under a vacuum, air, and saltwater environments.
The different magnesium alloys analyzed, including AE44,
AM30, AM50, AM60, AZ31, AZ61, AZ91 alloys. These
alloys were fabricated under different methods and each had
different heat treatments. The levels of corrosion pitting,
general corrosion, and filiform corrosion were quite different
for each alloy, meaning that the interdependence of the

different corrosion mechanisms interacted differently with
each alloy’s incubation, MSC, and LC fatigue lives.

General corrosion, illustrated in Fig. 1 for pure magne-
sium and magnesium–aluminum alloys, occurs along with
pitting, and filiform corrosion occurs for magnesium and its
alloys. There is an associated hydrogen release from the
chemical reaction that can be quantitatively measured as per
Fig. 2 so the association cause–effect relation of the mi-
crostructure–property relationship can be known. When you
apply the fatigue environment with the corrosion environ-
ment, different strain–life curves arise as per Fig. 3. It is
these differences that the multistage fatigue (MSF) model
combined with the internal state variable (ISV) corrosion
model can be used to address the behavior of the material.
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Fig. 1 Weight change of magnesium versus time illustrating general
corrosion for differing amounts of aluminum in solution of magnesium
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Fig. 2 Hydrogen release versus time under immersion corrosion
environments associated with the general corrosion of Fig. 1

Fig. 3 S–N curves for an extruded AM30 magnesium alloy tested in
laboratory ambient environment (30–45% RH) and 3.5 wt% NaCl
solution environment. Fatigue specimens for both environments were
tested with a frequency of 5 Hz and a stress ratio of 0.0. Large variation
in corrosion fatigue life was present at stress amplitudes higher than
60 MPa. The fatigue run out stress level was 60 MPa in the air
environment and was not found in the 3.5 wt% NaCl solution
environment
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Novel Texture Controlling of Mg Alloys

Bin Jiang, Guangsheng Huang, Jiangfeng Song, Dingfei Zhang,
and Fusheng Pan

Extended Abstract

Magnesium (Mg) alloys have attracted considerable atten-
tion for a promising application in the automotive and
electronics owing to their high specific strength and high
electromagnetic shielding. However, the application of
wrought Mg alloys has been limited by poor room temper-
ature ductility. It was ascribed to the large difference in
critical resolved shear stresses (CRSS) between basal and
prismatic slip in hexagonal close-packed (hcp) crystal
structure in Mg alloy. This results in a lack of the active slip
systems and can hardly offer an arbitrary shape change at the
grain level.

Conventionally extruded Mg alloy sheets possess poor
mechanical properties due to the strong basal texture where
c-axes of the grains are predominantly aligned parallel to the
sheet normal. This brings about a poor deformation capa-
bility of sheet thinning and a stronger anisotropy and con-
sequently results in a limited number of available plastic
deformation modes. In this work, a novel extrusion approach

to get high strength magnesium alloy plates will be intro-
duced through differential speed processing. A suitable
constitutive model of differential speed extrusion is estab-
lished to ameliorate the texture-dependent mechanical
properties. The velocity evolutions of the extruded sheets at
near-surface and mid-layer regions are different due to the
extra asymmetric shear deformation. This simple shear
enforces the near-surface microstructure to exhibit more
dynamically recrystallized grains having the c-axis tilted
toward the extrusion direction. The yield stress of AZ31
alloy sheet has been increased from 161.2 to 179.9 MPa, and
the elongation has been improved from 15.4 to 20.1%.
Moreover, as for the high strength AZ61 alloy sheets, the
ultimate tensile strength was increased from 387.9 to
427.1 MPa and the yield stress was improved from 147.7 to
195.9 MPa. Grain refinement and tilted weak basal texture
obtained by differential speed extrusion process. This
approach is an efficient substitute to increase the texture-
induced softening and ductility and thus favorable for the
thin sheet fabrication.
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Design of Ductile Rare-Earth-Free
Magnesium Alloys

W. A. Curtin, Rasool Ahmad, Binglun Yin, and Zhaoxuan Wu

Abstract
Pure Mg has low ductility due to a transition of hcþ ai
pyramidal dislocations to a sessile basal-oriented struc-
ture. Dilute alloying generally improves ductility.
Enhancement of pyramidal cross-slip from the
lower-energy pyramidal II plane to the higher-energy
pyramidal I plane has been proposed as the mechanism.
Here, the theory is applied to ternary and quaternary
alloys of Zn, Al, Li, Ca, Mn, Sn, K, Zr, and Sr at dilute
concentrations, and a wide range of compositions are
predicted to have good ductility. Interestingly, while Zn
alone is insufficient for achieving ductility, its inclusion in
multicomponent alloys at 0.5 at.% enables ductility at the
lowest concentrations of other alloying elements. Further
implications of the theory are discussed.

Keywords
Magnesium alloys � Theory � Ductility

Introduction

Magnesium (Mg) is the lightest structural metal but has a
hexagonal close packed (HCP) crystal structure. The HCP
structure has crystallographically different slip systems with
distinct slip planes (basal, prism, and pyramidal), slip steps

(hai and hcþ ai Burgers vectors) and slip resistance
(c-surface). Generally, plastic slip with hai dislocations on
basal and prism planes is intrinsically easier than that of
hcþ ai dislocations on pyramidal planes, as dictated by
crystallography and the electronic structure of Mg in the
HCP lattice [1]. Furthermore, hcþ ai dislocations dissoci-
ated on pyramidal glide planes are thermodynamically
unstable and can transform into lower energy, sessile
structures along basal planes through pyramidal-to-basal
(PB) transition [2]. The energy barriers of the hcþ ai PB
transitions are low (*0.5 eV for pyramidal II plane [2] and
*0.3 eV for pyramidal I plane [3]) and comparable to other
plasticity mechanisms at room temperature. Plastic slip with
hcþ ai dislocations can thus only provide very limited hci
axis strain capability initially upon their activation; the PB
transition will quickly increase the critical resolved shear
stress (CRSS) for hcþ ai slip systems and effectively elim-
inate the critical hcþ ai dislocation slip systems [2]. The PB
transition thus further increases plastic anisotropy, with
hcþ ai CRSS measured at *100 times that of basal hai [4].
The difficulty in hcþ ai dislocation slip also contributes to
strong textures developed in wrought Mg products, such as
strong basal textures with c-axis in the normal direction of
rolled sheets and strong fiber textures with c-axis in radial
direction in extruded products. Strong plastic anisotropy and
texture cause HCP Mg exhibit low ductility [2] and intrinsic
brittleness [5], which are detrimental in load-carrying or
energy-absorption structure applications.

Achieving high ductility and high fracture toughness in
Mg is thus a long-standing barrier for its wide range,
large-scale structure applications across various industries,
such as the automotive and aerospace industries [6, 7].
Increasing ductility is, however, particularly challenging in
HCP Mg, since its plastic anisotropy arises from the intrinsic
properties of the slip systems and changing intrinsic prop-
erties is difficult. Increasing ductility is also generally less
straightforward as compared to increasing strength, since the
former depends on the plastic evolution of the underlying
microstructure. Various metallurgical strategies, such as
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changing alloy composition, grain size, and texture, have
been attempted to increase ductility and fracture toughness.
Improved ductility has been demonstrated in some Mg
alloys and under certain thermomechanical processing con-
ditions. In particular, a wide range of experimental studies
suggest that Mg alloyed with rare-earth elements in solid
solution state [8–13], grain refinement [14] and texture
randomization [15, 16] are effective methods to increase
ductility. While these experimental successes are consistent
with metallurgical wisdom, current understanding of duc-
tility improvement in Mg is generally empirical, not mech-
anistic, qualitative, and thus of less predictive power in
guiding new alloy designs.

We recently proposed a new quantitative mechanism [14]
to capture the effects of solutes in enhancing ductility in Mg
alloys. This mechanism is based on the acceleration of
cross-slip of the pyramidal II hcþ ai screw dislocations due
to a solute-driven decrease in the cross-slip energy barrier. If
the acceleration is significant enough, cross-slip will enable
fast hcþ ai dislocation multiplication that can generate
plastic strain in spite of the on-going deleterious PB transi-
tions (Fig. 1). The predictions based on the new mechanistic
model were shown to be in broad agreement with experi-
mental results on existing Mg alloys. Moreover, application
of the mechanistic model to study a much wider range of

possible alloys, especially those without RE additions, holds
the promise of accelerating the design of new ductile Mg.

In this work, we briefly present key features of the model
for solute-enhanced cross-slip and then focus on the pre-
dictions of the model for a range of non-RE multicomponent
alloys. This work summarizes a much more complete study
that was recently published by the same authors [17], and
many details can be found there.

Ductility Enhancement via Accelerated
Cross-Slip: Theory

Plastic slip via hcþ ai dislocations are critical to achieving
high ductility in HCP Mg. During plastic straining, hcþ ai
dislocation loops, either preexisting inside grains or nucle-
ated from grain boundaries, will expand and carry the plastic
strain. The edge segments of the dislocation loop are prone
to undergo the PB transition and become sessile, locking the
dislocation segments and further blocking subsequent
hcþ ai dislocations on the same or nearby parallel pyramidal
planes. Plastic slip in the hcþ ai dislocation Burgers vector
direction thus becomes difficult, requiring a much higher
CRSS to continue [2]. While the edge segments become
sessile, the screw segments can continue to glide, expand,

Fig. 1 Schematic of the competing thermally activated dislocation
phenomena in magnesium. Mobile edge dislocation segments of a
pyramidal II hcþ ai dislocation undergo a thermally activated trans-
formation to a sessile structure with a barrier of DGPB ¼ 0:5eV. Mobile
screw dislocation segments of the same dislocation can undergo
thermally activated cross-slip and double cross-slip, leading to

dislocation multiplication, with a barrier of DGXS. If the rate of screw
cross-slip sufficiently exceeds the rate of edge immobilization, then
plastic straining can be sustained and high ductility can be achieved.
Solute additions can change the cross-slip barrier DGXS which, if
reduced sufficiently by solutes, can provide the conditions for ductility.
From Ref. [14], and reprinted with permission from AAAS
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and potentially undergo a cross-slip and double cross-slip
process. Dislocation cross-slip and double cross-slip effec-
tively create a new dislocation loop on a new slip plane,
which can overcome the locking of the original edge seg-
ment, and glide further to accommodate the imposed plastic
strain. The newly formed dislocation loop can also serve as a
hcþ ai dislocation Frank–Read source, potentially supply-
ing many new hcþ ai dislocations. To sustain plastic slip
along the hcþ ai direction and thus satisfying strain com-
patibility requirement for continued plastic deformation, the
rate of cross-slip of the screw segments and thus generation
of new dislocation loops must be much faster than the rate of
the deleterious PB transition occurring at the edge segments.
The two crucial processes at the screw and edge segments
are both thermally activated and their competition governs
the hcþ ai strain capability and ductility. To achieve high
ductility, the following condition on their respective rates
RXS and RPB along the dislocation loop of size L occurring at
segments of size lXS and lPB (see Fig. 1) at temperature T
must be satisfied,

RXS ¼ m0
L

lXS
exp �DGXS

kT

� �
� RPB ¼ m0

L

lPB
exp �DGPB

kT

� �

ð1Þ
where GXS and GPB are the activation energy barriers, m0 is
an attempt frequency and k is Boltzmann constant. We
introduce a ductility index v where the rate of cross-slip is
10v of the rate of PB transition, i.e., RXS ¼ 10vRPB. We
consider v[ 1, i.e., RXS [ 10RPB, as a necessary condition
for high ductility. For alloys satisfying the above condition,
deformation will follow normal plastic flow and hardening,
and failure may be governed by other criteria such as the
Consider criterion for the onset of necking in elastic-plastic
materials. When v\ 0, poor ductility is predicted since
hcþ ai cross-slip is too slow relative to the PB transition and
cannot create enough hcþ ai dislocation and plastic strain to
overcome the immobilization caused by the PB transition.
Our strategy to enhance ductility relies mainly on reducing
the cross-slip barrier DGXS through solid solution alloying,
since all other parameters are insensitive to changes of alloy
compositions. Solutes interact with dislocation core, stack-
ing fault and its elastic field. Solutes can thus have subtle
effects on dislocation cross-slip energy barriers and rates
[18]. The central part of the theory and alloy design thus
essentially reduce to the determination of the effects of
solutes on the cross-slip barrier DGXS as a function of solute
composition and concentration.

In HCP structures, pyramidal II planes do not intersect
with each other and hcþ ai dislocations on pyramidal II
planes must first cross-slip to an intersecting pyramidal I
plane sharing the same Burgers vector. In HCP Mg, screw
hcþ ai dislocations have lower energy on pyramidal II

planes than on pyramidal I planes. The energy barrier for
cross-slip thus has contributions from the dislocation energy
difference DEI�II between the two pyramidal planes, in
addition to the usual energies associated with dislocation
jog/junctions formations and line tensions. Using the dislo-
cation line tension model, the cross-slip energy barrier can
be written as

DGXS ¼ DGXS;i þDEI�IIlXS þCDsðlCXSÞ � DsbAðlCXSÞ
ð2Þ

where DGXS;i ¼ 0:23 eV [19] is the intrinsic barrier associ-
ated with jog/junctions formation during cross-slip; lXS is the
length of the cross-slip nucleus at the transition state, lCXS the
nucleation length that includes the length of the pyramidal
I/II junction, C is the screw dislocation line tension on
pyramidal I planes, b the Burgers vector, Ds the additional
length of the cross-slipped bow-out segment on the pyra-
midal I plane, A the bow-out area, and Ds the resolved shear
stress on the pyramidal I hcþ ai dislocation in excess of the
corresponding CRSS that performs work by bowing out the
cross-slipping nucleus.

A solute at site i can interact with the dislocation on the
pyramidal II plane before cross-slip and with the dislocation
on the pyramidal I plane after cross-slip. The change in
interaction energy of a solute of type m at site i is denoted as

DUI�II;m
i . The average change in energy per unit dislocation

length upon cross-slip can then be written as

hDEI�IIi ¼ DEI�II
Mg þ 1

b

X
m

cm
X
i2NT

DUI�II;m
i ð3Þ

where DEI�II
Mg is the energy difference in pure Mg, cm is the

solute concentration of solute type m, and the sum is over all
unique sites i around the dislocation within one Burgers
vector length where the energy difference is nonzero. These
energies cannot be computed fully with ease, and hence, it
was postulated that the dominant interaction energy arises
from the solute interactions with the dislocation stacking
faults, as both pyramidal I and II dislocations are dissociated
into partial dislocations separated by a stacking fault. The
average energy difference can then expressed as

hDEI�IIi ¼ DEI�II
Mg þ

X
m

DEI�II;m
avg;SFcm ð4Þ

where DEI�II;m
avg;SF is the contribution of type m solute/stacking

fault interaction energies in the average dislocation energy

difference. DEI�II;m
avg;SF is computed from first-principles density

functional theory calculations [1, 17]. In a random solid
solution alloy, there are local fluctuations in the concentra-
tion of the alloying elements. Thus, there are fluctuations in
the local pyramidal I and II screw dislocation energies over
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the scale of the nucleation length lXS. The standard deviation
in pyramidal I/II energy difference, due to these fluctuations,
over the length of lXS can be computed as

r½lXS� ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
lXS
b

P
m
cm

P
i2NT

DUI�II;m
i

� �2r
¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
lXS
b

P
m
cm DEI�II;m

fluc;SF

� �2
r

ð5Þ
where the second term considers only the energy contribu-
tions due to the solute/stacking fault interactions. Some
fluctuations raise the energy and others lower it; only those
that reduce the local barrier are relevant, and so the mag-
nitude of the fluctuation contribution is always subtracted
from the average barrier to obtain the operative barrier.
Assembling all the factors that determine the activation
barrier and critical cross-slip nucleation length, the ductility
index v can be expressed as

v ¼ 1
ln 10

ln
lPB
lXS

� �
þ DGPB � hDGXSi � r½lXS�ð Þ

kT

	 

: ð6Þ

The DFT calculations on a wide range of solutes led to
the determination of the average and fluctuation contribu-
tions to the energy barrier as shown in Fig. 2. Figure 2
immediately shows that the rare-earth elements and Zr are
highly effective in reducing the cross-slip barrier, both on
average and due to fluctuations. The solutes Ca and Sr are
also effective on average, being negative, with significant
fluctuations as well, while Mn is effective on average but
with smaller fluctuation contributions. The solutes Sn, Li,
and K have almost no effect on average, but some fluctuation
contribution, especially K. The solutes Zn, Al, and Ag are
all, on average, deleterious for ductility, but the fluctuation
contributions, being always negative, can cancel or exceed
the average contributions at some concentrations, leading to
some reduction of the ductility index v.

More detailed predictions of v require the full theory.
Two quantities that are not directly computable in the theory,
but fall in a narrow range and can be estimated, are DEI�II

Mg

and Ds. Examination of theory predictions versus experi-
ments for the well-established solute elements of Al, Zn, and
Y led to the deduction of DEI�II

Mg ¼ 25 meV/nm and Ds ¼ 20

MPa. Finally, for very low solute concentrations, where
single solutes may have some effect and random statistics
does not apply, additional analysis is required (see Ref.
[17]).

Representative Results

We now present a subset of results on ternary and quaternary
alloys. The theory is used to compute v as a function of alloy
composition, and ductility is indicated if v[ 1. Since Zn is a

common alloying element for various reasons, we first
consider Zn ternary alloys. Zn alone is not predicted to
enable ductility—the negative fluctuation contribution is
never large enough compared to the positive average con-
tribution to reduce v below 0. However, since Zn does lower
v relative to pure Mg, it has a beneficial effect when com-
bined with other more favorable solutes. Figure 3a shows
the predictions for v as a function of the Zn concentration
and the concentration of a third alloy element X (X=K, Mn,
Zr, Sr, Ca). In all cases, Mg can be made ductile by the
addition of a small concentration of X as long as the con-
centration of Zn is less than about 1.5 at.%. For all cases, the
addition of 0.5 at.% Zn enables ductility at the lowest con-
centration of the second element X. The effect is especially
strong for Mn, where v ¼ 1 is reduced from *0.4 at.% Mn
at 0 at.% Zn to *0.2 at.% Mn at 0.5 at.% Zn. The theory
thus predicts that the addition of Zn at 0.5 at.% is broadly
useful for enhancing the ductility across a range of alloys. Zn
is not necessary for ductility, but its addition may be bene-
ficial for other reasons such as its effects on the hai
dislocations.

Figure 3b shows predictions for the ductility limit v ¼ 1
for various Al–Li–X quaternary alloys, for X=Mn, K, Sr.
The lines in the figure correspond to the boundary between
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Fig. 2 Variation of (a) average effect and (b) intrinsic fluctuation of
various solutes on pyramidal I/II hcþ ai dislocation energy difference
as a function of corresponding solute concentrations c. From Ref. [17],
and reprinted with permission from Elsevier
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v[ 1 (right) and v\ 1 (left), for each concentration of X
indicated. For instance, in the Mg–Al–Li–Mn quaternary,
ductility v[ 1ð Þ can be achieved at 2.0 at.% Al, 1.0 at.% Li
with the addition of 0.1 at.% Mn. Many other examples are
provided in similar graphical form in the related publication
[17].

Discussion

The theory makes predictions for a wide range of alloying
elements and compositions that can lead to high ductility.
This wide space thus enables possible optimization of
other important alloy properties (e.g. yield strength,
toughness, corrosion resistance, and bio-compatibility) that
are needed for using Mg alloys in various applications.
Related to strengthening, we note that precipitation
removes solutes from the matrix. If the residual total solute
concentrations in the matrix are too low, the matrix
composition may drop below the conditions predicted for
ductility. The strengthening that accompanies precipitation
may then lead to a significant reduction in ductility. The
identification here of a wide range of ductilizing alloying
elements at low concentrations opens, however, the pos-
sibility that alloys can be developed with elements that

form desirable precipitates and other elements that remain
in solution such that the matrix remains ductile after pre-
cipitation, thus achieving both strength and ductility. Pur-
suing such concepts requires combining the present
analysis of ductility with thermodynamic calculations of
phase diagrams and solution limits of alloying elements in
complex alloys.
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Microstructure Evolution and Precipitation
Strengthening in Ca-Containing Mg-Rare
Earth Alloys

Qianying Shi, Bruce Williams, and John Allison

Abstract
The significant precipitation strengthening during aging
provides Mg-rare earth (RE) alloys with exceptional
strength. The low density and reasonable cost of Ca could
favor Mg alloys for commercial use with improved
properties. In order to investigate the potential interaction
effect of Ca for improving the aging response and strength
of Mg–RE alloys, this study was performed. 0.5 wt% and
1.0 wt% Ca were added to the ternary alloy Mg–2 wt%
Nd–4 wt%Y. The microstructures of different processing
conditions were examined by a series of experimental
characterization techniques. The microstructure evolution
and phase transformations were also calculated by
commercial CALPHAD software. Vickers hardness tests
were performed to characterize the aging response of the
quaternary Mg–2 wt%Nd–4 wt%Y–0.5 wt%Ca alloy.
Current results showed that 0.5 wt% Ca addition accel-
erated the peak aging, as compared to the previously
studied ternary Mg–Nd–Y alloy. The initial APT analysis
on the aged samples indicated that Ca segregated with Nd
and Y in the precipitates in Mg–RE alloys.

Keywords
Magnesium alloys � Rare earth � Calcium �
Precipitation � Microstructure

Introduction

Because of its inherent soft nature, pure Mg needs to be
strengthened for use as a structural material. Precipitation
hardening, as one common method to strengthen alloys, is an
especially effective strengthening method for Mg alloys
containing rare earth (RE) elements [1]. RE elements have
relatively high solubility in Mg-matrix at high temperatures,
allowing the formation of fine precipitates during aging at
lower temperatures. The unique crystallographic orientation
relationship between these precipitates and Mg-matrix (the
habit planes of precipitates are parallel to the prismatic
planes of Mg-matrix) in Mg–RE alloy provides a significant
effect on impeding dislocation motion [2]. However, RE
elements are expensive for commercial applications. There-
fore, it is necessary to optimize the level of RE elements in
Mg alloys and explore alternative alloying elements to
achieve the comparable strengthening effect.

Previous studies showed that Ca is a strong candidate ele-
ment to be considered to add into Mg–RE alloys, since Ca
benefits Mg alloys in many different ways, such as the low
density, reduced cost, as well as the positive effect on the
refinement of grains, texture and formability, and oxidation
resistance [3–7]. However, the Ca effect on the precipitation
strengthening inMg alloys have primarily been investigated in
Mg–Al/Zn based alloys [8–11]. There is a very limited study of
Ca effect on the metastable precipitates inMg–RE alloys [12].
The potential interaction of Ca with RE elements such as Nd
andY is interesting for the possibility thatCamay play a role in
increasing the precipitation strengthening and allow reduction
in RE elements. Here, an initial investigation on the mi-
crostructural evolution and precipitation for Ca-containing
Mg–Nd–Y alloys is presented. Microstructures at different
processing conditionswere analyzed and discussed. The aging
response and precipitation strengthening were also examined
and compared between alloys with and without Ca addition.
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Experimental Procedures

The alloys used in this study were provided by Can-
metMATERIALS, Canada. As listed in Table 1, five casting
Mg–2 wt%Nd–4 wt%Y-based alloys with different Ca
additions were examined. Three alloys with 0 Ca, 0.5 wt%
Ca, and 1 wt% Ca were cast as small bars with 25 mm
diameter, which are named as alloy SC0, alloy SC0.5, and
alloy SC1, respectively. The other two alloys named alloy
LC0.5 and alloy LC1 were cast as large cylindrical billets
with 85 mm diameter. These five alloys were solution trea-
ted for 24 h at a temperature determined by differential
scanning calorimetry (DSC) measurements and several
solution heat treatment trials. One large cast billet of alloy
LC0.5 was extruded into 15 mm bar at Can-
metMATERIALS. The as-received alloy LC0.5 extruded bar
was then solution heat treated and aged at 200 and 250 °C
for different time periods to obtain aging curves. Aging
response was characterized by hardness measurements,
which were performed using a Vickers microhardness
indenter with a load of 100 g and dwell time of 15 s. Each
heat treatment step was followed by water quenching.

The microstructures of these alloys after different pro-
cessing procedures were examined by a series of mi-
crostructural characterization tools including optical
microscope (OM), scanning electron microscope (SEM),
energy dispersive spectroscopy (EDS), and electron
backscatter diffraction (EBSD). Needle-like atom probe
tomography (APT) specimens were prepared using focused
ion beam (FIB) lift-out technique on a FEI Helios 650
dual-beam system. APT data was collected on a
Cameca LEAP 5000XR instrument operated in the
laser-pulsing mode with a pulse energy of 50pJ and a
specimen temperature of 30 K. Post-analysis data visual-
ization and evaluation were carried out using the Integrated
Visualization and Analysis Software (IVAS) package. For
the comparison with the experimental results,

thermodynamic calculations on the microstructural evolution
and phase transformation were performed using commercial
CALPHAD software ThermoCalc.

Results and Discussion

As-Cast Microstructure

Figure 1 shows the typical as-cast microstructures of these
alloys, taking the alloys SC0.5 and LC0.5 as an example to
compare the effect of different casting geometry. It is clearly
shown that the grain size and secondary dendrite arm spacing
in large casting cylinders are much larger (Fig. 1b, d) than
that in small casting bars (Fig. 1a, c), while the consistency of
phase constitution for same alloy composition with two dif-
ferent casting conditions is observed (Fig. 1c, d). Different
types and amounts of primary intermetallic phases in as-cast
microstructures of alloys with different Ca additions were
found, as shown in Fig. 2. For the baseline alloy without Ca
addition, the microstructure consists of the Mg-matrix and
primary b phase (marked by red arrows in Fig. 2a), which is
concentrated with Nd and Y as measured by EDS. With the
Ca addition, Mg2Ca-Laves phase appears (marked by yellow
arrows in Fig. 2b, c). Ca addition increases the amount of b
phase and changes the morphology of b phase from the
nearly lamellar shape to nearly blocky shape. EDS mea-
surement showed that Ca also enriches in b phase. It should
be mentioned that those dispersed particles with a relatively

Table 1 Nominal compositions of investigated Mg–Nd–Y–(Ca)
alloys (wt%)

Alloy Mg Nd Y Ca Casting geometry

SC0 Bal. 2.0 4.0 0 Small casting bar with
25 mm diameter

SC0.5 Bal. 2.0 4.0 0.5 Small casting bar with
25 mm diameter

SC1 Bal. 2.0 4.0 1.0 Small casting bar with
25 mm diameter

LC0.5 Bal. 2.0 4.0 0.5 Large casting cylinder with
85 mm diameter

LC1 Bal. 2.0 4.0 1.0 Large casting cylinder with
85 mm diameter

Fig. 1 Typical as-cast microstructures in alloys SC0.5 and LC0.5.
a alloy SC0.5, OM; b alloy LC0.5, OM; c alloy SC0.5, SEM; d alloy
LC0.5, SEM

26 Q. Shi et al.



low fraction observed in the as-cast microstructure (marked
by green arrows in Fig. 2a, c) are strongly concentrated with
Y, which are identified as Mg2Y phase.

Scheil solidification predictions were performed using
ThermoCalc software with database TCMG5 for each alloy
composition. As presented in Fig. 3 and Table 2, the Scheil
calculation is consistent with the above experimental obser-
vation, including the appearance of Mg2Ca-Laves phase and
the amount change of b phase. Two types of b phase, Mg41R5

and Mg24R5, were predicted in the Scheil calculation. In the
thermodynamic database of ThermoCalc software, Mg41R5 is
the equilibrium b phase in Mg–Nd binary system, and

Mg24R5 is the equilibrium b phase in Mg–Y binary system.
As listed in Table 2, with increasing Ca addition, the mole
fraction of Mg2Ca-Laves and b phase increases accordingly.
In addition, the Scheil calculation also indicates that Ca
addition decreases the formation temperature of Mg-matrix
and b phase. This can be confirmed by DSC experimental
measurements. Figure 4 is the DSC heating curves of five
as-cast alloys measured with a heating rate of 10 K/min.
Those peaks appearing in the DSC measurement represent
different phase transformations. Peak A indicates the disso-
lution of Mg2Ca, peak B indicates the dissolution of b phase,
peak C indicates the formation of liquid, and the location C’
is the starting point of peak C transformation. It can be seen
that the phase transformation peaks B and C shift to the left
towards the lower temperature with increasing Ca addition.
No significant difference between alloys with different cast-
ing geometry was observed. The Scheil calculation and DSC
experimental measurement provide a guideline to determine
the appropriate solution heat treatment, such that the solution
heat treatment temperature has to be lower than C’ temper-
ature, in order to acquire a homogenous solid solution
without any transformation from the solid phases into liquid.

Solution Heat Treated Microstructure

Based on the above results, the appropriate solution heat
treatment temperature for each alloy was determined, which
is 560 °C for alloy without Ca addition, 520 °C for alloy
with 0.5 wt% Ca, and 510 °C for alloy with 1 wt% Ca.
Figure 5 shows the microstructure after the solution heat
treatment at the determined temperature for 24 h for each

Fig. 2 Primary intermetallic
phases in as-cast microstructures
of alloys with different Ca
additions. a alloy SC0; b alloy
SC0.5; c alloy SC1

Fig. 3 Scheil solidification prediction using commercial CALPHAD
software ThermoCalc

Table 2 Mole fraction of phases predicted by the Scheil solidification model for investigated Mg–Nd–Y–(Ca) alloys

Phases Mg–2 wt%Nd–4 wt%Y
(%)

Mg–2 wt%Nd–4 wt%Y–0.5 wt%Ca
(%)

Mg–2 wt%Nd–4 wt%Y–1 wt%Ca
(%)

Mg41R5 (Nd–be phase) 4.5 4.6 4.6

Mg24R5 (Y–be phase) 1.9 2.4 2.5

Mg2Ca-Laves – 0.7 1.6
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alloy. It should be noticed that the solution heat treatment
could not completely dissolve b phase in Ca-containing
alloys (Fig. 5b–e), even though the solution heat treatments
with higher temperature and multi-steps were investigated.
The amount of remaining b phase is higher in alloys SC1
(Fig. 5c) and LC1 (Fig. 5e), compared to alloys SC0.5
(Fig. 5b) and LC0.5 (Fig. 5d), respectively. The incipient
melting, instead of the elimination of b phase, occurred at
the higher temperature, for instance, 540 °C for alloy SC0.5,
as shown in Fig. 5f. Because of the remaining b phase in the
solution heat treated microstructure of Ca-containing alloys,
the Mg-matrix composition would be different from the
overall alloy composition which affects the precipitation

prediction since the precipitate phases form from the matrix.
The actual matrix composition (instead of the alloy com-
position) should be used to predict the precipitation behavior
in the future studies. Additionally, considering the undis-
solved large b phase in Ca-containing Mg–RE alloys, higher
amounts of Ca could be detrimental.

Figure 6 shows the microstructure and texture of the
extruded alloy LC0.5 after solution heat treatment at 520 °C
for 24 h. Compared to the as-extruded condition (Fig. 6a),
the amount of primary intermetallic phases (mainly b phase)
was reduced, although b phase was still not completely
dissolved, as expected (Fig. 6b). In addition, the grain
growth and texture were also observed at the solution heat
treated condition (Fig. 6b–d). A large grain size (*100 to
200 lm) was found in this alloy after heat treated at 520 °C
for 24 h, as shown in the EBSD map in Fig. 6c. The fiber
texture which was usually observed in extruded Mg alloys
was weakened in the currently studied Ca-containing Mg–
RE alloy. This is consistent with the previous studies that
indicated RE elements and Ca can promote the texture
weakening of Mg alloy [6, 7, 13, 14].

Aging Response and Precipitation

The aging curves for the extruded alloy LC0.5 at 200 and
250 °C are shown in Fig. 7. For 200 °C, the hardness
gradually increases until the peak aging appears at 96 h,
which is then followed by a gradual decrease. Compared to
the aging response of a ternary Mg–Nd–Y alloy (Mg–
1.64 wt%Nd–3.72 wt%Y) at 200 °C [15], the hardness
increases, and an earlier peak aging time is observed. This

Fig. 4 DSC heating curves of five as-cast Mg–Nd–Y–(Ca) alloys

Fig. 5 Microstructure after the
solution heat treatment for each
alloy. a alloy SC0 at 560 °C for
24 h; b alloy SC0.5 at 520 °C for
24 h; c alloy SC1 at 510 °C for
24 h; d alloy LC0.5 at 520 °C for
24 h; e alloy LC1 at 510 °C for
24 h; f alloy SC0.5 at 540 °C for
2 h
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could be partially attributed to the effect of 0.5 wt% Ca
addition. However, it is difficult to locate the peak aging
time at 250 °C for this currently investigated alloy, although
the average hardness reached the maximum after aging for
48 h at 250 °C.

Samples from different aging stages (0.5 h, 2 h, 8 h, and
96 h at 200 °C and 48 h at 250 °C) were picked to inves-
tigate the precipitation behavior. In order to figure out the
distribution of those solute elements (Nd, Y, and Ca),

especially with the question whether Ca would stay in the
Mg-matrix or it would segregate in the precipitates, APT
analysis was performed. With extended aging time at 200 °
C, the concentrated regions for Nd, Y, and Ca appear to be
more evident, indicating the precipitate evolution process
from GP zones to precipitate phases (b″′ and b′). The pre-
cipitation sequences in ternary Mg–Nd–Y alloy with the
similar composition as the 0Ca baseline alloy in this study
were systematically investigated in previous studies [15, 16].
Precipitate phases form in the order of GP zones, b″′, b′, and
b1 with aging. Figure 8 demonstrates the APT reconstruc-
tion results with the distribution of elements Nd, Y, and Ca
in extruded alloy LC0.5 at peak aging condition (200 °
C/96 h). b″′ and b′ phases are expected to form at this
condition, according to the previous studies [15, 16]. As
shown in Fig. 8b, c, regions concentrated by Nd and Y could
be easily identified as the precipitation phase. It is interesting
to note that Ca appears to combine with Nd and Y in the
precipitates (Fig. 8d). APT analysis on the sample aged at
250 °C/48 h also showed that Ca appears to combine with
Nd and Y in the precipitates, which are expected to be b1
phase. This finding supports our initial hypothesis that Ca
has a potential positive effect to promote the formation of
b-family precipitates in Mg–RE alloys, which makes the
thought of using Ca to increase the precipitation strength-
ening and replace a part of RE elements promising. In order
to quantitatively characterize the segregation degree of Ca in
different precipitate phases, additional TEM and APT
investigations are ongoing.

Conclusions

This study characterized the microstructures of investigated
Mg–RE alloys with various Ca additions at different pro-
cessing conditions through the experimental examinations
and thermodynamic calculations. It has been demonstrated
that Ca addition increases the amount of primary b phase
that forms in the as-cast microstructure and also changes the
b phase morphology. Guided by DSC measurements and
CALPHAD (ThermoCalc) calculations, the appropriate
solution heat treatment temperature was determined for each
studied alloy. By avoiding incipient melting, the solution
heat treatment for Ca-containing Mg–RE alloys would not
completely dissolve the primary b phase, and the amount of
remaining b phase is higher in alloys with high level of Ca
addition. The aging response of the quaternary Mg–Nd–Y–
Ca alloy shows an acceleration of peak aging at 200 °C,
compared to the Mg–Nd–Y ternary alloy. APT characteri-
zation showed the Ca segregation in the strengthening pre-
cipitates, indicating the positive effect of Ca to promote the
precipitation in Mg–RE alloys and thus increase the pre-
cipitation strengthening. The results from this study lay the

Fig. 6 Microstructure and texture of extruded alloy LC0.5 at
as-extruded condition (a) and after solution heat treatment at 520 °C
for 24 h (b, c, d). The inverse pole figure in (d) is viewed from
extrusion axis

Fig. 7 Aging response curves of extruded alloy LC0.5 at 200 and
250 °C

Microstructure Evolution and Precipitation … 29



groundwork for the strength prediction in a quaternary
Mg-alloy system using a multi-scale optimization framework
which is currently under development within the PRISMS
Center at University of Michigan.
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A Die-Cast Magnesium Alloy for Applications
at Elevated Temperatures

Xixi Dong, Eric A. Nyberg, and Shouxun Ji

Abstract
The application of magnesium alloys in internal combus-
tion engines has advantages of lightweight, better damp-
ing and noise reduction and less vibration during
operation. However, the applications of magnesium
pistons in internal combustion engines are still difficult
due to the demanding work environment and the rigorous
requirements of the increased mechanical performance,
thermal conductivity, and corrosion resistance at elevated
temperatures. The development of high temperature
die-cast magnesium alloys for piston applications is
therefore challenging, as the high temperature mechanical
performance, the die casting capability, and the thermal
conductivity usually conflict with each other. Here we
report a die-cast magnesium alloy for the piston applica-
tions at elevated temperatures, and the alloy development
and the piston manufacturing process are introduced.

Keywords
Magnesium alloy � High pressure die casting � High
temperature application

Introduction

Magnesium alloys have a great potential for structural
applications in industries due to their significant weight
savings, thus improving fuel economy and lessening envi-
ronmental impact. The most significant magnesium appli-
cations are in castings, such as instrument panel, transfer
cases, valve covers, various housings and brackets, and

steering components in automobiles [1]. High pressure die
casting is a high efficiency process for the massive casting of
the magnesium alloys [2]. Commercial die-cast magnesium
alloys of AZ91, AM50, and AM60 are widely used in
industry, and these alloys offer excellent combination of
cast-ability, corrosion resistance and room temperature me-
chanical properties [3, 4]. However, it is hard for these
widely applied die-cast magnesium alloys to use at elevated
temperatures.

The limitation of the industrially widely used die-cast
AZ91, AM50 and AM60 magnesium alloys in high tem-
perature applications is due to the poor creep resistance of
these Mg–Al based alloys at the elevated temperatures, as
the low melting point b–Mg17Al12 phase is not stable when
the temperature increases to the level of *175 °C [5].
Improvements of creep resistance at elevated temperatures
have been made by the introduction of alloying elements
such as Si, Ca, Sr, and rare earth (RE) elements to the
magnesium alloys [6–9], and RE elements is well accepted
helpful for the improvement of mechanical performance at
elevated temperatures [10, 11]. There have been a number of
successful Mg–RE based alloys developed for semi-solid
processing [12], sand-casting and permanent-mould casting,
including WE54/43 [13] and AM-SC1 [14], but it has
proven very challenging to make these alloys cast-able in
high pressure die casting, as high pressure die casting is
demanding for the low solid-liquid solidification temperature
range, hot-tearing resistance, die soldering resistance, and
excellent fluidity of the alloy, while the heavy addition of the
RE in these Mg–RE based alloys deteriorate the features that
required for high pressure die casting.

For die-cast magnesium alloys focusing on applications at
elevated temperatures, in the earlier time, modifications and
improvements have been focused on the Mg–Al based alloy
system by the addition of the alkaline earth and RE elements
[6–11]. Nissan patent [15] on a Mg–Al–Ca–RE alloy and
later a Honda alloy ACM522 (Mg–5Al–2Ca–2RE) [16].
Two separate alloy systems with combined additions of Sr
and Ca but no rare-earths have been developed by Noranda
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[17] and General Motors [18]. The Noranda alloy is a Mg–
Al–Sr–Ca alloy with small amounts of Sr and Ca (AJX
Alloy). The GM version is a Mg–Al–Ca–Sr alloy with
substantial Ca and a small amount of Sr (AXJ Alloy) [19].
A major development was the AE42 alloy including 4 wt%
Al and 2 wt%RE, and the addition of the RE can suppress
the formation of the b–Mg17Al12 through the priority for-
mation of the more thermal stable Al–RE containing inter-
metallics [20]. The AE42 alloy was further improved to the
AE44 alloy with the increased addition of the RE of up to
4 wt% [5, 21]. Recently, a new Mg–RE based high tem-
perature die-cast magnesium alloy HP2

+ has been developed,
which demonstrates better mechanical performance espe-
cially creep resistance at elevated temperatures than the
previous reported high temperature die-cast magnesium
alloys [22]. The HP2

+ alloy includes (in wt%) 2.0–2.8La/Ce,
1.0Nd, 0.3Mn, up to 0.5Zn, less than 0.2Al and minor
addition of Y or Be, and RE elements La/Ce acts as the cast
base in the alloy rather than Al.

The application of magnesium alloys in internal com-
bustion engines has advantages of lightweight, better
damping and noise reduction and less vibration during
operation. However, the applications of magnesium pistons
in internal combustion engines are still difficult due to the
demanding work environment and the rigorous requirements
of the increased mechanical performance, thermal conduc-
tivity and corrosion resistance at the elevated temperature of
at least 250 °C. The AE44 and HP2

+ alloys might be the two
promising high temperature die-cast magnesium alloys for
applications at the elevated temperatures of *200–250 °C,
and it is hard for these alloys to be pistons alloys working at
the elevated temperatures of at least 250 °C in engines. The
development of high temperature die-cast magnesium alloys
for piston applications is necessary but challenging [23], as
the high temperature mechanical performance, the die
cast-ability and the thermal conductivity usually conflict
with each other.

In this work, the Mg–RE based Mg2.0La1.0Ce alloy was
focused, and the effects of the RE element Y on the
die-cast-ability and high temperature mechanical perfor-
mance of the alloy were investigated. The optimized alloy
with appropriate Y content was selected for the high pressure
die casting trial of the magnesium piston.

Experimental

Material Preparation

The designed die-cast magnesium alloys, with the actual
compositions (in wt%) of Mg2.0La1.0Ce0.3Mn0.3ZnxY
(x = 0.5, 1.0, 2.0), were melted in the steel crucible using the

electric resistance furnace. The covering gas of N2 and SF6
with a volume ratio of 240:1 was used for the protection of
the melts. The commercial purity ingot of pure Mg was first
melted in the crucible, then the pure ingot of Zn and the
master alloys of Al–30 wt% La, Al–30 wt% Ce, and Al–
5 wt% Mn were added into the molten Mg to make the
desired composition. During melting, the temperature of the
furnace was controlled at 710 °C, and the melts were stirred
at least three times for homogenisation. Afterwards, the
melts were held for 30 min, and then the melts were ready
for high pressure die casting.

High Pressure Die Casting

The high pressure die casting was conducted on a 4500 kN
cold chamber high pressure die casting machine. Two kinds
of dies were applied for the high pressure die casting. The
die shown in Fig. 1a was used for the high pressure die
casting of the ASTM B557 standard round tensile test bars
with the gauge dimension of /6.35 mm � 50 mm, for the
tests of the room temperature and high temperature tensile
properties of the developed die-cast magnesium alloys. The
die shown in Fig. 1b was applied for the high pressure die
casting of the magnesium piston using the developed
die-cast magnesium alloy. The casting dies were heated by
the circulation of the mineral oil, and the shot sleeve was
heated by the circulation of the compressed hot water. The
prepared magnesium alloy melts were loaded into the shot
sleeve for high pressure die casting, and the pouring tem-
perature of the melts was controlled at 690 °C by the K–type
thermocouple.

Tensile Tests at Room and Elevated
Temperatures

The tensile tests of the die-cast ASTM B557 standard round
tensile test bars were performed on an Instron 5500
Universal Electromechanical Testing Systems equipped with
Bluehill software and a 50 kN load cell, at room temperature
and the elevated temperature of 250 °C. Room temperature
tensile test was conducted according to ASTM E8/E8 M
[24]. During room temperature tensile test, the extensometer
with a gauge length of 50 mm was applied for the moni-
toring of the strain, and the ramp rate for extension was set
as 1 mm/min. High temperature tensile test was carried out
according to the ASTM E21 [25] in which specimens were
exposed to 250 °C for at least 40 min in an electrically
heated air-circulating chamber before performing the tensile
test. During high temperature tensile test, the straining rate
for extension was set as 0.0002/s.
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Results and Discussion

Die-Cast-Ability

Figure 2a, b, and c present the ASTM B557 standard cast-
ings made under high pressure die casting using the 0.5 wt%
Y, 1.0 wt% Y, and 2.0 wt% Y die-cast magnesium alloys,
respectively. Complete castings were obtained under the
conditions of the 0.5 wt% Y and 1.0 wt% Y die-cast mag-
nesium alloys, as shown in Fig. 2a and b, also no hot-tearing
was observed in the castings, indicating the good die-cast
capability of the 0.5 wt% Y and 1.0 wt% Y die-cast mag-
nesium alloys. Incomplete casting was obtained under the
condition of the 2.0 wt% Y die-cast magnesium alloy, as
shown in Fig. 2c, indicating that the die-cast capability of
the 2.0 wt% Y die-cast magnesium alloy was not good.
Therefore, the die-cast capability of the designed die-cast
magnesium alloy is acceptable within the Y content of
1.0 wt%, and the designed die-cast magnesium alloy became
hard for die casting with the increase of the Y content of up
to 2.0 wt%.

Tensile Properties at Elevated Temperatures

Figure 3 presents the tensile properties of the die-cast
magnesium alloys at the elevated temperature of 250 °C,
basing on the ASTM B557 standard round tensile test bars
with the gauge dimension of /6.35 mm � 50 mm that were
cast under cold chamber high pressure die casting. Figure 3a
shows the typical tensile stress-strain curves of the die-cast
magnesium alloys in as-cast state with different Y contents.
With the increase of the Y content, the strength of the
die-cast magnesium alloys at 250 °C increased, while the
ductility of the die-cast magnesium alloys at 250 °C first
increased and then decreased. Figure 3b presents the average
tensile properties of the as-cast die-cast magnesium alloys at
250 °C with different Y contents. The yield strength, UTS,
and elongation of the 0.5 wt% Y die-cast magnesium alloy
at 250 °C were 105 ± 2 MPa, 119 ± 2 MPa, and
10.7 ± 0.9%, respectively. The 1.0 wt% Y die-cast mag-
nesium alloy provided the yield strength of 121 ± 3 MPa
and UTS of 134 ± 3 MPa in conjunction with the ductility
of 12.3 ± 1.0% at 250 °C, while the 2.0 wt% Y die-cast
magnesium alloy delivered the yield strength of

Fig. 1 a Die-set for the high pressure die casting of the ASTM B557 standard round magnesium tensile test bars, b die-set for the high pressure
die casting of the magnesium piston
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136 ± 3 MPa and UTS of 155 ± 3 MPa in association with
the ductility of 8.6 ± 0.7% at 250 °C. It should be men-
tioned that the mechanical properties of the high pressure die
castings depend on the wall thickness of the castings, and the
mechanical properties of the die castings usually decrease
with the increase of wall thickness. For high pressure die
castings, the wall thickness ranges generally between 2 and
7 mm. Here the wall thickness of the ASTM B557 standard
round tensile test bars was in the high level of 6.35 mm,
which was significantly higher than the 2–3 mm wall
thickness applied in some reports, and the difference of the
wall thickness should be considered when compare the
mechanical properties between different reports.

Die-Cast Magnesium Piston

According to Sect. “Die-Cast-Ability”, the 1.0 wt% Y
die-cast magnesium alloy has good die-cast capability, while
the die-cast capability of the 2.0 wt% Y die-cast magnesium

alloy was insufficient. According to Sect. “Tensile Properties
at Elevated Temperatures”, the high temperature strength of
the investigated die-cast magnesium alloys increases with
increasing content of Y, and the 1.0 wt% Y die-cast mag-
nesium alloy has good strength and ductility at the elevated
temperature of 250 °C. Therefore, the 1.0 wt% Y die-cast
magnesium alloy was chosen for the high pressure die
casting trial of the magnesium piston using the piston die
shown in Fig. 1b. Figure 4 shows the magnesium piston
made under high pressure die casting using the 1.0 wt% Y
die-cast magnesium alloy. Complete casting of the magne-
sium piston was well obtained, as shown in Fig. 4a. Fig-
ure 4b presents the top view showing the inner side of the
cast piston, and the piston had good surface quality. Also no
hot-tearing was found in the die-cast piston. Thus, the
designed 1.0 wt% Y die-cast magnesium alloy demonstrated
good die-cast capability for the manufacturing of the mag-
nesium piston through the high efficiency high pressure die
casting process.

Fig. 2 ASTM B557 standard
castings made under high
pressure die casting. a 0.5 wt% Y
magnesium alloy, b 1.0 wt% Y
magnesium alloy, c 2.0 wt% Y
magnesium alloy

Fig. 3 Tensile properties of the
die-cast magnesium alloys at the
elevated temperature of 250 °C.
a Typical tensile stress-strain
curves, b average tensile
properties
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Conclusions

(1) The addition of the rare earth element Y decreases the
die-cast capability of the Mg2.0La1.0Ce0.3Mn0.3ZnxY
(in wt%) alloy, and the die-cast capability of the alloy is
good within the addition of 1 wt% Y, while the die-cast
capability of the alloy is not acceptable with the addi-
tion of the Y of up to 2 wt% Y.

(2) The high temperature strength of the Mg2.0La1.0-
Ce0.3Mn0.3ZnxY alloy increases with the increase of
Y content. The yield strength, UTS, and elongation of
the 0.5 wt% Y alloy at 250 °C are 105 ± 2 MPa,
119 ± 2 MPa, and 10.7 ± 0.9%, respectively. The
1.0 wt% Y alloy provides the yield strength of
121 ± 3 MPa and UTS of 134 ± 3 MPa in association
with the ductility of 12.3 ± 1.0%, while the 2.0 wt% Y
alloy delivers the yield strength of 136 ± 3 MPa and
UTS of 155 ± 3 MPa in conjunction with the ductility
of 8.6 ± 0.7%, at 250 °C.

(3) The Mg2.0La1.0Ce0.3Mn0.3Zn1.0Y die-cast magne-
sium alloy demonstrates good die-cast capability for the
manufacturing of the magnesium piston through the
high efficiency high pressure die casting process.
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Effect of Gd and Nd Additions
on the Thermo-Mechanical Response
of a MgMn Alloy

D. Tolnai, S. Gavras, P. Barriobero-Vila, A. Stark, and N. Schell

Abstract
Alloying Mg with Mn improves the strength and
corrosion resistance. The addition of rare-earth elements
weakens the texture and improves the age hardening
response. Nd and Gd are ideal elements to investigate the
effect of low and high solid soluble rare-earth elements in
Mg on the thermo-mechanical behavior of MgMn alloy.
For this purpose, a Mg alloy with 1 wt% Mn and 1 wt%
Nd was produced and then modified with the addition of
1 wt% Gd. In situ high-energy synchrotron X-ray
diffraction was performed during compression to analyse
the deformation behavior of the material. The compres-
sion experiments have been performed at room temper-
ature and 350 °C up to a deformation of 0.3 with a
deformation rate of 10−3 s−1. The compressed samples
were subsequently subjected to electron-backscattered
diffraction to investigate the post-mortem microstructure.

Keywords
Insitu�Deformation�MEalloys�Mg–Mn–Nd–Gd�
Synchrotron radiation � Diffraction

Introduction

The growing concern about environmentally friendly solu-
tions calls for lightweight design in the transportation
industries [1]. The use of Mg as a material with high specific

strength and stiffness is an ideal solution to substitute heavier
parts [2]. Although Mg alloys have moderate strength and
poor corrosion resistance and ambient temperature forma-
bility [3], a large body of work has been conducted to
overcome these issues and to enable the wide use of Mg
alloys. One relatively new application is the production of
medical implants out of Mg alloys, where controlled corro-
sion is a necessity [4].

Alloying additions of Mn improve the formability and the
corrosion resistance of Mg [2]. To further improve the
workability by decreasing the texture, rare-earth elements
(RE) can be added. The Mg–Mn–RE alloy system is there-
fore a topic of several investigations striving to design an
alloy for wrought applications [5]. Neodymium, due to its
low solid solubility in Mg (3.6 wt% at 549 °C [6]), is an
ideal element, since relatively low concentrations are nec-
essary to introduce secondary phase particles to further
improve strength at elevated temperatures [7, 8]. The addi-
tion of Gd with a high solid solubility in Mg gives room to
tailor the mechanical property profile in a broad range.
Both RE elements are considered bio-compatible and
therefore are prospective elements for bio-absorbable
implants [9].

The high flux at the large-scale sources makes syn-
chrotron radiation- and neutron-diffraction unique methods
to observe dynamic microstructural changes in situ [10]. The
transmission geometry of these measurements enables the
investigations in the bulk undergoing thermo-mechanical
loads. The diffraction patterns and their evolution allow to
characterize the changes [11] in the grain structure, e.g.
texture evolution, strain build-up, twinning, recrystallization,
and recovery [12, 13]. The beam cross section at synchrotron
sources can examine samples with a geometry of limited
size; however, the time resolution is superior to that
achieved by neutron diffraction. The aim of this study is to
investigate the effect of 1 wt% Gd addition in Mg1Mn1Nd
on the behaviour under thermo-mechanical compression
load using in situ high-energy synchrotron X-ray diffraction.
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Materials and Methods

Permanent-mould indirect-chill casting was used to prepare
the alloys, described in [14]. First, pure Mg was melted in an
electric resistance furnace under protective atmosphere of
2 vol% SF6 and Ar. The alloying elements were added as
pure materials. After mixing, the melt was held at 720 °C for
10 min and then was poured into a steel mould preheated to
660 °C. After 5 min of isothermal holding, the mould was
quenched into water at a rate of 10 mm s−1 until the top of
the melt was in line with the cooling water level. Two alloys
were cast with the compositions of Mg1Mn1Nd and
Mg1Mn1Nd1Gd, respectively. The composition of the
ingots was measured with spark optical emission spec-
troscopy and X-ray fluorescence spectroscopy.

For scanning electron microscopy (SEM), the alloys were
grounded and polished using standard metallographic tech-
niques. The final stage of polishing used a combination of
oxide polishing suspension (OPS) water-free solution and
0.25-µm-diamond suspension solution. The microstructure of
the alloys was investigated using a TESCAN Vega II SEM in
backscattered electron mode. Amore detailed investigation of
the intermetallics was conducted using a Philips CM200
transmission electron microscope (TEM) equipped with an
Oxford EDS detector. The TEM samples were cut using a
slow-speed saw and then cut into 3-mm-diameter discs. The
discs were then grounded to a thickness of approximately
100 µm. The samples were then electropolished using a 1.5%
perchloric acid in ethanol solution at −45 °C.

For the in situ compression experiments, cylindrical
specimens were machined from cast ingots with a diameter
of 5 mm and length of 10 mm. The in situ synchrotron
radiation diffraction was performed at the P07 beamline of
PETRA III, DESY (Deutsches Elektronen-Synchrotron).
A monochromatic beam with the energy of 100 keV
(k = 0.0124 nm) and with a cross section of 1 � 1 mm2 was
used. Diffraction patterns were recorded with a PerkinElmer
1621 flat-panel detector with a pixel size of (200 lm)2 which
was placed at a sample-to-detector distance of 1820 mm
from the specimen (calibrated with a LaB6 standard powder
sample). The acquisition time for each image was 0.1 s. The
specimens were placed in the chamber of a dilatometer DIL
805A/D (TA Instruments), combined with a modified heat-
ing induction coil in order for the beam to pass only through
the sample [15]. The specimens were compressed at room
temperature and at 350 °C. For the tests, the specimens were

heated to the test temperature at a rate of 30 Ks−1 and held
for 3 min before the compression started to ensure temper-
ature homogeneity. The specimens were compressed with an
initial strain rate of 10−3 s−1. The tests were terminated at a
strain of 0.3 or at fracture. The Debye–Scherrer rings were
analysed using the Fit2D® software and converted into
azimuthal-angle time (AT) plots by using the ImageJ®

software package.

Results and Discussion

The studied alloy compositions measured with spark optical
emission spectroscopy and X-ray fluorescence spectroscopy
(lXRF) are listed in Table 1.

The alloy compositions are close to the intended, with an
acceptable difference for such a small batch of castings. The
as-cast microstructure of the alloys is shown in Fig. 1.

The Mg1Mn1Nd alloy has a larger grain size than the
alloy modified with the Gd. This unmodified alloy consists
of Mg grains and precipitates within these grains. The EDX
measurements suggest that the precipitates contain only Mg
and Nd. Based on that information, they are most likely to be
Mg3Nd or Mg12Nd secondary phases. The Mn content
seems to be completely in solution. In the case of the
Gd-containing alloy, the grain size is smaller, and with
exception to some precipitates, some intermetallic particles
also can be seen. Based on EDX mapping, the precipitates
contain Mg, RE, and Mn, while the structured intermetallic
particles in the segregated areas are lowly concentrated in
Mn. In order to have more detailed information about the
secondary phase particles, TEM investigations were per-
formed. The TEM results are presented in Fig. 2.

The results of the TEM EDS analysis are shown in
Table 2. The results suggest that the precipitates on the
prismatic plane in Fig. 2a �1 and �2 indeed do not contain
Mn. Their stochiometric ratio is close to that of Mg12Nd
(�1) and M3Nd (�2), respectively. The precipitates in the
�3 region show some Mn content, but it is very low. It can
originate from the surrounding matrix. In the Gd-containing
alloy Fig. 2 b–d, the secondary phases (intermetallics and
precipitates on the prismatic plane) all contain Nd and Gd as
well, but no or very little amount of Mn. Contradictory to the
SEM results, the TEM suggests a ternary intermetallic phase.

The results of the in situ compression test are shown in
Fig. 3.

Table 1 Chemical composition
of the alloys

Alloy Mn (wt%) Nd (wt%) Gd (wt%) (lXRF)

Mg1Mn1Nd 0.9 1.34 –

Mg1Mn1Nd1Gd 0.95 1.09 0.79
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Fig. 1 Secondary electron images of a–b Mg1Mn1Nd and c–d Mg1Mn1Nd1Gd with EDX point measurements presented in 1b

Fig. 2 TEM bright-field images
of the secondary phases in
a Mg1Mn1Nd and
b–d Mg1Mn1Nd1Gd
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At room temperature, the addition of 1 wt% of Gd
increased the yield strength and the ultimate compression
strength (UCS) of the base alloy. The UCS shows an
increase of 8% from 157 to 170 MPa. At the same time, the
ductility shows a decrease possibly due to the presence of
the rigid intermetallic phases and the smaller grain size. At
350 °C, the effect of Gd is not pronounced. The ductility

shows a marginal decrease as well, and the yield strength is
also increased. However, the UCS is only increased by less
than 3% from 83 to 86 MPa. At both temperatures, the base
alloy shows inflection points which are affiliated with
twinning activity. This is not so remarkable in the case of the
modified alloy; however, on the RT curve, an inflection
point is visible. The azimuthal angle–time plots derived from
the Debye–Scherrer patterns obtained during compression
with the in situ synchrotron radiation diffraction are shown
in Fig. 4.

The diffraction results show more spotty patterns for the
initial condition of the unmodified alloy associated with a
larger grain size compared to the one with the Gd addition.
Only a few crystalline regions (coherent domains) fulfil the
Bragg equation. Twinning activity can be observed during
room temperature compression of the unmodified alloy,
what that can also be inferred from the observed deformation
curves. The emerging timelines on the 1000 and the 0002
plots at the same azimuthal angle show the parent–twinned
region of the crystalline region and can be associated with
tensile twinning. This twinning mode causes a reorientation
of 86° which is very close to the difference between the two
investigated planes. The broadening of the lines at the end of
the deformation is signs of increasing dislocation density and
building up low-angle grain boundaries within the grain, and
thus, the formally uniform orientation broadens. The

Table 2 Results of the TEM EDX analysis

Figure 2a �1 Figure 2b �1 Figure 2c �1 Figure 2d �1

Element at.% Element at.% Element at.% Element at.%

O 6.73 C 6.12 O 2.48 O 1.95

Mg 83.03 O 10.1 Mg 11.31 Mg 77.5

Cu 3.16 Na 2.32 Al 2.08 Cu 7.25

Nd 6.71 Mg 11 Si 0.42 Nd 10.76

Figure 2a �2 Cu 15.62 Ni 0.77 Gd 2.54

Element at.% Nd 39.15 Cu 27.2 Figure 2d �2

C 3.82 Gd 15.69 Nd 55.74 Element at.%

O 17.39 Figure 2c �2 O 7.5

Mg 47.37 Element at.% Mg 88.7

Cu 7.49 C 17.28 Cu 1.73

Nd 22.58 O 50.82 Nd 1.68

Figure 2a �3 Mg 24.64 Gd 0.40

Element at.% Si 1.91

C 6.13 Mn 0.77

O 48.39 Fe 1.59

Mg 38.68 Cu 1.46

Mn 1.00 Zn 0.11

Cu 1.65 Nd 0.45

Nd 4.15 Gd 0.98

Fig. 3 True stress–true strain curves obtained from the in situ
compression testing of the samples
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twinning is not so pronounced at 350 °C, but the broadening
of the timelines also suggests the formation of sub-grains. In
the case of the modified alloy with the Gd addition, twinning
can be also seen, but there is no strong sub-grain formation
in the microstructure. At 350 °C apart from the twinning and
the broadening effects, grain rotation associated with the
deviation of reflections from the horizontal can be observed.
As the deformation proceeds, grain rotation and sub-grain
formation can be seen. The results of the post-mortem EBSD
analysis are shown in Fig. 5.

The post-mortem EBSD analysis of the unmodified
RT-deformed alloy (Fig. 5a) reflects a very large grain size
of the deformed sample. Some twinning can be perceived,
but in general, the results are not for quantitative analysis.
The misorientation angle distribution is shown in Fig. 6.

In the case of the 350 °C (Fig. 5b) deformed sample,
twins can be seen clearly and demonstrate the occurence of
sub-grain formation in the twinned volume. The misorien-
tation angle distribution is homogeneous with a small peak
at 86° which can be attributed to the twinning. For the

Fig. 4 Azimuthal angle–time plots derived from the Debye–Scherrer patterns obtained during compression with in situ synchrotron radiation
diffraction

Fig. 5 Post-mortem EBSD maps of a Mg1Mn1Nd deformed at RT, b Mg1Mn1Nd deformed at 350 °C, c Mg1Mn1Nd1Gd deformed at RT, and
d Mg1Mn1Nd1Gd deformed at 350 °C
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Gd-containing alloy, the grain size allows a more detailed
analysis. In the case of the RT-deformed sample (Fig. 5c),
twinning can be observed, correlating with the diffraction
results. The misorientation angle distribution has a large
peak at 86° which shows that the crystalline regions undergo
twinning. The 350 °C deformed sample (Fig. 5d) shows
signs of recrystallization at the grain boundaries as the
sub-grain structure forms. The misorientation angle distri-
bution lacks the typical peak associated with twinning,
suggesting that dynamic recrystallization is the main defor-
mation mechanism in this case.

Conclusions

From the analysis of the experimental results, the following
conclusions can be drawn:

• The precipitates and intermetallic particles are composed
of Mg and RE elements, and the Mn content is in solid
solution in the matrix.

• The addition of 1 wt% Gd to Mg1Mn1Nd increases the
strength of the materials in compression at room tem-
perature and marginally at 350 °C. The ductility is
decreased in both cases.

• There is strong twinning activity in the unmodified alloy
during compression, which is complemented by the
build-up of low-angle grain boundaries at the latter stage
of deformation.

• In the case of the Gd-modified alloy at RT compression,
twinning is the main deformation mechanism, while at
350 °C, signs of grain rotation and sub-grain formation
could be observed.
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Development of Ultra Lightweight,
Corrosion Resistant Mg Alloys

T. W. Cain and J. P. Labukas

Abstract
The corrosion behavior of BCC Mg–11Li–xGe (x = 0,
0.3, 0.5 wt%) alloys was evaluated in quiescent 3.5 wt%
NaCl(aq) via potentiodynamic polarization, in situ optical
imaging, and hydrogen volume capture in comparison
with commercial Mg alloy AZ31B-H24. It is shown that
Mg–11Li and Mg–11Li–0.3 Ge alloys possessed a lower
corrosion rate after 24 h immersion at open circuit
potential with respect to AZ31B-H24. Mg–11Li–0.3Ge
alloy possessed the lowest corrosion rate due to simul-
taneous reduction of cathodic kinetics and an improved
pseudo passive film. Increasing the Ge concentration to
0.5 wt% was found to be detrimental to cathodic kinetics
and passive film stability due to micro-galvanic coupling.

Keywords
Magnesium � Lithium � Alloy � Corrosion �
Passivity � Germanium

Introduction

Magnesium and its alloys possess a nominally hexagonal
close packed (HCP) structure whose deformation twin for-
mation, strong basal texture, and limited number of available
slip modes provide limited deformation capability within the
context of wrought products [1, 2]. Furthermore, the corro-
sion resistance of Mg alloys is well known to be the worst
among structural materials owing to their high reactivity and
lack of a sufficient naturally forming passive film in aqueous
environments [3]. Although the corrosion resistance of
magnesium alloys has improved tremendously in recent
years, further reduction in corrosion rate of Mg alloys is

crucial for materials applications where a high strength-to-
weight ratio is necessary.

Magnesium corrosion proceeds by the following anodic
(1) and cathodic (2) electrochemical reactions:

Mg ! Mg2þ þ 2e� ð1Þ

2H2O þ 2e� ! H2 þ 2OH�: ð2Þ
Several alloying elements have been shown to alter the

corrosion rate by increasing or decreasing the anodic reaction
kinetics, cathodic reaction kinetics, or both [4–6]. The most
promising elements for the reduction of the cathodic corrosion
kinetics have come from groups 13–15 of the periodic table
[5–15]. Elements from these groups of so-called cathodic
poisons such as As, Ge, and Sn slow the hydrogen evolution
reaction (HER) by inhibiting hydrogen recombination on the
alloy surface. Introduction of these elements as a means of
reducing corrosion rate has been shown to be effective as Mg
corrosion is controlled by HER [16]. Another approach to
reduce the overall corrosion rate ofMg alloys is by passivating
the surface with a dense oxide layer that slows or stops dif-
fusion of water to the metal-oxide interface. Although the
native oxide on Mg, MgO/Mg(OH)2, does not provide pro-
tection from corrosion, recent work has shown that MgCO3

can offer some protection [17, 18]. In recent research, the
addition of Li toMg alloys at concentrations greater than 30 at.
% (�10.3 wt%) Li has been shown to form a strong
pseudo-passive layered film on the surface comprising a
mixture of magnesium oxide, hydroxide, and carbonate as
well as lithium oxide and carbonate [18–20]. The establish-
ment of such a film due to Li has decreased the corrosion
resistance of Mg by more than an order of magnitude, and Li
also provides the added benefit of decreased alloy density
(<1.6 g/cm2) and a primary crystal structure that is body
centered cubic (BCC). The prospects of a BCC structure are
exciting in that it provides greater ductility by the increase
number of slip systems when compared to HCP and thus
improved formability [18, 19].
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In the present work, the combined effect of alloying mag-
nesium with lithium and germanium is investigated. In situ
corrosion is observed and recorded to understand film growth
and breakdown. Potentiodynamic polarization is used to
characterize anodic and cathodic kinetics in 3.5 wt% NaCl
(aq). Scanning electron microscopy (SEM) and energy dis-
persive X-ray spectroscopy (EDS) are used to observe the
microstructure and map chemistry across the surface. X-ray
diffraction (XRD) was used to verify the crystal structure of
the alloys.

Materials and Methods

Materials Processing and Microstructural
Characterization

Mg–12Li–xGe (x = 0, 0.3, 0.5) were targeted in this investi-
gation whose actual compositions determined by direct cur-
rent plasma optical emission (DCPOES) are reported in
Table 1. The alloys were produced via induction melting of
99.9% pure lithium rod (Alfa Aesar), 99.99% pure Mg (US
Magnesium LLC), and 99.999% pure germanium (Alfa
Aesar). Approximately 150 g total charge of the intended
alloy was loaded into a boron nitride (BN) coated stainless
steel beaker in an Ar filled glovebox (<0.1 ppm O2, H2O) and
sealed in a quartz tube with a vacuum flange assembly. The
sealed quartz tube was transported outside the glovebox to the
induction furnace where gettered Ar (Oxy-Gon 120 gas pu-
rification furnace, <1 ppb O2) was circulated through the
quartz tube under a slight positive pressure to minimize oxi-
dation during melting. The melt was held between approxi-
mately 650–700 °C for 15 min, periodically stirred via high
current (1200 A) pulsing of the induction coil and allowed to
furnace cool. The furnace cooled Mg–Li–xGe alloys were
then homogenized at 380 °C for 18 h under argon, water
quenched, and hot rolled to a 50% reduction. Hot rolling was
performed by heating alloys at 400 °C for 15 min prior to
rolling and by holding at this temperature for 5 min in
between passes. Rollers were pre-heated to their maximum
temperature of 200 °C to minimize heat loss. The AZ31B
sheet used in this investigation was supplied by Magnesium
Elektron in the H24 condition.

X-ray diffraction of hot rolled specimens was measured
with a Panalytical X’Pert Pro X-ray diffractometer using Cu

ka radiation in a Bragg-Brentano h–2h geometry, a step size
of 0.01°, dwell time of 10 s per step, and a flat bracket
mount to determine the crystal structure. In addition, the
grain size, phase morphology, and phase area fraction were
analyzed using a combination of optical microscopy
(Dino-Lite AM7915MZTL) and scanning electron micro-
scopy (Phenom XL, and Hitachi S-4700). Samples for X-ray
analysis were ground to a 1200 grit finish using SiC papers
and ethanol as lubricant, while optical and SEM samples
were additionally prepared by polishing with an oil-based
polycrystalline 1 lm diamond suspension (Buehler). Sam-
ples for grain size analysis were etched using a mixture of
98% methanol, 2% concentrated nitric acid by volume,
while grain size measurement was performed using the lineal
intercept method in accordance with ASTM E 112. The area
fraction of Ge-rich phases was determined from the average
of five backscattered electron (BSE) images using the
Phenom XL with an area of 4.5 mm � 4.5 mm using Ima-
geJ software package. Energy dispersive X-ray spectroscopy
was performed at 15 kV. Additionally, the localized corro-
sion of Mg alloy surfaces was observed by in situ optical
microscopy using a Dino-Lite microscope over a 24 h
immersion period.

Electrochemical Testing

All electrochemical testing was performed in 250 mL of
unbuffered quiescent 3.5 wt% NaCl(aq) (pH � 5.6) using a
conventional three electrode cell with 1 cm2 exposed surface
area of Mg alloy as the working electrode, a platinum mesh
counter electrode, and a saturated calomel (SCE) reference
electrode using a Bio-Logic VSP-300 potentiostat. To assess
the passivity of each alloy, anodic potentiodynamic polar-
ization was performed after 1 h at the open circuit potential
(OCP) by scanning in the positive direction from OCPSCE to
+500 mV above OCP at a scan rate of 1 mV/s, while
cathodic potentiodynamic polarization was scanned from
OCP to −2.3 VSCE. Ohmic resistance was compensated at
85% of the measured value during polarization scans by
using a high frequency impedance measurement at 106 Hz
prior to each scan. The corrosion resistance of Mg alloys
were further evaluated by measuring the amount of hydro-
gen evolved after 24 h of immersion with an inverted funnel
attached to a burette, centered over the sample.

Table 1 Composition of
Mg–Li–xGe alloys used in this
study as determined by direct
current plasma emission
spectroscopy (Luvak Inc.)

wt% ppmw

Alloy Mg Li Ge Al Ca Fe Mn Na Ni

Mg–11Li Bal. 10.5 – 102 29 150 59 25 10

Mg–11Li–0.3Ge Bal. 10.8 0.27 55 12 57 57 16 67

Mg–11Li–0.5Ge Bal. 11 0.42 48 22 44 56 29 23
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Results

The representative microstructure of solidified, hot rolled alloys
can be elucidated by the powder XRD data and BSE EDS maps
shown in Figs. 1 and 2, respectively. The XRD patterns show
that the crystal structure is primarily b-BCC with some residual
a-HCP and some unidentified peaks. There were no peaks
indicative of the presence ofMg2Ge. However, EDSmapping in
Fig. 2 shows clearly that there is the presence of a Ge-rich
lamellar phase in the Mg–11Li–0.5Ge alloy. This type of

lamellar phase along the grain boundaries is uniformly present in
both Mg–11Li–0.3Ge and Mg–11Li–0.5Ge alloys. The lack of
Mg2Ge in XRD data is likely due to the large grain size
(Mg–11Li = 746 ± 56 lm, Mg–11Li–0.3Ge = 525 ± 9 lm,
Mg–11Li–0.5Ge = 503 ± 14 lm) in combination with low
area fraction of Ge-rich phase present (Mg–11Li–0.3Ge = 0.58
± 0.09%, Mg–11Li–0.5Ge = 1.10 ± 0.05%), Table 2. The
grain size of Mg–Li alloys is much greater than that of com-
mercial Mg alloys which is typically <50 lm.

The anodic and cathodic kinetic behavior of each alloy is
shown by the potentiodynamic polarization curves in Fig. 3.
This figure revealed that Mg–11Li–0.3Ge had the lowest
cathodic kinetics of all alloys. Indeed, the cathodic kinetics
are more than an order of magnitude less than that of AZ31B
which indicates roughly an order of magnitude decrease in
corrosion rate as the corrosion rate of Mg is controlled by
HER. Furthermore, Mg–11Li–0.3Ge was the only alloy that
had any type of pseudo passive behavior with a small pseudo
passive region from roughly −1.68 VSCE to −1.61 VSCE. At
potentials, more noble than −1.61 VSCE, the native surface
film breaks down and the anodic current increases rapidly.
In comparison to AZ31B, the cathodic kinetics of both
Mg–11Li and Mg–11Li–0.5Ge were roughly one order of
magnitude less, but the cathodic kinetics of Mg–11Li–0.5Ge
were faster than that of Mg–11Li.

Optical images after immersion in 3.5 wt% NaCl(aq) for
1 and 24 h are shown in Figs. 4 and 5, respectively. After
1 h immersion, AZ31B, Mg–11Li, and Mg–11Li–0.5Ge

Fig. 1 X-ray diffraction patterns for Mg–11 Li, Mg–11Li–0.3Ge, Mg–
11Li–0.5Ge alloys

Fig. 2 BSE image and EDS
maps of a Ge rich lamellar phase
region of Mg–11Li–0.5Ge

Development of Ultra Lightweight Corrosion Resistant Mg Alloys 45



have shown breakdown of the native surface film and the
appearance of filiform corrosion morphology that is char-
acteristic of Mg alloys in unbuffered chlorides [21–24].
AZ31B and Mg–11Li both experienced consistent surface
breakdown within 10 min of immersion, while Mg–11Li–
0.5Ge experienced breakdown after approximately
50 ± 8 min. However, there is no evidence of breakdown of
the surface film on Mg–11Li–0.3Ge, which is in agreement
with the pseudo passive window shown in Fig. 3. Break-
down of the surface film on Mg–11Li–0.3Ge was observed
only after approximately 94 ± 15 min of immersion at
which time filiform corrosion propagated on part of the
surface. The appearance of alloy surfaces after 24 h varied
greatly from one another. The surface of AZ31B displayed
two areas of filiform corrosion; one noted by thin gray
contrast and the second by a much darker contrast and
deeper filaments which has been more thoroughly charac-
terized by Melia et al. [23]. The Mg–11Li alloy, which
showed significant coverage of filiform corrosion after 1 h,
did not reveal any filiform corrosion after 24 h but rather an
almost uniform corrosion product layer on the entire surface.
The corrosion surface morphologies of Mg–11Li–0.3Ge and
Mg–11Li–0.5Ge were similar in nature in that part of the
exposed surface revealed a tarnish, while severe localized
corrosion attack was observed on other parts; the extent of
severe localized corrosion damage occupied a larger

Table 2 Average grain size
(ASTM E112) and area fraction
of the Ge-rich lamellar phase for
each alloy in this investigation

Alloy Grain size (lm) Area fraction Ge-rich phase in (%)

Mg–11Li 746 ± 56 –

Mg–11Li–0.3Ge 525 ± 9 0.58 ± 0.09

Mg–11Li–0.5Ge 503 ± 14 1.10 ± 0.05

± values are standard error of the mean

Fig. 3 Potentiodynamic polarization scans measured after 1 h immer-
sion in quiescent 3.5 wt% NaCl

Fig. 4 In situ optical images of the exposed alloy surface after 1 h
immersion in quiescent 3.5 wt% NaCl. The sample area was 1 cm2

Fig. 5 In situ optical images of the exposed alloy surface after 24 h
immersion in quiescent 3.5 wt% NaCl. The sample area was 1 cm2

46 T. W. Cain and J. P. Labukas



percentage of the surface on Mg–11Li–0.5Ge than Mg–
11Li–0.3Ge based upon visual inspection likely due to the
increased area fraction of Mg2Ge present.

The corrosion rate for each alloy as measured by
hydrogen capture after 24 h immersion in 3.5 wt% NaCl(aq)
is shown in Table 3. The corrosion rate followed the order
Mg–11Li–0.3Ge < Mg–11Li < AZ311B-H24 < Mg–11Li–
0.5Ge from the lowest to the highest corrosion rate.

Discussion

The results of this investigation show that Ge alloyed with
BCC Mg–Li can be effective at reducing the corrosion rate
by simultaneously decreasing HER and imparting pseudo
passivity on exposed surfaces. It has been theorized and
shown that Ge poisons hydrogen recombination on Mg alloy
surfaces as indicated by decreased cathodic kinetics [10, 11,
16, 25, 26]. Thus, the presence of Mg2Ge at grain bound-
aries, as the primary cathode on the Mg surface, can explain
the observed reduction in cathodic kinetics for Mg–11Li–
0.3Ge versus Mg–11Li. This is even more striking consid-
ering that the impurity level of Ni in Mg–11Li–0.3Ge is 10�
greater than the tolerance limit established by Hanawalt et al.
(5 ppmw), whereby the corrosion rate of Mg increases
rapidly with increasing Ni [27]. It is likely that the Ni
originated from the stainless steel crucible that alloys were
melted in; all other impurity levels were below their
respective tolerance threshold. Despite the benefit of Ge
observed for Mg–11Li–0.3Ge, there is an apparent limit
upon which Ge is beneficial as observed with the increased
cathodic kinetics and high corrosion rate observed with Mg–
11Li–0.5Ge in comparison with Mg–11Li and Mg–11Li–
0.3Ge. This limit to the protective nature of Ge is attributed
to the increased area fraction of the Ge-rich phase present on
the exposed alloy surface that may result in detrimental
micro-galvanic coupling. Increasing cathode area and
decreasing anode area result in increased couple current
density based on mixed potential theory for a galvanic
couple. Thus, the corrosion rate increases as the anode and
cathode are on the same surface. In addition, harmful
micro-galvanic coupling is likely exacerbated via anodically
induced cathodic activation in corrosion damaged areas [3,

22]. It is unclear from this investigation how the corrosion
behavior will differ with a change in the distribution of
Ge-rich phase on the surface (i.e. varying grain size). We
hypothesize that decreasing grain size and thus a finer dis-
tribution of Ge-rich phase for the same area fraction will
result in increased corrosion rate based on the increased
number density of cathodic sites on the surface which act as
corrosion initiation sites via micro-galvanic coupling. Based
on this hypothesis, beneficial addition of Ge to Mg–Li alloys
may lie below 0.3 wt%, but this will depend on complex
interactions with other alloying elements. Despite the
increase in pseudo passive behavior shown by Mg–11Li–
0.3Ge, there is still native film breakdown of the surface and
significant corrosion damage on the areas of the surface. To
this end, additional work is needed to improve the stability
of the native film and thick film formed during immersion
experiments in order to provide an improved passive layer.
Such alloying additions will are likely to include Al [4] and
Sn [8] which have been shown to improve the passive film
layer in Mg alloys and also rare earth elements to provide
precipitation hardenable alloys [2]. The design of such an
alloy will need to find a synergy between the age hardening
response and improved passive film formation. A further
consideration for the development of BCC Mg–Li alloys is
the minimum and maximum concentration of Li needed to
sustain improved corrosion resistance imparted by Li. While
Li alone helps decrease the corrosion rate as shown by this
investigation and by others [20], it is expected that alloying
at higher Li concentrations will lead to an unwanted increase
in reactivity.

Conclusions

• Ge and Li alloying additions to Mg work to synergisti-
cally decrease cathodic kinetics and increase passivity.

• Binary BCC Mg–11Li alloy and Mg–11Li–0.3Ge are
more corrosion resistant than the widely used commercial
Mg alloy AZ31B-H24. Ge when alloyed with BCC, Mg–
Li improves the corrosion rate at concentrations <0.5 wt
% compared to binary Mg–Li.

• A short lived partially protective film is formed on Mg–
Li–Ge alloy surfaces immersed in 3.5 wt% NaCl(aq).

Table 3 Volume of hydrogen
captured after 24 immersion in
quiescent 3.5 wt% NaCl(aq)

Alloy Hydrogen capture (mL/cm2)

Mg–11Li 0.19 ± 0.01

Mg–11Li–0.3Ge 0.16 ± 0.08

Mg–11Li–0.5Ge 2.33 ± 0.12

AZ31B-H24 0.53 ± 0.12
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Insights on Solidification of Mg and Mg–Al
Alloys by Large Scale Atomistic Simulations

Avik Mahata and Mohsen Asle Zaeem

Abstract
We investigate the evolution of solid-liquid interfaces in
Mg and Mg–9 at % Al during directional solidification by
molecular dynamics (MD) simulations. At the initial
stages of solidification, several solidification defects such
as twins, stacking faults, and grain boundaries form, and
at the final stages of solidification no new defects or grain
boundaries form. The directional solidification in Mg–Al
contains a considerable amount of heterogeneity due to
formation of several Mg17Al12 precipitates.

Keywords
Mg alloys � Directional solidification �
Molecular dynamics simulations

The evolution of solid–liquid interface in Mg and Mg–9 at.
% Al is analyzed during directional solidification by
molecular dynamics (MD) simulations utilizing the second
nearest neighbor modified embedded atom method
(2NN-MEAM) interatomic potential. The condition for
directional solidification is produced by imposing dissimilar
temperatures at the model boundaries along the solidification
direction to create a temperature gradient. During solidifi-
cation, the solid–liquid front travels through the Mg and
Mg–Al liquid along solidification direction towards the high
temperature end. At the initial stages of solidification, sev-
eral solidification defects such as twins, stacking faults, and
grain boundaries form. As directional solidification pro-
gresses, grains elongate along the solidification direction,
and at the final stages of solidification, no new defects or
grain boundaries form. The elongated grain boundaries form
a few layers with lamellar like structures along the

solidification direction. Unlike the single crystal, Mg, the
directional solidification in Mg–Al consists of considerable
amount of heterogeneity as there are several Mg17Al12 pre-
cipitate form.

The simulation box with size of 50 � 50 � 50 nm3

(125 � 125 � 125 unit cells, with *8 M atoms) was uti-
lized for the directional solidification of both Mg andMg–9%
Al. Figure 1a shows the initial dimensions for the simulation
box for Mg. The simulation box will be identical for all the
Mg–Al simulations. 2NN-MEAM interatomic potential for
Mg [1] was used, and a 2NN-MEAM interatomic potential for
Mg–Al system is developed that predicts the melting point
and solid–liquid coexistence properties of Mg–Al very
accurately. To prepare the homogenous Mg melt, the simu-
lation box of hcp crystalline Mg was equilibrated at 1500 K
for 150 ps with a time step of 3 fs. The similar procedure was
also applied to Mg–9%Al. However, the equilibrating tem-
perature was 2000 K. The crystalline structure almost
immediately becomes liquid at higher temperatures; however,
to get a homogenous liquid structure, it is equilibrated 150 ps.
Temperature and pressure were controlled by Nose–Hoover
thermostat and Parrinello–Rahman barostat [2], respectively.
Periodic boundary conditions were employed in all three
directions during the melt preparation. All the MD simula-
tions were performed in parallel LAMMPS [3] code.
The OVITO visualization package was used to monitor
the melting, solidification, and deformation processes [4].
Within OVITO, common neighbor analysis (CNA) was used
[5] to identify the local crystalline structure of atoms. We also
utilized orientation coloring to study the grain orientations.
CNA was used to identify the primary fcc crystal structures.
These fcc atoms are always aligned along the coordination
axes (i.e., x′, y′, z′), but these coordination axes are not always
aligned with the principle axes (i.e., x, y, z) of simulation box.
The orientation coloring shows orientation of the grains from
the principle axes, and for the coloring purposes, we only
considered the orientation from the principle axis Z. The
coloring scheme was applied in OVITO, and the details of the
implementation can be found in Larsen et al. work [6].
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Fig. 1 Simulation box at a initial melt with temperature of 1500 K. b The initial simulation set up for the directional solidification. The solid front
travel in the solidification direction, [100], towards the hotter region (850 K in this case)

Fig. 2 Snapshots of the directional solidification of liquid Mg. a 2D
and b 3D views of solidification font travelling through the simulation
box; atoms are colored by CNA coloring: green atoms are fcc, red

atoms are hcp, and the white atoms represent the liquid and amorphous
solids. c 3D views of grains forming during the solidification with
different orientations
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In rapid directional solidification process, serval fcc twins
form (red atoms in Fig. 2a, b) inside the hcp Mg grains
(green atoms in Fig. 2a, b), especially in the beginning of the
process when smaller grains are forming. At each sponta-
neous time, the solidified part of the Mg simulation box acts
as solid seeds for rest of the liquid. The solidification front
moves towards the liquid and gradually transforms it into
solid crystalline. The new solid formation happens in a much
slower pace than the initial solidification, and as a result,
there is not much defects or twins observed after initial
solidification stages. Three dimensional (3D) views are
shown in Fig. 2b, c. The grains generally elongate along the
temperature gradient. Figure 2c shows the grain boundaries
(GBs) and grain orientations. Initially, several randomly
orientated grains form; however, as the solidification font
travelled towards the liquid region, many of them dissolved
in the surviving grains. It can be also visualized from Fig. 2
that only few grains actually elongate.
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Two-Stage Settling Approach to Purify Mg
Alloy

Jiawei Liu, Tao Chen, Yuan Yuan, Jiajia Wu, Li Yang, Aitao Tang,
Dajian Li, and Fusheng Pan

Abstract
Poor corrosion resistance, especially galvanic corrosion
related to impurities, greatly limits the application of
magnesium alloys. In the current work, iron content
distribution in Mg melts and solidified alloys, as well as
settling velocity of Fe-containing particles during settling
process, was calculated. Based on the calculation, a new
purification process, two-stage settling method, was
designed to purify the Mg alloy by reducing content of
Fe impurities. The two-stage settling method was carried
out using AZ91 alloy as the sample material.

Keywords
Magnesium alloys � Impurity � Iron � Purification

Introduction

Magnesium alloys, as the lightest structure metallic materi-
als, have attracted a broad attention [1–4]. However, the
applications of Mg alloys in the automobile and aerospace
industries are limited by its poor anti-corrosion property [5–
7]. Many metallic elements have a very small solubility in
primary Mg phase and tend to precipitate in the form of Mg–
X compounds during solidification process. Because of Mg
has the lowest standard electrochemical potential in room

temperature range, the formed precipitates can often cause
severe galvanic corrosion as the impurity elements have
higher corrosion potential compared to that of primary Mg
phase and form micro-galvanic cells [7]. Especially, small
quantity of impurities of Fe, Ni, and Cu in magnesium alloy
will greatly deteriorate the corrosion resistance [5, 8–10].
Many literature works are devoted to decrease the quantity
of these impurities, especially iron, which is commonly
found in the commercial magnesium alloy [8, 9, 11–20].

The common synthesis process of Magnesium alloys can
introduce a large amount of Fe impurities from (1) melting
crucibles, which are usually made by iron alloys; (2) master
alloys, which usually contain iron impurities. Regardless
many approaches have been developed to get rid of Fe
impurities, the purification process of the magnesium alloy is
still insufficient. For example, the tolerance limit of iron in
AZ series magnesium alloy is only in ppm magnitude, which
is quite strict for the staring materials and the synthesis
method. Additionally, cost is one of the most key-point for
the industry field. The high production cost of Mg alloys
retards its replacement of aluminum products for industrial
applications. Hence, people continuously pursue high purity
magnesium alloys with low production costs [21].

The general purification method is to let the melt impu-
rities to form high-density precipitate and be settled to the
bottom during a settling process. Some elements, like Zr, can
enhance the formation of high-density compounds contain-
ing Fe impurities.

Generally, the solubility of element in another element
primary phase including liquid phase decreases with
descending temperature. However, the settling efficiency is
also related to the property of formed particles. In the current
work, after a thermodynamic calculation, we propose a new
low-cost method, namely two-stage isothermal process,
which can reduce the Fe content in Mg melts effectively.
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Experimental Methods

Determination of Iron Solubility in the AZ91 Melt

During cooling of Mg alloys, formation and growth of the
precipitates are thermodynamically driven by chemical
potential gradient, and meanwhile limited by the diffusion
process. Therefore, considering the settling process, the
solidification process of alloys was calculated using lever
mode in this work, where the whole system is considered to
be at thermodynamic equilibrium state. Pandat software
(PanMg2013) was applied for the current thermodynamic
calculation.

Calculation of Settling Velocity of Precipitates
with Density and Temperature Dependence

Efficiency of settling process can be qualitatively evaluated
using the terminal settling velocities of precipitations fol-
lowing Stokes law [Eq. (1)]

m ¼ 2gr2parðqpar�qmeltÞ
9cqmelt

ð1Þ

where g is the gravitational acceleration and r is the mean
radius of the settled particles; qpar denotes the density of the
particles and qmelt is the density of melt, 1.61 g/cm3; gmelt is
the viscosity of the current melt and c denotes the kinematic
viscosity.

Two-Stage Isothermal Treat of AZ91 Alloy

AZ91 alloys (Mg–9Al1Zn, wt%) were synthesized using
pure Mg, Al, Zn, and Mg–Mn master alloys according to the
defined composition. Starting materials of present alloys are
pure Mg (99.97 wt%, with 75 ppm Fe) blocks, aluminum
(99.95 wt%) sheets, zinc (99.8 wt%) pieces, and Mg–3Mn
(wt%) (Mg–2.684 wt% Mn measured by chemical analysis)
master alloy. All alloys were melted in a resistance furnace
under protection of mixed gas of 99.5 vol% CO2 and 0.5 vol
% SF6 in a steel crucible. The melt was first kept at a defined
temperature for two hours and then cooled with furnace to

room temperature. Bottom of the ingot was cut away and the
remaining ingot was re-melted in a new steel crucible and
kept at a second settling temperature for two hours and
quenched in cold water. The whole synthesis process is
shown in Fig. 1.

The samples getting from the ingots from different stages
were analyzed using inductively coupled plasma optical
emission spectrometry (ICP-OES, Optima 8000) analysis for
its composition analysis. The composition of the obtained
alloys is given in Table 1.

Results and Discussion

Two-Stage Settling Treatment in Synthesis
and Purification of AZ91 Alloy

The calculated solidification path of AZ91 alloy with com-
position 90.2 Mg–9Al0.7Zn0.1Fe (wt%) following the lever
mode is shown in Fig. 2.

Following Fig. 2, the precipitated phase is Bcc_B2 above
760 °C during the cooling process. When the melt is cooled
to 760 °C, Bcc_B2 phase is disappeared, accompanied by
the formation of Al2Fe. When the temperature is below
662 °C, the Al2Fe disappears and Al5Fe2 appears. The cal-
culated compositions of equilibrium phases at each stage are
listed in Table 2.

As shown in Table 2, if the Mg melt is settled at 760 °C
for a long time to allow Bcc_B2 phase fully settled to the
bottom, the iron content in the remaining liquid will be

Fig. 1 Scheme of the synthesis
process of AZ91 alloy in this
work

Table 1 Compositions and
settling process of investigated
alloys

No. Composition (final alloy measured using ICP
analysis)

Settling temperature T (°C)

Al (wt%) Zn (wt%) Mn (wt%) Mg (wt%)

AZ91 (0Mn) 9.14 0.91 0 Bal. 730 + 660

AZ91 (0.1Mn) 8.50 0.85 0.10 Bal. 730 + 660

AZ91 (0Mn) 8.24 0.84 0 Bal. 660
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73 ppm. After removing the bottom part of the melt with the
precipitate particles, the remaining melt is settled again at
663 °C for a second settling stage, the content of iron in the
remaining liquid will be only 10 ppm, which fulfills the
purity requirement of the final alloy.

However, infinite settling time can never be achieved.
Therefore, the efficiency, i.e., settlement velocity of precip-
itates must be taken into consideration. Currently, the
industry often holds the melt at 700–730 °C for 0.5–1 h. In
current commercial settling process, there will be still a lot of
Al2Fe dispersed in the liquid, which will transform to Al5Fe

that have lower density and be more difficult to be settled to
the bottom.

According to the Stokes law [Eq. (1)], the settling velocity
is inversely proportional to the viscosity of the fluid and the
density difference of the precipitates and the fluid. Table 3
shows the calculated settling velocity of the precipitates.
The viscosity data were taken from the scheme plot in
Ref. [22].

A two-stage settling purification method is proposed as
following. The first settlement is performed at 760 °C where
most of the iron forms as high-density Bcc_B2 precipitates

Fig. 2 Solidification path of AZ91 without Mn using lever mode

Table 2 Composition of
equilibrium phases at each stage
of AZ91 alloy

T (oC) Phases Composition (wt%) Density (g/cm3)

Al Zn Fe Mg

785 Liquid 8.96 0.70 0.0087 Bal. 1.58

Bcc_B2 32.38 0 68.5788 Bal. 5.30

760 Liquid 8.96 0.7 0.0073 Bal. 1.58

Bcc_B2 32.54 0 67.4250 Bal. 5.30

663 Liquid 8.91 0.7 0.0010 Bal. 1.58

Al2Fe 49.14 0 50.8574 Bal. 4.43

601 Liquid 54.71 0.7 0.0002 Bal. 1.58

Al5Fe2 71.42 0 28.5714 Bal. 4.18

Table 3 Settling velocity of the
different precipitates of AZ91
alloy at different temperatures

T
(oC)

Viscosity of the melt
(m2/s)

Precipitated
particle

Density
(g/cm3)

Terminal settling velocity
(m/s)

760 7.3E-7 Bcc (Fe, Al) 5.61 6.6E-5

730 7.5E-7 Al2Fe 4.08 4.0E-5

700 7.8E-7 Al2Fe 4.08 3.8E-5

663 8.5E-7 Al2Fe 4.08 3.5E-5

640 9.1E-7 Al5Fe2 3.96 3.1E-5

601 1.1E-6 Al5Fe2 3.96 2.6E-5
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and be taken away. Then, a second settlement process is per-
formed at 660 °C to let the final alloy achieve higher purity.

According to the calculation results, it is seen the settling
velocity of precipitates at 760 °C is almost twice of that one
at 600 °C. At the second isothermal stage, the remaining
iron which has not deposited completely can still form Al2Fe
and deposited to the bottom. Therefore, it is expected that
the remaining liquid phase will achieve high purity after a
two-stage settling process.

Clearly, temperature selection is critical for the two-stage
settling process if we are thinking about industrial applica-
tions. The energy consumption is very important for the cost
control for massive production. Therefore, the settling tem-
peratures are ideally chosen just above the phase transfor-
mation temperatures. However, this will require high
precision database as well as temperature control. In the
current case, if we look 760 and 660 °C on Fig. 1, several
degrees lower than the designed temperatures will lead to full
transformation of the precipitates into other phases which are
less efficient for the settlement. Because no experimental
information or theoretical information is available for the
applied end-part phase diagram with ppm magnitude, the
calculated phase transformation temperatures might have
some deviation from the reality. Therefore, it is suggested to
choose a temperature slightly higher than the calculated
temperatures to ensure the formation of expected phases.

On the other hand, the temperature of the first settlement
process at 760 °C for AZ91 is too high for the normal
melting process of the magnesium alloy. A little Mn is added
to the AZ91 to show its effect on the phase transformation
during the solidification process. Figure 3 shows the solid-
ification path of alloy AZ91 (wt%).

It is shown, with Mn addition, the high density of the
precipitates (Bcc_B2) can be kept to a lower temperature. It
is seen the settling velocity is with strong relation with the

density of the precipitates. Hence, the type of the precipitates
is quite important for the effect of the settling process.

The Application of a Two-Stage Settling
Treatment in Synthesis and Purification of AZ91
Alloy

Figure 4 shows the purification effect of AZ91 in a two-stage
settling process. The synthesized AZ91 in the current work
contains around 200 ppm Fe getting from staring materials
and contaminations. The second stage of low temperature
settling can further reduce the iron content of AZ91 com-
pared to a one-stage settling process. The Fe content of the
AZ91 alloy melts after settling at 730 °C for 2 h are
*120 ppm. In the second stage, after settling at 660 °C for
two hours, the iron content in AZ91(0.1Mn) was reduced to
*70 ppm.

In addition, the remaining Fe content in the reference
group, AZ91 (0.1 Mn) which was settled at 660 °C for four
hours, is *100 ppm, higher than that alloy with a two-stage
settling treatment.

The compositions of the parts from the bottom of the
ingots which were also examined by ICP are 1046 ppm and
235 ppm after the first and second settlement, respectively.

Conclusion

A new approach for melt purification of magnesium alloys,
two-stage settling treatment, has been proposed. During the
process of static purification of magnesium alloy, the iron-
containing phase will aggregate to the bottom of the melt

Fig. 3 Solidification path of AZ91 with 0.1 wt% Mn using lever mode
Fig. 4 Fe contents in the melt after the melt treatment for AZ91
(0Mn), AZ91 (0.1Mn) using different settling treatments
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under the action of gravity. If the iron-containing phase at
the bottom is removed and a second settling process is
carried out, the iron of the melt can be more effectively
reduced.
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CALPHAD Modeling and Microstructure
Investigation of Mg–Gd–Y–Zn Alloys

Janet Meier, Josh Caris, and Alan A. Luo

Abstract
In this study, CALPHAD (CALculation of PHAse
Diagrams) modeling was used to design and optimize
Mg–Gd–Y–Zn alloys containing long period stacking
order (LPSO) phases. The selected compositions were
evaluated using scanning electron microscopy, energy
dispersive spectroscopy, and X-ray diffraction to identify
major phases and determine their area fractions. It was
seen in as-cast samples that a blocky LPSO 14H phase
formed at the grain boundaries while a filament-type
LPSO 14H formed in the Mg grains. As the rare earth
(RE) and Zn concentrations increased, eutectic Zn-rich
intermetallics and more of the RE-rich blocky LPSO
formed along grain boundaries. After annealing, an
increase in the Zn-rich intermetallic area fraction,
decrease in bulky LPSO area fraction, and increase in
filament-type LPSO were observed. In higher alloyed
samples, a Zn- and Y-rich phase was observed that was
not consistent with the predicted or reported phase. These
results indicate the present CALPHAD databases well
represent the LPSO 14H formation in the Mg–Gd–Y–Zn
system studied and can be used to tailor the microstruc-
ture to potentially improve the strength and ductility in
these alloys. Further investigation is needed to determine
if the existing reliably databases model the other
secondary phases.

Keywords
Long period stacking order (LPSO) � Microstructure� Magnesium alloys � CALPHAD � Alloy
development

Introduction

As magnesium alloys become more widely used in structural
applications, there is a growing need for improvements in
strength and ductility for these alloys. In recent years, such
improvements in properties have been found in alloys con-
taining long period stacking ordered (LPSO) phases [1–4].
LPSO phases can form in Mg alloys that contain a smaller
atomic radius transition metal, such as Zn, and larger rare
earth elements (RE), such as Y and Gd, due to the reduction
in stacking fault energy caused by these alloying elements
[5–8]. The RE and Zn atoms cluster along the basal plane to
form enriched layers [9]. These layers form building blocks
with a local face centered cubic structure that is bounded by
Shockley partial dislocations [9]. The spacing and combi-
nation of these building blocks with the Mg lattice produce
several different LPSO structures, where the most frequently
observed are 14H and 18R. The difference between the two
phases is the number of Mg layers between the building
blocks: LPSO 14H has three layers and 18R has two [9, 10].

The LPSO phase in Mg alloys forms in two major mor-
phologies, depending on composition and thermomechanical
processing [8, 11–17]. The first morphology is a blocky
phase found at the grain boundaries. As the volume fraction
of LPSO increases, the blocky phase forms a network around
the a-Mg grains. The second morphology is a fine lamellar
phase located in the a-Mg grains. Improved strength and
ductility in LPSO-containing alloys come from the impe-
dance of dislocation motion and twin formation by the rel-
atively thick LPSO phases [8, 10, 13, 16, 18]. The LPSO
structure increases the critical resolve shear stress for basal
and prismatic slip, which provides strengthening and acti-
vates slip in other grains to improve ductility [11, 19]. As a
result, maximizing the phase fraction of LPSO could greatly
improve the mechanical properties of Mg alloys.

Previous researchers have developed criteria for the crit-
ical ratio of RE to Zn to produce LPSO phases, but as the
alloy systems become more complex it is more difficult to
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predict the resulting microstructures. A CALPHAD
(CALculation of PHAse Diagrams)-based approach [20]
provides an opportunity to quantitatively predict the phase
composition of these more complex alloys. In this work, the
available databases for two CALPHAD software packages,
Thermo-Calc and PANDAT, were evaluated to predict the
phases of three Mg–Gd–Y–Zn alloys, followed by experi-
mental validation.

Modeling and Experimental Methods

Equilibrium and Scheil calculations were conducted using
Thermo-Calc and PANDAT for several compositions in the
Mg–Gd–Y–Zn system to assess the predicted phase fractions
of LPSO and intermetallic phases. Three compositions,
shown in Table 1, were selected and cast for microstructural
analysis.

The alloys were prepared and cast by Terves LLC. The
raw materials (commercially pure Mg, Zn, Gd, and Y) were
melted in a 75 lb gas fired furnace with a pneumatic shear
mixer. A CO2 and SF6 gas mixture was used as a cover gas
in the furnace and applied to the mold riser to prevent oxi-
dation of the melt. The samples were cast into a
7″ � 7″� 4″ steel permanent mold. The castings were then
sectioned, annealed at 500° for 9 h and water quenched, and
mounted in Bakelite for scanning electron microscope
(SEM) analysis. Final alloy compositions (Table 1) were
determined using a combination of inductively coupled
plasma mass spectroscopy (ICP) and spark optical emission
spectroscopy (OES).

Samples were ground and polished to 0.05 µm colloidal
silica, and SEM analysis was performed using a FEI
Apreo FEG microscope with EDAX Octane Elect energy
dispersive spectroscopy (EDS) capabilities. EDS spot and
mapping analysis was performed using a TEAM software.

The area fraction of each phase was determined from ten
images from each sample using ImageJ. The samples were
then removed from the Bakelite mounts and polished to
1200 grit for X-ray diffraction (XRD) analysis. A Rigaku
MiniFlex 600 system with a Cu source and Ni filter set to
40 kV and 15 mA was used for phase identifications. The
Rigaku PDXL 2 software and literature data were used to
identify the XRD peaks.

Results and Discussion

CALPHAD Modeling

In order to appropriately model a multicomponent alloy
system with CALPHAD, there must be a reliable database
that represents all related binary and ternary systems. The
ternary systems included in the Thermo-Calc and PANDAT
databases are listed in Table 2. Both systems contain data for
the three ternary systems for the Mg rich corner, but PAN-
DAT also has the LPSO 10H phase defined in their database.
It should be noted that although both programs contain data
for the same ternary systems, they may be using different
datasets or computational methods. As a result, there will
likely be variations in the predicted results.

For each alloy, both equilibrium and Scheil calculations
were performed to represent the two extremes seen in cast
alloys. The Scheil calculation represents rapid cooling dur-
ing solidification, where diffusion can occur in the liquid but
not the solid. On the other hand, the equilibrium calculation
better represents alloys with very slow cooling during
solidification or after annealing heat treatment. The predicted
phases for the three alloys studied in this work can be seen in
Fig. 1.

For the compositional range, there were a total of seven
predicted phases between the two programs. The primary

Table 1 Compositions of the
three samples used in this study
(determined using ICP and OES)

Sample Mg (wt%) Gd (wt%) Y (wt%) Zn (wt%)

MC07 82.98 10.4 3.62 3.00

MC14 81.73 10.57 5.25 2.45

MC21 79.95 10.2 4.74 5.1

Table 2 Existing ternary
systems and LPSO phases present
in the Thermo-Calc TCMG5 and
PANDAT PanMg2018_
TH + MB databases

Thermo-calc PANDAT

Ternary systems Mg–Gd–Y
Mg–Gd–Zn
Mg–Y–Zn

Mg–Gd–Y
Mg–Gd–Zn
Mg–Y–Zn

LPSO phases LPSO_14H
LPSO_18R

LPSO_14H
LPSO_18R
LPSO_10H
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phase predicted for all compositions was the hexagonal close
packed (hcp) Mg matrix, as expected. In the case of the
LPSO phases, both programs predicted the presence of the
LPSO 14H phase. The LPSO 14H phase has been reported
as a very stable phase that can form both at the grain
boundaries and in the primary Mg grains [8, 11–17]. Also,
the LPSO 14H phase has been reported to transform from
other phases, and intragranular growth is driven by the dif-
fusion of Zn and the RE [8–12, 15, 16]. The increase in the
mole fraction of LPSO 14H between the Scheil and equi-
librium conditions predicted by both programs is consistent
with these previous findings.

Thermo-Calc also predicted 0.34 and 1.7 mol% of the
LPSO 18R for MC14 and MC21 samples, respectively, in
the Scheil condition (Fig. 1). In the equilibrium condition,
no LPSO 18R is predicted. Previous studies have found that
LPSO 18R forms at the grain boundaries during solidifica-
tion in Mg–Y–Zn and Mg–Gd–Y–Zn alloys [8, 21–23]. The
LPSO 18R transforms into 14H during annealing, and both
phases can exist simultaneously in the same grain [19]. Due
to the low predicted fractions and the deviations from the
Scheil condition seen in the as-cast samples, the LPSO 18R
phase may not be observable in this study.

PANDAT predicts a phase called RM3_W in the Scheil
condition for all three alloys that is defined as Mg0.25(Gd,
Y)0.25(Mg,Zn)0.5. Thermo-Calc also predicts a similar phase
called L12_RMGZN2, defined as Mg1(Gd,Y)1(Mg,Zn)2, for
the MC21 alloy in the Scheil condition. For similar com-
positions, there has been a reported Mg3(Gd,Y) phase [12,
17, 24–26] and a reported W–Mg3Y2Zn3 phase [8, 15, 17,
27, 28]. In their 2018 paper, Luo et al. discussed that the W–

Mg3Y2Zn3 phase had been misidentified as Mg3(Gd,Y) in
past studies [16]. Neither Thermo-Calc or PANDAT has the
W–Mg3Y2Zn3 phase in their databases, so it is possible that
these phases were not separately identified in either program.
For this study, the predicted mole fractions of the RM3_W

and L12_RMGZN2 phases are predicted in low amounts in
the Scheil condition and are not predicted in the equilibrium
condition (Fig. 1). As a result, they may not be observable in
this study. Future work will be needed to evaluate these two
phases in the databases.

In the Scheil and equilibrium conditions, both programs
predict the presence of a (Mg,Zn)5(Gd,Y) phase. This phase is
generally reported as the b phase and has been observed in a
wide range of LPSO-forming alloys [10, 11, 16, 24, 25, 29].
The mole fraction of (Mg,Zn)5(Gd,Y) is predicted to increase
between the Scheil and equilibrium conditions, which is
consistent with proposed precipitation sequences that have
(Mg,Zn)5(Gd,Y) as an equilibrium phase [26]. The final pre-
dicted phase is Mg24(Gd,Y)5. Both programs predict small
mole fractions of this phase in the Scheil condition and in the
equilibrium condition for MC14. Mg24(Gd,Y)5 has also been
reported as the b phase in some studies [8, 12, 25], as a result
the two phases will be referred to by their compositions in this
work. TheMg24(Gd,Y) 5 phase has been observed inMg–Gd–
Zn–Zr and Mg–Y–Zn–Zr alloys, but is predicted at relatively
low mole fractions in the present alloys.

The predicted mole fractions for each phase at the end of
solidification for the Scheil model and at room temperature
for equilibrium model were calculated in both programs
(Fig. 1). For the LPSO 14H phase, Thermo-Calc consis-
tently predicts a higher mole fraction. This is also true for the
(Mg,Zn)5(Gd,Y) phase. For the Scheil model, which more
closely represents the as-cast state, Thermo-Calc also pre-
dicts a higher mole fraction of the Mg24(Gd,Y)5 phase for
the three compositions. In the equilibrium calculation, which
more closely represents the annealed state, only MC14 is
predicted to have the Mg24(Gd,Y)5 phase, and PANDAT
predicts a larger mole fraction. The mole fraction of LPSO is
predicted by both programs to increase with annealing. This
prediction is consistent with the expected diffusion of
RE and Zn during annealing reported in literature [9, 16].

Fig. 1 Predicted phases and mole fractions of each phase in the (a) Scheil and (b) equilibrium conditions
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There is also a predicted increase in the mole fraction of the
(Mg,Zn)5(Gd,Y) phase with annealing as well.

Microstructural Analysis

The microstructure from SEM of the as-cast and annealed
samples can be seen in Fig. 2. The T1 detector used acts
similar to a backscatter detector and collects the high-energy,

low-angle electrons. As a result, Z-contrast can be used to help
identify phases. The dark, background phase was identified as
the primary Mg grains using EDS spot and mapping analysis.
Dark spots seen in the Mg grains, particularly in the as-cast
samples, are believed to be corrosion pits formed during
sample preparation. In all the samples, there is a small amount
of a small, bright rectangular phase. Upon EDS analysis, there
were highYandO signals,which aremost likely yttriumoxide
formed during the casting process.

Fig. 2 SEM images using a T1 (backscatter-like) detector for the as-cast and annealed conditions
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Fig. 3 Measured area fractions of the LPSO 14H and other secondary phases in the as-cast and annealed conditions

Fig. 4 XRD analysis of the as-cast samples
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The high area fraction medium grey phase seen in all of
the samples has a blocky morphology that becomes more
lamellar with annealing. EDS mapping of this phase indi-
cates it has a higher Y and Zn signal than the Mg matrix. As
the Gd concentration increases, EDS mapping shows that the
relative Gd concentration in the medium grey phase also
increases. This is due to the lower solubility of Y and Zn in
Mg and the higher solubility of Gd in Mg [30]. The area
fraction of the phase also increases with increased alloying,
with MC21 showing the largest area fraction of this phase
(Fig. 3). Based on the CALPHAD predictions, this phase is
most likely the LPSO 14H phase. This is supported by XRD
analysis (Figs. 4 and 5), which has Mg and the LPSO 14H as
the dominant phases.

After annealing, there is a small reduction in the mea-
sured xLPSO 14H area fraction (Fig. 3). One explanation
for this could be the formation of lamellar LPSO 14H in the
Mg grains that is not easily observable at the magnification
used for volume fraction measurements. At higher magnifi-
cation, small bright lamellar features can be seen extending
from the grain boundaries into the Mg matrix (Fig. 6). This
phase is in one orientation in each grain. The presence of this

lamellar phase increases with increased alloying and with
annealing, with the possible exception of the MC21 sample.
This phase is most likely LPSO 14H, and the increase in its
formation after annealing is consistent with the diffusion of
RE and Zn from the grain boundaries into the grains, as
reported in literature [8, 12–17, 27, 31]. As a result, there is a
decrease in the area fraction of bulky LPSO 14H at the grain
boundaries.

In the as-cast MC14 and MC21 samples, there is a bright
phase along the grain boundaries (Figs. 2 and 6). In the
MC21 sample, this phase has a eutectic morphology and
increases in area fraction in comparison with the lower alloy
MC14 sample. With annealing, the area fraction of the bright
phase is reduced in MC21 and is no longer observable in
MC14. Based on the CALPHAD analysis, this bright phase
is most likely (Mg,Zn)5(Gd,Y) or Mg24(Gd,Y)5 due to pre-
dicted mole fraction. EDS mapping of this phase indicates
there are relatively high Zn and Y concentrations and no
presence of Mg and Gd. In the as-cast MC14 sample, there
was some Gd signal in the EDS map for the bright phase.
Based on the high Zn content, this phase is unlikely to be
Mg24(Gd,Y)5. XRD analysis (Figs. 4 and 5) indicates that

Fig. 5 XRD analysis of the annealed samples
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Mg24(Gd,Y)5 and W–Mg3Y2Zn3 were either not present in
the alloys or not in large enough quantities to be observed.
Looking more closely at the CALPHAD predictions, the
(Mg,Zn)5(Gd,Y) phase has a composition consistent with
Mg5Gd, so it is unlikely to be the bright phase in the SEM
images. At this point, literature has not reported a Zn–Y
binary phase, and further analysis is needed for phase
identification.

For the LPSO 14H phase, the existing CALPHAD data-
bases evaluated in this study predict a high phase fraction
that is reasonable. The predicted increase of the LPSO 14H
phase with increased alloying and annealing was consistent
with both literature and microstructural analysis. In terms of
the other intermetallic phases, the predictive capabilities of
the model were less reliable. Part of this is due to the lower
predicted phase fraction of the intermetallics and partly due

Fig. 6 SEM images using a T1 (backscatter-like) detector for the as-cast and annealed conditions
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to the phase definitions in the database. The biggest dis-
crepancy is the prediction of the Mg5Gd phase and the
presence of a Zn- and Y-rich intermetallic phase in the
MC14 and MC21 samples. As a result, it was determined
that the existing CALPHAD databases evaluated in this
study can represent the LPSO 14H phase, but more evalu-
ation is needed for the other secondary intermetallic phases.

Conclusions

The existing databases for two CALPHAD programs,
PANDAT and Thermo-Calc, were evaluated for their pre-
dictive capabilities for LPSO-forming alloys in the Mg–Gd–
Y–Zn system. Three compositions were examined in the
as-cast and annealed conditions using SEM, EDS, and XRD
analysis. It was shown that the CALPHAD programs rea-
sonably predicted the presence of the LPSO 14H phase in
these alloys. The other phases predicted by the programs
were consistent with phases previously observed in the lit-
erature. The phases predicted by both programs were gen-
erally consistent with each other, although the mole fractions
of these phases were different. Unlike the LPSO 14H phase,
the other predicted phases were not observed during SEM
analysis. This is possibly due to low phase fractions for these
phases. Query ID=`̀ Q4'' Text=`̀ Please check whether the
edits made in the sentence ‘…with either the predicted
phases or reported phases’ convey the intended meaning.'' In
the higher alloy samples, there was a Zn- and Y-rich phase
that was not consistent with either the predicted phases or
reported phases. Based on these findings, it is concluded that
the existing CALPHAD databases are reliable for LPSO 14H
prediction for the Mg–Gd–Y–Zn system, but more work is
needed to improve the reliability of the other predicted
phases.

Acknowledgements This work was funded by the Army Research
Laboratory (ARL) and Terves LLC. The authors would like to
acknowledge Dr. Vincent Hammond with ARL, Dr. William Meier of
Oak Ridge National Laboratory, and the Light Metals and Manufac-
turing Laboratory members at The Ohio State University for their
insightful discussions. This material is based upon the work supported
by the Army Contracting Command—Adelphi, MD under Contract No
W911QX-18-P-0038. Any opinions, findings, and conclusions or rec-
ommendations expressed in this material are those of the author(s) and
do not necessarily reflect the views of ARL.

References

1. Abe E, Kawamura Y, Hayashi K, Inoue A (2002) Long-period
ordered structure in a high-strength nanocrystalline Mg-1 at% Zn-2
at% Y alloy studied by atomic-resolution Z-contrast STEM. Acta
Mater 50(15):3845–3857

2. Kawamura Y, Kasahara T, Izumi S, Yamasaki M (2006) Elevated
temperature Mg97Y2Cu1 alloy with long period ordered structure.
Scripta Mater 55(5):453–456

3. Du XH, Duan GS, Hong M, Wang DP, Wu BL, Zhang YD,
Esling C (2014) Effect of V on the microstructure and mechanical
properties of Mg–10Er–2Cu alloy with a long period stacking
ordered structure. Mater Lett 122:312–314

4. Bi GL, Li YD, Huang XF, Chen TJ, Lian JS, Jiang ZH, Ma Y,
Hao Y (2015) Deformation behavior of an extruded Mg–Dy–Zn
alloy with long period stacking ordered phase. Mat Sci Eng A—
Struct, 622:52–60

5. Kawamura Y, Yamasaki M (2007) Formation and Mechanical
Properties of Mg97Zn1RE2 Alloys with Long-Period Stacking
Ordered Structure. Mater Trans 48(11): 2986–2992

6. Datta A, Waghmare UV, Ramamurty U (2008) Structure and
stacking faults in layered Mg–Zn–Y alloys: A first-principles
study. Acta Mater 56(11): 2531–2539

7. Suzuki M, Kimura T, Koike J, Maruyama K (2003) Strengthening
effect of Zn in heat resistant Mg–Y–Zn solid solution alloys.
Scripta Mater 48(8):997–1002

8. Lu FM, Ma AB, Jiang JH, Yang DH, Zhou Q (2012) Review on
long-period stacking-ordered structures in Mg–Zn–RE alloys. Rare
Metals 31(3): 303–310

9. Kim JK, Jin L, Sandlöbes S, Raabe Dierk (2017)
Diffusional-displacive transformation enables formation of
long-period stacking order in magnesium. Sci Rep-UK https://
doi.org/10.1038/s41598-017-04343-y

10. Xu D, Han EH, Xu YB (2016) Effect of long-period stacking
ordered phase on microstructure, mechanical property and corro-
sion resistance of Mg alloys: A review. Prog Nat Sci Mater 26(2):
117–128

11. Wang K, Wang JF, Huang S, Gao SQ, Guo SF, Liu SJ, Chen XH,
Pan FS (2018) Enhanced mechanical properties of Mg–Gd–Y–Zn–
Mn alloy by tailoring the morphology of long period stacking
ordered phase. Mat Sci Eng A Struct 733: 267–275

12. Zhang S, Yuan GY, Lu C, Ding WJ (2011) The relationship
between (Mg,Zn)3RE phase and 14H-LPSO phase in Mg–Gd–Y–
Zn–Zr alloys solidified at different cooling rates. J Alloy Compd
509(8): 3515–3521

13. Honma T, Ohkubo T, Kamado S, Hono K (2007) Effect of Zn
additions on the age-hardening of Mg–2.0Gd–1.2Y–0.2Zr alloys.
Acta Mater 55(12): 4137–4150

14. Yamada K, Okubo Y, Shiono M, Watanabe H, Kamado S, Kojima
Y(2006) Alloy Development of High Toughness Mg–Gd–Y–Zn–
Zr Alloys. Mater Trans 47(4):1066–1070

15. Shi F, Wang CQ, Guo XF (2015) Microstructures and Properties
of As-Cast Mg92Zn4Y4 and Mg92Zn4Y3Gd1 Alloys with LPSO
Phase. Rare Metal Mat Eng 44(7): 1617–1622

16. Luo L, Liu Y, Duan M (2018) Phase Formation of Mg–Zn–Gd
Alloys on the Mg-rich Corner. Materials 11(8): https://doi.org/10.
3390/ma11081351

17. Hu YB, Zhang C, Zheng TX, Pan FS, Tang AT (2018)
Strengthening Effects of Zn Addition on an Ultrahigh Ductility
Mg–Gd–Zr Magnesium Alloy. Materials 11(10): https://doi.org/
10.3390/ma11101942

18. Wen K, Liu K, Wang ZH, Li SB, Du WB (2016) Effect of
pre-solution treatment on mechanical properties of as-extruded
Mg96.9Zn0.43Gd2.48Zr0.15 alloy. Mat Sci Eng A Struct 674: 33–39

19. Matsuda M, Ando A, Nishida M (2005) Dislocation Structure in
Rapidly Solidified Mg97Zn1Y2 Alloy with Long Period Stacking
Order Phase. Mater Trans 46(2): 361–364

20. Luo AA (2015), Material Design and Development: from Classical
Thermodynamics to CALPHAD and ICME Approaches. CAL-
PHAD, 50: 6–22

68 J. Meier et al.

http://dx.doi.org/10.1038/s41598-017-04343-y
http://dx.doi.org/10.1038/s41598-017-04343-y
http://dx.doi.org/10.3390/ma11081351
http://dx.doi.org/10.3390/ma11081351
http://dx.doi.org/10.3390/ma11101942
http://dx.doi.org/10.3390/ma11101942


21. Li YX, Yang CL, Zeng XQ, Jin PP, Qiu D, Ding WJ (2018)
Microstructure evolution and mechanical properties of magnesium
alloys containing long period stacking ordered phase. Mater
Charact 141: 286–295

22. Itoi T, Seimiya T, Kawamura Y, Hirohashi M (2004) Long period
stacking structures observed in Mg97Zn1Y2 alloy. Scripta Mater 51
(2): 107–111

23. Zhu YM, Morton A, Nie JF (2012) Growth and transformation
mechanisms of 18R and 14H in Mg–Y–Zn alloys. Acta Mater 60
(19): 6562–6572

24. Yamasaki M, Sasaki M, Nishijima M, Hiraga K, Kawamura Y
(2007) Formation of 14H long period stacking ordered structure
and profuse stacking faults in Mg–Zn–Gd alloys during isothermal
aging at high temperature. Acta Mater 55(20): 6798–6805

25. Li B, Teng BG, Luo DG (2018) Effects of Passes on Microstruc-
ture Evolution and Mechanical Properties of Mg–Gd–Y–Zn–Zr
Alloy During Multidirectional Forging. Acta Metall Sin-Engl 31
(10): 1009–1018

26. Yamasaki M, Anan T, Yoshimoto S, Kawamura Y (2005)
Mechanical properties of warm-extruded Mg–Zn–Gd alloy with

coherent 14H long periodic stacking ordered structure precipitate.
Scripta Mater 53(7): 799–803

27. Wu J, Chiu YL, Jones IP (2014) Microstructure of as-cast Mg–
4.2Zn–0.8Y (at.%) alloys containing Gd. J Phys Conf Ser 522: 8–12

28. Kishida K, Nagai K, Matsumoto A, Yasuhara A, Inui H (2015)
Crystal structures of highly-ordered long-period stacking-ordered
phases with 18R, 14H and 10H-type stacking sequences in the
Mg–Zn–Y system. Acta Mater 99: 228–239

29. Garces G, Pérez P, Barea R, Medina J, Stark A, Schell N, Adeva P
(2019) Increase in the Mechanical Strength of Mg–8Gd–3Y–1Zn
Alloy Containing Long-Period Stacking Ordered Phases Using
Equal Channel Angular Pressing Processing. Metals 9(2): https://
doi.org/10.3390/met9020221

30. Zhang JY, Xu M, Teng XY, Zuo M (2016) Effect of Gd addition
on microstructure and corrosion behaviors of Mg–Zn–Y alloy.
J Magnesium and Alloys 4: 319–325

31. Wang K, W JF, Huang S, Gao SQ, Guo SF, Liu SJ, Chen XH,
Pan FS (2018) Enhanced mechanical properties of Mg–Gd–Y–Zn–
Mn alloy by tailoring the morphology of long period stacking
ordered phase. Mat Sci Eng A Struct 33: 267–275

CALPHAD Modeling and Microstructure Investigation … 69

http://dx.doi.org/10.3390/met9020221
http://dx.doi.org/10.3390/met9020221


Intermetallic Phase Formation in Mg–Ag–Nd
(QE) and Mg–Ag–Nd–Zn (QEZ) Alloys

Rainer Schmid-Fetzer, Jian-Feng Nie, Xiaojun Zhao,
and Houwen Chen

Abstract
The intermetallic phase (designated d phase) in the
solution-treated microstructure of commercial magnesium
alloy QE22 (Mg–2.5Ag–2.0Nd–0.7Zr, wt%) has been
investigated using scanning electron microscopy, electron
diffraction, atomic-resolution scanning transmission elec-
tron microscopy (STEM), and thermodynamic modeling.
In contrast to the previous reports, an orthorhombic
structure (space group Cmcm) and a composition of
NdAgMg11 are determined. The present experimental data
are used to construct a thermodynamic description of the
Mg–Ag–Nd system which is embedded in a multicompo-
nent Mg alloy database. Implications on the formation of
temperature range and thermal stability of this phase and
alloy solidification are discussed based on the calculated
Mg–Nd–Ag phase diagram and Scheil solidification paths
of alloys. The impact of Ag-replacement in such QE
alloys by Zn-addition in the Mg–Ag–Nd–Zn (QEZ) alloy
system is elaborated using appropriate thermodynamic

simulations to reveal the competition with other inter-
metallics. These data are suggested to contribute to ICME
of magnesium alloys.

Keywords
Crystal structure � Thermodynamics � ICME �
Secondary phases

Introduction

Addition of Ag in many rare-earth (RE) containing Mg alloys
can remarkably improve the age hardening response of these
alloys such as Mg–Nd, Mg–Gd, Mg–Gd–Zn, and Mg–Y–Zn
alloys [1–3]. This phenomenon was originally observed by
Payne and Bailey in Mg–Nd alloys early in 1960s [1], which
led to the development of a commercial Mg alloy QE22 (Mg–
2.5Ag–2Nd–0.7Zr, wt%). However, the phase transforma-
tion of QE22 alloy has not been unambiguously established.
One important reason is the lack of Mg–Nd–Ag ternary phase
diagram. For the equilibrium of intermetallic phase in QE22
alloy, there have been controversial views on whether it is
Mg12Nd2Ag with a complex hexagonal structure [4] or (Mg,
Ag)12Nd with a tetragonal structure (I4/mm, a = 1.031 nm;
c = 0.593 nm) [5]. Both structures are not supported by
convincible experimental evidence. Thus, it is necessary to
use modern techniques such as atomic-resolution high-angle
annular dark-field scanning transmission electron micro-
scopy (HAADF-STEM) and atomic-scale energy-dispersive
X-ray spectroscopy (EDS-STEM) and to conduct thermo-
dynamic assessments of the Mg–Ag–Nd alloy system.
Together with Ag, Zn is another effective alloying addition in
Mg–Gd–Ag–Zn and Mg–Y–Ag–Zn alloys [2, 3]. It is for this
reason that the intermetallic phase formation in the Mg–Ag–
Nd–Zn alloy system is also elaborated using appropriate
thermodynamic simulations to reveal the competition within
the related intermetallic phases.
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Experimental Procedures and Results

Experimental Procedures

Samples used in the present investigation were cut from a
cast bar of commercial alloy QE22 (Mg–2.5Ag–2.0Nd–
0.7Zr, wt%). The actual alloy composition was measured by
inductively coupled plasma atomic emission spectroscopy to
be Mg–3.01Ag–2.10Nd–0.34Zr (wt%). Bulk samples were
solution-treated at 520 °C for 6 h and then water-quenched.
Samples for transmission electron microscopy (TEM) were
cut into 500-lm-thick slices, grounded to 50–70 lm thick-
ness, punched to discs of 3 mm in diameter, and then
ion-milled using Gatan PIPS 695. HAADF-STEM images
and atomic-scale EDS-STEM maps were acquired from a
FEI Titan G2 60–300 ChemiSTEM operating at 300 kV and
equipped with a Cs probe corrector and a Super-X EDS with
four windowless silicon drift detectors. A convergence
semi-angle of 15 mrad and collection semi-angle of 45–262
mrad were used. To test the validity of the assessments,
an additional alloy with a measured composition of
Mg–1.63Ag–1.85Nd (wt%) was made. The as-cast
microstructure of this alloy was characterized using SEM,
TEM, and STEM. Some samples of QE22 alloy,
solution-treated at 520 °C for 6 h and water-quenched, were
also aged at 300 °C for 4 h.

Results

The retained d intermetallic phase in solution-treated QE22
alloy appeared in grain boundaries with coarse irregular
shape, Fig. 1a. A representative EDS spectrum obtained
from such d particles is shown in Fig. 1b. The presence of
characteristic peaks of Mg, Ag, and Nd indicated that d is a
Mg–Ag–Nd ternary phase. An average composition of Mg–
7.7 ± 1.0 Nd–8.6 ± 1.0 Ag (at.%) was obtained for d phase
by the standardless semi-quantitative analysis of ten
particles.

A set of selected area electron diffraction (SAED) pat-
terns, which were acquired by large-angle tilting of a single
d particle, is shown in Fig. 2. These SAED patterns could be
indexed consistently based on an orthorhombic structure
with lattice parameters of a = 1.02 nm, b = 1.18 nm, and
c = 1.00 nm (±0.01 nm), which was entirely different from
the previous hexagonal or tetragonal structure for the equi-
librium intermetallic phase in QE22 alloy [4, 5]. A schematic
diagram showing the measured and calculated (with brack-
ets) tilting angles between any two of the three axes is
provided in Fig. 2. The good agreement of the measured and
calculated tilting angles indicated the validity of the pro-
posed orthorhombic structure. Based on atomic-resolution
HAADF-STEM images and EDS maps obtained, the struc-
ture of d was determined to have Cmcm space group and
composition of NdAgMg11.

Thermodynamic Modeling and Calculations

Thermodynamic Modeling

No published thermodynamic assessment of the ternary Mg–
Ag–Nd phase diagram is available. The phase equilibria in
the Mg-rich region were elaborated, and the existence of the
ternary compound NdAgMg11 in equilibrium with the
(Mg) matrix phase, Hcp, was unambiguously determined in
the alloy QE22. The present thermodynamic assessment was
started by combination of the three binary edge systems, and
the Mg–Zr system is taken from the thermodynamic data-
base PanMg [6]. All calculations were performed with the
Pandat software [7]. These initial calculations, without
considering any ternary intermetallic phase, predict that the
QE22 alloy composition (measured at Mg–2.1Nd–3.01Ag–
0.34Zr wt%) should be located in the single-phase region of
Hcp (Mg) at 520 °C, opposing the experimental observation.
It was also found in the calculations that all zirconium is
dissolved in the liquid and (Mg) Hcp phases, and no Zr-rich
phase appears. That also agrees with the experimental

Fig. 1 a Low-magnification
HAADF-STEM image showing
morphology of d intermetallic
phase in a solution-treated
sample. b EDS spectrum recorded
from a d particle

72 R. Schmid-Fetzer et al.



observation and enabled the thermodynamic assessment of
the newly detected stoichiometric compound NdAgMg11 as
ternary phase. This is demonstrated in Fig. 3a, showing the
calculated Mg-rich part of the isothermal Mg–Ag–Nd phase
diagram section at 520 °C without consideration of any
ternary intermetallic phase, i.e. a simple extrapolation from
the binary edge systems. It is evident that both the alloy and
matrix composition (measured at Mg–1.2Nd–2.9Ag–0.4Zr)
are located in the single-phase (Mg) Hcp region. The correct
phase diagram including the assessed compound NdAgMg11
is shown in Fig. 3b, where the alloy composition is in the
two-phase Hcp + NdAgMg11 region and the Hcp matrix
composition perfectly matches the calculated solubility limit.

Evaluation of the present experimental findings at other
temperatures also enabled a realistic assessment of the
entropy of formation of NdAgMg11 and calculations at
varying temperature. As a result, a similar comparison as
given in Fig. 3 is also made for the calculated liquidus
projection to emphasize the impact of proper consideration
of the intermetallic phase NdAgMg11. Figure 4a shows the
calculated Mg-rich part of the Mg–Ag–Nd liquidus without
consideration of any ternary intermetallic phase, again a
simple extrapolation from the binary edge systems. It dis-
plays only one eutectic with (Mg) Hcp at 11 wt% Nd, 33 wt
% Ag and 462 °C. By contrast, the correct liquidus in
Fig. 4b includes the NdAgMg11 phase and two eutectic
reactions involving (Mg)-Hcp:

Liquid ) NdAgMg11 þR5Mg41 þHcp at 534 �C ð1Þ

Liquid ) NdAgMg11 þHcpþAgMg3 at 473 �C ð2Þ
The thermodynamic simulations of solidification and

phase diagram in the Mg–Ag–Nd system of this completed

database agree with all of the experimental findings. More
details can be found in a recently submitted work [8].

Thermodynamic Simulation of QEZ Alloys
in the Mg–Ag–Nd–Zn System

The present thermodynamic assessment is also merged with
the complete PanMg database [6], allowing extended cal-
culations of multicomponent Mg alloys based on the QE
Mg–Ag–Nd system with additions of other components,
such as Zn, Zr, and so on. Zinc is a useful alloying element
in Mg alloys for many reasons. Mg–Zn alloys combined
with rare earths (RE) in ternary Mg–RE–Zn systems typi-
cally show complex intermetallic phase formation offering a
wide range of alloy design. The Mg–Nd–Zn system studied
by Zhang et al. [9] and Wilson et al. [10] is a good example.
Since this ternary is also fully modelled in PanMg, the
simulations in the quaternary Mg–Ag–Nd–Zn system, QEZ,
are considered to be reliable.

Equilibrium Phase Formation in Heat Treatment
Simulation
The most attractive question would be what happens if Ag is
substituted by Zn in a QE22 alloy. Specifically, we will start
with QE22 of nominal composition of Mg–2.5Ag–2.5Nd
and replace up to 1 wt% of Ag by up to 1 wt% Zn, ending at
EQZ211 alloy of Mg–2.5Nd–1.5Ag–1Zn. As an overview,
the corresponding phase diagram section is shown in Fig. 5.

Figure 5 demonstrates that the primary solidification of
Hcp persists for all alloys. The equilibrium freezing range is
almost unchanged by the Ag/Zn substitution, and the solidus
is around 537–515 °C.

Fig. 2 A set of SAED patterns
recorded by tilting a single d
particle and schematic solutions
to the diffraction patterns. Angles
with and without brackets
represent those of calculated and
measured values, respectively
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On the Zn-poor side, the secondary phase is NdAgMg11
and above 0.47 wt% Zn it is RMg3. Here, the phase name
RMg3 stands for Nd(Mg,Zn)3 which is stable as binary
NdMg3 (and other RMg3 binary phases) but also dissolves Zn
by substitution of Mg. Typical constitution of RMg3 in Fig. 5
is Nd(Mg0.8Zn0.2)3. All other intermetallics are formed in
solid-state reaction below about 355 °C. The first appearance
of intermetallic phase Nd8Mg50Zn42, highlighted by red font
in Fig. 5, is above 0.35 wt% Zn at 338 °C. Nd8Mg50Zn42 is

again a complex phase with limited solubility range in the
ternary Mg–Nd–Zn system. It is also noted that NdAgMg11 is
predicted to be not stable below 172 °C, transforming to
R5Mg41 in the invariant reaction

HcpþNdAgMg11 þNd8Mg50Zn42 ) AgMg4 þR5Mg41
at 172 �C

ð3Þ

Fig. 3 Calculated Mg-rich part
of the Mg–Ag–Nd phase diagram
at 520 °C: a without
consideration of any ternary
intermetallic phase, b including
the assessed compound
NdAgMg11 which is the correct
phase diagram
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The phase amounts cannot be read from the section of
Fig. 5. For a better understanding of achievable fractions of
intermetallic phases by isothermal heat treatment in a tem-
perature range of 360–270 °C, these calculated equilibrium
fractions at four selected temperatures (360, 330, 300, and
270 °C) along the section of Fig. 5 are shown in Fig. 6a–d.

The key messages of these secondary phase heat treat-
ment simulations may be summarized as follows:

• NdAgMg11 is major secondary phase in entire range of
360–270 °C and 0–1 wt% Zn.

• RMg3 comes next in phase fraction at 360 °C, with
shrinking fraction to lower T.

• RMg3 is essentially replaced by Nd8Mg50Zn42 at lower
T.

• AgMg4 occurs only at low wt%Zn and low T � 300–
270 °C.

Fig. 4 Calculated Mg-rich part
of the Mg–Ag–Nd liquidus
projection: a without
consideration of any ternary
intermetallic phase, b including
the assessed compound
NdAgMg11 which is the correct
phase diagram
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Scheil Solidification Simulation of As-Cast State
For the two limiting alloys of the Ag/Zn substitution dis-
cussed in Fig. 5, QE22 and EQZ211, the phase formation
during casting is simulated under Scheil conditions, i.e. no
diffusion in the solid state, complete mixing in the liquid,
and local equilibrium at the liquid/solid interface. The results
are shown in Fig. 7.

For the Zn-free alloy QE22 in Fig. 7a, secondary
NdAgMg11 precipitates from 537 to 473 °C where solidifi-
cation terminates in the eutectic of Eq. (2) with a small
fraction (0.002) of additional AgMg3 phase. That may be
compared to solidification under equilibrium conditions
terminating with the reaction Liquid ) NdAgMg11 + Hcp
at almost constant 537 °C as seen at the left edge of Fig. 5.

Fig. 5 Calculated phase diagram section of QE22 to EQZ211 in the Mg–Ag–Nd–Zn system, (Mg–2.5Ag–2.5Nd) to (Mg–2.5Nd–1.5Ag–1Zn), wt%

Fig. 6 Calculated mass fraction of intermetallic phases (balance to 1 is (Mg)-Hcp phase) along the section QE22 to EQZ211 of Fig. 5 at fixed
temperatures: a 360 °C, b 330 °C, c 300 °C, and d 270 °C
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The Ag/Nd ratio of the ternary QE alloy decides on the path
of the residual liquid and determines which one of the two
ternary eutectics, Eqs. (1) or (2), will be approached for
termination of Scheil solidification. Coincidentally, 537 °C
is also the maximum temperature in the monovariant eutectic
line Liquid ) Hcp + NdAgMg11 with liquid composition
of Mg–18.6Nd–14.1Ag marked in Fig. 4. While the eutectic
(2) with AgMg3 is approached for Ag/Nd = 1.0 in QE22, a
shift to Ag/Nd = 0.85 in alloy Mg–2.3Ag–2.7Nd results in
termination at eutectic (1) with R5Mg41 at 534 °C. The
critical limit is Ag/Nd = 0.92 in alloy Mg–2.4Ag–2.6Nd,
and this alloy solidifies isothermally at 537 °C, the invariant
maximum reaction Liquid ) Hcp + NdAgMg11, even under
Scheil conditions.

Figure 7b shows that for alloy EQZ211 with 1 wt% Ag
substituted by 1 wt% Zn six different secondary phases
precipitate from 519 to 336 °C. Secondary NdAgMg11 starts
at 519 °C, followed sequentially by RMg3, Nd8Mg50Zn42,
AgMg4, and traces of Nd5Mg35Zn60. Finally, a small fraction
(0.001) of MgZn precipitates in the quaternary eutectic

Liquid ) HcpþAgMg4 þNd5Mg35Zn60 þMgZn
at 336 �C ð4Þ

This is marked by the Scheil solidus in Fig. 7b.

Conclusion

• The ternary intermetallic phase occurring in Mg-rich
Mg–Ag–Nd alloys is determined as ternary compound of
NdAgMg11 and the orthorhombic structure (space group
Cmcm, a = 1.02 nm, b = 1.18 nm, and c = 1.00 nm).

• A thermodynamic description of the Mg–Ag–Nd system
is developed based on these experimental data. Phase
diagram calculations of this ternary system are presented
revealing the dominating impact of NdAgMg11 on such
Mg alloys.

• The thermodynamic description is embedded in a mul-
ticomponent Mg alloy database, and the quaternary Mg–
Ag–Nd–Zn (QEZ) alloy system is studied as an example.
Thermodynamic simulations reveal the competition of
NdAgMg11 with other intermetallics when Ag is substi-
tuted by Zn in these alloys.

• Equilibrium phase formation in heat treatment is simu-
lated, revealing that NdAgMg11 is major secondary phase
in alloys ranging from QE22 to EQZ211; the content of
NdAgMg11 and other secondary phases such as RMg3,
Nd8Mg50Zn42, and AgMg4 can be controlled by selecting
the appropriate heat treatment and alloy content.

• Scheil solidification simulation of as-cast state demon-
strates that QE22 is predicted with only two secondary
phases, NdAgMg11 and AgMg3. By contrast, the
EQZ211 alloy comprises six different secondary phases:
NdAgMg11, RMg3, Nd8Mg50Zn42, AgMg4, Nd5Mg35Zn60,
and MgZn in the as-cast state.

• This knowledge is suggested to be helpful in the tailoring
of secondary phase constitution in as-cast and
heat-treated Mg–Ag–Nd–Zn (QEZ) alloys.
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Fig. 7 Scheil solidification simulation of alloys: a QE22 (Mg–2.5Ag–2.5Nd–0Zn) and b EQZ211 (Mg–2.5Nd–1.5Ag–1Zn)
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Investigation on the Microstructure
and Mechanical Properties of Mg–Gd–Nd
Ternary Alloys

Yuling Xu, Lixiang Yang, Weili Liu, Jingli Sun, Lu Xiao, Xianquan Jiang,
and Norbert Hort

Abstract
The present work deals with microstructure and mechan-
ical properties of Mg–xGd–yNd (x = 10, 15; y = 2, 5)
ternary alloys. Hardness, tensile, and compressive prop-
erties are measured on the as-cast alloys and the alloys
after solid solution treatment (T4 state). The hardness,
tensile yield stress (TYS), and ultimate tensile stress
(UTS) are increased with increasing amount of alloying
elements for both as-cast and T4 state. The elongation
(El) of alloys is lower with higher Nd content. The
compressive properties of all studied alloys are increased
by T4 treatment. With increasing of alloy concentration,
both compressive yield stress (CYS) and ultimate com-
pressive stress (UCS) of alloys are enhanced, but the
compressibility is decreased. Intermetallic compounds
which appear along the grain boundary are reduced after
T4 treatment for alloys with 2% Nd. However, large
amount of intermetallic compounds with high Nd
concentrations remains on the grain boundary of Mg–
xGd–5Nd alloys.

Keywords
Mg–RE alloy � Mechanical properties �
Microstructure

Introduction

Magnesium and its alloys as one of lightest weight structure
materials have good casting and recycling properties with low
cost [1–3]. On the other hand, the applications of Mg and its
alloys still limited, due to their defects or performance defi-
ciency [4]. The improvement of mechanical properties of Mg
alloys is becoming of key importance and challenge.

The mechanical properties of Mg alloys can be greatly
improved by adding rare earth elements (RE) [5, 6], such as
Gd and Nd, which meet the higher demands for certain
applications. Gd and Nd have different solid solubility in Mg
alloy, which are 4.41 and 0.63 at.% at eutectic temperature,
respectively [7, 8]. Wang et al. reported that the addition of
Gd to Mg–5Y–3Nd–Zr–xGd alloys caused a great
improvement in mechanical properties at both room and
elevated temperature. The UTS of alloy with 4 wt% Gd
reached 200 MPa at 225 °C [9]. The research on the
extruded Mg–6Gd–2.5Y–xNd–0.6Zr alloys by Guan et al.
has shown that Nd enhanced the mechanical properties of
Mg alloys, and the UTS of Mg–6Gd–2.5Y–1Nd–0.6Zr alloy
after ageing improved 70–350 MPa [10].

The influence of alloy element content of Mg–Gd and
Mg–Nd binary alloys on mechanical properties has been
systematically reported in the previous studies [11, 12]. The
present work deals with mechanical behaviors of Mg–Gd–
Nd ternary alloys. Mg–xGd–yNd (x = 10, 15; y = 2, 5)
ternary alloys were prepared by permanent mould direct chill
casting method. The microstructure and the mechanical
properties of those alloys at room temperature were analysed
in as-cast and after solution treatment (T4).

Experimental Procedures

Materials

Mg–xGd–yNd (x = 10, 15; y = 2, 5) ternary alloys were
investigated in this study. The cast processing was reported
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in the previous publication [11]. The chemical compositions
of all alloys were analyzed by A PerkinElmer, 7300 DV
inductively coupled plasma atomic emission spectrometer
(Table 1). All alloys were heat-treated at 530 °C for 8 h (T4
state). The billets were quenched in water (18 °C) immedi-
ately after the heat treatment.

Experimental Techniques

The metallographic specimens for microstructural observa-
tions were etched in a solution of 8 g picric acid, 5 mL acetic
acid, 10 mL distilled water, and 100 mL ethanol after
mechanical polishing. A FEI Quanta 450 (FEI Company,
Hillsboro, USA) scanning electron microscope (SEM)
equipped with energy-dispersive X-ray (EDS) analyzer was
further used to observe the microstructure at an accelerative
voltage of 20 kV. EDS was used to analyze the compositions
of different phases with a minimum live time of 50 s. The
X-ray diffraction (XRD) measurements were performed using
a 18-kW D/max-2550 diffractometer (40 kV, 450 mA) with
CuKa1 radiation (k = 0.15406 nm), at a step size of 0.02° and
a step time of 0.2 s, the Pearsons crystal database was used for
XRD results analyzing.

Vickers hardness, tension and compression tests were
measured on the as-cast and T4 state alloys. The specimens
for hardness tests were prepared by grinding with silicon
carbide emery paper up to 2500 grid. The hardness mea-
surement was carried out using a Vickers hardness testing
machine (Karl Frank GmBH) with a load of 5 kg and a dwell
time of 10 s [13]. An average of ten measurements was
made for each specimen to ensure the reproducibility of
results. Tension and compression tests were performed at
room temperature using a Zwick 050 testing machine (Zwick
GmbH & Co., KG, Ulm, Germany) according to DIN EN
ISO 6892-1 [14] and DIN 50106 [15], respectively. Tensile
specimens had a 30 mm gauge length, 6 mm diameter, and
threaded heads. The compressive specimens were cylinders
of height of 16.5 mm and diameter of 11 mm. Both tension
and compression tests were done under a strain rate of
1 � 10−3 s−1. Three parallel specimens were taken for each
group.

Results and Discussion

The SEM images of as-cast and T4 state Mg–Gd–Nd ternary
alloys are shown in Fig. 1. A large amount of continuous
equiaxed dendrites is present in the Mg matrix because of Gd
and Nd segregation during the non-equilibrium solidification
process for as-cast alloys. The amount of intermetallic phase
is increased with increasing of alloys concentration. After T4
treatment, only few intermetallic phases remain in the alloy
with 10 wt% Gd (Fig. 1a, c). It is obviously that less inter-
metallic phase is observed in Mg–15Gd–2Nd (Fig. 1b) and
Mg–15Gd–5Nd alloys (Fig. 1d); the part of the intermetallic
phases is dissolved in the Mg matrix. The intermetallic phases
in Mg–15Gd–5Nd alloys remain continuous distribution.

Figure 2 shows the typical SEM graphs of the microstruc-
ture and EDS analysis for Mg–xGd–5Nd alloys. The distri-
butions of Gd and Nd differ in different zones. Some of white
particles are observed in Fig. 2a, c, d (Point 3), a very regular
blocky shape, chosen as examples that are extremely rich in Gd
(around 20–40 at.%). For as-cast alloys (Fig. 2a, c), little Gd
and Nd (around 1 at.%) are observed in the Mg matrix (Point
1), but high Gd and Nd content (around 8 at.%) are observed at
intermetallic zone with network shape (Point 2). After T4
treatment (Fig. 2b, d), the alloy element contents both in matrix
and precipitates are increased to above 2 and 10 at.%,
respectively. The element distributions are easier observed
from the EDS mapping images corresponding to the SEM
images. The Gd concentration in blocky-shape phase is
extremely high, which was proved to be GdH2 precipitate [16].

The XRD phase analysis of the as-cast and T4 state alloys
is shown in Fig. 3a, b, respectively. The result shows that the
intermetallic phases in Mg–Gd–Nd ternary alloys are
Mg5Gd and Mg41Nd5. The amount of Mg5Gd phase
decreases after T4 treatment, especially for alloys with 10 wt
%Gd–Nd. This result also agrees with EDS mapping anal-
ysis, which is shown in Fig. 2b. The Gd randomly dis-
tributes in both matrix and intermetallic phase areas
compared with as-cast alloy (Fig. 2a). On the other hand, the
Mg5Gd phase remains in Mg alloys with 15 wt% Gd after
solid solution treatment. Due to the low solid solubility of
Nd in Mg, the diffraction peaks of Mg41Nd5 phase in both
as-cast and T4 state alloys are high.

Table 1 Chemical composition
of studied alloys

Alloys Elements content (at.%)

Gd Nd Mg

Mg–10Gd–2Nd 1.62 0.34 98.04

Mg–10Gd–5Nd 1.61 0.92 97.47

Mg–15Gd–2Nd 2.60 0.45 96.95

Mg–15Gd–5Nd 2.59 1.04 96.37
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The hardness test results of as-cast and T4 state alloys are
presented in Fig. 4. The hardness values increase from 70 to
95 kg mm−2 with increasing of alloy elements. The solid
solution treatment has little effect on the hardness of Mg–
Gd–Nd ternary alloys, especially for alloys with 10 wt% Gd.

Figure 5a, b presents the tensile and compression prop-
erties of Mg at room temperature, respectively. The yield
strength increases 80 and 45 MPa with increasing alloying
element content for as-cast and T4 state alloys, respectively.

The tensile and compressive yield strength (TYS and CYS)
of Mg–10Gd–2Nd alloy are increased after T4 treatment.
However, the TYS and CYS are decreased by T4 treatment
for other three studied alloys with higher alloy concentra-
tion. For as-cast alloys, the ultimate tensile strength
(UTS) increases from 182 to 249 MPa and the ultimate
compressive strength (UCS) increases from 280 to 387 MPa
with increasing alloying element concentration. Here, the
ultimate strength is the maximal strength during the whole

As-cast T4 state

(a)

(b)

(c)

(d)

Fig. 1 SEM images of as-cast
and T4 state Mg–Gd–Nd ternary
alloys: a Mg–10Gd–2Nd, b Mg–
10Gd–5Nd, c Mg–15Gd–2Nd,
and d Mg–15Gd–5Nd
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Fig. 2 SEM images of Mg–Gd–
Nd ternary alloys and EDS
analysis result: a as-cast
Mg–10Gd–5Nd, b T4 state
Mg–10Gd–5Nd, c as-cast
Mg–15Gd–5Nd, and d T4 state
Mg–15Gd–5Nd alloys
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strain range. After T4 treatment, both UTS and UCS are
slightly increased. The maximum tensile elongation to fail-
ure for those alloys is observed for Mg–10Gd–2Nd after T4
treatment, and the average value is 3%. The alloys with 5%

Nd have lower tensile elongation. The alloying elements
have limited effect on compressibility of Mg alloys, and the
compression rates decrease about 3% with rising of alloying
element concentration. T4 treatment greatly improves the
compressibility of Mg–Gd–Nd ternary alloys. The maximum
compression rate raises to 22% for Mg–10Gd–2Nd alloy.

The additions of Gd and Nd have positive effects on the
mechanical properties, such as hardness, yield strength, and
ultimate strength. The previous investigations have shown
that the solid solutes and intermetallic phases enhance the
mechanical properties of metallic materials. The atomic
radius follows the sequence of Mg (160 pm) < Gd
(180 pm) � Nd (182 pm) [17]. The difference in the atomic
radius can cause lattice distortion and results in strengthening
the alloys due to the solid solution strengthening. Addition-
ally, hard intermetallic phases act as obstacles to dislocation
motion. Moreover, dislocation can shear or cut softer inter-
metallic phases which increasing the dislocation density and
the strength of materials. In this case, the yield strength is
decreased by T4 treatment which reduces the concentration
of intermetallic phases. However, the fracture earlier occur-
red on the interface between the matrix and the intermetallic
phases, so that the ultimate strength and ductility of T4 state
materials are higher than that of as-cast alloys.

Fig. 3 XRD patterns of a as-cast and b T4 state Mg–Gd–Nd ternary alloys
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Fig. 4 Hardness test result of as-cast and T4 state Mg–Gd–Nd ternary
alloys

Investigation on the Microstructure and Mechanical Properties … 83



Summary

The microstructure and mechanical properties at room tem-
perature of as-cast and T4 state Mg–Gd–Nd ternary alloys are
studied. Large amount of continuous dendrites distributes on
the grain boundary in all as-cast alloys. The majority of
intermetallic phases in Mg–xGd–2Nd alloys is dissolved in
Mg matrix, and the content of intermetallic phases is
decreased in Mg–xGd–5Nd alloys after T4 treatment. Both
Gd and Nd enhance the hardness, yield strength, and ultimate
strength of Mg alloys. The T4 treatment decreases the yield
strength and increases the ultimate strength and ductility of
alloys due to the reducing of intermetallic phases.
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Recrystallization Effects on the Forming
Behaviour of Magnesium Alloy Sheets
with Varied Calcium Concentration

Jan Bohlen, Huu Chanh Trinh, Klaus Rätzke, Sangbong Yi,
and Dietmar Letzig

Abstract
The formation of strong textures with a preferential
alignment of the basal planes in the sheet plane was an
important disadvantage for the formability of magnesium
alloy sheets. Rare earth or calcium-alloying concepts
allow significant texture changes during rolling, resulting
in weaker textures, and thus improved the formability.
Such a texture development has also been associated with
retarded recrystallization. However, this retardation
affects the formability during sheet forming operations
at elevated temperature. The wrought alloy AZ31 and its
Ca-modified counterpart AZX310 are used for Nakajima
forming tests at different temperatures. The influence of
recrystallization on the sheet formability is demonstrated
along different strain paths including local microstructure
analysis. The weaker texture due to the addition of Ca
allows maintaining the improved formability, which is
counteracted by retarded recrystallization.

Keywords
Magnesium sheet � Formability � Calcium �
Recrystallization�Microstructure�Texture

Introduction

For a broader use of lightweight magnesium alloys, the
production of large-area, thin components from magnesium
sheets is envisioned. Generally, sheets are a basic form for a
metal or alloy as a semi-finished product to feed-forming

processes. While the feasibility of forming parts from mag-
nesium sheets has been demonstrated, e.g. for automotive
applications [1, 2], the forming performance using stretching
and deep-drawing processes remains a challenge. Such
drawbacks have been associated with the hexagonal lattice
structure of magnesium and all technically relevant magne-
sium alloys and a resulting limitation in the activation of
deformation mechanism. A dominance of basal slip as the
main slip mode and tensile twinning in magnesium alloys is
also seen as the reason for the development of strong tex-
tures with a preferential alignment of basal planes parallel to
the sheet plane [3–5], geometrically resulting in a limitation
of the forming ability [6, 7].

An important milestone for enhancing the formability of
magnesium sheets has been the ability to weaken the sheet
textures by alloy development. In such approaches, rare-earth
additions as well as alloying with Ca [8–10] came into the
spotlight as elements that would change the texture devel-
opment during rolling of sheets. This change is based on
variations in the activation of the ensemble of deformation
mechanisms [e.g. 11] as well as in changes in the recrystal-
lization behaviour of these alloys during thermomechanical
treatment [9, 12]. Thus, a texture-based increase of the duc-
tility and the formability of sheets has been demonstrated [6,
8]. Furthermore, it has been shown that Ca also enables such
a texture weakening in commonMg–Al–Zn alloy sheets such
as of alloy AZ31, especially when the feedstock for rolling is
twin-roll cast strip [13].

Due to the limited formability at room temperature,
forming processes of components have to be carried out at
elevated temperatures, therefore enhancing the activation of
slip systems. This also results in thermally activated re-
crystallization, which leads to a change in the initial mi-
crostructure during forming. As a softening mechanism,
recrystallization will also have an impact on the forming
ability itself which has not been specifically addressed yet.
However, alloying, especially with RE or Ca [14], itself has
also an influence on the temperature-related activity of de-
formation and recrystallization mechanisms.
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In this work, recrystallization effects during the forming
of two industrially manufactured semi-finished sheets from
the classical wrought alloy AZ31 and its Ca-modified
counterpart AZX310 are used to investigate the formability
at varied temperatures and the effect on the microstructure
development. Nakajima forming tests were used to reveal
the formability of both alloys and to determine forming
limits along different strain paths.

Experiments

Two commercial Mg sheets of alloys such as AZ31 with an
initial thickness of 1.5 mm (former Salzgitter Magnesium
Technology GmbH, SZMT) and AZX310 (POSCO) with an
initial thickness of 1.2 mm in a tempered (i.e. fully recrys-
tallized) condition have been used for the study. Initially, it is
believed that this difference in the sheet thickness, which is
likely to influence the forming behaviour [15, 16], does not
have an impact on the considerations about the microstructure
in this work. The chemical composition of the sheets is shown
in Table 1, revealing that the addition of Ca into AZX310 is
the sole difference between the alloy compositions.

Microstructure analysis was carried out by applying typ-
ical metallographic procedures on longitudinal sections of the
two sheets. Grinding and polishing are followed by etching
with a picric acid-based solution to reveal the grains [17], and
a linear intercept method has been applied to determine the
grain sizes. The same grinding and polishing procedures have
been applied on samples on the sheet surface to mid-plane for
texture measurements. Pole figures of the first six reflections
were measured up to a tilt angle of 70°. An open-source code
MTEX [18] designed for a MATLAB computing environ-
ment has been applied to recalculate the orientation distri-
bution function and enables the presentation of full pole
figures. The (0002) pole figures of the basal planes and the
(10-10) pole figures of the prismatic planes are used to
characterize the textures in this study.

Flat dogbone-shaped samples in rolling direction
(RD) and transverse direction (TD) of the sheets have been
prepared for tensile tests at ambient temperature using a
universal testing device ZWICK Z050 and constant initial
strain rates of 10−3 s−1.

Formability tests were carried out by using Nakajima
forming tests with sample geometries according to Hasek [19]

in a temperature interval of room temperature and 250 °C.
Similar to an approach in earlier works [20, 21], the samples
were scaled down from the original size to round discs with a
diameter of 100 mm. Two variations of this geometry have
been realized by semi-circular recesses from the TD, with
28.75 mm radius and 40 mm radius, respectively. Figure 3
includes a sketch of the sample shapes along with the forming
curves. With these recesses and the concurrent change in the
material deformation during the forming test, different strain
paths can be realized. This includes a biaxial “stretch form-
ing” condition which is characterized by maximum thinning
of the sheet samples, referred to as the strain path with the
“highest minor strain”. Furthermore, a plane strain condition
is considered with vanishing minor strain. Finally, a third
sample will be deformed along a strain path with basically no
thinning of the sheet samples, referred to as the strain path
with the “lowest minor strain”. The samples were clamped
with 200 kN and deformed with a hemispherical punch with a
diameter of 50 mm in a universal forming machine, Erichsen
145-60 (Erichsen, Germany). PTFE foil with a thickness of
500 µm and oiled with OKS 352 has been used as a lubri-
cation system. In situ local strain measurements on the sample
surfaces were carried out by applying a fast optical defor-
mation measuring system, ARAMIS™ (GOM, Germany)
with pictures taken by two high-resolution cameras at a
sampling rate of 12 s−1. For this purpose, the sample surfaces
were sprayed with a statistical pattern based on graphite
spray. A corresponding software has been applied to recal-
culate local true strain levels in the region of sample fracture
during the test based on the displacement of the sprayed
pattern. The resulting strain levels along the major and minor
strain directions were used to calculate forming limits for the
different sample geometries and plot a simple forming limit
curve (FLC) with the three geometries used.

Electron backscatter diffraction measurements (EBSD)
have been carried out on longitudinal sections of the sheet
samples for a more detailed local analysis of the
microstructures. A field emission gun scanning electron
microscope (Zeiss Ultra 55, EDAX/TSL EBSD system and
Hikari detector) has been used, and an accelerating voltage
of 15 kV has been applied to reveal local orientations.
A software “TSL orientation imaging microscopy analysis”
of EDAX© was used to analyze the measurements.

Table 1 Chemical composition of the sheets of this study in wt% (max. ± 0.05 wt%) as determined by spark emission spectroscopy

Alloy Mg Al Zn Mn Ca

AZ31 95.7 3.0 0.9 0.4 0.0

AZX310 95.8 2.9 0.8 0.3 0.2
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Results

Figure 1 shows the original microstructures and textures
of the two sheets of this study. Fully recrystallized
microstructures are shown with distributed precipitates
throughout the grains. The addition of Ca to AZ31 promotes
the formation of such precipitates. While in the framework
of this study, the nature of these particles is not investigated
again, and it is hypothesized that this finding is consistent
with earlier work [22] revealing stable precipitates such as
Al8Mn5 in AZ31 and Al2Ca in a Ca-modified version of this
alloy. A discussion of separating solute or particle effect will
therefore be beyond the scope of this study.

The addition of Ca clearly changes the texture of the
resulting sheets. In the case of AZ31, a typical texture with a
strong alignment of basal planes parallel to the sheet surface
is found which is often referred to as a “basal texture”. In this
texture, the angular tilt is broader towards RD rather than
towards TD. A similar tendency is found for the AZX310
sheet which reveals a much lower significance in this align-
ment, resulting in a weaker texture. An additional angular
spread towards TD with lower intensities hints towards tex-
ture components which are often found in rare-earth or
Ca-containing magnesium alloy sheets [9, 23, 24].

Figure 2 shows stress–strain diagrams from tensile tests
at room temperature for two directions, RD and TD, of the
two alloys. Typical strain hardening after a continuous
elasto-plastic transition is observed in all cases. Stress-
related anisotropic behaviour is directly visible for AZ31 but
not for AZX310. However, the fracture strain for AZX310 in
TD is rather low. These findings are also visible in the
mechanical properties in Table 2. The yield stress (TYS) for
AZ31 is higher along TD than along RD, but the reached
ultimate tensile stress (UTS) is comparable. This UTS is

slightly lower for AZX310 as well as the TYS which,
however, are not very dependent on the direction of testing.
If earlier works are considered [23, 25, 26], the anisotropy
and the yield stress will be preferentially a result of enhanced
basal slip also allowing higher strain hardening and therefore
higher uniform elongation. This is more pronounced in
AZ31 along RD (lower TYS and higher uniform strain) than
TD. In comparison, AZX310 allows earlier slip as a result of
a weaker texture, leaving lower yield stress levels and higher
uniform elongation, at least along RD. The low uniform
elongation along TD and the fact that the fracture strain is
quite similar to the uniform strain allow assuming that brittle
fracture is the more likely reason for this direction. Although
this may be counterintuitive from the weak textures point of
view, the higher amount of particles and their preferential
alignment along the RD would be consistent with this
finding. Another parameter in Table 2, the r-value is calcu-
lated as the ratio between compressive strains along the
width and the thickness of the sample (as true strains). Thus,
a higher value of r is consistent with higher strain along the
width direction as well as lower strain along the thickness
direction; i.e. thinning is restricted. Higher values and a
restriction of thinning, respectively, are preferentially found
in AZ31 and are revealed to be direction dependent. This is
not the case in AZX310 at values rather close to 1.

In Fig. 3 the forming limit diagrams (FLD) are shown for
the two alloys with test results from the Nakajima forming
tests in three different geometries. The respective data
therefore do not reveal full forming limit curves (FLC) but
only three particular values including those with highest
(biaxial forming) and lowest (no sample thinning) minor
strain as well as the plain-strain test (minor strain vanishes).
Very low values for the room temperature tests are revealed
for both alloys with two specific observations: One is that

(a) AZ31 (8 μm) (b) AZX310 (11 μm)
Fig. 1 Microstructure from
longitudinal sections of the sheets
and average grain sizes (RD
horizontal) and pole figures (RD
vertical, TD horizontal; contour
lines: 1.0, 1.5, 2.0, 3.0, 5.0, …
multiples of random distribution);
a AZ31, b AZX310
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the strain path with lowest minor strain in both cases allows
achieving higher strains compared to the strain path with
highest minor strain. Second, all strain levels of AZX310
exceed the corresponding values for AZ31. With increasing
temperature to 150 or 200 °C, respectively, for both alloys,
an increase in the strain levels is observed which is more
pronounced on the left-hand side of the FLD (negative minor
strain) rather than on the right-hand side (positive minor
strain). In result, this is visible in the form of a continuous
decrease of the strain level with increasing minor strain for
both alloys.

Furthermore, although the strain is higher along all strain
paths for AZX310 than for AZ31, the benefit is not very
significant any more at 200 °C. A further temperature
increase to 250 °C results in comparable or even slightly
lower strain levels for AZX310, whereas the situation is
more complex for AZ31. For the left-hand side of the FLD, a
decrease of the forming limit strain is found, whereas the
plain strain path and the right-hand side of the FLC show a
distinct increase in the strain. This is the only condition in
this study where a V-shaped FLC and a comparably
high-strain level on both sides of the FLD are found. In
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Fig. 2 Nominal stress–strain diagrams from tensile tests at room temperature; a AZ31, b AZX310

Table 2 Mechanical properties from tensile tests along RD and TD; standard deviation in brackets—tensile yield stress (TYS), ultimate tensile
stress (UTS), plastic strain at maximum stress (uniform elongation), and plastic strain at fracture (fracture strain) as well as the planar anisotropy at
10% nominal strain (r-value)

Alloy Direction TYS (MPa) UTS (MPa) Uniform strain (%) Fracture strain (%) r-value

AZ31 RD 154 (1) 264 (2) 16.4 (0.2) 24.6 (1.7) 1.8 (0.1)

TD 196 (1) 269 (1) 13.8 (0.6) 24.9 (0.2) 4.0 (0.2)

AZX310 RD 133 (1) 255 (1) 19.3 (0.3) 27.7 (0.6) 1.1 (0.2)

TD 139 (1) 254 (1) 13.8 (2.1) 14.2 (2.2) 1.4 (0.1)
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Fig. 3 Forming limit diagrams with edge points of the forming limit curves from uniform elongations along the strain path at various
temperatures; a AZ31, b AZX310
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summary, there is a distinct change in the forming behaviour
of AZ31 at 250 °C, whereas, at all other temperatures of
AZ31 and for all conditions of AZX310, a continuous
increase of the formability with the temperature is found
which is more pronounced on the left-hand side rather than
on the right-hand side of the FLD.

Figure 4 shows micrographs taken from longitudinal
sections of the formed samples after testing and close to the
cracking position. As the formed samples have been
water-quenched in order to stop static microstructure chan-
ges (such as static recrystallization or grain growth), it is
hypothesized that this figure collects the microstructure
development up to the forming limits at the various tem-
peratures for both alloys. Note, that for both sample

geometries shown, lowest and highest minor strain testing,
the results are qualitatively comparable.

For both alloys tested at room temperature and 150 °C, a
deformed microstructure with deformation bands and twins
is revealed. No clear new grain formation due to recrystal-
lization becomes visible anyhow. At 200 °C, an onset of
recrystallization is easily seen for AZ31 in the form of a
band-like and necklace sub-structure of new small grains.
This is less pronounced for AZX310. After testing at 250 °
C, fairly recrystallized microstructures are found for both
samples of AZ31 but not so much for AZX310 where re-
crystallization appears to be retarded.

A more detailed analysis of the degree of the recrystal-
lized microstructure is carried out using EBSD orientation

(a) AZ31 – lowest minor strain
Room temp. 150°C 200°C 250°C

(b) AZ31 – highest minor strain

Room temp. 150°C 200°C 250°C

(c) AZX310 – lowest minor strain

(d) AZX310 – highest minor strain

Room temp. 150°C 200°C 250°C

Room temp. 150°C 200°C 250°C

Fig. 4 Microstructure analysis in the vicinity of the sample crack after the forming test from longitudinal sections
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maps, exemplarily shown in Fig. 5. While the full micro-
graphs allow revealing grains and grain boundaries,
assumptions can be made over the nature of newly recrys-
tallized grains [27]. In earlier works, a constraint of the grain
orientation spread (GOS), the variation of the orientation
within one grain, has been suggested for such a purpose.
Grains that did not undergo recrystallization but experienced
active slip modes during deformation in tendency will have a
higher spread of the orientation rather than those which
underwent a nucleation and growth process in their latest
development of history. Thus, grains with low GOS (in this
study smaller than 1°) are hypothesized to be recrystallized
grains which did not experience active slip modes. For the
samples tested at 200 and 250 °C, this respective fraction of
the microstructure is collected as the fraction of recrystal-
lized microstructure in Table 3.

After testing at 200 °C, the degrees of the recrystallized
microstructure remain low, however, clearly lower for
AZX310 than for AZ31. Considerable degrees of recrystal-
lization are found at 250 °C, highest for AZ31. It can be

assumed that the forming behaviour of AZ31 at 250 °C
receives an influence from recrystallization, whereas this may
not be pronounced for AZX310.

Discussion

Using the different geometries for forming tests enables to
show the significant differences that occur if the strain path
during forming is changed. Both alloys of this study are
favourably formable along a strain path with negative minor
strain, and thus, material flows from the width rather than
from the thickness of the sample. In other words, thinning of
the sample is not favoured along this strain path. This
formability is enhanced at higher temperatures. The material
flow along this strain path is somewhat comparable to the
one in a tension test along the RD. It becomes visible in
Fig. 2 and Table 2 that AZX310 has an advantage here over
AZ31. Earlier works [23, 25, 26] confirm that the weaker
texture like in the case of AZX310 favours basal slip which

Fig. 5 Sample orientation maps
from longitudinal sections (RD
horizontal, ND vertical) after
testing samples with highest
recess (lowest minor strain) at
200 °C; a AZ31 sample with
grain boundaries, b AZ31
recrystallized grain fraction,
c AZX310 sample with grain
boundaries, d) AZX310
recrystallized grain fraction

Table 3 Fraction of
recrystallized microstructure after
testing as determined from the
fraction of grains with GOS < 1°
in the corresponding EBSD
orientation maps

Strain path Alloy Fraction of recrystallized
microstructure after testing at

200 °C 250 °C

Lowest minor strain AZ31 16.0 49.0

Lowest minor strain AZX310 6.6 34.1

Highest minor strain AZ31 23.8 39.7

Highest minor strain AZX310 11.1 29.7
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is consistent with the lower yield stress and higher uniform
strain of this alloy compared to AZ31. However, an increase
of the temperature up to 150 °C or 200 °C changes the
resulting strain if the minor strain is negative in the forming
tests in Fig. 3. A typical athermal behaviour of basal slip
(i.e. a low change of the critical stress of activation [28])
does not help to understand this behaviour but the ability to
easier activation on non-basal slip modes as well as potential
dynamic recovery can be reasons for this behaviour [29].
They are also consistent with earlier findings from elevated
temperature testing of magnesium sheets. In the case of
positive minor strain, the weaker texture of AZX310 also
promotes the impact of basal slip which does not lead to the
same enhancement of strain if the temperature is increased.
Then, a weak texture will be beneficial for room temperature
forming, but hypothetically loses its impact with increasing
temperature if compared to a material with a stronger tex-
ture. Furthermore, if dynamic recrystallization is active at
higher temperature (higher than 200 °C in this study), the
strain increase may even be reversed which is consistent
with a decrease of uniform strain in such cases [29]. In the
case of the plane strain condition and the biaxial forming
case at high minor strain, the strain levels typically remain
lower compared to the above-discussed forming case at low
minor strain. In these sample geometries, material defor-
mation is realized by thinning, especially in the stretch
forming case where thinning needs to additionally contribute
to the positive in-plane strain achieved in all directions. If
this is compared with the indications about the directionality
of material flow from the r-value in Table 2 (at room tem-
perature), AZX310 allows easier thinning of the sample
compared to AZ31 with the higher r-value. Anyway, in both
cases, the stretch formability remains low with a slight
advantage for AZX310, now explained with the weaker
texture of this material. This advantage remains visible and
is more distinct at higher temperatures up to 200 °C. Again,
the additional activation of non-basal slip can help to
motivate this behaviour as well as dynamic recovery.
However, unlike for AZ31, there is no further improvement
if the temperature is increased to 250 °C, but the perfor-
mance remains to the one at 200 °C. The one difference for
AZ31 at this temperature, however, again is the enhanced
recrystallization observed [30, 31]. Interestingly, the effect is
opposite to the one after testing with the sample geometry
for negative minor strain.

If thinning is promoted by any mechanism, e.g. by re-
crystallization in this case, it will be visible by a shift of the
minor strain levels to higher values (i.e. to the right in the
FLD, Fig. 3). This is exactly observed for AZ31 tested at
250 °C. In cases where thinning of the sample needs to be
enhanced, a resulting increase of the strain is then achieved.
In this consideration, the enhanced formability of AZ31 at

250 °C is mainly carried by enhanced dynamic recrystal-
lization which is retarded in the case of AZX310, see Fig. 4
and Table 3.

Conclusions

Sheet metal forming of magnesium alloy AZ31 leads to mi-
crostructure changes by recrystallization if the forming tem-
peratures are higher than 200 °C. For low temperatures,
enhanced activity of non-basal slip modes leads to increased
formability preferentially in cases with low or negative minor
strain. Recrystallization appears to promote the ability to
material thinning. The calcium addition (and corresponding
microstructure) reduces the tendency to recrystallization.
Although enhanced formability is found in AZX310 due to
the weak texture of the material especially in geometries that
require sheet thinning, the increase of formability with
increasing temperature is somewhat limited. Then, the tex-
ture-related benefit of enhanced formability at room tem-
perature is not increased with increasing temperature.
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Towards the Development of High Ductility
Mg–Al Based Alloys Through Second-Phase
Refinement with Trace Yttrium Additions

Konstantinos Korgiopoulos and Mihriban Pekguleryuz

Abstract
Magnesium alloys are attractive lightweight materials for
transportation industry as they offer a viable approach for
reduced CO2 emissions and fuel economy. The most
widely used alloys for automotive applications are based
on the Mg–Al system where the principal second-phase
b-Mg17Al12 provides strengthening but reduces ductility.
A key factor in widening the use of magnesium in
crashworthy components such as vehicle body applica-
tions is the availability of cost-effective Mg casting alloys
with improved ductility. Modification of the Mg17Al12 in
Mg–Al alloys via trace additions is a promising approach
to enhance the ductility while maintaining the strength.
Our research has found that only trace levels of yttrium
(Y) can modify the Mg17Al12 and improve the ductility of
Mg–6Al alloy by 63%. To elucidate the mechanism of
this refinement, different methods are used including
thermodynamic calculations, image analysis, scanning
and transmission electron microscopy.

Keywords
Magnesium � Mg17Al12-refinement � Rare-Earth �
Thermodynamic calculations

Introduction

Mg–Al based cast alloys are attractive lightweight materials
for automotive parts due to their low density, high ductility
and fracture toughness. Al addition widens the freezing
range making the alloys more castable and it improves the

strength and hardness by the precipitation of b-Mg17Al12
intermetallic. Furthermore, the optimum combination of
ductility and strength occurs for 6 wt% Al [1, 2]. Improving
the ductility of these alloys is a key factor in widening the
use of cast Mg–Al alloys in crashworthy interior automotive
components.

Mg-6 wt% Al cast alloy microstructure consists of b-Mg
solid solution (*2 wt% Al) and the Mg17Al12 intermetallic
phase in the interdendritic regions. The Mg17Al12 precipi-
tates present different morphologies such as lamellar,
fibrous, granular, divorced, or partially divorced and it
depends on the amount of Al and the cooling rate. As alu-
minum increases, the b-phase becomes less divorced [3].
The strength and ductility of cast Mg–Al alloys are governed
by the amount of b-Mg17Al12 phase and its morphology.
Increasing amount of the phase increases strength but
reduces ductility. Certain combinations of strength and
ductility can be obtained by controlling the amount of
b-Mg17Al12 in the alloy. Hence, higher ductility is possible
by lowering the Al level in the alloy which reduces the wt%
Mg17Al12, but at the expense of strength [2, 4].

The morphology, distribution, and nature (stoichiometry,
bonding, hardness, ductility) of the second phases are also
factors that influence ductility. Continuous network of
Mg17Al12 can be detrimental to ductility [5]. The sharp
corners of the eutectics can act as stress concentrators and
bulky intermetallics facilitate crack propagation.

Trace element additions have been reported to refine the
Mg alloys microstructure. Koubichek [6] identified the
refining effect of trace additions of Sr and Ca on the grain
size and the Mg17Al12 phase in Mg–Al alloys. In recent
years, more work has been carried out on the grain refining
of Mg alloys via Sr. Wang et al. [7] examined the effect of
yttrium addition to a Mg–Al–Zn (AZ91) alloy. With Y
addition, the volume fraction of b-Mg17Al12 reduced and the
phase became more dispersed with the presence of Al2Y.
Turen Y. [8] examined the effect of Sn in Mg–Al–Zn alloy
where the b-phase morphology changed from lamellar into
fully divorced leading to enhanced tensile elongation with an
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optimum at 0.5% Sn. Nd addition shows similar effect as Y
and improves ductility as it suppresses the formation of
Mg17Al12 due to the higher affinity of Al to create Al2Nd
intermetallics instead of b-phase [9]. In other studies, the
Mg–4Al based casting alloy has been modified with Ce
additions where the ductility increased due to the refinement
of the microstructure and the suppression of b-phase. Er
seems to be an effective alloying addition for the improve-
ment of the mechanical properties as it increased the duc-
tility in the Mg–Al binary system [10, 11]. However, not all
these changes led to an improvement in ductility. High
amounts of Ce (6 wt%) lead to ductility decrease because of
the formation of the coarse and brittle Al2Ce intermetallics
[12, 13]. Candan et al. results show that the addition of Ti in
AZ91 alloy suppresses the partially divorced b-phase but
without any essential change of ductility [14].

This work investigates the b-phase modification with
trace Y and its effect on the tensile properties of Mg–Al
based alloys. Thermodynamic calculations are also
employed to better understand the effect of trace additions on
the modification of Mg17Al12 precipitate.

Experimental Procedure

Mg–Al alloys with different levels of Y were prepared using a
Norax induction furnace. The raw materials used to synthe-
size the alloys were Mg ingot of 99.9% purity (Magnesium
Electron), 99.9% pure Al granules (Alfa Aesar), and 99.9%
pure Y rods (Hefa Rare Earth Canada). Pure Mg was heated
to 700 °C inside a graphite crucible under protective atmo-
sphere of CO2/SF6 gas. Consecutive additions of Al and Y
were done at 720 °C and the melt was held at temperature for
20 min. After skimming and stirring, the alloys were poured
under protective atmosphere into a boron-nitride coated steel
mold which was preheated at 400 °C. The actual composi-
tions were determined by inductively coupled plasma
(ICP) analysis (Table 1). Alloy 1 was also analyzed with
laser-ablation/inductively coupled plasma mass-spectrometry
(LA/ICP-MS) because the Y level was very low.

Tensile test samples were machined according to the
ASTM E8 standard. The elongation was measured with an

extensometer (25 mm gauge length) at 0.001s−1 strain rate.
Scanning electron microscopy investigation (SEM, Hitachi
SU3500 with an energy dispersive X-ray spectroscopy
[EDS] detector) was conducted on the as-cast and tensile
deformed samples after grinding and polishing up to 1200
grid SiC and 0.05 lm colloidal silica, respectively.
The TEM sample was prepared by focused ion beam (FEI
Helios Nanolab 660 DualBeam) and it was analyzed by a
FEI Tecnai G2 F20 Cryo-STEM microscope operating at
200 kV.

Results and Discussion

The as-cast microstructures of the four alloys (Fig. 1) as per
EDS analysis consist of Al supersaturated a-Mg matrix,
b-Mg17Al12, and Mg–Al–Mn–Fe precipitates in the inter-
dendritic regions and in the grain boundaries. In the case of
Alloys 2 and 3 (Fig. 1c, d), the Mg–Al–Mn–Fe phase is
enriched in Y and Mg–Al–Y precipitates also exist; no Y
signal is detected in the matrix. No Y was detected in Alloy
1 (Fig. 1b) neither in matrix nor in precipitates. There is also
association of Mg–Al–Mn–Fe and Mg–Al–Y precipitates
with the Mg17Al12 phase. This association could lead to the
assumption that these particles (coarse or fine) may have a
role in the nucleation of b-Mg17Al12. It is suggested that
only the fine precipitates can act as effective refiners for the
b phase.

The microstructures were analyzed using the ImageJ
software to investigate the effect of Y addition on the
refinement of the Mg17Al12 precipitate. For each alloy, an
average of 20 SEM images and 1000 precipitates were
measured. Figure 2 presents the histogram of the size of b
phase using the average precipitate size from each image.
According to these results, most of the Mg17Al12 precipitates
are in the range of 26–35 lm2 in the binary Mg–Al alloy.
When ppm levels of Y are added (Alloy 1), the b phase
becomes finer being mostly at the range of 10–15 lm2. For
higher Y additions, Mg17Al12 becomes coarser having
mostly a size of 16–25 lm2. Furthermore, the area fraction
(Fig. 3) of b phase increases in Alloy 1 and then decreases
for higher Y additions (Alloys 2 and 3). These results show

Table 1 Chemical composition
of the alloys

Target alloya

(wt%)
Designation Al (wt%) Y (ppm) Fe (wt%)c Mn (wt%)c

Mg–6Al Mg–6Al 6.23 – 0.027 0.015

Mg–6Al–0.01Y Alloy 1 6.28 0.2–1.5b 0.023 0.015

Mg–6Al–0.03Y Alloy 2 6.18 130 0.009 0.004

Mg–6Al–0.06Y Alloy 3 6.16 280 0.010 0.014
aMg: balance
bAverage from LA & AES ICP
cImpurities from raw materials
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that there is a refining effect of Mg17Al12 at ppm Y levels
which is lost at higher Y additions.

Tensile tests were conducted at room temperature (Fig. 4)
to determine the effect of Y on the mechanical properties of
the as cast alloys. Alloy 1 presents *63% increase in duc-
tility and it has the highest ultimate tensile strength
(UTS) but the yield strength (YS) is similar to the other
alloys. When Y increases, the UTS and elongation slightly

decrease in Alloy 2. In Alloy 3, the elongation slightly
increases compared to the binary Mg-6Al, but the UTS
remains similar.

For each alloy, a tensile specimen (cross section of gauge
length) was examined via SEM/EDS (Fig. 5a–d). Partially
divorced (PD) and lamellar Mg17Al12 appear in the Mg
matrix. Cracks appear mostly on the coarse partially
divorced b-Mg17Al12. It is interesting to mention that for the

Fig. 1 As cast microstructures of
Mg–Al based alloys with different
levels of Y. a Mg–6Al. b Alloy 1.
c Alloy 2. d Alloy 3
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Alloy 2 (Fig. 5c), the cracked coarse precipitates are on the
surface fracture of the tensile sample which shows why the
refinement of Mg17Al12 is essential for the ductility
improvement. A question that could arise at this point would
be if Y diffuses into b phase without creating Al–Y enriched
precipitates when it is added at low levels. This could pos-
sibly change the intrinsic properties of the precipitate mak-
ing it more ductile. Future studies could elucidate the effect
of Y in the crystal structure of Mg17Al12.

As previously mentioned, the Mg–Al–Y precipitates are
in close association with Mg17Al12 (Fig. 6a). Prelimi-
nary TEM bright field characterization of these precipitates
in Alloy 3 (Fig. 6b) shows this association. Mg–Al–Y size is
0.327 lm2 which seems to be too coarse to refine the
Mg17Al12 during solidification. TEM/EDS characterization
on Alloy 1 did not show any signal of Y so it is at this time
difficult to elucidate the mechanism of b-phase refinement in
this alloy. Future TEM investigation will focus on the
characterization of the Mg17Al12/Mg–Al–Y interface as well
as any existing orientation relationship.

Currently, non-equilibrium thermodynamic calculations
(FactSage/FTlite database-Scheil cooling) were utilized to
shed light onto the mechanism behind the refinement of
Alloy 1. According to the results (Fig. 7), Al4MgY precip-
itate forms when low levels of Y are added in the Mg–6Al
alloy. It is interesting that the forming temperature of
Al4MgY precipitate coincides with the forming temperature
of Mg17Al12 when Y is at low levels. For Y additions more
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than 50 ppm, the forming temperature of Al4MgY is higher
at the earlier stage of the solidification path. It is possible
that Al4MgY is a proper refiner for Mg17Al12 when the two
phases co-precipitate. This refinement effect is lost when
Al4MgY precipitates earlier as it becomes coarser.

Conclusions

Trace addition of Y in Mg–6Al alloy can refine the
Mg17Al12 precipitates leading to the increase of ductility and
ultimate tensile strength at room temperature. This refine-
ment effect is lost when Y level increases due to the for-
mation of Mg–Al–Y and the dissolution of Y in Mg–Al–Fe–
Mn–Y precipitates. The SEM investigation of the tensile
samples reveals that the cracks propagate through the
Mg17Al12 causing ductility loss. Preliminary TEM

characterization shows the correlation of b-Mg17Al12 with
Mg–Al–Y which is too coarse to refine the b phase. Scheil
cooling calculations show that Y additions in Mg–6Al lead
to the formation of the Al4MgY precipitate which
co-precipitates with Mg17Al12 for trace additions but it forms
at higher temperatures when more Y is added. This could
possibly explain why the refinement of Mg17Al12 is lost for
higher Y levels.
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Design of Heat-Dissipating Mg–La–Zn Alloys
Based on Thermodynamic Calculations

Hui Shi, Qun Luo, Qian Li, Jieyu Zhang, and Kuo-Chih Chou

Abstract
How to design alloys with good heat-dissipating capacity
and predict the thermal conductivities of Mg–La–Zn
alloys is an interesting and important topic. In this study,
nine alloys were designed by thermodynamic phase
diagram calculations in Mg–La–Zn system. Their com-
positions were determined by controlling phase compo-
nents and the solid solubility of Zn in a-Mg. The
temperature dependence of thermal conductivities of
as-cast Mg–xLa–yZn (x = 0.18–0.37 at.%, y = 0–2.55
at.%) alloys were investigated using flash method. Phase
compositions and microstructure of heat-dissipating Mg–
La–Zn alloys were also analyzed using X-ray diffraction
and scanning electron microscopy. Considering the
thermal conductivity of single-phase LaMg12 alloy mea-
sured in the present work, the thermal conductivities of
Mg–La–Zn alloys in the two-phase regions (a-Mg +
LaMg12) were also evaluated using the CALPHAD
method. Results indicated that the Mg–La–Zn alloys
with secondary phase (LaMg12) exhibited higher thermal
conductivity than those with s1, and the high solid
solubility of Zn in a-Mg was detrimental to the heat
dissipation of Mg alloys. Meanwhile, the calculated
thermal conductivities show good agreements with the
corresponding experimental values.

Keywords
Mg–La–Zn alloys � Thermal conductivity �
CALPHAD � Microstructure

Introduction

The Mg alloys are widely used in automotive, aircraft,
aerospace, and 3C products as the lightweight metallic ma-
terials [1–4]. But the majority of commercial Mg alloys
exhibit low thermal conductivity (� 100 W/m K) [5–7]. So
it is essential to develop new Mg-based alloys with excellent
heat dissipation. In the past decade, Mg–RE-based alloys
containing Zn elements have also aroused great interests
among researches for their good heat dissipation [8]. The
thermal conductivities of Mg–La–Zn alloys are investigated
in our work because the solid solubility of La in a-Mg is
very low [9] and the element Zn has the minimal impact on
the thermal conductivity of Mg alloys compared with other
metallic elements [10]. However, most researches obtain
alloys with good performance through trial-and-error, while
CALPHAD is a powerful method for the determination of
phase equilibria and can also be used in alloy design [11]. In
our previous unpublished work, we have already optimized
the thermodynamic database of Mg–La–Zn system, which
offers a way for designing heat-dissipating alloys.

For heat-dissipating Mg alloys, phase composition and
the solid solubility of Zn in a-Mg are the main parameters
which will have effects on the heat dissipation performance
of Mg–La–Zn alloys [12]. Therefore, the Mg–La–Zn alloys
with different secondary phase were designed based on the
phase diagram. And the thermal conductivity of these alloys
was experimentally measured. In addition, the thermal
conductivities of alloys placed in the a-Mg + LaMg12 region
were calculated using the CALPHAD method, which can
predict that of other alloys in the same two-phase region.

Experimental Details

Pure Mg (99.99 wt%), La (99.99 wt%), and Zn (99.99 wt%)
were used as raw materials to synthesize the heat-dissipating
Mg–La–Zn alloys #1–#4. The alloys were melted in vacuum
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induction melting furnace under the protection of high purity
Ar gas. The actual compositions of Mg–La–Zn alloys were
measured by inductively coupled plasma atomic emission
spectrometry (ICP-AES). The cast alloys were then analyzed
by scanning electron microscopy (SEM) for the mi-
crostructure observation.

The samples were cut from cast ingots in the form of
disks with a size of u 10 � 4 mm. The thermal diffusivity
measurements were performed by the laser-flash method
ranging from 30 to 300 °C. The density of samples was
determined using the method of Archimedes, and the
specific heat capacity of alloys was measured by NETZSCH
204HP DSC from room temperature to 400 °C. The thermal
conductivity k [W/(m K)] was calculated as follows:

k ¼ a � q � Cp ð1Þ
where a is the thermal diffusivity (mm2/s), q is the density
(g/cm3), and Cp is the specific heat capacity (J/g K)

Results and Discussion

Thermal Conductivity of Mg–Zn–La Cast Alloys

The calculated isothermal section of the Mg–La–Zn system
at 300 °C in the Mg-rich corner is shown in Fig. 1a, which
indicates that several two-phase regions exist. Based on the
aforementioned results, the intermetallic compounds,
LaMg12 and s1, equilibrate with the phase a-Mg. However,
the effect of the compounds on the thermal conductivity of
Mg–La–Zn alloys remains unclear. Therefore, four alloys
were designed in this work in order to investigate the
influence of the types and amounts of intermetallic com-
pounds on the heat dissipation. As we can see in Fig. 1a,
among these four alloys, two alloys (#1-Mg99.81La0.19 and
#2-Mg99.63Mg0.37) were located in the LaMg12 + a-Mg
region and another two alloys (#3-Mg97.44La0.18Zn2.38 and
#4-Mg97.09La0.36Zn2.55) had the same precipitation phase s1.
The temperature dependence of the thermal conductivity of

Fig. 1 a Calculated isothermal section of the Mg–La–Zn system at 300 °C in the Mg-rich corner, the temperature dependence of thermal
conductivity of as-cast alloys, b #1 and #2, c #3 and #4
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the Mg–La–Zn alloys is shown in Fig. 1b, c. The thermal
conductivity of the Mg–La–Zn cast alloys increased with
increasing temperature and decreased with increasing La and
Zn content.

Microstructures of As-Cast Mg–La–Zn Alloys

Figure 2 shows the BSE images of #1 (Mg99.81La0.19) and
#3 (Mg97.44La0.18Zn2.38). The coexistence of LaMg12 phase
in white and a-Mg in dark gray can be seen in sample #1,
and the two-phase equilibrium of s1 + a-Mg is confirmed in
sample #3. Compared with #1, the thermal conductivity of
#3 decreased remarkably, which can be attributed to the s1
phase in the sample #3. The volume fraction of LaMg12 in
sample #1 is about 2.4 mol%, similar with that of s1 in
sample #3. Therefore, both the phase s1 and LaMg12 are
detrimental to the heat dissipation performance of Mg–La–
Zn alloys. But the inhibition effect of s1 on heat transfer is
larger than that of LaMg12.

Calculated Thermal Conductivity of Mg–La–Zn
Alloys in a-Mg + LaMg12 Region

The thermal conductivity of single-phase alloy LaMg12 is
shown in Table 1. The presence of the secondary phase
LaMg12 introduces new interfaces, and the jMa+b (jth inter-
face scattering parameter) was used to describe the influence
of the second phase on the thermal conductivity. The thermal
conductivity of the alloys in a-Mg + LaMg12 region is
described by the following equation:

kaþ b ¼ na � ka þ nb � kb � na � nb
Xj

j¼0

Maþ b � ðna � nbÞ j

ð2Þ
where ka+b is the thermal conductivity of the alloys in
two-phase region, and na, nb, ka, and kb are the mole fraction
and thermal conductivity of the phase a and b. The param-
eter jMa+b can be evaluated through the experimental data.
Figure 3 shows the calculated thermal conductivities of #1
(Mg99.81La0.19) and #2 (Mg99.63La0.37) alloys in a-Mg +
LaMg12 region, in good agreement with the experimental
data in this work. Based on the database of thermal con-
ductivity in Mg–La–Zn system, the predicted thermal con-
ductivity of Mg99.5La0.5 is also shown in Fig. 3.

Fig. 2 BSE images of cast
alloys, a #1 and b #3

Table 1 Temperature
dependence of thermal
conductivity of single-phase
LaMg12

Temperature (K) 323 373 423 473 523 573

Thermal conductivity
k (W/m K)

27.95 29.96 32.10 33.39 35.46 36.68

Fig. 3 Calculated thermal conductivities of #1 (Mg99.81La0.19) and #2
(Mg99.63La0.37) alloys in a-Mg + LaMg12 region, compared with the
experimental data in this work and the predicted thermal conductivity
of Mg99.5La0.5
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Conclusions

The thermal conductivity of as-cast Mg–xLa–yZn (x = 0.18–
0.37 at.%, y = 0–2.55 at.%) alloys were measured from 30
to 300 °C. The results are summarized as follows:

(1) The calculated isothermal section of Mg–La–Zn system
in the Mg-rich corner can predict the phase composition
and phase content of as-cast Mg–La–Zn alloys, which
offers a flexible way for heat-dissipating Mg–La–Zn
alloys design.

(2) The thermal conductivities of as-cast Mg–xLa–yZn
(x = 0.18–0.37 at.%, y = 0–2.55 at.%) alloys are
greater than 120 W/(m K). The thermal conductivity of
Mg–La–Zn alloys is closely related to the temperature,
the solid solubility of Zn in a-Mg, and the composition
of secondary phase. The alloys containing the LaMg12
phase exhibit higher thermal conductivity than s1
phase.

(3) Based on the thermal conductivity of single-phase alloy
LaMg12, the calculated thermal conductivities of alloys
in the a-Mg + LaMg12 region show good agreements
with the experimental results.
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Effects of Zn Additions on the Room
Temperature Formability and Strength
in Mg–1.2Al–0.5Ca–0.4Mn Alloy Sheets

Z. H. Li, T. T. Sasaki, M. Z. Bian, T. Nakata, Y. Yoshida, N. Kawabe,
S. Kamado, and K. Hono

Abstract
We investigated the effects of Zn additions on the
mechanical properties and microstructure of Mg–1.2Al–
0.5Ca–0.4Mn and Mg–1.2Al–0.5Ca–0.4Mn–1.6Zn (wt
%) alloy sheets fabricated by twin-roll casting and
conventional hot rolling. The room temperature stretch
formability of the solution-treated alloy sheet is improved
by the addition of Zn. The Mg–1.2Al–0.5Ca–0.4Mn–
1.6Zn alloy shows an excellent stretch formability with
the larger Index Erichsen value of 8.2 mm due to a weak
transverse direction split texture. The development of the
weak texture is attributed to the uniform grain growth by
the solute segregation to the recrystallized grain bound-
aries. Subsequent bake-hardening treatment, 2%
pre-strain at 170 °C for 20 min leads to substantial
increase in strength without the loss of ductility. The
bake-hardened Mg–1.2Al–0.5Ca–0.4Mn–1.6Zn alloy
exhibits a high tensile yield strength of 235 MPa with
an elongation to failure of 27.1%.

Keywords
Magnesium alloy � Formability � Bake hardening �
Texture weakening � Recrystallization

Introduction

Interstitial free steels and 6000 series aluminum alloys have
been the materials of choice for automotive outer body panels
for over decades as they offer a premium formability during the
press-forming process and subsequently a prominent
strengthening by the paint baking cycle, i.e. bake hardenability
(BH) [1, 2]. Lightweight magnesium (Mg) alloys, especially
wrought sheets, have recently drawn considerable attention due
to the ever-growing demands for weight savings in the auto-
motive industry [3, 4]. However, the actual usage of com-
mercially available Mg sheets, such as Mg–3Al–1Zn–0.3Mn
(wt%, AZ31) and Mg–1.5Zn–0.2Ce (wt%, ZE10), is quite
limited because of their inferior mechanical properties in the
room temperature (RT) formability or strength [5, 6]. The
AZ31 alloy sheet shows a yield strength of 200 MPa, but a
poor RT formability with the Index Erichsen (I.E.) value of less
than 4 mm due to the strong basal texture; a distinct alignment
of (0002) planes parallel to the sheet plane developed during
the hot rolling [5]. The ZE10 alloy sheet, in contrast, exhibits a
weak basal texture, and thus a much higher I.E. value of over
9 mm, while the low yield strength of below 150 MPa falls far
behind the value required for the body panels [6]. To broaden
the applications of Mg alloy sheets in the automotive indus-
tries, it is essential to develop the Mg alloy sheets with a good
combination of the high-RT formability and high strength.

Mg–Al–Zn–Mn–Ca system is promising to overcome the
strength-formability trade-off as evidenced in recent studies
[7–9]. A Mg–3Al–1Zn–1Mn–0.5Ca (wt%, AZMX3110) al-
loy sheet produced by twin-roll casting (TRC) shows a good
RT formability, I.E. value of 8 mm, and yield strength of
219 MPa in the solution-treated (T4) condition [7]. Following
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the IF steels and 6xxx series Al alloys, a bake-hardenable
Mg–1.3Al–0.8Zn–0.7Mn–0.5Ca (wt%, AZMX1110) alloy
was developed by TRC and exhibits a large I.E. value of
7.8 mm in the T4-treated condition at RT due to the weak
basal texture; thereafter, this alloy can be substantially
strengthened from 177 to 238 MPa by a bake-hardening
treatment, 2% pre-strain and aging for only 20 min at 170 °C
[9]. Since the development of weak basal texture in the
AZMX alloy is mainly due to the addition of Zn, and the
segregation of Zn with Ca and Al to the dislocations as well as
the co-clustering is contributed to the strengthening by the
bake-hardening treatment [8, 9], the Zn addition critically
affects the microstructure and mechanical properties in the
AXMZ dilute alloys. The aim of this work is to clarify the role
of the Zn addition on the texture evolution and the mechanical
properties such as the stretch formability and bake harden-
ability in a Mg–1.2Al–0.5Ca–0.4Mn alloy based on the
detailed microstructure characterization.

Experimental Procedure

Alloy sheets with nominal compositions of Mg–1.2Al–
0.5Ca–0.4Mn and Mg–1.2Al–0.5Ca–0.4Mn–1.6Zn in wt%
or Mg–1.1Al–0.3Ca–0.2Mn and Mg–1.1Al–0.3Ca–0.2Mn–
0.6Zn in at.%, 260 mm wide � 4 mm thick were prepared
by TRC process. The TRC sheets were homogenized at
450 °C for 2 h in a muffle furnace and followed by water
quenching. The homogenized samples were subsequently
rolled to a thickness of around 1 mm over four passes at
100 °C, with *30% thickness reduction per pass. After
each rolling pass, the sheets were reheated at 450 °C for
5 min prior to subsequent rolling. The as-rolled samples
were subjected to a solution treatment at 450 °C for 1 h in a
muffle furnace and artificially aged at 170 °C in an oil bath.

To evaluate the stretch formability of the solution-treated
sheets, Erichsen cupping tests were performed on 55-mm2

samples using an Erichsen 111 sheet metal testing machine
with a 20-mm hemispherical punch at RT. The punch speed
and blank-holder force were around 6 mm/min and 10 kN,
respectively. Tensile tests were conducted at RT using a
screw-driven Instron 5567 tensile test machine at an initial
strain rate of 10−3 s−1. Tensile specimens with a gage length
of 12.5 mm and a width of 5 mm were machined from the
solution-treated samples along the rolling direction, RD. To
measure the bake-hardening behavior, the solution-treated
tensile specimens are initially stressed to a nominal strain of
2%, then unloaded and aged at 170 °C for 20 min, and
finally reload at RT. The difference between the flow stress
at 2% strain and the 0.2% proof strength after aging is
defined as the amount of bake hardening [10]. At least five
samples were tested to ensure reproducibility of the tensile
and Erichsen cupping test results.

MacrotexturesweremeasuredbyX-raydiffraction (XRD) in
Rigaku Smartlab 4-axis diffractometer using Cu–Ka radiation
at 40 kV with 200 mA. Pole figure data were analyzed using
ResMat Textool 3.3 software.Microstructure and microtexture
were characterized by a field emission scanning electron
microscope (SEM),Carl ZeissCrossBeam1540EsB, equipped
with an Oxford Instruments HKL Channel 5 electron
backscatter diffraction (EBSD) system. The samples for the
EBSD analysis were prepared by mechanical polishing and
subsequent ion milling in Hitachi IM4000 system. For the
quasi-in situ EBSD analysis, the samples were sealed in an Al
foil and annealed at 450 °C in a salt bath. After annealing, the
sampleswerewater-quenched and slightly polishedusingOPS.
EBSD data were analyzed using the TSL OIM 7.0 software.
Transmission Kikuchi diffraction (TKD) was used to charac-
terize the local microstructure of as-rolled samples. The TKD
was conducted in a FEI Helios Nanolab 650 SEM equipped
with a Bruker on-axis OPTIMUSTMTKDdetector. High-angle
annular dark-field scanning transmission electron microscopy
(HAADF-STEM) and energy-dispersive X-ray (EDX) spec-
troscopy analysis were carried out using FEI Titan G2 80–200
TEM operated at 200 kV. Thin foils for the TEM observation
were prepared by punching 3 mm-diameter and twin-jet
electro-polishing in a solution of 5.3 g LiCl, 11.2 g Mg
(ClO4)2, 500 ml methanol, and 100 ml 2-butoxy-ethanol at
about−45 °Cwith a voltage of90 V.Afterwards, the foilswere
cleaned using ion milling (Gatan PIPS) at 2 kV for 20 min.

Results and Discussion

Figure 1 shows nominal tensile stress–strain curves of the
solution-treated and bake-hardened (BH) AXM100 and
AXMZ1002 alloys stretched along the RD. Table 1 summa-
rizes the tensile yield strength, rTYS, ultimate tensile strength,
rUTS, elongation to failure, eT, and bake-hardening amount,
DrBH, obtained from the stress–strain curves. The solution-
treated AXM100 alloy shows the rTYS and rUTS of 149 and
234 MPa with a eT of 27.2%. The bake-hardened (BH) treat-
ment resulted in remarkable increase in the rTYS and rUTS to
202 and 251 MPa at a slight expense of eT to 25.3%. TheDrBH
of the AXM100 alloy is about 29 MPa after the bake-
hardening process, Fig. 1a. The solution-treated AXMZ1002
alloy exhibits higher rTYS and rUTS of 170 and 268 MPa but
slightly lower eT of 26.5% compared to the solution-treated
AXM100 alloy. The BH treatment resulted in substantial
increase in therTYS andrUTS to 235 and278 MPawithout loss
of the eT to 27.1%. The addition of 1.6 wt% Zn led to an
increase in theDrBH to 37 MPa,which is larger than that of the
AXM100 alloy, Fig. 1b. The stretch formability of solution-
treated AXM100 and AXMZ1002 alloy sheets are evaluated
by Erichsen cupping test at RT, and the snapshots of fractured
samples after the test are shown elsewhere [11].
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The solution-treated AXMZ1002 alloy sheet shows a large I.E
value of 8.2 mm, which is substantially higher than that of the
AXM100 alloy sheet; 6.3 mm.

Figure 2 shows inverse pole figure (IPF) maps and (0002)
pole figures of the as-rolled and solution-treated AXM100
and AXMZ1002 alloys. Note that the IPF maps were
obtained by EBSD and taken from the planes normal to the
TD, and the (0002) pole figures analyzed by the XRD were
measured from the sheet normal direction (ND). The
as-rolled AXM100 alloy shows a fraction of dark-colored
areas with a band-like shape as indicated by dashed lines,
which are regarded as shear bands, Fig. 2a. The as-rolled
AXMZ1002 alloy, in contrast, shows no obvious shear
bands but containing a large number of deformation twins
within the deformed grains, Fig. 2c. The solution-treated
samples consist of fine recrystallized grains with equiaxed
shape, and the mean grain size is 8.9 and 8.4 lm for the
AXM100 and AXMZ1002 alloys, respectively, Fig. 2b, d.
The (0002) pole figures show that the as-rolled AXM100
alloy exhibits an RD-split texture; the (0002) poles are tilted
by *15° toward the RD as well as the solution-treated
sample, Fig. 2a, b, but has a higher texture intensity. The 1.6
wt% Zn addition does not influence the texture distribution
of the as-rolled sample, which also shows a strong RD-split
texture, Fig. 2c, but significantly modifies the solution-
treated texture from the RD-split texture to the TD-split
texture; the (0002) poles are tilted by *40° towards the TD,

Fig. 2d. These results indicate that the Zn addition leads to
the development of the TD-split texture during the solution
treatment.

To reveal the texture evolution by the Zn addition, the
static recrystallization behaviors of the AXM100 and
AXMZ1002 alloys subjected to 450 °C annealing were
tracked by a quasi-in situ EBSD method [12]. Figure 3
shows the IPF maps and (0002) pole figures of the AXM100
and AXMZ1002 alloys at various annealing intervals; taken
from 0 s, the as-rolled condition, to 10 s, nearly the full
recrystallization of same sampling areas, and the corre-
sponding recrystallized grains are extracted by defining a
maximum grain orientation spread of 1°. The microstructure
and texture of the AXM100 and AXMZ1002 alloys evolve
with the increasing annealing time. The as-rolled AXM100
sample shows a number of shear bands and few recrystal-
lized grains, *1.3% of the area surveyed. The area fraction
of shear bands shows little change after 2 s of annealing, and
the fraction of recrystallized grains slightly increases
to *3.1%. However, few shear bands are observed after
annealing for 5 s, and the recrystallized area fraction sig-
nificantly increases and occupies about 27.8% of the sam-
pling area. The sample is almost fully recrystallized after
10 s of annealing with a recrystallized area fraction
of *90.1%. From the (0002) pole figures, the RD-split
texture is observed in both as-rolled AXM100 sample and
the corresponding recrystallized grains, and it remains with

Fig. 1 Nominal stress-strain
curves of T4-treated and
bake-hardened (BH) a AXM100
and b AXMZ1002 alloys

Table 1 RT tensile properties of
solute-treated (T4) and
bake-hardened (BH) AXM100
and AXMZ1002 alloys stretched
along the RD

Alloy Condition rTYS, MPa rUTS, MPa eT, % DrBH, MPa I.E., mm

AXM100 T4 149 ± 1 234 ± 3 27.2 ± 1.9 29 6.3 ± 0.1

BH 202 ± 2 251 ± 1 25.3 ± 0.5 _

AXMZ1002 T4 170 ± 1 268 ± 2 26.5 ± 1.1 37 8.2 ± 0.1

BH 235 ± 2 278 ± 2 27.1 ± 1.3 _
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increasing annealing time, which is consistent with the above
XRD results. The maximum intensity of basal poles gradually
decreases from 8.0 m.r.d in the as-rolled state to 6.4 m.r.d in
the fully recrystallized state, Fig. 3a. The recrystallization
kinetics of the AXMZ1002 alloy is much faster compared to
the AXM100 alloy; the recrystallized area fraction of about
58.9% after 5 s of annealing is about twice larger than that of
the AXM100 alloy. The (0002) pole figures of the as-rolled
AXMZ1002 sample shows a quadruple-split texture; the basal
poles are tilted by *15° towards the RD and *40° towards
the TD as well as the corresponding recrystallized grains,
which are different from the aforementioned RD-split texture.
The quadruple-split texture subsequently evolves to the
TD-split texture with increasing annealing time, and sug-
gesting the TD-split texture is produced during annealing in
the AXMZ1002 alloy, Fig. 3b.

To explore the growth behavior of recrystallized grains
with specific orientations during the annealing, the two groups
of recrystallized grains: RD-tilted texture components
(RTC) with the basal poles tilted by 10–20° towards the RD
and TD-tilted texture components (TTC) with the basal poles
tilted by 35–45° towards the TD are tracked. Figure 4a shows
the average grain size of recrystallized grains with RD- and
TD-tilted texture components in the AXM100 and
AXMZ1002 alloys as a function of annealing time at 450 °C.
The average grain size of both alloys slightly increases from 0
to 2 s annealing, and substantial grows afterwards. The
average grain size of the RTC in the AXM100 alloy increases
to *8.2 lm after annealing for 10 s, which is larger than that
of the TTC, *6.1 lm. The AXMZ1002 alloy, in contrast,

exhibits a uniform grain growth for the RTC and the TTC,
about 5.1 and 5.9 lm after 10 s of annealing, which is smaller
than those of the AXM100 alloy. Figure 4b exhibits the
recrystallized area fraction of the RD- and TD-tilted texture
components in the AXM100 and AXMZ1002 alloys as a
function of annealing time. The area fraction of each com-
ponent in both alloys shows a similar tendency as the average
grain size with increasing annealing time. The area fraction of
the RTC in the AXM100 alloy is much larger than that of
TTC after annealing for 10 s; the area fraction of RTC
increases from 1.1 to 23.7% with increasing the annealing
time from 2 to 10 s while the TTC increases from 0.6 to
10.3%. 1.6 wt% Zn additions lead to a decrease in the area
fraction of the RTC, *14.6% after 10 s annealing, which is
smaller than that of the AXM100 alloy, while the area fraction
of 19.5% in the TTC is larger than that of the RTC as well as
the AXM100 alloy.

Figure 5a shows the HADDF-STEM image and EDX
elemental maps of the solution-treated AXMZ1002 alloy.
A large number of nano-scale particles are observed within
the grains and along the grain boundaries. The EDS ele-
mental maps indicate that most of particles are enriched in
Al and Ca or Al and Mn, which are identified as Al2Ca and
Al8Mn5 phases [7]. Beside, a few undissolved Ca par
Fig. 5b exhibits the atomic resolution HAADF-STEM image
of the grain boundary indicated by an arrow in Fig. 5a and
the corresponding EDX elemental maps, suggesting that Al,
Ca, and Zn co-segregated along the grain boundary.
The EDX line scan across the grain boundary shows that the
concentration of Zn solute in the grain boundary is higher

Fig. 2 EBSD IPF maps and
(0002) pole figures of the
as-rolled and solution-treated a,
c AXM100 and c, d AXMZ1002
alloys
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than those of Ca and Al, while the Mn shows no segregation
along the grain boundary. Table 2 summarizes the solute
content in the matrix of solution-treated AXM100 and
AXMZ1002 alloys. The concentration of Al, Ca, and Mn
solutes in the matrix of the AXM100 alloy is about 0.45,
0.18, and 0.07 at.%, respectively. The AXMZ1002 alloy not
only shows a similar content of Al, Ca, and Mn solutes as in
the AXM100 alloy but also contains *0.36 at.% Zn in the
matrix.

In this work, we have investigated the effect of Zn
additions on the mechanical properties and microstructure of
the AXM100 and AXMZ1002 alloys. The AXMZ1002 alloy
exhibits a large I.E. value of 8.2 mm in the solution-treated
condition at RT and a high yield strength of 235 MPa in the
bake-hardened condition with a bake hardenability of
37 MPa, which are comparable to those of 6xxx series Al
alloys [2, 13].

The Zn addition improves the RT stretch formability of
the solution-treated sample with the I.E. value substantially
increased from 6.3 to 8.2 mm by the addition of 1.6 wt% Zn,
Fig. 1. The improved RT formability is mainly attributed to
the formation of the weak TD-split (0002) texture, Fig. 2;
therefore, a greater number of grains in the AXMZ1002
alloy are favorably oriented for basal 〈a〉 slip to activate
during the stretch forming at RT compared to the AXM100
alloy. Besides, a first-principle calculation by Yuasa et al.
suggested that prismatic 〈a〉 slip could occur more easily by
the addition of Zn in the Mg–Ca alloy [14], and the recent
experiment by the EBSD-assisted slip trace analysis also
identified that the AXMZ1002 alloy shows the enhanced
activity of prismatic 〈a〉 slip during the stretch forming
compared to the AXM100 alloy [11]. Thus, we can conclude
that the improved stretch formability by the Zn addition is
attributed to the development of the TD-split texture as well

Fig. 3 Quasi-in situ EBSD IPF
maps and (0002) pole figures of
the as-rolled samples
recrystallized at the various
annealing intervals and the
corresponding recrystallized
grains extracted by defining a
maximum GOS of 1°. a AXM100
and b AXMZ1002 alloys

Fig. 4 a Average grain size and
b recrystallized volume fraction
of RD-tilted and TD-tilted
recrystallized texture components
as a function of annealing time in
the AXM100 and AXMZ1002
alloys
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as the activation of the non-basal slip as mechanisms to
accommodate the deformation along the thickness direction.

The formation of the TD-split texture by the Zn addition is
tightly bound up with the recrystallization during the solution
treatment since both AXM100 and AXMZ1002 alloys show a
similar RD-split texture in the as-rolled condition, Fig. 2.
Quasi-in situ EBSD analysis shows that the AXM100 alloy
maintains the RD-split texture throughout the recrystallization
process, while the TD-tilted texture components are devel-
oped even in the as-rolled AXMZ1002 alloy and becomes
stronger with the progress of recrystallization, Fig. 3. Since
the deformation texture is determined by the different defor-
mation mechanism operating during hot rolling, detailed
studies by Kim et al. indicate that the compression or double
twins formed in deformation bands can induce the splitting of

basal poles toward the RD [14]. The recent work shows that
the double twins are prominent in both as-rolled AXM100
alloy and AXMZ1002 alloy, leading to the formation of the
RD-split texture [11], while the enhanced activation of pris-
matic 〈a〉 slip in the AXMZ1002 alloy might be responsible
for the development of the TD-tilted component as mentioned
above. The increased double twins and prismatic 〈a〉 slip may
also improve the stored energy of hot rolling, giving rise to the
faster recrystallization kinetics in the AXMZ1002 alloy. As
the recrystallized grains with the RD-tilted texture in the
AXM100 alloy shows a faster growth than the TD-tilted
components, Fig. 4, the preferential growth of these recrys-
tallized grains would largely preserve the deformation texture;
the RD-split texture as evidenced in other conventional Mg
alloys, e.g. AZ31 alloy [15]. The AXMZ1002 alloy, in

Fig. 5 a Low magnification HAADF-STEM image and correspond-
ing STEM-EDX elemental maps of Al, Ca, Mn, and Zn in the
T4-treated AXMZ1002 sample, b atomic resolution HAADF-STEM
image of the grain boundary indicated by an arrow in (a) and

corresponding STEM-EDX elemental maps of Al, Ca, and Zn, and
c the compositional profile across the grain boundary indicated by a
solid line in (b)

Table 2 STEM-EDS results
obtained from the matrix of
T4-treated AXM100 and
AXMZ1002 alloys

Alloy (at.%) Al Ca Mn Zn Mg

AXM100 0.45 ± 0.01 0.18 ± 0.01 0.07 ± 0.02 – Bal.

AXMZ1002 0.51 ± 0.02 0.19 ± 0.01 0.08 ± 0.01 0.36 ± 0.02 Bal.
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contrast, exhibits a more uniform growth of recrystallized
grains, leading to the TD-split texture evolved during the
static recrystallization. Since the preferential growth of
RD-tilted recrystallized grains is normally due to the
high-energy grain boundaries; resulting in high boundary
mobility [16], the strong co-segregation of Zn with Ca and Al
atoms to the grain boundaries in the AXMZ1002 alloy may
reduce the boundary energy and restricts the fast growth of
recrystallized grains along the grain boundaries, Fig. 5.
Therefore, the Zn addition plays an important role in pro-
moting the uniform grain growth, leading to the formation of
the TD-split texture. The similar viewpoint has also been
reported in the recent studies [12, 17]. However, a clear cor-
relation between the orientation of the TD-tilted component;
c-axis tilted 30-45 away from ND to the TD, and the nucle-
ation sites of recrystallized grains remain to be clarified in the
future work.

The addition of Zn leads to the increase in the bake
hardenability; the DrBH of 37 MPa by 2% pre-strain and
aging at 170 °C for 20 min in the AXMZ1002 alloy is larger
than that of the AXM100 alloy, 29 MPa, and even compa-
rable to the reported 6016 Al alloy sheet, 35 MPa [2]. This is
owing to the dissolution of 0.36 at.% Zn atoms in the matrix
of the AXMZ1002, Table 2, which contributed to the solute
segregation along the dislocations and the formation of
nano-clusters with the Ca and Al [9]. Considering other
factors that affect the bake hardenability, e.g. dislocation
density, grain size, etc. [18], although the Zn addition does
not change the average grain size, about 8.9 and 8.4 lm for
the AXM100 and AXMZ1002 alloys, respectively, the tex-
ture modification by the addition of Zn would affect the
activation of dislocations during the pre-strain along the RD
and thus may influence the dislocation density before bak-
ing. Future work needs to shed light on the effect of texture
distribution on the dislocation density during the pre-strain.

Summary

In this work, the effect of Zn additions on the microstructure
and mechanical properties was thoroughly investigated.
A large I.E. value of 8.2 mm with a high tensile yield strength
of 235 MPa is achieved in the developed Mg–1.2Al–0.5Ca–
0.4Mn–1.6Zn (AXMZ1002) alloy. The addition of 1.6 wt%
Zn to the Mg-1.2Al-0.5Ca-0.4Mn (AXM100) alloy results in
a significant RT formability improvement; I.E. value increases
from 6.3 to 8.2 mm in the solution-treated samples due to the
texture weakening and enhanced activity of prismatic 〈a〉 slip
during the stretch-forming process. The development of
TD-split texture is the uniform grain growth by the strong
solute segregation along the grain boundaries.
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An Investigation into the Role of Dislocation
Climb During Intermediate Temperature
Flow of Mg Alloys

Michael A. Ritzo, Jishnu J. Bhattacharyya, Ricardo A. Lebensohn,
and Sean R. Agnew

Abstract
Textured Mg alloy sheet samples were tensile tested
parallel to the transverse direction, at Zener–Hollomon
parameter values ranging from Z * 50 at room temper-
ature and 10−3 s−1 down to Z * 18 at 350 °C and
10−5 s−1. At high Z, the samples exhibit strong texture
evolution indicative of significant prismatic slip of
dislocations with <a> Burgers vectors. Correspondingly,
the plastic anisotropy is high, r * 4. At low Z, the
texture evolution is minimal and the response is nearly
isotropic, r * 1. Previously, it has been asserted that the
high ductility and low plastic anisotropy observed at low
Z conditions is due to enhanced activity of non-basal slip
modes, including prismatic slip of <a> dislocations and
pyramidal slip of <a> and <c+a> dislocations. The pre-
sent results call this understanding into question and
suggest that the enhanced ductility is more closely
associated with the climb of <a> dislocations.

Keywords
Texture � Anisotropy � Dislocation � Climb � Glide

Introduction

The use of polycrystal plasticity modeling has radically
changed our understanding of the deformation of hexagonal
close-packed (hcp) Mg alloys. Historically, it was believed
that non-basal slip was not a significant contributor to the
deformation of polycrystalline Mg alloys, unless the tem-
perature was in excess of 200 °C [e.g., 1]. Since that time, it
has been repeatedly shown that non-basal slip of <a> dis-
locations is surprisingly active in textured Mg alloy poly-
crystals, even at room temperature [e.g., 2]. Evidence in
support of this fact are the observed high r-values of tensile
tested Mg alloy sheets with strong basal textures, as well as
the evolution of that texture toward one which exhibits near
sixfold symmetry in the prismatic pole figure. Along with
this new understanding of the low temperature deformation
came another surprising revelation. The relative activity of
non-basal <a> slip could not continue increasing at elevated
temperatures because the r-values were shown to decrease
with temperature, not increase. Furthermore, the character-
istic sixfold feature in the prismatic pole figures becomes
weaker, not stronger.

A possible solution to the problem was offered in terms of
pyramidal <c+a> slip, which provides the hcp crystals with
a way to accommodate compression along their c-axes [e.g.,
3]. It was shown that increasing the activity of <c+a> slip
would lead to a reduction in r-value (and even a reduction in
the intensity of the sixfold symmetric texture), in agreement
with what is observed during higher temperature deforma-
tion. It was reasonably concluded that increased temperature
must lead to increased activity of this thermally activated
deformation mechanism. This hypothesis has become widely
accepted, leading to a worldwide focus on better under-
standing the behavior of these unusual <c+a> dislocations,
which have a Burgers vector which is nearly twice as large
as that of the common <a>-type dislocation [e.g., 4–6].
Researchers have furthermore come to accept the notion that
increasing <c+a> slip activity may hold the key to
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unlocking potential ductility of Mg alloys [7–9]. The notion
that <c+a> slip occurs is not in question, because both tex-
ture data and TEM investigation have repeatedly shown
evidence for this slip mode. However, the idea that increased
temperature leads to greatly increased <c+a> slip activity is
not strongly supported by the data.

In this paper, we propose an alternative explanation for
the changes in r-value and texture evolution, which are
observed at elevated temperatures. It is hypothesized that the
climb of <a> dislocations (rather than slip of non-basal
dislocations) is responsible for the reduced r-values, altered
texture evolution, and even improved ductility of textured
Mg alloys which is observed at elevated temperatures. The
notion that dislocation climb becomes more important at
elevated temperatures is not at all revolutionary. However, it
has only recently become possible to explore the effect that
dislocation climb will have on the anisotropy and texture
evolution of textured polycrystals. Along with collaborators,
one of the co-authors developed a viscoplastic self-
consistent (VPSC) polycrystal modeling code, which
accounts for the non-conservative (climb) motion of dislo-
cations [10, 11].

We begin by providing a brief introduction to the model,
followed by a description of experimental methods and
results which highlight the effects we are hoping to explain,
and then enumerate simulation results which illustrate that a
model which accounts for dislocation climb mediated flow
can provide a satisfactory explanation for observed transi-
tions in both anisotropy and texture evolution. Only tensile
deformation of a well-studied case, basal textured Mg alloy
AZ31B sheets is considered in this preliminary study. This
avoids the complexity of simultaneous consideration of
dislocation motion and deformation twinning-mediated
plasticity. Only tensile deformation parallel to the sheet
transverse direction is considered because previous studies
have revealed this direction exhibits the most contrast with
respect to the temperature-dependent phenomena of interest.

Modeling Background

Crystal plasticity models generally consider dislocation glide
and twinning [12, 13] as the only dissipative processes. In
addition, both slip and twinning are assumed to be governed
the generalized Schmid law, which computes the resolved
shear stress on a slip system as follows:

s ¼ m :r ð1Þ

where m ¼ sym b̂� n̂
� �

is the Schmid tensor, which
resolves the grain-level stress r onto the slip plane and in the
slip direction [e.g., 14]. The role of cross-slip is usually
loosely connected to the process of dynamic recovery [15],

and dislocation climb is for the most part disregarded.
Lebensohn et al. [10] generalized the connection between
stress and dislocation motion, beyond the Schmid law of
Eq. 1. by appealing to the full Peach–Koehler relationship,

f ¼ r � bð Þ � t̂ ð2Þ

where b is the Burgers vector and t̂ is the dislocation line
direction. The forces which drive dislocation glide can then
be parsed from those which drive climb. The force which
drives glide is nothing other than the Schmid stress times the
magnitude of the Burgers vector.

f g ¼ r � bð Þ � t̂
� � � v̂ ¼ r: b̂� n̂

� �� �
bj j ð3Þ

where v̂ is the direction of dislocation glide (orthogonal to
the line direction). On the other hand, the climb force is
resolved along the glide plane normal direction.

f c ¼ r � bð Þ � t̂
� � � n̂ ¼ � r : b̂� v̂

� �� �
bj j ð4Þ

Notably, the glide force only depends upon the deviatoric
stress (the addition of pressure has no effect), whereas the
climb force depends on the full stress tensor. For dislocation
glide, the dyadic cross product b̂� n̂ can be decomposed
into symmetric (strain, m) and antisymmetric (rotation, q)
components. Indeed, this slip-induced rotation is the basis of
texture evolution during glide. For climb, the analogous
tensor, b̂� v̂, can be decomposed into symmetric strain
(k) and rotation (r) components. The distinct types of strain
and rotation associated with climb and glide provide a means
by which their contributions to the deformation may be
parsed. For example, the strain rate within a crystal under-
going glide and climb may be expressed as a function the
applied stress as follows.

_e ¼
X

s

ms f s

sscb
s

� �ng

signðm:rÞ

þ
X

s

ks
f c

rcbs

� �nc

signðk:rÞ
ð5Þ

Although it is not a focus of the present work, it is
mentioned that the code incorporates an adaptation in which
Lebensohn et al. [11] expanded the model to account for the
“chemical” (or osmotic) force due to the non-equilibrium
vacancy concentration that will develop in the vicinity of the
climbing dislocations which was expressed as follows:

f chem ¼ kT
X

ln
c

c0;PT

� �
I : b̂� v̂
� �� 	

bj j ð6Þ

where k is Boltzman’s constant, X is the atomic volume, c is
the vacancy concentration near the dislocation, c0;P;T is the
equilibrium vacancy concentration at the given pressure and
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temperature, and I is the identity matrix. The relationship is
further complicated by the fact that one must track the
character of dislocations in order to implement the climb
model. Indeed, the “climb strain tensor,” k ¼ sym b̂� v̂

� �
,

can be expressed in terms of the angle between the Burgers
vector and line direction.

In this study, the experimentally measured texture is used
as an input and boundary conditions appropriate for uniaxial
tension parallel to the sheet transverse direction (TD) are
imposed. The parameters which were explored include the
relative critical resolved shear strengths (s) of the basal <a>,
prismatic <a>, and pyramidal <c+a> for a number of glide-
only cases. Upon determining which cases were most rele-
vant, we then explored the effect of incorporating climb
of <a> dislocations. The outputs presently under consider-
ation are the r-value and the evolved texture after TD ten-
sion. The power-law exponents employed in this study were
fixed at ng ¼ 20 and nc ¼ 3, though further exploration of
the effects of these parameters on the constitutive response
and texture evolution is merited.

Experimental Methods

Mg alloy AZ31B sheet with 1 mm thickness was provided by
the former Magnesium Elektron North America, part of the
Luxfer group. The samples were examined in the O temper,
which involves warm rolling followed by annealing at 340 °
C for 1 h. The microstructure of the samples had been
examined in previous study and found to be comprised of
equiaxed grains with a lineal intercept grain size of � 8:3�
0:1 lmwith only occasional twins from the prior deformation
[16]. The texture is measured using X-ray diffraction from the
sheet midplane, both before and after deformation, using a
Panalytical X’pert Pro MPD diffractometer, as described
previously [16]. The texture analysis and graphing were
performed using the MTEX toolbox for MATLAB.

Tensile samples with a test geometry developed for
examining the superplastic behavior of sheet metals [17]
were cut from the sheets using electrodischarge machining.
The effective gage section of the samples is approximately
38 mm long by 6 mm wide. The r-values were measured as
the ratio of the logarithmic true plastic strains along the
width and thickness directions, after deforming the samples
to a plastic strain of 0.08–0.12 along the TD. One test of the
accuracy of the strain measurements was to examine volu-
metric strain implied, and since plasticity is known to be
volume constant, only those measurements with implied
absolute dilatation of less than *0.005 were retained in the
final analysis.

Tensile tests were performed at temperatures ranging
from room temperature up to 350 °C, at strain rates ranging

from 1E-5 s−1 up to 1E-3 s−1. The tensile test data were
analyzed in terms of the flow stress measured at a plastic
strain of 0.10. The test conditions were chosen in order to
obtain a wide range of Zener–Hollomon parameter, Z, also
known as the temperature compensated strain rate:

Z ¼ _e exp
Q
RT

� �
ð7Þ

where Q is the activation energy and R is the universal gas
constant. Sellars and Tegart [18] suggested a hyperbolic sine
function would describe the relationship between rate and
flow stress over a wide range of hot working and creep
conditions.

Z ¼ A sinh arð Þf gn ð8Þ
At low stress (or Z) conditions, this relationship is

asymptotic to a simple power-law indicative of high tem-
perature creep, whereas it is asymptotic to an exponential
function of stress at high stresses, which is typical of ther-
mally activated slip. That is, it does a reasonably good job of
describing both the power-law and power-law breakdown
regimes. The empirical parameters A, a, n, and Q were
obtained by least squares nonlinear regression.

Experimental Results

Figure 1 presents the flow stress during uniaxial straining
parallel to the TD, at a tensile plastic strain of 0.10, plotted
as a function of the Zener–Hollomon parameter, Z. Super-
imposed on the experimental data is a best-fit Sellars–Tegart

Fig. 1 Plot of log-stress versus log-Z (where Z is the
temperature-compensated strain rate or Zener–Hollomon parameter,
with a best-fit activation energy of *140 kJ/mol
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function (Eq. 8), where the stress exponent n = 3.8. Such a
value suggests that the rate-controlling deformation mecha-
nism is dislocation climb at conditions of Z * 24 or less.
The transition to rate-insensitive plasticity (or power-law
breakdown) occurs over the range of 24� Z � 40. At higher
Z levels, the plasticity is clearly rate-insensitive, and even
the Sellars–Tegart function fails to describe the flow stress
well. As such, the focus of this study is placed upon
examining the texture evolution and strain anisotropy over
these three Z-value regimes (low, intermediate, and high).

Figure 2 presents the r-value measured at a plastic tensile
strain of 0.08–0.12 and plotted as a function of applied Z. As
was observed above, there are three regimes, a low Z regime
in which the r-value is close to 1 (near plastic isotropy), an
intermediate regime, and a high Z regime in which the r-
value is *3.5. It is notable to the present authors that the
transitions in r-value occur at nearly the same points that the
constitutive relationship between flow stress and applied
Z exhibits transitions. Specifically, under conditions where
the constitutive modeling suggests the onset of significant
strain accommodation by dislocation climb, the r-value
begins to decrease.

Finally, the crystallographic texture and its evolution after
tensile deformation within each of the aforementioned Z-
regimes are presented in Fig. 3. Note that a near sixfold
symmetry develops in the prismatic 1010

� �
pole figures,

within the high Z regime, which is indicative of significant
activity of the prismatic slip of <a> dislocations. This

significant non-basal slip of <a> dislocations has been used
to explain the observed high r-values of this basal textured
sheet material [2]. As the temperature is increased (and Z-
value is correspondingly decreased), the texture evolution
undergoes a transition, whereby this characteristic sixfold
symmetry fades and then disappears. In the low Z regime,
where the r-value is approaches 1, the prismatic 1010

� �
pole

figure exhibits radial symmetry.

Modeling Results

Numerous authors have explored the effects of varying the
critical resolved shear stress (CRSS) ratios of basal, pris-
matic <a>, and pyramidal <c+a> slip can have on the r-
values and texture evolutions [e.g., 19]. Here, we present a
succinct review of those effects and add to it the effect of
climb of basal <a>-type dislocations. For the present basal
texture, the predicted r-values after simulations up to a
plastic strain of 0.20 are presented in Fig. 4. The region
colored aqua includes r-values typical of the present study at
high Z (low temperature). The regime where the ratio
between strength of <c+a> and prismatic slip *1 is where
the r-values approach 1. The portion of the figure where <c
+a> is much softer than prismatic slip is viewed as unfea-
sible (and colored black).

The simulated textures after a TD tensile strain of 0.20 are
presented in Fig. 5. (Note, the reader should exercise caution
in comparing the absolute intensities of the simulated and
experimental pole figures, because the discretized texture
employed in the simulations only contains 2000 orientations
and a kernel half-width of 9° was used within MTEX for
recalculating the ODF.) The first texture is typical of the
high Z regime, where prismatic slip is quite active and the r-
value is high. The second texture is typical of what happens
if the CRSS for <c+a> slip is reduced sufficiently to induce
an r-value near 1. Notably, the sixfold symmetry in the
prismatic pole figure remains, and in some cases (only slight
in the present case), the basal pole figure exhibits splitting
toward the TD. Finally, a case is shown in which the pre-
dicted r = 1.2 and the predicted prismatic pole figure exhibit
radial symmetry, both of which are features that match what
is observed experimentally (see Figs. 2 and 3). Surprisingly,
despite having a higher critical (normal) stress for climb, as
compared to the CRSS values for glide on any slip system,
climb was shown to accommodate 80% of the strain in this
example where the r-value and texture evolution match that
observed experimentally. Only when the activity of pris-
matic <a> slip is reduced to a low level (nil) is the appear-
ance of the sixfold symmetry in the 1010

� �
pole figures

eliminated.

Fig. 2 r-value (ratio of the width strain to the thickness strain) for
samples of textured Mg alloy, AZ31B, sheet material tested parallel to
the sheet transverse direction (TD) at the aforementioned temperatures
and strain rates (see Fig. 1). The dotted curve is merely to guide the
eye, but suggests three mechanistic regimes at low, intermediate, and
high Z values
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Fig. 3 Crystallographic textures of samples of textured, commercial Mg alloy AZ31B sheet material tensile tested parallel to the sheet transverse
direction (TD) at the conditions listed in the figure
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Discussion

Dislocation climb and cross-glide are obviously relevant to
applications involving creep, load relaxation (such as
bolt-load retention), and hot/warm forming operations.
However, there are vast fundamental unknowns, since much
of the current thinking about the warm deformation of Mg is
dominated by considerations of which dislocation glide
mechanisms are operative, deformation twinning, and grain
boundary sliding [20, 21], despite the fact that the measured
constitutive response of Mg and its alloys frequently exhibits
power-law type constitutive behavior [e.g., 22]. Rarely have
crystal plasticity modelers considered these aspects, though
the work of Staroselsky and Anand [23], notably considered
the possible role of grain boundary sliding. Here, it has been
hypothesized that the behavior of Mg alloys (flow strength,
ductility, formability, etc.) could be as much controlled by
thermally activated motion of dislocations out of their glide
planes as it is by glide motion.

It is further noted that the interplay between cross-slip
and climb is subject to controversy. Historically, there has
been significant opposition to the notion of cross-slip con-
trolled creep [24]. In fact, a recent monograph on creep
suggests that though the issue has not reached consensus, “it
is widely accepted that the activation energy for [power law]
creep closely corresponds to that of lattice self-diffusion”
[25]. However, Poirier [26] advances the very reasonable
notion that cross-slip of screw dislocations and climb of edge
(and mixed) dislocations are mechanisms that must occur in
parallel. There have been strong arguments, based upon
experimental evidence, that Mg [27], Mg-Al [28], and very
recently a Zr alloy [29] undergo cross-slip controlled

creep. On the other hand, while it is accepted that cross-slip
of <a> dislocations from the basal plane onto the prismatic
plane may be the rate-controlling mechanism at some tem-
peratures, Couret and Caillard [30] assert that cross-glide
cannot be controlling at the highest temperatures, as previ-
ously claimed [e.g., 27,28], because their in situ TEM results
show cross-glide to be very easy at those temperatures.
Instead, they hypothesize cross-slip control at intermediate
temperatures and [c] dislocation climb control at the highest
temperatures.

Indeed, there are a large number of thermally activated
deformation mechanisms which can be rate controlling, in
the case of hexagonal close-packed Mg and its alloys,
depending upon (at least): temperature, applied stress level
(or strain rate), and the state of stress. These mechanisms
include: climb of basal <a> and non-basal [c] dislocations;
glide of the harder, non-basal dislocations (e.g., pyramidal
glide of <c+a> dislocations); grain boundary sliding; and
diffusional flow. The higher stress conditions presently of
interest ensure that diffusional flow will not be controlling.
However, the other mechanisms are real candidates. Curi-
ously, dislocations with [c] Burgers vectors have been dis-
cussed far less in the recent literature. One reason is the fact
that there is no loading condition that will favor the glide of
these large Burgers vector dislocations over <a> type dis-
locations. However, past investigations of Edelin and Poirier
[31] found climb of basal dislocation loops with [c] Burgers
vectors to be the controlling mechanism, during c-axis
compression of single crystals, rather than glide of <c
+a> dislocations. These ideas undergird the present
hypothesis that climb may sometimes obviate the need for
hard dislocation slip.

Conclusions

Measurements of the flow stress, r-values, and texture evo-
lution during TD tension of basal textured Mg alloy AZ31B
sheets have revealed three behavioral regimes corresponding
to low (Z\24Þ, intermediate (24� Z� 40Þ, and high
(Z[ 40Þ rate regimes. Simple constitutive modeling reveals
the behavior within each of these regimes to be characteristic
of power-law creep, power-law breakdown, and thermally
activated plasticity, respectively. Within the high Z, ther-
mally activated plasticity regime, non-basal slip of <a> dis-
locations is shown to prevail and explains the widely
observed high r-values and the sixfold symmetry which
develops within the 1010

� �
pole figures. A new crystal

plasticity model, which incorporates the strain and reorien-
tation characteristic of dislocation climb, is used to show that
the transitions in both the r-value and texture evolution can
be described if one accounts for dislocation climb of

Fig. 4 r-values plotted as a function of CRSS ratios ranging from 1 to
8 for slip of <c+a> and prismatic <a> dislocations
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basal <a> dislocations. The present report only scratches the
surface, and numerous areas remain to be explored, such as
the possible roles of other climb modes and the possible
effects distinct rate sensitivities of the various climb and glide
modes.
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Deviations from Theoretical Orientation
Relationship Along Tensile Twin Boundaries
in Magnesium

B. Leu, M. Arul Kumar, Y. Liu, and I. J. Beyerlein

Abstract
Deformation twinning is a prevalent mode of plastic
deformation in hexagonal close packed (HCP) magne-
sium. Twin domains are associated with significant lattice
reorientation and localized shear. The theoretical misori-
entation angle for the most common 1012

� �
tensile twin

in magnesium is 86.3°. Through electron backscatter
diffraction characterization of twinning microstructure,
we show that the twin boundary misorientation at the twin
tips is approximately 85°, and it is close to the theoretical
value only along the central part of the twin. The
variations in twin/matrix misorientation along the twin
boundary control the twin thickening process by affecting
the nucleation, glide of twinning partials, and migration
of twinning facets. To understand this observation, we
employ a 3D crystal plasticity model with explicit
twinning. The model successfully captures the experi-
mentally observed misorientation variation, and it reveals
that the twin boundary misorientation variations are
governed by the local plasticity that accommodates the
characteristic twin shear.

Keywords
Deformation twins � Misorientation � Crystal
plasticity � Local stresses � Magnesium

Introduction

Due to the scarcity of easy dislocation glide systems, de-
formation twins play a dominant role in the accommodation
of plastic deformation of Mg and its alloys [1]. The forma-
tion and growth of twins create new sub-grain boundaries [2,
3], and characteristics of these boundaries control the local
stresses and interactions with defects [4–7]. In this way, it
significantly affects the mechanical properties of polycrys-
talline metals [8–11]. Thus, understanding the characteristics
of twins and its boundaries is crucial for microstructure
design and processing of advanced Mg alloys. In pure Mg,
1012

� �
tensile twins are the most common twin to be

activated when the c-axis of the crystal is subjected to
elongation [2]. All twins are associated with a characteristic
lattice misorientation and twinning shear. For 1012

� �
tensile

twins in Mg, the twin/matrix misorientation angle is 86.3°
about \1120[ axis [12]. Very often, this theoretical
relationship is used to identify twins within a deformed Mg
microstructure.

Recently, the deviation in this twin/matrix orientation
relationship was characterized by electron microscopy in
several studies [13–18]. For example, Li and Zhang [15]
showed that the misorientation angle of 1012

� �
tensile twin

can range from 84° to 97° in Mg alloys rather than the
theoretical value of 86.3°. They argued that the local atomic
shuffling is the responsible for this deviation. Zhang et al.
[16] also observed an approximately 4° deviation in the
twinning misorientation relationship, and they ascertain this
deviation as a result of local dislocation–twin interactions.
Similar observations have been reported for other twin types,
like 1011

� �
compression twins, and also in other material

systems, like Ti and Co [17, 18]. Other proposals for this
deviation in the twin/matrix misorientation in the existing
literature include strain accommodation, twin–slip interac-
tions, twin–twin interactions, and local atomic shuffling.
These phenomena collectively are external factors that may
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contribute to the development of variation in the twinning
misorientation relationship. The question still remains on
whether the underlying mechanism could instead be intrin-
sic. The origin of this deviation would be important as there
is the potential that it could affect further twinning processes,
such as twin boundary migration.

To address these questions, in this work, first we exper-
imentally measure the twinning misorientation along
1012

� �
tensile twins in HCP pure Mg. We observe similar

deviations in the twin orientation relationship; that is the
misorientation at the twin tip is approximately 1.5° lower
than that of the middle. To interpret and quantify the effect
on twin boundary migration, we employ a crystal plasticity
fast Fourier transform (CP-FFT) model with the ability to
model subgranular twin lamella explicitly [19, 20]. Using
this model framework, we found that the accommodation of
intrinsic twinning shear by dislocation plasticity can explain
the observed variations in the twin/matrix misorientation.
We also find that these deviations are associated with vari-
ations in the local stresses. Interestingly, these local stresses
favor the formation of P/B facets and thus may help to
migrate the twin boundaries, and eventually thicken the
twins.

Experimental Characterizations

Commercial purity polycrystalline Mg is used in this study.
The material has a strong basal texture resulting from prior
rolling. To activate 1012

� �
tensile twins, Mg material is

subjected to compression at 10−3/s strain-rate along an
in-plane direction at room temperature. To activate a suffi-
cient number of twins, sample was compressed to 1% strain.
The deformed microstructure was imaged using electron
backscatter diffraction (EBSD) technique with a step size of
0.25 lm. An EBSD image of a representative region of the
deformed Mg with the activation of several tensile twins is
shown in Fig. 1a.

From these twins, we analyze further the twins that have
terminated inside the grain, and not at the grain boundary.
Those that terminate at grain boundaries could have their
morphology affected by the properties of the neighboring
grain. Figure 1b–d displays three different twins and the
corresponding measured misorientation angle along the twin
boundaries. For reference, the theoretical value is shown as a
dashed line. For all three twins shown in Fig. 1, the mea-
sured misorientation angle in the middle of the twin away
from the twin tip is close to the theoretical value. In contrast,
at the twin tips, the misorientation angle is approximately
1°–1.5° lower than the theoretical value. Although similar
misorientation variations have been reported in the literature,

here the spatial variation in the misorientation angle along
the twin boundaries is reported for the first time.

Numerical Calculations

To understand and interpret the measured misorientation
angle variation shown in Fig. 1, a CP-FFT model is
employed here [19, 20]. This model was originally devel-
oped to calculate and relate the effective and local responses
associated with inter- and intra-granular stress states result-
ing from the heterogeneity in elastic and plastic properties
between grains in polycrystalline materials [21, 22].
Recently, it was extended to model deformation twin
lamellae explicitly [20]. The twinning portion of the model
is briefly reviewed here. The constitutive behavior of an
elasto-visco-plastic material under an infinitesimal strain
approximation with twinning shear transformation can be
written as

r xð Þ ¼ C xð Þ : eel xð Þ ¼ C xð Þ e xð Þ � epl xð Þ � etr xð Þ� � ð1Þ

where r xð Þ is the Cauchy stress, CðxÞ is the elastic stiffness
tensor, and eelðxÞ is the elastic strain at a material point x. In
this work, we consider deformation twinning as the shear
transformation process. The elastic strain can be written as
the difference between the total strain eðxÞ and the plastic
strain eplðxÞ due to dislocation slip and the transformation
strain etrðxÞ associated with twinning. We solve the problem
for the local stress field at material point x by using an
implicit time discretization of the form:

rtþDt xð Þ ¼ C xð Þ : etþDt xð Þ � epl;t xð Þ � _epl;tþDtðx;rtþDt
� �

Dt

� etr;t xð Þ � Detr;tþDt xð Þ
ð2Þ

where

_epl xð Þ ¼
XN
s¼1

ms xð Þ _cs xð Þ and Detr xð Þ ¼ mtw xð ÞDctw xð Þ: ð3Þ

The shear rate of slip system s is written as,

_cs xð Þ ¼ _c0
jms xð Þ : rðxÞj

ssc

� �n

� sgn ms xð Þ : r xð Þð Þ ð4Þ

where ms ¼ 1
2 bs � ns þ ns � bsð Þ is the symmetric part of

the Schmid tensor, and bs and ns are the unit vectors along
the slip direction and normal to the glide plane. The resis-
tance ssc is the critical resolved shear stress associated with
slip system s, and n is the stress exponent. Note that the
Detr xð Þ in Eq. 2 is zero outside of the twin domain.
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The tensor mtw ¼ 1
2 btw � ntw þ ntw � btwð Þ is the symmetric

part of the Schmid tensor associated with the twinning
system, where btw and ntw are unit vectors along the twin-
ning direction and the twin plane normal, respectively. The
number of increments required to reach the characteristic
twinning shear stw is

Dctw xð Þ ¼ stw

N twincr ð5Þ

The time increment and the number of increments to
achieve the twinning transformation N twincr are set suffi-
ciently low and high, respectively, to ensure convergence.

Results and Discussion

In this work, we embed the tensile twin inside a grain to
model twins that have terminated inside the grain and away
from the neighbor. The simulation unit cell with a tensile
twin is shown in Fig. 2a, which is discretized into

3 � 510 � 510 voxels. The c-axis of the central grain is
oriented along the Z-direction, which corresponds to the
Euler angles of (0°, 0°, 0°) in Bunge convention. A buffer
layer, representing a material with random orientation, five
voxels thick, surrounds the grain. We first apply compres-
sion along the Y-direction, thus providing a sufficiently high
resolved shear stress to activate the 0112

� �
0111
� 	

tensile
twin. We then introduce this tensile twin in the pre-selected
voxels by reorienting the crystal following twinning rela-
tionship and by imposing characteristic twinning shear. The
volume fraction of the twin domains is taken as 1%.
Deformation at all stages of the simulation is accommodated
by a combination of anisotropic elasticity and
visco-plasticity. The anisotropic elastic constants of Mg at
room temperature in GPa are: C11 = 58.58; C12 = 25.02;
C13 = 20.79, C33 = 61.11, and C44 = 16.58 [23]. The plas-
ticity is accommodated by basal <a>, prismatic <a>, and
pyramidal <c+a> slip modes, and the corresponding critical
resolved shear stress (in MPa) for its activation is 3.3, 35.2,
and 86.2, respectively [24].
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Fig. 1 Experimentally observed variation in the twin misorientation
relationship. a EBSD image of deformed microstructure shows the
activation of 1012

� �
tensile twins. b–d Three sample twins with the

misorientation profile along the twin boundary. The deviation in twin
misorientation relationship is significant at twin tips compared to twin
middle
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Origin of Twin Misorientation Variation

Figure 2b shows the variation of the misorientation angle
along the tensile twin boundary calculated by the CP-FFT
model. For reference, the theoretical misorientation value,
which is 86.3°, is also shown in dashed line. To understand
the independent effect of elasticity and dislocation plasticity
on twin misorientation variation, the results of simulations
that assume only elasticity are also plotted in Fig. 2b. The
simulation with only elasticity does not alter the twinning
misorientation angle from the theoretical one. The calculated
result with elasto-visco-plasticity, however, predicts a vari-
ation in the twin/matrix misorientation angle. In particular,
the misorientation angle is approximately 1.5° lower than the
theoretical value at the twin tip, but not in the middle of the
twin away from the tip. This variation is due to the
accommodation of twinning shear by dislocation plasticity.
This model prediction agrees well with the experimental
observation as presented in Fig. 1. This analysis clearly
demonstrates that the accommodation of twinning shear by
plasticity gives rise to the variation in the twinning misori-
entation angle, and not anisotropic elasticity alone.

Further to understand the effect of twin volume fraction
on this twinning misorientation variation, we have repeated
the calculation with 3% twin volume fraction. We increase
the volume fraction by increasing the twin thickness but
without changing grain and twin dimensions. The calculated
variation in the twin/matrix misorientation for both 1 and 3%
volume fraction cases is shown in Fig. 2b. It suggests that
the twin volume fraction does not alter the nature of varia-
tion in the twinning misorientation angle.

Effect of Misorientation Variation on Boundary
Migration

Twin growth in HCP metals is accomplished by the migra-
tion of twin boundaries in the parent crystal. Several
mechanisms have been proposed for twin boundary migra-
tion [25–31]. The most commonly accepted mechanism is
the migration of coherent twin boundary (CTB) by the for-
mation and gliding of twin facets [28, 30–32]. Along CTBs,
two types of facets are observed, such as the prismatic–basal
(P/B) and basal–prismatic (B/P) [33–35]. In the P/B facet,
the prismatic plane of the matrix grain is parallel to the basal
plane of twin domain and vice versa for the B/P facet. The
nature of stress required to the formation and gliding of these
facets depend on the crystallographic configuration. The
interplanar separation between basal and prismatic planes in
pure Mg is 5.21 Å and 5.55 Å, respectively. Thus, in order
to grow the twin by the migration of P/Bs or B/Ps, a normal
compressive or tensile stress, respectively, needs to act on
their planes.

The stress component normal to P/B and B/P facets along
the twin boundary is plotted in Fig. 3a and b, respectively.
Here, we show the normal stresses before and after the
formation of the tensile twin. In the secondary vertical axis,
the calculated twin/matrix misorientation angle is plotted for
reference. Before twinning, the stress normal to P/B and B/P
facets along the twin boundary is constant at approximately
−40 MPa (compressive) and 2 MPa (tensile), which favors
the formation of tensile twin. After twinning, the normal
stresses are varying along the twin boundary and particularly
more heterogenous at the twin tip. The normal stress at the

(a) (b)

Fig. 2 a EVP-FFT model setup for 1012
� �

tensile twin simulations.
The central grain orientation is (0o; 0o; 0o) in Bunge convection, which
aligns the grain c-axis with Z-direction. b Model predicted twin

misorientation angle profile along the twin boundary for only elasticity
and for elasto-visco-plastic formulation. Theoretical relationship is
shown in dashed line
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twin middle for both the P/B and B/P facet changed its
nature and does not favor further twinning. The change in
stress state (compression to tensile and vice versa) is asso-
ciated with the stress-reversal due to twinning shear
accommodation [19, 20, 36]. This is commonly referred to
as the twin backstress. As a result, twin growth is only
possible by imposing further favorable loading [19, 20, 37].
However, we see a compressive P/B normal stress at the
twin tip, which can favor the formation and migration of P/B
facets locally at the twin tip. A similar possibility for the
formation and migration of B/P facet is, however, not
observed. More interestingly, we see a favorable stress state
for the migration of P/B facet in a material point where we
have observed the deviation in the twinning misorientation
angle. It suggests that the local dislocation plasticity-induced
deviation in the twinning misorientation angle may favor the
twin growth process by the formation and migration of twin
facets.

Summary

In this work, we have experimentally and numerically
characterized the deviation in the twinning misorientation
angle along 1012

� �
tensile twin boundaries in pure Mg.

From the EBSD measurements, we found that the twinning
misorientation at the twin tip is approximately 1.5° lower
than that of the twin middle. Using a full field CP-FFT based
twinning model, we show that the accommodation of
intrinsic twinning shear by dislocation plasticity, not by the
anisotropic elasticity, generates the changes in the twinning
misorientation observed in the experiment. Also, we found
that the thickness of the twin does not change the nature of
the variation in the twinning misorientation. Using the model
predicted stresses, we show that local stresses, where we
observed the deviation in twinning misorientation, favor the
formation of P/B facets, thus, may help to migrate the twin
boundaries, and eventually thicken the twin.
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The Role of Faceting in f1012g Twin
Nucleation

Christopher D. Barrett

Abstract
{1012} twinning is the most profuse twin mode in Mg
and plays a major role in its plasticity and deformation.
Identification of the mechanisms and locations of twin-
ning nucleation is crucial to characterize the ensuing
microstructural evolution and failure. Herein, we provide
a new theory of hexagonal close-packed twin nucleation.
In essence, the theory is that twins need a pre-existing
interface upon which to grow. In the earliest stages of
nucleation, this requirement implies that the twin must be
able to facet onto the same plane as the local interface,
whether it be a free surface, stacking fault, or grain
boundary, and that the action of twinning must reduce the
defect energy of the pre-existing structure in order to
remain stable until it can grow large enough to emit
disconnections. The theory is demonstrated on {1012}
twin nucleation at grain boundaries and stacking faults in
Mg via molecular dynamics.

Keywords
Twinning � Nucleation � Magnesium � Molecular
dynamics

Introduction

10�12f g twinning is a dramatic plastic mechanism which is
pervasive in hexagonal close-packed (hcp) materials. HCP
materials play a critical role in many industries and hold
potential for even greater market penetration if their proper-
ties can be further optimized. In particular, Ti and Mg alloys
have better strength-to-weight ratios than Al or steel alloys,
and thus are critical lightweight components. These materials
often experience brittle failure due to twinning. This failure

might be avoidable if the twinning process was fully under-
stood. The twinning process induces a 90° rotation of the
crystal lattice, dramatically altering the microstructure and
critical resolved shear stresses (CRSSs) of other modes
within the twinned region. In Mg, 10�12f g twinning is so
profuse that it often consumes the entire microstructure of
heavily textured components. While the twinning process has
been extensively studied over the last seventy years and
many advances have been made, the nucleation process
whereby these twins originate is still poorly understood.

Twin nucleation has been studied and discussed exten-
sively since the 1950s. The simplest nucleation theory is that
twins can spontaneously form in the crystal bulk by a uni-
form shape change in some region responding to applied
load [1]. In contrast, others suggested that a pre-existing
defect of some nature was necessary to catalyze the nucle-
ation process [2, 3]. This was lent weight by observations of
large scatter in the observed CRSSs for twinning and
sensitivity to loading direction [3–6], indicating some
non-Schmid behavior [7]. The theory of heterogenous twin
nucleation was later extended into multiple forms involving
prior slip or concomitant microslip [8–12], and dissociation
of bulk dislocations into several twinning disconnections
[13–21]. Recent advances have lent greater weight to these
heterogenous theories than the homogenous nucleation idea
[22–26], but the exact process is still not very well defined.

Wang has shown, [26–28], that 10�12f g twins have a
minimum stable size, based on density functional theory
(DFT) and atomistic results. When a twin is generated from
a zonal mechanism based on dissociation of a lattice dislo-
cation, at least eight twinned layers are necessary to prevent
the embryo from collapsing. Additional work based on
electron back-scatter diffraction (EBSD) has shown that
twins nucleate more frequently at low-angle grain bound-
aries than at high-angle grain boundaries indicating that
something about the structure of low-angle grain boundaries
encourages twin nucleation.

Finally, recent results using both molecular dynamics and
transmission electron microscopy have shown that small
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twin embryos do not have the lenticular morphology most
often seen at the EBSD scale, but instead are heavily faceted
[29, 30]. These facets have been shown to significantly
enhance the glissile nature of the twin by a complex inter-
action process between disclinations at facet junctions and
twinning disconnections [31, 32]. Additional interactions
have been observed with other defects such as basal dislo-
cations which again enhance the twin mobility [33, 34].
From the shear plane view, four facets are visible for the
10�12f g twin: the typical twin boundary 10�12f g, the conju-

gate twin boundary 10�12f g, the basal-prismatic boundary,
and the prismatic-basal boundary. Additionally, several
other facets are also active which are not visible from this
projection [35].

This work uses molecular dynamics to spontaneously
nucleate twins under stress in Mg. The nucleation process is
carefully characterized to produce a new theory of twin
nucleation which we expect to be applicable to all hcp ma-
terials. Both single crystal and bi-crystal simulations were
used to identify common elements present in very different
nucleation scenarios.

Methodology

A single crystal with dimensions of 156 nm by 61 nm by
9.7 nm was generated with free surfaces in all dimensions.
The z-direction was the shear plane normal. A semi-
spherical region of atoms was removed in the center of
one of the narrow faces to concentrate the initial plasticity
away from the box corners. Equilibration was performed for
at least 10 ps at 50 K and terminated with a pressure below
100 MPa using LAMMPS [36]. A constant strain rate of
108s�1 in uniaxial tension was applied in the h0001i direc-
tion to favor 10�12f g twinning. An NVT ensemble was used
with a EAM potential by [37].

The bi-crystal was generated with the 0 0 0 1f g plane of
the upper grain appended to the f10�14g plane of the lower
grain, producing a misorientation of 25.1°. The ½1�210�
direction was the tilt axis and periodic conditions were
applied in that direction with free surfaces in the other two
directions. The dimensions were 30.5 by 54 by 2.6 nm. The
upper and lower crystals were equally sized. The simulation
was equilibrated at 300 K similarly to the single crystal and
then loaded with compression along the x-direction. This
favored twinning in both grains, but more in the upper grain.
Loading at 108s�1 was applied up to 1 GPa. The x-dimension
was then held fixed, and the stress allowed to plastically
dissipate. Time integration was done with a NVE ensemble.

For all simulations, OVITO [38] was used for visualiza-
tion with potential energy and the basal plane vector [7] used
for coloration.

Interfacial defect theory, developed by Pond and
coworkers [39–43] and previously applied to hcp twinning
by Serra [44–49], was used for characterization. This work
was extended by Barrett and El Kadiri [32, 50] to charac-
terize interactions between disclinations and disconnections
on twin interfaces [30, 33, 51].

Results

Single Crystal Nucleation

Characterization of atomistic results is greatly improved by
ready identification of the relevant planes and directions in
raw atomistic data. To help the reader follow along with our
analysis, we have produced the following key in Fig. 1
illustrating common planes and directions seen from a
variety of view directions in hexagonal close-packed lattices.

Single crystal 10�12f g twin nucleation in Mg generally
occurs in the same manner regardless of whether free sur-
faces or periodic boundaries are used and regardless of the
presence of initial voids or dislocations in the simulation [7].
In Fig. 2, we illustrate a small embryo which has just
formed. Loading of Mg single crystals in tension on the
c-axis prevents easy slip, leaving only pyramidal \cþ a[
slip and 10�12f g twinning as possible plastic mechanisms. In
the MD timescale, \cþ a[ slip nucleates more easily, at a
tensile stress above 4GPa, which is a couple order of mag-
nitude greater than the experimental yield for single crystals
in this loading. It may be that there are alternate nucleation
processes for 10�12f g twins which require a greater activa-
tion time and thus are not observed here. In the scenario
observed, 1=2\cþ a[ dislocations move across the lattice
leaving a high-energy stacking fault. Then, a twin embryo
forms on the fault which is faceted such that the directions

½1�210�parent and ½11�23�twin are aligned. Likewise, the direc-

tions ½1�210�twin and ½11�23�parent are aligned.
In Fig. 2, three facets are present with slightly different

misorientations, and thus disclinations along their junctions.
Two of them are f10�11g twist facets as discussed by [35].
These have a strained coherent character with a strain

field imposing that ½2�420�parent ¼ ½11�23�twin and ½2�420�twin ¼
½11�23�parent. In our simulations, the facets were small and
there were no misfit dislocations relieving this strain. The
third facet is the BP facet which has been extensively

130 C. D. Barrett



discussed elsewhere [32]. A disconnection is seen moving
on one of the f10�11g twist facets and growing the twin.
Interfacial defect theory analysis suggests that this discon-
nection is glissile and can transform into a glissile discon-
nection on any of the other f10�12g twin facets.

The embryo seen here shows close resemblance with
those shown in [7, 32]. As these embryos continue to grow,
they adopt an ellipsoidal, roughly egg-shaped form. A tran-
sition to the more needle-shaped morphology seen

experimentally is suggested in the largest simulations, but
the simulation scale prevents a full transition to that shape.

Bi-crystal Nucleation

We also studied the case of grain boundary nucleation of
10�12f g twins. These simulations were able to nucleate at

much lower stresses and probably hold more relevance to
experimental results. We appended the f1001g and f10�14g
planes of the upper and lower crystals to create a
high-energy asymmetric tilt boundary. This orientation was
chosen because it has a very high energy, but the interface
between a f10�12g twin at the boundary with both the upper
and lower grains should be low energy, thus enhancing the
ease of nucleation. Figure 3 shows the nucleation process at
several timesteps. These results are similar to earlier results
by Wang et al. [52] for a symmetric tilt boundary with
similar misorientation. Wang used a pileup of basal dislo-
cations to encourage the nucleation process. In our work, no
dislocations are present.

The initial very small embryos form during equilibration
with no applied stress at all, illustrating the stability of the
interfaces with the twin versus the low misorientation
interface. Under applied load, the twins grow into both the
upper and lower grains. These twin embryos show close to a
needle-shaped morphology than the ones in single crystals.
This is most likely because the misfit dislocations in the
grain boundary discourage twin thickening.

(a) 〈0 0 0 1〉 view normal (b) 〈2 1 1 0〉 view normal (c) 〈1 0 1 0〉 view normal

(d) 〈2 1 1 3〉 view normal (e) 〈1 0 1 2〉 view normal

Fig. 1 Common view directions
along with directions and plane
normals visible in HCP lattices

Fig. 2 f10�12g twin embryo viewed from the \2�1�10[ plane
growing off a f10�11g stacking fault. Inside the twin, the view direction
is \2�1�13[
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The applied loading of x-axis compression favors growth
of the upper grain. However, the lower grain initially grows
faster. Evidently, the asymmetric nature of the grain
boundary affects the relative propensity for twinning within
the two grains.

Discussion

f1012g Twin Embryo Morphology

The f10�12g twin nucleus makes extensive use of facets both
within and outside of the shear plane. The role of these facets
in the nucleation process is clearly critical. To help visualize
the available facets in three dimensions, we have produced a
schematic shown in Fig. 4. An embryo with all of these
facets could appear to have an appearance like that of a cut
gem. In a later publication, we will demonstrate that the
formation and growth on all of these facets is interlinked and
glissile movement of disconnections from one to another is
permitted without any climb. The misorientations of most of
the facets deviate from one another by 4° to 8°; thus, the
facet junctions are delineated by disclinations. In larger
embryos, we have studied such as those published in [32],
the embryo did make use of most or all of these facets but
because of the disconnection lines spanning around the

embryo, it had more of a rounded appearance rather than
having sharp boundaries like the schematic in Fig. 4. The
increasing disclination dipole and coherency strain energies
as the embryo grows tend to force the twin to adopt a single
preferred boundary—either ð10�12Þ or ð10�1�2Þ, which are the
only two without any coherency strain. Thus, at larger
scales, f10�12g twins are generally seen with primarily these
boundaries. Still, in highly deformed samples, even larger
twins may have misorientations which deviate from that of
the ideal twin boundary [53], by making more use of
basal-prismatic and prismatic-basal boundaries, for example.

Planar Nucleation of f1012g Twins

By examining the details of the nucleation processes in both
the single crystal and the bi-crystal cases, some common
factors may be identified which we hypothesize play a
critical role in f10�12g twin nucleation. The most important
of these is that in both cases the f10�12g nucleated from a
pre-existing planar defect. We propose that f10�12g do not
generate from dissociation of a single dislocation line
because that is not planar. Rather, a stacking fault or a grain
boundary is necessary for the initial nucleation.

Furthermore, we propose that the orientation of this pla-
nar fault must coincide with one of the many facet planes of

(a) 10ps (b) 80ps

(c) 128ps (d) 212ps

Fig. 3 A sequence of atomistic
snapshots of the twin growing
from the bi-crystal grain
boundary. Twins inside the upper
and lower grain are colored
yellow–green and light green,
respectively. Stripes through the
twins are I1 faults
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the f10�12g twin. This requirement was fulfilled in both
simulations—the single crystal case generated first-order
\cþ a[ partial dislocations leaving a stacking fault on the
f10�11g plane. The f2112g plane is also a facet plane for
f10�12g twinning, so we theorize that second-order pyrami-
dal \cþ a[ slip could also produce a stacking fault from
which a f10�12g twin originated. In the bi-crystal asymmetric
tilt boundary, the local structure was composed of a couple
of structural units, primarily appending f10�12gjjf10�11g
planes and f10�14gjjf0001g planes. Some f0001gjjf10�14g
local structures also appeared to be present. In any case, the
twins nucleated from the basal planes move into both the
upper and lower grains.

The final common factor in both simulations is that the
nucleation of the twin provided significant energy relaxation
compared to the pre-existing planar defect. In the bi-crystal
case, this was so pronounced that the embryo formed with
no applied load. It remained very small, only three layers
thick, until loading was applied.

One of the primary difficulties in describing twin nucle-
ation has been to explain a process which could reasonably
produce the separation of the initial twinning disconnection
dipole to form the first twinned region. In normal circum-
stance, there is a great attractive form driving the embryo to
collapse. In our theory, the high-energy planar defect offsets
this driving force by providing another driving force pushing
the embryo to grow. Once the twin reaches the edge of the
stacking fault, the trailing partial, or a misfit dislocation in
the grain boundary, further energy relaxation by twin growth
cannot be accomplished. Whether or not the nucleus grows
into a full size twin then depends upon how large the embryo
has grown and the applied stress state. In many scenarios,
the embryo by this point will be larger than the critical size
needed to shoot into the grain.

Conclusions

We performed molecular dynamics simulations to investi-
gate the nucleation of f10�12g twins in Mg. Twins were
nucleated in both single crystals and bi-crystals. Character-
ization of the twin embryos revealed that in both cases, twins
nucleated on a pre-existing planar fault via faceting. The
actual ð10�12Þ twin boundary was not present in the initial
embryos, hindering easy identification. We propose that
f10�12g twins require a pre-existing high-energy planar de-
fect to nucleate on one of the twin’s faceting planes. In this
scenario, the first 1–3 disconnection dipoles to form expe-
rience a driving force from the energy relaxation of the
planar defect which overcomes their attractive nature and
thus enables the embryo to stabilize. In scenarios where the
applied loading is favorable and the embryo stabilizes above
a critical size, shooting of f10�12g disconnections into the
lattice can occur.
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In Situ TEM Investigation of cþ ah i
Dislocations in Magnesium

Bo-Yu Liu, Fei Liu, Bin Li, Jian-Feng Nie, and Zhi-Wei Shan

Abstract
The ductility of magnesium is intimately related to
cþ ah i dislocation. Understanding the behavior of
cþ ah i dislocations is of critical importance for resolving
the mechanical properties and for alloy design. By using
in situ TEM mechanical testing of pillars of pure Mg
single crystal, we found that cþ ah i dislocation can
accommodate considerable plasticity. Our findings pro-
vide information on the mobility of cþ ah i dislocation
and its relationship with plasticity of submicron-sized
pure Mg. The experimental strategy can be extended to
understanding the dislocation behaviors in other hexag-
onal metals.

Keywords
Magnesium � In situ TEM � cþ ah i dislocation �
Plasticity

Introduction

Magnesium is the lightest structural metal, which is attracting
worldwide interests because of its potential applications
to higher energy efficiency and lower emissions by light
weighting [1–4]. One bottleneck that hampers the widespread
using of magnesium-based materials is their low ductility,
which imposes severe constraints on cost-sensitive processing
[5, 6]. The ductility of magnesium is closely related to pyra-
midal cþ ah i dislocations [7]. cþ ah i dislocation slip can
provide plastic strain along the c-axis, which is necessary for
accommodating anisotropic plasticity of magnesium under-
going plastic forming, e.g. rolling and drawing. Over the past
decades, understanding the fundamental behaviors of cþ ah i
dislocations has been central to the research of ductility and
formability of magnesium and its alloys [8–34]. Recent
studies focus on whether cþ ah i dislocations can glide and
therefore to accommodate plastic strain [35–50]. This issue is
of critical importance in determining the strategy for the
development of new wrought magnesium alloys. Our recent
work demonstrated that at least for submicron-size pure
magnesium, pyramidal cþ ah i dislocations of various char-
acters (edge, screw, and mixed) can glide on both pyramidal I
and II planes to generate large plasticity [50]. The current
paper presents more experimental details and provides more
experimental observations of mobile pyramidal cþ ah i dis-
locations in single crystal magnesium.

Methods

In situ quantitative mechanical testing inside transmission
electron microscope (TEM) can capture microstructure
evolution in real time and obtain the corresponding
mechanical data [50–55]. Figure 1 shows the sample
preparation and experimental setup. The submicron-size
pillars were fabricated by using focused ion beam (FIB). In
situ TEM compression experiments were performed with a
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Hysitron PicoIndenter (PI95) inside a TEM (JEOL 2100F,
200 keV). In situ videos were recorded by Gatan 833 cam-
era. The pillars were compressed by a diamond indenter with
a flat punch. The compression tests were conducted under
displacement control mode with the strain rate of 10−3 s−1.
The compressive loading direction is parallel to the axial
direction of pillar that is close to \0001[ . The viewing
direction (zone axis) is *\2110[ .

The FIB-induced defects on pillar surface will interfere
with the contrast of dislocations. In order to reduce such
interference, the samples were annealed at 180 °C for about
15 min inside a tube furnace. Argon atmosphere was used to
protect the magnesium sample from oxidation. Figure 2
shows a pillar before and after annealing. In the as-FIBed
pillar, there were FIB-induced defects which were largely
removed after annealing.

Fig. 1 Sample preparation and
experimental setup. a The sample
is pasted on a copper mount. The
pillars are fabricated by FIB. b In
situ TEM mechanical testing
setup

Fig. 2 FIB-induced defects can
be largely reduced by annealing.
a As-FIBed pillar. (b) Annealed
pillar. Zone axis � 2110

� �
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Results

One typical example of pillar compression tests is shown in
Fig. 3. The test was monitored under dark-field imaging
condition with g ¼ 0002f g. In this imaging condition, only
dislocations with Burgers vector containing ch i component
were visible. These dislocations activated under c-axis
compression were proven to be cþ ah i dislocations by using
g � b contrast analysis [50]. The dislocations first appeared
when the applied stress reached *220 MPa. They formed
near the contact interface between the pillar top and the
diamond punch. More dislocations formed and gradually
propagated through the entire pillar during the loading. The
test was terminated at 7.1% strain. No failure was observed

in this pillar. Note that higher plastic strains would be
achievable if the tests continued. In the lower parts of this
pillar, several cþ ah i dislocations can be clearly observed
(marked by dashed frame, Fig. 3c).

The glide of three dislocations is displayed in Fig. 4. The
initial position of these dislocations is marked by a series of
colored dots: dislocation-1, red; dislocation-2, green; dislo-
cation-3, orange (Fig. 4a). According to our previous TEM
characterizations and geometrical analyses, the long and
straight segments lying parallel to the intersection of pyra-
midal plane and basal plane are of edge types, while the rest
of segments are of mixed or screw types [50]. Figure 4b
shows the schematic drawing of the moving dislocations in
the corresponding TEM snapshots. The current and previous

Fig. 3 In situ TEM mechanical testing shows that cþ ah i dislocations
are generated and glide during loading of a pillar. Loading direction,
*[0001]. Zone axis, � 2110

� �
. a Corresponding engineering stress–

strain curve. b–d Dark-field TEM images captured from in situ video
show the formation and propagation of cþ ah i dislocations. e, engi-
neering strain

Fig. 4 In situ TEM observation shows the movement of cþ ah i dislocations during loading. a A set of dark-field images captured from in situ
movies with time sequence. Zone axis, � 2110

� �
. b Schematic drawing of the moving dislocations in the corresponding TEM images
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location of dislocations is represented by solid and dashed
lines, respectively. The black arrows indicate the direction of
dislocation movement. These dislocations exhibit zig-zag
and half-loop configuration and therefore contain edge,
screw, and mixed segments. The movement of these dislo-
cations indicated that the cþ ah i edge, screw, and mixed
dislocation are all glissile, contributing to plastic deforma-
tion. The pure edge segments are also observed to glide
under applied stress, indicating that they are glissile. We also
note that some parts of the dislocations disappeared during
loading (marked by white arrows in Fig. 4a). These parts
may have moved out to the pillar surface.

Discussion

In submicron-sized crystals, the amount of preexisting dis-
locations should be less than that in bulk scale crystals. In
the present work, the magnesium pillar was annealed, which
further reduced the density of preexisting dislocations.
Therefore, higher stress is needed to nucleate dislocations or
activate dislocation sources in the submicron-sized magne-
sium pillars than that in larger pillars. For example, the yield
stress for bulk and micron scale magnesium single crystal
pillars under c-axis compression is in the range of 200–
300 MPa [10, 21, 24]; when the sample size reduces to the
submicron scale, the yield stress increases to 600–800 MPa
[50]. Such high stresses can promote the formation and
motion of cþ ah i dislocations to accommodate plasticity.
Note that the failure strain for bulk magnesium single crystal
under c-axis compression is usually less than 10% [10, 21],
but for submicron-size magnesium the plastic strain can be
as high as 30% [50]. Moreover, in our submicron-size
magnesium pillars, 1011

� �
contraction twin does not form.

This deformation twinning mode often occurs in bulk scale
magnesium under c-axis compression [56]. Contraction
twins may introduce shear localization and stress concen-
tration and serve as crack initiation sites. Therefore, the
suppression of deformation twinning in small scale may also
help prevent low-strain failure.

In magnesium and other hexagonal metals, cþ ah i slip
can provide extra independent slip systems to meet the von
Mises criterion and can provide c-axis strain. In contrast,
type ah i dislocations offer only four independent slip sys-
tems and cannot contribute to c-axis strain. Therefore,
cþ ah i dislocation slip is important in promoting uniformity
in plastic strain accommodation and overall ductility in
magnesium. Our results find that cþ ah i dislocations are
glissile and can contribute to considerable plasticity in
submicron-size magnesium. This suggests that reducing
grain size may be an effective way to improve the ductility of
magnesium by promoting cþ ah i dislocation slip.

Summary

By conducting in situ TEM mechanical testing, we have
demonstrated that pyramidal cþ ah i edge, screw, and mixed
dislocations are glissile. They can serve as predominant
plasticity carrier when a submicron-sized magnesium crystal
undergoes c-axis compression. Our results are expected to
provide new insights into the mechanical behavior of mag-
nesium at different length scales.
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Full-Field Crystal Plasticity Modeling
of f1 0 1 2g Twin Nucleation

YubRaj Paudel, Christopher D. Barrett, and Haitham El Kadiri

Abstract
Historically, the ability of crystal plasticity to incorporate
the Schmid’s law at each integration point has been a
powerful tool to simulate and predict slip-induced
localization at the single and polycrystal levels. Unfortu-
nately, this remarkable capability has not been replicated
for materials where twinning becomes a noticeable
deformation mechanism. The challenge resides mainly
in the biased regional lattice transformation associated
with twin formation in defiance of its obedience to
threshold stress. Inspired by results from micromechanics,
digital image correlation, and molecular dynamics, we
developed an explicit twinning nucleation criterion based
on hydrostatic stress gradient and volume fraction of twin
inside a grain. Characteristic twin spacing parameter is
used as a function of twin height to determine site-specific
nucleation points in the case of multiple twins. This
approach offered a good reproduction of the microstruc-
ture evolution and autocatalysis phenomenon as affected
by twinning in a tricrystal system.

Keywords
Crystal plasticity � Hydrostatic stress � Twin spacing

Introduction

Twinning is referred to as a “double edged sword” mecha-
nism because of its ability to increase strength and ductility
in a low-stacking fault energy cubic crystal system, however,
it reduced ductility, anisotropy, and damage in orthorhombic
and hexagonal close-packed (hcp) structures. In hcp metals,
the lack of “easy” slip modes to accommodate ch i-axis
tension/compression [1] at low temperatures/high strain rates
stokes a whole host of shear localization phenomena,
including twinning and pyramidal cþ ah i slip. Twinning is a
particular challenge as its polarity and lattice reorientation
tend to cause strong asymmetry and anisotropy, respectively,
which increases with texture strength. Furthermore, it has
been shown that twinning interaction with microstructural
defects contributes to strain incompatibilities and damage
initiation [2].

In recent years, experimental studies through scanning
electron microscope (SEM) and transmission electron
microscope (TEM) along with atomistic simulations have
shown several mechanisms associated with twinning such
as twin–twin interaction [3–6], slip–twin interaction [7, 8],
detwinning [9–11], twin–grain boundary interactions
[12–14], and double twinning [15, 16]. At the microscale
level, substantial efforts have been made to understand the
mechanisms associated with twin nucleation, propagation,
and growth, and upscale them to crystal plasticity models
[17–22].

Crystal plasticity techniques have been a powerful tool to
simulate and predict the slip behavior at the grain level and
the subsequent heterogeneous stress/strain localization and
texture evolution at the macroscopic level. In hexagonal
close-packed (hcp) metals, crystal plasticity based on finite
element methods (CPFEM) [11, 20, 23–26] and fast-Fourier
transform (CPFFT) [21, 22, 27, 28] has been employed to
capture the heterogeneous deformation behavior of twin-
ning. However, most of the models lag physically motivated
twin incorporation that reflects the early stages of embryonic
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twin nucleation and lengthwise burst. Most of the full-field
crystal plasticity models employ phenomenological criteria
to capture twinning, exemplified by pseudo-slip approach,
absence of site-specific twin nucleation, and ensuing lack of
reproducing the observed twin spacing including the case of
multivariant twinning. Likewise, the evolution of deforma-
tion twins with strain, and ultimately calculations of con-
stitutive response along with proper description of twin
interfaces and twin boundaries are yet to be incorporated in
crystal plasticity models. The Schmid factor based on
far-field stress is inadequate to describe variant selection [29]
and dynamics of twin expansion. The dependence of the
twin nucleation stress on the grain size [30] has not yet been
quantified in crystal plasticity models. In recent years, some
of the full-field crystal plasticity approaches have been
successful to introduce a site-specific twin nucleation [26,
31]; however, they do not ratify all the features of twinning
and twin interfaces.

For any compound twin, a recent theory provides an
analytical solution for the vector displacements for both
shear and shuffle [32]. Shear, which is the most fundamental
and unquestionable condition for dislocation and discon-
nection motion, is associated with the Schmid behavior.
However, shuffles are related to the atomic movement due to
diffusion. In general, the only component of stress that drives
diffusion is the hydrostatic pressure or more precisely gra-
dient of hydrostatic pressure. As shuffle is a pure diffusion
phenomenon, it could be readily sensitive to the local state of
hydrostatic pressure in the disconnection core as its glide
along the twin interface. In an experimental study [33], an
inherent difference in the stress state between contraction
and compression showed profound implications on the ease
of shuffle and the mobility of disconnections. A complex
stress state acting on the ch i-axis of the unit crystal lattice
aided the shuffle associated with twin formation thereby
reducing the required stress to induce shear through twin-
ning or slip [33]. Inspired by these results stressing the effect
of shuffles on twin nucleation and disconnection core width,
we developed an explicit twinning nucleation criterion based
on hydrostatic stress gradient and volume fraction of twin
inside a grain.

Twinning-Induced Microstructure

Proust et al. [34] showed that profuse twinning followed by
rapid strain hardening led to a strain–path anisotropy in
highly textured Mg alloy. Studies have shown that the high
strain hardening is caused due to interactions between the
twinning-induced microstructure and slip activities [3, 8, 17,
35, 36]. The dislocation transmutation reactions and slip–
twin interactions are clearly evident through abundantly
available residual slips in the vicinity of twin boundaries as

observed from the TEM experiments [37]. A twinning-
induced microstructure within a single grain of extruded Mg
AM30 specimen under compression is also shown in Fig. 1a
[3]. In a twinning-induced microstructure, a vivid charac-
teristic twin spacing can be observed during twinning that
should be quantified and upscaled to the crystal plasticity
models. These characteristic twin spacings that depend on
the height of twins [38] are observed in polycrystal with
strongly basal texture [39, 40].

In Mg polycrystal, a characteristic twin spacing parameter
was observed during three-point bending of strongly basal
textured Mg AZ31 alloy [38]. As seen in Fig. 1b, a localized
twinning pattern was observed with twins across multiple
grains because of autocatalysis. Autocatalysis of a twin at
low-angle misorientation boundary has previously been
observed in many studies [40–42]. A micromechanical
solution for an ellipsoidal twin in an infinite-half space
domain showed that this characteristic twin spacing can be
determined through the study of elastic response of a twin
and it is directly proportional to the height of twin [38].
A digital image correlation (DIC) analysis performed on
three-point bending of Mg AZ31 showed that the twinning-
induced microstructure evolution follows the same charac-
teristic twin spacing behavior predicted by a
micromechanical-based analytical solution [40].

New Crystal Plasticity Approach

As shuffles play an important role in atomic movement
during disconnection glide, we justifiably added the contri-
bution of hydrostatic stress gradient contribution to twin
nucleation stresses as they pertain to diffusion which
excludes contribution from deviatoric stresses. This initiative
is well supported by various experimental findings and
atomistic simulations emphasizing the role of defects in twin
nucleation and mode selection. We naturally used a volume

(a) (b)

Fig. 1 a Twinning-induced microstructure inside a single grain in Mg
AM30 specimen [3] and b Twinning patterns in a polycrystal Mg AZ31
specimen during three-point bending [40]
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fraction to determine twinning nucleation and used charac-
teristic twin spacing that is a function of twin height to
determine twinning-induced microstructure evolution.

In the current work, we will focus on crystal plasticity
fast-Fourier transform (CPFFT) to incorporate the explicit
twinning to accommodate deformation [43]. The elastic
response for the twin is obtained using the technique used by
Kumar et al. [21]. After each deformation step, strain and
stress fields are determined based on the Green’s function
method solved using Lagrangian–Newton–Raphson method.
The shear rate at each slip and twin systems is ensured by
Eq. 1 at each integration point.

_ca ¼ _ca0
sa

ga

�
�
�
�

�
�
�
�

1
m

ð1Þ

The twinning criterion is based on the hydrostatic stress
across the representative volume element (RVE) to deter-
mine whether twin forms or not within a grain. Twinning is
the localized event and twin nucleation process is influenced
by both shear and shuffle. In most of the twinning criteria,
only the shear portion of twin is considered to determine
whether the twin nucleated or not. However, shuffle is an
important mechanism that ensures twinning through a dif-
fusion process. Since diffusion is a function of hydrostatic
pressure, the hydrostatic stress field in the material domain
should be used as a twinning criterion. The hydrostatic stress
ðrhÞ at any integration point can be determined by:

rhðxÞ ¼ 1
3

X

i

riiðxÞ ð2Þ

The gradient of hydrostatic stress can then be calculated
by

rirhðxÞ ¼ rhðxþ xiÞ � rhðxÞ
dxi

ð3Þ

Based on the accumulated twinning shear at each point,
the twin volume fraction fð Þ at each integration point in a
RVE is determined using Schmid’s law.

f ðxÞ ¼
Xt

_f ðxÞDt ¼
Xt _cðxÞ

ctw
Dt ð4Þ

The volume fraction for twin systems in each grain is then
calculated as the sum average of volume fraction at each
point inside of the grain, i.

f agraini ¼
VðxÞ

VðgrainiÞ
Xgrain

i

x

f aðxÞ ð5Þ

where VðxÞ is the volume of each integration point and
VðgrainiÞ is the volume of each grain.

The twinning is nucleated with either of the two
conditions:

1. if the gradient of hydrostatic pressure reaches a threshold
value and/or

2. if the volume fraction of the grain reaches a threshold
volume fraction.

The first condition allows for a twin to nucleate at the
requirement of strain triaxiality. This addresses the issue of
autocatalysis as the strain accommodated by a twin at a grain
boundary creates stress triaxiality, when the gradient is
enough, new twin nucleates. In the second case scenario, if
the volume fraction within a grain is greater than the
threshold volume fraction for that twin variant, then the twin
nucleates. However, the number of twins nucleated depends
upon the twin variant, grain morphology, and grain size.
When nucleating a twin, a minimum thickness of twin is
assumed. Based on the volume fraction of twin, the number
of twin is determined by:

Na
twinsðgrainiÞ ¼

f aðgrainiÞVðgrainiÞ
ttw � Aa

twðx0Þ
ð6Þ

where f aðgrainiÞ is the volume fraction of twin system a,
VðgrainiÞ is the volume of grain, ttw is the minimum twin
thickness, and Aa

twðx0Þ is the area of the twinning plane
inside a grain. x0 is the position of maximum gradient of
hydrostatic pressure inside of the grain.

During nucleation of multiple twins at a time, a charac-
teristic twin spacing parameter, k, is used to determine the
separation distance between the twins. Twinning spacing,
which is a function of twin height, is defined by:

htw ¼ k �
ffiffiffiffiffiffiffi

Atw

p

ð7Þ
where Atw is the area of the twinning plane in the grain used
to calculate length of the twin.

The viscoplastic FFT formulation, modified to account
for site-specific twin nucleation and characteristic twin
spacing, is applied to predict the local behavior of tricrystal
unit cells. The stress–strain response shows drops in
von-Mises stress that corresponds with the formation of
twins, which reflect the plateau in stress–strain curve during
profuse twin nucleation. The site-specific twin is inserted for
only predominant twin variant resulting single twin variant
nucleated at every grain. However, this approach can be
used to ensure multiple twin variants in a single twin.

Figure 2a shows the (1 1 0 2)[1 1 0 1] twin variant
nucleation in grain 2 at strain 0.7%. The lower twin in grain 2
nucleates at the tip of the twin in grain 1, whereas other two
twins in grain 2 follow characteristic twin spacing to nucle-
ate. The von-Mises stress in Fig. 2b shows the stress field as a
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result of twinning in grain 1 and grain 2. The stress relaxation
due to twin formation in grain 1 and grain 2 is responsible for
the stress drop that results in plateau region in stress–strain
curve. Figure 2c shows the effects of accumulated shear in
grain 3 due to twinning in grain 1 and grain 2. Likewise, the
plastic strain carried by twin tip in the grain boundary of grain
3 is accommodated by basal, prismatic, and pyramidal
cþ ah i slip systems as seen in Fig. 2d, e, and f respectively.
The twin variant in grain 2 is different from the twin

variant nucleated in grain 1. The stress carried by twin in
grain 1 resolved to both (0 1 1 2) [0 1 1 1] and (1 1 0 2) [1 1
0 1] twin systems show that resolved shear stress for (1 1 0
2)[ 1 1 0 1] twin variant is significantly higher than other
twin variants including (0 1 1 2)[0 1 1 1] that twinned in
grain 1. The nucleation of different twin variant as a result of
twin accommodation at grain twin boundary has been pre-
viously observed in experiments [44].

With the implementation of characteristic twin spacing
and site-specific twin nucleation criterion using hydrostatic
pressure, we are able to reproduce the twin-lamellae induced
microstructure that is observed in real experiments. Although
the current model is not complete and has many limitations,
this path for twinning criterion with multiple twins in crystal
plasticity models is groundbreaking and should be evolved.

Conclusions

This work incorporates the characteristic twin spacing
mechanisms observed in twinning-induced microstructure
with site-specific twin nucleation criterion based on

hydrostatic stress. Twinning process is a combination of
twinning shear glide and shuffle mechanisms. This work
makes an effort to include shuffle mechanism, which is a dif-
fusion process that depends on hydrostatic stress, in a crystal
plasticity framework to accurately incorporate the role of
twinning in microstructure evolution, hardening, and damage
initiation. The model can reproduce the multiple twins’
nucleationswith characteristic twin spacing, and butterfly-like
twin structure at the grain boundary as a result of different twin
variants nucleating on opposite sides of the grain boundary.
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The Incorporation of Discrete Deformation
Twins in a Crystal Plasticity Finite Element
Framework

Matthew Kasemer and Paul Dawson

Abstract
The most prevalent twinning models homogenize the
local deformation response by considering twins as
“pseudoslip” systems, obscuring the physical differences
between slip and twinning—namely the discrete nature of
twinning. Presented is a computational approach designed
to consider discrete deformation twinning in a crystal
plasticity finite element framework. A polycrystalline
domain is pre-discretized at the sub-grain scale into
lamellar regions dependent on the geometry of the twin
systems, which facilitates a finite element mesh that is
attendant to this geometry. A twin is activated in a
lamellar region by applying essential velocities to its
nodes and rapidly mapping their locations to their
expected twinned positions. The rest of the body deforms
by crystallographic slip to enforce mechanical equilib-
rium. Results indicate stress relaxation in the parent grain
and regions of large stress concentrations in neighboring
grains. These trends are discussed in light of global and
local energetic observations.

Keywords
Crystal plasticity � Finite element method� Twinning

Extended Abstract

Hexagonal materials are used in demanding structural appli-
cations due to (broadly) their high strength, low density,
resistance to corrosion, and other desirable properties.
Metallic alloys tend to exhibit elastic and plastic single crystal

anisotropy. Magnesium, for example, tends to exhibit a fair
degree of plastic anisotropy [1]. This tends to lead to complex
deformation behavior, namely the development of heteroge-
neous plasticity both intra-grain and globally [2]. Mathe-
matical models aid in the understanding of the relationship
between the crystal response and the macroscopic response of
a sample. The crystal plasticity finite element method
(CPFEM) represents perhaps the most sophisticated tool in
predicting the deformation response of polycrystals [3].

Typically, crystal plasticity finite element models consider
crystallographic slip as their onlymode of plastic deformation.
Deformation twinning, however, may play a large role in the
development of plasticity across a polycrystal composed of
crystals exhibiting hexagonal symmetry.Variousmodels have
been developed to consider the deformation response due to
twinning. The most popular choice—due to its simplicity,
relative ease in implementation, and low marginal computa-
tional cost—is the so-called pseudo-slip model [4], in which
the deformation response due to slip and twinning is homog-
enized locally, considering a variable “volume fraction” of
material deforming by either slip or twinning. This model,
while adept at predicting texture evolution and bulk response,
ignores the discrete nature of twinning and obscures the rel-
ative rate disparities between slip and twinning, thus ham-
pering the precise prediction of local stress fields.

Recent modeling efforts [5] have instead focused on
attempting to model discrete deformation twins to better
predict the complex local heterogeneity in the stress fields
due to twinning. In this study, a discrete deformation twin-
ning framework is proposed [6]. Broadly, this framework
considers the deformation response of discrete regions,
twinned at a relatively rapid rate—upholding the main
physical differences between slip and twinning. The frame-
work relies on the pre-discretization of a polycrystalline
aggregate at the sub-grain scale into lamellar regions (a
single crystal is illustrated for simplicity in Fig. 1). Lamellar
regions are included by means of a novel multi-level tes-
sellation algorithm, in which the polycrystal domain is first
discretized into grains (via a Voronoi or Laguerre

M. Kasemer (&)
Department of Mechanical Engineering, The University of
Alabama, Tuscaloosa, USA
e-mail: mkasemer@eng.ua.edu

P. Dawson
Sibley School of Mechanical and Aerospace Engineering,
Cornell University, Ithaca, USA

© The Minerals, Metals & Materials Society 2020
J. B. Jordon et al. (eds.), Magnesium Technology 2020, The Minerals,
Metals & Materials Series, https://doi.org/10.1007/978-3-030-36647-6_24

147

http://crossmark.crossref.org/dialog/?doi=10.1007/978-3-030-36647-6_24&amp;domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1007/978-3-030-36647-6_24&amp;domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1007/978-3-030-36647-6_24&amp;domain=pdf
mailto:mkasemer@eng.ua.edu
https://doi.org/10.1007/978-3-030-36647-6_24


tessellation), and each grain is subsequently considered as a
domain for further (lamellar) discretization. The spatial
normals of these lamellar regions are calculated based on the
crystallographic orientation of the grain and the twin system
under consideration. Each lamellar region is assigned the
same orientation as the parent crystal. Lamellar boundaries
are not explicitly modeled as grain boundaries, and thus, a
collection of lamella that forms a grain is considered a single
crystal. These lamellar regions allow for the formation of a
finite element mesh that conforms to these boundaries.
Figure 1 further details the attendant finite element mesh
(with an example lamellar region highlighted). Note how the
lamellar regions facilitate in the formation of a mesh that
adheres to these boundaries. At some point in deformation
when a twin is considered for activation, the elements and
nodes within a lamellar region are thus readily queried.

Upon twin activation, the elemental orientations are utilized
to calculate an average deformation gradient due to twinning.
This deformation gradient is used to be calculated the expected
nodal positions due to twinning of each node within the
lamellar region. Velocities are calculated and essential veloc-
ities placed on each node. A number of small time steps are
taken until the point at which the twin is mapped to its final

location, and the essential velocities on the lamellar region are
then relaxed. The elemental orientations are updated for each
element in the lamellar region to their expected twinned ori-
entations. The regions outside of the lamellar region accom-
modate this deformation via crystallographic slip, via the base
CPFEMframework.At this point, the framework considers the
twin region as a newgrain, anddeformation proceeds along the
specified macroscopic deformation path.

This framework allows for the inspection of the complex
stress fields that form due to twinning. Note in Fig. 2, for
example, that the von Mises stress experiences a drop in the
parent grain, especially in the vicinity of the twinned region,
and sharp increases in neighboring grains at the twin tip. The
consequences of a twinning event may be readily assessed via
this framework. Most interesting is the assessment of local and
global work metrics, calculated via the deformation rate/
Cauchy stress conjugate, which allows for the comparison of
the total, elastic, and plastic work over the course of twin
activation. The framework additionally allows for the consid-
eration of twin growth (thickening) via the successive activa-
tion of lamella neighboring the twinned region and is
additionally poised to approach the problem of transformation
induced plasticity, which exhibits similarmodeling challenges.

Fig. 1 Single crystal discretized
into lamellar regions, along with
its mesh, and twin velocity field
(reproduced from [6])

Fig. 2 Von Mises stress field
prior to and post-twin activation
(reproduced from [6])
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Presented are results from simulations in which a single
grain at the center of a polycrystalline aggregate is consid-
ered for twinning. Multiple simulations are performed in
which a single lamellar region is activated at (1) various
points in the deformation history, and (2) with various initial
twin widths. Changes to the stress field as a function of twin
width and the point of activation are discussed with respect
to energetic metrics, and the comparisons are made to sim-
ulations performed considering only crystallographic slip.
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On the Load Multiaxiality Effect on the Cyclic
Behaviour of Magnesium Alloys

A. Gryguć, S. M. H. Karparvarfard, A. Roostaei, D. Toscano, S. Shaha,
B. Behravesh, and H. Jahed

Abstract
While most fatigue-related studies on wrought magne-
sium alloys are under uniaxial push–pull loading condi-
tion, structural members are mostly under multiaxial
stresses in real-life applications. This study addresses the
effect of load multiaxiality on the cyclic behaviour of
several wrought magnesium alloys: AZ31B, AM30,
AZ80, and ZK60 under multiaxial tension/compression–
torsion loading. In particular, the influence of the
presence of shear on normal stress response and vice
versa is studied. In addition, phase angle effects on the
stress–strain response and fatigue life are discussed.
Strain energy density (SED) is introduced as a suitable
fatigue damage parameter to connect and compare
uniaxial and multiaxial cases. It is shown that irrespective
of loading direction and/or phase angle, SED closely
correlates experimental results. Beyond strain of *0.4–
0.5%, the strain-controlled cyclic behaviour in uniaxial
push–pull is dominated by twining/de-twinning, while in
pure shear deformation is dominated by basal slip. The
effect of each of these load directions on the other in a
multiaxial loading is considered in two cases: at low axial
strain amplitudes the interaction is mutual, and at high
axial strain amplitudes axial strain dominates. It is
believed that the re-orientation of basal planes due to
twinning/de-twinning caused by axial strain favours basal
slip in twinned grains resulting in better accommodation
of shear strain. Further, three load phase angles of 0, 45,
and 90 were considered. It is observed that the phase
angle has minimal effect on life at low axial strain values;
however, at higher axial strain amplitudes out-of-phase
angle causes more damage. The re-orientation of matrix
due to twinning and rotation of the principal axis due to

phase angle shift increase the chance of different slip/twin
systems to be activated resulting in lower lives.

Keywords
Magnesium alloy � Multiaxial fatigue �
Non-proportional loading � Deformation
mechanism

Introduction

There is a variety of different commercially available mag-
nesium alloyswhich are suitable candidates for lightweighting
applications; however, they generally fall within two cate-
gories, magnesium–aluminum alloy systems and alloys which
are grain refined utilizing zirconium. Those alloys which fall
under the magnesium–aluminum description can be further
subdivided into the AZ family (aluminum–zinc), and AM
family (aluminum–manganese); whereas, the most common
Mg alloy system utilizing zirconium is ZK (or zinc–zirco-
nium). In general, aluminum is the most common alloying
element, acting to improve strength, hardness, and corrosion
resistance, normally at the cost of reduced ductility [1]. For
structural applications, an alloying content of *5–6% alu-
minum results in the best compromise of strength and ductil-
ity, thus for this particular study two varieties of alloy from the
AZ familywere investigatedAZ31 (3%Al) andAZ80 (8%Al)
[1]. Furthermore, of the AM and ZK alloy families, the com-
mercially available AM30 and ZK60 variants were those
which were selected for this particular study.

Of the wrought varieties of magnesium alloys, texture
development in the microstructure resulting from the ther-
momechanical processing is a well-documented phe-
nomenon. The effect of this texture evolution upon the
deformation behaviour and mechanical properties of AZ31
[2–6], AZ80 [7–12], AM30 [13, 14], and ZK60 [15–17]
have been explored in detail by several researchers. From a
metallurgical perspective, the role of texture has implications
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on the microstructure at both the crystallographic and grain
length scales [18]. In general, processing techniques such as
rolling, forging, extrusion, or equal channel angular pressing
(ECAP), result in appreciable textures, characterized by
irregular “elongated” grain morphologies and bi-modal grain
sizes [19]. More recently, it has been well documented that
these types of processing methods introduce a strong basal
texture where the alignment of the crystallographic axis (or
c-axis) is coincident to the local compressive direction (i.e.,
perpendicular to the working plane) [2, 8–10, 20, 21].

The cyclic response of magnesium alloys is dominated by
two different deformation mechanisms, slip and twinning
[2]. The way in which the activation of each of these de-
formation mechanisms manifests itself in the cyclic response
depends strongly on the orientation of the loading direction
relative to the predominant crystallographic orientation
resulting in an asymmetric hysteresis [22–25]. The asym-
metry in the cyclic response of wrought magnesium alloys
results from the twinning/de-twinning cyclic deformation
mechanism induced by the 86.3° crystal re-orientation of the
basal pole during tensile twinning [2, 26].

Under strain-controlled fatigue testing, many researchers
have found that the response of wrought Mg alloys is influ-
enced by a number of factors including the magnitude, mode,
and direction of the loading; however, the multiaxial effects of
the loading on the cyclic response have only recently been
explored in a handful of studies. Sonsino [27] made very
preliminary remarks indicating that aluminum and magne-
sium alloys exhibited similar tendencies to steel alloys linking
ductility and sensitivity to non-proportionality in multiaxial
loading [27]. This current work aims to further build upon this
structure–properties relationship and explore the relationship
between load multiaxiality and fatigue life/cyclic behaviour
of several Mg alloys of various wrought forms.

Materials and Experimental Methods

Four different wrought magnesium alloys are presented in
this study, AZ31B extrusion forged at 250 °C, AM30 ex-
trusion, AZ80 extrusion forged at 250 °C, and ZK60 ex-
trusion forged at 250 °C. The alloys’ conditions are
commercially available extrusion form and closed die pre-
cision forgings. In general, two different types of specimens
were used in the experimental data presented here. Firstly,
flat “dogbone” shaped specimens for the monotonic and pure
axial strain-controlled tests according to the ASTM E8 and
E606 standards, respectively. Secondly, hollow thin-walled
tubular specimens were utilized for the pure shear and
multiaxial tests according to ASTM E2207-08. All tests

were performed on an Instron biaxial tension–torsion load
frame, and strain was controlled by axial or biaxial exten-
someter. Details regarding specimen geometries and test
protocols are available within the cited literature for each
alloy [3, 6, 14, 17, 28, 29].

All microstructure specimens were prepared by first
hand-sanding with 600, 800, and 1200 grit SiC paper fol-
lowed by polishing with 6, 3, 1, and 0.1 µ diamond paste
with an oil based lubricant on imperial cloth. Finally, the
samples were polished with 0.05 µ master prep colloidal
silica followed by etching with acetic-picral as mentioned in
[14]. Scanning electron microscope equipped with Quanta
field emission gun was used to analyze microstructure.

Texture analysis was performed on the polished and
etched sample using a Bruker D8-Discover equipped with an
advanced 2D area detector. The experiment was conducted
by measuring incomplete pole figures of {0001}, {10-10},
{10-11}, and {1-102} planes for tilt angle W between 0° and
75° and in axis rotation U between 0° and 360° in the back
reflection mode using CuKa radiation at 40 kV and 40 mA.
Finally, the complete pole figures (PF) were calculated based
on the measured incomplete pole figures using DIFFRAC.
Suite texture software.

Table 1 contains monotonic properties and average grain
size for all the chosen conditions for each alloy.

Figures 1 and 2 show the five loading paths for the fully
reversed fatigue experiments. Path (a) is pure shear (c),
(b) pure axial (e), (c) biaxial proportional, (d) biaxial
non-proportional (45° out of phase), and (e) biaxial
non-proportional (90° out of phase). In general, all the
experiments were strain control exclusively during cyclic
loading in the low cycle fatigue LCF (<10,000 cycles) and
changed to load control in the few tests where the response
stabilized, and the life exceeded this threshold. Failure cri-
terion was a 50% drop in the peak or valley loads/torques or
catastrophic failure (through crack), whichever occurs first.

Table 1 Summary of monotonic properties for various Mg alloys and
processing conditions

Condition rYS
[MPa]

rUTS eFAIL
[%]

Grain
size [lm]

AZ31B Forged (20 mm/s @
250 °C) [6]

221 258 12.4 9.9

AM30 Extruded (-F) [28] 164 244 15.0 8.0–25.0

AZ80 Forged (20 mm/s @
250 °C) [12]

286 385 15.3 10.0

ZK60 Forged (20 mm/s @
250 °C)

281 336 15.5 5.8
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Results and Discussion

Low Cycle Fatigue

Figure 3 illustrates the strain life response for load path
(b) and Fig. 4 for load path (a) for all alloys/conditions.

It can be observed that the difference in life for pure axial
loading (path b) is less than those in pure shear in the LCF
regime. Several researchers [4, 29–33] have observed a
“kink” in the axial strain life curve in various wrought Mg
alloys in the regime of life between 103 and 104 cycles (0.4–
0.5%) which varies depending on both the strain path and
alloy/processing conditions. This can be observed in most of
the alloys and conditions being presented in Fig. 3 for the
pure axial load path (b). This results from a change in the
cyclic deformation mechanism being twinning/de-twinning
activity dominating the plastic deformation at strain ampli-
tudes above the kink point and dislocation slip below the
kink point. This transitional life between cyclic deformation
mechanisms coincides with a meaningful mean stress
development as the strain amplitude increases [4]. In con-
trast, the deformation mechanism in pure shear (load path a,
for shear strains <1.5%) is not twinning/de-twinning domi-
nated, and thus no distinguishable kink is observed for any
of the materials as can be seen in Fig. 4. The two different
deformation mechanisms in axial and shear cyclic loading
are corroborated by fracture surface microstructure and the

γ γ

ε ε

(a) (b)

Fig. 1 Uniaxial loading paths used for fatigue experiments a pure shear and b pure axial

γ γ γ

εε ε

(a) (b) (c)

Fig. 2 Multiaxial loading paths used for fatigue experiments c proportional (in-phase), d non-proportional 45° out of phase, e non-proportional
90° out of phase
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Fig. 3 e-N curve for pure axial load path (b)
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Fig. 4 c-N curve for pure shear load path (a)
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texture evolution as shown in Figs. 5 and 6. Figure 5 shows
twin formation in axial cyclic strain, and Fig. 6 shows slip
deformation in cyclic shear strain.

Energy as a Fatigue Damage Parameter

To establish a common background for comparing uniaxial
and multiaxial cyclic tests, strain energy density (SED) as a
measure of fatigue damage is adopted. Strain energy density
has been suggested as a suitable fatigue damage parameter
for variety of different materials [34–38], and particularly for
wrought magnesium alloys [3, 10–12, 14, 39, 40]. Given the
asymmetric and anisotropic behaviour of wrought magne-
sium alloys, SED has proven to be the most effective fatigue
correlation parameter [14]. The total SED is implemented as
a damage parameter and is constituted by its elastic and
plastic components. The plastic component is defined as the
area enveloped by the stabilized hysteresis loop. The elastic
component which accounts for mean stress is defined as the
following [41]:

DEþ
e ¼ ðrmax þ rmeanÞra

2Ecyc
Axialð Þ

Similarly for shear, the following relationship is
proposed.

DEþ
e ¼ ðsmax þ smeanÞsa

2Gcyc
Shearð Þ

where rmax is the maximum and rmean the mean axial stress
for (path b), and smax & smean are the peak and mean shear
stresses (path a) for the stabilized half-life response. Multi-
axial cyclic tests path (c–e) was performed on AZ31B
forged, AM30 extrusion, AZ80 forged, and ZK60 forged.
The total SED for each test was taken as damage parameter
to correlate with life. Figure 7 shows how well SED corre-
lates fatigue data irrespective of loading path, for pure axial,
pure shear, and multiaxial with any phase angle.

There are two separate effects which can be examined in
biaxial responses of the various alloys and material condi-
tions: primarily, the effect of the load multiaxiality, and
secondly the effect of the level of non-proportionality or the

Fig. 5 SEM images of a the fracture surface of an AZ31B sample
tested at 0.4% axial strain amplitude showing evidence of extension
twin lamellae (red arrows) near the crack initiation zone, b near the
fracture surface of sample tested at 1% with red and yellow arrows
showing the residual twins and cracks observed along twin boundaries,

respectively; (c and d) pole figures of the AM30 extrusion in
as-received condition and after cyclic axial strain amplitude of 2%,
respectively, showing the re-orientation of basal planes (0002) due to
twinning

ED

TD

RD

ED

TD

RD(0002) (0002)
(a) (c)(b)

Fig. 6 SEM images of a the fracture surface of the primary shear crack
in AZ31B tested under cyclic shear strain of 0.4% showing extensive
slip bands (red arrows) surrounding significant secondary cracks;

(b and c) pole figures of ZK60 before and after cyclic shear of 1.1%,
respectively, confirming no change in the orientation of basal planes
(0002)
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phase angle effect. Figures 8 and 9 illustrate the relationship
between axial, shear, and total SED for the investigated
alloys for a variety of phase angles with a low and high
proportionality ratio, respectively.

Firstly, the load axes effect in biaxial loading is consid-
ered. There exists a threshold axial strain e amplitude where
axial loading will begin to dominate the cyclic response and
increase its proportion of total SED. This threshold corre-
sponds with the “kink” observed in the uniaxial e-N axial
curve where the deformation mechanism shifts from pre-
dominantly elastic and small levels of slip-based plasticity
behaviour at e < ekink to twinning/de-twinning behaviour at
strain amplitudes e > ekink. Below this threshold (e < 0.4–
0.5%), and as depicted by Fig. 8, the share of axial SED and
shear SED in total SED is the same and around ½ of the total
SED. Within this regime, the damage is equally shared by

the two axes of loading. However, for biaxial loading with
axial strain higher than the threshold (e > 0.5%), the axial
SED becomes dominant, causing the majority of damage
(e.g., close to 80% of the damage in AZ31B in Fig. 9). This
is due to twinning/de-twinning caused by axial strain above
the threshold. The re-orientation of basal planes due to
twinning/de-twinning caused by axial strain favours basal
slip in twinned grains resulting in better accommodation of
shear strain. Hence, less energy is required for accommo-
dating the shear strain as compared to the one required in the
absence of axial strain. The dominance of axial strain in
biaxial loading above the threshold is corroborated by the
cracking mechanism. Figure 10 shows a typical macroscopic
crack morphology for a failed sample under pure axial and
pure shear strain path. It can be observed that the crack path
morphology for pure shear loading (path a) is purely
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Fig. 7 Total strain energy density correlation with life in pure axial, pure shear, and multiaxial strains for AZ31B, AM30, AZ80, and ZK60 at
LCF
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Fig. 10 Macroscopic fracture
morphology for an AZ80 failed
sample under a pure axial b pure
shear strain
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longitudinal (aligned with the tubular specimen axis) while
crack path for pure axial strain (path b) is transverse. In
biaxial loading however, as depicted by Fig. 11, when the
axial strain is above the threshold, the cracking is always
transverse (Fig. 11b), irrespective of the level of shear strain
amplitude. On the other hand, when the axial strain is below
threshold (Fig. 11a) and shear strain is large, the cracking is
longitudinal, confirming low influence of axial strain on final
failure.

With regards to the sensitivity to the level of
non-proportionality or phase angle effect, a few observations
can be made. As depicted by Fig. 8, at low value of axial
strain, there seems to be no effect of phase angle on total
SED. This is clearly seen in the case of AZ31B for e = 0.4%
and c = 0.5% where the total SED independent of the phase
angle in all three cases is 0.7 MJ/m3. For AZ80 and ZK60 at
the same biaxial loading, the maximum difference of SED
with respect to phase angles 0, 45, and 90 is 6% and 7%,
respectively. This difference for AM30 biaxial loading with
e = 0.3% and c = 0.4% is only 7%. However, at high axial
strain values, as depicted by Fig. 9, the phase angle changes
the total SED. For AZ31B, AZ80, and ZK60 biaxial loading
with e = 0.7% and c = 0.5%, the SED increases (life
decreases) as phase angle increases. For AM30 with lower
biaxial loading of e = 0.5% and c = 0.6%, again the effect of
load angle is visible. Xiong et al. [4] observed that in
extruded AZ31B non-proportional loading results in a higher
population of grains experiencing twinning/de-twinning as
well as easier activation of various sets of twins AZ31B.
These deformation induced twins can serve as sites for crack
initiation which can potentially have a detrimental effect on
fatigue life. Furthermore, the additional non-proportional
hardening that can be induced by the rotation of the principal
axis can also lead to higher cyclic energies and has the effect
of further reducing the fatigue life [37]. The AM30 alloy
behaved somewhat different, with longer life occurring at
90° than at 45°, due to the attenuation of the cyclic hard-
ening in the axial direction under non-proportional loading, a
phenomenon that as was observed by Roostaei and Jahed
[29]. The variation in SED in all alloys at high biaxial strain
amplitudes in Fig. 9 remains small and less than 12%. While

rotation of principal axes in out-of-phase loading accom-
modates more deformation mechanisms to occur, however,
limited number of slip systems in magnesium alloys limits
its detrimental effect [42].

Conclusion

The effect of multiaxiality on the cyclic behaviour was studied
for several Mg alloys of the extrusion and forge variety.
Several different loading paths were presented, uniaxial and
biaxial, with varying levels of non-proportionality. Based
upon the results, the following conclusions can be drawn:

1. A distinct kink in the e-N response under pure axial
loading for all the presented materials represents a fun-
damental shift in the cyclic deformation mechanism. This
kink is associated with the onset of domination of
twinning/de-twinning in materials response in uniaxial
and biaxial loadings. No such kink is observed in the
pure shear e-N response which is dominated by slip.

2. Strain energy density (SED) correlates all fatigue
experimental results irrespective of the axes of loading.

3. Under multiaxial loading, at strain amplitudes above a
certain “kink” threshold when sufficient plasticity is
induced, the axial component tends to dominate the
biaxial loading. Below this threshold, the sensitivity of
the response to the relative intensity of each loading axis
as well as the phase angle is quite low.

4. Under non-proportional loading, if the rotation of the
principal axis causes the axial proportion of total SED to
increase, it results in a lower fatigue life, and this was
observed in AZ31, AZ80, and ZK60 alloys.

5. In the tubular specimens utilized, the crack path beha-
viour is characterized by transverse cracking (tensile type
failure) for the majority of strain paths. The only
exceptions to this are the pure shear load path which
exhibited longitudinal cracking in the LCF regime and
helical cracking (45°) in the HCF.

6. Under multiaxial loading, fatigue cracks normally initiate
at the surface of the tubular sample regardless of the

Fig. 11 Macroscopic fracture morphology for a ZK60 failure a under 0.3% axial and 0.7% shear strain showing longitudinal crack, b under 0.6%
axial and 0.7% shear strain showing transverse crack
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relative magnitudes of each strain component. In general,
this was true for all alloys and material conditions
investigated.

7. The transverse cracking path was relatively insensitive to
the level of non-proportionality of the loading.
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Part V

Thermomechanical Processing



Deformation Driven Precipitation in Binary
Magnesium Alloys

Suhas Eswarappa Prameela and Timothy P. Weihs

Abstract
Unlike Aluminum (Al) alloys, precipitation strengthening
of Magnesium (Mg) alloys has proven challenging.
Precipitate density is typically too low, and precipitate
size is often too large and elongated to enhance the
resistance to plastic deformation significantly. Mimicking
recent work in Al alloys, we are exploring how
low-temperature plastic deformation can enhance the
density, size, and morphology of common intermetallic
particles and thereby lead to significant hardening in Mg
alloys. The low temperatures tend to favor nucleation
overgrowth, while the deformation provides vacancies
and dislocations that can assist nucleation. Using equal
channel angular extrusion, and moderate temperatures, we
explore the processing and thermodynamic factors con-
trolling nucleation and growth of precipitates in Mg–Al
and Mg–Zn binary alloys.

Keywords
Dynamic precipitation � Nucleation � Magnesium
alloys � Nano precipitates � Strengthening

Magnesium alloys continue to receive significant interest
from the broader scientific community, particularly from
those interested in low-density structural materials [1, 2].
These lightweight alloys offer great potential for use in
defense, transportation, electronics, and biomedical appli-
cations. There are now several research efforts focused on
understanding the fundamental issues that control alloy
processing and design. One of these efforts is driven to
understand the role of initial microstructure and the con-
trolling mechanisms during thermo-mechanical processing
of Mg alloys, to create useful final microstructures. Possible
attributes of such microstructures may include rich solute

clusters, fine precipitates, small grain sizes, and random
textures that help to tailor strength and anisotropy [3–7].
However, despite these efforts, our abilities to design and
fabricate magnesium alloys with all of these microstructural
attributes are still limited.

One overarching idea for improving the microstructure of
Mg alloys is to follow the approaches that have proven
successful in developing Al alloys [8, 9]. For example,
precipitate hardening in Al alloys has been very effective.
Micro-alloying, conventional aging (T6 treatment), double
stretch aging, and dynamic strain aging are a few examples
of how one can create very useful microstructures with fine
precipitates in Al alloys. Mimicking these techniques to
precipitation harden Mg alloys has resulted in varying
degrees of success. Some of the core challenges limiting
success include our narrow understanding of the roles that
vacancies, solute atoms, and dislocations play during
thermo-mechanical processing in Mg alloys. Conventional
wisdom suggests that when extensive deformation and the
climb of the edge dislocations generate excess vacancies
[10], the rate of atomic diffusion rises, leading to enhanced
nucleation and growth. However, by limiting the duration of
deformation and by relying on the annihilate of vacancies
once deformation ceases, one can effectively use the
mechanical generation of vacancies as a switch to enhance
nucleation with a limited impact on coarsening through
growth. One simply stops the deformation following
nucleation to limit coarsening. Dislocations can also play a
dominant role in precipitation through their local stress
states. The hydrostatic stress fields around edge dislocations
can reduce the nucleation barrier for the formation of
intermetallics simply due to changes in density upon pre-
cipitate formation. Further still, these dislocations promote
the formation of solute clusters that lower the barriers for
nucleation even further and can thereby lead to a higher
number of fine precipitates. Studies have focused on
manipulating solute clusters, mobile dislocations, and forest
dislocations to aid nucleation processes. The type of solute
atoms present in the microstructure also plays a significant
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role as it can directly influence the formation of GP (Gui-
nier–Preston) zones and other metastable phases [11, 12].

In our studies, we consider two binary magnesium alloys
(Mg–Zn and Mg–Al) without micro-alloying elements and
attempt to manipulate the nucleation and growth of precip-
itates by controlling deformation. We do so at low temper-
atures to aid nucleation of fine precipitates while limiting
intermetallic coarsening.

The phase transformation sequence in Mg–Al and Mg–
Zn alloys is as follows [13]:

Mg�Al : Solid solution ! bðMg17Al12Þ
0001ð Þahabit plane

Conventional peaking aging of these alloys often results
in large aspect ratio precipitates that are not favorable for
strengthening [14]. For example, the T6 treatment of Mg–
9Al (wt%) alloy creates continuous precipitates in the grain
interiors and divorced eutectic type precipitates called

discontinuous precipitates [15] along the grain boundaries as
shown in Fig. 1a and b, respectively.

In our work, binary magnesium alloys (Mg–9Al (wt%)
and Mg–3Zn (wt%)) were dynamically aged by equal
channel angular extrusion (ECAE). The extrusion was car-
ried out at a rate of 0.15 mm/min at 150 °C and along the
4Bc route. Transmission electron micrographs show fine
precipitates in Fig. 2a, b for both of these alloy systems after
four passes.

We hypothesize that the severe plastic deformation
(ECAE) injects a high density of dislocations during pro-
cessing leading to an increased density of sites for nucleation

[16, 17]. The hydrostatic stress states around edge disloca-
tions attract solute clusters and ease precipitation by dra-
matically lowering the barrier for nucleation of
intermetallics. This leads to a very high number density of
fine precipitates, as shown above in Fig. 2. The very tight

Fig. 1 Mg-9Al (wt%) after
ECAE 4Bc processing at 150°C
a Continuous precipitates within
the grain interior.
b Discontinuous precipitates near
the grain boundary

Fig. 2 a Fine nano precipitates
in Mg–9Al (wt%) alloy. b Fine
nano precipitates in Mg–3Zn
(wt%) alloy

Mg�Zn : Solid solution ! GP zones ! b01 Mg4Zn7ð Þ ! b002 MgZn2ð Þ ! b MgZnð Þ
0001½ �arod
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spacings and high number densities can result in significant
Orowon strengthening and substantial increments in yield
strengths [1, 18, 19]. Our work focuses on characterizing the
impact of dislocations, as well as excess vacancies on this
enhancement of precipitation in Mg alloys.
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Effect of Second Phase Particle Size
on the Recrystallized Microstructure
of Mg–Al Alloys Following ECAE Processing

Suhas Eswarappa Prameela, Peng Yi, Vance Liu, Beatriz Medeiros,
Laszlo J. Kecskes, Michael L. Falk, and Timothy P. Weihs

Abstract
Magnesium (Mg) alloys are excellent candidates for
structural applications, given their high strength to weight
ratios. Grain boundaries and precipitates can both
contribute to strengthening in Mg alloys, but the design
of high strength Mg alloys is challenging due to Mg’s
anisotropic crystal lattice and yield asymmetry. Herein,
we focus on thermomechanical processing that involves
grain refinement in the presence of precipitates. We seek
an understanding of how small and large Mg17Al12
intermetallic particles impact recrystallization and dis-
continuous precipitation in Mg–Al alloys. We do so by
processing solution treated and peak aged Mg–9Al (wt%)
alloys using equal channel angular extrusion (ECAE)
along the Bc route at 150 °C. We find that the fine
nanoprecipitates that nucleate within the solutionized
grain interiors during ECAE processing lead to finer Mg
grains in the recrystallized regions compared to those in
the presence of the long lathlike precipitates produced
during peak aging prior to ECAE processing.

Keywords
Deformation processing � Nanoprecipitates �
Nucleation and growth � Recrystallization �
Magnesium alloys

Introduction

Robust and lightweight magnesium (Mg) alloys are desired
in the automotive and defense industries, but the anisotropic
behavior of Mg complicates our ability to control defect
generation, texture development, and deformation behavior
both during processing and in use. In particular, Mg’s fun-
damental physical characteristics, including temperature-
sensitive activation of different slip systems, strain rate
sensitivities, and significant yield asymmetries, affect the
selection of the most appropriate processing conditions
[1–7]. Despite these limitations, we are gaining a better
understanding of the underlying relationships related to the
thermomechanical processing of Mg alloys, especially dur-
ing severe plastic deformation (SPD). SPD techniques such
as extrusion [8], rolling [9], or high-pressure torsion pro-
cessing [10] have resulted in an extensive range of
microstructures [4, 11]. A survey of these studies identifies
specific challenges and opportunities in manipulating the
microstructure of Mg and its alloys. One such instance is the
possibility of creating fine grains with random texture, which
improves strength and reduces the yield asymmetry. At the
same time, continuous and discontinuous recrystallization
processes have also been shown to enable grain refinement
[12–14] and greater strengths. In certain alloy compositions,
concurrent with recrystallization is the possible formation of
fine precipitates [11, 13].

Precipitation is a phase transformation that involves nu-
cleation and growth of second phase particles. There are
three possible interactions between recrystallization and
precipitation. First, both of these processes can occur
simultaneously in different regions of a sample (e.g., pre-
cipitation in grain interior and recrystallization near grain
boundary) during thermomechanical processing [13]. The
second possibility is that recrystallization occurs alongside
precipitation in the same region producing a combined
reaction zone. The third instance is reprecipitation during
recrystallization, wherein precipitates dissolve in the grains
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undergoing recrystallization and reform within or next to the
new grains [15]. In this effort, we seek to gain a deeper
understanding of the mechanisms that control this third
mode of interaction in a Mg–9Al (wt%) binary alloy.
Specifically, we study how the size of the precipitates within
the grain interior can influence the overall recrystallization
fraction and the final grain size in a combined reaction zone
that includes recrystallized Mg grains and reprecipitated
Mg17Al12 particles.

Experimental Procedure

We procured ingots of Mg–9Al (wt%) alloy fromMagnesium
Elektron North America (MENA), Madison, IL. The ingots
were solutionized by heating them at 385 °C for 6 h and at
420 °C for 16 h, followed by a cold-water quench. Chemical
analysis of the ingot was carried out using optical emission
spectroscopy (OES) as shown in Table 1.

Two routes were followed for thermomechanical pro-
cessing, as shown in Fig. 1. For Route 1, solution treated
samples were deformed along the 4Bc route by equal
channel angular extrusion (ECAE) at a rate of 0.15 mm/min
at 150 °C with a 0.45 MPa backpressure. For Route 2,
solution treated samples were first peak aged in a furnace for
163 h at 150 °C followed by ECAE along the 4Bc route
with a rate of 0.15 mm/min at 150 °C with a 0.45 MPa

backpressure. Samples were cut using a diamond wire saw
after ECAE for light microscopy. We mechanically polished
the sample using 800 and 1200 grit pads with water, fol-
lowed by a cloth pad and OPS solution. Samples were then
etched using a 2% Nital solution for characterization. Sam-
ples were also cut using a diamond wire saw for transmis-
sion electron microscopy (TEM). We then mechanically
polished them to 50 µm slices and punched 3 mm disks.
A Gatan precision ion polishing system (PIPS) was used to
perforate holes with a thin region near the periphery for
TEM observation. We employed a TF30 microscope oper-
ating at 300 keV for microstructure observations.

Results and Discussion

Light microscopy studies on samples after solution treatment
and after peak aging confirm that there is no recrystallization
before the ECAE processing. The grain size increases slightly
during peak aging treatment in Route 2, but is deemed negli-
gible. Thus, before the ECAE processing, both sets of samples
have similar grains and grain sizes. The extrusion of the peak
aged samples in Route 2, though, proved more challenging.
As Fig. 2 indicates, shear localization, fracture, and profuse
twinning occurred near the edge of the peak aged samples
during ECAE.We attribute this occurrence to the existence of
the long precipitate laths within the microstructure and the

Table 1 Primary constituents of the Mg–Al alloy as measured by optical emission spectroscopy

Chemical composition in weight percent (wt.%)

Designation Al Cu Mn Zn Ca Ni Be Si Fe Mg

Mg–9Al (A9) 8.71 0.0002 0.005 <0.001 <0.001 0.0008 <0.0001 0.0020 0.0085 Balance

Fig. 1 Schematic of the two
thermomechanical processing
routes. Route 1: a solution treated
A9 sample is processed via ECAE
(4Bc) at 150 °C; Route 2: a
solution treated sample is peak
aged and then processed via
ECAE (4Bc) at 150 °C
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use of relatively low backpressure. Route 1 samples had no
such issues, and all four extrusion passes were successful.
Following four passes at 150 °C, lightmicrographs of samples
from both processing routes (1 and 2) reveal river-like features
in light micrographs, indicating that recrystallization begins
along boundaries and grows into the grain interiors during
extrusion (Fig. 3).

In our previous study [13], we describe and show that the
recrystallized regions in Fig. 3a grow in volume as a function
of ECAE passes of the Mg–9Al solutionized samples at
150 °C. A MATLAB code was used to analyze the area frac-
tion of these regions after four passes for both Route 1 and
Route 2. The recrystallized fraction for the Route 1 (A9 4Bc)
sample is 57.7%, and it is 80.6% for the Route 2 (A9 peak
aged + 4Bc) sample. Our earlier [13] and current TEM anal-
ysis (Figs. 4 and 5) reveal that the recrystallized regions are
combined reaction zones containing recrystallized Mg grains
and relatively smallMg17Al12 grains or precipitates sitting next
to the Mg grains. The Mg grains contain near equilibrium
concentrations of Al, as shown by HAADF-STEM and a ran-
dom texture, as demonstrated by Kikuchi EBSD patterns [13].

The unrecrystallized portion of the microstructure also
evolves during the ECAE processing in Route 1, and it is
reported in detail in our earlier work [13]. At the end of the first
pass, there are very few localized precipitates in the mi-
crostructure and some recrystallization near the grain bound-
ary. After the second pass, the entire unrecrystallized region
has a dense distribution of nanoprecipitates. The recrystal-
lization region continues to grow as the number of passes
increases, consuming the grain interior that contains finely
spaced nanoprecipitates. At the start of the fourth pass, the
microstructure still has a dense distribution offine precipitates
within the unrecrystallized grain interiors as shown in Fig. 4a,
some of which will be recrystallized in the fourth and final
pass. The nanoscale precipitates in the grain interiors of the
Route 1 samples, with an almost spherical geometry and
uniform distribution, stand in sharp contrast to the much lar-
ger, lathlike precipitates that result from peak-aging and are
present in the grain interiors of the Route 2 samples prior to
ECAE processing (Fig. 4c). (For completeness, we note that
the precipitates are spaced more closely (discontinuous pre-
cipitates) near the grain boundary [16] in the Route 2 sample.)

Fig. 2 a, b Bright field light micrographs showing recrystallization bands (arrows 1 and 3), extensive twinning (arrows 4 and 5) and fracture
(arrows 2 and 6) close to the edge of Route 2 A9 peak aged + 4Bc sample

Fig. 3 Darkfield light micrographs showing a unrecrystallized region (arrow 1) and recrystallized region (arrow 2) in the Route 1 A9 4Bc sample;
b unrecrystallized region (arrow 3) and recrystallized region (arrow 4) in the Route 2 A9 peak aged + 4Bc sample
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In Fig. 4b, d, we show the recrystallized microstructures
within the combined reaction zones for the Route 1 and 2
samples, respectively, that grow in volume with each
ECAE pass. The TEM images reveal much finer Mg grain
sizes in the Route 1 combined reaction zones compared to
Route 2, and Fig. 6 shows a statistical analysis of these
grain sizes.

Higher-resolution TEM images in Fig. 5 begin to reveal
the interaction between recrystallization and precipitates. In
Fig. 5a, a red dashed line marks the boundary between an
original *250 µm Mg grain and a recrystallized region for
Route 1. We see fine precipitate particles within the original
grain on the left side of the dashed red boundary. These
precipitate particles form via continuous precipitation in the

Fig. 4 TEM micrographs showing a a dense distribution of Mg17Al12 nanoprecipitates in the grain interior of the Route 1 A9 4Bc sample; b a
combined reaction zone near a grain boundary in the Route 1 A9 4Bc sample; c a coarse distribution of Route 2 Mg17Al12 laths in the grain interior
of the A9 peak aged + 4Bc sample; and d a combined reaction zone near a grain boundary in the Route 2 A9 peak aged + 4Bc sample (Note that
‘4’ here refers to the number of ECAE passes)

Fig. 5 a Fine nanoprecipitates on the left (arrow 1) intersecting with the advancing combined reaction zone (arrow 2) in the A9 4Bc (Route 1)
sample. The growth front of the combined reaction is shown by the dashed line; b fine Mg17Al12 particle (arrow 1) within a large grain (similar to
another Mg grain exemplified by arrow 2) in the combined reaction zone, as seen in the peak aged + A9 4Bc (Route 2) sample
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original grain during the first two ECAE passes [13]. On the
right side of the dashed red boundary, we see the combined
reaction zone in the recrystallized region that contains small,
precipitate-free Mg grains and larger Mg17Al12 particles at
the boundaries of the Mg grains. In the Route 2 sample, we
did not capture a boundary between the unrecrystallized and
recrystallized regions, in part due to the higher level of re-
crystallization in Route 2 samples. However, Fig. 5b reveals
the microstructure in a recrystallized region after Route 2
processing. The Mg17Al12 laths that initially resided in the
grain interiors are absent, and as in Route 1, the resulting Mg
grains are also much smaller than the larger (*250 µm),
initial Mg grains. The recrystallization consumes the whole
volume in Fig. 5b, and in contrast to the resulting Route 1
microstructure, the resulting Route 2 combined reaction
zone shows that small Mg17Al12 particles have reprecipitated
both within and outside the new, small Mg grains.

To quantify differences in the microstructures for the two
processing routes, we show a statistical analysis of the initial
Mg17Al12 precipitates in the grain interiors (Fig. 4a, c) and
the final, recrystallized Mg grains (Fig. 4b, d) in the com-
bined reaction zones for Routes 1 and 2 in Fig. 6. This figure
reveals that the finer initial precipitates in Route 1 correlate
with finer Mg grain sizes in the combined reaction zone
while the larger initial precipitates (laths) in Route 2 corre-
late with larger Mg grains in the combined reaction zone.

Based on these results, we can state correlations that can
be contrasted for Routes 1 and 2. The initial nanoscale
Mg17Al12 precipitates (72.31 nm average) that exist before
and during recrystallization in Route 1 correlate with less
recrystallization (57.7%), a finer average recrystallized Mg
grain size (245.22 nm average), and a coarser reprecipitated

Mg17Al12 particle size (216.85 nm average, measured from
Fig. 4b) compared to Route 2. In contrast, the much larger,
lathlike Mg17Al12 precipitates (252.7 nm average) that exist
at the start of ECAE processing in Route 2 correlate with a
higher area fraction of recrystallization (80.6%), a larger
average recrystallized Mg grain size (838.69 nm average),
and a finer reprecipitated Mg17Al12 particle size (86.99 nm
average, measured from Fig. 4d) compared to Route 1.

The difference in the recrystallized microstructures
between the two routes is likely a result of the interaction
between the precipitates and the recrystallization processes.
The presence of precipitate particles before recrystallization
could affect the nucleation and growth of the recrystallized
grain [17]. Conversely, the kinetics of recrystallization could
affect reprecipitation within the combined reaction zone.

We first consider the potential effect of the initial pre-
cipitates on the nucleation of new Mg grains, and the process
called particle stimulated nucleation (PSN). When the pre-
cipitates are sufficiently large, they can stimulate the nucle-
ation of new grains. The critical particle radius for PSN is
given by r� ¼ 4c=0:5qGb2 where c is the grain boundary
free energy, q is the dislocation density, G is the shear
modulus, b is the Burgers vector. Using 0.5 J/m2 for c, 1014

m−2 for q, 18 GPa for G, and 3.2 Å for b, we obtain
r* * 20 µm. Robson et al. also reported a critical PSN
radius greater than 1 lm [18]. Given both the predicted and
reported critical radii are larger than those measured for the
initial particles in Route 1 and Route 2, we expect that PSN
is inactive for both sets of samples. Instead of PSN, we
anticipate that recrystallization is initiated from highly
strained areas near grain boundaries, consistent with our
observations and previous studies [13].

Based on Fig. 6, the average recrystallized Mg grain size
for Route 2 (838.69 nm) is about 3.4 times the average
recrystallized Mg grain size for Route 1 (245.22 nm). Given
that the recrystallization area fraction for Route 2 (80.6%) is
only 1.4 times larger than for Route 1 (57.7%), we estimate
that the number of recrystallized grains for Route 2 must be
6 times lower than for Route 1. We explain this disparity by
considering differences in the rates of nucleation of new Mg
grains or differences in the growth of these Mg grains. In an
earlier study [13], we considered the impact of solute content
in unrecrystallized regions of Route 1 samples and its ability
to promote nucleation of new Mg grains. Here, we focus on
growth and assume that new Mg grains nucleate at a similar
rate in both processing routes. Thus, the grains in Route 2
must be growing more rapidly than in Route 1. To seek an
explanation for this hypothesis, we considering the pinning
effects of the initial Mg17Al12 particles.

It is well established that the Zener pinning effect of
dense and small second phase particles prevents the growth
of recrystallized grains. For example, Fig. 5a shows dense

Fig. 6 Cumulative density plots of the sizes of the initial Mg17Al12
particle within grain interiors and the final recrystallized Mg matrix
grains of the samples processed along Routes 1 and 2
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and fine particles near the growth front of the recrystallized
grain, and that could pin the growth front in the Route 1
sample. The critical grain size for continuing growth is
d� ¼ 4c= 0:5qGb2 � 3Fvc

r

� �
, where Fv is the volume fraction

of the second phase (precipitate), and r is the second phase
particle radius. This formula is derived for a spherical second
phase particle, where Fv/r is also proportional to the inverse
of the particle spacing, i.e., L−1. Given the average particle
radius and spacing (L) is much smaller for Route 1 [19], d* is
larger, and the recrystallized Mg grains are more likely to be
pinned in Route 1 than in Route 2, once they nucleate. If the
growth of recrystallized grains is hindered by the high
density of fine precipitate particles in Route 1 processing,
more grains must nucleate to consume the heavily deformed
grains. In contrast, we argue that grain growth is less
impeded and easier during Route 2 due to limited Zener
pinning via the larger Mg17Al12 particles. Once nucleated,
the Mg grains can grow to a larger average size, and thus
less nucleation of new Mg grains is required to recrystallize
most of the sample volume.

As a final observation, we note that the boundaries of the
recrystallized grains can serve as channels for solute trans-
port within the combined reaction zone. Due to the finer
recrystallized Mg grain size of the Route 1 samples, there are
more grain boundaries. In turn, this enables a more rapid and
efficient transport of Al, which allows more extensive
coarsening of the Mg17Al12 particles that have reprecipi-
tated. This could explain why the average size of the
reprecipitated particles following Route 1 processing is
216.85 nm, and it is only 86.99 nm following Route 2
processing. This difference in particle size also correlates
with the much lower solute concentration in the recrystal-
lized region in Route 1 compared to Route 2. The finer
recrystallized Mg grain size of the Route 1 samples thus
appears to be enabling a more rapid depletion of Al from the
Mg matrix and a more extensive coarsening of the Mg17Al12
particles.

Conclusions

A binary Mg–Al alloy was used to study the effect of
precipitate size and morphology on the evolution of the
combined reaction zone and resulting grain sizes. Smaller
Mg17Al12 particles produced during the ECAE process
appear to produce a strong pinning effect and are likely
inhibiting the growth of recrystallized Mg grains. In con-
trast, large precipitate laths produced during peak aging
before ECAE processing appear to promote recrystalliza-
tion by enabling more extensive growth of the recrystal-
lized Mg grains. In addition, the finer resulting Mg grain

size in Route 1 processing may promote the coarsening of
the reprecipitated Mg17Al12 particles via more extensive
grain boundary diffusion compared to Route 2 samples.
The step by step process by which fine particles or large
laths dissolve and help in forming the combined reaction
zone is still not clear. The competition between the dis-
solution rate of prior precipitates or laths and the nucle-
ation rate of the new precipitates may play an essential role
during this process, and an improved understanding of the
interplay of precipitation, reprecipitation, growth, and re-
crystallization is needed.
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Relating Texture and Thermomechanical
Processing Variables in Mg–Zn–Ca Alloys

Tracy D. Berman and John E. Allison

Abstract
It is well known that the strong basal texture commonly
produced in magnesium alloy sheets leads to poor
formability at room temperature. A sizable body of work
has explored how changing the alloy composition and
rolling conditions can yield more desirable textures;
however, important thermomechanical variables, such as
the feed rate during rolling, are often not included in the
literature, making it difficult to correlate how changes in
processing affect the final crystallographic texture. This
work explores the texture evolution and grain refinement
in Mg–Zn–Ca alloys during plane strain compression
(PSC) using a Gleeble thermomechanical simulator. This
instrument allows for precise control and capture of the
thermomechanical history of the sample. The texture and
grain morphology of the compressed samples were
characterized using electron backscatter diffraction
(EBSD). The texture results will be used to identify
which alloys and processing conditions should be scaled
up for future rolling studies.

Keywords
Texture � TMP � Grain refinement � Gleeble

Introduction

The quest for magnesium alloy sheet with good low tem-
perature formability has been ongoing. Mg alloys which
include rare earth (RE) elements have demonstrated
improved formability (often demonstrated with high Erich-
sen cup tests); this is generally attributed to the “rare earth”
texture, which is marked by a spreading of the basal poles
along the transverse direction in the sheet [1–5]. However,

the addition of RE elements can make the alloys costly, and
supply is at the mercy of strategic planning.

Promising textures and sheet formability have also been
observed in some non-RE-containing alloys, including in the
Mg–Zn–Ca alloy system [1, 6–9]. It has been demonstrated
that both Zn and Ca must be present in the alloy to achieve a
low basal texture [9, 10]. Several studies have explored the
mechanisms responsible for the texture reduction and
include solute drag [11], an effect of particles in the alloy
system modifying the recrystallization behavior [12],
dynamic strain aging [13], and twinning effects [1, 7, 14].

Despite the amount of work done to develop formable
magnesium alloy sheet, it is often difficult to draw firm
conclusions. The thermomechanical processing (TMP) con-
ditions also affect the texture evolution, and in the literature,
it is common for several of the TMP variables used in the
rolling process to be omitted, in particular the feedthrough
rate of the sheet. It is also difficult to monitor the temperature
of the sheets during rolling; though pre-rolling annealing and
roll temperatures may be given, the temperature of the sheet
will vary when passed between steps.

The Gleeble thermomechanical processing simulator
allows for precise monitoring of the TMP conditions during
deformation, and plane strain compression has frequently
been used to simulate the rolling process [15, 16]. Ther-
mocouples welded to the sample itself are used to control the
processing conditions. An additional advantage of using the
Gleeble is that less material is needed than would be required
for rolling studies; several Gleeble plane strain compression
specimens can be extracted from a small laboratory cast
ingot.

This work explores the texture evolution and grain
refinement that occurs during plane strain compression of a
Mg–3Zn–0.1Ca alloy (designated as ZX30). This alloy was
chosen to facilitate comparison with rolled sheet available in
the literature [9, 10]. As the feedthrough rate (which relates
to the strain rate) was not available in the literature, the effect
of strain rate on the texture evolution was an important
variable to explore.
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Experimental

Cast ingots nominally 80 mm � 80 mm � 20 mm were
received from the University of Florida. The ingots were
solution treated at 350 °C at 24 h and then water quenched.
Plane strain compression samples with dimensions of
20 mm � 15 mm � 10 mm were extracted from the centers
of the ingots, with the 10 mm thickness direction of the
samples being parallel to the 20 mm thickness direction of
the ingot. The casting surfaces of the ingot, which exhibited
columnar grains, were discarded.

Prior to insertion into the Gleeble system, surface oxides
were removed using 1200 g SiC paper. Two k-type thermo-
couples were welded to each specimen. The center thermo-
couple is closest to the region undergoing deformation and
most accurately represents the sheet temperature; however, it
is vulnerable to breaking off during the deformation process
as the region is compressed. Therefore, a second thermo-
couple, which is outside the deformation region, was used to
regulate the temperature. The temperature difference between
the two thermocouples was generally less than 10 °C,
and usually 0 °C until the compressive strains were greater
than 50%.

Several TMP processing variables were explored,
including the number of passes (compression “hits” in the
Gleeble), the strain rate, and the duration of the soak
between passes. The TMP test matrix used is summarized in
Table 1. All processing (pre-compression soak, compres-
sion, and annealing) was done at 350 °C. The heating rate to
temperature was 5 °C/s. Once heated to 350 °C, the sample
was held at this temperature 600 s (10 min). The sample was
then subjected to multiple hits to a specific true strain at the
given strain rate. The amount of time spent soaking the
sample between hits was also varied (this is equivalent to the
re-heating steps between rolling passes that allows for
recovery and recrystallization to occur). All samples were
subjected to a final post-deformation annealing treatment of
350 °C for 600 s (10 min) and then air quenched within the
Gleeble chamber for 30 s.

Optical microscopy and electron backscatter diffraction
(EBSD) were used to characterize the as-cast and deformed
materials. The deformed samples were mounted such that
the compression direction was normal to the grinding sur-
face. The samples were ground to mid-thickness and then
prepared using standard practices for magnesium alloys,
using a diamond paste and an oil-based lubricant. The final
preparation step before optical microscopy was etching in a
solution of 10 mL water, 10 mL acetic acid, 4.3 g of picric
acid (crystals), and 70 mL of ethanol for approximately three
to five seconds. The final preparation step before EBSD was
etching for approximately five seconds in a *5 °C solution
of 60 mL ethanol, 20 mL water, 15 mL glacial acetic acid,
and 3 mL of nitric acid. Re-polishing for 10 min using 1 µm
paste was sufficient to remove the prior etched surface when
switching between preparation for the two characterization
methods.

EBSD was conducted using a Tescan Mira3 electron
microscope operated at 30 keV with a beam intensity set-
ting of 20. EBSD pole figure orientation information is
from an area at least 1 mm by 1 mm in dimensions, with a
step size no larger than 5 µm. Multiple EBSD scans were
taken on several of the samples, and the pole figures pre-
sented were generated by merging the orientation data from
all relevant scans. Data analysis was done using both OIM
Analysis and MTex; in both cases, points with a confidence
index of less than 0.1 were removed from the dataset. No
cleaning was performed on the EBSD data presented in this
work.

Results

All of the thermomechanical processing conditions studied
led to grain refinement in the compressed region. This was
observed both optically (Fig. 1) and using EBSD (Fig. 2).
The as-cast microstructure consisted of large dendritic grains
on the order of 1 mm in diameter. In the reduced region, the
average grain size was closer to 30 µm. In several of the

Table 1 TMP conditions for
Gleeble plane strain compression
tests

Sample name Number of passes Strain per pass Strain rate Soak between passes (s)

ZX30_d06 5 0.2 0.1 600

ZX30_d10 5 0.2 0.5 600

ZX30_d11 10 0.2 0.1 600

ZX30_d13 5 0.2 0.1 300

ZX30_d14 5 0.2 0.1 120

ZX30_d15 10 0.2 0.1 600

ZX30_d16 10 0.2 0.25 600

ZX30_d17 10 0.2 0.5 600
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samples, a few large, dendritic structures remained in the
reduced section, such as the one seen in the right-hand side
of Fig. 2. These features were only observed in the samples
subjected to five passes; increasing the number of passes
(and therefore total strain) led to more uniform grain
refinement.

One of the variables explored was the strain rate. Inverse
pole figure (IPF) maps of samples having undergone ten
passes are shown in Fig. 3, and their corresponding pole
figures are shown in Fig. 4. The top two samples

(ZX30_d11 and ZX30_d15) are repeat tests of the same
condition, with a strain rate of 0.1 s−1. The strain rate was
higher for the samples ZX30_d16 and ZX30_d17, at
0.25 s−1 and 0.5 s−1, respectively. The resulting mi-
crostructure and texture do not show a strong dependence on
the deformation strain rate within the range studied. None of
the variables studied seemed to have a strong impact on the
final grain size, which is shown in Fig. 5.

Discussion

The impact of strain rate, number of deformations passes
(total strain), and duration of intermediate annealing on the
final microstructure of ZX30 samples subjected to plane
strain compression was explored by studying the post-de-
formation microstructure, and texture using EBSD. Of all the
variables studied, the most significant variable seemed to be
the number of passes. Samples subjected to only five passes
were prone to containing some larger, dendritic grains within
the reduced section. It was observed that these larger grains
tended to be basally oriented (such as the one shown in
Fig. 2). If they were large grains from the original mi-
crostructure, the orientations should be random. This sug-
gests preferential growth of the basally oriented grains,
which has been reported in magnesium alloys [17]. It
appears that increasing the total amount of strain can prevent
the occurrence of these undesirable, large grains.

Variation of the length of the intermediate annealing step
did not lead to any appreciable differences in grain size, as
can be seen by comparing the grain size distributions of
ZX30_d06, ZX30_d13, and ZX30_d14 in Fig. 5; these
samples had annealing treatment durations of 600 s, 300 s,
and 120 s, respectively. The textures (not shown) were also
quite similar. This suggests that all annealing durations
studied led to similar amounts of recovery and that no sig-
nificant grain growth (which would lead to a larger final
grain size in the final microstructure) occurred. Future work
will explore the microstructure and extent of recrystallization
in the deformed microstructure and the static recrystalliza-
tion kinetics.

Sample ZX30_d16, deformed with a strain rate of
0.25 s−1, curiously exhibits a larger grain size than the other
conditions studied. We speculate that this is a stochastic
variation in the grain size rather than anomalous behavior
which will be the topic of future research. In addition, the
basal pole figures of the two samples deformed with a strain
rate of 0.1 s−1 for 10 passes are slightly different. Sample
ZX30_d15 (top right) shows a single peak, whereas sample
ZX30_d11 shows a double basal peak, with splitting along
the RD direction. The difference may be due to an insuffi-
cient sampling area in the ZX30_d15 sample. Only a 1 mm2

large region was examined for this sample, whereas the

Fig. 1 Photograph of sample ZX30_d06. The top and bottom of the
sample were unconstrained, and the middle of the specimen is the
deformed region

Fig. 2 IPF maps of ZX30_d06 in the a reduced and b non-compressed
regions. Both maps are 2000 µm � 1000 µm in size
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EBSD scans used to generate the pole figure for ZX30_d11
covered a 6 mm2 area. It is recommended that EBSD scans
measure the orientation of at least 1000 grains [18, 19]. The
differences may also be due to variations within the initial
microstructure.

Based on the EBSD data presented, it is difficult to con-
clude whether or not increasing the strain rate is more likely to
lead to a more diffuse texture, or a texture with a more
RE-like spread along the TD. The most promising texture was

that seen in samples ZX30_d17. This is the only sample that
showed a suggestion of TD spreading similar to that reported
by Chino et al. [9], and it exhibits a low maximum basal
texture intensity of 2.7 multiples of random density (MRD).
Given that the complete TMP history of the sheet presented
by Chino is unknown, it is unclear whether or not the dif-
ferences between the textures reported here and in Ref. [9] are
due to differences in processing conditions or whether plane
strain compression does not adequate simulate the rolling

Fig. 3 IPF maps of samples
having undergone 10 passes using
different strain rates. All maps are
shown on the same scale

Fig. 4 EBSD pole figures of
ZX30 samples having undergone
plane strain compression using
different strain rates
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process in magnesium alloys (e.g., due to a lack of shearing).
It has been demonstrated that texture is affected by altering the
amount of shearing the sheet is subjected to during rolling
[20]. Ongoing work is exploring comparing the texture of a
rolled magnesium alloy sheet with a known TMP history to
the texture produced using Gleeble plane strain compression
tests with a comparable processing history.

While the higher strain rate may have improved the tex-
ture, it did not lead to improved grain refinement. Both
strength and ductility can be improved through grain
refinement in magnesium alloys [21, 22], and commercial
sheet generally exhibits grain approximately 10 µm in
diameter [23]. Therefore, the most promising processing
variation is likely increasing the strain per pass and or the
total amount of strain. Recent work has demonstrated that a
large number of passes (*20), with an increasing amount of
strain per pass, can lead to desirable texture and formability
in Mg alloy sheets [24]. Future work will explore replicating
those processing histories using the Gleeble.

Summary

The impact of strain rate, number of deformations passes
(total strain), and duration of intermediate annealing on the
final microstructure of ZX30 samples subjected to plane
strain compression was explored. Of all the variables studied,
the most significant variable seemed to be the number of
deformation passes (the total final strain). A higher strain rate
appears to also result in a more diffuse texture. In the present
work, we were unable to reproduce the broad TD spreading
seen in ZX30 rolled sheet textures as presented in the liter-
ature. It is unclear whether the difference in texture is due to
being outside the TMP processing window the sheets expe-
rience during rolling or whether shearing is needed to repli-
cate the texture evolution seen in magnesium alloy sheet.
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Variation of Extrusion Process Parameter
for the Magnesium Alloy ME21

G. Kurz, M. Nienaber, J. Bohlen, D. Letzig, and K. U. Kainer

Abstract
Extrusion is an economic production process for the
generation of semi-finished magnesium products that can
be used for biomedical and automotive applications. This
paper reports on the variation of process parameters
(temperature and extrusion speed) in the aluminum-free
magnesium alloy ME21 (Mg–2Mn–0, 6Ce–0,3) during
extrusion in order to investigate their influence on
strength and ductility of the produced profiles. The
influence of the varied process parameters on the
microstructure before and after heat treatment is shown.
Furthermore, the mechanical properties of the extruded
profiles are presented and discussed with respect to
arising textures. The results of this work are used to
discuss how to tailor the mechanical properties of the
magnesium alloy ME21 during the extrusion process.

Keywords
Magnesium � Extrusion � Aluminum-free �
Magnesium sheet � Rare earth-containing
alloys

Introduction

In order to exploit the full potential of magnesium as a
lightweight material, the use of thin-walled components,
such as extruded flat profiles, is indispensable. The funding
project for Function-integrated Magnesium Lightweight
Construction for Car Seat Structures (FUMAS), funded by
the German Federal Ministry of Economics and Energy
(BMWi), makes it possible for the first time to use magne-
sium in large quantities in highly stressed seat structures by
the combination of extrusion and forming processes as well

as by the implementation of new design concepts. The
project covers the development of a material adapted design
and the production process. The production process includes
the extrusion and the forming process, joining, and the
coating for corrosion protection. Finally, it is planned to
manufacture a prototype seat and test the seat in a crash test.
One workpackage of the Magnesium Innovation Centre
(MagIC) is the development of a robust and reproducible
forming process. The work in this funding project is aimed at
reducing the weight of a vehicle seat structure by using
extruded magnesium parts in the seat back. Vehicle seats are
among the most mechanically stressed components of the
vehicle interior and therefore make a considerable contri-
bution to the vehicle mass. Magnesium parts have so far
been cast into small production volumes in the seat area.
Weight saving potentials of 30–40% compared to a steel
reference structure were shown. Compared to magnesium
casting alloys, wrought magnesium alloys exhibit higher
mechanical strength and elongation at fracture. The simple
substitution of steel components by magnesium components,
however, fails on the one hand due to the lower strength of
magnesium and on the other hand due to suitable joining and
corrosion protection solutions.

This paper shows the results of the trials for the opti-
mization of the extrusion process. From the company TWI
commercially available magnesium alloy ME21 (2 wt%
manganese and up to 1 wt% of rare earth elements) was
chosen to realize the seat back component, because of its
good hot strength and hot workability compared to other
magnesium alloys [1]. The alloying element manganese is
contained in small quantities in many technical magnesium
alloys to increase corrosion resistance. In magnesium alloys,
manganese forms stable intermetallic phases in which
impurities such as iron or silicon are bound. In addition,
manganese increases tensile strength, improves casting
behaviour, and leads to a grain refining effect [2]. Another
reason for choosing this alloy is the absence of a low melting
eutectic in contrast to aluminium-containing alloys. During
extrusion, manganese provides a large process window and
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allows relatively high extrusion speeds [1, 3], which makes
this alloy economically interesting.

Typically, rare earth metals are used as cerium mis-
chmetal (approx. 60% cerium, approx. 30% lanthanum, rest
neodymium, praseodymium) as alloying additive. Rare
earths increase the high-temperature strength and creep
resistance [2]. In addition, studies show that the addition of
rare earths has increased the activation of non-basal slip
systems during the rolling process of binary magnesium
alloys, which leads in combination with recrystallisation to a
weakening of the basal texture component [4]. The effect of
texture weakening of the basal component was also observed
in extruded rare earth-containing magnesium alloys [1, 5].
Rolling tests with the alloy ME21 have shown that the
mechanical properties do not change significantly depending
on the RE content [6].

Experimental Procedure

The aim of the investigations for the FUMAS project at the
MagIC is to show a process window in which the seat back of
a car seat after the manufacturing process has a fine-grained,
globular, and homogeneous microstructure with correspond-
ing precipitation behaviour. In order to investigate the influ-
ence of the extrusion parameters such as billet temperature
300 °C � TB � 450 °C and extrusion speed 0.75 mm/s �
vP � 7.5 mm/s which was varied, see Table 1. The extrusion
speed is in all described trials the ram velocity.

The company TWI, a commercial magnesium supplier,
delivered cast feedstock material used for the extrusion tri-
als. All delivered billets were heat-treated to homogenize the
microstructure and to reduce the amount of precipitates. The
samples for the microstructure and EDX analyses were taken
from the two half slices of the billets top. For the extrusion
trials, the billets were machined to four smaller billets with
49 mm in diameter and approx. 130 mm in length. The
machined billets were pressed on a 2.5 MN extrusion press,
built by the company Müller, with an extrusion ratio of 49 :
1 in a direct extrusion process to strips of 20 mm in width
and 2 mm in thickness. Graphite was used as lubricant. After
the extrusion tests, the influence of the grain size and the
heat treatment condition of the starting material on the ex-
trusion behavior, the microstructure, the texture, and the
mechanical properties of the extruded flat profiles were

analyzed. In order to guarantee that sample was only taken
from sections that experience homogeneous material flow,
the first and last 1500 mm of the extrusion profile were not
used. To compare the microstructure and texture develop-
ment along the profile length, 20 mm sections were taken for
each sample at the beginning (1500 mm), at the center
(3000 mm), and at the end of the resulting strips (4500 mm).
For microstructure analysis, standard metallographic sample
preparation techniques were applied and an etchant
based on picric acid was used to reveal grains and grain
boundaries [7]. Texture measurements were done on the
strip mid-planes using a Panalytical X-ray diffractometer
setup. The pole figures were measured up to a tilt angle of
70° which allowed recalculation of full pole figures based on
a MTEX software routine [8]. The (0001) and (10-10) pole
figures of the sheets in as rolled and heat-treated condition
are used in this work to present the texture of the strips at
midplane. The mechanical parameters required 30 cm of the
strip and the three dog bone-shaped tensile specimens with a
measuring length of 18 mm were separated in the extrusion
direction by wire erosion. The mechanical properties of the
extruded strips were investigated by tensile tests with a
constant initial strain rate of 1.0 � 10−3 s−1.

Characterization of the Feedstock Material

The company TWI provided the ME21 material for the ex-
trusion tests and six continuous cast sections. For chemical
composition, see Table 2.

In contrast to typically RE-containing magnesium alloys,
no cerium -based mischmetal was used as usual but only
cerium and lanthanum. The delivered ME21 billets are
characterized by a different macrostructure. Figure 1 shows
the macrostructure and microstructure of three representative
billets. This ranges from an extremely inhomogeneous
coarse-grained structure with large elongated grains with an
average grain size of 10−2 mm to a globular homogeneous
fine-grained grain structure with an average grain size of
around 2 µm. Because the manufacturer could not provide
any process parameters, it can only be assumed that the
differences in microstructure are due to varying holding
times of the melt (nucleation leads to a finer microstructure)
or different cooling rates of the billets (grain growth can be
inhibited). A chemical influence on the macrostructure

Table 1 Process parameter of
the extrusion trials

Extrusion temperature, TB (°C) Extrusion speed, vP (mm/s) Billet condition

450 0,75; 1,4; 2,8; 5,5; 7,5 Heat-treated at 500 °C for 8 h

400 0,75; 1,4; 2,8; 5,5; 7,5 Heat-treated at 500 °C for 8 h

350 0,75; 1,4; 2,8; 5,5; 7,5 Heat-treated at 500 °C for 8 h

300 1,4; 2,8; 5,5; 7,5 Heat-treated at 500 °C for 8 h
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development can be excluded, because all billets have with
small tolerance the same chemical composition.

All microstructures are characterized by an inhomogeneous
dendritic microstructure because of the multiphase mi-
crostructure. Furthermore, all billets have a fine-grained edge
zone as a result of the faster solidification at themouldwall. The
microstructures also show a very high amount of precipitates,
which is due to the low dissolubility ofmanganese, cerium, and
lanthanum in the magnesium solid solution.

The subsequent heat treatment should reduce internal
stresses and achieve homogenization or partial solution of
the precipitation phases. Figure 1 compares selected areas of
the microstructure of three selected billets in the cast and
heat-treated condition. The 8-h heat treatment at 500 °C
resulted in a partial solution but also a coarsening of the
precipitates between the dendrite arms. The coarse Mn
precipitates are not evidently dissolved in the microstructure
by the heat treatment.

Table 2 Chemical composition of the billets in wt%

Specimen Mn Ce La Fe Cu Ni

Section 1 1,78 0,549 0,345 0,00389 0,00202 0,00098

Section 2 2,18 0,555 0,360 0,00064 0,00231 0,00103

Section 3 2,07 0,546 0,353 0,00030 0,00229 0,00110

Section 4 1,98 0,587 0,382 0,00150 0,00222 0,00108

Section 5 1,97 0,591 0,384 0,00125 0,00217 0,00113

Section 6 1,81 0,507 0,362 0,00223 0,00208 0,00119

Fig. 1 Macrostructure and microstructure of three representative billets in as-cast and heat-treated condition
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Influence of the Feedstock Properties

As shown in the previous paragraph, the billets of the
starting material have a very different macrostructure.
Therefore, it was first examined how the macrostructure
affects the extrusion result. To do this, a billet with a
diameter of 49 mm was selected from the initial billets 1, 2,
and 6 in the cast and heat-treated condition. These billets
were extruded at a temperature of 400 °C and a punch speed
of 0.75 mm/s. Figure 2 shows the extrusion diagrams and
punch pressure versus strip length. All curves show the
typical shape for the direct extrusion process. As the profile
length increases, the pressing pressure decreases as the
friction force decreases as the billet length decreases. The
billets in the cast condition show a very inhomogeneous
plastic flow and require a higher maximum pressure than the
billets in the heat-treated condition (Fig. 2). Because in the
as-cast condition the precipitates Mg12(Ce, La) are mainly
located at the grain boundaries (Fig. 1), this could be the
reason for the higher pressure. The heat-treated billet could
be extruded with a more homogeneous plastic flow and
lower punch pressure. It can be assumed that the heat
treatment relieves internal stresses and allows the material to
flow more easily and homogeneously. Due to the heat
treatment, the precipitates are strongly agglomerated and
were no longer so dominant located at the grain boundaries
(Fig. 1). Figure 2 displays also the microstructures of the
extruded strips. It can be clearly seen that the differences in

the microstructure of the three strips extruded out of the
heat-treated billets are marginal. In the microstructure of all
three strips, it can be observed that the material has a
homogeneous microstructure. Globular bimodal grain
structures are clearly visible here. In some cases, it also has
grains that are longitudinally stretched along the extrusion
direction. The average grain size of the three extruded pro-
files varies between 5.9 and 6.5 µm. The precipitates also lie
horizontally in the microstructure. Very large precipitates are
visible, which are probably the (Mn) particles detected in the
casting material. As a result, in the heat-treated condition,
the macrostructure and the grain size have no significant
influence on the extrusion result. So, it has been demon-
strated that heat treatment can significantly improve extru-
sion performance.

Influence of the Extrusion Temperature
and Speed on Microstructure

In order to investigate the influence of process parameters
speed and temperature extrusion trials with in Table 1 listed
parameters have been performed. At 350 °C and a punch
speed of 0.75 mm/s, a process limit has been reached,
because the material flows inhomogeneous. Consequently,
in the extrusion tests at 300 °C, the test with a punch speed
of 0.75 mm/s was not carried out. An inhomogeneous
material flow was also observed at 300 °C and 1.4 mm/s, but

Fig. 2 Extrusion diagrams of billet 1, 2, and 6 pressed at a temperature of 400 °C and a punch speed of 0.75 mm/s and the resulting
microstructure of the extruded strips
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this inhomogeneous flow was not as pronounced as at
350 °C and 0.75 mm/s. For all trials, the punch pressure
versus strip length was recorded. All extrusion diagrams
show the typical curves mentioned above for direct extru-
sion. Figure 3 shows the maximum punch pressures as a
function of the punch speed. The punch pressure drops with
rising temperature, because the strength of the magnesium
alloy ME21 decreases with higher temperature. The maxi-
mum punch pressure increases again with increasing punch
speeds.

The microstructures shown in Fig. 4 were taken in the
middle (300 cm) of the profiles, because the microstructures
do not show any significant differences depending on the
position where they were taken. The average grain size was
determined by the line intersection method on three polar-
ized images at 1000x magnification. To demonstrate the
tendency of all results, only the results of the extruded
profiles at 350 and 450 °C are presented in the following.
Figure 4 shows the microstructures for the process temper-
atures of 350 and 450 °C as a function of the punch speed.
After extrusion, all profiles extruded have a fine-grained
completely recrystallized structure. The only exception is the
microstructure of the strip extruded at 350 °C at the slowest
speed of 0.75 mm/s; here is the microstructure only partly
recrystallized. As a reason for this, it can be assumed that the
temperature of 350 °C and the forming energy introduced at
the extrusion speed of 0.75 mm/s do not allow dynamic
recrystallization processes to take place completely.
Depending on the extrusion speed, a clear influence of the
billet temperature on the grain growth can be seen. In gen-
eral, it can be observed that grain growth can be observed
with increasing temperature. All microstructures exhibit a
high density of precipitates, which are predominantly dis-
tributed horizontally in the direction of extrusion.

The microstructure develops, depending on the extrusion
parameters, temperature, and speed, from partially recrys-
tallized to fine-grained to bimodal and finally to a
coarse-grained microstructure. Despite the wide process
window, the mean grain size varied only from 4 lm (300 °C
and 1.4 mm/s) to 14 lm (450 °C and 7.5 mm/s). As already
mentioned, the strongly suppressed grain growth can be
attributed to the alloying of rare earths. Due to the rare
earths, the grain boundary mobility is changed and restricted
and consequently the grains can only grow to a limited
extent [9]. The higher the applied deformation (low extru-
sion temperature and speed), the smaller the grain size.
Because the energy is lowest at low temperature and speed,
the dynamic recrystallization during the extrusion process
and the static recrystallization during the cooling process can
only take place to a limited extent. Due to the crystal
structure, certain grain fractions can grow better, which leads
to the formation of the bimodal microstructure.

Fig. 3 Maximum punch pressure versus extrusion speed of all
extrusion trials of ME21

Fig. 4 Microstructures of the ME21 strips extruded at 350 and 450 °C
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Influence of the Extrusion Temperature
and Speed on Texture

Figure 5 displays the (10-10) and (0002) pole figures of the
profiles extruded at 450 and 350 °C. The extrusion tests
carried out at 450 °C in Fig. 6 all show a very similar tex-
ture. Only the maximum pole figures’ intensities vary.
Basically, the pole figures show a strong basal (0002)
component, which is tilted by approx. 25–30° from the
normal plane into the opposite extrusion direction. As the
extrusion speed increases, the maximum pole figure intensity
increases from 8.8 to 12 m.r.d.

With increasing extrusion speed also a widening of the
{11-20} <10-10> by 30° from transverse to normal direc-
tion tilted component is recognizable. This component cor-
relates with the maximum intensity in the (10-10) pole
figure. Here, the maximum intensity increases from 2.4 to

4.4 m.r.d. All textures show (10-10) fiber components in
extrusion direction, which become more pronounced or
rather more complete with increasing extrusion speed.

Figure 6 also shows the textures for the extrusion tests at
350 °C. In the maximum intensities of the (0002) pole fig-
ures, there is no significant influence of the punch speed. It
fluctuates between 6.4 and 7.0 m.r.d. It is concise that from a
extrusion speed of 5.5 mm/s no {0001} <10-10> component
deflected by 25° in the transverse direction is visible. All
textures show a <10-10> extrusion direction fiber; in addi-
tion, a component is tilted by 30° from transverse in normal
direction with varying intensity {11-20} <10-10> . The
maximum intensity of this component, i.e., the (10-10) pole
figure, increases from 6.8 to 10.0 m.r.d. as the extrusion
speed increases. In ME20 sheets [10] and extruded ME21
thin strips [11], which have a very similar alloy composition
to the ME21 alloy used in this paper, textures were measured

Fig. 5 Textures of the ME21
strips extruded at 350 and 450 °C
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which also have a strongly pronounced {0001} <10-10>
component of similar shape tilted by 25° in rolling/extrusion
direction. The three slip systems <a> basal, <a> prismatic,
and <c+a> pyramidal and the twin systems are necessary for
the initiation of deformation in polycrystalline materials.

An additional reason for the formation of this texture
component may be the different influence of dynamic re-
crystallization on grain growth in rare earth-containing
magnesium alloys.

Influence of the Extrusion Temperature
and Speed on Mechanical Properties

The stress–strain diagrams obtained from the tensile tests
performed at room temperature are exemplary shown for the
strips extruded at 450 and 350 °C in Fig. 6. The averaged
values of the measured variables and their standard deviation
are shown in Fig. 6. Depending on the temperature, various
tendencies can be observed as to how the mechanical
properties change as the grain size increases. At 450 °C, an
increase in the process speed, resulting in a coarsening of the
grains, a decrease in elongation at break from 21.5 to 14.9%,
an increase in yield strength by 25 MPa to 180 MPa, and an
increase in strength by 13 MPa to 241 MPa are shown.

In contrast to the mechanical properties of the strips
extruded at 450 °C, the mechanical properties resulting from

the at 350 °C extruded strips have no tendency in the
measured values depending on the extrusion parameters. It is
noteworthy that at a punch speed of 0.75 mm/s the curve has
only a slightly pronounced convex slope. At the moderate
punch speeds (1.4–5.5 mm/s), the maximum strength varies
between 253 and 259 MPa and the tensile yield stress
between 212 and 200 MPa. The elongation increases by 5%
to almost 20%. A higher yield strength (220 MPa) and
strength (265 MPa) are observed by the test at 7.5 mm/s.

Compared to mechanical properties of the at 450 °C
extruded strips, the results of the strips extruded at 350 °C
suggest that grain size is not always the dominant factor in
plastic deformation. Also the texture, i.e., the inclination of
the c-axis, correlates with the possibility of plastic deforma-
tion. At 450 °C the dominant texture component is the
{0001} <10-10> component tilted 25° in the extrusion
direction. When applying a load in the extrusion direction,
basal <a> sliding systems can be activated very easily. The
background is Schmid’s shear stress law, which describes the
critical shear stress required to move the dislocations on the
most densely packed planes. In the optimum case, the planes
are below 45° to the load direction. An explicit alignment of
the preferred orientation along the load direction, i.e., a high
maximum intensity of the {0001} <10-10> by 25° in
extrusion direction, increasingly favors the deformation pro-
cess and results in low strength or high elongation at fracture
along the alignment [12].

Fig. 6 Stress–strain diagrams of the ME21 strips extruded at 450 and 350 °C and the values of tensile yield stress (TYS), the ultimate tensile
stress (UTS), and fracture strain (E)
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Summary

The results of the extrusion trials for the FUMAS project
reveal that the process parameters temperature and speed
have not a very significant influence on the resulting ME21
strip properties. Heat treatment of the billets prior to extru-
sion greatly improves extrusion performance. Because of this
reason, in the heat-treated condition, the macrostructure and
the grain size have no significant influence on the extrusion
result. There is a temperature and a partial speed influence on
the flow behaviour and the maximum pressing pressures
during extrusion. The variation of the process parameters in
the investigated process window indicates a small influence
on the grain size (5–14 µm) and no detectable influence on
the morphology of the precipitates. Partial grain growth leads
to a bimodal structure with increasing temperature and/or
speed. With regard to the resulting texture, changes can be
observed as a function of temperature. At higher tempera-
tures, a strongly pronounced {0001} <10-10> component
appears, which is tilted by 25° in extrusion direction; at lower
temperatures, the texture dominates a {11-20} <10-10>
component, which is tilted by 30° from transverse in nor-
mal direction. In general, the maximum intensity of the tex-
ture increases with increasing speed.

Looking at the mechanical properties of all strips, it can
be seen that despite the large process window, the variation
in properties is relatively small. It is also remarkable that the
yield strength and tensile strength are lowest at 450 °C and
0.75 mm/s with TYS = 154 MPa and UTS = 228 MPa and
highest at 300 °C and 1.4 mm/s with YTS = 221 MPa and
UTS = 266 MPa. Consequently, the colder the extrusion
temperature, the higher the strength of the profile and the
lower the ductility. The results make clear the extrusion
process of ME21 is very robust and parameter variation has
only a small influence on the resulting material properties.
This behavior is very beneficial for the production of the seat
back, because the process control is variable.
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Asymmetric Rolling of TZ73 Magnesium
Alloy to Improve Its Ductility

Krishna Kamlesh Verma, Satyam Suwas, and Subodh Kumar

Abstract
Asymmetric rolling, i.e., upper and lower rolls having
different circumferential speeds, is a novel technique to
improve the ductility of Mg alloys. A newly developed
TZ73 Mg alloy was squeeze cast, homogenized at 300 °C
for 24 h, rolled at 350 °C by symmetric and asymmetric
rolling, and annealed at 215 °C for 30 min. Themicrostruc-
ture was characterized by X-ray diffraction, scanning
electron microscope equipped with energy-dispersive
X-ray spectroscopy and electron backscattered diffraction.
Aweakening of basal texturewith a concomitant increase in
ductility was observed for asymmetrically rolled sheet
while retaining the same strength as in symmetrically rolled
sheet. Thus, tensile properties of 0.2% PS = 290 MPa,
UTS = 332 MPa and El = 13% in hot rolled, and 0.2%
PS = 182 MPa, UTS = 282 MPa and El = 21% in
annealed condition were obtained for asymmetrically rolled
sheet, which are extremely good for a rolledMg alloy sheet.

Keywords
Mg alloys � Asymmetric rolling � Microstructure �
Crystallographic texture � Tensile
properties

Introduction

Mg-based alloys find wide applications in the automobile,
aerospace, and electronics industries due to its low density,
high specific strength, excellent machinability, and

castability. The lightest structural Mg-based alloys reduce
the greenhouse effect and enhance fuel efficiency [1–3].
However, Mg-based alloys in wrought processing conditions
find limited applications due to its poor strength and limited
formability at room temperature because of its hexagonal
closed packed (HCP) crystal structure [4]. According to von
Mises criterion, minimum five independent slip systems are
required for the uniform plastic deformation of a polycrys-
talline material. For Mg, at room temperature deformation,
basal 0001ð Þ\11�20[ slip system dominates, which has
minimum critical resolved shear stress (CRSS) value. The
basal slip system has only two independent slip systems,
which causes limited formability [5, 6].

For the development of high-strength and cost-effective
Mg-based alloys, Mg–Sn alloy system has received attention
as a promising candidate in the cast and wrought processing
conditions. In Mg–Sn binary alloy system, the Mg2Sn
intermetallic phase has a high melting temperature (770 °C),
which is comparable to precipitates formed in Mg-RE-based
alloys. The growth of dynamically recrystallized grains can
be suppressed by effective grain boundary pinning by the
fine Mg2Sn particles [7–9]. The presence of dynamically
precipitated Mg2Sn particles at the grain boundary as well as
within the grains leads to excellent tensile properties at room
temperature. The strength of Mg–Sn-based alloys is
enhanced with increasing Sn content but deteriorates its
ductility due to the formation of a semi-continuous type of
network at the grain boundary by the Mg2Sn phase. Liu et al.
[8] reported that the optimum addition of the Sn in Mg–Sn-
based alloys system is 5–7 wt.%. It is reported that Zn in
solid solution improves strength and ductility for the
Mg–Sn-based alloys [7, 9]. Therefore, for the present study,
Zn was added as the third alloying element.

A strong basal texture is developed during the rolling
process, which diminishes its ductility and formability
[10, 11]. The weakening of basal texture leads to improve-
ment in ductility and formability at room temperature. It has
been reported that the introduction of shear stresses during
deformation could lead to the modification of the
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crystallographic texture in the rolled sheet [12, 13]. The
asymmetric rolling (ASR) process is an effective method to
improve ductility and formability of Mg-based alloys by
introducing shear stresses and weakening the basal texture
[14]. In the ASR process, the circumferential speeds of the
upper and lower rollers are different, so the shear deforma-
tion is applied throughout the thickness of the sheet [15, 16].
In the present study, the homogenized TZ73 alloy is sub-
jected to ASR and conventional symmetric rolling (SR) at
350 °C. For the ASR process, the circumferential speeds of
the upper and lower rollers are selected as 0.03 m s−1 and
0.15 m.s−1 (speed ratio 1 : 5), respectively. For the SR
process, the circumferential speed of both the rollers is
0.09 m s−1 (speed ratio 1 : 1). The hot rolled sheets are
annealed at 215 °C for 30 min. The rolled sheets are
investigated in two conditions: (i) hot rolled (HR) and
(ii) hot rolled and annealed (HRA). The microstructure,
texture, and tensile behaviour are studied for ASR and SR
processed sheets.

Experimental Details

Commercially pure Mg (>99.80 wt.%), Sn (>99.97 wt.%),
and Zn (>99.98 wt.%) ingots were charged into a graphite
crucible and melted at 720 °C in a resistance pit furnace. The
complete melting and casting were carried out under a
protective argon gas atmosphere. Squeeze casting was
adopted as the casting technique to refine the as-cast
microstructure, in which the hot metal was poured into the
preheated (200 °C) cylindrical die (∅75 � 75 mm2) and a
pressure of 100 MPa was applied till the completion of
solidification. The obtained alloy composition was deter-
mined to be Mg–6.9Sn–2.6Zn and designated as TZ73
according to ASTM standard nomenclature. The plates of
dimensions 10 � 30 � 50 mm3 were machined from the
cylindrical cast ingot for hot rolling. Prior to hot rolling, the
as-cast plates were homogenized at 300 °C for 24 h (here-
after the homogenized samples will be designated as H300)
and hot rolled at 350 °C to 1-mm-thick sheets. The thickness
reduction of 80% was achieved in multiple passes. The hot
rolled sheets were annealed at 215 °C for 30 min. The rolled
sheets were investigated in two conditions: (i) hot rolled
(HR) and (ii) hot rolled and annealed (HRA). The flat tensile
specimens of the dimension 10 � 2 � 1 mm3 were
machined via electron discharge machine (EDM) with the
gauge length parallel to the rolling direction (RD), and tested
on an INSTRON-5967 machine at room temperature and
1 � 10−3 s−1 strain rate. The standard metallographic
techniques were adopted for microstructural analysis. The
polished specimens were etched for 5 s using acetic-picral
(1.5 g picric acid, 1.2 ml acetic acid, 2.5 ml distilled water,
and 25 ml ethanol). The microstructure was examined under

a scanning electron microscope (FEI-ESEM Quanta 200) and
electron probe micro-analyser (EPMA-JEOL-JXA-8530F)
equipped with energy-dispersive X-ray spectroscopy
(EDS) and wavelength dispersive X-ray spectroscopy
(WDS). X’Pert Pro PANalytical diffractometer using CuKa

radiation (k = 0.154 nm) was used to identify the different
phases present in the alloy. For the detailed microstructural
and microtexture investigation, electron backscatter diffrac-
tion (EBSD) scan was recorded using advanced focused ion
beam system (HELIOS G4 UX).

Results and Discussion

Phase Analysis and Microstructural
Characterization

The XRD patterns for H300, SR, and ASR samples in HR
condition are shown in Fig. 1. It reveals the presence of Mg
and Mg2Sn phases in the TZ73 alloy. The highest peak
intensity of Mg for the H300 sample was observed for
pyramidal ð10�11Þ planes, whereas, for SR and ASR samples,
the highest peak intensity for Mg was observed for basal
(0002) planes. Thus, the alloy gets textured after rolling; i.e.,
the basal plane normals are preferentially oriented perpen-
dicular to rolling direction (RD).

Figure 2 represents the SEM micrographs for H300, SR,
and ASR samples. Figure 2a shows that the H300
microstructure primarily consists of cells, with dendritic
features at a few places, and Mg2Sn particles along the cell
boundaries. Figure 2b shows that Mg2Sn particles get frag-
mented and aligned along RD for the SR sample. However,
for the ASR sample, the shear stresses were introduced
during deformation, which changes the material flow direc-
tion and alignment direction of Mg2Sn particles (Fig. 2c).

Fig. 1 X-ray diffraction pattern of TZ73 alloy
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The distributed fine Mg2Sn particles act as a nucleating
site as well as a barrier to suppress the growth of
the dynamically recrystallized (DRX) grains [17, 18]. The
intense plastic strain was imposed on the entire sample
during ASR deformation. An equation for the strain eð Þ
imposed by ASR is proposed as follows [19]:

e ¼ 2
ffiffiffi
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p
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where Ti and Tf are the initial and final thicknesses of the
sample before and after rolling and angle h is the apparent
shear angle (h = 69°) caused by ASR. For the conventional
SR, a true strain of 1.61 has been evaluated on the rolled
sheet. However, for the ASR, in addition to the true strain, a
shear strain of 1.86 is also imposed on the ASR sheet. The
concomitant high shear stress significantly affects the texture
and consequently tensile properties.

Microstructural Characterization by EBSD

Figures 3 and 4 illustrate the EBSD maps for the SR and
ASR processes in HR condition. The EBSD scan was carried
out on the cross section (TD plane) of the rolled sheet.
Figures 3a and 4a show the inverse pole figure (IPF) maps
for SR and ASR processes. The IPF maps represent the
orientation of the grains with respect to the sample frame of
reference. Figures 3b and 4b represent grain boundary
(GB) maps superimposed on the image quality (IQ) maps for
SR and ASR processes. The low-angle grain boundaries
(LAGBs) and high-angle grain boundaries (HAGBs) were
calculated from the GB + IQ maps. Figures 3c and 4c show

the grain orientation spread (GOS) maps for SR and ASR
processes. The GOS maps represent the distribution of
recrystallized and deformed grains. The fraction of dynam-
ically recrystallized (DRX) and deformed grains were eval-
uated from the GOS maps. In order to ascertain the
partitioning between recrystallized and deformed grains,
three considerations were taken into account: (i) The DRX
grains should be equiaxed with aspect ratio close to 1, while
the deformed grains should be elongated with a high aspect
ratio, (ii) the deformed grains should possess a high fraction
of LAGBs and the recrystallized grains should have a low
fraction of LAGBs, and (iii) in the texture criteria, the DRX
grain in the hexagonal crystal is rotated by *30°
around <0001> with respect to the deformed grain [20, 21].
Therefore, the texture obtained from the partitioned DRX
grains should show maximum *30° rotation and spread in
pole figure (PF) and orientation distribution function (ODF),
respectively. For the recrystallized grain and deformed grain
fraction, the misorientation of � 2.5° and >2.5° has been
considered for recrystallized and deformed grains, respec-
tively, and Figs. 3d and 4d represent the kernel average
misorientation (KAM) plots for SR and ASR processes.
The KAM value represents the local variation in misorien-
tation. The average misorientation between a point in the
scan and the average misorientation value is assigned as the
KAM value. The number fraction is plotted as a function of
the KAM values, and the overall KAM value is reported in
Table 1. Figures 5 and 6 represent the IPF, GB + IQ, GOS,
and KAM maps for the SR and ASR processes in HRA
condition.

Table 1 shows all the values derived from EBSD scans
for SR and ASR processes in HR and HRA conditions. It is
observed that in the HR condition, the ASR process yields
slightly finer grains, a higher fraction of LAGBs, almost the
same fraction of DRX grains, and a higher KAM value, as
compared to the SR process. After annealing treatment, the
average grain size is reduced, fraction of HAGBs is

Fig. 2 Backscattered scanning electron (SEM-BSE) micrographs a H300, b SR, and c ASR samples in HR condition
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increased, fraction of recrystallized grains is increased, and
KAM value is decreased, for both the SR and ASR pro-
cesses. Thus, the difference in all the values between SR and
ASR processes is reduced in HRA condition.

For the ASR process, in addition to the true strain, a shear
strain of 1.86 is also imposed. Due to higher shear strain
introduced during ASR, the higher strain gradient, hence
higher KAM value is obtained as compared to SR process in
HR condition. In addition to that, the fine Mg2Sn particles
near grain boundaries, which act as a nucleating site and a
barrier to suppress the growth of DRX grains, promote the
formation of fine recrystallized grains [22]. This leads to

finer grain size in ASR as compared to SR process in HR
condition. It has been reported that the deformed grains
should possess a high fraction of LAGBs and the recrys-
tallized grains should have a low fraction of LAGBs [21].
Therefore, ASR exhibits higher fraction of LAGBs as
compared to SR process in HR condition. After annealing at
215 °C, the strain gradient is reduced, which results in re-
crystallization of the deformed microstructure. The new fine
recrystallized grains formed after annealing treatment lead to
further refinement in grain size for both the SR and ASR
processes. The KAM values for both the SR and ASR pro-
cesses are reduced on annealing as strained regions are

Fig. 3 EBSD maps for SR in HR condition a IPF map, b IQ map, c GOS map, and d KAM plot

Fig. 4 EBSD maps for ASR in HR condition a IPF map, b IQ map, c GOS map, and d KAM plot

Table 1 Comparison between
SR and ASR processes in HR and
HRA conditions

Processing conditions

SR-HR ASR-HR SR-HRA ASR-HRA

Grain size (µm) 13.9 11.2 11.9 10.5

LAGBs (%) 49 68 26 20

HAGBs (%) 51 32 74 80

Recrystallized grain (%) 36 40 88 91

KAM 0.76° 0.94° 0.58° 0.57°
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converted into recrystallized grains and LAGBs are con-
verted into HAGBs.

Crystallographic Texture Evolution

Figure 7a, e and b, f illustrate the basal (0002) and prismatic
ð10�10Þ pole figures (PFs) for SR and ASR processes,
respectively, in HR condition. It is observed that both the
processes result in basal texture after hot rolling. For the SR
sample, the maximum basal pole intensity is calculated to be
18.8 (Fig. 7a). Along with 0001f g\11�20[ an additional
0001f g\10�10[ texture component is observed in ð10�10Þ

PF (Fig. 7b). However, for the ASR sample, the maximum
basal texture intensity is reduced to 12.6 (Fig. 7e). The
intensity of 0001f g\11�20[ and 0001f g\10�10[ tex-
ture components is also reduced in ASR (Fig. 7f) as com-
pared to SR process. The basal pole intensity spread*30° is
similar for both the SR and ASR processes, which exhibit a
similar fraction of DRX grains in HR condition. Figure 7c, d
and g, h show the u2 = 0° and 30° sections of the ODFs for

SR and ASR processes, respectively, in HR condition. The
presence of a continuous basal fiber is clearly visible in the
ODF sections with maxima at the location of texture com-
ponents 0001f g\11�20[ and 0001f g\10�10[ for the
SR and ASR processes. However, the intensity is reduced
for ASR as compared to the SR process. The spreading of
basal fiber towards ɸ angle *30° is similar for both the SR
and ASR processes.

Figure 8a, e and b, f show the (0002) and ð10�10Þ PFs for
SR and ASR processes, respectively, in HRA condition. It is
observed that the basal texture intensity is further reduced on
annealing treatment. The maximum basal texture intensity is
reduced to 16.5 for SR (Fig. 8a) and 9.2 for ASR process
(Fig. 8e). Thus, the maximum basal texture intensity
remains lower for ASR process in HRA condition as well.
Additionally, 0001f g\11�20[ and 0001f g\10�10[
texture components are observed in ð10�10Þ PFs with a lower
intensity for ASR as compared to SR process in HRA
condition (Fig. 8b, f). Figure 8c, d and g, h represent the
u2 = 0° and 30° ODFs sections for SR and ASR processes,
respectively, in HRA condition. It is observed that the ASR

Fig. 6 EBSD maps for ASR in HRA condition a IPF map, b IQ map, c GOS map, and d KAM plot

Fig. 5 EBSD maps for SR in HRA condition a IPF map, b IQ map, c GOS map, and d KAM plot
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process exhibits the presence of continuous basal fiber in the
ODF sections with the weakened texture intensity. The
intensity for the texture components 0001f g\11�20[ and
0001f g\10�10[ is observed to be lower for ASR as

compared to the SR process. The spreading of basal fiber
towards ɸ angle *30° is more for ASR as compared to SR
process. Thus, ASR results in a weaker basal texture than SR
process in HR condition. The basal texture gets further

weakened on annealing, the basal texture still remaining
weaker in ASR than SR process in HRA condition.

Crystallographic texture plays a significant role during
the processing of Mg-based alloys. For Mg, the important
slip systems are basal 0001f g\11�20[ ; prismatic
1�100f g\11�20[ ; pyramidal-I 10�11f g\11�20[ and
10�12f g\11�20[ ; pyramidal-II 11�22f g\11�23[ [20].

Each slip system gets activated when its critical resolved

Fig. 7 PFs and ODFs for a–d SR and e–h ASR processes in HR condition

Fig. 8 PFs and ODFs for a–d SR and e–h ASR processes in HRA condition
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shear stress (CRSS) is reached. Basal slip system is domi-
nant at room temperature deformation because it has the
lowest CRSS as compared to prismatic and pyramidal slip
system. When the deformation temperature is higher than
250 °C, other non-basal slip systems also contribute signif-
icantly, which leads to higher formability for Mg alloys [23].
Several descriptions of deformation by ASR have been
proposed [4, 24]. The shear stress is generated by the dif-
ferent circumferential velocities of the rollers during defor-
mation [25]. The higher shear stress induced during ASR
suppresses the basal texture. The weaker basal texture results
in the activation of the non-basal slip, which leads to greater
ductility and formability of Mg-based alloys [20, 23].

Tensile Properties

Figure 9a shows the true stress–true strain curves and the
corresponding tensile properties are reported in Fig. 9b for
TZ73 alloy along RD for SR and ASR processes in HR and
HRA conditions. In HR condition, the ASR sample exhibits
almost the same strength but 3% higher elongation to failure
(El) than the SR sample. It is observed that strength is
reduced and elongation to failure is increased after annealing
treatment. The ASR sample again exhibits almost the same
strength but 2% higher elongation to failure in HRA
condition.

The tensile properties of the TZ73 alloy are mainly
attributed to fine grain size and solid solution strengthening
by dissolved Zn and Sn atoms in a-Mg matrix. During hot
rolling highly thermally stable Mg2Sn particles distributed
along grain boundaries act as nucleation sites for DRX grains
and preclude the DRX grain growth [17, 18]. The annealing
treatment leads to further refinement of grains. The weaker

basal texture obtained in the ASR results in higher ductility
than SR process in both HR and HRA conditions.

Conclusions

The homogenized TZ73 alloy was hot rolled at 350 °C by
SR and ASR processes followed by annealing at 215 °C for
30 min. The detailed investigations have been carried out to
explore the microstructural, texture evolutions, and tensile
properties. The analysis of the results led to the following
main conclusions:

1. ASR is more effective process to introduce additional
shear strain (1.86) along with true strain (1.61).

2. The ASR process yielded slightly finer grains, a higher
fraction of LAGBs, almost the same fraction of DRX
grains, and a higher KAM value as compared to the SR
process in the HR condition.

3. After annealing treatment, the average grain size reduced,
the fraction of HAGBs increased, fraction of recrystal-
lized grains increased, and KAM value decreased, for
both the SR and ASR processes.

4. The basal texture was weaker for ASR as compared to
SR process in HR condition. The spreading of basal fiber
towards ɸ angle *30° was similar for both the SR and
ASR processes in HR condition.

5. The basal texture was further weakened on annealing, the
ASR still exhibiting weaker basal texture than the SR
process in HRA condition. The spreading of basal fiber
towards ɸ angle *30° was more for ASR as compared to
SR process in HRA condition.

6. In HR condition, the ASR sample exhibited almost the
same strength but 3% higher elongation to failure

Fig. 9 a True stress–true strain curves and b tensile properties for TZ73 alloy
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(El) than the SR sample. The strength was reduced and
elongation to failure was increased after annealing
treatment. The ASR sample again exhibited almost the
same strength but 2% higher elongation to failure in
HRA condition. The higher elongation in ASR process is
attributed to the weaker basal texture.

7. Thus, tensile properties of 0.2% PS = 290 MPa, UTS =
332 MPa and El = 13% in HR and 0.2% PS = 182
MPa, UTS = 282 MPa and El = 21% in HRA condition
were obtained for the newly developed TZ73 alloy by
using ASR process, which are extremely good for a
rolled Mg alloy sheet.
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Friction Stir Processing of Magnesium Alloy
with Spiral Tool Path Strategy

Abhishek Kumar, Aarush Sood, Nikhil Gotawala, Sushil Mishra,
and Amber Shrivastava

Abstract
Friction stir processing is a relatively new technique for
microstructural modification to improve the mechanical
properties of materials. Previous works have been
primarily focused on the processing of the small regions.
The objective of this work is to study the effect of tool
design, tool rotation direction and tool overlap between
passes on the processed region. A spiral tool path strategy
is employed to process the complete blanks of a
magnesium alloy. Three tool designs: tool with hexago-
nal, tapered and threaded pin, are used. Further, tool
rotation direction and tool overlap between passes are
varied across the experiments. The material flow and
defects formed in the processed region are characterized.
Preliminary results show that tool rotation direction and
tool overlap significantly affect the defects formed in the
processed region. The present work identifies the pro-
cessing condition for defect-free processed region and
refined microstructure of the Magnesium blank.

Keywords
Friction stir processing � Magnesium � Defects

Introduction

Magnesium is a strong candidate for lightweight applications
in many sectors like automotive and aerospace. However,
the hcp structure of magnesium limits its formability at room

temperature. Friction stir processing (FSP) is known to refine
the grain size of the as-cast materials [1–4]. FSP has shown
potential to improve the room-temperature ductility of Mg
alloys, by achieving ultrafine grains [5, 6]. FSP is also
shown to improve the superplasticity of AA7075 [7]. In the
previous works, multi-pass tool path strategy is adopted to
achieve the desired grain refinement during FSP [8]. The
number of passes is more influential towards grain refine-
ment than the traverse speed of the tool. Single-pass tool
path may result in defect formation depending on the process
parameters. Multi-pass tool path strategy tends to overcome
this limitation, as defects can be eliminated over the suc-
cessive passes. This is demonstrated with overlapping passes
for friction stir welding (FSW) of aluminium alloys [9]. The
multi-pass FSP can improve the machinability of aluminium
alloys [10]. Nadammal et al. [11] reported dynamic recrys-
tallization of aluminium upon multi-pass FSP. For
multi-pass FSP, relatively smaller grains are observed
between the passes as compared to the centre of nugget zone
[12]. The multi-pass FSP also helps to achieve a stable mi-
crostructure up to 450 °C in aluminium alloy [12]. It is
further reported that this phenomenon is alloy-independent.
Chen et al. [13] observed an abnormal grain growth in stir
zone from single-pass FSP with low tool rotation speed and
showed that multi-pass FSP can control the abnormal grain
growth. Further, multi-pass FSP improves the mechanical
properties due to grain and second phase refinement in the
stir zone [14]. The above-discussed studies are performed
mostly on the aluminium alloys, and relatively small area of
the workpiece is processed. Very limited work on the
multi-pass FSP of Mg alloys is reported in the literature. In
one study, the multi-pass FSP is used to fabricate a com-
posite on the surface of as-cast Mg alloy [15].

In the present work, multi-pass FSP of as-cast Mg alloy is
performed, using a spiral tool path strategy. The objectives
of this study is to investigate the effect of tool shoulder
overlap, tool rotation direction, and pin shape on the defect
formation and microstructural evolution, upon multi-pass
FSP of Mg alloy.
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Experimental Details

Materials

The as-cast billet of Mg alloy with diameter of 120 mm is
sliced into 3-mm-thick circular plates. The chemical analysis
is performed using inductively coupled plasma atomic
emission spectrometry (ICP-AES). Details of chemical
composition analysis are given in Table 1.

Three different tool pin profiles are used in the present
work, while the shoulder diameter is kept same for all tools.
Tools are made of H13 tool steel with 55 HRC. Geometrical
details of the tools are shown in Fig. 1.

Tool Path Strategy

A spiral tool path strategy is adopted in the present work to
process the blank. The blanks were clamped on the periphery
with a circular clamping arrangement. The tool follows a
spiral path with starting point at the centre of the blank as
shown in Fig. 1. As the tool moves from inside to outside,

the tool shoulder overlaps with some of the processed
region. The percentage overlap of the FSP tool is based on
the tool shoulder diameter. In this work, experiments are
performed with 60 and 80% tool shoulder overlap between
consecutive passes. The spiral tool paths were created using
PowerMill 2017 software. Figure 2 shows the schematic of
the tool path. The tool rotation direction is varied across
experiments. For clockwise tool rotation, advancing side
(AS) is towards the workpiece centre and retreating side
(RS) is away from the workpiece centre. For anticlockwise
tool rotation, RS is towards the workpiece centre and AS is
away from the workpiece centre.

Microstructural Characterization

Microstructural observations are performed by optical
microscopy and electron backscatter diffraction (EBSD)
technique. Samples were cut using wire EDM and polished.
The cross section of the processed area was observed with an
optical microscope. Further, EBSD analysis was performed
for processed samples without any defects. EBSD analysis

Table 1 Element composition of material

Element Al Zn Na Mn Fe Ce Mg

Weight (%) 3 0.018 0.022 0.446 0.058 0.2 Remaining

Fig. 1 FSP Tool design with a hexagon tool pin, b tapered tool pin, and c threaded tool pin (linear dimensions in mm)
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was done on Zeiss Gemini with an OXFORD fast CCD
detector. The HKL software was used for the EBSD data
analysis.

Results

The processed specimens were cut using wire EDM, and
the cross sections were polished and etched for
microstructural observation. Figures 3 and 4 show the
processed blanks for experiments 1 and 7, respectively.
Figure 4 shows the location of the cross section removed
for microstructural analysis. The hexagonal tool was used
to improve the shearing of material during FSP. A threaded
tool was used to improve the material movement along the

thickness direction. Initially, experiments 1, 5, and 8 were
performed with hexagonal, threaded, and tapered tools,
respectively, at 60% tool shoulder overlap with clockwise
rotation. Tunnel defects were observed at the bottom of the
cross sections for experiments 1, 5, and 8. Next, the tool
shoulder overlap was increased to 80% and experiments 3
and 6 were performed with hexagonal and threaded tool
with clockwise tool rotation. The tunnel defects were
observed at the bottom of the cross sections for experi-
ments 3 and 6 as well. Since tunnel defects were observed
with the tools designed for improved material shearing and
material movement, experiments with anticlockwise tool
rotation direction were performed next. Results are cate-
gorized and presented according to the tool geometry, in
the subsections below.

A
S R

S

R
S A

S

(a) (b)Fig. 2 Schematic of spiral tool
path with a clockwise tool
rotation and b counterclockwise
tool rotation

Fig. 3 Processed blank for experiment 1
Fig. 4 Processed blank for experiment 7
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FSP with Hexagon Tool Pin

Four experiments were performed using FSP tool with
hexagon tool pin (Fig. 1a). The details of other process
parameters during FSP are given in Table 2. The tool
shoulder overlap and tool rotation direction are varied across

these experiments. Figures 5 and 6 show the micrographs of
cross sections for experiments 1 and 2, respectively. For
both the cases, tunnel defects are observed. The tool
shoulder overlap was increased from 60 to 80% for experi-
ments 3 and 4. The micrographs of experiments 3 and 4 are
shown in Figs. 7 and 8, respectively. The FSP performed

Table 2 Experimental details for hexagonal tool

Experiment Tool shoulder overlap (%) Tool rotation (RPM) Tool rotation direction Tool velocity (mm/min)

1 60 1000 Clockwise 50

2 60 1000 Counterclockwise 50

3 80 1000 Clockwise 50

4 80 1000 Counterclockwise 50

Defect

Fig. 5 Micrograph showing cross section for experiment 1

Fig. 6 Micrograph showing cross section for experiment 2

Defect

Fig. 7 Micrograph showing cross section for experiment 3
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with 80% overlap and counterclockwise tool rotation
(Experiment 4, Table 2) resulted in defect-free processed
region, as shown in Fig. 8.

Experiments with Threaded Tool

Threaded tool pin is used in the previous works [16, 17], for
friction stir welding and processing. The results show
defect-free welding and elimination of cavities during fric-
tion stir processing. However, these works were performed
on limited area of the workpiece. In this work, a tool with
threaded pin (Fig. 1b) was used for the processing of com-
plete blank using a spiral tool path. Table 3 lists the details
of process parameters during FSP with threaded tool.
Micrographs showing cross sections for experiments 5 and 6
are shown in Figs. 9 and 10, respectively. These

micrographs show tunnel defects are formed during clock-
wise rotation of tool, irrespective of the tool shoulder
overlap (60% or 80%). The FSP performed with 80% tool
shoulder overlap and counterclockwise tool rotation
(Experiment 7, Table 3) resulted in defect-free processed
region, as shown in Fig. 11.

Experiments with Tapered Tool

To further observe the effect of tool shape, a tool with
tapered pin is used as shown in Fig. 1c. The details of
experiments performed with tapered tool are given in
Table 4. The micrograph of cross section from experiment 8
is shown in Fig. 12; it shows tunnel defect at each spiral
step. The tunnel defect is not observed for experiment 9
(80% tool shoulder overlap and counterclockwise tool

A

Fig. 8 Micrograph showing cross section for experiment 4

Table 3 Experimental details for threaded tools

Experiment Tool shoulder
overlap (%)

Tool rotation (RPM) Tool rotation direction Tool velocity (mm/min)

5 60 1000 Clockwise 50

6 80 1000 Clockwise 50

7 80 1000 Counterclockwise 50

Unprocessed 
region 

Fig. 9 Micrograph showing cross section for experiment 5
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rotation), as shown in Fig. 13. This observation is consistent
with experiments 4 and 7, performed with tool with hexagon
pin and threaded pin, respectively.

Discussion

Effect of Tool Pin Design

Tunnel defects are observed for all the samples processed at
60% tool shoulder overlap, irrespective of the tool pin design
and tool rotation direction. Further, tunnel defect is observed
for the sample processed with hexagon tool and 80% tool
shoulder overlap (Fig. 7). Threaded pin profile led to defects
near the middle section of the blank thickness. For rest of the
samples defects are observed at the bottom of the blank. This
is due to relatively less material movement, owing to lower

temperatures at the bottom of the stir [16]. This leads to the
formation of tunnel defects at the bottom. During processing
with the threaded tool, threads encourage the vertical
movement of material, which helps with the defects at the
bottom. Relatively larger processed region is observed with
hexagonal tool pin as compared to other pin profiles (Figs. 5,
9 and 12). In Fig. 12, the area encircled in blue colour shows
the unprocessed region. Figure 9 indicates some material
movement at the bottom of the plate, due to the threaded tool
pin. For FSP tools with hexagonal and tapered pins, stir
zones are wider at the top and narrow down near the bottom.
For FSP tool with threaded tool pin, stir zone follows the pin
geometry from top to bottom (Fig. 9). Larger unprocessed
regions between passes are observed with threaded pin tool
as compared to the other two tool pin geometries, for same
processing parameters. The tunnel defects are observed for
all the tools irrespective of tool pin profile. This suggests that

Fig. 10 Micrograph showing cross section for experiment 6

B

Fig. 11 Micrograph showing cross section for experiment 7

Table 4 Experimental details for
tapered tool

Experiment Tool shoulder overlap
(%)

Tool rotation
(RPM)

Tool rotation
direction

Tool velocity
(mm/min)

8 60 1000 Clockwise 50

9 80 1000 Counterclockwise 50
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defect formation is not effected by FSP tool design in a
significant way, during multi-pass FSP.

Effect of Tool Rotation Direction

In case of spiral tool path as shown in Fig. 1, tool rotation
direction is an important parameter for defect-free processed
region. Tool motion starts from the centre of the specimen
and moves outward. The advancing side (AS) and retreating
side (RS) depend on the tool rotation direction and traverse
direction. During clockwise rotation, the AS is towards the
centre of the specimen and it will be opposite for counter-
clockwise rotation, as shown in Fig. 1a, b. The tunnel defect
formation takes place at the advancing side. Therefore, for
clockwise tool rotation, the tunnel defect forms on the inner
edge (towards the specimen centre) of the tool. As the tool
moves radially outwards, the tunnel defect is left behind in
the processed region. For counterclockwise tool rotation, the
advancing side is at the outer edge of the tool and the tunnel
defect also forms at the outer edge. As the tool moves
radially outwards with certain tool shoulder overlap, the tool
runs over the defect with its inner edge, which is retreating
side. As the material moves around the tool from advancing
side to retreating side, the defects formed during previous
pass are filled and new defects may form at the advancing
side. This leads to the outward propagation of the defects,
and inner region becomes defect-free. Thus, the

counterclockwise tool rotation with sufficient tool shoulder
overlap would keep shifting the tunnel defects towards the
base material with successive passes and tunnel defect is
observed only for the last pass.

Effect of Tool Shoulder Overlap

At 60% overlap of tool shoulder, the defect formation takes
place for both rotation directions. Also some unprocessed
region is observed in Figs. 5 and 6. Based on these obser-
vations, the tool shoulder overlap was increased to 80% in
the subsequent experiments. An increase in the tool shoulder
overlap is accompanied by reduction in unprocessed region.
By increasing the tool shoulder overlap, the number of
successive passes required for a given area (to be processed)
also increases. This would also increase the temperature
during FSP. This increase in temperature favours the mate-
rial movement and reduces the defect size. Therefore,
increase in the tool shoulder overlap reduces the unprocessed
region between successive passes and the size of the defects
also decreases.

Microstructural Evolution

The average grain size of as-cast Mg alloy was about
250 lm. Figure 14 shows the microstructure of the as-cast

Fig. 12 Micrograph showing cross section for experiment 8

C

Fig. 13 Micrograph showing cross section for experiment 9
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material. EBSD technique was used to observe the mi-
crostructural evolution upon FSP. Figure 15 shows the mi-
crostructure for the processed region for experiments 4, 7,
and 9, respectively. During FSP, the material undergoes
severe plastic deformation and significant temperature rise.
This leads to dynamic recrystallization (DRX) and formation
of fine grains. Figure 15b shows the EBSD result for the
location B from Fig. 11. The area enclosed with white lines

shows a banded region with very fine grains. The mi-
crostructure for experiments 4 and 9 (Fig. 15a, c) shows
similar reorientation of basal (0001) plane. However, the
orientation of the grains varies through the thickness of the
processed region. This observation is similar to Mironov
et al. [18]. The EBSD results from present work suggest
grain refinement through DRX and formation of bands of
fine grains.

Conclusions

In this work, a spiral tool path strategy was introduced to
process a circular blank of Mg alloy. Different tool pin
designs and tool shoulder overlaps were used for processing
the specimens. The following conclusions are drawn:

(1) Tunnel defects form for all tool pin designs during
spiral motion of tool. Thus, the pin design has little
effect on the defect formation during multi-pass FSP of
Mg alloy.

(2) For spiral tool path strategy, the tool rotation direction
significantly effects the defect formation during
FSP. The tunnel defect forms on the outer edge of the

Fig. 14 Microstructure of the as-cast Mg alloy

Fig. 15 EBSD inverse pole
figure maps showing
microstructure for a experiment 4,
b experiment 7, and c experiment
9
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tool for counterclockwise rotation, which leads to
defect-free processed region.

(3) For the tool designs presented, 80% tool shoulder
overlap and counterclockwise tool rotation direction
lead to fully consolidated processed region.

(4) Banded regions with very fine grains are formed in the
stir zone. Microstructural observations suggest grain
refinement due to dynamic recrystallization.
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Joining Dissimilar Materials via Rotational
Hammer Riveting Technique

Tianhao Wang, Scott Whalen, Piyush Upadhyay,
and Keerti Kappagantula

Abstract
A robust, economically viable joining method for Mg/Al
and Mg/CFRP could enable multi-material assemblies
that decrease vehicle weight while offering more flexi-
bility for designers. However, certain challenges exist for
joining Mg/Al and Mg/CFRP. Mechanical joining, such
as conventional riveting, clinching and bolting do not
form a metallurgical bond between the fastener and metal
sheet being fastened. Large differences in physical and
mechanical properties of metals and polymers make
joining Al or Mg to CFRP challenging via various
welding techniques. For Mg/Al pair, solid-phase and
fusion-based welding results in rapid formation of brittle
intermetallic compounds at the interface leading to
premature interfacial fracture under mechanical loading.
In this study, a Rotational Hammer Rivet (RHR) tech-
nique was developed to fabricate Mg/CFRP and Mg/Al
joints. With RHR technique, direct joining between Mg/
Al and Mg/CFRP were replaced by joining Mg rivet head
and top Mg sheet. Through heat generated by plastic
deformation of an Mg rivet, RHR creates a metallurgical
bond between rivet head and Mg sheet which seals
corrosive electrolyte from penetrating around the rivet
head.

Keywords
Riveting � Magnesium alloys � CFRP �
Dissimilar joining � Light-weighting

Introduction

As one of the oldest joining methods, riveting still plays a
very important role in manufacturing industry. Especially,
the increased use of multi-material and hybrid structures has
boosted the requirement for joining dissimilar materials, and
riveting is suitable for joining dissimilar materials [1]. In
recent decades, requirements to improve fuel efficiency in
the transport industries necessitate a higher usage of light-
weight structural materials such as magnesium (Mg) and its
alloys since their densities are around 65% of that of alu-
minum (Al) but with comparable strength [2]. As such, using
Mg rivets in place of traditionally used steel or aluminum
ones would augment vehicle light-weighting. However,
while this has been explored in the past, literature shows that
conventional cold driven riveting is not possible for Mg
alloys due to its low formability [3]. Since Mg alloys are
readily formable at elevated temperatures [4], hot driven
riveting has been investigated for magnesium rivets [5]. But
the prohibitively slow heating process and cycle time have
been a barrier to industry adaptation. Therefore, in this
study, a rotational hammer riveting (RHR) technique was
developed and applied on magnesium studs to obtain rivet
heads that are metallurgically joined to the underlying
magnesium sheet. In contrast to hot and cold driven riveting
where the only deformation is due to linear hammering,
RHR takes advantage of heat generated by plastic shear
deformation of Mg while a specially designed rotating tool
plunges on an Mg stud.

Because of the desire to increase the use of lightweight
structural materials such as aluminum alloys, magnesium
alloys and carbon fiber reinforced polymers (CFRP) in
industries, a mechanically robust joining method for com-
binations of these materials, namely Mg/Al and Mg/CFRP
can enable decreased vehicle weight while offering more
flexibility for vehicle designers [6, 7]. However, certain
challenges exist for joining Mg/Al and Mg/CFRP. For
example, mechanical joining methods such as conventional
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rivets, threaded fasteners and bolted joints cannot seal the
interfaces between the rivet head and Mg sheet against
penetration of corrosive electrolyte. With various welding
techniques including solid-state and fusion welding meth-
ods, brittle intermetallic compounds AlxMgy formed rapidly
at the Mg/Al interface, which facilitated a weak dissimilar
joint [8]. Additionally, large differences of physical, chem-
ical, and mechanical properties of metals and polymers make
joining Al or Mg/CFRP challenging by applying conven-
tional welding methods. The RHR technique addresses these
challenges since metallurgical bonding formed between the
rivet head and top Mg sheet. Tool design and process
parameters including rotation rate and plunge speed were
optimized based on microstructural characterization and
mechanical performance of the dissimilar Mg/Al and
Mg/CRFP joints.

Experiments and Methods

Base Materials

In this study, Mg (AZ31), CFRP and Al (AA7055) sheets
with thickness of 2.4, 3.1 and 2.5 mm, respectively, were
used. The CFRP, commercially available as Ultramid
Advanced N XA-3454, is a 40% short carbon fiber rein-
forced grade of PA9T obtained from BASF Corporation.
Mechanical properties of AZ31, CFRP, and AA7055 are
listed in Table 1.

Tool Design

Two H13 tools utilized in this study are shown in Fig. 1.
Both the tools were 12.7 mm in diameter with concavity of
10° (tool#1) and 20° (tool #2). The detailed schematic of
tool geometry including dimensions used to calculate cap
volume (volume within tool concavity) and AZ31 insert
volume is shown in Fig. 2a, b shown. According to the
diameter (Dtool) and concave degree (h) of the RHR tools,
cap volume (Vcap) and cap-height (Hcap) were calculated via
Eqs. (1) and (2). On the other hand, the height (Hinsert) and
volume (Vinsert) of AZ31 insert were related by Eq. (3). For
tool #1 (h = 10°), Hcap of 0.5 mm and Vcap of 29.4 mm3

were obtained. For tool #2 (h = 20°), Hcap of 1.1 mm and

Vcap of 60.8 mm3 were obtained. In addition, a coefficient of
a (� 1) is used to balance Vex and Vcap as shown in Eq. (4).
This is because insert height can guarantee enough material
for fully forming a rivet head. In this study, it was found that
a should be greater than 2.

Vcap ¼ pD3
tool � 2þ cos hð Þ 1� cos hð Þ2

24 sin hð Þ3 ð1Þ

Hcap ¼ Dtool � 1� cos hð Þ
2 sin h

ð2Þ

Vinsert ¼ p
4
D2

insert � Hinsert ð3Þ

a � Vinsert ¼ Vcap ð4Þ

Experimental Setup and Process Parameters

Ø 5 mm holes were predrilled on the AZ31, CFRP and
AA7055 sheets and center to center spacing of 15 mm.
AZ31 inserts were penetrated through bottom sheet, and the
height of AZ31 inserts was designed such that they con-
tained sufficient volume to form a rivet head during the
joining process as discussed in Fig. 2. Setup for riveting
AZ31/CFRP sheets with AZ31 inserts is shown in Fig. 3. As
for riveting AZ31/AA7055 sheets with AZ31 inserts, the
bottom CFRP sheet was replaced with AA7055 sheet. For
riveted AZ31/CFRP and AZ31/AA7075 sheets obtained
with tool #1, the rotation rate was 1000 RPM with varying
plunge speed.

Table 1 Mechanical properties of base materials

Materials Tensile strength (MPa) Elongation (%)

AZ31 260 15

CFRP 274 1

AA7055 640 10

Fig. 1 Pictures of RHR tools #1 and #2
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Sample Preparation and Characterization

Riveted AZ31/CFRP and AZ31/AA7055 joints were cut
along the centerline of AZ31 inserts. Specimens for mi-
crostructural analysis were mounted in epoxy and polished
to a final surface finish of 0.05 lm using colloidal silica.
Optical microscopy was performed on cross-sections of the
samples. In order to perform lap shear tensile testing, riveted
AZ31/CFRP joints and AZ31/AA7055 joints were prepared
such that the width of the specimens was about 15 mm with
the AZ31 insert located at the center. Lap shear tensile tests
were performed at room temperature using an MTS test
frame at an extension rate of 1.27 mm/min. The lap shear
tensile test configuration of AZ31/CFRP with AZ31 insert is
shown in Fig. 4.

Results and Discussion

Mechanism of RHR

Schematic of RHR process is shown in Fig. 5. Friction
between the rotating tool and AZ31 insert produces heat,
which softens Mg insert. Under the combined effect of heat

Fig. 2 Schematic of volume calculation of the a tool dimensions and b insert dimensions

Fig. 3 Setup of RHR process

Fig. 4 Picture of lap shear tensile test configuration of AZ31/CFRP
with AZ31 insert
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and pressure from the tool, AZ31 insert head is plastically
deformed and mixed with the top AZ31 sheet to form a
metallurgical bond while simultaneously creating a tradi-
tional rivet head. With various bottom sheets used in this
study, AZ31/CFRP and AZ31/AA7055 joints were both
obtained with RHR of AZ31 inserts, as shown in Fig. 5.

Rivet Appearance and Microstructure

For riveted AZ31/CFRP sheets obtained with tool #1, the
rivet surface is smooth and completely formed (Fig. 6a). The
cross-section of riveted AZ31/CFRP shows that the rivet

head is mixed optimally with the top AZ31 sheet while some
deflection of CFRP sheet is observed (Fig. 6b). Comparably,
for riveted AZ31/AA7055 sheets obtained with tool #1, the
rivet surface is shiny and completely formed (Fig. 6c). The
cross-section of riveted AZ31/AA7055 shows that the rivet
head is mixed sufficiently with the top AZ31 sheet (Fig. 6d).

Riveting AZ31/CFRP sheets with tool #2 were also inves-
tigated. It is, however, difficult tofind stable riveting parameters
due to the higher concavity. Figure 7a shows the rivet appear-
ancewith constant rotation rate of 1000 RPMand plunge speed
of 60 mm/min. It shows that rivet head has a propensity to stick
on the tool after riveting. Figure 7b shows the cross-section of
the rivet that displayed a good surface appearance. The head is

Fig. 5 Mechanism and schematic of rotational hammer riveting technique

Fig. 6 a Rivet head top view and b cross-section of riveted
AZ31/CFRP sheets with AZ31 insert (Tool #1), and c rivet head
surface and d cross-section of riveted AZ31/AA7055 sheets with AZ31
insert (Tool #1). Black dotted lines are approximate representations of

metallurgical bonding between the formed rivet head and stop AZ31
sheet. (b) and (d), and deflection of CFRP in labelled with white dotted
ellipses in (b)
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not completely mixed with top AZ31 sheet and deflection of
CFRP is more severe than the joints obtained with tool #1
(Fig. 6a–b). The higher concavity tool face appears to have
impeded mixing at the head/sheet interface.

Mechanical Characterization

Lap shear tensile tests were conducted on riveted AZ31/CFRP
joints and riveted AZ31/AA7055 joined by tool #1. Fracture
modes varied for riveted AZ31/CFRP and riveted AZ31/
AA7055 joints. As shown in Fig. 8a1–2, riveted AZ31/CFRP
joints break through the CFRP from the edges of the pre-
drilled holes. As shown in Fig. 8b1–2, riveted AZ31/AA7055

joints break through the AZ31 insert shank. Lap shear tensile
tests show that peak load of riveted AZ31/CFRP was *1.2
kN and peak load of riveted AZ31/AA7055 is *2.5 kN.

Conclusion

A novel riveting method—RHR—was developed and applied
to join AZ31/CFRP and AZ31/AA7055 assemblies with
AZ31 rivets. The mechanism of RHR process was also pro-
vided which addresses challenges inherent to cold and hot
riveting with Mg alloys. With RHR, the deforming rivet head
forms a metallurgical bond with the top sheet being fastened.
Different tool designs were investigated for their rivet head
surface appearance and cross-section morphology. Tool #1
with 10° concavity demonstrated and better mixing between
rivet cap and top AZ31 sheet compared to tool #2 with 20°
concavity. Mechanical response of riveted AZ31/CFRP and
AZ31/AA7055 was studied via lap shear tensile testing.
Riveted AZ31/CFRP displayed a peak load of *1.2 kN with
fracture at the CFRP predrilled hole, while riveted AZ31/
AA7055 displayed a peak load of *2.5 kN with fracture
through AZ31 insert shank. RHR process has demonstrated
promise in utilizing low formability materials like magnesium
that can enable multi-material design. The process robustness,
cycle time and performance of joints in different loading
conditions will be investigated in future work.
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Fig. 7 a Rivet head appearance and b cross-section of riveted
AZ31/CFRP sheets with AZ31 insert via tool #2. Note that the
unmixed region between rivet head and top AZ31 sheet is labelled with

black dotted ellipses in (b), and deflection of CFRP is labelled with
white dotted ellipses in (b)

Fig. 8 Pictures of a1–2 fractured joint of AZ31/CFRP and b1-2
fractured joint of AZ31/AA7055
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Anomalous Hydrogen Evolution
on Magnesium

Aline D. Gabbardo and G. S. Frankel

Abstract
When Mg undergoes anodic polarization in a corrosive
environment, the rate of hydrogen evolution (HE) in-
creases with increasing applied anodic potential or
current, which is opposite of the expected behavior based
on standard electrochemical kinetics. This anomalous HE
has been the recent focus of researchers worldwide. In
this work, the behavior of sputtered Mg thin films and
scratched Mg electrodes is presented. HE vanished when
the potential of a pit in Mg thin films was increased into
the region where a salt film formed. The peak anodic
current on scratched samples was not anomalous, as it
decreased slightly with increased potential. These obser-
vations indicate that the HE rate on Mg depends on the
nature of the surface and that anomalous HE results from
the surface being more catalytic to the HE reaction with
increasing dissolution rate.

Keywords
Magnesium � Corrosion � Anomalous hydrogen
evolution

Extended Abstract

A thorough understanding of Mg corrosion properties is
necessary for further developments in its application for
engineering structural components. However, the Mg disso-
lution mechanism cannot be easily explained with classical
electrochemical theories and further experimental clarifica-
tion is still needed. The typical kinetics for electrochemical
reactions follow activated state theory as described by the
Butler–Volmer equation and, for sufficiently large difference
in potential from the reversible potential, the Tafel equation

describes the relation of current density (i) and overpotential
[1]. Based on the Tafel equation, the anodic current density
increases exponentially and the cathodic current density
decreases exponentially with increasing potential. A poten-
tiostat only measures the net current, or net current density if
the electrode area is known, (inet = ianodic − |icathodic|). At high
anodic potentials, icathodic is expected to be very low, and inet
is approximately equal to ianodic. However, the behavior of
Mg during anodic dissolution is different than that predicted
by the theories described above [2]. The phenomenon is
usually called the negative difference effect (NDE) and more
recently the anomalous hydrogen evolution (anomalous HE)
[2]. The cathodic reaction rate, described by the hydrogen
evolution current density (iH2), is expected to decrease as the
applied potential increases above the OCP, but many authors
have shown that for Mg the hydrogen evolution current
density increases as the anodic applied potential increases
[2–5]. This situation complicates the evaluation of Mg cor-
rosion properties through standard electrochemical tests such
as polarization curves because the measured inet does not
equal ianodic at high anodic overpotentials [3]. Understanding
the mechanism of the anomalous HE phenomenon could
facilitate the development of new Mg alloys and more effi-
cient corrosion protection systems for Mg.

Some of the recent theories to explain anomalous HE
assumes that the behavior is a localized phenomenon that
happens on sites close to the Mg dissolving areas, whereas in
others the anomalous HE phenomenon is associated with the
actual active dissolving sites on the Mg surface [6–8]. The
effects of impurities, corrosion product film and the role of
the active surfaces have all been reviewed in detail else-
where [4, 5].

In this work, the 2D pit growth method and the scratched
electrode technique were used as new approaches to further
understand the anomalous HE phenomenon [9–11]. The 2D
pit growth method has been used to study pitting corrosion in
Al and stainless steel [12, 13], but can also be used to eval-
uate the anomalous HE phenomenon on Mg [9, 10]. The pit
growth in metallic thin films is two-dimensional, allowing
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ianodic and inet to be measured by recording the surface of a
single growing pit. The pit cathodic current density (icathodic)
can be indirectly obtained by inet = ianodic − |icathodic|, which
accounts for the hydrogen evolution rate (iH2) in the case of
Mg. One advantage of this method in comparison with vol-
umetric or gravimetric hydrogen measurements [14] is that
the active corroding area, or the 2D pit wall, is tracked in
space by the recorded video. It was therefore confirmed that
the location of the anomalous HE phenomenon is the active
Mg surface [9] and the mechanism is more related to the state
of the corroding surface than to the accumulation of impu-
rities or corrosion products. 2D pits have small active areas
and thus low ohmic resistance, allowing for the application of
higher potentials. When high enough potential is applied, a
salt film covers the active surface and the anomalous HE
vanishes [10]. The hypothesis is that direct contact of water
with the active Mg surface is blocked in this case and HE
decreases. The anomalous HE is then a consequence of the
increased catalytic activity for the HER of the active sites
created during dissolution and it will increase with increasing
dissolution rate but will decrease or vanish if these sites are
blocked. The scratched electrode technique was used to
evaluate the corrosion kinetics of freshly generated Mg sur-
faces mechanically created in situ by a diamond scribe [11].
Active sites are thought to be fresh, film-free, surfaces. In
fact, it was observed that the catalytic activity for the HER
increased on the scratched surface when compared to a filmed
surface and this increased catalytic activity persisted until
repassivation (or reformation of a monolayer of Mg
hydroxide). Interestingly, the peak hydrogen evolution cur-
rent density on the scratched samples was not anomalous, as
it decreased slightly with increased potential. The HE rate
only depends on the transient state of the Mg surface created
by the diamond scribe and is directly related to the catalytic
activity of this surface for the HER, in line with the previous
results.
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Numerical Investigation of Micro-Galvanic
Corrosion in Mg Alloys: Role of the Cathodic
Intermetallic Phase Size and Spatial
Distributions

V. K. Beura, P. Garg, V. V. Joshi, and K. N. Solanki

Abstract
Magnesium alloys are of increasing interest in structural
applications due to their low-density, moderate specific
strength and stiffness, recyclability, and high damping
among other properties. However, the wide-scale appli-
cability of magnesium alloys in structural applications has
been limited due to many factors including its poor
corrosion resistance. In this work, a numerical investiga-
tion to simulate the micro-galvanic corrosion behavior
was performed to examine the influence of the size and
distribution of cathodic intermetallic phase (b–Mg17Al12)
in a Mg matrix. The ratio of cathodic to anodic surface
area was kept constant in each simulation condition to
understand the effect of size and spacing distributions. In
general, fragmentation of a larger intermetallic particle
into smaller ones was determined to enhance the localized
current density. However, the uniform distribution rather
than clustered or non-uniform distribution of this small
intermetallic phase throughout the matrix was found to
reduce the overall dissolution current density and hence,
pitting corrosion severity.

Keywords
Cathodic particles � Numerical simulation �
Localized corrosion � Fragmentation

Introduction

A combination of high strength to weight ratio, excellent
biocompatibility, and superior damping capacity makes
magnesium (Mg) based alloys a prime material for

automotive, biomedical and structural applications [1–5].
However, poor corrosion resistance of these alloys limits
their widespread applicability. For instance, with Mg being
the most electrochemically active element in the periodic
table, Mg-based alloys undergo severe galvanic corrosion
while forming joints with other structural materials [6]. In
addition, Mg alloys undergo localized corrosion due to the
presence of cathodic second phase particles and inclusion
within the matrix [7–9]. The severity of localized corrosion
is strongly dependent on the size and spacing distributions of
the second phase within the Mg matrix. Besides cathodic
particles, grain size [10, 11], crystal texture [12, 13] and
prior processing conditions [14, 15] also alters the general
corrosion behavior of Mg alloys. Therefore, suitable opti-
mization of mentioned parameters (e.g., particle size and
spacing distribution, heat treatment, etc.) can be done to
tailor and improve the corrosion resistance of Mg alloys.

In most Mg alloys, Al8Mn5 and b–Mg17Al12 are the main
cathodic intermetallic particles [7, 16] and their size/spacing
distribution dependents on different thermo-mechanical heat
treatment processes. Many studies have focused on under-
standing the influence of change in the cathodic particle
distribution on the corrosion behavior as well as mechanical
properties of Mg alloys [17–21]. Fragmentation and rear-
rangement of b phase along with generation of different
defects like vacancies, dislocation, and twins have been
observed to degrade the corrosion resistance of hot-extruded
AZ91 alloy with respect to its cast counterpart [15]. Simi-
larly, the corrosion susceptibility of equal channel angular
extrusion (ECAE) processed Mg alloys was found higher in
comparison to as-cast pure Mg and AZ31 alloys due to its
high dislocation density and smaller deformed grains [22,
23]. In contrast, Zhang et al. showed that extruded Mg alloys
have enhanced corrosion resistance in comparison to as-cast
Mg alloy due to grain refinement and rearrangement of
second phase particles although there is an increase in dis-
location and defect density with deformation [24]. This
ambiguity arises from the presence and inter-dependance of
a number of factors like grain size, texture, defect density
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due to deformation, second phase particle size and distri-
bution in the matrix. Therefore, it is highly important to
understand the individual effect of each parameter as well as
their interdependence to design future generations of
Mg-based alloys.

It is difficult to deconvolute the effect of above-mentioned
parameters through experimental technique performed by
different thermo-mechanical processes due to their interde-
pendence and complexity of real-time corrosion process.
However, a combined approach of experiments along with
simulations can be a viable approach to tackle this prob-
lem. Many studies have been performed to simulate the
galvanic corrosion [25–28] and localized corrosion behavior
in aluminum [29, 30] and magnesium alloys [31] and vali-
dated with the required experimental work [32]. However, a
limited number of works have been performed to apply the
simulation methodology to study the influence of
above-described parameters on the corrosion behavior of
Mg-based alloys. Taleb et al. [33] studied the effect of grain
size on corrosion behavior through a simulation study using
cellular automata model. Similarly, Deshpande [31] inves-
tigated the effect of b phase morphology and phase fraction
on micro galvanic corrosion behavior of Mg alloys using a
finite element based model. However, generally during
thermo-mechanical processing in combination to phase
morphology its distribution varies keeping average surface
fraction constant and this variation in distribution affects the
corrosion properties as observed experimentally in ECAE,
extrusion, and shear assisted processing and extrusion
(ShAPE) [34–36] of Mg-based alloys. Therefore, in this
study, a finite element based numerical framework was used
to study the effect of size and distribution of cathodic
intermetallic phase (b–Mg17Al12) on localized corrosion
behavior of Mg alloy. A single cathodic intermetallic phase
was disintegrated into several smaller particles keeping the
overall cathodic surface area hence cathode to anode ratio
constant, to observe the effect of fragmentation on current
density of the system. Additionally, spatial distribution of
fragmented particles was varied by changing the radial
separation distance between them to observe the effect of
distribution on the localized corrosion behavior of Mg alloy.

Model Development

The micro-galvanic/localized corrosion behavior between
the matrix phase (a) and the cathodic intermetallic phase (b)
in Mg alloys was simulated using Comsol simulation soft-
ware. The governing Nernst plank equation was solved in
the electrolyte domain over the anode and cathode electrode
surface in the stationary mode. Mass transfer of ionic species
in the aqueous electrolyte can be described by the

contribution from diffusion, migration, and convection
which can be expressed by the Nernst Plank Equation as
[27]:

@ci
@t

¼ �Dir2ci � ziFuir: ciruð Þþr: ciVð Þ ð1Þ

where Di is the diffusion coefficient, ci is the concentration,
zi is the charge number, ui is the mobility of different species
involved in the electrochemical processes. F, and u, are
Faraday constant, and electric potential measured with
respect to standard calomel electrode and electrolyte velocity
(V), respectively. Nernst plank equation (Eq. 1) can be fur-
ther simplified for steady-state conditions with the following
assumptions (i) negligible concentration gradient due to the
well-mixed electrolyte solution; (ii) the solvent is incom-
pressible; and (iii) the electrolyte solution is electroneutral,
i.e.,

P
zici ¼ 0 to Eq. 2.

r2u ¼ 0 ð2Þ
Equation 2 represents the Laplace of electric potential

with the upper bound of corrosion rate after neglecting the
transport term due to diffusion and convection. Equation 2
was solved numerically in the electrolyte domain with
appropriate boundary conditions like in the anodic and
cathodic surface gradient of electrolyte potential field is
directly proportional to current density, and can be written
as:

j ¼ �rrnu ð3Þ
where r is the conductivity of electrolyte (2.5 S/m).

Two computational domains were used in this study to
simulate the localized corrosion behavior of Mg alloy
(Fig. 1). Figure 1a shows a square domain of size 50 um
50 um that represents the electrolyte over cathode (b) and
anode (a) 1D electrode surface and it was used to study the
effect of second phase particle size and separation on lo-
calized corrosion behavior in Sects. 3.1 and 3.2 respectively.
The cylindrical domain, shown in Fig. 1b was used to study
the effect of second phase particle fragmentation and dis-
tribution on localized corrosion behavior in Sect. 3.3. The
cylindrical domain has base diameter of 50 µm and height of
50 µm that represents the electrolyte over cathode (b) and
anode (a) 2D electrode surface. Volume and conductivity of
the electrolytes in both the domains were kept constant
throughout the study. However, the size of electrode surfaces
was varied keeping combined electrode surface length
(50 µm) and electrode surface area (1962.5 µm2) constant in
both 1D and 2D computational domains, respectively.
Insulating boundary conditions were used at all boundaries
of the computational domain except for the electrode sur-
faces where electrolyte potential was solved using Eq. 3.
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Furthermore, current density evolution at cathode and anode
electrode surfaces was solved using anodic and cathodic
Tafel extrapolation parameters as input variables. Experi-
mental polarization curves for alpha (a) and beta (b) were
used [31] to extract the required electrochemical parameters
using EC-lab software. Table 1 shows the list of electro-
chemical parameters used to simulate micro-galvanic cor-
rosion behavior in Mg alloy.

Result and Discussion

Effect of Second Phase Particle Size

The variation in size of second phase particles in Mg alloys
ranging from micrometers to nanometers is significantly
dependent on the prior heat treatment and thermo-
mechanical processing of the alloy [37]. Localized corro-
sion in Mg alloys also depends on the size of the cathodic
phases beside their composition. Therefore, to understand
the size effect of b phase on corrosion behavior particles of
different radius (Rparticles) were used to study the variation of
cathodic and anodic current density in the electrochemical
system. Figure 2 shows the variation of current density as a
function of cathodic particle size from 2 to 10 µm. The
cathodic current density increased on the b phase surface
with increase in surface area of the second phase particle.
Thus, the larger surface area provides more sites for cathodic
reactions like hydrogen evolution and oxygen reduction
(Eqs. 4 and 5) and drives the anodic reactions on the Mg
matrix adjacent to the particle. The cathodic current density
increased from −23.5 to −17.5 A/m2, around 30%, with
increase of Rparticle from 2 to 10 µm. This increase in
cathodic current density enhanced anodic dissolution

reaction on Mg matrix (Eq. 6) which shows an eight-fold
increase in anodic current density as Rparticle increased from
2 to 10 µm (Fig. 2b). Thus, the region with bigger cathodic
particle enhances localized matrix dissolution which makes
the usage of alloy more detrimental for longer term as
compared to the alloy with smaller cathodic particles.

Cathodic reaction:

O2 þ 2H2Oþ 4e� ! 4OH� ð4Þ

2H2Oþ 2e� ! H2 þ 2OH� ð5Þ
Anodic reaction:

Mg ! Mg2þ þ 2e� ð6Þ

Effect of Second Phase Particle Separation

Along with second phase particle size and composition, the
separation between the particles also plays a crucial role to
determine the intensity of localized corrosion. This separa-
tion distance depends on several factors like mechanical
deformation, heat treatment, and other thermo-mechanical
processing. The separation distance controls the interaction
between two cathodic particles as well as the transport of
reacting species within the local electrolyte. To observe the
effect of separation distance (S) two identical particles of
different sizes (Rparticle) were used to study the corrosion
behavior of the common matrix present in between them.
Figure 3a shows the variation in anodic current density of
the common matrix as a function of the separation distance.
The anodic current density of the matrix increased with

Fig. 1 Computational domain of electrochemical system with necessary equations and boundary conditions for reacting and insulating surfaces.
Red and blue lines/circles, respectively represent the cathode and anode electrode a 1D and b 2D surfaces
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decreasing the separation distance between the particles
which directly corresponds to the higher dissolution reaction
at the matrix. As the separation distance increased further, a
parabolic variation of matrix anodic current density was
observed which was highest at the interface of cathodic
particle and the matrix and it gradually decreased as we
move away from interface showing a decrease in the inter-
particle interaction. This variation of current density can be
correlated with anodic and cathodic reactions on both the
surfaces and their transport within the electrolyte. Due to
shorter distance between particles like 0.4 µm, availability
of reducible species like O2 is easier due to smaller transport
distances between the anode and cathode surfaces. This
enhancement in anodic current density due to separation
distance varies with size of the cathodic particle shown in
Fig. 3b. A fivefold increase in current density can be
observed with increase in Rparticle from 2 to 10 µm.

Effect of Second Phase Particle Fragmentation
and Separation

Generally, during processing and real-time applications both
cast and processed Mg alloys undergo extreme conditions of
high strain-rate deformation and/or high-temperature appli-
cations that lead to variation in cathodic particles distribution
keeping the average area fraction constant. This process can
also lead to the disintegration of larger cathodic particles into
clusters of small-sized particles. Therefore, to understand the
effect of such a complex process along with other
microstructural changes can be a difficult task in terms of
experimental characterization. Hence, a simulation study has

been implemented to understand effect of this phenomenon
on corrosion behavior of Mg alloys. A cathodic b phase
particle with 10 µm radius was fragmented into smaller
particles keeping the overall cathodic surface area and the
ratio of anode to cathode surface area constant. Hence, the
radius (R) of fragmented particles decreased gradually with
increasing number of fragmentations (N). Furthermore, the
separation distance (S) between the fragmented particles was
varied from 0.2 to 20 µm to observe the effect of separation
between the particles on corrosion behavior. Figure 4 shows
variation in magnitude of electrolyte current density with
change in the number of fragmentations (N) and separation
distance (S) between the cathodic particles.

The electrolyte current density was observed to vary from
0 to 23.7 A/m2 throughout the surface with a maximum in
the region near to the cathodic particle (Fig. 4a). Further-
more, maximum current density around the cathodic parti-
cles found to increase as the number of fragmentation
increased from N = 1 to 7 (Fig. 4a). The system with
maximum number of fragmentations (N = 7) and the
smallest separation distance (S = 0.2 µm) had the highest
electrolyte current density at the cathodic particles (Fig. 4b).
Whereas, the electrolyte current density was minimum at the
cathodic particles in the same system with highest separation
distance (S = 20 µm). To further understand these effects
average electrolyte current density was calculated for each
particle radius and corresponding all of the separation dis-
tances (Fig. 5).

Average electrolyte current density of single cathodic
particle (R = 10 µm) serves as a reference point for other
measurements (black horizontal line at 2.175 A/m2 in
Fig. 5). The average electrolyte current density was found

Table 1 Electrochemical
parameters used in this study to
simulate the corrosion behavior of
Mg alloy

Electrochemical parameters Alpha (a) Beta (b)

Corrosion potential (V, SCE) −1.424 −1.151

Exchange current density (A/m2) 0.081 0.017

Tafel slope (V/decade) 0.008 −0.0835

Electrolyte conductivity (S/m) 2.5

Fig. 2 Effect of cathodic b phase
size on the corrosion behavior a
Variation in cathodic and anodic
current density with b phase size
(Rparticle). b Variation in anodic
current density of adjacent matrix
with b phase size (Rparticle)
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to decrease with increasing the separation distance between
the particles which suggests towards a decrease in corro-
sion susceptibility of the alloy. These results display a
similar trend observed in Fig. 3, where the anodic current
density of Mg matrix decreased with the increasing sepa-
ration distance between two identical cathodic particles.
However, if the average electrolyte current densities for
different numbers of particles were compared it shows
interesting behavior. The electrochemical system with 7
particles has the highest value of average electrolyte current
density than other systems (1, 3, 4, 5 particles) in the range
of radial separation distance 0.2 and 4 µm. On the other
hand, 7 particle system showed the lowest value of average
electrolyte current density at a radial separation distance of
10 and 20 µm as compared to the other systems. Further-
more, the systems with 1, 3, 4, 5 particles showed similar
behavior as the average electrolyte current density of the

Fig. 3 Effect of cathodic b phase separation on corrosion behavior.
Separation distance of zero represents the center point between two
particles and +ve/−ve distances represent displacement along left/right
directions, respectively. a Variation in anodic current density of matrix

between two 4 µm b phase as a function of their separation. b The
average anodic current density of the matrix between two b phases as a
function of phase size and separation distance

Fig. 4 Effect of cathodic particle distribution on the magnitude of
electrolyte current density. a Fragmentation of single cathodic b phase
into different number of particles (N) with different size (R) keeping

overall anode to cathode ratio constant. b Change in anodic current
density with increasing separation distance (S) between multiple
fragmentations (N = 7) of cathodic particles of same radius

Fig. 5 Variation of average electrolyte current density with cathodic b
phase fragmentations (i.e., number of particles) from a larger particle
and their radial separation from the center particle
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system with larger number of particle systems is lower as
compared to the system with lower number of particles at
the radial separation distance of 10 and 20 µm. This
behavior is due to decrease in the interparticle interaction
and more homogenous distribution of cathodic particles
with a higher number of fragmentation and radial separa-
tion. Therefore, to process a corrosion-resistant Mg alloy
using various thermo-mechanical processing methods like
ECAE, extrusion or ShAPE an effort should be made to
have a possible smallest average particle size and the
highest separation distance between the particles.

Conclusions

A comprehensive finite element based simulation study was
carried out to understand the effect of size and distribution of
second phase cathodic particles on localized corrosion be-
havior of Mg alloys. The key observations of this work are:

1. Larger cathodic particles (Rparticle = 10 µm) enhanced
anodic dissolution of the localized matrix due to
enhanced cathodic reaction on their surface in compar-
ison to the smaller size cathodic particles.

2. Interparticle interaction between two cathodic particles
decreased with an increase in separation distance which
reduced the anodic dissolution rate of common Mg
matrix between them.

3. Corrosion behavior of Mg alloys depends on fragmen-
tation and distribution of large cathodic particles into a
cluster of smaller particles. In particular, increase in
number of fragmentation enhances corrosion suscepti-
bility of the localized system till the radial separation
between the particles was less than a critical value
(10 µm). However, once the separation is more than the
critical value larger number of fragmentation shows the
least susceptibility for corrosion.
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The Corrosion Behavior of High Purity Mg
According to Process History

Sang Kyu Woo, Byeong-Chan Suh, Nam Ryong Kim, Ha Sik Kim,
and Chang Dong Yim

Abstract
This study paid attention to the big difference between the
corrosion rates of permanent mold cast and hot-extruded
pure Mg. Fe existed as different state according to process
history, which affected the corrosion behavior of pure Mg
largely. The corrosion rate of high purity Mg was
measured extremely low when Fe was dissolved into
the matrix as a solid solution while it increased dramat-
ically when Fe was precipitated as a second phase. The
precipitation behavior of the second phase containing Fe
was affected by other impurities as much as thermal
history, which affected the corrosion behavior of high
purity Mg. It is suggested from this study that the
tolerance limit of Fe is strongly dependent on the content
of Fe, the sort and content of other impurities and process
history, which should be considered to design the
composition and processing route of high corrosion-
resistant Mg alloy.

Keywords
High-purity magnesium � Impurity � Micro-galvanic
corrosion � Processing history

Introduction

Mg alloys have many advantages such as high specific
strength and damping capacity but they also have some
disadvantages such as poor corrosion resistance and

formability. These weaknesses must be overcome for the
widespread application of Mg alloys. The corrosion behavior
of Mg is affected by various factors and it is well known that
the effects of impurities including Fe are very dominant
[1–7]. In other words, the corrosion rate of Mg is strongly
dependent on the purity of the Mg. In casting of pure Mg,
very fast corrosion rates from several mm/y to several
hundred mm/y have been reported for the commercially pure
Mg [1–4] while high pure Mg with well-controlled level of
impurities showed much slower corrosion rate of below
1 mm/y [1–6]. The pure Mg with ultra-high purity showed
an extremely slow corrosion rate of 0.25 mm/y [7]. How-
ever, there was large difference between the corrosion rates
of pure Mg reported from previous studies in spite of similar
content of Fe [3, 5, 8, 9]. Liu et al. [3] and Zhao et al. [5]
reported the slow corrosion rate of 1 mm/y for pure Mg
containing 45 ppm Fe while Prado et al. [8] reported much
faster corrosion rate of over 600 mm/y for pure Mg con-
taining 40 ppm Fe. Yang et al. [9] showed the corrosion rate
of 4 mm/y for pure Mg containing 13 ppm Fe which was
much lower than 40 ppm. It is interesting that the content of
Fe in the pure Mg studied previously [3, 5, 8, 9] was similar
but the processing route was different. The pure Mg treated
by thermo-mechanical process (TMP) showed faster corro-
sion rate than as-cast pure Mg. Liu et. al. [3], Song et al. [10]
and Sudholz et. al. [11] reported that the corrosion rate of
pure Mg cast increased significantly by additional process
such as heat treatment.

Although there are many studies on the corrosion
behavior of pure Mg, the reason for the different corrosion
behavior according to the processing route in spite of similar
Fe content was not clearly examined yet. In this study, the
corrosion rate of pure Mg with high purity prepared by
different processes including permanent mold casting,
homogenization heat treatment after casting, hot extrusion
and annealing after hot extrusion was systematically evalu-
ated and analyzed on the basis of microstructure in order to
clarify the corrosion mechanism of pure Mg.
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Experimental Procedure

Pure Mg ingot with purity of 99.99% (4N) was used as raw
material for preparation of test specimens. The ingot was put
into a graphite crucible and heated to 700 °C under a pro-
tective atmosphere of CO2 and SF6 gases using electrical
resistance furnace. The stirring and bubbling were carried
out for refining of the molten Mg with Ar gas at a flow rate
of 0.5 L/min. at 700 °C for 10 min and the dross on the
surface was removed after holding for 30 min. The molten
Mg at 700 °C was poured into a metal mold preheated to
200 °C through a filter. A billet for hot extrusion was pre-
pared by the same procedure as mentioned above. Before
extrusion, a homogenization heat treatment was carried out
for 24 h at 400 °C. After heat treatment, the billet was
machined into the billet of 78 mm in diameter and 110 mm
in length for extrusion. The machined billet was preheated to
350 °C and then directly extruded through a rectangular die.
The die and container were also preheated to 350 °C. The
extrusion ratio and ram speeds were 25:1 and 1 mm/sec.,
respectively. Table 1 shows the composition of pure Mg
measured by spark optical emission spectroscopy (OES).

The specimen for microstructural observation was cut
from the cast and extruded plate and mounted by epoxy
resin. The mounted specimen was mechanically ground
using SiC papers up to #2400 grit and then polished using
3 lm diamond paste and water-free oxide polishing sus-
pension (OPS). The polished specimen was etched using a
mixed solution of 1 mL of nitric acid, 20 mL of distilled
water, 20 mL of acetic acid, and 70 mL of ethylene glycol.
The microstructures of specimens were observed by an
optical microscope (OM, Nikon Optiphot 200), scanning
electron microscope (SEM, IT-300 and JSM-7001F, JEOL)
equipped with an energy-dispersive X-ray spectroscopy
(EDS) and a backscattered secondary electron (BSE). The
composition and diffraction pattern analysis were performed
using a transmission electron microscope (TEM, JEM
2100F, JEOL). The focused ion beam (FIB, Helios UMS II,
FEI) was used to confirm and to prepare the particles.

The corrosion rate of pure Mg prepared by different
processing routes was evaluated by the immersion test. The
specimen of 40 mm in width, 40 mm in length, and 3 mm in
thickness was machined from the cast and extruded plates
and then ground mechanically using SiC papers up to
#2400 grit. The specimens were immersed in 3.5 wt% NaCl

for 72 h and temperature was maintained at 25 °C in tem-
perature control chamber. After immersion test during given
period, the specimens were cleaned through immersion in a
mixed solution of 170 g/L CrO3 + 10 g/L AgNO3 to remove
the corrosion products, and then the weight loss of the
specimen was measured. The corrosion rate was determined
as the average value of at least three test results, and the
standard deviation was expressed with an error bar. KPFM
(kelvin probe force microscopy) analysis was carried out
using AFM (atomic force microscopy, Nanoscope V Mul-
timode 8, Bruker) to analyze the effect of the particles on the
corrosion behavior. The Volta potential difference
(VPD) was measured and the variation of corrosion behavior
was investigated. All measurements were carried out using a
Pt-coated probe at a temperature of about 22 °C and relative
humidity of about 20%.

Results and Discussion

Figure 1 shows the average corrosion rates and external
surfaces after immersion test of pure Mg specimens prepared
through different processing routes. The corrosion rate was
calculated from weight loss before and after immersion test
and the average value was determined from the results of
three specimens. The corrosion rate of as-cast pure Mg
dramatically increased after homogenization heat treatment
from 0.430 ± 0.012 to 8.478 ± 2.095 mm/y. The corro-
sion rate increased more after hot extrusion and annealing
after hot extrusion. As shown in Fig. 1, only a few small pits
were observed around edge in as-cast pure Mg and corrosion
occurred rarely in other areas after 72 h immersion in 3.5 wt
% NaCl solution. On the other hand, very deep pits were
observed in the pure Mg homogenized after casting. In the
case of as-extruded specimen, the pits were more widely
formed over whole surface and the size and distribution
uniformity of the pits increased by annealing. As shown in
Fig. 1, the corrosion behavior of pure Mg changed largely
according to the processing route in spite of same
composition.

Figure 2a shows the BSE image of the particle observed
in the as-extruded pure Mg and Fig. 2b shows the compo-
sition of the particle analyzed by the EDS. These particles
were identified as particles containing Fe and Si and hardly
observed in the as-cast pure Mg. The specimens for TEM

Table 1 Chemical composition
of HP pure Mg measured by
spark OES

Alloy Mg Al Mn Fe Si Ca Cu Ni

wt.ppm

HP pure Mg Bal. <1 22 19 19 25 4 <5
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analysis were taken from the area containing the particles in
Fig. 2a using FIB, and systematic analysis on the particle
was carried out.

Figure 3a shows the STEM image and diffraction pattern
of particles observed in the as-extruded pure Mg and Fig. 3b
shows the elemental mapping results of Mg, Fe, and Si. As
shown in Fig. 3, Fe was detected with Si and the molar ratio
of Fe to Si was about 3:1. The particle-containing Fe and Si
was identified as the Fe3Si particle having a DO3 structure
on the basis of results of EDS and diffraction pattern anal-
ysis. The Si-rich particle was detected together with Fe3Si
particle and it was identified as the Mg2Si particle having a
cF12 structure.

It is well known that there is potential difference between
the matrix and the secondary phase particle in Mg-based
material and this difference is one of the major reasons for
poor corrosion resistance of Mg-based material. Therefore,
the potential difference between the secondary phase parti-
cles and the matrix of the pure Mg was measured by KPFM

Fig. 1 Average corrosion rates and corroded surfaces of pure Mg
specimens with high purity prepared by different processing routes after
immersion/n in 3.5 wt% NaCl solution during 72 h

Fig. 2 Backscattered secondary electron images and composition
analysis of particle in as-extruded HP pure Mg; a BSE images of
particle, b composition of particle analyzed by EDS

Fig. 3 TEM analysis of Fe-containing particle and Si-rich particle;
a STEM image and diffraction patterns of Fe3Si and Mg2Si phases,
b elemental maps of Mg, Si, and Fe
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in order to investigate the effect of secondary phase particles
on the corrosion behavior of pure Mg.

Figure 4a is a Volta potential difference map (VPD map)
based on KPFM measurement for the area containing Fe3Si
particle and a line profile of the potential values for each
phase is shown in Fig. 4b. As shown in Fig. 4, Fe3Si particle
has a relatively higher potential compared to the Mg matrix.
This makes it clear that the Fe3Si particle would serve as the
main cathodic source and the micro-galvanic corrosion
between the Fe3Si particle and the matrix was main corro-
sion mechanism of as-extruded pure Mg. As shown in
Fig. 5a, corrosion occurred preferentially around Fe3Si par-
ticle and Fe3Si particle was covered with oxide as shown in
Fig. 5b.

On the basis of the results shown above, it seemed that
the Fe-containing particle played an important role in cor-
rosion behavior of pure Mg prepared by different processing
routes. Therefore, it is necessary to investigate the reason
why Fe-containing particle was not observed in the as-cast
pure Mg although the content of impurities was same. Liu
et al. [3] reported that 180 ppm, which is the point of BCC
phase formation, is in good agreement with experimental
tolerance limit of Fe (150–170 ppm) based on the equilib-
rium phase diagram of Mg–Fe [2, 3, 12]. It indicates that the
presence of this BCC phase is closely related to the tolerance

limit of Fe. Liu et al. [3] suggested that in pure Mg having
less than 180 ppm of Fe, the two-phase region of a–Mg and
liquid Mg was very narrow and then Fe might be dissolved
in the Mg lattice as a supersaturated solid solution during
non-equilibrium solidification. In this case, as in the case of
pure Mg having Fe of 10 ppm or less, the BCC phase does
not exist and micro-galvanic corrosion does not occur, which
results in low corrosion rate. They also insisted that the
precipitation of BCC phase by heat treatment might cause an
increase in the corrosion rate [3]. These suggestions are
reasonable, but it is necessary to investigate the Mg–Fe–Si
phase diagram instead of the Mg–Fe phase diagram in
consideration of the fact that Si was always detected with Fe
as in this study.

Figure 6 shows the Mg–Fe–Si equilibrium phase diagram
calculated using the Factsage software. As shown in Fig. 6,
Fe does not always exist alone and forms various Fe–Si
phases depending on temperature and composition. There-
fore, the influence of Si on the microstructure and corrosion
behavior of pure Mg should be considered simultaneously.
Yang et al. [13] carried out the study on the corrosion
behavior of pure Mg having similar content of Fe and
reported that high content of Si caused precipitation of

Fig. 4 KPFM results of as-extruded pure Mg; a Volta potential
difference (VPD) map, b Line profile of potential for Fe3Si particle and
Mg matrix on VPD map

Fig. 5 The corroded morphology of Fe-containing particle in
as-extruded pure Mg after immersion in 3.5% NaCl solution; a BSE
images of particle, b Elemental maps of Mg, O, Si and Fe
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Fe-rich phase during casting, which resulted in significant
increase of the corrosion rate even though Fe content was
low. It indicates that the presence of Si can lead to differ-
ences in corrosion rates in spite of similar Fe content.

In as-cast pure Mg containing low contents of Fe and Si,
Fe would not precipitate during casting and exist as a
supersaturated solid solution due to non-equilibrium solidi-
fication. Therefore, micro-galvanic corrosion would rarely
occur in the as-cast pure Mg specimen, which resulted in
slow corrosion rate. According to the phase diagram as
shown in Fig. 6, Fe would be precipitated as BCC phase
particle-containing Fe and Si during homogenization heat
treatment. According to the Volta potential difference as
shown in Fig. 4, micro-galvanic corrosion between the Mg
matrix and BCC phase particle would occur actively, which
resulted in fast corrosion rate. The corrosion rates of
as-extruded pure Mg and annealed pure Mg after extrusion
were a little faster than that of homogenized pure Mg after
casting. It seemed that volume fraction and/or size of BCC
phase particle would increase during preheating before ex-
trusion and annealing, which resulted in slightly faster cor-
rosion rate.

In order to demonstrate that precipitation of the
particle-containing Fe and Si during homogenization heat
treatment was the main factor of faster corrosion rate, the
corrosion rate of as-extruded pure Mg prepared without
homogenization heat treatment was compared with the cor-
rosion rates of as-cast and as-extruded pure Mg with
homogenization heat treatment as shown in Fig. 7. As
shown in Fig. 7, the corrosion rate of as-extruded pure Mg

prepared without homogenization heat treatment was similar
to the as-cast pure Mg. Therefore, it is reasonable that the
tolerance limit of Fe cannot be determined simply from
solubility of Fe based on Mg–Fe binary phase diagram and
the microstructural change according to the processing route
and the interaction between Fe and other elements should be
considered to design alloy with high corrosion resistance.

Even so, it is worth considering the possibility that other
factors have affected the difference in corrosion behavior
such as grain size. The grain size and the grain boundary
distribution can vary largely depending on the process his-
tory and can affect the corrosion resistance [14–16]. How-
ever, there is still debated about the effect of grain size and
grain boundaries on corrosion behavior. Ralston et al. [16]
states that it is difficult to control grain size and it is difficult
to completely exclude other variables (secondary phase,
impurities, etc.). In this study, as shown in Fig. 7, there is a
big difference in corrosion rate between two extruded ma-
terials with similar microstructure. For that reason, even if
grain size effect on corrosion rate, it would be reasonable to
assume that it would not have been a major factor in con-
trolling the overall corrosion rate.

Additionally, similar studies on commercially available
high purity Mg alloys need to be conducted in addition, but
so far, there have been no reported researches on these
findings. Therefore, in the future, the studies of corrosion
resistance of commercial purity pure Mg and various purities

Fig. 6 Mg–Fe-20 ppm Si phase diagram calculated with the Factsage
software

Fig. 7 Average corrosion rates of pure Mg specimens prepared by
different processing routes and microstructures of each specimen
observed by OM
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Mg alloys will be carried out in terms of impurity control
according to the processing history, for the broad applica-
bility of the present results.

Conclusions

In this study, the corrosion rates of pure Mg specimens
prepared by various processing routes were measured by
immersion test and compared. The as-cast specimen showed
a much slower corrosion rate than those of specimens pre-
pared by other processing routes. The difference in corrosion
rate according to the processing route resulted from the
microstructural change. Fe existed as supersaturated solid
solution in as-cast specimen while Fe was precipitated with
Si as Fe–Si phase particle during homogenization heat
treatment and then remained as second phase particle in
as-extruded specimen and annealed specimen after extru-
sion. The micro-galvanic corrosion occurred due to the
potential difference between the Mg matrix and the Fe–Si
phase particle, which resulted in fast corrosion rate. In order
to evaluate the effect of impurities on the corrosion behavior
of Mg-based material, the processing route and the interac-
tion with other elements should be considered.
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Design of the Magnesium Composite
with High Corrosion Resistance and High
Deformability

Yue-Cun Wang, Bo-Yu Liu, and Zhi-Wei Shan

Abstract
Magnesium is one of the most promising lightweight
materials. However, its competitiveness has been severely
reduced by the poor corrosion resistance, low strength,
poor deformability, and formability. Here, we propose to
design a novel magnesium-based composite prepared by
the powder metallurgy using the magnesium nanoparti-
cles with a MgCO3 protective layer, which can be
obtained via the transformation from the native or
corroded surface at room temperature and may effectively
improve the anti-corrosion as well as deformability of
submicron-scale magnesium.

Keywords
Magnesium carbonate � Anti-corrosion � Plasticity

Introduction

Magnesium has been widely recognized as one of the most
potential lightweighting materials and is desirable in appli-
cations ranging from automotive, 3C products, air/space
industry etc. [1–3]. However, the lightest structural metal
suffers from some intrinsic issues, such as the poor corrosion
resistance, low strength, poor room temperature deforma-
bility and formability. One primary reason for the inadequate
corrosion resistance of magnesium is that the native surface
film formed in the air mainly consists of Mg(OH)2 and MgO,
which is porous and unprotective, especially in the humid
environment [4, 5]. Therefore, one of the widely applied
strategies in industry to protect magnesium based materials

from corrosion is to create a surface coating, as a barrier
to isolate Mg metal from the external environmental attack
[6, 7]. Nevertheless, most of the coatings have little to do
with improving the ductility and strength of magnesium, or
even deteriorate the mechanical property of magnesium
surface [8]. Recently, the nanoscale magnesium carbonate
(MgCO3) layer on magnesium surface has been found that it
can effectively improve the anti-corrosion performance of
magnesium alloys, and meanwhile this protective layer can
elevate the yield stress, suppress plastic instability and pro-
long compressive strains without cracking or peeling off
from the surface of the small-sized magnesium [9]. Inspired
by this finding, we propose to design a novel magnesium
composite composed of the magnesium nanoparticles with
the thin MgCO3 layer on individual nanoparticles. The
composite is expected to have good corrosion resistance,
improved deformability and strength.

Experimental

Observation of the reaction process of Mg oxide or
hydroxide with CO2 at room temperature was conducted by
the environmental transmission electron microscope
(E-TEM, Hitachi H9500). The carbonation was done after
the 20 min exposure to the 300 keV, 0.1 A/cm2 electron
beam irradiation in 4 Pa CO2 atmosphere. The Mg alloy
micropillar was firstly fabricated via the focused ion beam
milling and then immersed in deionized water for about
1 min, after which the fluffy corroded surface mainly com-
posed of Mg hydroxide can be obtained.

Results and Discussion

In principle, MgCO3 can be obtained via the chemical
reaction, MgO + CO2 ! MgCO3, which usually occurs at
high temperatures of 400 °C or above [10]. We have found a
way to transform the magnesium oxide/hydroxide or the
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corroded surface into MgCO3 barrier layer, without extra
heating [9, 11]. Figure 1 shows the room temperature
transformation from aggregated flakes of nanoscale MgO
lamella into a piece of dense amorphous product, and the
Scanning TEM (STEM) energy disperse spectroscopy
(EDS) maps demonstrate that the product is the Mg
carbonate.

Not only the magnesium oxide but also the magnesium
hydroxide can react with the CO2 excited by the high-energy
electron beam. Figure 2a demonstrates the TEM image of
magnesium, which was pre-corroded in the deionized water
for 1 min and has the fluffy hydroxide corrosion product on

its surface. After the CO2 gas was flown into the environ-
mental TEM chamber, the fluffy Mg(OH)2 gradually shrank
around the pillar due to reaction with CO2. The reaction
product—MgCO3 wrapped around the metal, resulting in a
smooth surface (Fig. 2b–c). Our preliminary work has tes-
tified the protective effect of the MgCO3 layer as the
anti-corrosion barrier in aqueous environments [9]. How-
ever, being a ceramic material, bulk MgCO3 is intrinsically
brittle, and how about the deformation behavior of its
nanoscale counterpart?

The amorphous MgCO3 transformed from the carbona-
tion of magnesium oxide was bridge tangled between two
broken parts of the supporting holey carbon film deposited
on the copper TEM grid. Under electron beam irradiation, a
pulling force was generated when the carbon film is being

Fig. 1 a TEM image and diffraction pattern of MgO crystal flakes.
b After the 20 min exposure to the electron beam irradiation in 4 Pa
CO2 atmosphere, the MgO flakes were transformed into a piece of
amorphous product with many bubbles. c STEM EDS maps showing
the elements distribution of Mg, C and O in the product

Fig. 2 In situ transformation from the fluffy hydroxide corroded
surface of a ZK60 Mg pillar into a compact MgCO3 barrier layer in
4 Pa CO2 with the electron beam irradiation
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illuminated and the in situ tensile deformation was captured.
Figure 3a–d show the superplastic flow experienced by
MgCO3 during the tensile deformation. Noted that the
nano-bubbles in MgCO3 are the unescaped CO2 gas during
reaction. The superplastic MgCO3 layer on magnesium
surface has been found to be able to elevate the yield stress,
suppress plastic instability and prolong compressive strains
without peeling off from the submicron-scale magnesium
metal substrate [9].

Besides the expensive high-energy electron beam, CO2

gas can also be excited by the dielectric discharge or glow
discharge as well, existing in the non-thermal plasma state,
and react with magnesium oxide or hydroxide without extra
heating [9, 11, 12]. This inspires us to scale up our findings
inside TEM for designing a bulk magnesium based material
with good comprehensive performances, such as the high
corrosion resistance, high strength, and deformability.
Figure 4 shows the design idea schematically. First, the
magnesium nanoparticles with the air-formed oxide/
hydroxide film are treated in the non-thermal CO2 plasma

(carbonation process), after which the nanoparticles are
magnesium carbonate coated. The magnesium nanoparticles
can be synthesized by cryomilling [13], and the average size
of magnesium nanoparticles should be 100 nm or below,
since it was reported that the small dimensions lead to high
strengths and more uniform deformation of magnesium by
promoting the latent hardening and dislocation storage,
resulting in high ductility [14]. Secondly, consolidating
magnesium nanoparticles with MgCO3 coating. Spark
plasma sintering (SPS), which has been proved to be able to
effectively sinter nanoparticles into a dense bulk at low
temperatures very quickly with the preservation of the
nanocrystalline microstructure [15], can be used for the
consolidation. The core of this technique is considerable
electric currents and the uniaxial pressure loading at the
same time [16].

Turing the brittle native magnesium oxide into the ductile
amorphous MgCO3 on magnesium surface is expected to
inhibit the embrittlement of the powder metallurgy magne-
sium caused by the inevitable oxide introduction [17].

Fig. 3 Uniaxial tension of the
amorphous magnesium carbonate
transformed from the hydroxide
corrosion product inside TEM
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Summary

Via carbonation of the air-formed porous oxide/hydroxide
film or hydrate corrosion products on magnesium at room
temperature, a compact amorphous MgCO3 layer, which
demonstrates the incredible plastic deformability and can
well protect the magnesium substrate free from the aqueous
corrosion, has been obtained. Inspired by this, we propose to
design a powder metallurgy magnesium composite by con-
solidating the magnesium nanoparticles with the nanoscale
MgCO3 coating. The novel magnesium based composite is
expected to be corrosion resistant and meanwhile have
improved strength and good deformability.
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Advanced Immersion Testing of Model
Mg-Alloys for Biomedical Applications

Dmytro Orlov, Bastien Reinwalt, Ilyes Tayeb-Bey, Lars Wadsö,
Jelena Horky, Andrea Ojdanic, Erhard Schafler,
and Michael Zehetbauer

Abstract
The acceleration of developing magnesium alloys for
biomedicine requires the advancement of experimental
methods evaluating their performance. We have been
developing an advanced immersion testing method for the
assessment of biomedical Mg alloy degradation in
aqueous environments. It is based on the combination
of isothermal calorimetry with pressure measurement in
the reaction cell. Such a combination allows in situ
quantitative analysis of chemical reactions based on
both the enthalpy (heat) of the process itself and hydrogen
gas generated as one of the reaction products. Here, we

analyze the evolution of the degradation rate of a ternary
Mg–5.0Zn–0.3Ca intended for biomedical applications
and two model binary Mg–5.0Zn and Mg–0.3Ca alloys
(in as-cast and solutionized states) in 0.9% NaCl water
solution and a simulated body fluid (SBF). The results
obtained using the novel method are critically compared
to more traditional immersion testing with hydrogen
collection.

Keywords
Magnesium alloys � Degradation � Immersion
testing � Isothermal calorimetry � Pressure
measurements

Introduction

Although applications of magnesium (Mg) and its alloys
continue growing in interest as the lightest structural metal,
their practical utilisation is still restricted largely due to high
corrosion rate [1, 2]. The later has been the subject of many
studies on both the fundamental understanding ofmechanisms
and the applied aspects of protection. Nevertheless, the pro-
cess is still not well understood, nor is the problem mitigated,
because of its complexity as well as dynamic nature and heavy
dependence on local fluctuations of thermal and electro-
chemical variables [2]. This situation is even more complex in
biomedical applications when Mg alloy implants work in
dynamically changing environment, while having to degrade
homogeneously at a well predictable rate [3, 4].

The recent literature surveys on progress in Mg alloy
corrosion [1, 2] suggest the development of new experi-
mental techniques for multimodal correlative assessment of
Mg corrosion in order to understand the process, and hence
to find the best ways to control it. Our further literature
survey also revealed that authors typically have a perfect
notion of the thermodynamics in Mg corrosion process and
start their analysis from respective descriptions. However,
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afterwards the focus shifts to the electrochemical aspects of
the process that fulfil the thermodynamics, but the later
becomes omitted in the direct discussion of results. This
most likely takes place because of difficulties in the direct
measurements of respective thermodynamic characteristics.
Instead, the discussions are usually focused on the electro-
chemistry of the process, characteristics of which can be
directly measured by well-established experimental meth-
ods. However, electrochemistry-based techniques have their
own deficiencies that limit full understanding of corrosion
process.

Over the past several years, we have been developing in
Lund University a new instrumentation based on isothermal
calorimetry [5, 6], which allows the analysis of thermody-
namics in Mg corrosion process based on the direct mea-
surements of heat production rate (thermal power). The
calorimetric measurements are combined with pressure
measurements to detect the evolution of hydrogen in the
course of chemical reactions. The measured thermal power
P (W) is then used to calculate the process enthalpy
DH (J/mol) from the rate of a process dn/dt (mol/s)
according to the equation DH ¼ P= dn=dtð Þ where n (mol) is
the amount of material degraded over time t. In deriving this
equation, we assumed the activity of a single process, while
it can also be used for evaluating the combined effect of
several activities in more complex processes in practice.

In this work, we present our recent results on the appli-
cation of the newly developed instrumentation to the anal-
ysis of degradation rate in a ternary Mg–5.0Zn–0.3Ca alloy
intended for biomedical applications and two model binary
Mg–5.0Zn and Mg–0.3Ca alloys (in as-cast and solutionized
states) in 0.9% NaCl water solution and a simulated body
fluid (SBF). In parallel, we carried out similar tests on the
same materials using more traditional ‘standard’ immersion
testing technique with corrosion rates calculated from
hydrogen collection. The results obtained using the novel
method are critically compared to the standard immersion
testing with hydrogen collection.

Materials and Methods

A ternary alloy Mg–5.0Zn–0.3Ca (hereafter referred to as
ZX50) intended for bio-medical applications, and two model
binary Mg–5.0Zn and Mg–0.3Ca alloys (hereafter referred to
as Z5 and X0, respectively) were used in this study. All the
compositions are given in weight percent (wt%). The ma-
terials were die-cast at the LKR Leichtmetallkompe-
tenzzentrum Ranshofen, a subsidiary of Austrian Institute of
Technology, Austria. One set of samples for testing was kept

in the as-cast condition, while another one was solution
treated for 12 h at 350 °C (Z5) or for 24 h at 450 °C (X0
and XZ50) and quenched in ice water to room temperature to
achieve super-saturated solid solution (SSSS) states. Speci-
mens for testing were cut using a diamond-wire saw and
ground on SiC paper in several steps down to grit 2000 in
water-free environment. For standard immersion testing,
disk-shaped specimens with diameter 10 mm � 1 mm
thickness were used, while square specimens 9 mm � 9
mm � 1 mm of approximately the same total surface area
(3.5–4.2 cm2) were used for isothermal calorimetry testing.
The last step of grinding and washing specimens in ethanol
were carried out immediately before the immersion testing.

The majority of tests was carried out in a simulated body
fluid according to a compositions for m-SBF and SBF27
suggested in [7] and [8], respectively, buffered with HEPES
(or TRIS), and NaOH (or HCl) was used to control pH =
7.35 (at 37 °C). As a reference, a mild electrolyte made of
0.9wt% NaCl solution in de-ionized H2O was also used in
the present study for the immersion testing by isothermal
calorimetry. This is a physiological serum typically used
in biomedicine, even though its Cl− concentration
(154 mmol/L) does not exactly match that in human blood
plasma (103 mmol/L) [7].

In the standard immersion testing, see Fig. 1, at least four
specimenswere examined for each alloy.At least two testswere
performed in parallel for each material and condition, and two
specimenswere tested (immersed) together in 250 ml of SBF to
improve the accuracy of experiments. The tests were running
for up to 21 days at 37 °C, andSBFsolutionwas changed every
7 days. The amount of hydrogen gas evolving from the corro-
sion process was determined regularly, at least every 4 h. To
calculate the corrosion rate, the volume of hydrogen gas was
normalized by the initial sample surface area and a numerical
derivation was applied. Then the curves were smoothened by a
moving average algorithm and an average of at least two
independent measurements was calculated.

The calorimetric measurements were also carried out for
at least four specimens in parallel at 37 °C in a modified
TAM Air calorimeter (Thermometric, now TA Instruments)
by using custom-designed calorimetric vials that provide
capability for pressure measurements, as can be seen in
Fig. 2. The details of this setup were presented elsewhere [5,
6]. For the present work the setup was tailored slightly by
removing a syringe and having oversized buffer vial
(100 ml) for collecting the generated H2 gas. This minimized
the risk of leaks and made it possible to achieve accurate
data readings by keeping the pressure close to atmospheric
over the entire experiment time of at least 24 h. In the pre-
sent measurements, we used 17 ml of the electrolyte placed
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in 20 ml glass vials. During testing, the specimens were
placed in the center of the electrolyte volume, on the tip of a
plastic rod, fastened by a small amount of photopolymer
adhesive, as is shown in Fig. 2a.

Immediately after testing, the specimens were extracted
from the vials, quickly washed in deionized water and
ethanol, and finally dried gently in the stream of cold air.
After that, examination of corroded surfaces was carried out
using an optical microscope.

Results and Discussion

The results of immersion testing for the initial 24 h of
measurements are presented in Fig. 3. The data from
isothermal calorimetry measurements are presented as dotted
lines while those from the standard immersion testing are
shown as oversized dots.

Fig. 1 A schematic of one cell for immersion testing with the collection of hydrogen gas (a), and a photograph of eight cells assembled in an
experimental instrument with thermostating (b). SBF in (a) states for simulated body fluid, see text for further details (Colours online)

(a) (b)

Fig. 2 A schematic of one isothermal heat conduction calorimeter cell
(a) and a photograph of eight cells assembled in an experimental
instrument (b). The dashed line in (a) is the extent of the
temperature-controlled environment: S and R are the sample and the
reference parts of the cell; the thick black and the dark gray parts are

the Peltier heat sensor and the calorimeter heat sink, respectively; the
black lines are stainless steel tubes connected to the oversized gas
collection buffer and the pressure sensor P; Mg is the magnesium alloy
specimen submerged on an inert polymer pin holder in a test fluid
inside a glass vial (Colours online)
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First of all, a very good consistency in the results between
the two different methods can be seen in Fig. 3a–c for both
qualitative trends and quantitative values for all the three Mg
alloys, especially at the later stages of 24-h measurements.
The small variation between the data are within the experi-
mental error. The significant scattering of data within
the initial 2 h (up to 6 h in the case of Z5) in the
calorimeter-based measurements can be attributed to the
stabilization of heat flow and initial reactions on the Mg
surfaces slightly affected by ambient-air corrosion. Such a
scattering is not visible in the standard immersion setup due

to lower data acquisition rate leading to higher averaging, or
smoothing, of the results. It can also be seen in Fig. 3a–c
that the corrosion rate of all the alloys tested in SBF quickly
reduces from approximately 25 mm/y down to less than
2 mm/y within the first 24 h following an exponential trend.

In the X0 alloy, Fig. 3a, the exponential trend does not
depend on the precipitate state, i.e. curves for the material in
the as-cast and the SSSS conditions overlap almost perfectly
with corrosion rates decreasing from approximately
15 mm/y after 2 h down to 2.3 mm/y and 1.7 mm/y,
respectively, after 24 h. Such dependencies hold for both the
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isothermal calorimetry and the standard immersion testing
while the latter shows slightly higher rates including
3.0 mm/y for the as-cast and 2.5 mm/y for the SSSS con-
ditions after 24 h. The as-cast alloy tested in NaCl solution
shows a similar trend but lower rates from 3 mm/y after 2 h
slowly decreasing down to 1.3 mm/y until approximately
20 h, and then staying at that level until the end of
experiment.

In the Z5 alloy, Fig. 3b, the trends of testing in SBF are
similar while the as-cast condition reveals slightly higher
rates compared to SSSS that decrease from 15 mm/y to
10 mm/y after 2 h down to 2.9 mm/y and 1.4 mm/y after
24 h, respectively. The standard long-term tests demonstrate
similar dependencies with the corrosion rates after 24 h
being 1.4 mm/y with very large deviation for the as-cast and
0.6 mm/y for the SSSS conditions. It is interesting to note
that the as-cast Z5 alloy tested in NaCl solution shows a
completely different trend. From relatively low values of
2.2 mm/y at the measurements stabilization after 6 h, the
corrosion rate increases to approximately 4.7 mm/y after
24 h.

The ZX50 alloy, Fig. 3c, demonstrates trends very simi-
lar to the alloy Z5 at slightly lower absolute values. The
differences in corrosion rates between the as-cast and the
SSSS condition are less, while after 24 h testing in SBF they
are 2.1 mm/y and 1.4 mm/y for the as-cast and the SSSS
conditions, respectively, in the isothermal calorimetry mea-
surements, and 0.4 mm/y and 1.9 mm/y in the standard
immersion tests. The corrosion rate of the as-cast ZX50 alloy
tested in the NaCl solution increases from 0.5 mm/y after
2 h up to 1.9 mm/y after 24 h.

The evolution of corrosion rates beyond 24 h is presented
in Fig. 4g along with the photographs showing the appear-
ances of degraded specimens at the end of 21-day exposure

during the standard immersion testing, Fig. 4a–f. It can be
seen that the trends set within the initial 24 h in general hold
until the end of 21-day testing. The two sharp rises of cor-
rosion rates in almost all the samples at day 7 and day 14
followed by gradual decays are associated with the change
(refreshment) of electrolyte on these days.

In the case of alloy X0, corrosion rates in both the as-cast
and the SSSS microstructure conditions appear at the same
very low level within the first 7 days of exposure. However,
the change of solution leads to a significantly higher increase
of corrosion rate in the as-cast sample. This holds in both the
changes at day 7 and day 14, and therefore can be associated
with the more stable/protective film from degradation
products forming on the SSSS sample surface. This specu-
lation is supported by the photographs in Fig. 4 revealing a
somewhat transparent corrosion film on significantly dis-
torted as-cast X0 sample surface (Fig. 4a), and a dense white
non-transparent film on well preserved SSSS X0 sample
(Fig. 4b). The rates of corrosion at the end of testing of the
as-cast and the SSSS X0 samples were 0.95 mm/y and
0.80 mm/y, respectively.

Alloy Z5 demonstrates significantly higher corrosion
rates over the entire testing period as well as different trends.
The as-cast sample seems to be sensitive to the changes of
SBF, while the SSSS is not. After having similar corrosion
rates towards the end of day 1, the values diverge afterwards.
In the as-cast sample they increase to approximately 2 mm/y
and stay at this level, except for spikes and decays at around
days 7–10 and 14–17 associated with the change of SBF. By
contrast, the corrosion rate of the SSSS sample after day 1
decreases further to the level of alloy X0 and remains such
until day 7. Afterwards, it starts increasing gradually and
after day 10 it levels out at the same values as the as-cast
sample. After day 14, the corrosion rate increases slightly

0

5

10

15

20

25

0 5 10 15 20

Co
rr

os
io

n 
ra

te
 (m

m
/y

ea
r)

Time (days)

X0 - As-Cast (SBF, long-term)

X0 - SSSS  (SBF, long-term)

Z5 - As-Cast (SBF, long-term)

Z5 - SSSS  (SBF, long-term)

ZX50 - As-Cast (SBF, long-term)

ZX50 - SSSS  (SBF, long-term)

X0 Z5 ZX50

As-Cast
(SBF)

SSSS
(SBF)

(a)

(b)

(c)

(d)

(e)

(f)

(g)
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renewed every 7 days leading to a rapid increase in corrosion rates
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again until day 15, and then slowly decreases until the end of
the test still staying at the level somewhat higher than the
as-cast sample. The last decrease of corrosion rate in the
SSSS and the as-cast samples can be associated with the
reduction of total surface areas due to the consumption of
significant material volumes during the degradation. The
evidence of this can be found in the photographs of Fig. 4c
and d revealing the irregular shapes of semi-degraded sam-
ples. The rates of corrosion at the end of testing of the as-cast
and the SSSS Z5 samples were 1.0 mm/y and 1.3 mm/y,
respectively, with large standard deviations. The latter as
well as the higher absolute value in the SSSS sample can be
associated with the irregular shapes of specimens and large
remaining SSSS sample volume (higher total surface area) at
that stage.

In comparison with the already described cases, the
evolution of corrosion rates in the ZX50 samples demon-
strates a kind of mixed trends and absolute values. Both the
as-cast and the SSSS samples have rather high sensitivity to
the changes of SBF. Corrosion rates in both the material
conditions converge to approximately 2.6 mm/y in the
middle of day 1 and continue decreasing at different rates.
The latter sample then saturates at approximately
1.75 mm/y, and stays at this level, except the spikes and
decays at around days 7–10 and 14–17 caused by the
changes of SBF, and a decrease in rate after day 18 because
of the reduction of total sample area. In the case of the
as-cast sample, the corrosion rate reaches its minimum of
0.2 mm/y after day 2, increases to 0.76 mm/y within the
following day, and stays at this level until day 5. Afterwards,
it increases rapidly and stabilizes at 4.5 mm/y level at day
10, remains stable until the second change of SBF, decreases
again to a stable level of 3.8 mm/y between days 17–18, and
continues decreasing rapidly afterwards. The rates of cor-
rosion at the end of testing of the as-cast and the SSSS ZX50
samples were 1.9 mm/y and 1.4 mm/y, respectively, also
with large values of standard deviations. The latter can be
explained by the irregular shapes of specimens at that stage.
As can be seen in Fig. 4e, f, the as-cast specimen degrades
almost entirely while the SSSS one is severely degraded and
still has a thin-layer coverage by the degradation products.

For the understanding of enthalpy evolutions in Fig. 3d,
f, let us first review the most important chemical reactions
expected in this case along with their enthalpies of formation
DH. According to a review by Song [2], the most stable
product of Mg degradation in aqueous media is magnesium
hydroxide Mg(OH)2, which can be formed in a single-step
reaction:

Mg sð Þþ 2H2O lð Þ ! Mg OHð Þ2 sð ÞþH2 gð Þ;
DH ¼ �353:00 kJ/mol:

ð1Þ

Magnesium hydroxide may also form in a two-step
reaction with intermediate magnesium oxide formation:

Mg sð ÞþH2O lð Þ ! MgO aq/sð ÞþH2 aq/gð Þ;
DH ¼ �315:41 kJ/mol;

ð2Þ

MgO aq/sð ÞþH2O lð Þ ! Mg OHð Þ2 aq/sð Þ;
DH ¼ �37:6 kJ/mol;

ð3Þ

or another two-step reaction involving solutioning and pre-
cipitation of Mg2+ and OH– ions:

Mg sð Þþ 2H2O lð Þ ! Mg2þ aqð Þþ 2OH� aqð ÞþH2 gð Þ;
DH ¼ �355:19 kJ/mol;

ð4Þ

Mg2þ aqð Þþ 2OH� aqð Þ ! Mg OHð Þ2 sð Þ;
DH ¼ �2:19 kJ/mol:

ð5Þ

In addition to these, other oxides and hydroxides may
form in Mg alloys, i.e. those of Ca and Zn in our case.
Furthermore, a spectrum of other compounds may form
including carbonates, phosphates, hydrates, etc. when testing
in more complex media such as simulated body fluids, for
instance. The complete list will not be presented here (this
can be found elsewhere, e.g. [3, 7]), neither their enthalpies
calculated. We can just note that their reactions of formation
will affect the heat generated or consumed and thus detected
in our experiments.

Let us start the analysis of our data from the experiments
in NaCl solution since they are easier to understand. The
stages of enthalpy evolutions on the time scale correlate
rather well with the pressure measurements. In the case of
alloy X0, Fig. 3d, the reliable readings begin after 2 h at the
level 350–400 kJ/mol. The enthalpy remains at this level for
approximately another 3 h, then grows steadily until hour
19, and then saturates at this level until the end of experi-
ment. The initial measured enthalpy level correlates well
with the enthalpy of Mg dissolution and water reduction, i.e.
the formation of Mg2+ and OH− ions dissolving in the sur-
rounding fluid. The following increase in measured enthalpy
levels might be associated with the saturation of working
media with the ions, the beginning of their precipitation into
Mg(OH)2, and the increasing rate of other compound for-
mation, e.g. MgO. The levelling of enthalpy growth at
600 kJ/mol level after 19 h of exposure may correspond to a
steadily propagating corrosion reaction. Both samples tested
in SBF demonstrate a very short ‘initiation’ stage and steady
enthalpy growth up to approximately 12 h. Afterwards, the
enthalpy of as-cast sample levels out at slightly below
500 kJ/mol level, while the SSSS sample continues the
growth at a lower rate than the sample in NaCl solution.
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Such behavior can be attributed to the fact that SBF is
already nearly saturated with various ions and needs little
time to complete the saturation process. The following lower
levels of enthalpy also indicate the progress of
lower-enthalpy reactions not available in the NaCl solution.

In the case of alloy Z5, Fig. 3e, the reliable readings of
enthalpy in NaCl solution testing start after 6 h at
500 kJ/mol level, which appears already saturated. After-
wards, the enthalpy shows significant variations along with a
slight decrease of mean value to approximately 425 kJ/mol
level. The immersion in SBF produces lower enthalpy values
in both sample conditions while increasing to a level of
400 kJ/mol after six hours. After that, the enthalpy values
show a significant decrease of the growth rate while the
amplitude of value variation is increased. In the SSSS
sample the latter is more stable until hour 18. Afterwards,
however, it varies significantly, which can be associated with
the fracture of degradation products and interplay of various
chemical reactions.

In the alloy ZX50 tested in NaCl solution, Fig. 3f, the
enthalpy level of 600 kJ/mol is very high from the begin-
ning. Between hours 6–12, it decreases in absolute value
down to 500 kJ/mol and oscillates slightly around this level
until the end of the test. The enthalpies of testing in SBF start
at the same level as alloy X0 and proceed by trends similar
to those in the Z5 sample with lower amplitudes of variation.

Summarizing the above, it can be said that the elaborated
new instrumentation allows degradation rate measurements
very consistent with more traditional immersion testing. At
the same time, the combination of isothermal calorimetry
measurements giving direct information on corrosion pro-
cess thermodynamics, with pressure measurements giving
direct quantification of corrosion rate from hydrogen evo-
lution, can provide further insights into the degradation of
Mg alloys. The enthalpies calculated need to be investigated
further to assess, e.g., if the high values measured
(600 kJ/mol) are true, and to what exactly reactions they can
be attributed.

Out of the three materials investigated in this study, the
alloy X0 (Mg–0.3Ca) demonstrates the best corrosion
resistance (lowest degradation rates) in relatively aggressive
NaCl solution, and even more so in SBF. The corrosion
process takes place at rather low enthalpy intensity and H2

gas generation rate. The evolutions of these parameters in
time are rather stable, and are further improved through the
electrochemical homogenization of the material by solid
solution treatment, as can be seen from the formation of
thick oxide film on the sample surfaces. The Mg–5.0%Zn
alloy Z5 demonstrates the lowest corrosion resistance, which
can be attributed to the electrochemically heterogeneous

microstructure due to the high concentration of alloying
element. Solid-solution treatment improves the corrosion
resistance, but it still remains at a level significantly higher
than that of the alloy X0. The alloy ZX50 (Mg–5.0%Zn–
0.3Ca) demonstrates somewhat similar values in the
solution-treated condition. The measured enthalpies of ma-
terials’ degradation in SBF suggest parallel running of sev-
eral reactions that will be investigated in further studies.

Conclusions

In this work, the dependences of degradation rate on
chemical composition, microstructure state and corrosion
media were studied in a ternary Mg–5.0Zn–0.3Ca and two
binary Mg–5.0Zn and Mg–0.3Ca alloys. The latter alloy in
super-saturated solid solution state tested in SBF demon-
strates the highest corrosion resistance owing to the forma-
tion of a stable degradation film on its surface. The in-house
developed instrumentation based on the combination of
isothermal calorimetry and pressure measurements reveals
very good consistency with more traditional immersion
testing methods while giving further insights in the process
from the thermodynamics perspective.
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Effect of 2 wt% Ag Addition on Corrosion
Properties of ZK40 for Biodegradable
Applications

M. AbdelGawad, B. Mansoor, M. W. Vaughan, and I. Karaman

Abstract
The antibacterial effects of silver make it an attractive
alloying element for biodegradable Mg alloys to treat
possible inflammation and infections caused by the
degrading orthopedic implants. In this study, as-extruded
Mg–4%Zn–0.5%Zr (ZK40) alloy was alloyed with Ag,
specifically 2 wt%, and subjected to a heat treatment at
350 °C for 7 days. The mechanical and corrosion
responses were studied in two orthogonal planes (trans-
verse and extrusion) before and after silver addition to
explore its potential for biodegradable orthopedic applica-
tions. Corrosion characteristics were assessed at 37 °C in
Hank’s solution for 24 h via electrochemical impedance
spectroscopy (EIS), potentiodynamic polarization (PD)
and open circuit potential (OCP). As-extruded and
heat-treated ZK40 alloy displayed an inhomogeneous
microstructure containing large, coarse grains, Zn–Zr rich
secondary phase and some fine grain regions. While in
ZK40–Ag, both planes showed a relatively more homoge-
nous microstructure but with some agglomeration of Zn–
Ag rich secondary phases. Here, we present our initial
results on the different corrosion behaviors observed in the
two materials.

Keywords
Mg alloys� Biodegradation � EIS�Microstructure �
Silver

Introduction

Temporary orthopedic implants are designed to restore the
functionality of fractured load-bearing joints and bones by
providing temporary support during the healing process.
Biodegradable implants have attracted attention for decades
now due to their superiority over permanent implants where
they are able to sustain the joint/bone for the required
duration and then progressively degrade afterwards. This
eliminates the need for a second removal surgery which is
inevitable when using permanent implants. Furthermore,
permanent implants are associated with several lifelong
problems such as prolonged physical irritation, chronic
inflammation and endothelial dysfunction [1, 2]. Magnesium
(Mg) alloys have proven to be promising candidates
exhibiting excellent biocompatibility due to the presence of
Mg which is an essential element in bone and soft tissue [3].
In addition, Mg and its alloys have elastic moduli (37.5–65
GPa) similar to that of the human bone (3–20 GPa) pre-
venting the possibility of mechanical failure of the implant
due to stress shielding or implant loosening [4]. Research
has shown successful in vivo testing, in addition to clinical
trials, where Mg-based implants helped stimulate the for-
mation of new bone around the implantation site [3, 5, 6].

Biodegradable implants are designed to maintain their
mechanical integrity while fulfilling their intended function.
A major drawback that still prevents the commercialization
of Mg-based orthopedic implants is their rapid degradation
specifically at the early implantation stages where degrada-
tion is usually the fastest [6]. Uncontrollable degradation can
lead to failure of the implant before the bone is completely
healed as well as the excessive release of metallic ions
beyond their toxicity limits [1]. Consequently, numerous
design strategies have been proposed to develop biocom-
patible Mg alloys with sufficient strength and controllable
corrosion characteristics [1, 4, 7, 8].

Most of the Mg alloys reported are based on commercial
Mg alloys that were primarily developed for the
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transportation and aerospace industry since they usually
satisfy the required mechanical strength. Solution strength-
ening, grain size control and, precipitation hardening are all
methods used on these commercially available alloys to
tailor their corrosion behavior. In addition, efforts have been
made to improve their mechanical and corrosion behavior
through micro-alloying, heat treatments and/or severe plastic
deformation [9–14]. Mg–Zn alloys have been studied
extensively for biomedical applications since the two main
constituents are Mg and Zinc (Zn) which are both essential
nutrients for the human body and therefore biocompatible
[15–20]. Chen et al. conducted in vitro and in vivo tests on
Mg–Zn alloy using mouse pre-osteoblastic MC3T3-E1 cells
and compared it with polymer poly-l-lactic acid (PLLA)
implant and concluded that Mg–Zn alloy allowed for better
cell attachment and mineralization as well as new bone
formation [21]. In addition, previous work has been done by
the authors using commercial Mg–Zn alloy with rare earth
addition (ZE41 and EZ33) where their biodegradation
characteristics were studied in Hank’s solution and NaCl
[22, 23]. In an attempt to investigate different alloying sys-
tems, Mg–Zn–Zr alloys (ZK series) were considered for this
study since they are also potential candidates as biomaterials
considering that Zirconium (Zr) is also a biocompatible
element that is non-toxic to the human body in small
amounts [24]. Furthermore, Zr is known to be an excellent
grain refiner in Mg alloys and has been shown to improve its
corrosion resistance when alloyed in small amounts <0.5 wt
% [25].

On the other hand, Ag is known to have superior
antibacterial effects and can be effective on some antibiotic-
resilient microbes such as Methicillin-resistant Staphylo-
coccus aureus (MRSA) [26]. Tie et al. developed three
binary Mg–X Ag alloys (where X = 2, 4 and 6 wt%) and
studied their mechanical and corrosion characteristics, as
well in vitro cytocompatibility [26]. It was concluded that
Ag improved the mechanical strength of Mg and that
although the corrosion rate of the Mg increased with
increasing addition of Ag, the susceptibility of Mg to pitting
corrosion decreased. Localized corrosion has been reported
to be more critical than uniform corrosion to the mechanical
integrity of biodegradable materials owing to the accelerated
loss of mechanical strength within a short period of time
[27]. Furthermore, Ben-Hamu et al. studied the corrosion
behavior and microstructural evolution of Mg–Zn–Ag alloys
by varying the concentration of Ag between 0, 1, 2 and 3 wt

%Ag [28]. It was reported that the increasing addition of Ag
resulted in an increased refinement of the grains and an
increase in the hardness. However, an improvement in cor-
rosion resistance was only witnessed when the Ag addition
was up to 2 wt%Ag.

In this preliminary work, as-extruded ZK40 (Mg 95.0 wt
%, Zn 4.5 wt%, Zr 0.5 wt%) was selected as a base material
to investigate the effect of 2 wt% Ag addition (ZK40–Ag) on
its mechanical properties and in vitro corrosion characteris-
tics using Hank’s solution at 37 °C. Microstructural analysis
was performed on the as-extruded alloys before and after
suitable heat-treatments. Mechanical testing was carried out
by way of compression tests and Vicker’s microhardness
while corrosion response was accessed by employing elec-
trochemical techniques such as Open Circuit Potential
(OCP), Electrochemical Impedance Spectroscopy (EIS) and
Potentiodynamic Polarization (PD).

Experimental Methods

Materials

ZK40 and ZK40–Ag ingots were produced by gravity die
casting under argon atmosphere. Table 1 shows the wt%
nominal chemical composition of both alloys. First, com-
mercially obtained ZK40 and Ag were melted at 750 °C in a
steel crucible and held for 30 min with continuous stirring
and later cast into billets. The cast ingots were hot extruded
with an extrusion ratio of 15.6 using a die heated at 350 °C
to produce 27.5 mm � 27.5 mm square cross-section bil-
lets. In an attempt to solutionize the as-extruded billets and
homogenize the grain structure, a long duration heat treat-
ment of 350 °C for 7 days in Argon atmosphere was
performed.

Microstructure

Microstructures of the as-extruded and solution-treated billets
were observed using optical microscopy. EDM machined,
disc-shaped sampleswith*1.7 cm2 cross-sectional areawere
mounted in cold-curing epoxy resin and grinded using silicon
carbide paper up to 1200 grit. Polishing of the samples was
done using 3 µm and 1 µm diamond suspensions. The pol-
ished surfaces were washed with ethanol and dried with air.

Table 1 The nominal wt%
chemical compositions of ZK40
and ZK40–Ag

Composition (wt%)

Alloy Zinc Zirconium Silver Manganese Calcium Magnesium

ZK40 4.7 0.35 <0.01 0.01 N/A Remainder

ZK40–Ag 4.89 0.18 2.56 0.01 0.01 Remainder
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Specimens were etched using acetic-picral solution (4.2 g
picric acid, 70 ml ethanol, 10 ml acetic acid and 10 ml dis-
tilled water).

Mechanical Properties

Cylindrical samples of 3 mm diameter and 6 mm in length
were used for compression testing. Tests were performed at
ambient temperature and conducted at an initial strain rate of
10−3/s using electromechanical MTS Insight 30 kN
machine. The load cell used was 5 kN and testing was done
in triplicates. Vickers micro-hardness tests were conducted
as well with a load of 100 gf and a dwell time of 15 s.

Electrochemical Tests

Electrochemical tests were conducted using a Gamry Mul-
tiport™ three-electrode cell: the sample acted as the working
electrode, a graphite rod was used as a counter-electrode and
Ag/AgCl as a reference electrode. Similar samples to those
used for microstructural analysis were used for EIS, however
the samples were grinded up to 800 SiC grit on all sides
before mounting. This is to prevent crevice corrosion
occurring between the sample and the epoxy. Prior to
mounting as well, an insulated wire was attached to the back
of the specimen to provide the electrical connection to per-
form the electrochemical testing. One surface of the sample
was exposed by grinding up to 1200 SiC and then immersed

into 1000 ml of Hank’s solution at 37 °C. The pH of the
solution was maintained at 7.4 using 0.1 M HEPES [4-
(2-hydroxyethyl)-1-piperazineethanesulfonic acid] buffering
solution. The experiments were conducted for a total of 24 h
using Electrochemical Impedance Spectroscopy (EIS) by
sweeping the frequency between 105 and 10−2 Hz at 10 mV
AC amplitude. Open circuit potential (OCP) was measured
in parallel with EIS at different time points to observe the
change in corrosion behavior with respect to time. Poten-
tiodynamic polarization (PD) was also carried out at the end
of the testing period at a scanning rate of 1 mV/s from −2.5
to +0.5 V.

Results and Discussion

Microstructure Analysis

Figure 1 shows optical micrographs of ZK40 before and
after heat treatment at 350 °C for 7 days along two
orthogonal planes i.e. transverse plane (TP) and extrusion
plane (EP). In the as-extruded ZK40, the microstructure
along transverse plane is similar to what has been observed
in other extruded Mg alloys [29–31]. The as-extruded mi-
crostructure contains long, elongated grains (LEG) oriented
along the extrusion direction, in addition to two other types
of grains: fine equiaxed grains (FEG) and row stacked grains
(RSG) that can also be observed. Azeem et al. and others
have reported that among these three types of grains, LEGs
are reminiscent of the as-cast microstructure and FEGs are

Fig. 1 Microstructure of the two
orthogonal planes for ZK40
before and after heat treatment
(TP—Transverse Plane and EP—
Extrusion Plane)
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dynamically recrystallized grains (DRX), while RSGs are
misaligned grains that have undergone DRX but at a lower
rate due to their misalignment [32]. Aligned grains are those
that have their basal plane aligned with the extrusion
direction, which is one of the most common slip systems for
deformation in Mg [33]. The plastic energy stored in mis-
aligned grains is lower than that of the aligned grains,
therefore they recrystallize at a lower rate resulting in bands
of large recrystallized grains stacked in a row-like structure
[32].

Apart from the Mg matrix, the presence of other Zn–Zr
rich phases in the microstructure seen as dark streaks along
the extrusion direction was confirmed by a preliminary
Energy Dispersive X-ray Spectroscopy (EDX) analysis
(Fig. 2). After heat treatment, the LEGs recrystallize but
thinner LEGs are still observed throughout the microstruc-
ture. Also, some reduction in the distribution of Zn–Zr rich
phases is seen, however, the long-duration heat treat regime
did not fully solutionize them. Furthermore, an overall
homogenization of the grain structure is observed as well as
an increase in the grain size of FEGs.

In case of the extrusion plane of ZK40 (Fig. 1), the grain
morphologies that were observed in the transverse plane are
not easily distinguishable. Some LEGs are visible as large
grains and swirling outlines of Zn–Zr-rich phases are
observed along the LEG grain boundaries as well as dark
particles within the grains. FEGs are seen as small, fine
equiaxed grains while RSGs are shown as coarser grains,
both smaller in grain size than LEGs. Post-heat treatment,
the decrease in volume fraction of Zn–Zr rich phases are
apparent and grain sizes seem to have homogenized and
increased due to static recrystallizaion (RX), as seen in the
transverse plane.

Optical micrographs of ZK40–Ag before and after heat
treatment are shown in Fig. 3. Prior to the heat treatment, the

addition of 2 wt% Ag resulted in an increase in the volume
fraction of secondary phases as presented by the darker and
thicker streaks in the transverse plane which is reflected by
large, sized dark patches in the extrusion plane. Furthermore,
the composition of the secondary phases is altered, as shown
by EDX analysis in Fig. 4, and the grain structure is more
homogenous now with smaller, equiaxed grains which can
be observed in both planes. Ben-Hamu et al. reported similar
findings when 1, 2, and 3 wt% Ag was added to Mg–6Zn
alloy [28]. The smaller grain size in ZK40–Ag, compared to
ZK40, could be explained by the constricting of grain
growth and DRX that normally occur during extrusion as a
result of the increased volume fraction of the secondary
phases [34].

Similar to ZK40, heat treatment of the ZK40–Ag alloy
resulted in an agglomerated morphology of secondary phases
and an increase in grain size but the effect was significantly
more pronounced. The secondary phase agglomeration is
apparent in the transverse plane micrograph by the thicker,
more disperse dark streaks oriented along the extrusion
direction as opposed to the extrusion plane. From the
microstructures, in Figs. 1 and 3, it was concluded that the
main effect of Ag on microstructure was the aggregation of
secondary phases in addition to an increase in their volume
fraction. Furthermore, the grain size distribution was more
homogenous with Ag addition compared to the as-extruded
ZK40 condition.

Mechanical Properties

The mechanical properties of as-extruded and heat-treated
ZK40 and ZK40–Ag alloys were investigated through
microhardness measurements and compression tests (Figs. 5
and 6). It was observed that in ZK40, extrusion plane

Fig. 2 BSE micrograph of the
transverse plane and EDX
spectrum of as-extruded ZK40
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exhibited higher hardness than transverse plane while in
ZK40–Ag transverse plane exhibited higher hardness than
extrusion plane. Among the two alloys, ZK40–Ag displayed
higher microhardness than ZK40 in the transverse plane
while it displayed less hardness in the extrusion plane.
Mandal et al. reported that adding 0.1 at.% of Ag to Mg–
2.4Zn alloy resulted in an increase in hardness of about 20
HV for the as-cast homogenized condition, due to secondary
phase precipitation [35]. This is in agreement with the trend
observed in the transverse plane between ZK40 and ZK40–
Ag. However, the increase in HV was not as significant as
that reported by Mandal et al. which could be due to the
larger grain size observed in ZK40–Ag after solutionizing as

larger grain sizes tend to counteract the hardening benefits of
precipitates [28].

In contrast, the extrusion plane of ZK40–Ag displayed
less hardness than ZK40. It is worthwhile to note that
microhardness measurements were taken within the matrix
while excluding the precipitates. In an effort to investigate
the decrease in microhardness of ZK40–Ag, measurements
of the precipitates were taken and their average was found to
be 130 HV, which is more than double the hardness values
of the Mg matrix. Furthermore, since Ag resulted in the
aggregation of the secondary phases, particularly in the ex-
trusion plane, the volume fraction of secondary phases
within the matrix would be less. Therefore, a decrease in the

Fig. 4 BSE micrograph of the
transverse plane and EDX
spectrum of as-extruded ZK40–
Ag

Fig. 3 Microstructure of the two
orthogonal planes for ZK40–Ag
before and after heat treatment
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hardness of the matrix is perhaps expected. There may be
other factors that lead to this microhardness trend reversal in
ZK40–Ag compared to ZK40 such as Zn depletion of the
Mg matrix due to Ag-rich precipitates which is observed
while comparing the EDX spectrum of the matrices of both
alloys in Figs. 2 and 4.

Figure 6 shows the compression stress-strain curves of
ZK40 compared to ZK40–Ag along with the two orthogonal
directions, i.e., transverse and extrusion directions. In ZK40,
the ultimate compressive strength in the extrusion direction
was higher compared to the transverse direction with similar
ductility observed in both planes. Looking back at the
microstructures, the comparatively homogenized grain
structure and absence of LEGs in the extrusion plane led to
an increased compressive strength which was similar to the
microhardness results in Fig. 5. A similar trend was also

observed in the ZK40–Ag with the extrusion direction
showing higher values of compressive strength than the
transverse direction. Of all the directions tested, the highest
compressive strength was observed for ZK40–Ag in the
extrusion direction which is opposite to the trend observed in
the microhardness measurements (Fig. 5). The agglomera-
tion of the secondary phases as well as the depletion of Zn
into the matrix could explain why the overall hardness of the
ZK40–Ag was less in the extrusion plane but still had a
positive impact on the compressive strength of the alloy,
Further investigation is needed to fully understand the role of
secondary phases and grain structure on the mechanical
properties of both alloys.

Open Circuit Potential

The reactivity of a metal surface can be determined based
upon the open circuit potential (OCP) of the alloy through-
out the immersion time. The OCP of both alloys in the
transverse and extrusion planes is presented in Fig. 7. Both
orthogonal planes of ZK40 experienced a decrease in their
potential after their first few hours of immersion, while an
increase was observed towards the end of the 24 h. The OCP
for the extrusion plane specifically continued to increase
steadily after the small drop during the initial hours, which
implies that the surface film of the extrusion plane is able to
maintain its integrity throughout the testing period, although
it is at a lower potential than the transverse plane. ZK40–
Ag OCP curve shows a plateau which is at a more positive
potential than ZK40. This is expected since the addition of
Ag causes an increase in secondary phases and as reported

Fig. 5 Effect of Ag addition on Vicker’s microhardness of ZK40 in
the two orthogonal planes

0.0 0.1 0.2 0.3 0.4
0

50

100

150

200

250

300

350

400

450

500

C
om

pr
es

sio
n 

St
re

ss
 (M

Pa
)

Strain

 ZK40 TD
 ZK40-Ag TD
 ZK40 ED
 ZK40-Ag ED

Fig. 6 Stress–strain curves of ZK40 and ZK40–Ag at room temper-
ature under compressive loading applied along with the two orthogonal
directions (TD—Transverse Direction and ED—Extrusion Direction)

0 200 400 600 800 1000 1200 1400
-1775

-1750

-1725

-1700

-1675

-1650

-1625

-1600

-1575

-1550

Po
te

nt
ia

l,m
V

 (v
s A

g/
A

gC
l)

Time, min

 ZK40 TP
 ZK40-Ag TP
 ZK40 EP
 ZK40-Ag EP

Fig. 7 Open circuit potential (OCP) of ZK40 and ZK40–Ag at 37 °C
throughout 24 h of immersion in Hank’s solution for both transverse
(TP) and extrusion (EP) planes

248 M. AbdelGawad et al.



by Gusieva et al., Ag is more noble than Mg [36]. During the
initial few minutes of immersion, the OCP of ZK40–Ag in
transverse plane experienced the sharpest increase which
indicates the increased stability of the surface film being
formed. ZK40 transverse plane also reached the same OCP
value of around 1615 mV which also shows that the
film-forming on the surface of ZK40 transverse is stable as
well. After 24 h of immersion, both OCPs of ZK40–Ag have
reached a plateau and therefore signifying the continuous
breaking down of the developed surface film. The alloy,
however, is still presenting higher potential than ZK40 and

that is a result of the higher volume fraction of secondary
phases present that are cathodic to the matrix. Consequently,
microgalvanic cells were formed between the matrix and the
secondary phases, thereby causing corrosion of the matrix.
Since most of the Ag was found in the secondary phases and
Ag is nobler than Mg, the presence of Ag continued to be
enhanced as the matrix was continuously being compro-
mised. This explains why the plateau occurred at a more
positive potential for both planes of ZK40–Ag compared to
the planes of ZK40. As immersion time increased, the slopes
for all OCP started to decrease indicating that the developed
films were losing their integrity and breaking down.

Potentiodynamic Polarization Curves

The potentiodynamic (PD) curves of ZK40 and ZK40–Ag in
the transverse and extrusion planes are shown in Fig. 8. In
both planes, ZK40–Ag displayed a more positive potential
than ZK40 which is in agreement with the OCP results. This
was also consistent with the ennobling effect of Ag as
reported by Mandal et al. where the addition of Ag resulted
in a shift in the corrosion potential towards a more positive
value [35]. Furthermore, the intersection between the anodic
and cathodic branch, which is an indication of the corrosion
rate occurs at a higher corrosion current, icorr, when Ag is
added compared to no Ag addition. Gusieva et al. presented
similar results where the increased addition of Ag resulted in
an increase in cathodically controlled kinetics and a more
positive Ecorr value, which increased the value of icorr [37].
The increase in corrosion current led to an increase in cor-
rosion rate which is in agreement with EIS results presented
in Fig. 9.
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Electrochemical Corrosion Measurements

Electrochemical Impedance Spectroscopy (EIS) is a tech-
nique that investigates the processes occurring at the metal
surface using AC polarization [38]. The EIS Nyquist plots
for ZK40 and ZK40–Ag immersed in Hank’s solution at
37 °C for 1 and 24 h for both planes are presented in Fig. 9.
All plots are distinguished by two capacitive loops at high
and medium frequencies and an inductance loop at low
frequencies. The trends seen in both plots are in accordance
with the results observed in OCP plots. After the first hour of
immersion, the transverse planes for ZK40 and ZK40–Ag
both exhibited a significant increase in corrosion resistance
which is evident with the large diameter of the capacitive
loop. However, by the end of the experimental period, both
planes of ZK40 had a higher corrosion resistance than both
planes of ZK40–Ag. The drastic decrease in the corrosion
resistance of the alloy with Ag addition is due to the
enhanced microgalvanic corrosion caused by the larger
volume fraction of secondary phases as observed in Figs. 1
and 3. Furthermore, as was observed in Fig. 7, the corrosion
resistance of ZK40 in the extrusion plane experienced
minimal, if no change at all, throughout the 24 h of
immersion. Further analysis using circuit fittings could give
some insight on the reasons behind this behavior.

Another interesting observation that was also noticed is
that overall the transverse plane experienced much better
corrosion resistance than the extrusion plane. Considering
the microstructure of both alloys that are shown in Figs. 1
and 3, the extrusion plane has a more homogenous,
fine-grained structure and smaller grains especially in ZK40.
A homogenous grain structure has been reported to present
improved protection against corrosion because of its ability
to form a more stable corrosion layer [39, 40]. However, in
this case the structure of the matrix is not the only factor
influencing the corrosion behavior of the alloy. The volume
fraction and distribution of the secondary phases also play an
important role in determining how the alloy would behave in
corrosive environments. The microstructures of the trans-
verse planes for ZK40 and ZK40–Ag (Figs. 1 and 3,
respectively) show that the distribution of the secondary
phases are sparse and are interconnected to form dark
streaks. Zhang et al. reported that discontinuous secondary
phases have a detrimental effect on the corrosion resistance
of Mg–Nd–Zn–Zr as they studied the influence of increasing
Ag addition (0, 0.2, 0.4 and 08 wt%) [39]. The distribution
of secondary phases in extrusion plane for both alloys, on
the other hand, is disconnected and is dispersed throughout
the matrix. Post-immersion microstructures are necessary to
be able to confirm these observations.

Conclusions

The following are the conclusions of this work:

1. Microstructure analysis revealed that the addition of sil-
ver followed by a heat treatment of 350 °C for 7 days
resulted in a homogenized microstructure with larger
grain size. Furthermore, the composition and distribution
of secondary phases were altered and their volume
fraction increased. Both the transverse and extrusion
planes showed the same trends.

2. Addition of silver led to an increase in hardness between
the transverse planes of ZK40 and ZK40–Ag but a
decrease in hardness measurements in the extrusion
plane. A contradictory result was observed during com-
pression where an increase in compressive strength in the
extrusion plane was noted while the transverse plane
barely witnessed any change in strength. This is could be
due to the shape and distribution of secondary phases as
well as their composition. Further analysis will aid in
explaining these results.

3. ZK40–Ag presented a more positive OCP than ZK40
independent of the plane being tested. This was attributed
to the increased volume fraction of secondary phases that
have a more positive potential than the a-Mg matrix due
to the presence of Ag. During the initial hours of
immersion, the transverse planes for both alloys showed
a more stable surface film. However, as immersion time
increased, the developed films in both planes for ZK40–
Ag seemed unable to maintain their integrity in com-
parison with ZK40.

4. PD results show that the addition of Ag resulted in an
increase in cathodically controlled kinetics and a more
positive Ecorr value, therefore causing an increase in icorr
values and corrosion rates.

5. EIS results were in agreement with PD and OCP results.
After the first hours of immersion, the transverse planes
for ZK40 and ZK40–Ag both exhibited a significant
increase in corrosion resistance, however, by the end of
the testing period, ZK40 presented improved corrosion
resistance than ZK40–Ag. This is in agreement with the
literature stating that Ag has a negative effect on the
corrosion characteristics of Mg alloys.

6. This work lays the foundation to understanding the role
of microstructural features, as a result of Ag addition, on
the mechanical and corrosion characteristics of Mg
alloys. The authors plan to apply severe plastic defor-
mation to a suitable system in the future to further
improve the properties presented herein.

250 M. AbdelGawad et al.



Acknowledgements This research was performed with support from
the Qatar Foundation under the National Priorities Research Program
grant# NPRP 8-856-2-364. The authors acknowledge this financial
support with gratitude.

References

1. Chen Y, Xu Z, Smith C, Sankar J (2014) Recent advances on the
development of magnesium alloys for biodegradable implants.
Acta Biomater 10:4561–4573. https://doi.org/10.1016/j.actbio.
2014.07.005

2. Wang J, Smith CE, Sankar J, et al (2015) Absorbable
magnesium-based stent: physiological factors to consider for
in vitro degradation assessments. Regen Biomater 2:59–69. https://
doi.org/10.1093/rb/rbu015

3. Staiger MP, Pietak AM, Huadmai J, Dias G (2006) Magnesium
and its alloys as orthopedic biomaterials: A review. Biomaterials
27:1728–1734. https://doi.org/10.1016/j.biomaterials.2005.10.003

4. Li X, Liu X, Wu S, et al (2016) Design of magnesium alloys with
controllable degradation for biomedical implants: From bulk to
surface. Acta Biomater 45:2–30. https://doi.org/10.1016/j.actbio.
2016.09.005

5. Witte F, Kaese V, Haferkamp H, et al (2005) In vivo corrosion of
four magnesium alloys and the associated bone response. Bioma-
terials 26:3557–3563. https://doi.org/10.1016/j.biomaterials.2004.
09.049

6. Zhao D, Witte F, Lu F, et al (2017) Current status on clinical
applications of magnesium-based orthopaedic implants: A review
from clinical translational perspective. Biomaterials 112:287–302.
https://doi.org/10.1016/j.biomaterials.2016.10.017

7. Ding Y, Wen C, Hodgson P, Li Y (2014) Effects of alloying
elements on the corrosion behavior and biocompatibility of
biodegradable magnesium alloys: a review. J Mater Chem B
2:1912–1933. https://doi.org/10.1039/C3TB21746A

8. Gawlik MM, Wiese B, Desharnais V, et al (2018) The effect of
surface treatments on the degradation of biomedical Mg alloys-a
review paper. Materials (Basel) 11:1–29. https://doi.org/10.3390/
ma11122561

9. Ratna Sunil B, Sampath Kumar TS, Chakkingal U, et al (2016) In
vitro and in vivo studies of biodegradable fine grained AZ31
magnesium alloy produced by equal channel angular pressing.
Mater Sci Eng C 59:356–367. https://doi.org/10.1016/j.msec.2015.
10.028

10. Minárik P, Král R, Čížek J, Chmelík F (2016) Effect of different
c/a ratio on the microstructure and mechanical properties in
magnesium alloys processed by ECAP. Acta Mater 107:83–95.
https://doi.org/10.1016/j.actamat.2015.12.050

11. Saha P, RoyM,DattaMK, et al (2015) Effects of grain refinement on
the biocorrosion and in vitro bioactivity of magnesium. Mater Sci
Eng C 57:294–303. https://doi.org/10.1016/j.msec.2015.07.033

12. Buzolin RH, Mohedano M, Mendis CL, et al (2017) As cast
microstructures on the mechanical and corrosion behaviour of
ZK40 modified with Gd and Nd additions. Mater Sci Eng A
682:238–247. https://doi.org/10.1016/j.msea.2016.11.022

13. Yuan Y, Ma A, Jiang J, et al (2013) Optimizing the strength and
ductility of AZ91 Mg alloy by ECAP and subsequent aging. Mater
Sci Eng A 588:329–334. https://doi.org/10.1016/j.msea.2013.09.
052

14. Mokhtarishirazabad M, Azadi M, Hossein Farrahi G, et al (2013)
Improvement of high temperature fatigue lifetime in AZ91
magnesium alloy by heat treatment. Mater Sci Eng A 588:357–
365. https://doi.org/10.1016/j.msea.2013.09.067

15. Lu Y, Bradshaw AR, Chiu YL, Jones IP (2015) Effects of
secondary phase and grain size on the corrosion of biodegradable
Mg–Zn–Ca alloys. Mater Sci Eng C 48:480–486. https://doi.org/
10.1016/j.msec.2014.12.049

16. Zhang S, Zhang X, Zhao C, et al (2010) Research on an Mg-Zn
alloy as a degradable biomaterial. Acta Biomater 6:626–640.
https://doi.org/10.1016/j.actbio.2009.06.028

17. Mostaed E, Vedani M, Hashempour M, Bestetti M (2014)
Influence of ECAP process on mechanical and corrosion properties
of pure Mg and ZK60 magnesium alloy for biodegradable stent
applications. Biomatter 4:e28283. https://doi.org/10.4161/biom.
28283

18. Song X, Chang L, Wang J, et al (2018) Investigation on the
in vitro cytocompatibility of Mg-Zn-Y-Nd-Zr alloys as degradable
orthopaedic implant materials. J Mater Sci Mater Med 29. https://
doi.org/10.1007/s10856-018-6050-8

19. Guan RG, Cipriano AF, Zhao ZY, et al (2013) Development and
evaluation of a magnesium-zinc-strontium alloy for biomedical
applications - Alloy processing, microstructure, mechanical prop-
erties, and biodegradation. Mater Sci Eng C 33:3661–3669. https://
doi.org/10.1016/j.msec.2013.04.054

20. Vinogradov A, Vasilev E, Kopylov V, et al (2019) High
Performance Fine-Grained Biodegradable Mg-Zn-Ca Alloys Pro-
cessed by Severe Plastic Deformation. Metals (Basel) 9:186.
https://doi.org/10.3390/met9020186

21. Chen D, He Y, Tao H, et al (2011) Biocompatibility of
magnesium-zinc alloy in biodegradable orthopedic implants.
Int J Mol Med 28:343–348. https://doi.org/10.3892/ijmm.2011.
707

22. AbdelGawad M, Mansoor B, Chaudhry AU (2018) Corrosion
Characteristics of Two Rare Earth Containing Magnesium
Alloys BT - Magnesium Technology 2018. In: Orlov D,
Joshi V, Solanki KN, Neelameggham NR (eds). Springer Inter-
national Publishing, Cham, pp 43–53

23. AbdelGawad M, Chaudhry AU, Mansoor B (2019) The Influence
of Temperature and Medium on Corrosion Response of ZE41 and
EZ33. In: Joshi VV, Jordon JB, Orlov D, Neelameggham NR
(eds) Magnesium Technology 2019. Springer International Pub-
lishing, Cham, pp 159–167

24. Hong D, Saha P, Chou DT, et al (2013) In vitro degradation and
cytotoxicity response of Mg-4% Zn-0.5% Zr (ZK40) alloy as a
potential biodegradable material. Acta Biomater 9:8534–8547.
https://doi.org/10.1016/j.actbio.2013.07.001

25. Song G (2005) Recent progress in corrosion and protection of
magnesium alloys. Adv Eng Mater 7:563–586. https://doi.org/10.
1002/adem.200500013

26. Tie D, Feyerabend F, Hort N, et al (2014) In vitro mechanical and
corrosion properties of biodegradable Mg-Ag alloys. Mater Corros
65:569–576. https://doi.org/10.1002/maco.201206903

27. Kannan MB, Raman RKS (2008) In vitro degradation and
mechanical integrity of calcium-containing magnesium alloys in
modified-simulated body fluid. Biomaterials 29:2306–2314.
https://doi.org/10.1016/j.biomaterials.2008.02.003

28. Ben-Hamu G, Eliezer D, Kaya A, et al (2006) Microstructure and
corrosion behavior of Mg-Zn-Ag alloys. Mater Sci Eng A 435–
436:579–587. https://doi.org/10.1016/j.msea.2006.07.109

29. Zhang X, Yuan G, Niu J, et al (2012) Microstructure, mechanical
properties, biocorrosion behavior, and cytotoxicity of as-extruded
Mg-Nd-Zn-Zr alloy with different extrusion ratios. J Mech Behav
Biomed Mater 9:153–162. https://doi.org/10.1016/j.jmbbm.2012.
02.002

30. Minárik P, Král R, Pešička J, et al (2016) Microstructure
characterization of LAE442 magnesium alloy processed by
extrusion and ECAP. Mater Charact 112:1–10. https://doi.org/10.
1016/j.matchar.2015.12.002

Effect of 2 wt% Ag Addition on Corrosion Properties of ZK40 … 251

http://dx.doi.org/10.1016/j.actbio.2014.07.005
http://dx.doi.org/10.1016/j.actbio.2014.07.005
http://dx.doi.org/10.1093/rb/rbu015
http://dx.doi.org/10.1093/rb/rbu015
http://dx.doi.org/10.1016/j.biomaterials.2005.10.003
http://dx.doi.org/10.1016/j.actbio.2016.09.005
http://dx.doi.org/10.1016/j.actbio.2016.09.005
http://dx.doi.org/10.1016/j.biomaterials.2004.09.049
http://dx.doi.org/10.1016/j.biomaterials.2004.09.049
http://dx.doi.org/10.1016/j.biomaterials.2016.10.017
http://dx.doi.org/10.1039/C3TB21746A
http://dx.doi.org/10.3390/ma11122561
http://dx.doi.org/10.3390/ma11122561
http://dx.doi.org/10.1016/j.msec.2015.10.028
http://dx.doi.org/10.1016/j.msec.2015.10.028
http://dx.doi.org/10.1016/j.actamat.2015.12.050
http://dx.doi.org/10.1016/j.msec.2015.07.033
http://dx.doi.org/10.1016/j.msea.2016.11.022
http://dx.doi.org/10.1016/j.msea.2013.09.052
http://dx.doi.org/10.1016/j.msea.2013.09.052
http://dx.doi.org/10.1016/j.msea.2013.09.067
http://dx.doi.org/10.1016/j.msec.2014.12.049
http://dx.doi.org/10.1016/j.msec.2014.12.049
http://dx.doi.org/10.1016/j.actbio.2009.06.028
http://dx.doi.org/10.4161/biom.28283
http://dx.doi.org/10.4161/biom.28283
http://dx.doi.org/10.1007/s10856-018-6050-8
http://dx.doi.org/10.1007/s10856-018-6050-8
http://dx.doi.org/10.1016/j.msec.2013.04.054
http://dx.doi.org/10.1016/j.msec.2013.04.054
http://dx.doi.org/10.3390/met9020186
http://dx.doi.org/10.3892/ijmm.2011.707
http://dx.doi.org/10.3892/ijmm.2011.707
http://dx.doi.org/10.1016/j.actbio.2013.07.001
http://dx.doi.org/10.1002/adem.200500013
http://dx.doi.org/10.1002/adem.200500013
http://dx.doi.org/10.1002/maco.201206903
http://dx.doi.org/10.1016/j.biomaterials.2008.02.003
http://dx.doi.org/10.1016/j.msea.2006.07.109
http://dx.doi.org/10.1016/j.jmbbm.2012.02.002
http://dx.doi.org/10.1016/j.jmbbm.2012.02.002
http://dx.doi.org/10.1016/j.matchar.2015.12.002
http://dx.doi.org/10.1016/j.matchar.2015.12.002


31. Mostaed E, Hashempour M, Fabrizi A, et al (2014) Microstructure,
texture evolution, mechanical properties and corrosion behavior of
ECAP processed ZK60 magnesium alloy for biodegradable
applications. J Mech Behav Biomed Mater 37:307–322. https://
doi.org/10.1016/j.jmbbm.2014.05.024

32. Azeem MA, Tewari A, Mishra S, et al (2010) Development of
novel grain morphology during hot extrusion of magnesium AZ21
alloy. Acta Mater 58:1495–1502. https://doi.org/10.1016/j.
actamat.2009.10.056

33. Song GL (2012) The effect of texture on the corrosion behavior of
AZ31 Mg alloy. Jom 64:671–679. https://doi.org/10.1007/s11837-
012-0341-1

34. Ben-Hamu G, Eliezer D, Shin KS (2006) Influence of Si, Ca and
Ag addition on corrosion behaviour of new wrought Mg-Zn alloys.
Mater Sci Technol 22:1213–1218. https://doi.org/10.1179/174328
406X109203

35. Mandal M, Moon AP, Deo G, et al (2014) Corrosion behavior of
Mg-2.4Zn alloy micro-alloyed with Ag and Ca. Corros Sci
78:172–182. https://doi.org/10.1016/j.corsci.2013.09.012

36. Gusieva K, Davies CHJ, Scully JR, Birbilis N (2015) Corrosion of
magnesium alloys: the role of alloying. Int Mater Rev 60:169–194.
https://doi.org/10.1179/1743280414Y.0000000046

37. Gusieva K, Sato T, Sha G, et al (2013) Influence of low level Ag
additions on Mg-alloy AZ91. Adv Eng Mater 15:485–490. https://
doi.org/10.1002/adem.201200321

38. Kirkland NT, Birbilis N, Staiger MP (2012) Assessing the
corrosion of biodegradable magnesium implants: A critical review
of current methodologies and their limitations. Acta Biomater
8:925–936. https://doi.org/10.1016/j.actbio.2011.11.014

39. Zhang X, Ba Z, Wang Z, et al (2013) Influence of silver addition
on microstructure and corrosion behavior of Mg-Nd-Zn-Zr alloys
for biomedical application. Mater Lett 100:188–191. https://doi.
org/10.1016/j.matlet.2013.03.061

40. Lin DJ, Hung FY, Liu HJ, Yeh ML (2017) Dynamic Corrosion
and Material Characteristics of Mg–Zn–Zr Mini-Tubes: The
Influence of Microstructures and Extrusion Parameters. Adv Eng
Mater 19:1–11. https://doi.org/10.1002/adem.201700159

252 M. AbdelGawad et al.

http://dx.doi.org/10.1016/j.jmbbm.2014.05.024
http://dx.doi.org/10.1016/j.jmbbm.2014.05.024
http://dx.doi.org/10.1016/j.actamat.2009.10.056
http://dx.doi.org/10.1016/j.actamat.2009.10.056
http://dx.doi.org/10.1007/s11837-012-0341-1
http://dx.doi.org/10.1007/s11837-012-0341-1
http://dx.doi.org/10.1179/174328406X109203
http://dx.doi.org/10.1179/174328406X109203
http://dx.doi.org/10.1016/j.corsci.2013.09.012
http://dx.doi.org/10.1179/1743280414Y.0000000046
http://dx.doi.org/10.1002/adem.201200321
http://dx.doi.org/10.1002/adem.201200321
http://dx.doi.org/10.1016/j.actbio.2011.11.014
http://dx.doi.org/10.1016/j.matlet.2013.03.061
http://dx.doi.org/10.1016/j.matlet.2013.03.061
http://dx.doi.org/10.1002/adem.201700159


Study of In Vitro Biodegradation Behavior
of Mg–2.5Zn–xES Composite
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Abstract
In this study, zinc (Zn) and eggshell (ES) reinforced
biodegradable magnesium alloy (Mg–2.5Zn) and envi-
ronment concise (eco) composite (Mg–2.5Zn–xES) was
fabricated using disintegrated melt deposition (DMD)
technique. In vitro experiments were conducted to study
the biodegradation behavior of Mg–2.5Zn and Mg–
2.5Zn–xES (x = 3 and 7 wt%) using simulated body fluid
(SBF) under standard human body temperature of 37 °C.
Using electrochemical Impedance Spectroscopy (EIS),
electrochemical analysis was performed to study in vitro
degradation behavior of alloy and composite. EIS
revealed increased in vitro degradation of the biodegrad-
able magnesium alloy and ecofriendly composite as
percentage of ES reinforcement was increased. X-ray
diffraction (XRD) was performed to observe the chemical
composition of elements and reaction products present in
the degraded samples after corrosion process. Scanning
electron microscopy (SEM) analysis showed variations in
surface morphology of the alloy and composite before
and after degradation. SEM result revealed presence of
defects in the tested samples after degradation process.

Keywords
Magnesium � Eggshell � DMD � Biodegradation �
SBF � EIS

Introduction

Increasing demand to reduce greenhouse gas emissions has
made the researchers to explore and develop lightweight
materials at economical price, since the beginning of
twenty-first century [1]. For the past two decades, magne-
sium (Mg) has emerged as a potential candidate in
decreasing use of steel and aluminium. Mg has found its
application in aerospace, automotive, sporting, and
biomedical equipment due to less density and higher specific
strength [1–4]. Stainless steel (SS) and titanium (Ti) are used
as permanent/temporary human body implant for more than
a century in biomedical application [4]. SS/Ti with higher
elastic modulus used as orthopedic implants has major
drawback of high stress shielding. Bioresorbable Mg has
relatively closer elastic modulus compared to that of the
natural bone which reduces the stress shielding effect as well
as reduces healing time [5, 6]. Bioresorbable characteristics
of Mg cause it to dissolve in human body which eliminates
the cost of revision surgery and patients risk from surgical
procedures. Mg is an essential mineral for metabolism in
human body and the excess drained out in the form of
urine [7].

Degradation/corrosion rate of pure Mg limits its use as
orthopedic implant to maintain structural strength in physi-
ological environment. Alloying elements for biomedical
application are determined based on availability and ease of
disposal, toxicity, and biocompatibility. Proper choice of
alloying elements like Calcium (Ca), Zinc (Zn), Tin (Si),
Zirconium (Zr), etc., can control the rate of corrosion over
stipulated period [8]. Zn is abundant in nature with high
nutritional value, able to improve the corrosion resistant and
highly biodegradable in physiological environment [9].
While Ca stimulates human bone growth, addition of Ca to
Mg improves the mechanical properties and corrosion
resistance of the material implanted in the human body [9].
Researches were performed to add eggshell that contains
95% of calcium carbonate and the hydroxyapatite derived
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from eggshell synthesis used as bone graft material [10–12].
Ca is a natural source in eggshell waste which used as a
reinforcement in Mg matrix to form eco (environmental
concise) composite [13]. The results showed a considerable
increase in mechanical properties and damping behavior at
room temperature [14]. Damping is considered to be an
important parameter which aids in mitigating the vibrations
prolonged into human body caused by movements of the
recipient and the stresses induced in the bone-implant
interface.

This study focused on understanding the in vitro corro-
sion behavior of pure Mg alloyed with Zn and reinforced
with xES (x = 0, 3, 7%) in a SBF at 37 °C. The prepared
biodegradable composite was subjected to EIS analysis for
two weeks. The materials were initially prepared using dis-
integrated melt deposition (DMD) [15–17] and hot extruded
to 8 mm diameter. Then, the samples were further polarized
to study the biodegradation behavior using EIS. SEM and
XRD were employed to characterize the surface morphology
and chemical composition of the Mg–2.5Zn–xES composite.

Materials and Methods

The biodegradable magnesium alloys were prepared by
melting pure Mg under argon gas jacket along with 2.5 wt%
Zn and varying amount of eggshell (x = 3 wt% and 7 wt%
designated as 3ES and 7ES, respectively) to form three
different material composition. Pure Mg turnings, powders
of Zn and eggshell stacked like sandwich in a graphite
crucible, was then superheated to a temperature of 750 °C
and stirred with zirtex 25 [18] coated steel stirrer. The stir-
ring was carried to form a vortex for 5 min at 450 rev/min.
The melt was tapped at the bottom of the crucible through a
graphite nozzle at 25 Lpm. The disintegrated melt was
deposited into a graphite coated steel substrate to form cast
billets of 50 mm in diameter. Furthermore, hot extrusion was
carried to homogenize the cast billet using 150 T hydraulic
press. The hot extrusion was carried at 350 °C to obtain the

billets of 8 mm in diameter with an extrusion ratio of
20.25:1. Colloidal graphite was used as lubricant.

A three-electrode double-jacketed 250 ml in vitro corro-
sion cell was used, in which a graphite rod, Mg coupon (only
50 mm2 is exposed to the SBF), and saturated calomel elec-
trode were the counter, working and reference electrodes,
respectively [19]. The cell was maintained at 37 °C ± 0.5 °C
using a thermostat water circulator. A thermometer was used
to monitor the temperature of the electrolyte before and during
the experiments. A Reference GAMRY 3000 potentiostat
(Warminster, PA, USA) was used to perform the electro-
chemical measurements. Electrochemical impedance spec-
troscopy (EIS) measurements of Mg alloys were investigated
for 2 weeks immersion in SBF solution in a frequency range
of 10−2 to 105 Hz with an AC amplitude of 5 mV. Tafel
experiment was carried out at a constant scan rate of 0.3 mV/s
within scan range of ±250 mV versus the open-circuit
potential (OCP). The SBF composition was prepared as
described in Table 1 [20].

Characterizing the degraded surfaces is vital to analyze
the in vitro corrosion behavior of the samples after EIS
electrochemical analysis. XRD (X’Pert-Pro MPD, PANa-
lytical Co., Netherlands) was utilized to study different
phases on the in vitro corroded samples. The morphology of
the corroded surface was examined by Field emission
scanning electron microscopy (FEI NOVA NANOSEM 450,
Hillsboro, OR, USA) with an accelerating voltage of 20 kV.

Results and Discussion

The in vitro degradation of Mg–2.5Zn alloy and eco-
composites using electrochemical imprudence spectroscopy
(EIS) was carried in simulated physiological environment. As
shown in Figs. 1a, 2a and 3a,Nyquist plots revealed the in vitro
degradation behaviors of the bioresorbable Mg samples.
Nyquist plots showed the data obtained for 2 W (336 h) of
immersion. The trend in the loops shows the corrosion rate
evolution of the tested samples at different immersion duration.

Table 1 Regents for preparing
SBF (pH7.40, 1 L) [20]

Order Reagent Amount

1 NaCl 8.035 g

2 NaHCO3 0.355 g

3 KCl 0.225 g

4 K2HPO4 � 3H2O 0.231 g

5 MgCl2 � 6H2O 0.311 g

6 1 M HCl 39 mL

7 CaCl2 0.292 g

8 Na2SO4 0.072 g

9 (CH2OH)3CNH2 6.118 g

10 1.0 M HCl 0–5 mL
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From the plots, it is evident that the curves are categorized by a
semicircle in the high and middle region and a capacitive
semicircle in the low-frequency region. The corrosion resis-
tance is distinguished by the larger dimension of the capacitive
loop.

It can be seen from Figs. 1a, 2a, and 3a, that the com-
position with 7ES has the lowest polarization resistance of
225 Ω cm2 after 2 weeks immersion. Mg–2.5Zn alloy has
the maximum polarization resistance of ohm 590 Ω cm2 for
the same duration. These changes were attributed to mass
transportation, charge transfer reaction, and pitting corrosion
during the in vitro degradation process.

Figure 4 illustrates the Tafel curves of the Mg alloys in
SBF solution. It can be noticed that Mg–Zn alloy has the
lowest corrosion current density of 29 µA cm−2 in com-
parison with 33 and 37 µA cm−2 of Mg–2.5Zn–3ES and
Mg–2.5Zn–7ES alloys, respectively. These results are
matching with the EIS measurements for the 1st-day
immersion of Mg–2.5Zn alloys.

To understand the morphology of the corroded sample
surfaces, SEM analyses were employed. As depicted in
Figs. 1b, 2b, and 3b clear morphological changes were
observed due to the immersion in SBF for 2 W. The reaction
products were loose and distributed on the surface of the
corroded samples. There were various cracks developed on
the degraded sample surfaces and can be attributed to the
sample shrinkage during drying. The XRD patterns in Fig. 5
elucidate the reaction products after immersion of 336 h,
which is in good agreement with earlier findings [10, 21].
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Growth of apatite [22] is observed in Fig. 6a, b due to the
interaction of ES particle with SBF during the two weeks of
immersion.

Conclusion

The work demonstrated the in vitro degradation behaviour of
Mg–2.5Zn alloy and Mg–2.5Zn–xES composite. The
in vitro degradation was carried in simulated body fluid
using electrochemical impedance spectroscopy. The EIS and
Tafel plots indicated Mg–2.5Zn alloy has good corrosion
resistance. 3ES eco-composite is relatively lower in the
corrosion resistance than that of Mg–2.5Zn alloy after
2 weeks of immersion. The pitting corrosion is the dominant
corrosion mechanism in all the tested samples. Apatite
growth is observed on the eco-composite specimens after
two weeks of immersion electrochemical analysis.
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Corrosion Behavior of Squeeze Cast Mg
Alloy AM60-Based Hybrid Nanocomposite

Xinyu Geng, Luyang Ren, Zixi Sun, Henry Hu, and Xueyuan Nie

Abstract
Micron-sized alumina (Al2O3) short fibre and/or
nano-sized alumina (Al2O3) particles were squeezed cast
into Mg AM60 alloy. Two types of 7 vol.% Fibre/AM60,
and (7 vol. % Fibre + 3 vol.% nano-particle)/AM60
composites, as well as the unreinforced matrix alloy were
prepared. The corrosion behaviors of the composites as
well as the unreinforced matrix alloy were investigated by
using the potential dynamic polarization test. Compared
with the matrix alloy, the introduction of micron-sized
alumina fibres decreased the corrosion resistance of Mg
alloy AM60 considerably due to the presence of excessive
interfaces between the fibre and matrix. The high density
of grain boundaries and the absence of noble precipitates
such as b-Mg17Al12 phases and Al–Mn intermetallics at
the grain boundaries in the composites should be for the
reduction in their corrosion resistance. The addition of the
nano-sized particles led to almost no further reduction in
the corrosion resistance of the composite.

Keywords
Magnesium-based hybrid nanocomposite (MHNC) �
Corrosion resistance � Mg alloy � Micron-sized
alumina (Al2O3) short fibre � Nano-sized
alumina (Al2O3) particles

Introduction

Magnesium (Mg) based materials have become one of the
most significant candidates for structural engineering appli-
cations due to their lightweight, high thermal conductivity,
and good ductility. In automotive industry, magnesium
alloys are widely used for building vehicle components such
as instrumental panels, cylinder head covers, intake mani-
folds, transfer cases and so on. Further expansion of new
magnesium-based engineering applications is still on-going
owing to the stringent government regulations on auto
emissions and weight reduction. Hence, magnesium-based
metal matrix composites (MMCs) including fiber-reinforced
composites, particle reinforced composites and fiber-particle
hybrid reinforced composites are emerging and being
investigated for the improvement of mechanical properties
of monolithic matrix alloys, including high yield strength,
tensile strength, creep resistance, thermal shock resistance
and wear resistance [1–6].

In the past few years, magnesium alloy-based hybrid
composites are emerging since the combined advantages of
different sizes of short fibres, and particles provide a high
degree of design freedom, which enable fibres to increase
strengths and particles to improve wear resistance [6].
Mondal et al. [7] studied the corrosion behavior of creep
resistant AE42 magnesium alloy hybrid composites con-
taining micron-sized Al2O3 short fibres and SiC particles
The corrosion rates of different reinforcements combination
was evaluated by potential dynamic polarization tests in 5 wt
% NaCl solution. Their results showed that the tested com-
posites exhibited much higher corrosion rates as compared to
that of the unreinforced alloy. The addition of micron-sized
SiC particles increased the corrosion rates of the hybrid
composites by over 30%. Zhang et al. [6] pointed out that
the introduction of micron-size reinforcements into the
hybrid composite adversely affected the plasticity of Mg
matrix alloys due to particle or fibre cracking and void
formation at reinforcement-matrix interface leading to
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accelerated failure. Recently, the study by Zhou et al. [8]
demonstrated that the replacement of the micron-sized par-
ticles with the nanoparticles in the Mg-based hybrid com-
posite effectively recovered the ductility of the composite by
almost 120%. However, the introduction of foreign particles
and/or fibre could deteriorate the corrosion resistance of
magnesium alloys. Research on the corrosion behavior of the
MHNC in the open literature is scarce.

In the present work, the microstructures of the monolithic
matrix alloy AM60, its micron fibre-only composite and the
MHNC were analyzed by the optical (OM) and scanning
electron microscopes (SEM) and X-ray energy dispersive
spectroscopy (EDS). The corrosion behavior of the mono-
lithic matrix alloy AM60, its micron fibre-only composite
and the MHNC were assessed by potentiodynamic polar-
ization tests. The changes of the surface morphologies of the
tested matrix alloy and composites were analyzed by elec-
tron scanning microscopy, and corrosion products were
identified by the (EDS) analyses.

Experimental Procedure

Composites Preparation

Magnesium alloy AM60 with a chemical composition (wt%)
of 6.0Al–0.22Zn–0.4Mn–0.1Si–0.01Cu–0.004Fe–0.002Ni–
Mg was chosen as matrix alloy. Nano-sized Al2O3 ceramic
particles with an average particulate size of 100 nm and
Al2O3 short fibres with an average diameter of 4 µm and
length of 50 µm were employed as raw materials for the
preparation of hybrid reinforcements since they are relatively
inexpensive and possess adequate properties.

During composite fabrication, a hybrid preform was first
preheated to 700 °C. Then, molten matrix alloy AM60 at
750 °C infiltrated into the preheated preform under an
applied pressure of 90 MPa. The pressure was maintained at
the desired level for 30 s.

For fabrication of composites, a preform and squeeze
casting process were employed. Two different types of 7 vol.
% micron fibre/AM60, and (7 vol.% Fibre + 3 vol.%
nano-particle)/AM60 composites were prepared, which were
named the fibre-only composite (7FC), and the MHNC-
7F3NP, respectively. In the hybrid composite, the short
fibres constituted the primary reinforcement phase, and the
particles served as the secondary reinforcement phase. For
the purpose of comparison, the base alloy AM60 was also
squeeze cast. The details of the process for fabricating the
composites are given in references 6 and 8.

Electrochemical Experimentation

Electrochemical studies were carried out by using EC-LAB
SP-150 electrochemical apparatus with corrosion analysis
EC-lab software. A three-electrode cell was set up through
assigning the samples as working electrode, Ag/AgCl/sat’d
KCl electrode as a reference electrode and a Pt metal elec-
trode as counter-electrode. At the beginning of experiments,
samples were held in a salt solution allowing the open circuit
potential to settle to a constant value. Potentiodynamic
polarization scans were conducted at a rate of 10 mV/s from
−0.5 V versus open circuit potential in a more noble direc-
tion up to 0.5 V versus the reference electrode. Machined
samples were ground with silicon carbide papers with vari-
ous grades from 280 to 2500 grit and then cleaned in ace-
tone, rinsed with deionized water and dried prior to
potentiodynamic polarization. The values of corrosion
potential (Ecorr) and current density (icorr) were determined at
the intersection between the anodic and cathodic Tafel
slopes, which were extrapolated by the linear parts of the
polarization curves.

Analyses of Corrosion Surface

The detailed features of the corroded surfaces were charac-
terized at high magnifications using a FEI Quanta 200 FEG
(Tokyo, Japan) scanning electron microscope (SEM) with a
maximum resolution of 100 nm in a backscattered
(BSE) mode/l lm in X-ray diffraction mapping mode, and
maximum useful magnification of 30,000. The corroded
surfaces of the unreinforced alloy AM60, and the 7FC and
MHNC-7F3NP composites were analyzed by the SEM in
secondary electron (SE) mode to ascertain their corrosion
mechanisms. Energy dispersive X-ray (EDS) analyses were
used to define the elements distribution.

Results and Discussion

Electrochemical Tests

Figure 1 shows the polarization curves of the as-cast unre-
inforced alloy AM60, and 7FC and MHNC composites.
Potentiodynamic polarization curves, measured in 3.5 wt%
NaCl solution, were similar for the three tested materials.
A summary of the results of potentiodynamic corrosion tests
was given in Table 1. The corrosion potentials were in the
range from −1.417 to −1.441 V (SCE), typical of
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magnesium alloys. The curves indicated film breakdown at
potentials immediately above the corrosion potential with
characteristically low apparent Tafel slopes of about 52.9–
29.1 mV decade. At high current densities, the curves were
affected by a potential drop due to the solution resistance,
and on the cathodic side by the additional resistance due to
the formation of hydrogen bubbles. At the end of the tests,
the electrodes were covered by a black layer of corrosion
products. The color of the products was changed to white
after they dried.

Figure 2 displays the corrosion current densities and
potentials of the as-cast AM60, and the 7FC and MHNC-
7F3NP composites based on the data extracted from Fig. 1.
Among the three tested materials, the unreinforced alloy
AM60 (Curve 1) had a negative corrosion potential
(−1.417 V), which was the highest, while the value of its
corrosion current density (4.71 µA/cm2) was the lowest.
Compared to that of the AM60, the polarization curve of the
7FC composite (Curve 2) was shifted to the right and
downward. The value of the corrosion potential of the 7FC
composite was more negative than that of the AM60 alloy,
although the 7FC composite had a corrosion current density
higher than that of the AM60 alloy. The polarization curve
of the MHNC-7F3NP composite (Curve 3) exhibited a shift
to the left and downward in comparison with that of the FC.
The MHNC-7F3NP composite possessed a slightly lower
corrosion potential and higher density than that of the 7FC.

The corrosion potentials, corrosion current density, and
anodic/cathodic Tafel slopes (anodic: ba and cathodic: bc)
were derived from the test data. Based on the approximate
linear polarization at the corrosion potential (Ecorr), polar-
ization resistance (Rp) values were determined by the rela-
tionship [9]:

Rp ¼ ba � bc
2:3 � icorr � ba þ bcð Þ ð1Þ

where icorr is the corrosion current density. The data in
Table 1 denoted that the corrosion resistance of the AM60
alloy (4.07 kX cm2) was decreased by the introduction of
micron-sized fibres and nano-sized particles. The 7FC
composite possessed a high corrosion current density, which
was 20% higher than that of the matrix AM60 alloy. The
corrosion resistance of the 7FC composite (2.08 kX cm2)
was only a half of that of the matrix alloy. The addition of
the micron-sized fibres as reinforcement significantly
reduced the corrosion resistance of the matrix alloy AM60
by almost 50%. The corrosion resistance of the MHNC-
7F3NP was 1.88 kX cm2. The presence of the nano-sized
particles resulted in a reduction of the corrosion resistance of
the 7FC composite from 2.08 to 1.88 kX cm2 by 0.20 kX
cm2. This observation indicated that the introduction of the
nano-sized particles up to 3 vol.% had almost no effect on
the corrosion resistance of the FC composite.

In the Tafel extrapolation method for measuring corro-
sion rates of Mg-based materials, the corrosion current
density, icorr (lA/cm

2) is estimated by Tafel extrapolation of
the cathodic branch of the polarisation curve, and the
obtained icorr can be linearly related to the average corrosion
rate, Pi (mm/year) by the following equation [7, 10, 11]

Pi ¼ 0:02285 � icorr ð2Þ
The calculated Pi values are listed in Table 1. Corrosion

rates determined based on Tafel extrapolations demonstrate
quantitatively the corrosion nature of various materials,
although they are somewhat different from those obtained
from weight loss or hydrogen evolution measurement [11].
Figure 3 shows the corrosion rates of the as-cast unrein-
forced alloy AM60, and 7FC and MHNC composites, which
were 0.108, 0.130 and 0.136 mm/year, respectively. The
introduction of the micron Al2O3 fibres increased the

Fig. 1 Polarization curves of the as-cast AM60, 7FC and MHNC-
7F3NP composites

Table 1 Electrochemical
parameters of the unreinforced
alloy AM60, and the 7FC and
MHNC-7F3NP composites

Materials ba
(mV/dec)

bc
(mV/dec)

icorr
(lA/cm2)

Rp (kX
cm2)

Ecorr

(V)
Pi

(mm/year)

AM60 52.9 262.5 4.71 4.07 −1.417 0.108

7FC 31.8 188.7 5.68 2.08 −1.437 0.130

MHNC-
7F3NP

29.1 128 5.95 1.88 −1.441 0.136
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corrosion rate of the matrix alloy by 20%. But, the corrosion
rate of the composite rose by only 4% with the further
addition of the nano Al2O3 particles.

Corroded Surfaces and Corrosion Mechanisms

The surface morphologies of the corroded unreinforced alloy
AM60, and 7FC and MHNC-7F3NP composites are shown
in Fig. 4, after they were immersed in 3.5 wt% NaCl
aqueous solution for one hour. The SEM micrograph given
in Fig. 4a showed a layer of discontinuous film with cor-
roded products. Figure 5 presents the EDS spectra showing
the presence of oxygen and chlorine in the corroded surface
of the unreinforced alloy AM60, and 7FC and MHNC-
7F3NP composites, which suggested there were Mg(OH)2
and MgCl in the corroded products. The corrosion behavior
of AM60 alloy was significantly influenced by the alloy
elements, such as aluminum and manganese. The formation
of the surface morphology on the corroded unreinforced
alloy AM60 resulted from a combined effect of galvanic

corrosion, and pitting corrosion. The presence of different
phases in the microstructure of the unreinforced alloy AM60
should be responsible for these types of corrosion mecha-
nisms. The eutectic b-Mg17Al12 and Al–Mn intermetallic
phases in the Mg–Al alloy could serve as cathodic sites, and
the primary a-Mg matrix would be anodic.

Anodic reaction:

Mg ) Mg2þ þ 2e� and/or

MgðsÞ þ 2 OHð Þ�) Mg OHð Þ2ðsÞ þ 2e�

Cathodic reaction:

2Hþ þ 2e� ) H2ðgÞ and/or

2H2Oþ 2e� ) H2ðgÞ þ 2 OHð Þ�

The overall reaction is:

MgðsÞ þ 2H2O ) Mg OHð Þ2ðsÞ þ H2ðgÞ

As pointed out by Bakkar and Neubert [12, 13] for
magnesium alloy AS41, owing to the high pH region around
cathodic area, the passivation surface which contained
MgO/Mg(OH)2 was formed. The generation of hydrogen
and the continuous formation of hydroxide ions kept
increasing the pH value and the protective film grew thicker
consequently. At the anodic region, the protective film was
hardly to be formed due the pH was too low and Mg2+ was
produced at a high rate from the alloy surface and the pit
developed. As a result of maintaining electroneutrality,
chloride ions were attracted into the pit. As the corrosion
proceeded, the pit grew bigger and deeper and led to the
formation of the discontinuous film. Song et al. [14] found
that, in magnesium alloy AZ91, the b-Mg17Al12 phase
mainly served as a galvanic cathode and accelerated the
corrosion process of the primary b-Mg matrix if the volume
fraction of b-Mg17Al12 phase was small, although the
b-Mg17Al12 phase was very stable in NaCl solutions and
was inert to corrosion. Besides the b-Mg17Al12 phase, the
most potent cathodes in an Mg–Al alloy are the iron-rich
precipitate phases. Heavy metal contamination promoted a
general pitting attack.

Figures 4b, c present a SEM micrograph showing the
surface morphology of the 7FC and MHNC-7F3NP com-
posites after corrosion testing, which exhibited thick but
irregular and loose films. The large and deep corrosion
attack can be clearly observed on two composites samples
which could be attributed to the crevice attacks of
reinforcements.

Fig. 2 Corrosion current densities and potentials of the as-cast AM60,
and the 7FC and MHNC-7F3NP composites

Fig. 3 Corrosion resistances and rates of the as-cast AM60, and the
7FC and MHNC-7F3NP composites
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It is known that galvanic corrosion is the primary pro-
spect when active magnesium is coupled with a relatively
noble material [12]. But, no galvanic interaction between the
alloy matrix and reinforcing fibers and particles could take
place since the Al2O3 fibers and particles are an insulator.
Hypothetically, it implies that the addition of Al2O3 fiber to
the AM60 alloy should increase the corrosion resistance of
the composite.

The previous corrosion study on pure magnesium was
carried out in the same 3.5% NaCl solution [15]. It has found
that the grain refinement decreased the corrosion resistance
of magnesium, which was attributed to the higher density of
grain boundaries and other defects from the grain refine-
ment. However, in the case of fiber-reinforced composite, the
high density of grain boundaries might not be the main
mechanism of decreasing corrosion resistance. The changes
in the grain boundary precipitation might appear to be
another reason for the reduction in corrosion resistance for
the composites. The existence of noble precipitates such as
Mg17Al12 phases at the grain boundaries makes the grain
boundaries more corrosion resistant than the matrix and

increases the overall corrosion resistance of the material [7].
In the 7FC and MHNC-7F3NP composites, the lack of such
relatively more noble precipitates at the grain boundaries
could result in a low corrosion resistance.

The introduction of the fibers and particles in the 7FC and
MHNC-7F3NP composites generated new interfaces
between the matrix alloy and reinforcements. As both the
fibers and particles existed, a large number of new interfaces
generated in the composite. As a result, the presence of the
new interfaces broke the continuity of the matrix and formed
preferential spots for corrosion attack. The poor corrosion
resistance of the composites should be attributed to the
irregular and less adherent film. No evidence of any localized
corrosion or galvanic enhanced corrosion around either the
fibres or particles was found. The entire matrix alloy in the
composites was uniformly corroded as the remaining fibres
and particles stood out of the surface. This type of corrosion
was observed in SiCp/ZC71 composites by Nunez-lopez et al.
[16]. For their practical applications in corrosive environ-
ment, the developed composites need to be treated for surface
protection, of which investigation proceeds.

(a) (b)

(c)

Fig. 4 SEM micrographs in SE
mode showing corroded surfaces
of a the unreinforced alloy
AM60, and the b 7FC and
c MHNC-7F3NP composites
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Conclusions

1. The results of the electrochemical tests indicate that the
unreinforced as-cast base magnesium alloy AM60
exhibited corrosion resistance higher than its composites,
and the reinforcement of the micron-sized Al2O3 fibers
and/or nano-sized Al2O3 particles deteriorated the corro-
sion resistance of the 7FC and MHNC-7F3NP compos-
ites. The addition of the micron-sized fibres at 7 vol.% as
reinforcement significantly reduced the corrosion resis-
tance of the matrix alloy AM60 from 4.07 to 2.08 kX cm2

by almost 50%. The presence of the nano-sized particles
resulted in a reduction of the corrosion resistance of the
7FC composite from 2.08 to 1.88 kX cm2 by 0.20 kX
cm2. This observation indicated that the introduction of
the nano-sized particles up to 3 vol.% had almost no effect
on the corrosion resistance of the FC composite.

2. The formation of the surface morphology on the corroded
unreinforced alloy AM60 resulted from a combined
effect of galvanic corrosion, and pitting corrosion. The
presence of different phases in the microstructure of the
unreinforced alloy AM60 should be responsible for these
types of corrosion mechanisms.

(a)

(b)

(c)

Fig. 5 EDS spectra identifying
oxygen and chlorine for the
a unreinforced alloy AM60, and
b 7FC and c MHNC-7F3NP
composites, respectively, which
corresponds the SEM graphs in
Fig. 4

264 X. Geng et al.



3. No galvanic interaction between the alloy matrix and
reinforcing fibers and particles could take place since the
Al2O3 fibers and particles are an insulator. In the com-
posites, the lack of such relatively more noble precipi-
tates such as b-Mg17Al12 phases and Al–Mn
intermetallics at the grain boundaries could result in a
low corrosion resistance, although the high density of
grain boundaries might not be the main mechanism of
decreasing in corrosion resistance.

4. The introduction of the fibers and particles in the 7FC
and MHNC-7F3NP composites generated new interfaces
between the matrix alloy and reinforcements, which
broke the continuity of the matrix and formed preferential
spots for corrosion attack. The poor corrosion resistance
of the composites should be attributed to the irregular and
less adherent film on their surface.
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Thermodynamic Descriptions
of the Quaternary Mg–Al–Zn–Sn System
and Their Experimental Validation

Ting Cheng and Lijun Zhang

Abstract
A brief review on the thermodynamic descriptions of all
the sub-binary and ternary systems in the Mg–Al–Zn–Sn
system available in the literature was first performed, from
which the most reliable ones were chosen. After that,
thermodynamic description of the quaternary Mg–Al–Zn–
Sn system was established via the direct extrapolation of
the chosen thermodynamic descriptions of the sub-binary
and ternary systems in the framework of CALculation of
PHAse Diagrams (CALPHAD) approach. The reliability
of the established thermodynamic database was finally
validated through a comprehensive comparison of the
model-predicted solidified microstructure characteristics
and phase fractions in different quaternary alloys with the
experimental ones.

Keywords
Mg–Al–Zn–Sn � CALPHAD � Thermodynamic
assessment � Scheil simulation

Introduction

The low density of magnesium alloys makes them an
attractive material for lightweight components in industry,
automobiles, and aerospace fields [1, 2]. For the past years,
numerous researches have been carried out on different
magnesium alloys [3, 4], among which the Mg–RE (rare
earth)-based alloys show excellent mechanical properties
and good corrosion resistance. However, the prices and
reserves of RE elements limit the application of Mg–
RE-based alloys in commercial domain. Therefore, the
development of RE-free magnesium alloys is very crucial.
However, the previous studies indicate the mechanical

properties of the current RE-free magnesium alloys are still
not exceedingly good enough, compared with Mg–RE-based
alloys. Thus, the development of novel RE-free magnesium
alloys is in urgent need. Nowadays, the computational
thermodynamics based on the CALculation of PHAse Dia-
grams (CALPHAD) approach [5] become an efficient tool
that supplies valuable information to guide the design of
alloys and/or the optimization of preparation processing. The
development cycle and costs of novel alloys can be then
significantly reduced with the aid of the computational
thermodynamics. The key point for the alloy design driven
by the computational thermodynamics lies in the accurate
thermodynamic database of the target alloy system. With the
accurate thermodynamic database, the multicomponent
phase equilibria at any composition/temperature/pressure
can be easily obtained. Moreover, the solidification process
of cast alloys of industrial relevance can also be predicted
according to, i.e., the Scheil–Gulliver simulations.

In the field of RE-free magnesium alloys, the AZ (Mg–
Al–Zn) and AT (Mg–Al–Sn) series magnesium alloys have
recently attracted more and more research attention of
researchers [6, 7] due to their low cost. Aluminum is a
common alloy element in magnesium alloys. Al addition can
improve the casting properties and mechanical properties of
magnesium alloys. As a major additive in magnesium alloys,
Zn can play a role in solution strengthening and second
phase strengthening, thus improving the creep resistance of
magnesium alloys. As a special alloy element, Sn additional
in magnesium alloys can induce the Mg2Sn phase with high
melting point that may suppress the slip of grain boundary
and improve the mechanical properties of alloys. Therefore,
if the optimal amounts of additional Al, Zn, and Sn in Mg
alloys can be designed, the optimal mechanical properties of
RE-free Mg–Al–Zn–Sn alloys can be achieved. However,
most of the current researches on AZ and AT series mag-
nesium alloys depends on trial-and-error experimental
investigation [8], which is very difficult to fully exploit the
potential of AZ and AT series alloys. In order to perform the
computational thermodynamics-driven alloy design of the
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Mg–Al–Zn–Sn system, the accurate thermodynamic
descriptions of quaternary Mg–Al–Zn–Sn system are the
prerequisite, but still missing in the literature.

Consequently, the major research targets of the present
paper are (i) to perform a comprehensive review on the
thermodynamic descriptions of all sub-binary and ternary
systems in the Mg–Al–Zn–Sn quaternary system, (ii) to
construct a self-consistent set of thermodynamic descriptions
of the Mg–Al–Zn–Sn quaternary system based on all
sub-binary and ternary systems, and (iii) to validate the
present thermodynamic database of the Mg–Al–Zn–Sn
quaternary system by comparing the Scheil–Gulliver solid-
ification simulation of two casting alloys with the experi-
mental ones available in the literature.

Review on Thermodynamic Descriptions
for Binary Systems

Mg–Al

The Mg–Al binary system is of particular importance to the
magnesium and aluminum industry. The Mg–Al system
consists of three solution phases (liquid, (Mg)hcp, and
(Al)fcc) and three intermetallic compounds b (Al3Mg2), c
(Al12Mg17) and e (Al30Mg23) phases. In 1977, the calculated
phase diagram of Mg-Al system was firstly presented by
Saboungi and Hsu [9]. In their work, the authors treated the
c phase as a stoichiometric compound, which is unreason-
able in fact. The calculated eutectic temperature and com-
positions of (Al)fcc and b phases are inconsistent with the
experimental ones. From the literature [10], some major
issues were found in the work of Ludecke and Hack. The
calculated results by Ludecke and Hack show that Al3Mg2
phase disappears at low temperatures. In addition, the cal-
culated phase equilibria in Mg-rich side are not accurate.
Murray [11] re-assessed the Mg–Al system in 1982. The
author treated c phase as two sub-lattice model, i.e., that one
sub-lattice is occupied by Al and Mg and the other is
occupied by Al and vacancies. It should be noted the c phase
owns an a-Mn structure with four sub-lattices without the
vacancy occupation. Hence, such treatment for c phase is
inappropriate. Afterwards, the thermodynamic descriptions
of Mg–Al system were reported by Saunders [10] and Zuo
and Chang [12], respectively. In their work, the phase f not e
phase was considered in the Mg–Al system. However, the
results of [13] indicated the e phase is stable. Based on the
experimental results of [13], Chartrand and Pelton [14]
reviewed the Mg–Al system again. Later, Liang et al. [15]
re-optimized this system based on the new experimental data
[16]. The calculated results from [15] can well reproduce
most of the reported experimental ones. Therefore, the
thermodynamic parameters from Liang et al. [15] are

adopted in the present work for construction of the Mg–Al–
Zn–Sn quaternary system.

Mg–Zn

As an important binary system, the Mg–Zn system has been
experimentally and thermodynamically investigated by
many groups. In this binary system, liquid, (Mg)hcp, (Zn)hcp,
and five intermetallic compounds (i.e., MgZn2, Mg2Zn3,
Mg7Zn3, Mg12Zn13, and Mg2Zn11) exist. In 1988, a com-
prehensive thermodynamic assessment of Mg-Zn system
was carried out by Clark et al. [17] based on the reported
experimental data by Chadwick [18], Hume-Rothery and
Rounsefell [19], and Park and Wyman [20]. Nevertheless,
Higashi et al. [21] pointed that Mg7Zn3 phase was placed at
the hypereutectic part in the Mg-rich side according to Clark
et al. [17]. Afterwards, the thermodynamic descriptions of
Mg–Zn system were performed by Agarwal et al. [22],
Liang et al. [15], and Wasiur-Rahman and Medraj [23],
respectively. Agarwal et al. [22] treated all the intermetallic
compounds as stoichiometric compounds. However, Park
and Wyman [20] and Massalski [24] reported that MgZn2
phase owns a certain homogeneity range that has been
considered in the assessment of Liang et al. [15] and
Wasiur-Rahman and Medraj [23]. Besides, the liquid phase
was described using the Bragg–Williams model by Agarwal
et al. [22] and Liang et al. [15], while in the assessment by
Wasiur-Rahman and Medraj [23], the modified
quasi-chemical model (MQM) was employed to describe the
liquid phase. Later, Ghosh et al. [25] re-assessed the Mg–Zn
system based on the recently reported enthalpy of formation,
entropy, and Cp information of intermediate phases [26–29].
The thermodynamic descriptions by [15] have been used to
establish the thermodynamic descriptions of Mg–Sn–Zn
[30], Cu–Mg–Zn [31], Mg–Zn–Gd [32]. In consideration of
the consistence of thermodynamic database, the thermody-
namic parameters from [15] are selected in the present work.

Mg–Sn

As a simple binary eutectic system, the Mg–Sn system
includes two eutectic reactions and a congruently melting
compound, Mg2Sn. The phase equilibrium information of
binary Mg–Sn system was crucially assessed by
Nayeb-Hashemi and Clark [33]. In 1984, Fries and Lukas
[34] re-optimized the Mg–Sn system based on the published
experimental information. Afterwards, the thermodynamic
descriptions of this binary system were performed by Jung
et al. [35, 36] and Kang and Pelton [37], respectively. In the
work of [35–37], the high temperature Cp values of Mg2Sn
were evaluated according to the assumption of
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Cp (Mg2Sn) = 2Cp (Mg) + Cp (Sn). Recently, the thermo-
dynamic descriptions of Mg-Sn binary system were updated
by Meng et al. [30], who took into account the newly
reported heat capacities and heat contents of Mg2Sn at low
temperatures [38]. Later, Ghosh et al. [25] re-optimized the
Mg–Sn system. The liquid phase was described with the
MQM. It should be noted a better agreement between the
experimental data and thermodynamic calculations from [30]
is achieved, compared with previous ones [25, 33–37].
Therefore, the thermodynamic parameters of [30] are
directly adopted in the present work.

Al–Zn, Al–Sn, and Zn–Sn

Al and Zn are crucial alloy elements in the magnesium
alloys. Hence, the investigation on the Al–Zn binary system
is also necessary. There are two solid solution phases, i.e.,
(Al)fcc and (Zn)hcp, and three invariant reactions. As early as
1973, Hultgren et al. [39] reviewed the thermodynamic
properties and phase equilibria of the Al–Zn system. Later,
the thermodynamic assessment of this binary system was
carried out by Murray [40]. However, the calculated results
by [40] are not in good agreement with the experimental data
in the literature. Subsequently, Mey and Effenberg [41]
thermodynamically updated this system. However, their
calculated phase boundaries between (Al)fcc2 and (Al)fcc2 +
(Zn)hcp, as well as those for the miscibility gap of the (Al)fcc
phase are obviously different from the reported experimental
ones. Afterwards, thermodynamic assessment of the Al–Zn
binary system was performed by Mey [42], Chen and Chang
[43], and Mathon et al. [44], respectively. The thermody-
namic descriptions by [42–44] give very similar results.
Among the three assessments, the thermodynamic descrip-
tions of Al–Zn system reported by Mey [42] have been
applied to construct the thermodynamic databases for the
Al–Mg–Zn [15], Al–Zn–Ti [45], and Al–Cu–Zn [46] sys-
tems. In consideration of the compatibility of thermody-
namic database in multicomponent systems, the
thermodynamic parameters of Al–Zn system by [42] were
directly employed in the present work.

As a simple eutectic binary system, the Al–Sn system
consists of three solution phases, i.e., liquid, (Al)fcc, and
(Mg)hcp. The Al–Sn system was first reviewed by Hayes
[47]. Subsequently, the thermodynamic parameters from
[47] were included in COST 507 database [48]. Afterwards,
Kang and Pelton [37] thermodynamically reviewed the Al–
Sn binary system by modeling the liquid phase with MQM.
However, the groups of authors [37, 47] did not take into
account the solubility of Sn in (Al)fcc during their thermo-
dynamic assessments. It should be noted the calculated
solubility of Sn in (Al)fcc by Hayes [47] is much larger than
the reported experimental data. In addition, Flandorfer et al.

[49] presented the new experimental data on the enthalpies
of mixing in the liquid phase of this system. In the recent, the
present authors [50] re-optimized the Al–Sn binary system
by taking into account the new experimental information
[49]. The calculated phase equilibria and thermodynamic
properties from [50] show better agreements with compre-
hensive experimental data and have a significant improve-
ment compared with previous assessments [37, 47]. Thus,
the thermodynamic parameters by Cheng et al. [50] were
directly employed in this work.

Similarly, the Sn–Zn is also a simple eutectic system,
consisting of three solution phases, i.e., liquid, (Sn)bct, and
(Zn)hcp. The Sn–Zn binary system was thermodynamically
assessed by several groups [51–53]. Among them, Lee [51]
comprehensively reviewed the Sn–Zn binary system based
on the experimental data. The calculated results from Lee
[51] can better reproduce the reported experimental data.
Hence, the thermodynamic descriptions from [51] were
employed in the present work.

All the calculated phase diagrams of the Mg–Al, Mg–Zn,
Mg–Sn, Al–Zn, Al–Sn, and Sn–Zn binary systems according
to the adopted thermodynamic descriptions from Refs. [15,
30, 42, 50, 51] are shown in Fig. 1, respectively.

Review on Thermodynamic Descriptions
for Ternary Systems

Mg–Al–Zn

Because Al and Zn are basic alloy elements for a series of
high-strength magnesium/aluminum alloys. Thus, the ther-
modynamic descriptions of Mg–Al–Zn are of importance
and can serve as the basis for the quaternary and
higher-order systems. For Mg–Al–Zn ternary system, there
are two ternary phases, which named as / with the nominal
composition (Al, Zn)5Mg6 and T with the nominal compo-
sition (Al, Zn)49Mg32 (note that it was denoted s in [15]),
respectively. In addition, a ternary quasi-crystal phase
named as Q was reported. The ternary Mg–Al–Zn system
was initially assessed by Chen [54] using the technology
from Chen and co-workers based on the PMLFKT program
[55] for computing the phase equilibria. It should be noted
that the models for MgZn2 and T phases are different from
those for their isotopic phases in the Al–Mg–Cu system [56].
Afterwards, Liang et al. [57] assessed the Mg–Al–Zn system
based on the thermodynamic descriptions of the Mg–Al [12],
Mg–Zn [22] and Al–Zn [43] binary systems. In their work,
three different models (disordered solution phases, stoi-
chiometric compounds, and semi-stoichiometric phases) are
used to different phases in this system.

Subsequently, Liang et al. [15] experimentally and ther-
modynamically investigated the Mg–Al–Zn ternary system.
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In their work, 34 ternary samples were annealed at 335 °C
for 19 days. The phase equilibria were determined by X-ray
diffraction (XRD), differential scanning calorimetry (DSC),
and differential thermal analysis (DTA). In addition, the
compositions of these phases were investigated by electron
probe microanalysis (EPMA) and listed in the literature. The
experiments were performed to provide the experimental
information of the ternary solubilities of the Mg–Al and
Mg–Zn phases, as well as to improve the cognitions of
extensions of the homogeneity ranges of / and T phases.
These experimental data together with the constitutional,
thermochemical, and crystallographic data from the literature
were considered in their optimization. Moreover, the ther-
modynamic descriptions of Mg–Al–Zn system were estab-
lished based on the thermodynamic descriptions of the Mg–
Al [15], Mg–Zn [15], and Al–Zn systems [42], which have
been discussed in detail in Sect. 3. The calculated results
from [15] can well reproduce most of the experimental data.
The calculated vertical and isothermal sections in ternary
Mg–Al–Zn system from [15] are shown in Figs. 2 and 3,
respectively.

Mg–Al–Sn

In the Mg–Al–Sn ternary system, no ternary phase was
reported, and no ternary solubilities of the binary inter-
metallic compounds were observed. In 2006, Doernberg
et al. [58] experimentally and thermodynamically investi-
gated the Mg–Al–Sn system. There are 9 samples placed in a
Ta capsule which were melted in argon atmosphere. Seven
samples are with high magnesium contents, with Mg content
varying between 61.7 and 75 at.%. The other two contained
26 and 33.3 at.% Mg, respectively. The isothermal equili-
bration at 400 °C was performed for 3 weeks. The liquidus
of different vertical sections was determined by DTA and
DSC. The microstructure of those alloys was investigated by
XRD and scanning electron microscope (SEM). The calcu-
lated phase diagrams from [58] are in good agreement with
their own experimental results and reported experimental
data from other literature. Afterwards, the thermodynamic
descriptions of the Mg–Al–Sn ternary system were carried
out by Kang and Pelton [37]. In their work, the short-range
ordering was taken into account for the liquid phase. A series

Fig. 1 Calculated phase diagrams of a Mg–Al, b Mg–Zn, c Mg–Sn, d Al–Zn, e Al–Sn, and f Zn–Sn binary systems by Liang et al. [15], Meng
et al. [30], Mey [42], Cheng et al. [50], and Lee [51], respectively
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of calculated vertical sections of Mg–Al–Sn were shown in
their literature. The calculated results can well reproduce the
experimental data. Recently, Cheng et al. [50] re-optimized
the Mg–Al–Sn system and established a self-consistent
thermodynamic database for this ternary system. In their
work, the ternary liquid was described with associated
solution model. A comprehensive comparison between the
calculated phase equilibria/thermodynamic properties and
the experimental data from the literature showed that their
calculate results are in good agreement with these experi-
mental information. Besides, the results of Scheil simula-
tions furthermore validated the reliability of these
thermodynamic descriptions. The vertical and isothermal
sections due to [50] are shown in Figs. 4 and 5, respectively.

Mg–Zn–Sn

For Mg–Zn–Sn ternary system, no ternary phase was
reported in the previous investigations. In 2006, Bamberger
[59] presented the calculated phase diagrams of Mg–Al–Sn
system based on the commercial Mg database. However,

only the isothermal section at 450 °C was shown. Jun et al.
[60] assessed the Mg–Zn–Sn system. In their work, the
authors did not report the thermodynamic parameters and
only showed the liquidus projection. Moreover, the experi-
mental validation for the calculated results did not take into
account in their work.

The thermodynamic descriptions of Mg–Zn–Sn ternary
system were performed by Meng et al. [30] using CAL-
PHAD approach. In their work, the Mg–Sn system was
updated and the thermodynamic parameters of Mg–Zn [15]
and Sn–Zn [51] systems were directly adopted in their work.
The associated solution model was applied for the Mg–Zn–
Sn ternary liquid phase consisting of Mg, Zn, Sn, and
Mg2Sn. Meng et al. [30] showed that the calculated liquidus
projection and vertical sections are in a reasonable agree-
ment with most of reported experimental data. Afterwards,
Ghosh et al. [25] re-optimized the ternary Mg–Zn–Sn system
based on Mg–Sn, Mg–Zn, and Sn–Zn systems from their
own work. Their calculated results are also consistent with
the equilibrium invariant points. The typical vertical and
isothermal sections due to [30] are shown in Figs. 6 and 7,
respectively.

Fig. 2 Calculated vertical
sections in Mg–Al–Zn system
along a 36 at.% Mg, and b 20 at.
% Zn by Liang et al. [15]

Fig. 3 Calculated isothermal
sections of the ternary Mg–Al–Zn
system at 673.15 K and 573.15 K
from Liang et al. [15]
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Al–Zn–Sn

For the Al–Zn–Sn ternary system, no ternary compound was
observed. The thermodynamic assessment of Al–Zn–Sn
system was initially performed by Hayes [47] by means
of CALPHAD method. Later, many groups [61–66]

investigated the experimental enthalpies of mixing of the
liquid phase, activities of Al in the liquid and phase
equilibria information. In consideration of these new
experimental data, Cheng and Zhang [67] thermodynami-
cally re-assessed the Al–Zn–Sn system based on the ther-
modynamic descriptions of Al–Sn [50], Al-Zn [42], and

Fig. 4 Calculated vertical sections close to the Mg–Al side of ternary Mg–Al–Sn system: a Mg0.9777Sn0.0223—Al, b Mg0.9985Sn0.0015—Al, and
c Mg0.95Sn0.05—Al according to Cheng et al. [50]

Fig. 5 Calculated isothermal
sections of the ternary Mg–Al–Sn
system at 623.15 K and 573.15 K
according to Cheng et al. [50]

Fig. 6 Calculated vertical
sections in Mg–Zn–Sn system
along a 2 wt% Mg, and b 48 wt
% Mg by Meng et al. [30]
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Sn–Zn [51] binary systems. The thermodynamic descrip-
tions from [67] are very consistent with most of the exper-
imental data. The calculated vertical sections and isothermal
sections from [67] are shown in Figs. 8 and 9, respectively.

Thermodynamic Models

The thermodynamic parameters of the pure elements Mg, Al,
Zn and Sn were directly taken from SGTE compilation of
Dinsdale [68].

In Mg–Sn binary system, the short-range ordering was
taken into account for the liquid phase that was described
using the associated model [69]. Hence, the associated
model, which is possible to be integrated with the substitu-
tional solution model, was also adopted for the liquid phase
in the Mg–Al–Zn–Sn quaternary system. The liquid phase
was treated as five species (i.e., Mg, Al, Zn, Mg2Sn, and Sn)
and four elements (i.e., Mg, Al, Zn, and Sn), among which
Mg2Sn is the associated cluster. The (Mg)hcp, (Al)fcc,
(Zn)hcp, and (Sn)bct were described as completely disordered
solutions. For Mg-Al-Zn-Sn quaternary system, the molar
Gibbs energy of the solution phase (i.e., liquid, (Mg)hcp,

(Al)fcc, (Zn)hcp, and (Sn)bct) can be expressed as follows
[70]:

G/
m ¼

X

i

xi
0G/

i þRT
X

i

xi ln xi þ EG/
m ð1Þ

where R is the gas constant, / represents the solution phase,

xi and 0G/
i denote the mole fraction and the molar Gibbs

energy of the elements i (i = Mg, Al, Zn, Mg2Sn, or Sn for
the liquid phase while i = Mg, Al, Zn, or Sn for the solid
solution phases), and EG/

m represents the excess Gibbs
energy, which can be expressed by the Redlich–Kister
polynomial:
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X
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with
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vL/i;j xi � xj
� �v ð3Þ

Fig. 7 Calculated isothermal
sections of the ternary Mg–Zn–Sn
system at 623.15 K and 573.15 K
from Meng et al. [30]

Fig. 8 Calculated vertical
sections in Al–Zn–Sn system
along a Al0.0697Zn0.9303—
Al0.1198Sn0.8802 and
b Sn0.949Zn0.051—Al by Cheng
and Zhang [67]
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L/i;j;k ¼ iL/i;j;k xiþ gi;j;k
� �þ jL/i;j;k xjþ gi;j;k

� �þ kL/i;j;k xk þ gi;j;k
� �

ð4Þ

gi;j;k ¼ 1� xi � xj � xk
� �

=3 ð5Þ
vL/i;j (i, j = Mg, Al, Zn, Mg2Sn, or Sn for the liquid phase,
while i, j = Mg, Al, Zn, or Sn for the solid solution phases,

and i 6¼ j) and i=j=kL/i;j;k (i, j, k = Mg, Al, Zn, Mg2Sn, or Sn
for the liquid phase, while i, j, k = Mg, Al, Zn, or Sn for the
solid solution phases, and i 6¼ j 6¼ k) are the binary and
ternary interaction parameters, respectively. These parame-
ters are usually expressed as a + bT. The a and b represent
the interaction coefficients.

Thermodynamic Descriptions for Mg–Al–Zn–
Sn Quaternary System

Up to now, no accurate thermodynamic descriptions for Mg–
Al–Zn–Sn quaternary system have been reported. In the
present work, all the sub-binary and ternary systems were
comprehensively reviewed in the above sections. Based on
the above assessment, the thermodynamic parameters of
Mg–Al–Zn, Mg–Al–Sn, Mg–Zn–Sn, and Al–Zn–Sn systems
due to [15, 30, 50, 67] were directly employed in this work.
Through the CALPHAD approach, a thermodynamic
description of Mg–Al–Zn–Sn quaternary system is then
established based on the Muggianu extrapolation [71].

Figure 10a shows the calculated isothermal section of
Mg–Al–Zn–Sn quaternary system at 573.15 K and 10 at.%
Sn. Compared with Fig. 3b, the existence of Mg2Sn was
conformed in this isothermal section. Due to the addition of
Sn, the number and types of phases in the corresponding
regions change. The existence of Mg2Sn could improve the
strength of Mg alloys. Figure 10b shows the calculated
vertical section of this quaternary system along
Mg0.90Al0.06Zn0.02Sn0.02—Mg0.98 Zn0.02. Taking point A as

an example, it can be found that the (Mg)hcp, Mg12Zn13, and
Mg2Sn are finally solidified structure. It is very obvious that
the Mg12Zn13 will not appear in the Mg–Al–Sn system.
Thus, it can be seen that the addition of 2 at.% Zn has a great
influence on phase diagrams of Mg–Al–Sn ternary system.
According to Fig. 10, it should be noted the addition of
Sn/Zn has a great influence on the Mg–Al–Zn/Mg–Al–Sn
ternary system. Hence, the establishment of self-consistent
thermodynamic database of the Mg–Al–Zn–Sn quaternary
system is of importance.

Experimental Validation

Kim et al. [72] investigated the microstructures of 5 as-cast
Mg–Al–Zn–Sn alloys by means of optical microscope (OM),
SEM, and XRD. The corresponding optical micrographs and
SEM images were also provided in the original publication
[72]. In their work, ingot was fabricated by a squeeze cast.
The quaternary alloys were induction melted at 750 °C in a
mild steel crucible under protective atmosphere and cast into
a permanent mould.

In the present work, the solidified phase fractions of two
as-cast samples (Mg–5Al–1Zn–1Sn (wt%) and Mg–5Al–
1Zn–5Sn (wt%)) from [72] were counted by using the
Image-Pro software based on the SEM images. To validate
the reliability of established thermodynamic database of this
quaternary system, the Scheil solidification simulations were
performed to obtain the solidified phase fractions for the two
as-cast alloys. The simulation results were then compared
with the experimental data. The Scheil solidification mode,
which is based on the assumption of the fast diffusion in the
liquid phase but no diffusion in the solid, is much closer to the
actual casting conditions, compared with the equilibrium
solidification. Based on the current simulation results, the
solidification sequences for Mg–5Al–1Zn–1Sn are L !
(Mg)hcp, L ! c + (Mg)hcp, and L ! (Mg)hcp + c + Mg2Sn,

Fig. 9 Calculated isothermal
sections of the ternary Al–Sn–Zn
system at 573.15 K and 523.15 K
from Cheng and Zhang [67]
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while the solidification sequences for Mg–5Al–1Zn–5Sn
are L ! (Mg)hcp, L ! Mg2Sn + (Mg)hcp, and L !
(Mg)hcp + c + Mg2Sn. The predicted final microstructures of
the two alloys contain Mg2Sn, (Mg)hcp, and c phases, which
are the consistent as the actual as-cast samples. The simulated
solidification paths of the two quaternary alloys are shown in
Fig. 11. Moreover, Table 1 shows the contrast results of
solidification phase fractions between the calculated results
and experimental ones. It should be noted that the experi-
mental values were the average ones determined directly by
using the Image-Pro software based on the corresponding
SEM images from the original publication [72]. According to

Table 1, it should be noted that predicted values for solidified
phases are in good agreement with the experimental ones.

Conclusions

• All thermodynamic descriptions of Mg–Al, Mg–Zn, Mg–
Sn, Al–Zn, Al–Sn, and Zn–Sn binary systems were
crucially evaluated.

• All thermodynamic descriptions of Mg–Al–Zn, Mg–Al–
Sn, Mg–Zn–Sn, and Al–Zn–Sn ternary systems were
crucially reviewed.

Fig. 10 a Calculated isothermal
section of the quaternary Mg–Al–
Zn–Sn system at 573.15 K and 10
at.% Sn, b Calculated vertical
section of the quaternary Mg–Al–
Zn–Sn system along
Mg0.90Al0.06Zn0.02Sn0.02—Mg0.98
Zn0.02, in the present work

Fig. 11 Simulated solidification
paths of a Mg–5Al–1Zn–1Sn (wt
%) and b Mg–5Al–1Zn–5Sn (wt
%) under the Scheil–Gulliver
conditions, respectively

Table 1 Solidified phase fractions obtained by Scheil simulation and experimental statistics

Alloy No. (wt%) Phase Calculated results (vol.%) Experimental statistics (vol.%)

Mg–5Al–1Zn–1Sn (Mg)hcp 95.3 96.7±0.2

Al12Mg17(c) + Mg2Sn 4.7 3.3±0.2

Mg–5Al–1Zn–5Sn (Mg)hcp 92.6 93.6±0.3

Al12Mg17(c) + Mg2Sn 7.4 6.4±0.3
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• A self-consistent Mg–Al–Zn–Sn quaternary system was
established. Moreover, a comparison between the Scheil
simulation results and the experimental data showed a
very good agreement, indicating that this quaternary
thermodynamic database is reliable.
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Investigation and Modelling of the Influence
of Cooling Rates on the Microstructure
of AZ91 Alloys

S. Gavras, M. U. Bilal, D. Tolnai, and N. Hort

Abstract
An increasingly important tool in modern experimental
investigations is the ability to accurately produce a digital
model or “digital twin” of samples and their properties.
This goes hand-in-hand with the primary tenant of
Industry 4.0 which is to provide advanced manufacturing
solutions through the use of cyber-physical systems.
A comparison of various quenching media, namely liquid
nitrogen, water at 5 °C, water at 20 °C and in the air on
the microstructure of permanent mould cast AZ91 alloys
was investigated. Particular emphasis was centred on the
changes in microstructural features such as grain size and
dendrite arm spacing. Phase-field method was used to
produce a digital twin and qualitative analysis of the
investigated cooling rates on AZ91. The combination of
practical microstructural investigations and the simulated
microstructures will advance the knowledge of cooling
rate influences on AZ91 and their ability to be accurately
simulated to assist with property and microstructural
predictions.

Keywords
AZ91 � Quenching � Microstructure � Model �
Digital twin

Introduction

There is increasing importance to be able to simulate and/or
predict the properties of materials in order to expedite pro-
duction and also to decrease costs. If one were to know, in
advance, the microstructure or material properties via some
form of model, then production processes could be stream-
lined. Thus, a decrease in overall production costs can be

achieved. As such, a “digital twin” or computer model is an
invaluable tool for modern alloy development. As one of the
most commonly used magnesium alloys, AZ91 is an ideal
selection to produce a model. A common practice which can
help to modify the microstructures of cast materials such as
Mg alloys is quenching. Changing the cooling rates of a
material via quenching has been used to affect a number of
microstructural features such as grain size, interdendritic arm
spacing, concentration of solute in solid solution, etc. [1, 2].
By selecting four different quenching media with different
cooling rates such as air, 20 °C water, 5 °C water and liquid
nitrogen (LN2) differences in the microstructure of AZ91
are expected. The AZ91 alloys are quenched immediately
following casting. To generate a digital twin of the mi-
crostructure, the phase-field method has been employed. In
computational materials science, this method is notably a
versatile technique for simulating microstructure or interfa-
cial evolution at the microscale. Steinbach et al. [3] pio-
neered such work and proposed the multi phase-field
approach to capture the complete physics behind solidifica-
tion and related phenomena for an arbitrary number of
phases. The idea revolves around tracking the interface in
space x and time t, and is represented quantitatively by the
phase-field variable / x; tð Þ. This variable refers to the local
phase fraction of a phase in N phase system and is defined in
the range of 0�/� 1, where 0 and 1 point to either exis-
tence or non-existence of any representative phase while
values between 0 and 1 correspond to the diffused nature of
the interface between phases. The phase-field variables are
constrained in such a way that the sum is unity, i.e.,

XN
a¼1

/a ¼ 1 ð1Þ

This allows easy identification of all interfacial and bulk
contributions. In general, the multi phase-field model intro-
duces the total free energy density F given as:S. Gavras (&) � M. U. Bilal � D. Tolnai � N. Hort
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F ¼ Z
X

f chem þ f int þ fmech þ � � �� �
dX ð2Þ

F can be obtained as an integral sum of chemical free energy
density f chem, interfacial free energy density f int and
mechanical free energy density fmech over the domain X. The
first two hold vital importance for simulating solidification
or growth process and other free energies like mechanical,
magnetic, electrical, etc. can be added for more detailed
studies. The f chem and f int are given as

f chem ¼
XN
a¼1

/afa cað Þþ
Xni
i¼1

li ci �
XN
a¼1

/ac
i
a

� �" #
ð3Þ

f int ¼
XN

a¼1;b 6¼a

4rab
g

� g2

p2
r/a � r/b þ/a/b

� �
ð4Þ

where /a (or /b) is the phase-field variable of phase a (or b),

fa cað Þ is the chemical-free energy of phase a, li is the
chemical potential, ci is the total concentration of component
i, cia is the concentration of component i in phase a and ni is
the number of components in the system. In f int, rab is the
interfacial energy between phases a and b, and g is the
interface width. Each contribution depends on various state
variables passed initially as an input parameter. Substituting
Eqs. 3 and 4 in Eq. 2, the kinetics of phase evolution can be
written as

_/a ¼
XN
a 6¼b

Mab
dF
d/b

� dF
d/a

" #
ð5Þ

where Mab is the phase-field mobility. The kinetics of dif-
fusion of each component i is given as

_ci ¼ r � Dirci
� � ð6Þ

here Di is the diffusion coefficient of component i. The
evolution of phase-field and concentration tracks the
microstructural changes for a given set of parameters.

Experimental Methods

The alloys were cast by permanent mould indirect chill
casting, described in greater detail in [4]. The composition
was measured via Spark-Optical Emission Spectroscopy
using an Ametek-Spectro Spectrolab M9. AZ91 ingots were
quenched in air, 20 °C water, 5 °C water or liquid nitrogen
from an initial temperature of approximately 700 °C. The
AZ91 alloys were ground and polished using standard met-
allography sample preparation techniques for microstructural

investigations. In order to record polarised optical micro-
graphs of the different samples, each sample was etched in an
acetic acid, picric acid, and ethanol solution for approxi-
mately 2 s. Optical micrographs are recorded for each of the
quenched samples using a Leica DMLM optical microscope
using polarised light. Grain size measurements were obtained
using the linear intercept method. Grain size measurements
were measured from three regions from each sample and
averaged to obtain grain size statistics. A TESCAN Vega3
Scanning Electron Microscope (SEM) in backscattered
electron (BSE) mode was used to investigate changes to the
microstructure and for qualitative compositional analysis via
energy-dispersive X-ray spectroscopy (EDXS). Intermetallic
area fraction measurements were obtained from five regions
per quenched sample. SEM micrographs of those regions
were converted to binary contrast images and ImageJ soft-
ware was used to determine the area fraction of intermetallic.
To produce a digital twin, simulations were performed for
Mg–9Al–1Zn (wt%) in 2D (500 µm � 1 µm � 500 µm) in
a coupled environment of two commercial tools Themo-Calc
(TQ interface) and MICRESS. As given in Eq. 1, only
chemical and interfacial contributions were taken into con-
sideration. The chemical part is responsible for the thermo-
dynamics which is provided by Thermo-Calc on the basis of
Gibbs energy data using the CALPHAD methodology [5].
On the other hand, the interfacial part takes care of how
interfaces of similar and different phases behave and also
controls the morphology of grains. A number of processing,
material and numerical parameters needed to be initialized for
setting up the model. The type of coupling in MICRESS was
set to “concentration” in which the phase-field is coupled
with the concentration field, and diffusion and solute parti-
tioning are evaluated. An automatic time stepping criteria
was chosen with grid spacing of 1 µm and interface width of
4 µm. In the present simulations, heterogeneous nucleation
was achieved using the seed density model, i.e., allowing
seeds of various radii to nucleate if the critical undercooling
permits, to have an equiaxed microstructure. The model
required a predefined density-radius distribution of grains
and was only applied to a-Mg, while Mg17Al12 was set to
precipitate in the interfacial regions. The temperature model
with heat extraction rate as an input parameter was selected
for equiaxed growth. The different cooling conditions in
simulations were implemented by varying the heat extraction
rate _h, i.e., high value of _h refers to high cooling rate. The
extraction rates implemented in this study were _h ¼ 5; 15; 25
and 35 J=cm3 s. The model assumes homogenous tempera-
ture, with no temperature gradients, which is approximated
from the mean values of heat extraction rate and specific heat
over the whole domain. The thermodynamic data, i.e.,
nucleation undercooling, driving force, solute partitioning,
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diffusion coefficient/matrix, etc., are communicated by the
TQ interface which is then used by the phase-field and
diffusion solvers of MICRESS. The pairwise interfacial
energies of phases and anisotropy parameters to exhibit
hexagonal anisotropy of liquid/a-Mg interface were adopted
from the existing literature [6]. Other simulation specific
numerical parameters were calibrated according to instruc-
tions mentioned in the software’s manual [7]. In general, the
TQ interface and four MICRESS models namely: nucleation,
multi phase-field, diffusion and temperature work side by
side to yield the microstructure. The simulation starts with a
pure liquid phase followed by the nucleation a-Mg and
afterwards with Mg17Al12 in the interdendritic regions. The
simulation ends as soon as the solid fraction reaches 100%.

Results and Discussion

The composition of each AZ91 casting quenched in air,
20 °C water, 5 °C water or LN2 is given in Table 1. In
general, each casting of AZ91 has a comparable composition
with the exception of the casting used to quench in 5 °C
water. This casting has approximately 1 wt% more Al in
comparison to the other 3 alloys cast as a result of it being
the final ingot cast. This may explain, in combination with a
possible higher amount of oxide (owing to it being the final
casting) the greater amount of voids and inclusions present
as shown in Fig. 1g. However, the compositional range of
the castings given in Table 1 all still falls within the accepted
margins for AZ91 alloys. Additionally, there is still sufficient
surface area from AZ91 quenched in 5 °C water to perform
unimpeded microstructural analysis.

In Fig. 1, the influence of different cooling rates on the
microstructure, in terms of grain size and interdendritic arm
spacing is apparent. It is interesting to note, however, that
the grain size does not decrease proportionally with respect
to the temperature of the quenching media.

The AZ91 castings left to cool in air have the largest
grains and the greater interdendritic arm spacing Fig. 1a–b. It
would be understandable if one would then expect the 20 °C
water quenched AZ91 sample to have the next largest grain
size since this is the next “warmest” quenching media.
Table 2 shows quite the opposite. The AZ91 sample quen-
ched in LN2 (the coldest quenching medium selected,

−196 °C) has the next largest average grain size. This is due
to the Leidenfrost effect [8] which occurs when an object that
is significantly hotter (in this case approximately 700 °C)
than the boiling point of the liquid (in this case −196 °C)
come in contact. An insulating vapour is produced around the
AZ91 casting, which prevents the LN2 from rapidly
quenching the material. Thus, the expected rapid cooling
properties of the LN2 are significantly reduced. Furthermore,
from Table 2, both water at 20 °C and water at 5 °C are
shown to be more effective quenching media with regards to
average grain size reduction. The average grain size of AZ91
quenched in 5 °C water is approximately 25% of the size of
grains in AZ91 quenched in air (Table 2).

The different cooling rates also have an influence on the
intermetallic morphology and area fraction. Figure 2 shows
micrographs of the AZ91 alloys following their respective
quenching. The air quenched alloy (Fig. 2a) is composed of
a-Mg, a continuous b phase, Mg17Al12 and an Al–Mn rich
phase [9] (which appears brighter in the SEM micrographs).

The morphology of the intermetallic changes in the LN2

quenched alloy from continuous to a eutectic morphology
composed of b phase and a-eutectic, Fig. 2b. This structure
is maintained in the 20 and 5 °C water quenched AZ91
alloys but with a lower area fraction of intermetallic. This is
due to the greater amounts of solute remaining in solid
solution as a result of the more rapid cooling rates [10].
Table 4 shows the decrease in intermetallic area fraction
from the air quenched alloy (7.3 ± 1.8% intermetallic) to
the LN2 and water quenched alloys (<5% intermetallic).

Digital twins generated by the phase-field model are used
to comprehend the underlying physics behind solidification
phenomena. Figure 3 depicts the four simulated
microstructures with _h ¼ 5; 15; 25 and 35 J=cm3 s. It is evi-
dent that the increasing cooling rate leads to small (or fine)
grains. The grain size from the experiments appears to be
exceptionally large as compared to simulations. The grain
size of these twins is sensitive to parameters such as the
inoculant’s initial size, density, critical undercooling,
shielding distance, etc. Absence of these physical parameters
for nucleation makes it challenging to achieve such large
grain sizes. In this regard, the simulated microstructures, in
which final grain size is sensitive to the density and size of
initially precipitated grains, can only be seen in terms of
qualitative comparison with the experiments.

Table 1 Compositional
measurements via Spark-Optical
Emission Spectroscopy for each
casting of AZ91 ingot

AZ91 Composition in wt%

Quenching media Al Mn Zn Be Ca Cu Fe Ni Si

Air 8.99 0.23 0.67 0.00082 0.0003 0.0028 0.0007 0.0011 0.014

20 °C water 8.8 0.26 0.65 0.00092 0.0004 0.0026 0.0012 0.0011 0.015

5 °C water 9.8 0.29 0.73 0.0042 0.0005 0.0031 0.0005 <0.0002 0.0079

Liquid nitrogen 8.99 0.22 0.68 0.00078 0.0004 0.0028 0.0009 0.0011 0.015

Investigation and Modelling of the Influence of Cooling Rates … 283



Fig. 1 Polarised light optical
micrographs of AZ91 quenched
in a–b air, c–d liquid nitrogen,
e–f 20 °C water and g–h 5 °C
water
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Table 2 Average grain sizes of
AZ91 quenched in different
media following casting

Quenching media Average grain size ± SD (mm)

Air 2.26 (±0.16)

Liquid nitrogen 1.35 (±0.13)

20 °C water 0.80 (±0.08)

5 °C water 0.61 (±0.05)

Fig. 2 Backscattered electron
SEM micrographs of AZ91
quenched in a air, b liquid
nitrogen, c 20 °C water and
d 5 °C water. Note in a x1 and x2
are EDXS point measurements
given in Table 3

Table 3 EDXS point scan
measurements of x1 and x2 of
AZ91 air quenched intermetallics
shown in Fig. 2a

Element wt%

x1 x2

Mg 58.3 1.6

Al 38.0 44.0

Si 0.2 0.36

Mn 0.0 54.1

Zn 3.5 0.0

Table 4 Average area fraction
of intermetallic particles of AZ91
quenched in different media

Quenching media Average area fraction ± SD (%)

Air 7.3 (±1.8)

Liquid nitrogen 4.6 (±0.5)

20 °C water 4.5 (±0.7)

5 °C water 3.0 (±0.6)
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One can also notice that the increasing heat extraction
rate affects the morphology. The grains prefer to exhibit
dendritic morphology rather than globular for higher values
of _h. Furthermore, the grain refining effect is more pro-
nounced as _h changes from 5 to 25 J=cm3 s. The twins are
more sensitive to changes with lower values of _h than higher
values, as no effective change in grain size can be observed
for 25 to 35 J=cm3 s. Similar observations of grain size have
been reported elsewhere in the benchmark studies of tech-
nical magnesium alloys [6].

Figure 4 represents the virtual EDXS of line x3 for mi-
crostructure _h ¼ 5 J=cm3 s. The concentrations of Al and Zn
in the interdendritic region are similar to the one observed in
experiments. The phase-field method has predicted the cor-
rect concentrations of alloying elements. It benefits in cap-
turing the concentration kinetics/maps and can lead to insight
knowledge of phenomena like solute pile-up or segregation
in cases where slow diffusing elements, e.g., Mn, are
involved [11]. Since simulations are performed for a ternary
system, i.e., Mg, Al, and Zn, a slight difference between the
experimental and modelled concentrations is possibly caused
by the absence of elements which are present in the casting.

Fig. 3 Simulated
microstructures with varying
cooling conditions;
a _h ¼ 5 J=cm3 s,
b _h ¼ 15 J=cm3 s,
c _h ¼ 25 J=cm3 s and
d _h ¼ 35 J=cm3 s. Note in a x3 is
virtual EDXS line measurement
given in Fig. 4

Fig. 4 Virtual EDXS line scan of the region marked as x3 in Fig. 3a
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Conclusions

AZ91 cast alloys were quenched in air, 20 °C water, 5 °C
water or liquid nitrogen immediately following casting. The
alloy microstructures were investigated via optical and
scanning electron microscopy. The AZ91 alloy left to cool in
air (air quenched) had the largest average grain size. As a
result of the Leidenfrost effect, the AZ91 quenched in liquid
nitrogen had the next largest grain size then followed by the
20 and 5 °C water quenched alloys.

On the other hand, the phase-field simulation results are
in accordance with the experiments to an extent that the
varying cooling conditions yield different grain sizes. The
modelled concentrations in the interdendritic region also
comply with the EDXS measurement. Simulated digital
twins have smaller grains as compared to the experiments
due to lack of nucleation parameters. However, these twins
as a preliminary attempt potentially fulfil the purpose of a
qualitative comparison with the experiments and reveal a
better understanding of physics behind solidification.
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The Independent Effects of Cooling Rate
and Na Addition on Hydrogen Storage
Properties in Hypo-eutectic Mg Alloys

Manjin Kim, Yahia Ali, Stuart D. McDonald, Trevor B. Abbott,
and Kazuhiro Nogita

Abstract
The addition of trace concentrations of elements such as
Na and Sr along with rapid cooling is well-established
method for modification of the faceted eutectic Si in Al–
Si. There have been some efforts to extend this strategy to
Mg-based alloys. For example, it has been reported that
trace Na addition to Mg–Ni alloys can also refine the
eutectic Mg2Ni phase and facilitate functional property
improvements such as hydrogen absorption kinetics. In
this work, we have extended this strategy to a variety of
other Mg-based alloys such as Mg–Ni and Mg–La alloys
through the addition of trace elements and use of different
cooling rates. The modification of the eutectic morphol-
ogy in these alloys is discussed with regard to the Jackson
parameters which were calculated using data from
Thermo-Calc. The relationship between eutectic modifi-
cation and hydrogen absorption kinetics in these alloys is
investigated. The work has demonstrated, contrary to
prior expectations, that microstructural refinement and
hydrogen absorption kinetics are not necessarily
correlated.

Keywords
Magnesium � Eutectic modification � Hydrogen
storage properties � Microstructure

Introduction

Metal hydrides which can store hydrogen in solid state have
been widely studied due to their favourable safety profile
and high energy density. Among many metal elements,
magnesium-based alloys have received attention due to
advantages such as high gravimetric hydrogen capacity
(7.6 wt% H/Mg), abundant reserves, low density, and eco-
nomics. However, there are still barriers for the commer-
cialisation of Mg hydrides for hydrogen storage systems
such as a high formation enthalpy of MgH2 (−75.2 kJ/mol)
and sluggish sorption kinetics and activation processes [1].
Thus further studies are required to improve hydrogen
sorption properties for practical applications including
investigating how catalytic elements and microstructural
modification can influence the thermodynamics and kinetics
of the hydriding/dehydriding processes.

One approach to improve the hydrogen storage properties
of Mg-based alloys is refinement of the microstructure of
Mg-based materials. High-energy ball milling (HEBM) is
one of the popular methods to enhance the hydrogen storage
performance of metals and alloys by producing nanosized
powder and increasing the defect density [2–5]. However,
nanosized Mg synthesised by HEBM is very reactive and
prone to oxidation; thus, extreme care must be taken during
handling. In addition, this technique is less efficient for mass
production since significant energy consumption is required.

Another strategy to improve hydrogen sorption properties
of Mg-based alloys is the addition of catalytic components.
The use of a catalyst facilitates faster hydrogen dissociation
as well as re-combination steps during hydriding/
dehydriding reactions. A multitude of materials such as
transition metals [6, 7], rare-earth metals [8, 9], metal oxides
[10, 11], and carbon-based materials [12, 13] have been
studied for this purpose. We have previously found that trace
sodium additions before casting can accelerate the hydrogen
absorption process of Mg–Ni alloys and refine the eutectic
increasing the density of twinning in the Mg2Ni intermetallic
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phase [14, 15]. It is well known that eutectic modifiers such
as Na, Sr, Ca, and Eu can refine the faceted/non-faceted
eutectic in Al–Si (in some cases) and Al–Ge systems cre-
ating impurity-induced twinning via a re-entrant edge
mechanism [16–18]. In addition, recently Wu et al. reported
faceted/non-faceted eutectic of hypo-eutectic Al–Mg2Si cast
alloys can be modified by Bi additions and Sc additions [19,
20]. It is also reported that Na has a modification effect on
the eutectic Mg2Si phase in the Al–Mg2Si alloy system [21].
Microstructure modification via addition of chemical ele-
ments during casting is a preferred method compared to
other modification techniques such as rapid solidification,
hot extrusion, and heat treatment since it is a simple and
economic process [22, 23].

Nogita et al. invented a method of “producing a hydrogen
storage material including the steps of: forming a Mg–Ni
melt having up to 50 wt% Ni; adding up to 2 wt% of a
refining element to the melt under a non-oxidising atmo-
sphere, the refining element having atomic radius within the
range of 1–1.65 times the atomic radius of magnesium, such
as at least one element selected from the group consisting of
Zr, Na, K, Ba, Ca, Sr, La, Y, Yb, Rb, and Cs; and solidifying
the melt to produce the hydrogen storage material”, and this
IP has been registered worldwide [24]. They have suggested
that the improved hydrogen absorption kinetics are attributed
to refinement of eutectic Mg–Mg2Ni and a high density of
twinning that resides in the faceted Mg2Ni phase that grows
via a re-entrant edge mechanism [14].

However, the microstructure of the eutectic can also be
significantly affected and modified by cooling rate during

solidification. In this study, we have extended this eutectic
modification strategy via minor addition of Na to a variety of
other Mg-based alloys, adding Na to the alloys and solidi-
fying at two different cooling rates. Since Mg acts as the
main hydrogen storage reservoir and additions of alloying
elements reduce the total hydrogen storage capacity of
Mg-based alloys, the alloys at hypo-eutectic composition
were cast. The effect of Na addition and cooling rate during
solidification on microstructure and the morphology of
intermetallic phases in these alloys is discussed in associa-
tion with the Jackson parameter. Mg–La and Mg–Ni alloys
are chosen as examples of the Mg-based alloys cast in this
study for hydrogen absorption test, and their hydrogen
absorption kinetics are discussed.

Experimental Details

A variety of Mg-based binary (8 wt% Ni, 5 wt% La, 23 wt%
Y, 12 wt% Cu, and 1 wt% Si) alloys of commercial purity
(99.9%) and hypo-eutectic composition were prepared with
permanent mould casting process. Figure 1 shows the phase
diagrams of these systems with the composition of the
experimental alloys indicated.

Mg metal was placed in a steel crucible using an electric
resistance furnace at a temperature of 800 °C under a pro-
tective gas composed of 1% SF6 in CO2. When Mg was fully
melted, the alloying elements were added to the Mg melt.
After complete melting and dissolution, an addition of 0.2 wt
% Na was introduced just prior to casting. To ensure that the

Fig. 1 Composition of Mg-based alloys cast in this study is indicated (vertical dashed lines) in schematic phase diagrams based on the available
literature; a Mg–Ni [25], b Mg–La [26], c Mg–Y [27], d Mg–Cu [28], and e Mg–Si [29]
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melts solidified at different cooling rates, two different types
of mould and preheating temperatures were applied. For
casting with a fast cooling rate, an aluminium block with a
shallow cavity (25 cm � 15 cm � 1.5 cm) preheated to
150 °C was used, while a steel mould with cylindrical cavity
of diameter 5 cm preheated to 600 °C was used for casting
with a moderate cooling rate. A schematic image of the
experimental moulds used for casting is shown in Fig. 2.

Hereafter, the samples are labelled with the composition
of the alloys and the cooling rates applied during solidifi-
cation. For example, Mg–8 wt%Ni–0.2 wt%Na alloys
solidified at fast cooling rate and moderate cooling rate are
labelled to Mg–8Ni–0.2Na_FC and Mg–8Ni–0.2Na_MC,
respectively. The as-cast alloys were mechanically ground
and sieved through an aperture size of 125 lm to produce a
fine powder sample for hydrogen absorption testing. For
hydrogen absorption measurements, a Sieverts-type appara-
tus (Suzuki Shokan, Japan) was used with 0.2 g of powdered
sample loaded in a chamber which was evacuated before
heating to 350 °C for 2 h. An initial condition of 2 MPa H2

and 350 °C was applied for the measurement period. The
microstructure of the alloys was investigated using scanning
electron microscope (Hitachi-TM3030 and JEOL-6610,
Japan) and an optical microscopy. The Jackson parameters
for each of the intermetallic phases in the hypo-eutectic
Mg-based alloys were calculated using Thermo-Calc with
the MG 4.0 database. Table 1 shows the volume percent of
eutectic calculated using lever rule and theoretical maximum
H2 storage capacity (based on the hydrogen absorption

reactions and atomic weight of each element) of each
Mg-based alloys cast in this study.

Results and Discussion

Calculation of the Jackson Parameter
of the Intermetallic Phases in Hypo-eutectic
Mg-Based Alloys

In solidification, the Jackson parameter, a, is defined as

a ¼ DSf
R

¼ DHf

RTm

where DSf is the entropy of fusion, DHf is the enthalpy of
fusion, R is the gas constant, and Tm is the melting tem-
perature and is a useful indication of a growth morphology
of a phase. If the a value is smaller than 2, there is a ten-
dency that the crystal grows with a non-faceted solid–liquid
interface, while larger a value indicates that the crystal is
likely to grow with a faceted solid–liquid interface [31].
However, during eutectic reaction, the intermetallic phases
start to solidify at the eutectic temperature. Therefore, we
have calculated two different values of each Jackson
parameter, namely am which is a Jackson parameter calcu-
lated using the melting temperature (Tm) and enthalpy of
fusion (DHm) at the composition where intermetallic is
located in the phase diagram. The other one is ae calculated

Fig. 2 A schematic image of the experimental moulds; a an aluminium block preheated to 150 °C for casting at fast cooling rate and b a steel
mould preheated to 600 °C for casting at moderate cooling rate

Table 1 Volume percent of
eutectic and theoretical maximum
H2 storage capacity of each
Mg-based alloys cast in this study

Alloys Volume percent of eutectic (vol
%)

Theoretical maximum H2 storage capacity (wt
%)

Mg–8%Ni
[30]

26.6 7.03

Mg–5%La 40.0 7.40

Mg–23%Y 84.6 6.65

Mg–12%Cu 29.5 6.60

Mg–1%Si 77.0 7.53
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using the melt temperature (Te) and enthalpy of fusion (DHe)
at eutectic point. The calculated Jackson parameters of the
intermetallic phases in each binary hypo-eutectic Mg-based
alloy are listed in Table 2. There are minor differences
between the calculated values of am and ae although none
were significant enough to change the classification of a
given growth mode. The calculated values indicate that
Mg2Ni, Mg12La, Mg24Y5, and Mg2Cu have a Jackson
parameter less than 2, while Mg2Si has a Jackson parameter
larger than 2.

Microstructures

The microstructures of Mg-based alloys with/without trace
Na addition solidified at moderate cooling rate are shown in
Fig. 1. An SEM in backscattered electron mode was used for
microstructure observation of Mg–8Ni [30], Mg–5La, Mg–
23Y, and Mg–12Cu alloys, while an optical microscope was
used for Mg–1Si alloys as this provided the best contrast
between the Mg and Mg2Si intermetallic. In the case of Mg–
8Ni alloys, Mg–Mg2Ni eutectic was refined after the trace
Na addition which corresponds well with our previous
studies in this system [14, 32]. The ae value of 1.86 is very
close to the threshold value (a = 2). Thus, the morphology
of Mg2Ni is susceptible to morphology changes with Na
additions. However, the non-faceted intermetallic phases of
other alloys having Jackson parameters that are further
below theoretical transition value of 2 including Mg12La,
Mg24Y5, and Mg2Cu did not show any recognisable change
in morphology or even became coarser as shown in Fig. 3c–
j. Interestingly, the faceted Mg2Si phase which has a Jackson
parameter larger than 2 became coarser after Na was added
to the alloy. This result conflicts with that of the eutectic
modification in Al–Si and Al–Ge alloys using chemical
modifiers based on impurity-induced twinning [16–18]. It is
acknowledged, however, that the effect of trace additions in
determining the nucleation pattern, which was not deter-
mined in this research, also plays a significant role in
determining the eutectic growth velocity and morphology
[33].

Figure 4 shows the microstructures of hypo-eutectic
Mg-based alloys solidified at fast cooling rates with/without

Na addition. The smaller size of the Mg primary phase and
more compact or well-refined eutectic of these alloys is
consistent with the faster cooling rate. As shown in Fig. 4,
none of alloys showed any coarse faceted intermetallic phases
regardless of the presence of Na. In the case of the Mg–1Si
alloy, the well-refined and fibrous morphology of the Mg2Si
phase conflicts with the predictions made based on the
Jackson parameter (a > 2). Also, no further refinement effect
on the eutectic in these Mg-based alloys solidified at fast
cooling rates was observed with the addition of Na. In the
case of Mg–1Si alloy beyond the Na addition seems to be
associated with a slightly coarser Mg2Si phase in the eutectic
as shown in Fig. 4j in this study. However, it is difficult to
conclude that Na does not have any potential for modification
of the Mg2Si phase, and further studies in terms of the
dependency of Na addition level and cooling rate on eutectic
Mg2Si phase are required. For example, Emamy et al. [21]
have added Na up to 0.15 wt% to an Al–Mg2Si alloy and
observed eutectic refinement of the Mg2Si phase and Bi and
Sc have shown a modification effect on the Mg2Si in Al–M2Si
alloys [19, 20]. Interestingly, there are some reports that
excess amounts of chemical refiner additions increase the size
of the Mg2Si phase. Wu et al. reported that eutectic Mg2Si can
be refined when Sc is added up to 0.25 wt% but the higher
content of Sc addition increases the size of the eutectic Mg2Si
phase [20]. Guo et al. also reported that primary Mg2Si phase
became coarser when the Bi content exceeded 0.8 wt% [22].
Therefore, there is still a possibility that eutectic Mg2Si may
be refined by adding a lower quantity of Na than 0.2 wt% or
different chemical refiners such as Bi or Sc. In addition,
eutectic refinement can also be achieved by increasing the
cooling rate. The difference of segregation of Na ahead of the
eutectic Mg phase may also differ that ahead of the Al phase
when considering Al–Mg2Si eutectic, and this may also
influence the concentration of Na required for modification.

Hydrogen Absorption Kinetics

A long activation process is one of the disadvantages of
Mg-based alloys for hydrogen storage systems. In particular,
the first hydrogen absorption processes take a dispropor-
tionately long time and at least 4–5 absorption/desorption

Table 2 Jackson’s parameters of
the intermetallic phases in each
binary hypo-eutectic Mg-based
alloys calculated using
Thermo-Calc with MG 4.0
database

Alloys (wt%) Intermetallic
phase

Hm

[J/mol]
Tm
[K]

He

[J/mol]
Te
[K]

am ae

Mg–8Ni [30] Mg2Ni 13,347.53 1037.18 12,020.36 779.15 1.55 1.86

Mg–5La Mg12La 9639.97 927.88 8346.32 886.15 1.25 1.13

Mg–23Y Mg24Y5 8423.47 892.21 8610.39 841.15 1.14 1.23

Mg–12Cu Mg2Cu 11,820.65 840.81 9678.49 758.15 1.69 1.54

Mg–1Si Mg2Si 28,681.78 1354.72 22,318.30 910.15 2.55 2.95

292 M. Kim et al.



Fig. 3 Typical micrographs of
Mg-based alloys with/without Na
addition solidified at moderate
cooling rate: a, b Mg–Ni [30],
c, d Mg–La, e, f Mg–Y,
g, h Mg–Cu, and i, j Mg–Si
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Fig. 4 Typical micrographs of
Mg-based alloys with/without Na
addition solidified at fast cooling
rate: a, b Mg–Ni [30], c, d Mg–
La, e, f Mg–Y, g, h Mg–Cu, and
i, j Mg–Si
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cycles are required to fully activate the Mg-based alloys [34,
35]. The effects of trace Na additions on eutectic morphol-
ogy and hydrogen storage properties are studied on Mg–5La
alloys. For comparison, results of Mg–8Ni alloys are also
included [30]. Moreover, since the cost of La has economic
advantages compared to Ni, the performance of this alloy is
of interest for impact in the hydrogen storage and transport
industries. These tests represent the first hydrogen absorp-
tion with no activation procedure. Figure 5a shows the first
hydrogen absorption curves of the Mg–8Ni alloys. From the
microstructure observations, the eutectic was refined when
Na was added to the Mg–8Ni alloy as shown in Fig. 3b and
faster hydrogen absorption kinetics were observed from the
Mg–8Ni–0.2Na_MC sample compared to the Mg–8Ni_MC
sample. This result agrees well with our previous studies into
the hydrogen absorption kinetics of Mg–Ni alloys showing
there is an improvement in alloys which contained refined
eutectic after Na is added [14]. However, it is also clear from
Fig. 5 that at the higher cooling rate conditions (Mg–
8Ni_FC) the addition of Na improves the hydrogen
absorption kinetics despite little difference in the eutectic
morphology with and without Na. Therefore, while refine-
ment itself seems to be associated with an improvement in
kinetics, Na additions improve the kinetics somewhat inde-
pendently of the morphology.

The independent effects of Na additions compared to
eutectic morphology changes are also clear from the Mg–La
alloys. The hydrogen absorption curves of four different
Mg–5La alloys are represented in Fig. 5b. Interestingly,
once Na was added to the alloys, a significant improvement
of hydrogen absorption kinetics was achieved compared to
the Na-free samples despite no eutectic refinement occurring
as a result of the Na additions. As shown in Figs. 3 and 4,
there is no significant change in the microstructure of the
Mg–5La alloys due to Na additions. In our previous research
in the Mg–Ni system, we observed refined eutectic with Na
additions and it hypothesised that refinement of the eutectic
facilitated the hydrogen absorption process [14, 32].

However, the result of this study shows there is an inde-
pendent effect of Na additions in improving the hydrogen
absorption kinetics of Mg-based alloys and that this effect is
more significant than microstructure refinement and is not
confined to the Mg–Ni system. Nevertheless, the effect of
microstructure refinement on hydrogen absorption reactions
is still present. Among unmodified alloys, Mg–8Ni_FC and
Mg–5La_FC alloys solidified at fast cooling rates show
better hydrogen absorption kinetics than those solidified at
moderate cooling rates (Mg–8Ni_MC and Mg–5La_MC
alloys). The fine eutectic achieved by a faster cooling rate
during solidification may promote preferential diffusion
along the interphase boundaries [36, 37]. Thus, the fine
eutectic can increase the density of interphase boundaries
between the Mg and Mg12La intermetallics providing more
hydrogen diffusion pathways. Moreover, crystallographic
defects such as twinning, dislocations, and stacking faults
can also enhance hydrogen sorption kinetics allowing better
hydrogen diffusivity [38–40]. Therefore, further investiga-
tions using other characterisation approaches such as trans-
mission electron microscopy and synchrotron X-ray powder
diffraction are required for a better understanding of the
mechanisms of hydrogen absorption associated with addi-
tions of Na to Mg-based alloys.

Conclusions

Eutectic modification strategies based on a re-entrant edge
mechanism in Al–Si and Al–Ge alloys have been tested in a
variety of hypo-eutectic Mg-based alloys. Trace amounts of
Na were added to the alloys solidified at different cooling
rates. The Jackson parameters of the intermetallic phase
were calculated using Thermo-Calc with MG4.0 database
and discussed in regard to eutectic modification of these
alloys. No significant changes of the eutectic structure of the
Mg-based alloys were observed fast cooling rates; however,
some alloys solidified at moderate cooling rates did show

Fig. 5 First hydrogen absorption curves of a Mg–8Ni alloys [30] and b Mg–5La alloys with fast and moderate cooling, with and without an
addition of 0.2 wt% Na
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modification of the eutectic structure with Na additions. The
first hydrogen absorption curves of Mg–8Ni and Mg–5La
alloys with and without Na were measured. It was shown
that Na additions were associated with a significant
improvement in hydrogen absorption kinetics and that this
effect is independent of morphological changes in the mi-
crostructure. An increased cooling rate was independently
associated with an improvement in hydrogen storage kinet-
ics; however, this effect was small when compared to the
addition of Na. This work has demonstrated, contrary to
prior expectations, that microstructural refinement and hy-
drogen absorption kinetics are not necessarily correlated.
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Producing High Purity Magnesium (99.99%)
Directly by Pidgeon Process

Bo Yang, Fei Liu, Bo-Yu Liu, Zhi-Min Chang, Lu-Yao Mao, Jiao Li,
and Zhi-Wei Shan

Abstract
Pure magnesium is the foundation of the entire magne-
sium industry. Over 90% of the pure magnesium on the
market is produced in China using Pidgeon process. Even
though the quality of pure magnesium has been improved
significantly in the past decades, the majority of them is
still suffering the following problems: The purity is only
*99.9%; there are still too many kinds of harmful
impurity elements with their content fluctuating greatly in
an uncontrollable manner. The impurities can be passed
to magnesium alloys and degrade their properties signif-
icantly, especially their corrosion resistance ability. This
leaves people an impression that Pidgeon process cannot
produce high purity magnesium directly. As a conse-
quence, it has long been accepted that producing high
purity magnesium requires additional processes, which is
usually costly and time-consuming. After analyzing the
impurities’ source of the Pidgeon process, we developed a
new technique that can produce high purity magnesium
(99.99%) directly by Pidgeon process without signifi-
cantly increasing the costs. The application of this new
technique is expected to benefit the entire magnesium
industry.

Keywords
High purity � Filtration � Pidgeon process � Low cost

Introduction

Over 80% of the world’s pure magnesium yielded in China in
2018 [1] and more than 95% of them was produced through
Pidgeon process. However, by in-depth research in the pri-
mary magnesium enterprises, we found that the quality of
pure magnesium was worrying in terms of purity. Taking a
top primary magnesium enterprise located in Yulin, Shaan
Xi, China, for example, near 98% of its products in 2018
could only reach the 99.90% level, which was the
second-lowest purity standard in the Pure Magnesium Stan-
dard of China, GB/T 3499-2011. There are too many kinds of
harmful impurity elements with their content fluctuating
greatly in an uncontrollable manner and these impurities in
raw material can be passed to magnesium alloys, degrading
their qualities and having a negative impact on their reputa-
tion. High purity magnesium (>99.99%) is not only critical in
manufacturing high purity sponge titanium and high-
performance magnesium alloys, but also has a trendy appli-
cation in the fields of Mg-based biomedical implants [2],
Mg-based anodes in batteries [3].

It has long been accepted that Pidgeon process, with only
traditional flux refining method, cannot produce high purity
magnesium. Additional processes are necessary for further
purification such as vacuum distillation method, which is
usually costly and time-consuming. Here we developed a
new technique that can produce high purity magnesium
(>99.99%) directly through the Pidgeon process without
obviously increasing the cost.

The main impurities in primary magnesium are Si, Mn,
Al, Ca, Fe, etc. We first investigated the source of these
impurities. Traditional Pidgeon process has two main steps,
reduction and refinement, which are two possible source of
impurities. As-reduced magnesium, also called crude mag-
nesium, is the magnesium extracted from the reactant pellets
in the reduction retort. As-refined magnesium is the com-
mercial pure magnesium that refined by flux refining.
Comparison of impurity elements content between the
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as-reduced and as-refined magnesium ingots is shown in
Fig. 1. The flux refining significantly decreased the content
of Ca, from over 2000 ppm to about 50 ppm, and then Al,
from over 800 ppm to about 200 ppm. However, the refin-
ing effect on other impurities, like Mn, Fe and Pb, is not
significant because the flux does not interact with elements
that are less chemical active than Mg [4]. Surprisingly, the
content of some other impurities even increased after refin-
ing, such as Ni, Cu, Sn and Si. The above analyses suggest
that almost all the impurities come from the reduction step,
and the flux refining cannot remove all impurities and can
even bring some impurities. Therefore, if the impurities can
be removed from the magnesium vapor during the reduction
step, a much better refining effect can be expected.

Experimental Setup

We then investigated how to purify magnesium vapor in the
reduction process. Figure 2a is a schematic diagram of the
reduction retort. It is divided into three parts according to the
temperature difference: heating zone, gradient cooling zone
and condenser. Most part of the reduction retort belongs to
the heating zone, where the reduction reaction happens
under an average temperature of around 1250 °C and a
vacuum of 13 Pa. The part covered by the recycled coolant
jacket is the condenser, where magnesium condensation
takes place. Gradient cooling zone is the region between
these two parts. The temperature gradually decreases along
the gradient cooling zone. The magnesium vapor and

impurities generate from the heating zone, migrate along the
gradient cooling zone and finally all stop in condenser.
These impurities generally have two states, condensed state
and gas state. The impurities in condensed state, like small
particles of reactant, are carried into the condenser by the
airflow when pumping starts or by the metal vapor stream
during reaction. For these impurities, the best place to set
filter is the gradient cooling zone. For impurities in gas state,
we use commercial thermodynamics software, Factsage, to
predict their condense behaviors. Based on the calculate
results, we find that some impurities should condense or
deposit at a high temperature, while others will condense or
deposit at a relative lower temperature. The first kind of
gaseous impurity might be effectively blocked by the filter.
For the second kind gaseous impurity, specially designed
filter core is needed.

A specially designed filter was placed in the gradient
cooling zone (marked by blue-dashed frame, Fig. 2a). The
filter consists of three parts, a case, a filter core and a baffle
(Fig. 2b). A special structure of the case was designed to
make sure that the filter could be fixed onto the proper
position in the gradient cooling zone. Two kinds of filter
core were selected to capture the impurities. The baffle can
protect the filter core from direct thermal shock from mag-
nesium vapor stream in high temperature. Figure 2c shows
the cross-section structure of the filter. Vapor flow could be
disturbed by this twisted inner structure and mixed inten-
sively so that the temperature field could be more uniform.
All the experiments were carried out in the magnesium
plants of Fugu JingFu Coal Chemical Co. LTD.
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Results

After a reduction period of about 11 h, condensed magne-
sium ingots with shinning appearance were obtained. The
mass of them is in the range of 25–31 kg, which were
comparable to that of the control group without filter. Note
that this indicated that impurities did not clog the holes in the
filter, otherwise we should see obvious decrease in yield.

In order to minimize the system error, the crude Mg
produced next day, using the same reduction retort in the
same furnace, was specially selected as the control experi-
ment group. Samples were cut from the same position from
both magnesium ingots with or without filter. The purity was
measured by optical emission spectrometry (OES, Thermo
Scientific ARL3460). Most of the impurities dramatically
decreased after the filter was inserted. Figure 3 shows
examples of Mn, Si and Al, which are the key impurities in
primary magnesium. The content of these elements reached
the standard of Mg9999 (Pure Magnesium Standard of
China, GB/T 3499-2011).

Note that the content of Ca was still more than 1000 ppm,
only reduced less than half, but it can be largely removed by
the following flux refining process (see in Fig. 1). Moreover,
the content of iron was 14 ppm, Sn was 17 ppm and other
impurities’ content, like Ni, Cu, Pb, etc., was all in very low
level, which are not mentioned here.

So far it is really difficult to control the content of calcium
in the as-reduced magnesium. That is because it is very
difficult to obtain the ideal and accurate temperature distri-
bution in the plant with only limited reform, especially when
every retort is on its full capacity. It is worth to mention,
however, that we achieved the high purity Mg (>99.99%, Ca
< 10 ppm, Si < 10 ppm, Fe < 10 ppm, Mn *5 ppm, Al
undetectable, using OES GNR S5) directly by Pidgeon
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Fig. 2 Details of our filter
design. a Schematic diagram of a
reduction retort. It can be divided
into three parts by temperature,
heating zone, gradient cooling
zone and condenser. b The filter
consists of three parts, a case, a
filter core and a baffle. c The
cross-section structure of the filter
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reduction without any refinement in our lab study, 50 grams
per cycle, by accurately controlling the cooling path and
using appropriate filters. Analysis results for all elements of
the magnesium mentioned above are listed in Table 1.

Summary

Pidgeon process can be a very “clean” method and 99.99%
high purity magnesium can be produced directly through the
reduction process without costly and time-consuming addi-
tional processes.
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Table 1 Chemical component of
industrial as-reduced magnesium
produced with or without filter
and laboratory as-reduced
magnesium using filter

Purity
(wt%)

Impurity element content (ppm)

Mg Ca Al Mn Si Fe Zn Pb Sn Cu Ni

Industrial,
without filter

99.62 2833 722 111 97 12 11 11 31 <5 <10

Industrial,
with filter

99.80 1926 10 7 15 14 6 6 17 <5 <10

Laboratory,
with filter

>99.99 <10 <10 5 <10 <10 9 9 10 <5 <10
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Research on Properties of Prefabricated
Pellets of Silicothermic Process After
Calcination in Flowing Argon Atmosphere

Junhua Guo, Ting’an Zhang, Daxue Fu, Jibiao Han, Zonghui Ji,
and Zhi’he Dou

Abstract
In the Pidgeon process, the separation of calcination and
reduction process leads to a long production cycle and
high energy consumption. Based on the novel preparation
method of pellets of silicothermic process, the low-grade
magnesite with abundant resources in Liaoning Province
was used as raw material, calcium source, reducing agent,
and fluorite were added to pelletizer directly and then
calcined and reduced in flowing argon atmosphere. The
properties and micromorphology of prefabricated pellets
after calcination were investigated in the work. The
experimental results showed that the hydration activity
and compressive strength of prefabricated pellets after
calcination reached 23.0% and 998 N, respectively. The
recovery ratio of magnesium metal was more than 80% in
the reduction process. The research on calcination of
prefabricated pellets in flowing gas provided a theoretical
basis for continuous extraction of magnesium.

Keywords
Flowing argon � Prefabricated pellets � Calcination �
Silicothermic process

Introduction

Magnesium metal has a wide range of industrial applica-
tions, such as the preparation of titanium, zirconium,
beryllium and other metal reductants [1], hot metal desul-
furizer [2], also used as high-performance hydrogen storage

materials [3, 4]. Magnesium alloys are also widely used in
aviation, transportation, and 3C industries because of their
excellent specific strength and stiffness [5–7]. The extraction
methods of magnesium include magnesium chloride melting
electrolysis and silicothermic reduction under high temper-
ature and high vacuum. Silicothermic process is widely used
in magnesium industry because of its simple process and
easy operation. However, due to the long production cycle,
high energy consumption, and high cost of reducing agent,
the price of raw magnesium remains high [8, 9]. Therefore,
the development of new technology and equipment to reduce
energy consumption and shorten cycle time has become the
focus of the attention of researcher.

Due to these problems of silicothermic process, alu-
minothermic process and carbothermic process have been
widely studied. The aluminothermic process has the
advantages of low reaction temperature, fast reaction speed,
and short reaction period, but the high price of aluminium
powder limits its industrial application [10–12]. Coke is a
reductant in carbothermal process, which has a wide range of
sources and low price. However, magnesium vapor will be
oxidized by CO gas generated simultaneously during
reduction, which seriously reduces the recovery of magne-
sium metal [13–15]. Although CSIRO Minerals Research
Institute put forward the idea of rapid condensation with
Laval nozzle and dissolving magnesium vapor with alloy to
solve the problem of separation of magnesium vapor and CO
in the process of extraction of magnesium by carbothermal
process [16], which makes the industrialization of carboth-
ermal process possible, it is still in the research stage. Mintek
Company of South Africa has put forward MTMP process
[17]. Although it can be produced continuously, the opera-
tion temperature of the process is high (1700–1750 °C),
which requires strictly material properties and service life of
the reaction furnace. Some researchers have also proposed
new technologies such as extraction of magnesium by
microwave and thermal reduction of magnesium from sea-
water [18, 19], which are in the exploratory stage.
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One of the reasons for long production period, high
energy consumption, and discontinuous production of sili-
cothermic process is that the calcination and reduction pro-
cess of dolomite are separated. The calcined dolomite needs
to be cooled at a certain temperature before mixing and
pelletizing. In order to solve this problem, Zhang et al. [20,
21] proposed a novel preparation method of pellets for sil-
icothermic process, which is that dolomite, ferrosilicon, and
fluorite are mixed to produce pellets and then calcined. Fu
et al. [22] only studied the compressive strength of prefab-
ricated pellets after calcination. Based on the novel prepa-
ration method of pellets of silicothermic process, the
low-grade magnesite with abundant resources in Liaoning
Province was used as raw material, calcium source, reducing
agent, and fluorite were added to pelletizer directly without
binder and then calcined in flowing argon atmosphere. The
properties of calcined pellets were studied in the paper
comprehensively, which provided a theoretical basis for
rapid continuous extraction of magnesium.

Experiments

Raw Materials

The experimental raw materials are low-grade magnesite and
ferrosilicon as well as analytical-grade drugs, including
calcium carbonate and calcium fluoride. Among them, fer-
rosilicon comes from Henan, China, with 74.13% silicon
content. Magnesite comes from Liaoning, China. The
chemical compositions are shown in Table 1.

The XRD pattern of magnesite is shown in Fig. 1. The
main phase is MgCO3 with a small amount of CaCO3.
Table 1 shows a small amount of SiO2, Fe2O3, and Al2O3.

Experimental Equipment

Pellets were pressed by briquetting equipment. The bri-
quetting equipment is shown in Fig. 2. The calcination
process was carried out in a vertical tube furnace. The
equipment schematic diagram is shown in Fig. 3.

Experimental Procedures

First magnesite and ferrosilicon were crushed and grinded to
a certain size, then fine magnesite, reductant, calcium car-
bonate, and fluorite were mixed evenly in a certain propor-
tion, and then pressed into cylindrical pellets with a diameter
of 15 mm by briquetting equipment. Then the pressed pellets
were put into corundum crucible with porous. Then the
crucible was put into a vertical tube furnace with flowing

Table 1 Chemical composition
of magnesite

Ore Ignition loss SiO2 Al2O3 Fe2O3 CaO MgO

Magnesite 51.92 0.75 0.19 0.74 0.90 45.50
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Fig. 1 XRD pattern of magnesite

Fig. 2 Briquetting equipment and pellet
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argon gas and calcined at a certain temperature. After cal-
cination for a period of time, the properties of calcined
pellets were tested.

Results and Discussion

Effect of Briquetting Pressure on Pellet Properties

The new pellets used for extraction of magnesium may be
broken up during transportation and calcination, which
affects the recovery ratio of magnesium in reduction process.
Therefore, the effect of briquetting pressure on the properties
of calcined pellets was investigated. Because the diameters
of briquetting equipment and pellet are not different, the
equipment display pressure and actual pellet pressure are
also different. When the equipment pressure indication is
5 MPa, 10 MPa, 15 MPa, 20 MPa, and 25 MPa, the corre-
sponding actual pellet pressure is 69.69 MPa, 139.38 MPa,
209.07 MPa, 278.76 MPa, and 348.45 MPa, respectively. In
the following content, the briquetting pressure is expressed
by the pressure readings of the equipment. Figures 4 and 5
show mass loss rate, hydration activity, and compressive
strength of pellets calcined at 1000 °C for 1 h, respectively.
These results indicate that the mass loss rate and hydration
activity of the pellets are higher when the briquetting pres-
sure was 15 MPa, 40.08%, and 23.0%, respectively. The
compressive strength of pellets increases with the increase of
briquetting pressure before and after calcination. The max-
imum compressive strength is 3827 N and 916 N at
25 MPa, respectively. Comparing with the pellets before and
after calcination, the load on the pellets after calcination is
obviously reduced. The analysis shows that the calcined
pellets produce CO2, which causes many pores in the pellets
and reduces the density of the pellets, so it is easier to crush.

Effect of Magnesite Grain Size on Pellet
Properties

As a raw material for extraction of magnesium, the particle
size of magnesite is closely related to the density and specific
surface area of prefabricated pellets, which may affect the
activity of pellets. Figure 6 shows the mass loss, hydration
activity of prefabricated pellets with different magnesite
grain size after calcination at 1000 °C for 1 h. It can be seen
that the effect of magnesite grain size on pellet activity is not
significant in calcination stage. The weight loss rate of pel-
lets with different particle size fluctuates around 39.40%, and
the hydration activity fluctuates around 13%. From Fig. 7, it
can be seen that the compressive strength of pellets before
calcination is high, which can reach 3198 N at 160 mesh,
while the maximum compressive strength of pellets after
calcination is 950 N, and the compressive strength decreases
with the decrease of magnesite grain size.

Fig. 3 Schematic diagram of vertical tube furnace
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Effect of Temperature and Time on Pellet
Properties

The calcination temperature and time are directly related to
the kinetics of the calcination process. In order to determine
the appropriate calcination temperature and time, the effects
of different calcination temperatures (900 °C, 950 °C, 1000 °
C, 1050 °C) and calcination time (0.5 h, 1 h, 1.5 h, 2 h) on
the properties of pellets were investigated experimentally.
Figure 8 shows that the mass loss rate remains about 40.50%
after 0.5 h at different temperatures. With the extension of
time, the weight loss rate basically does not change. It can be
determined that the complete decomposition of carbonate
takes only 0.5 h. Figure 9 shows the XRD diffraction pattern
of the calcined product after calcining at 900 °C for 0.5 h. It
can be proved that the carbonate is completely decomposed
and the phase CaO and MgO are produced.

Figure 10 shows that the calcination temperature has a
significant effect on the activity of pellets. The higher the
temperature, the lower the activity of pellets. The hydration
activity of pellets at 900 °C is the highest, which is 20%.
With the extension of calcination time, the change of pellet
activity below 1000 °C is not obvious. With the extension of
calcination time at 1050 °C, the activity decreases gradually.
The intensity of diffraction peaks of calcined products at
different temperatures is shown in Fig. 11. It can be seen that
with the increase of temperature, the intensity of diffraction
peaks of MgO and CaO decreases. The analysis shows that
the crystal structure of the products is destroyed at high
temperatures, thus affecting the activity of the products.
Therefore, calcination at high temperatures will reduce the
hydration activity of pellets. It can be seen from Fig. 12 that
the compressive strength of pellets decreases with the
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increase of calcination temperature. The maximum com-
pressive strength of pellets is 998 N at 900 °C. With the
extension of calcination time, the compressive strength of
pellets decreases slightly, and at the same temperature, the
compressive strength of pellets calcined for 0.5 h is better.

The micromorphology of calcined products is analyzed as
shown in Fig. 13. It can be seen from the figure that mag-
nesite particles have been completely decomposed into
MgO. The grain size of MgO is uniform and the boundary is
clear. From 900 to 1050 °C, with the increase of calcination
temperature, the MgO grains change from spherical to
irregular shape, and then the grains gradually agglomerate
together, resulting in cracks in the pellets. According to

relevant reports [23, 24], pseudocrystalline structure of
magnesite is produced after calcination, which still maintains
the original crystal structure of magnesite. With the increase
of calcination temperature, the further agglomeration and
growth of grains lead to the destruction of pseudocrystalline
structure and the shrinkage of particle volume [25, 26]. In
addition, with the time prolonging, the grains further
agglomerate and grow, the pseudocrystalline structure is
gradually broken, the volume of particles continues to
shrink, resulting in the loosening of the whole pellet, and
thus, the compressive strength of the pellets reduces.

Considering the above factors, when pellets with 15 MPa
briquetting pressure were calcined at 900 °C for 0.5 h and
then reduced at 1300 °C for 2 h in a reactor with flowing
argon, the recovery of magnesium was over 80%.
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Fig. 10 Effect of temperature and time on hydration activity

10 20 30 40 50 60 70 80 90

11

11

11

1

1

1

1

1

1

3

3

3

3

3

3

3

3

3

22

22

22

2

2

2

2

2

2

2

2

2

1-MgO
2-CaO
3-Si

In
te

ns
ity

/a
.u

.

2θ/(°)

900

950

1000

1050

3
2

2

1

3

2

3 1 2 2 1 1

Fig. 11 XRD pattern of calcined products at different temperatures

900 950 1000 1050

400

500

600

700

800

900

1000

Co
m

pr
es

siv
e 

str
en

gt
h/

N

Temperature/

 0.5h
 1h
 1.5h
 2h

Fig. 12 Effects of temperature and time on the compressive strength
of pellets

Fig. 13 SEM images of calcined products at different temperatures

Research on Properties of Prefabricated Pellets … 307



Conclusions

1. The mass loss rate and hydration activity of pellets were
the highest at 15 MPa, 40.08%, and 23.0%, respectively.
The compressive strength of pellets increased with the
increase of briquetting pressure. The grain size of mag-
nesite had no significant effect on the properties of
pellets.

2. The hydration activity and compressive strength of pel-
lets were affected by temperature. The hydration activity
and compressive strength of pellets decreased with the
increase of temperature. The hydration activity and
compressive strength were the highest at 900 °C, which
were 23% and 998 N, respectively.

3. When the briquetting pressure was 15 MPa, the calci-
nation temperature was 900 °C and the calcination time
was 0.5 h, and thus, the pellet performance was better.
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Producing Pure Magnesium Through
Silicothermic Under the Atmospheric
Pressure

Fei Liu, Bo Yang, Bo-Yu Liu, Jiao Li, Zhi-Min Chang, and Zhi-Wei Shan

Abstract
The majority of pure magnesium produced worldwide is
made by using silicothermic method (Pidgeon process).
However, the Pidgeon process suffers poor efficiency, low
industrial concentration, and intermittent production. The
main reason is that Pidgeon process requires to keep the
reaction chamber in a vacuum state during the entire
reduction process. By analyzing the thermodynamic
reaction principle, we reveal that it is the low magnesium
partial pressure instead of vacuum that is necessary for the
silicothermic process. Based on this understanding, we
develop a new technique that can produce pure magne-
sium under the atmospheric pressure by using silicother-
mic method. Flowing argon is used to carry away the
magnesium vapor around the reactants, which reduces the
local magnesium partial pressure. The magnesium pro-
duction efficiency reaches 82.36% that is comparable to
the widely used Pidgeon method, and high purity of
magnesium with 99.97 wt% after melting is produced
directly. The industrialized application of this exciting
technique is expected to help the silicothermic to realize
high efficiency, automated, and continuous production
while at the same time completely change the poor
production conditions, and reduce energy consumption
and pollution.

Keywords
Smelting � Silicothermic � Atmospheric pressure �
Flowing argon

Introduction

As the lightest structural metal, magnesium has promising
applications in energy intensive sectors such as automobile
and aerospace industry. China produces most of primary
magnesium. In 2018, the amounts of primary magnesium
produced by China were about 800,000 tons, which accounts
for about 80% of the world’s total production [1]. As the
dominant process of primary magnesium production in
China, Pidgeon process suffers several technical drawbacks,
such as high labor intensity, low production efficiency, high
energy consumption, and serious environmental pollution
[2]. One of the most important origins of these problems is
the fact that Pidgeon process requires vacuum, which makes
the continuous and automated production very difficult.
Once the terminal application markets of magnesium-based
materials fully open, which will require a large amount of
primary magnesium, such backward process will hamper the
development of entire magnesium industry. Therefore, a new
magnesium production process that can achieve continuous,
automated and low pollution is pressingly needed. Recently,
some efforts have been made to modify the reduction tank
[3–5] and reducing agent [6–11] to improve the thermal
reduction process. However, problems such as low effi-
ciency, low automation, and high pollution are not fully
solved because these modified processes still require vac-
uum. The method for the preparation of magnesium under
inert gas proposed by J.R. Wynnyckyj et al. is of great value
in achieving efficient, automated, and continuous production
[12–16]. However, this method has not been able to develop
into an industrial production process for magnesium.
Moreover, only limited number of studies attempted to
investigate the kinetics of the reaction of individual pellet
[17–19]. The current work mainly targets on the develop-
ment of this new magnesium production process under at-
mospheric pressure.
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Analyses of Reaction Principle Under
Atmospheric Pressure

To reduce magnesium from magnesium oxide by silicon
under atmospheric pressure, the temperature needs to exceed
2373 °C [20]. Such high temperature will dramatically
increase the cost of heating devices and the materials of
reduction tank. By introducing calcium oxide into the slag,
the reaction temperature decreases to 1750 °C. Some efforts
have to be made to produce primary magnesium under the
atmospheric pressure at such applicable temperature
[21–27]. However, such a method still suffers ultra-high
energy consumption and cost. Most of these efforts stopped
after China built large number of primary magnesium plants
using the low cost Pidgeon process.

As for the formation of magnesium oxide with magne-
sium vapor, the standard Gibbs free energy change (DGh) of
the reaction between magnesium and oxygen is related to the
pressure of vapor [20],

DGh
Real ¼ DGh � RT ln

PMg

Ph
ð1Þ

where DGh
Real is the real standard Gibbs free energy change

(DGh), and R is the gas constant equal to 8.314 J= mol � Kð Þ.
T is the absolute temperature.

DGh
Real is larger than DGh when magnesium partial pres-

sure (PMg) is lower than standard atmosphere (Ph). That is to
say, by reducing the magnesium partial pressure, the tem-
perature of reaction can decrease effectively. That is why
in vacuum the Pidgeon process can be proceeded even
the temperature is 1200 °C, which is much lower than the
2373 °C mentioned above [28, 29]. Figure 1 shows the
schematic diagram of magnesium partial pressure (PMg)
around the surface of reactants reduced by vacuum and
flowing argon. PMg is reduced in vacuum mainly through the
pressure gradient between reactants zone and condensation
zone (the condensation zone is the place where magnesium
crown forms, and this place is close to the vacuum pump).

Under flowing argon, magnesium atoms generated from pel-
lets collide with argon atoms and move to condensation zone
together with the flowing argon atoms. In the latter case, the
PMg around reactants can also be significantly decreased.

Methods

The raw materials used in our experiments, including cal-
cined dolomite, ferrosilicon, and calcium fluoride, are pro-
vided by Fugu JingFu Coal Chemical Co. LTD (Yulin,
Shaanxi Province, China). The chemical component in
weight is 49.85% CaO, 30.67% MgO, 12.63% Si, 4.19% Fe,
and 2.5% CaF2. The experiment of reduction is conducted in
a vertical tube furnace with 700 mm heating zone and
500 mm uniform temperature zone, which can achieve
temperature up to 1500 °C. The experimental setup is shown
in Fig. 2a. A series of sealable graphite tubes with different
length are placed inside the corundum tube. The flowing
rates of argon are controlled by the flowmeter and reducing
valve. Argon is heated to 1200 °C in the preheating zone
and blew through the surface of reactants. High purity argon
(99.99%) is used in all experiments. The air in the tube is
pumped before experiment, and the pumping is stopped
when heating started. The purity of collected pure magne-
sium is analyzed by arc spark optical emission spectroscopy
(OES, GNR, S5).

One typical result is shown in Fig. 2b. Most of the pro-
duced magnesium vapor condensed on the condenser. The
condensed products grow mainly in the form of dendrites,
which shows fresh and reflective surface without obvious
impurities and oxidation. A magnesium ingot was melt using
these dendritic magnesium in an induction furnace with a
high purity graphite crucible (>99.99%) under argon atmo-
sphere. The surface of the magnesium ingot was polished by
the lathe. The final product is shown in Fig. 2c.

Surprisingly, the magnesium produced by this method is
very pure. Table 1 compares the purity and main impurities
of industrial crude magnesium produced under vacuum and

Fig. 1 Schematic diagram of
how to reduce the magnesium
partial pressure (PMg) around the
reactants. a Vacuum. b Flowing
argon
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the ingot produced in this work. It can be seen that mag-
nesium with higher purity of 99.97 wt% can be directly
produced under atmospheric pressure. The contents of main
impurities in our study like Ca, Mn, Si, Al, and Fe are much
lower than that in industrial crude magnesium. Therefore,
the production method developed in this work is expected to
produce high purity magnesium.

We effectively achieved the heating of large flow rate of
argon. By reacting at 1200 °C for 2 h, we achieved the
reduction efficiency of 82.36%, which is comparable to the
reduction efficiency in industry that uses Pidgeon method
under vacuum. We also found that increasing argon flow rate
could effectively enhance the reduction efficiency.

This new method for the production of pure magnesium
using carrier gas is expected to solve the problems in con-
ventional vacuum-based approach. Although such process
will incur some additional costs due to the use of argon, it is

estimated that the industrialization of such process will
reduce the overall cost by about 15–20% because this pro-
cess can achieve large-scale and continuous production, and
the argon can be recycled.

Summary

Magnesium partial pressure is the key factor in silicothermic
process and can be effectively decreased by vacuum or
flowing argon. By conducting the silicothermic reduction
under flowing argon at atmospheric pressure, we achieved
the production efficiency of 82.36%, which is comparable to
industrial efficiency under vacuum condition. And high
purity of magnesium with 99.97 wt% was produced by the
method developed in this work.

Fig. 2 Experimental setup of
magnesium reduction under
atmospheric pressure with
flowing argon and the collected
pure magnesium. a Experimental
setup. b Condensed magnesium
dendrites on the condenser.
c Magnesium ingot made by
melting the magnesium dendrites

Table 1 Chemical component of
industrial crude magnesium and
magnesium ingot made in this
work

Purity (wt%) Impurity element content (ppm)

Mg Ca Si Mn Al Sn Zn Fe Ni Cu

Industrial 99.67 2122.54 114.12 219.67 819.07 6.84 15.83 30.84 <10 <5

Our study 99.97 85 87.75 22.75 40.75 9.25 15.5 <10 <10 <5
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Effect of Temperature on Magnesium Vapor
Condensation in Inert Carrier Gas

Jibiao Han, Ting’an Zhang, Daxue Fu, Junhua Guo, Zonghui Ji,
and Zhihe Dou

Abstract
The process of magnesium extraction by silicothermic
process is in vacuum, which leads to discontinuous
production. The condensation of magnesium vapor in
inert gas is an important step to realize continuous
magnesium production. In this paper, the condensation
behavior of magnesium vapor in inert carrier gas is
studied. The effects of temperatures on the condensation
phenomenon, temperature in condensation zone, direct
recovery rate of condensation, and microstructure of
magnesium vapor were investigated. The results show
that three different condensation appearance can be
obtained by magnesium condensation in argon gas
conditions, and the size has significant difference, and
large particles of condensed magnesium are more than
500 lm, small particles of magnesium from 50 to 100 lm
and powdered magnesium less than 10 lm. With the
increase of temperature, the initial condensation temper-
ature of magnesium vapor increases from 680.2 to
745.1 °C, small particles of magnesium increases, while
the powdered magnesium keeps constant; the direct
recovery rate of large particles of magnesium decreases
from 27.1 to 15.4%, and the direct recovery rate of
condensed magnesium of small particles increases; higher
purity of magnesium can be obtained at different
temperatures, which can provide theoretical support for
continuous magnesium production process.

Keywords
Magnesium vapor � Inert gas � Initial condensation
temperature � Condensation microstructure

Introduction

As the lightest structural material in industrial applications
[1, 2], magnesium is widely used in metallurgy, mechanical
manufacturing, aerospace, and other fields [3]. The energy
consumption and pollution have been reduced with the
continuous development of magnesium production by sili-
cothermic process [4], but it still belongs to high energy
consumption metallurgical process [5]; the continuous pro-
cess cannot be achieved because of the existence of vacuum.

Therefore, the new technologies and processes was put
forward for the existing problems in magnesium production
by experts and scholars. The kinetics of magnesium reduction
by silicothermic process was studied by Fu [6–9] et al.; a new
process by prefabricated pellet silicothermic process was put
forward, which shortened the period of magnesium produc-
tion. Tian [10–13] collected magnesium powder by carboth-
ermal reduction at 1280 °C and found that magnesium reacted
inversely with CO to form magnesium oxide. The nucleation
and growth process of magnesium vapor under vacuum con-
ditions was described by Yang [14, 15], and the effects of
condensation temperature, temperature gradient, and satu-
rated vapor pressure on the morphology of magnesium crys-
tals were explained. Xiong [16, 17] continued to study the
condensation behavior and obtained the volatilization and
condensation rules of pure magnesium under vacuum condi-
tions. The Australian CSIRO Research Institute [18] uses
supersonic gas injection to rapidly cool magnesium vapor to
obtain condensed magnesium powder which is not easy to
explode. Other experts and scholars have studied the collec-
tion of magnesium vapor condensation [19], which provides
ideas for the continuous production of magnesium extracting.

All the above studies are based on vacuum conditions. In
order to achieve continuous production, magnesium vapor
condensation needs to be carried out in non-vacuum con-
ditions. So the condensation behavior of magnesium vapor
in argon carrier was studied using metal magnesium as raw
material in this paper. The effects of temperature in constant
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temperature zone of magnesium vapor on initial condensa-
tion temperature, direct recovery rate, and condensation
microstructure were studied experimentally in order to
understand the condensation law of magnesium vapor and
provide a condensation method for continuous production of
magnesium.

Experiment

Experimental Materials

Condensation experiments of pure magnesium (99.9%) were
carried out to obtain the condensation law of magnesium
vapor.

Experimental Method

Measure the furnace temperature before placing the sample.
The 15 g (±0.5 g) magnesium ingot was put into the tube
furnace (in a corundum crucible) and volatilized for 2 h at
1000–1200 °C. The experimental device is shown in Fig. 1.

Pure argon (99.99%) was continuously flowed into the
tube at a flow rate of 0.2 m3/h, and the magnesium vapor
was fully mixed with argon and then moved to a

low-temperature zone for condensation. Graphite paper
(0.2 mm thick) is lined inside the tube to collect magnesium
vapor condensation products, and the condensation diagram
is shown in Fig. 2.

The center position of the tube furnace is 0 cm, which is
the raw material placement position (that is the central
position of the furnace which is the initial temperature
position of the furnace temperature measurement). Magne-
sium vapor condenses at different positions after volatiliza-
tion in argon gas flow. Large particles condense at T1–T2,
small particles condense at T2–T3, and powder condense
after T3 (the condensation temperature changes with different
conditions). After collection, the condensate was weighed
and characterized by XRD and SEM.

The formula for calculating the percentage of condensa-
tion mass is as follows:

wi ¼ mi

mt
ð1Þ

wi represents the mass fraction of magnesium vapor
condensation in different regions,

mi represents the mass of magnesium vapor condensation
products in different regions, and

mt represents the total mass of magnesium.

Fig. 1 Tube furnace
experimental device

Fig. 2 Schematic diagram of
magnesium vapor condensation
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Results and Discussion

Description of Experimental Principle
and Phenomena

According to Eqs. 2 and 3 [20], the relationship between
saturated vapor pressure and temperature can be obtained in
Fig. 3 which shows that when the temperature decreases, the
saturated vapor pressure of magnesium vapor decreases
gradually. When the actual partial pressure of magnesium
vapor is greater than the saturated vapor pressure, the
magnesium vapor begins to condense.

lgPðPaÞ ¼ 14:92� 7550
T

� 1:41 lg Tð298�924KÞ ð2Þ

lgPðPaÞ ¼ 13:54� 7780
T

� 0:86 lg Tð924�1393KÞ ð3Þ

Different forms of condensation products appear during
the evaporation condensation process of magnesium vapor

in argon at 1000–1200 °C. The phenomenon of condensa-
tion products at 1100 °C is shown in Fig. 4.

Figure 4a is Mg vapor condensation in T1–T2 region,
which is droplet condensation with large particles; 4 (b) is
small particle condensation in T2–T3; and 4 (c) is powder
condensation after T3. As can be seen from the figure, with
the decrease of temperature in the condensation zone, the
particle size of magnesium vapor decreases, from large
droplets to small particles, and finally to powder. The reason
is that the magnesium vapor moves far from the furnace
center, the temperature decreases, and the magnesium vapor
condenses. As the magnesium vapor continues to move, the
condensation process reduces the partial pressure of mag-
nesium vapor, the lower partial pressure leads to the direct
conversion of magnesium vapor into powdered magnesium
without liquefaction, so the magnesium particles size
decrease gradually, which shown in Fig. 4.

Effect of Temperature in Constant Temperature
Zone on Condensation Temperature
of Condensation Products at Different Positions

Temperature is the main factor affecting the condensation of
magnesium vapor, so the effect of temperature in constant
temperature zone (1000–1200 °C) on the condensation
behavior of magnesium vapor was studied experimentally.
0 cm is the central position of the furnace, and the corre-
sponding data are the central temperature of the furnace. The
temperature distribution of the tube furnace was measured
which is shown in Fig. 5. The purpose of temperature
measurement is to obtain the condensation temperature of
magnesium vapor in different regions after obtaining the
condensation products of magnesium vapor. As the distance
increases, the temperature decreases.

The initial temperature of magnesium vapor condensation
varies with the temperature distribution of furnace and the
temperature in constant temperature zone. Figure 6 shows
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Fig. 3 Relationship between saturated vapor pressure and temperature

Fig. 4 Condensation of
magnesium vapor in different
regions
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the variation of Mg initial temperature at different conden-
sation zones. With the increase of temperature in constant
temperature zone, the initial condensation temperature of
large and small particles of condensed magnesium increases,
from 680.2 °C to 745.1 °C and 599.7 °C to 659.5 °C,
respectively; the initial condensation temperature of pow-
dered condensed magnesium is maintained between 495 and
508 °C; although there is an increasing trend, it remains
basically unchanged. This is because the volatilization rate
of magnesium vapor increases with the increase of temper-
ature in constant temperature zone, and the partial pressure
of magnesium vapor increases at the constant flow rate of
argon; after the two stages of condensation, the vapor
pressure is very low, so T3 basically remains unchanged.
When the temperature change in the constant temperature
zone is from 1000 to 1200 °C, the initial condensation

temperature of large and small particles of condensed mag-
nesium rises 64.9 and 59.8 °C, respectively. From the rela-
tionship between saturated vapor pressure and temperature
and three-phase diagram [21] of metal magnesium, it can be
seen that the condensation temperature increases with the
increase of saturated vapor pressure. When the vapor pres-
sure is higher than the saturated vapor pressure, the mag-
nesium vapor condenses. Therefore, the vapor pressure of
magnesium vapor is the key factor affecting the condensa-
tion temperature, and the temperature in the constant tem-
perature zone plays an important role in changing the vapor
pressure of magnesium vapor.

Effect of Temperature in Constant Temperature
Zone on the Direct Recovery Rate of Different
Forms of Condensation Products

The change of temperature in the constant temperature zone
not only affects the initial condensation temperature of
magnesium vapor, but also affects the condensation direct
recovery rate of magnesium vapor. The relationship between
temperature and condensation direct recovery rate of mag-
nesium vapor in different regions is shown in Fig. 7.

Some of the magnesium vapor is taken out of the furnace
because of the condensation is in the carrier gas flow pro-
cess; therefore, with the increase of temperature, the total
recovery rate of magnesium is 60–67%. Magnesium vapor
pressure increases at high temperature, which makes it easier
to condense. With the increase of temperature, the direct
recovery rate of large particles of condensed magnesium
decreases from 27.1 to 15.4%, when the temperature is
1000 °C and does not reach the boiling point of magnesium,
the direct recovery rate is low, the volatilization is slow, and

Fig. 5 Relationship between furnace temperature distribution and
distance

Fig. 6 Relationship between initial temperature of magnesium vapor
condensation in different regions and temperature in constant temper-
ature zone

Fig. 7 Relationship between temperature and condensation direct
recovery rate of magnesium vapor in different regions
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the vapor pressure is low, so it is difficult to condensate at a
constant temperature. However, the direct recovery rate of
large particles of condensed magnesium decreases with the
increase of temperature due to the re-evaporation of mag-
nesium after condensation. The direct recovery rate of con-
densed magnesium from small particles increased from 18.7
to 26.4%.

Microstructure and Composition of Condensation
Products

Figure 8 shows the microstructure and composition of
magnesium vapor condensation in different regions in the
flow rate of 0.2 m3/h argon at 1100 °C.

Figure 8a shows large particles of condensed magnesium
with a particle size of more than 500 lm; most of them are
spherical or hemispherical. Figure 8b shows a small particles
of condensed magnesium with a particle size ranging from
50 to 100 lm; most of the particles are massive structure. In
Fig. 8c, the particle size of powdered condensed magnesium
is less than 10 lm. This figure proves that magnesium vapor
with different temperatures in condensation temperature
zone can collect different microstructure of magnesium.
From EDS images, the purity of magnesium is higher and
not oxidized. The reason for the existence of carbon element
is that the magnesium metal is collected by condensation on
graphite paper.

As shown in Fig. 9, X-ray diffraction analysis of three
regions of large particles of condensed Mg (1), small parti-
cles of condensed Mg (2) and powder of Mg (3) at 1100 °C,

the XRD diffraction peak corresponds to the characteristic
peak of magnesium, which indicates that the product is pure
magnesium and has good crystallization. Therefore, mag-
nesium collected by condensation has high purity and is not
oxidized in inert gas.

Conclusions

The condensation behavior of magnesium vapor was studied
in inert gas at 1000–1200 °C. The effect of temperature in
different constant temperature zone on condensation tem-
perature and condensation direct recovery rate was analyzed,
and the microstructure and composition of condensation
products were obtained. The conclusions are as follows:

Fig. 8 Microstructure and
composition of magnesium vapor
condensation in different
condensation regions

Fig. 9 XRD analysis of condensation products in different condensa-
tion regions
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(1) With the increase of the temperature in the constant
temperature zone, the initial condensation temperature
of large particles of magnesium increases from 680.2 to
745.1 °C and that of small particles of magnesium from
599.7 to 659.5 °C, while the powdered magnesium is
kept between 485 and 508 °C, with little change.

(2) With the increase of temperature, the direct recovery
rate of magnesium and small particles of magnesium
increases, while the direct recovery rate of large parti-
cles of magnesium decreases, and the powdered mag-
nesium changes accordingly.

(3) Three different microstructures of magnesium were
obtained after magnesium condensation in argon gas
flow; the results show that large particles of condensed
magnesium are more than 500 lm, small particles of
magnesium from 50 to 100 lm, and powdered mag-
nesium less than 10 lm.

(4) The microstructure and composition analysis showed
that the condensed magnesium obtained by this method
was not oxidized and has high purity, which can pro-
vide support for continuous magnesium production
process.
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Mapping Anisotropy and Triaxiality Effects
in Magnesium Alloys

Padmeya P. Indurkar, Shahmeer Baweja, Robert Perez,
Amol Vuppuluri, and Shailendra P. Joshi

Abstract
Microstructure, material properties, and macroscopic
stress state closely interact in determining the strength
and fracture resistance of ductile metals. While a fair
understanding of the microstructure-stress interaction on
strength, deformation stability, and damage has been
achieved for common engineering alloys, the same is not
true for magnesium (Mg) alloys. A fundamental under-
standing of how the net plastic anisotropy influences the
macroscopic load-deformation characteristics and defor-
mation stability will potentially aid the development of
high-performance Mg alloys. A concerted multi-scale
computational effort is essential in providing a deeper
understanding of the deformation micromechanics of Mg
alloys. In this paper, we investigate the microstructure-
property linkages under tensile and compressive loading
states through high-fidelity crystal plasticity modeling and
simulation. Extended investigations along this path
should enable the development of guidelines for
damage-tolerant design of Mg alloys.

Keywords
HCP materials � Texture � Statistical response �
Crystal plasticity � Plastic anisotropy

Introduction

Magnesium (Mg) alloys are promising candidates as light-
weight structural metals owing to their high power-to-weight
ratio. However, its low symmetry hexagonal close packed
(HCP) crystal induces complex plastic behavior, which may
have implications on the macroscopic properties such as
ductility and formability. Although the HCP crystal structure
hosts a large number of slip systems, it often suffers from the
deficiency in the number of slip modes for general plastic
straining by slip from the viewpoint of the von Mises cri-
terion. This paucity of slip deformation is negotiated by the
occurrence of deformation twinning. Moreover, the slip and
twin modes vary significantly, both in their critical strengths
and hardening behaviors, and exhibit complex interactions
with each other resulting in intrinsic plastic anisotropy and
tension-compression asymmetry at the single crystal scale.
Notably, the anisotropic and asymmetric behaviors are per-
vasive even in polycrystals, particularly in highly textured
microstructures.

Understanding the interaction between intrinsic and
induced plastic anisotropy, texture, damage, and stress state
are important to enable designing strong, fracture-resistant
Mg alloys [1–8]. Recent work has focused on textural effects
in the response of notched single crystal and polycrystalline
specimens under tensile loading [3, 5]. Similar studies under
compressive loading states are lacking.

In this work, we interrogate the role of plastic anisotropy
—intrinsic and textural on the material response of Mg
alloys. In particular, we simulate polycrystalline aggregate
representative volume elements (RVEs) with synthetic tex-
tures that mimic experimental rolling textures and investi-
gate their behaviors under tensile and compressive states. In
doing so, the RVE explicitly resolves individual grains, and
the plasticity within each grain is modeled using a
three-dimensional crystal plasticity framework [9]. Our pri-
mary interest here is to understand the structure-property
linkages of damage-free Mg alloys. To that end, we extract
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the statistical aspects of yield and hardening behaviors,
macroscopic deformation anisotropy, and textural evolution.
The stochastic macroscopic behaviors are related to the
relevant microscale deformation mechanisms. We analyze
these behaviors for two levels of intrinsic (defined at the
level of a single crystal) plastic anisotropy—one with a high
anisotropy (representing pure Mg) and the other with a rel-
atively lower intrinsic anisotropy (e.g. AZ31).

Model Formulation

Polycrystalline Aggregate FEM Model

Three-dimensional Voronoi tessellations of a cubic domain
are generated using the Tessellation module (−T) in NEPER
[10]. The cubic domain of dimension L0 comprises Ng

grains. Figure 1 shows the polycrystal representative volume
element (RVE) with Ng ¼ 300: The tessellation is kept fixed
to mitigate any second-order effects arising from topological
deviations. The RVE is meshed using meshing module (−M)
in NEPER with nearly 84,000 fully integrated tetrahedral
finite elements with each grain comprising about 279 finite
elements. Such a fine finite element discretization is deemed
sufficient based on our recent study [5]. The discretized RVE
is exported to ABAQUS/STANDARD®, which embeds
textural information described in the following paragraph.

Individual grains within the RVE are characterized by
distinct crystallographic labels, which are essentially the sets
of Euler angles (Fig. 1) E½ � ¼ �u1 � ur

1 ;
�U� Ur; �u2 � ur

2

� �
.

Each Euler angle is assumed to follow a normal distribution
with mean values �u1; �U; �u2½ � and standard deviations
ur
1 ;U

r;ur
2 . Focusing on rolled sheet materials [1], the texture

is assigned as follows: First, each grain g within the RVE is
initialized as a single crystal with its principal crystal axes,
1�210 ;� ½10�10½ � and 0001½ �, respectively, aligned with the sheet
axes—rolling (L), transverse (T), and the short-transverse
(S) directions. Next, setting �u1 ¼ �U ¼ �u2 ¼ 0, we ran-
domly1 pick three Euler angles Eg ¼ ug

1;U
g;ug

2

� �
from their

respective normal distributions that are bounded by
�3ur

1 ;�3Ur;�3ur
2 (Table 1). Next, a rotation matrix

resulting from Eg½ � is applied to the initial aligned crystal axes
to align it with respect to the sheet axes (L-T-S). A second
rotation matrix is used to map the L-T-S triad with the global
x–y–z triad (loading frame) such that the L-direction is
aligned with the y-axis, which is the global loading direction.
All the Euler angle sets Eg½ � are accounted for with this
additional rotation to achieve the textured crystal geometry
aligned along loading direction.

A nominal strain rate ð_eapp ¼ 1� 10�3s�1Þ is applied
along y-direction. To ensure a uniaxial stress state, _eapp is
applied at the mid-node of the RVE top-face, while the
bottom-face is restricted from translating along the y-direc-
tion thereby also arresting RVE rigid rotations about the x-
and z-directions. Similarly, the left-face is restricted from
translating along x-direction thereby also arresting rigid
rotations about y-axis. Intersection node of front, left, and
bottom faces is pinned to avoid translation along z. Hence,
the RVE deforms longitudinally through top-face (along y-
axis) and laterally through right and back faces (along the x-
and z-directions, respectively). The macroscopic stress state
generated in the RVE is R ¼ Ryy ey � ey

� �
, where ey is the

unit vector in the y-direction. The macroscopic logarithmic
state of strain generated by this stress state is E ¼
Exx ex � exð ÞþEyy ey � ey

� �þEzz ez � ezð Þ where Exx ¼
ln Lx=L0ð Þ, Eyy ¼ ln Ly=L0

� �
, and Ezz ¼ ln Lz=L0ð Þ: The

Lankford ratio is calculated as RL ¼ ETT=ESS ¼ Exx=Ezz.
Finally, the von Mises equivalent stress is

Req ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
3=2ð ÞR0:R0p

¼ jRyyj, and the corresponding effec-

tive strain is Eeq ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2=3ð ÞE0:E0p

where R0 are the deviatoric
stresses and E0 are the corresponding deviatoric strains.

HCP Crystal Plasticity

The constitutive material considered here comprises 18 slip
systems and 12 twin systems (Table 2), and a finite strain
rate-dependent viscoplastic flow rule is employed for each of
these plasticity modes using rate-tangent method, followed
with twinning/spin-induced lattice reorientation. A detailed
algorithmic description of this scheme and its FE imple-
mentation can be found in [9]. Two sets of material
parameters are considered. In Table 3, one set of parameters
is representative of 99.97% pure Mg; the corresponding set
of parameters in the parentheses is representative of an Mg
alloy (AZ31B) [3, 5].

Results and Discussion

Tensile Response

Figure 2a shows the stochastic responses of pure Mg and an
Mg alloy (AZ31) under uniaxial tensile loading along the
rolling direction (L). The solid lines with symbols denote the
average response of the five textures (Table 1), and the
shaded regions indicate one standard deviation resulting
from textural deviations. Figure 2a indicates that, when
loaded in tension along the L-direction, a reasonably large
textural variation (case E is � 30% weaker than case A) does1We use the randn utility in MATLAB®.
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not result in a significant variation in the overall stress–strain
response. Further, the standard deviation about the mean
tends to decrease with increasing strain. Only over a narrow
intermediate strain regime (0:03	Eeq 	 0:06) does the

deviation appear to be of some significance. The upper
bound of the standard deviation coincides with case A, while
the lower bound coincides with case E. Moreover, these
observations hold in both cases, which suggest that the

Fig. 1 Definition of crystal
orientations in a polycrystal
aggregate of HCP single crystals.
The sheet directions L, T, and S
are, respectively, aligned with the
global y, x, and z axes. Typical FE
mesh details of a grain are shown

Table 1 Texture cases
considered in this work

Angles#/cases! A (°) B (°) C (°) D (°) E (°)

ur
1 20 20 30 30 30

Ur 10 20 10 20 20

ur
2 0 0 0 0 10

Table 2 Slip and twin systems
observed in Mg single crystals

Mechanisms Slip/twin plane Slip/twin direction No. of systems

Basal ah i slip (0001) 11�20h i 3

Prismatic ah i slip f10�10g 11�20h i 3

Pyramidal ah i slip f10�11g 11�20h i 6

Pyramidal cþ ah i slip f11�22g 11�23h i 6

Extension twinning f10�12g 10�11h i 6

Contraction twinning f10�11g 10�1�2h i 6

Table 3 Material properties for
pure Mg and (in brackets) Mg
alloy (AZ31B)

Mechanisms s0ðMPaÞ h0ðMPaÞ ssðMPaÞ si0=s
pris:asl:
0

Basal ah i slip 0.5 (10) 20 (50) – 0.02 (0.18)

Prismatic ah i slip 25 (55) 1500 85 (110) 1

Pyramidal ah i slip 25 (55) 1500 85 (110) 1

Pyramidal cþ ah i slip 40 (60) 3000 150 (170) 1.6 (1.09)

Extension twinning s0ðMPaÞ hetðMPaÞ ss etðMPaÞ het slðMPaÞ 0.14 (0.27)

3.5 (15) 100 (120) 20 (30) 100

Contraction twinning s0ðMPaÞ HctðMPaÞ Hct slðMPaÞ b 2.2(1.55)

55 (85) 6000 15 0.05
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intrinsic crystallographic anisotropy plays a negligible role,
if any, in the stochastic response of these materials.

In terms of the correlation between the yield strength and
texture, A > C > B > D > E; the average response (solid
lines with symbols) lies between cases C and B (for both
pure Mg and Mg alloy), which indicates the stronger effect
of variation of U than u1. It follows from the notion that
deviations of 1�210½ � due to u1 variation do not cause a
significant variability in yield strength as Mg is expected to
exhibit transverse isotropy in the L-T plane. The higher
strength and somewhat higher hardening in the Mg alloy
relative to pure Mg are a consequence of the higher s0 and ss
for the prismatic ah i mode—a favorable mechanism in both
materials (cf. Fig. 3b).

In comparison, the lateral deformation anisotropy
defined by the Lankford ratio RT

L ¼ ETT=ESS is more sen-
sitive to textural deviations (Fig. 2b). For a given material,
it deviates significantly from isotropy (RT

L ¼ 1). Pure Mg
exhibits an overall higher lateral anisotropy compared to
the Mg alloy. The average value of RT

L for pure Mg is � 8
while that for the Mg alloy is � 3. These values are
consistent with recent studies on smooth and notched
rounded bars [1, 5]. The effect of texture and material
anisotropy on RT

L for smooth cylindrical tensile specimens
was discussed in [3, 5] which concluded in lateral aniso-
tropy causing elliptical cross sectioned specimens with the
S- and T-directions as the major and minor axes, respec-
tively. Textured pure Mg specimens at areal notch strain of
0.2 had RT

L � 45 for a textural variation defined by
Er½ � ¼ 30
; 0; 0½ �. For a similar texture, the polycrystalline
Mg alloy gave RT

L � 35 while RT
L � 2:5 for

Er½ � ¼ 0
; 10
; 0½ �. The tempering of the lateral anisotropy
in the Mg alloy seems to be related to the lower difference
in the initial and saturation strengths of pyramidal ah i and
pyramidal cþ a modes compared to pure Mg. In other
words, the harder the pyramidal cþ ah i the more difficult is
the contraction of the c axis, which is on average oriented
along S. Further, the evolution of Lankford ratio for pure
Mg is more sensitive to the texture compared to Mg alloy.

Among the different textures, case C (case A is a close
second) is most laterally anisotropic for both pure Mg and
AZ31. On the other hand, in both materials, case D has the
lowest RT

L (and not case E as one would expect). That is,
for a given u1, the lateral deformation anisotropy decreases
with increasing U; on the other hand, if both u1 and U are
held constant in the initial texture, a variation of u2 does
not seem to push RT

L ! 1. Instead, the deformation tends to
become more anisotropic. Hence, case D consistently has a
lower RT

L (closer to 1) than case E for both materials.

Compressive Response

Figure 4a shows the average macroscopic response of the
RVEs when loaded in compression along the rolling (L) di-
rection. As in the tensile loading case, the shaded regions
indicate one standard deviation resulting from textural
variations (cf. Table 1). From the nature of the stress–strain
responses, it is evident that extension twinning is a preferred
and dominant deformation mode in the initial stages, which
results in the characteristic sigmoidal response. Surprisingly,
the effect of textural variation is even weaker than in the
tensile loading case. Note that the anisotropy ratio of the
CRSS values between extension twinning and pyramidal
cþ ah i is � 4 for the Mg alloy, while it is much larger
ð� 11Þ for pure Mg. In other words, even with nearly 30%
textural weakening (relative to the strong texture, case A)
and � 60% enhancement of the CRSS for extension twin-
ning, deformation twinning remains a dominant deformation
mode, thereby producing an overall softer response under
uniaxial compression along the L-direction.

In both material systems, the upper bound of the shaded
regions corresponds to case C (case A is a close second),
while lower bound corresponds to case B (case D is close).
From the viewpoint of textures, deviations in U tend to
weaken the post-twinning hardening. The intermediate
hardening (between the two plateau-like regions) also
depends on the textural strength, albeit weakly.

Fig. 2 Stress–strain ðReq � EeqÞ
responses and Lankford ratio (RT

L)
evolution under uniaxial tension
along the rolling (L) direction
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Interestingly, the evolution of Lankford ratios for both
materials stands in stark contrast to its counterpart under the
tensile loading on several counts (cf. Figure 4b). First, the
qualitative nature of the evolution is different: it transitions
from RC

L\0 to RT
L [ 0, unlike the tensile case where RT

L � 1
throughout the deformation. The transition coincides with the

equivalent strain at which the twinning-induced rapid hard-
ening kicks in. Second, the ratio tends toward 1, indicating a
decrease in the lateral strain anisotropy with progressive de-
formation. Physically, under uniaxial compression along the
L-direction, the lateral extension along the S-direction is easier
compared to that along theT-direction; in fact, extension along

Fig. 3 Average relative activities
of different mechanisms �fi

� �
and

twinning volume fraction f ið Þ
evolution responses for the
polycrystalline textures
considered under uniaxial tension
along the rolling (L) direction

Fig. 4 Average equivalent stress
ðReqÞ and Lankford ratio (RC

L)
evolution responses for the group
of polycrystalline textures
considered under uniaxial
compression along rolling
(L) direction
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the T-direction stagnates while that along the S-direction
evolves rapidly during twinning. Due to textural variations,
the ch i tends to be distributed in the L-T plane after the global
reorientation process is largely complete, which results in a
decrease in the rate of extension along the S-direction; at this
stage, there is an increase in the extensional rate along the
T-direction, which leads to RC

L ! 1.
As in the tensile loading case, the variability in the

Lankford ratios (in both materials) is much larger compared
to the variability in the stress–strain response. However,
unlike the tensile counterpart, their evolution, in an average
sense, is insensitive to the intrinsic crystallographic aniso-
tropy. Further, the Mg alloy appears to be more sensitive to
textural variations than pure Mg, which is in contrast to the
tensile loading scenario.

As seen from Fig. 5e, in the initial stages, extension
twinning is indeed the primary carrier of plastic deformation
accounting for � 70� 10% of the deformation activity. In
this regime, basal slip is the next dominant mode

ð� 28� 10%Þ. Weaker initial textures promote �fbas: ah i

(Fig. 5a), which can be understood by the fact that any
variation of ch i-axis on LS or TS planes (promoted by U)
will increase the resolved stress on basal planes to the extent
that a grain with LS axis oriented along the y-direction (i.e.
45
 deviation), will result in the maximum Schmid factor on
the basal planes. Given that the s0 and hardening rates (h0
and het) for both these mechanisms are much lower than
other deformation modes, they dominate the overall plas-
ticity in the initial regime prior to twinning-induced reori-
entation. Accumulated fet before reorientation is � 70% for

Fig. 5 Average relative activities
of different mechanisms (�fi) and
twinning volume fraction f ið Þ
evolution responses for the
polycrystalline textures
considered under uniaxial
compression along the rolling
(L) direction
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both materials reinforcing the pervasive nature of twinning
even in weaker textures. After reorientation, pyramidal
cþ ah i dominates the response for both materials accounting
for � 70� 5% of the total deformation activity; the
remainder contributions come from prismatic ah i and pyra-
midal ah i modes. Interestingly, unlike in the tensile loading
case where pure Mg showed much higher pyramidal cþ ah i
activity compared to that in the Mg alloy, in the compressive
loading case, it is largely insensitive to the intrinsic crys-
tallographic anisotropy. Clearly, the large variability in the
relative activities translates into the corresponding variability
in the Lankford ratios (cf. Fig. 4b) that does not result in
very high standard deviation in strength response as these
mechanisms have similar CRSS and hardening responses.

Texture Evolution

Figure 6 is a collage of textural evolution under both loading
states for the sharpest (case A), weakest (case E), and

intermediate (case D) initial textures. The texture plots are
created using MTEX [11]. Due to the variability of u1, the
1�210½ � directions of individual grains deviate from the tensile
loading direction (L). At the grain scale, with increasing u1,
one of the two active prismatic ah i variants becomes a pre-
ferred system (based on a Schmid factor); as a result, lattice
spin occurs causing crystal rotation that effects textural
sharpening by pushing 10�10ð Þ away from the initial pole
along T towards L (cf. Fig. 6a, d). A further effect is that the
intensity of 10�10ð Þ poles along T is reduced. The relative
reduction in the [0001] pole intensity is much smaller due to
the dearth of the activity of mechanisms that can cause spin of
ch i axis, namely pyramidal cþ ah i, ET, and CT (all <10%).
Moreover, similar plastic strain accrual on the conjugate
variants of these mechanisms will reduce the net spin.

Under compression, twinning causes an instantaneous
change in texture. Apart from the significant shifting in the
poles, the textural deviation is also marked by reduction in
intensity of the newly aligned poles. Schmid analysis indi-
cates that compression along the L-direction can activate

Fig. 6 Evolution of [0001] and 10�10½ � pole figures on the LT plane for
textures A, D, and E under uniaxial tension and compression along the
rolling (L) direction. The central row shows initial textures, with central
column being for moderate initial texture (case D), left for sharper
initial texture (case A), and right for weaker initial texture (case E). Top

row shows deformed texture under tension, while the bottom row
shows deformed texture under compression (both at Eeq ¼ 0:10). The
color bars show intensities plotted in pole figures for [0001] (left) and
10�10½ � (right) poles, respectively
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four twin variants: 0�112ð Þ 01�11½ �; 01�12ð Þ 0�111½ �;
1�102ð Þ �1101½ � and �1102ð Þ 1�101½ �; as such, an individual grain
in the ensemble has equal probability of reorienting its ch i
axis along one of these directions in the LT plane, effectively
splitting the intensity of 0001½ � poles into these four regions.
This transition is more evident for a sharper texture, cf.
Figure 6d, g. The change in 0001½ � poles is correspondingly
marked by the emergence of 10�10½ � poles out of the LT plane
as shown in Fig. 6g.

An initial sharper texture undergoes relatively larger
weakening with deformation (see maximum pole intensity
values). For progressively weaker initial textures, the evolution
remains qualitatively similar to the sharper texture, although
with some additional aspects. In particular, note the emergence
of two 0001½ � poles closer to the initial 10�10½ � poles on the LT
plane. These poles are formed because, with increasing spread
in texture, there is a decreasing resolved stress on the four twin
variants most active in case A but marked by an increase in
resolved shear stress on the remaining two variants
( 10�12ð Þ �1011½ � and �1012ð Þ 10�11½ �) whose twin directions
( �1011½ � and 10�11½ �, respectively) result in reoriented ch i axis
along 10�10h i. This also results in these reoriented grains
having their 10�10½ � poles emerging on LT plane.

Summary: In this work, we investigate the stochastic
behavior of Mg polycrystals by considering several synthetic
textures that mimic experimental rolled textures. Focus is
laid on quantifying the behavior under monotonic tensile and
compressive loading along the rolling direction. The salient
outcomes are as follows:

1. In tensile loading, the Lankford ratio increases with de-
formation, exhibiting a strong sensitivity to plastic ani-
sotropy both, crystallographic and textural. This
sensitivity is consistent with the sensitivity of the de-
formation mechanisms to textural variability. Yet, the
variability of the deformation mechanisms (and by
extension, of the lateral strains) does not reflect in the
variability of the stress–strain responses. Interestingly,
this observation holds even in the case of a high crys-
tallographic anisotropy, e.g. pure Mg.

2. In compressive loading, even for relatively weak tex-
tures, the extension twinning mode governs the initial
response. The stress–strain response is relatively insen-
sitive to the initial texture during the stage, while
extension twinning is active. However, the sensitivity of
the stress–strain response to textural variability is exac-
erbated once twinning-induced material hardening
occurs. In contrast to the tensile case, the Lankford ratio
evolution is non-monotonic; the lateral strains approach

isotropic state at high strains. Moreover, the deformation
anisotropy is insensitive to the intrinsic crystallographic
anisotropy, unlike the tensile case.
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Cold Formability of Extruded Magnesium
Bands

Maria Nienaber, Jan Bohlen, Jose Victoria-Hernández,
Sangbong Yi, Karl Ulrich Kainer, and Dietmar Letzig

Abstract
Three magnesium alloys with texture and microstructure
modifying elements, binary M2, and the alloyed coun-
terparts with Ca (MX21) and rare earth element (ME21)
were extruded to flat bands under similar conditions. The
microstructure and texture in extrusion significantly differ
from those developed in rolled magnesium sheets. The
influence on the mechanical properties and the forming
behaviour, in terms of Erichsen values, with relation to
microstructure, texture, and strain rate sensitivity was
examined. A clear difference in texture development and
strain rate sensitivity is shown in dependence on the
alloying composition. In addition, not only the texture,
but also the microstructure has a great influence on
formability.

Keywords
Magnesium � Extrusion � Magnesium sheet �
Formability � Erichsen value

Introduction

The full potential of magnesium as a lightweight material
can only be exploited if it is clear which deformation
mechanisms are active in Mg flat products at room tem-
perature. Plastic deformation is basically controlled by dis-
location slip, twinning, and grain boundary sliding. In
general, the hexagonal structure of Mg is responsible for the
fact that the formability at room temperature is limited due to
the low number of active slip systems. Therefore, the control
of grain size and texture during thermomechanical process-
ing (rolling or extrusion) is the enabler to improve the

properties and broaden the range of applications of Mg
wrought alloys. Usually commercial wrought alloys have a
strong basal texture during the manufacturing process, which
causes a limited formability at room temperature.

Many studies have shown that the addition of rare earth
elements (RE) or Ca weakens the texture and, consequently,
improves formability [1–4]. The grain size also seems to
influence the deformation behaviour considerably. It has
been shown that, depending on grain size and strain rate, a
flat band with a strong basal texture can be deformed very
well [5, 6].

Somekawa et al. [7] has already investigated the
stretchability of binary Mn alloys very precisely and shows
that high Erichsen values can be achieved with slow defor-
mation speed, although it reveals a typical basal texture, i.e.
a distinct alignment of basal planes parallel to the sample
surface. Grain boundary sliding (GBS) is assumed to be the
main deformation mechanism. Nevertheless, the binary alloy
showed low strength, which is not optimal for an industrial
application [8].

In this work, the binary master alloy with 2 wt% Mn (M2)
and the alloyed counterparts with Ca (MX21) and RE
(ME21) are produced by direct extrusion with a similar
fine-grained microstructure. It is assumed that the addition of
Ca and RE will result in an increase of strength. The me-
chanical properties and the forming behavior (Erichsen test)
with respect to microstructure, texture, and strain rate sen-
sitivity are presented and discussed.

Experimental Procedures

Table 1 shows the chemical compositions of the alloys used
in this study analyzed by spark emission spectroscopy
(SPECTRO, SPECTROLAB M). Ca was added in the form
of flakes, Ce as Ce mixed metal (Ce 50%, La 30%, Nd 16%,
Pr 4%), and M2 as a master alloy. The MX21 and ME21
alloys were produced using a modified gravity casting pro-
cess including directional solidification in a crucible [9]. For
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the extrusion process, billets with a diameter of 49 mm and a
length of 150 mm were machined using cast material
(ME21, MX21) and master alloy (M2). The homogenization
of these billets was carried out for 16 h at 500 °C (for M2
and ME21) and 400 °C (for MX21) in a circulating air
furnace.

The extrusion experiments were performed using a 2.5
MN automatic extrusion press of Müller Engineering. The
manufacturing of the Mg bands with a width of 40 mm and a
thickness of 2 mm, corresponding to an extrusion ratio
R = 1:24.5, was carried out by direct extrusion with an ex-
trusion speed of 0.6 mm/s (profile exit speed of 0.9 m/min).

As the alloys have different strengths and consequently
different flow behaviours, the extrusion temperature varies in
order to obtain a similar microstructure. The extrusion
temperature of 150, 300, and 350 °C was applied for M2,
MX21, and ME21, respectively. The billets were preheated
for one hour at process temperature. In order to achieve a
partially recrystallized microstructure, all tests were extruded
at the lower process window.

Microstructural analysis was performed using light
microscopy and scanning electron microscope (SEM). The
samples for the microstructural analysis were taken from the
extruded bands so that the micrographs show the plane
stretched by the extrusion direction and the normal direction
of the strip. The specimens were embedded with cold
embedding compound Demotec 30. The samples were first
ground with fine SiC paper (#800, #1200 and #2500) and
then polished with 1 µm diamond suspension and OPS
(oxide polishing suspension). An etchant was mixed with
picric acid according to Kree et al. [10]. Because
Mn-containing alloys are very difficult to etch, 0.5 ml nitric
acid was added to the etchant to make the grain boundaries
better visible. The specimens were etched for 5–10 s. For a
better analysis of the homogeneity of the microstructure,
images with polarized light were also taken. Sample prepa-
ration for the SEM investigations was carried out without
etching.

The quantitative texture measurements were performed
on samples, which had been ground down to the center and
then polished, with an X-ray diffractometer (PANalytical
Type X’Pert PRO MRD) using Cu-Ka radiation with a beam
size of 2 � 1 mm2. Six pole figures, (0 0 0 2), {1 0 −1 0},
{1 1 −2 1}, {1 0 −1 1}, {1 0 −1 2}, and {1 1 −2 3} were
measured up to a tilt angle of 70°. The orientation distri-
bution function was calculated using an open-source code

MTEX [11]. In this study, the textures are represented in the
form of the recalculated (0 0 0 2)- and {1 0 −1 0} pole
figures.

For the tensile tests in extrusion direction (ED) and
transverse direction (TD), bone-shaped samples according to
Din 50125 H (modified) with a measuring length of 18 mm
and a width of 5 mm were tested. The tests were performed
at room temperature with a quasi-static strain rate of 10−3 s−1

and 10−4 s−1 using a universal testing machine (ZwickTM
Z050).

The stretch forming behavior (Erichsen value (IE)) was
investigated on complete sections of the extruded bands with
a lubricant (OKS 352) at room temperature. The tests were
carried out with a blank holding force of 10 kN, a punch
diameter of 20 mm, and a forming rate (punch displacement)
of 5 and 0.5 mm/min.

Results and Discussion

The microstructures of the extrusion bands show a duplex
microstructure consisting of recrystallized fine grains and
non-recrystallized coarse grains elongated along the ED in
all three alloys, in Fig. 1. It is not possible to determine the
grain size in any alloy due to the fact that all microstructures
are only partially recrystallized. It seems that the addition of
the alloying elements Ca and RE makes the recrystallized
area coarser than in the binary Mn alloy.

M2 was extruded at 150 °C and shows (Fig. 1a) strongly
deformed areas and deformation bands due to the very low
extrusion temperature. With polarized light, Fig. 1d, it can
be clearly seen that there are areas consisting of newly
formed recrystallized grains in addition to the strongly
deformed elongated grains. In addition, a grain size differ-
ence can also be observed in the recrystallized areas.
The SEM image in SE mode of M2 (Fig. 1g) reveals finely
distributed Mn particles in the matrix in addition to the
coarse Mn chunks. These can also be detected in MX21
(Fig. 1e) and ME21 (Fig. 1f).

The ternary alloys also contain particle stringers. These
are precipitates from the original cast structure, which have
also been deformed and are linearly oriented in the direction
of extrusion. Consequently, these are not newly formed
precipitates resulting from the process.

Themodynamic calculations with PANDATTM software
revealed that Mn does not form any stable compounds with

Table 1 Alloys in this study and
their chemical composition; in wt
%; Mg balance

Alloy Mn Ca Ce La Nd Pr

M2 2.0 – – –

MX21 2.26 1.04

ME21 2.0 0.50 0.31 0.13 0.038
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Mg, Ca, or RE, in the ternary alloys. Hence, possible
intermetallic phase for the stringers in MX21 is Mg2Ca and
at ME21 Mg12RE. Despite the higher extrusion temperature
comparing to M2, ME21 and MX21 exhibit a similar
inhomogeneous fine-grained microstructure. In addition, the
resulting high press forces indicate that all alloys were
extruded at the lower limit of the process window. One
reason for this could be that the addition of Ca or RE to M2
results in solid solution hardening. Hence, higher tempera-
tures are required to get the material to flow. It is also known
that the addition of Ca and RE delays recrystallization [4,
12]. Thus, a larger fraction of non-recrystallized mi-
crostructure could strengthen the material, resulting in more
stress or temperature being needed for extrusion.

The influence of the alloying elements on the texture
development can be clearly seen (Fig. 2). It is to note that
the addition of RE or Ca effectively weakens the intensity of
the basal texture. M2 (Fig. 2a) shows a strong pronounced
0001h i fiber parallel to the normal direction (ND) and a
broader angular tilt of basal planes to the extrusion direction
rather than to the transverse direction. With a maximum
intensity of 14 m.r.d., the M2 alloy has the highest intensity
in the basal pole figure. Prismatic planes are randomly dis-
tributed parallel to the ND and weakly pronounced with
2.8 m.r.d. This texture occurs not only in binary Mn alloys
but is also typical for rolled or extruded AZ31 [13–15].

The texture of MX21 differs significantly from that of
M2. The basal pole figure shows the well-known separation
of the center pole into two poles that tilt from ND towards
ED. Rare earths or calcium as an alloying element can lead
to this texture formation [13, 16, 17]. The prismatic planes

show a weak preferred alignments in ED and TD with the
max pole density of 2.4 m.r.d.

With the maximum intensity of 6.5 m.r.d. ME21 clearly
has the weakest basal pole intensities (Fig. 2c). A weak
texture with split peaks of the basal planes in TD and ED can
be seen. The split in ED is similar to the texture of MX21.
The double peak in TD corresponds to a pronounced pris-
matic component in the {10-10} pole figure that is perpen-
dicular to the prism plane. This prismatic component is often
associated with non-recrystallized structures and can develop
through deformation mechanisms [2, 18].

The stress–strain diagrams obtained from the tensile tests
performed at room temperature are shown for exemplary
specimens in ED and TD in Fig. 3. In order to show the
influence of the alloy addition on the strain rate sensitivity,
the trials were carried out at a strain rate of 10−3 and
10−4 1/s. The averaged values of the measured variables (3
tests) and their standard deviation are listed in Table 2.

M2 (Fig. 3a) shows a relatively low uniform elongation
and a significant decrease in stress values until fracture. This
behaviour is often associated with grain boundary sliding as
an active deformation mechanism [5, 14]. This behavior is
independent on the strain rate. Influence by the strain rate is
not the shape of the curves but the values.

The stress level (yield stress (TYS) and ultimate tensile
stress (UTS)) decreases with the lower strain rate, whereas
the fracture strain increases regardless of the testing direc-
tion. The uniform strain shows no direct relation to the strain
rate. In general, the stress level and fracture strain are higher
in TD than in ED. Only the uniform elongation is higher in
ED than in TD.

Fig. 1 Micrographs from
longitudinal sections (ED
horizontal) of the extruded flat
bands in 200�, 1000�
(polarized) and SE contrast in
2000 � magnification. M2 (a, d),
MX21 (b, e), ME21 (c, f)
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The reason for the higher strength in the TD is the pro-
nounced basal-type texture with a slight spread basal pole
into the ED. The tendency that the tensile direction (texture)
influences the yield stress has been confirmed in wrought
Mg alloys with a strong basal texture [19, 20].

Similar to M2, MX21 (Fig. 3b) presents a pronounced
anisotropy as a function of the tensile direction. For M2, the
shape of the curves was still similar despite the anisotropy,
but not for MX21. MX21 shows no significant strain rate
sensitivity apart from the pronounced anisotropy (also dif-
ferent shapes of curves). The UTS is by far the highest and
the elongations the lowest. It is remarkable that only the

stress–strain curve of the specimen in TD shows yield
instability at the yield point independent of the strain rate,
while the specimen in ED shows a typical strain hardening
behaviour. It can be assumed that the pronounced yield
stress is achieved by interaction of particles or solute and
dislocations (hypothetically also twin formation). This sug-
gests that, in addition to the Mn particles, finely dispersed Ca
particles are also distributed in the matrix. One reason for
this anisotropy is the texture. Due to the split peak in the
basal pole figure and almost no orientation in the transverse
direction, flow in the extrusion direction is mainly possible,
which enables a relatively high fracture strain of almost

Fig. 2 Recalculated pole figures of the as-extruded bands of a M2, b MX21, c ME21

Fig. 3 Engineering stress–strain diagrams from tensile tests in ED and TD at room temperature and a varied strain rate of 10−3s−1 and 10−4s−1 for
the extruded band for alloy M2 (a), MX21 (b), ME21 (c)

Table 2 Mechanical properties
from tensile test in extrusion
direction (ED) and transverse
direction (TD) at room
temperature of the extruded bands
(TYS: tensile yield stress, UTS:
ultimate tensile stress)

Alloy Stain rate
[1/s]

Direction TYS
[MPa]

UTS
[MPa]

Uniform strain
[%]

Fracture strain
[%]

M2 10−3 ED 120 (±4) 164 (±5) 9.8 (±0.8) 14.6 (±2.0)

10−3 TD 176 (±3) 221 (±3) 6.3 (±0.3) 21.4 (±1.6)

10−4 ED 103 (±4) 134 (±3) 8.7 (±0.2) 35.0 (±4.0)

10−4 TD 140 (±0) 174 (±1) 5.1 (±0.5) 43.3 (±3.0)

MX21 10−3 ED 199 (±8) 254 (±1) 15.9 (±0.7) 22.4 (±2.3)

10−3 TD 268 (±3) 281 (±3) 8.1 (±0.5) 8.8 (±0.5)

10−4 ED 208 (±11) 248 (±7) 14.7 (±3.5) 16.1 (±4.2)

10−4 TD 256 (±4) 262 (±1) 6.4 (±0.2) 6.9 (±0.4)

ME21 10−3 ED 226 (±15) 264 (±6) 11.8 (±0.3) 14.7 (±1.1)

10−3 TD 211 (±7) 269 (±7) 15.3 (±0.1) 17.9 (±0.6)

10−4 ED 226 (±14) 252 (±12) 12.9 (±0.6) 19.5 (±2.4)

10−4 TD 204 (±8) 248 (±5) 15.9 (±0.2) 21.8 (±0.9)
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16%. Owing to the low number of active slip planes in the
transverse direction, the shape of the curve shows high
strength values and rapid hardening [21–23].

The lowest anisotropy is found in ME21 (Fig. 3c). There
is nearly no difference in stress and strain in TD and ED. In
general, the mechanical properties and the curve shape,
which is a classical continuous transition from elastic to
plastic deformation and a continuous decrease of the slope
during strain hardening, are comparable to MX21 in ED.
A slight strain rate sensitivity can be seen in the elongation.
A higher fracture strain in TD and ED tends to be achieved
at a lower strain rate. In the case of uniform strain in TD and
ED and strength in ED, no influence of the strain rate is
visible. The lower anisotropy of the ME21 alloy seems to be
closely related to the quadruple basal poles [24].

In general, the Ca- and RE-added alloys have higher TYS
and UTS. The strengthening behaviour of the alloys can
probably be attributed to the presence of dispersed phases.
Solid solution hardening can also be a reason for the higher
strengths.

Figure 4 shows the force–displacement curves during the
Erichsen test at room temperature with different forming
speeds of 5 mm/min (fast) and 0.5 mm/min (slow).

M2 shows a clear difference of the force–displacement
curve as a function of the forming speed. The force increases
more slowly with a lower forming speed. A longer defor-
mation path is achieved and a higher force at fracture. MX21
and ME21 do not show this behaviour depending on the
forming speed. This has already been observed in the tensile
tests. Looking at the hardening behavior, MX21 and ME21

have a maximum force of approximately 2 kN after 1 mm
drawing path, whereas M2 is only slightly above 1 kN.

Figure 5 summarises the values in the form of the
Erichsen value (IE). In addition, a representative test result is
shown. This IE corresponds to the drawing length until the
fracture of the sample, i.e. the depth of the cup formed by
biaxial stretching.

MX21 has the lowest IE with 2.2 (fast) and 2.1 (slow).
This result can be understood as a result of the pronounced
mechanical anisotropy which is attributed from the texture.

ME21 has slightly higher values with 3.2 and 3.4.
Actually, this sample provides the weak texture with basal
pole split in ED and TD that is acknowledged for a good
formability. Also the mechanical properties, weak aniso-
tropy, and high elongation (almost 20%) let expect better IE.
The reason for the low IE value could be the high amount of
secondary phases (stringer) or a work hardened condition.

M2 alloy has the strongest deformation speed dependence
of IE values, i.e. 4.8 mm for fast forming and 7.3 mm for
slow forming speed. In fact, with a strong alignment of the
basal planes ( 0001h i fiber parallel to ND) like in M2, the
ability to activate the basal slip is lower in the tensile test as
well as in the Erichsen test. Hence, a high stress and a low
elongation are expected under such condition. M2 shows
exactly the opposite behaviour. The tensile tests show very
high elongation and low stress level. The IE is also by far the
highest (independent of the strain rate). Accordingly, it can
be presumed that in the case of M2, basal slip is not the
dominant deformation mechanism. It can be assumed that
grain boundary sliding is the main deformation mechanism,

Fig. 4 Force versus path curves in Erichsen tests at room temperature with different forming rate 5 mm/min (fast) and 0.5 mm/min (slow) for M2
(a), MX21 (b), ME21 (c)

Fig. 5 Specimens after the Erichsen test at room temperature with a forming rate of 5 mm/min (fast) (M2 (a), MX21 (b), ME21 (c)) and
0.5 mm/min (slow) (M2 (d), MX21 (e), ME21 (f))
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since a strong strain rate sensitivity has also been observed.
It has already been shown that binary Mn alloys exhibit a
m-value above 0.3 at low strain rate. This suggests that grain
boundary sliding is activated [25].

Summary

The influence of Ca and RE addition on the forming beha-
viour of 2 wt% Mn alloy was investigated in terms of axial
and biaxial deformation with strain rate variation. The alloys
were directly extruded at the lower limit of the process
window. This resulted in a partially recrystallized
microstructure in all three alloys. The extrusion of the Ca or
RE added alloys require a significantly high temperature, in
comparison with the binary alloy.

In addition, the strong 0001h i fiber texture parallel to ND
in the M2 alloy altered to a weak texture with basal pole split
in the ED in MX21 alloy, while a quadrupole basal texture is
formed in the ME21 alloy. The M2 alloy shows a clear
influence of the strain rate on the mechanical behaviour,
which indicates grain boundary sliding as a controlled
mechanism. This behaviour is not observed in the Ca- and
RE-added alloys, but a significant increase in strength.
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The Effect of Plastic Deformation
on the Precipitation Hardening Behavior
of Biodegradable Mg–Sr–Ca–Zn Based Alloys

Matteo Nicolosi, Baoqi Guo, Mihriban Pekguleryuz, and Mert Celikin

Abstract
In this study, the precipitation hardening behaviour of
Mg–Sr–Ca–Zn based alloy system with trace additions
was investigated. The as-cast microstructure was found to
be composed of Mg2(Ca, Sr) interdendritic phases
surrounding the a-Mg matrix. The effect of temperature
as well as initial plastic deformation on the precipitation
hardening behaviour was analyzed via ageing treatments.
More effective age-hardening response was achieved via
ageing at 150 °C both in as-cast and deformed samples.
Prior plastic deformation resulted in changes in precip-
itation kinetics.

Keywords
Magnesium alloy � Age hardening � Dynamic
precipitation �Microstructural characterization

Introduction

To date, bone healing after severe fractures is mainly facil-
itated by implanting permanent fixation devices such as pins,
screws, and plates. These are typically made of permanent
materials (e.g. stainless steel, cobalt-chromium, and tita-
nium) that may cause long-term erosion, infection, or lack of
growth in orthopaedic applications [1–4]. Therefore, after
healing, a second operation is required to remove them. Mg
based biodegradable alloys have shown promising results
due to their good biocompatibility. However, high initial

bio-corrosion rates of current state of the art Mg-alloys lead
to the loss of mechanical integrity prior to the completion of
healing [1]. Biodegradable implants should provide high
corrosion resistance and strength while needed, and subse-
quently dissolve.

Most common Mg-alloys, which contain aluminium
(Al) and Rare-earths (RE), exhibit good mechanical prop-
erties as well as corrosion resistance. However, they are
reported to be harmful for the human health [5]. As a con-
sequence, recent studies have been focusing more on
alloying additions naturally present in the human body such
as Ca, Zn, Mn, Li, Si, and Sr, which reduce risks associated
with toxicity. Prior studies have confirmed that additions of
Ca, Sr, and Ca + Sr at specific levels improve the
bio-degradation resistance of Mg-alloys but lack mechanical
strength [5, 6]. Recently, Zn and Mn additions have been
found to be beneficial in increasing bio-corrosion resistance,
as well as mechanical performance, in Mg–Ca based systems
[7, 8]. Previous works have also highlighted that, in Mg–Ca
alloys the corrosion resistance decreases with increasing
secondary phases (Mg2Ca) [9]. On the other hand, the for-
mation of more dispersed secondary phases through the
performing of heat-treatments has been proven to be
responsible for reducing the micro-galvanic effect and
increasing mechanical properties [7].

Calcium (Ca) is a fundamental element present in human
bones and the release of Ca ions is beneficial to the bone
healing process [10]. Zinc (Zn), on the other hand, influences
both mechanical properties and corrosion resistance of the
alloy. The effect of Zn content is studied for Mg–Zn–Mn
alloys and it was found that for compositions between 0 and
3 wt% the grain size decreases and the mechanical properties
consequently increase remarkably [10]. Oh et al. charac-
terised the precipitation process and nanoscale precipitates
occurring during age hardening for the ternary system
Mg–Ca–Zn [11]. They identified the composition
Mg-0.3Ca-0.3Zn to be the composition capable of leading
to the maximum hardness upon age hardening, with any
further addition in Zn leading to a lower final hardness.
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They attributed this to the fact that Zn is effective in
enhancing the results of age hardening only as an additive to
the Mg-0.3Ca alloy, rather than as a constituent alloying
element. Strontium has also been investigated as potential
alloying element for Mg-alloys in biodegradable implant
applications. Being a Group II element, it behaves in a
similar manner to Ca and can be found in hydroxyapatite and
other biomedical compounds as its substitute [12, 13]. Sec-
ondly, Strontium Ranelate (SR) is responsible for bone
mineral intensity improvement as well as bone strengthening
[14]. Moreover, from a mechanical point of view, Sr acts as
grain refiner due to the formation of compounds at the grain
boundaries [15]. A recent study by Brar et al. [16] investi-
gated the effect of Zn concentration in Mg–Zn–Sr alloys to
the age-hardening behaviour. Upon ageing at 180 °C,
increase in Zn content increased age-hardening response.

The aim of this study is to understand the age-hardening
behaviour of Mg–Sr–Ca–Zn based alloy system with trace
additions. The effects of temperature and plastic deformation
on the age-hardening behaviour are investigated.

Experimental Procedure

Mg–Ca–Sr–Zn alloys prepared using commercial purity Mg,
Mg–Ca (30%wt) master alloy, pure Zn and Sr. The alloy
composition is given in weight % unless otherwise stated.
Pure Mg was melted using an induction furnace under a
protective atmosphere of CO2 + 0.5%SF6. Mg–Ca master
alloy was added at around 700 °C. Upon holding for 10–
15 min, Sr and Zn added. The melt was cast from a tem-
perature of 720 °C into a boron nitride coated steel mould
(pre-heated to 400 °C) to produce plate castings of
130 mm � 100 mm � 7 mm. The chemical composition of
the alloy is given in Table 1.

Specimens were prepared by cutting thin (approximately
3 mm thick) slices of material from the cast billets using a
low speed diamond cutting saw. SEM analysis was con-
ducted at 15 kV via FEI Quanta 3D FEG Dual Beam
scanning electron microscope (SEM) and with a Hitachi
TM4000Plus table-top SEM. Prior to imaging, the samples
were ground using grinding paper with increasing grit size,
up to a final size of 2500. To avoid oxidation of the surface,

the specimens were cleaned using iso-propyl alcohol. After
grinding, the samples were polished up to 1 lm diamond
suspension and iso-propyl alcohol as lubricant. Composi-
tional results obtained by EDS analysis from five different
measurements performed on five different areas of the
samples. Age-hardening treatments were carried out using a
WhipMix Pro 200 Series Furnace at 423 and 473 K. After
the isothermal hold, the specimens were immediately
quenched in chilled tap water. As-cast and heat-treated
samples were tested for hardness after each step of the
isothermal treatment using a Mitutoyo AVK-C2 Vickers
hardness tester applying a load of 2 kg. Seven different
measurements were performed for each sample at every
ageing step. After hardness tests were completed, samples
were ground up to 2500 grit in order to remove all inden-
tations before the next step of the isothermal treatment.

Results and Discussion

The SEM micrographs of the as-cast Mg-0.3Ca-0.3Sr-0.1Zn
alloy revealed a typical microstructure with interdendritic
phases surrounding the a-Mg matrix. EDS point analyses
(Table 2) conducted on both interdendritic regions and the
matrix. Dendritic regions were found to be rich in Ca and Sr.

The elemental analysis of the as-cast interdendritic phase
(Table 2), revealed Ca to Sr ratio is approximately *1/6 for
the Mg-0.3Ca-0.3Sr-0.1Zn alloy. By comparison with pre-
vious studies (Table 3), it was therefore possible to identify
the potential phase as Mg2(Ca, Sr). Authors previous works
showed that Mg2(Ca, Sr) phase has hcp structure with lattice
parameters a = 6.36 Å and c = 10.01 Å [17].

Table 1 Elemental composition obtained via ICP

Element Ca Sr Zn Mg

0.33 0.33 0.13 Bal.
Fig. 1 SEM image of as-cast Mg-0.3Ca-0.3Sr-0.1Zn alloy
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Age-Hardening Treatment

Figure 3 shows the precipitation hardening response of the
Mg-0.3Ca-0.3Sr-0.1Zn alloy upon isothermally aged at 150
and 200 °C for different durations. Vickers hardness in the
as-cast form was 37.7 HV; when heat-treated at 150 °C, after
240 min the hardness peaked at 44.50 HV; whereas, when
heat-treated at 200 °C, after 120 min the hardness reached
the maximum value of 42.60 HV. Higher peak hardness
values were obtained for ageing temperature of 150 °C
compared to 200 °C. Moreover, consistent with increased

precipitation kinetics, higher ageing temperature shortened
the duration to achieve maximum hardness.

Figure 4 shows the precipitation hardening response of
the plastically deformed Mg-0.3Ca-0.3Sr-0.1Zn alloy when
isothermally treated at 150 and 200 °C for different dura-
tions. Due to the increased dislocation density, as-cast
hardness, prior to the performing of any isothermal treat-
ments, was higher than that reported for the as-cast samples.
Similar to as-cast condition, ageing at 150 °C leads to more
effective hardening compared to 200 °C. Moreover, slightly
higher peak hardness value found in age-hardened samples
with prior deformation (49.4) in comparison to as-cast alloy

Fig. 2 EDS spectra acquired
from. a Interdendritic regions and
b matrix

Table 2 EDS analysis from
interdendritic phase and matrix

Alloy system Mg (wt%) Ca (wt%) Zn (wt%) Sr (wt%)

Mg-0.3Ca-0.3Sr-0.1Zn
(interdendritic phase)

92.06 (SD
1.05)

2.22 (SD
0.83)

0.46 (SD
0.09)

5.73 (SD
1.29)

Mg-0.3Ca-0.3Sr-0.1Zn (matrix) 98.90 (SD
0.14)

0.69 (SD
0.06)

0.16 (SD
0.02)

0.25 (SD
0.14)

Table 3 Crystal structure of Ca
and Sr containing intermetallic
compounds

Phase Prototype Space
group

Pearson
symbol

Comments References

Ca–Sr Cu cF4 Fm �3 m Ca(1−x)Sr, x = 0–1 at
298 K

[18]

Ca–Sr Mg hP2 P63/mmc Ca(1−x)Sr, x = 0–1 at
698 K

[18]

Ca–Sr W cI2 Im �3 m Ca(1−x)Sr, x = 0–1 at
903 K

[18]

Interdendritic
Mg2(Ca, Sr)

MgZn2 hP12 P63/mmc a = 6.212,
c = 10.050

[19]

Interdendritic
Mg2(Ca, Sr)

(C14-leaves) a = 6.36, c = 10.01
Ca/Sr = 1/6

[17]

Globular Ca–Sr
(Mg)

– – hcp (a = 6.42,
c = 9.44)
Ca/Sr = 3/2

[17]
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(44.5). Precipitation kinetics have changed due to the
increased density of dislocations in deformed sample.
Duration to achieve peak hardness is shortened, hence it can
be stated that dislocations enhanced the nucleation/growth
rate of precipitates.

Conclusions

Age-hardening behaviour of Mg-0.3Ca-0.3Sr-0.1Zn alloy
was investigated both in as-cast and deformed conditions.
Mg2(Ca, Sr) intermetallic phase was found to be covering
dendritic regions around a-Mg matrix. It was determined
that in both as-cast and deformed conditions, isothermal
holding at 150 °C was more effective for precipitation
hardening in comparison to 200 °C. Prior plastic deforma-
tion increased the rate of nucleation and growth kinetics of
precipitates.
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Experimental Investigation of Raster Tool
Path Strategy for Friction Stir Processing
of Magnesium Alloy

Abhishek Kumar, Nikhil Gotawala, Aarush Sood,
Sushil Mishra, and Amber Shrivastava

Abstract
Friction stir processing is an emerging method for refining
the grain structure of the metals. Single pass friction stir
processing of magnesium alloys has been reported in the
literature, and very few works address the multi-pass
friction stir processing. However, most of the studies are
limited to a very small region and do not show the
properties of complete processed blank. In the present
work, a raster tool path strategy is adopted to modify the
microstructure of the as-cast magnesium alloy. The tool
rotation direction and tool shoulder overlap are varied to
process the magnesium samples. The microstructural
evolution of the processed samples is investigated. Exper-
imental observations show that raster scan parameters
significantly affect the microstructural variation within
each sample and across the samples. Based on the findings,
a raster tool path strategy is proposed for grain refinement
without any defect in the processed region.

Keywords
Friction stir processing � Magnesium � Defects

Introduction

Friction stir processing (FSP) is an advanced technique used
for refining grains in metals and alloys. In general, grain
refinement in metals leads to improvement in ductility,
formability, and superplasticity [1–4]. Magnesium is lighter
than aluminumand steel. ThismakesMguseful towardsweight
reduction of structural components. However, due to limited

workability of Mg, most of the Mg alloy components are cast
structures. FSP is a promising technology for improving the
mechanical properties ofMg alloys. Darras et al. [5] showed the
effect of various process parameters on the microstructural
characteristics of a Mg alloy. Authors reported finer grains and
homogenizedmicrostructure in the stir zone. A significant yield
strength reduction in stir zone was observed by Woo et al. [6],
for FSP of a Mg alloy. Chang et al. [7] successfully achieved
ultrafine grains of 100–300 nm in size, by controlling the
cooling rate during FSP of Mg alloys. Further, a relationship
between Zener–Holloman parameters and grain size for AZ31
is developed by Chang et al. [8]. Raja et al. [9] performed
multi-pass FSP of AZ91 and analyzed the effect of layered
microstructure on superplasticity. Many other works have
reported the enhancement of mechanical properties of Mg
alloys upon FSP [10–15]. However, most of these efforts are
based on single pass FSP. For the case of multi-pass FSP, most
of the reported work is performed with aluminum alloys
[16–20]. A very few attempts are made to study the effect of
multi-pass strategy on Mg alloys. Sharifitabar et al. [12]
investigatedmulti-pass strategy for FSP ofMg alloy. However,
the tool overlap between passes was 100%, i.e., FSP tool pro-
cessed the same region over successive passes. The multi-pass
strategy of FSP introduces tool overlap between successive
passes as an additional process parameter, compared to single
pass FSP. Further depending on the tool rotation direction, the
advancing side (AS) and retreating side (RS) would switch
between the base material (not yet processed) and the already
processed material (in the previous pass owing to tool overlap).
This can signifiantly influence the defect formation/propaga-
tion during FSP. The raster scanning pattern for multi-pass
strategy is deployed in this work. The present work focuses on
two different raster scanning patterns: unidirectional raster and
bidirectional raster for FSP of a complete workpiece blank. The
objective of this work is to investigate the effect of tool rotation
direction and tool overlap on the defect formation/propagation
and microstructural development, during multi-pass FSP with
raster scanning patterns of Mg alloy. Based on the findings, a
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raster tool path strategy is proposed for grain refinement
without any defect in the processed region.

Experimental Methods

Materials

The as-cast Mg alloy was received in the form of a billet
with 120 mm diameter. This billet was sliced into 3 mm
thick blanks. The chemical composition of the as-received
material is given in Table 1.

A hexagonal FSP tool made of H13 tool steel is used in
this study. The tool geometry is shown in Fig. 1.

Tool Path Strategy

In this work, a raster type tool path strategy is adopted. The
schematic representations of different raster scanning pat-
terns: unidirectional and bidirectional raster are shown in
Fig. 2. For both the raster scanning patterns, the FSP tool
started at the outer periphery of the Mg blank, as shown in
Fig. 2. For bidirectional raster scanning pattern, the FSP tool
travels in a straight line and performs a u-turn as it
approaches the end of the blank along the straight line. Upon
completing the u-turn, the FSP tool travels in the opposite
direction as compared to the previous pass (Fig. 2a). For
unidirectional raster scanning pattern, the FSP tool travels in
a straight line and leaves the blank at the end of the straight
line. Then, FSP tool travels in air and takes position next to
the starting point of the previous pass (dashed lines in
Fig. 1b), for plunging and next pass. The FSP tool overlap
determines the distance between the consecutive passes. In
this tool path strategy, the FSP tool travels in the same
direction during all the passes.

Friction Stir Processing

Mg blanks were friction stir processed with four different
combinations of tool path strategies and tool shoulder
overlap. First Mg blank was processed with bidirectional
raster tool path strategy. One half of this Mg blank was
processed with 60% tool shoulder overlap and other half
with and 80%. Second Mg blank was processed with uni-
directional raster tool path strategy. One half of this Mg
blank was processed with 80% tool shoulder overlap and

other half with 90% tool shoulder overlap. For all these
experiments, the FSP tool travel speed was 50 mm/min, and
tool rotation speed was 1000 rpm in clockwise direction.

Microstructural Characterization

To observe the microstructural changes, samples were pre-
pared from each processed blank, by polishing and etching
the cross-sections. Zeiss optical microscope was used at low
magnification, to create the montage images for observing
the complete cross-sections and overlapping stir zones.
Based on the optical images, regions were identified for
electron back scattered diffraction (EBSD) analysis.
For EBSD analysis, samples were polished with SiC paper
and further electro-polished. Zeiss Gemini scanning electron
microscope (SEM) equipped with OXFORD fast CCD
detector was used for EBSD.

Results and Discussion

Figure 3 shows the processed Mg blanks. The Mg blank in
Fig. 3a was processed with bidirectional tool path strategy,
such that the tool shoulder overlap was 60% for one half and
80% for second half of the blank. Defects were observed
over each pass for both 60 and 80% tool shoulder overlap
with bidirectional tool path strategy. So, the tool shoulder
overlap was increased to 80 and 90% for Mg blank pro-
cessed with unidirectional tool path strategy (Fig. 3b).
Figure 4 shows the microstructure of the as-received Mg.
Large grains with an average grain size of about 250 lm are
observed, due to as-cast nature of the material.

Table 1 Element composition of
material

Element Al Zn Na Mn Fe Ce Mg

Weight % 3 0.018 0.022 0.446 0.058 0.2 Remaining

Fig. 1 FSP tool geometry (linear dimensions in mm)
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Fig. 2 a Bidirectional raster pattern, b unidirectional raster pattern

(a) (b)
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Fig. 3 Processed blank with. a Bidirectional and b unidirectional raster tool path strategy

Fig. 4 IPF map of as-cast magnesium

Defect
AS RS ASAS RS AS

Fig. 5 Blank processed at 60% tool shoulder overlap and bidirectional raster tool path
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Figure 5 shows the cross-section of the blank section
processed at 60% tool shoulder overlap with bidirectional
raster tool path strategy. It can be noticed that defects are
formed at the advancing side. There is also some unpro-
cessed region with 60% tool shoulder overlap. Figure 6
shows the cross-section of the blank section processed at
80% tool shoulder overlap with bidirectional raster tool path
strategy. With 80% tool shoulder overlap, defect size is
smaller in comparison with 60% tool shoulder overlap, and
unprocessed region is also reduced. Figures 7 and 8 show
the cross-section of the blank sections processed at 80 and
90% tool shoulder overlap with unidirectional raster tool
path strategy. It can be noticed that defects and unprocessed
regions are observed at 80% tool shoulder overlap. How-
ever, defect size is very small in comparison with the blank
section processed at the same tool shoulder overlap with
bidirectional raster tool path strategy. No defects are
observed in the bulk of the Mg blank, at 90% tool shoulder
overlap with unidirectional raster tool path strategy. How-
ever, a tunnel defect is observed over the last pass for the
samples processed at both the tool shoulder overlaps (80 and
90%) with unidirectional raster tool path strategy.

It is observed that the size of unprocessed region reduces
with increase in tool shoulder overlap, for both raster scan
patterns. The stir zone is the widest at the top and narrows
down towards the bottom of the FSP tool pin. This geometry
of stir zone would lead to unprocessed regions in between
passes. With increase in tool shoulder overlap, the size of the
unprocessed region would reduce. At very high tool shoul-
der overlaps, the stir regions from consecutive passes would
come together or may overlap, leading to no unprocessed
region. Larger tool shoulder overlaps would also lead to
higher temperatures during FSP, which improves the mate-
rial movement and results in wider stir zones. This further
supress the unprocessed regions. At larger tool shoulder
overlaps, relatively higher temperatures and improved

material movement also limit the size of the defect formed
during FSP. This is very well captured by the experimental
observations, as the size of tunnel defect reduces with
increase in tool shoulder overlap, for both raster scan
patterns.

Depending on the tool rotation direction, the advancing
side and retreating side would switch between the base
material (not yet processed) and the already processed
material (in the previous pass owing to tool overlap). The
tunnel defects form at the advancing side during FSP.
Therefore, it would be advantageous to set the tool rotation
direction such that the advancing side is towards the base
material (not yet processed). For bidirectional raster tool
path strategy, the advancing sides from two consecutive
passes come together (Figs. 5 and 6). This would lead to the
accumulation of defects (in the processed blank) formed at
the advancing sides over the consecutive passes. For unidi-
rectional raster tool path strategy, the advancing side of the
previous pass overlaps with the retreating side of the current
pass (Figs. 7 and 8). This offers the opportunity to fill the
defects formed in the previous pass. This is very well cap-
tured by the experimental results, as the defect size formed
during FSP with bidirectional tool path is very small in
comparison with the unidirectional tool path, for same tool
shoulder overlap of 80%. Given sufficient tool shoulder
overlap between passes, all the defects from the previous
pass would be filled during the current pass, and fresh de-
fects may form at the advancing side of the current pass.
That is, the defects would keep shifting towards the base
material with each pass, and a tunnel defect would be present
only for the last pass. This is very well captured by the
experiments as no defects are observed in the blank’s bulk
(Fig. 8), and a tunnel defect is observed for the last pass
(Fig. 3b).

Banded regions are observed in the processed Mg blank
without defects (Fig. 8). These are formed due to localised

Defect
AS RS AS RSAS RS AS RS

Fig. 6 Blank processed at 80% tool shoulder overlap and bidirectional raster tool path

Defect
RSAS AS AS AS ASRS RS RS

Fig. 7 Blank processed at 80% tool shoulder overlap and unidirectional raster tool path
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deformation of material [21]. Figure 9a, b show the EBSD
images of non-banded and banded regions observed in the
Mg blank processed at 90% tools shoulder overlap with
unidirectional tool path strategy. These figures indicate
highly textured structure in the stir zone. The grain size is
much smaller as compared to the as-received (as-cast)
material. Figure 9b reveals very small grains in the banded
region. This is due to the high strain rate deformation. Fig-
ure 10a, b shows the misorientation angle of non-banded
and banded regions, respectively. A large fraction of grains
have misorientation angle less than 30°. Average misorien-
tation angles of non-banded and banded regions are 38.29°
and 21.66°. These results show that upon dynamic recrys-
tallization, lower angle grain boundaries were formed.

Conclusions and Future Work

In the present work, two raster tool path strategies: unidi-
rectional and bidirectional, are used to friction stir process
the Mg blanks. Based on the microstructural characteriza-
tion, the following conclusions are drawn:

1. The size of unprocessed region and defects reduces with
increase in the tool shoulder overlap, for both tool path
strategies.

2. During bidirectional raster tool path strategy, the
advancing and retreating sides switch between the base
material and processed material, with each pass. This
restricts the outward propagation (towards base material)

(a) Non-banded region (b) Banded region

Banded  region

Fig. 9 EBSD of blank processed at 90% tool shoulder overlap and unidirectional raster tool path

Banded region

Fig. 8 Blank processed at 90% tool shoulder overlap and unidirectional raster tool path

(a) Non-banded region (b) Banded region
Fig. 10 Misorientation angle
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of the defects on the advancing side, leading to the
accumulation of the defects in the processed blank.

3. During unidirectional raster tool path strategy, advancing
side from the previous pass coincides with the retreating
side of the current pass. This leads to the filling of the
defects formed during the previous pass.

4. At sufficiently large tool shoulder overlap with unidi-
rectional raster tool path strategy, defects formed during
the previous pass are completely filled by the current
pass, leading to a defect free processed blank bulk.

5. A banded region per pass with fine grains is observed for
processed Mg blank without defects, indicating severe
plastic deformation near FSP tool pin due to high strain
rate.

The workpiece blanks can also be friction stir processed
with a spiral tool path strategy. The microstructural evolu-
tion upon FSP with raster tool path strategy is expected to be
more anisotropic as compared to the spiral tool path strategy.
This is owing to the alignment of the consecutive FSP passes
in same direction during FSP with raster tool path strategy.
Further microstructural and mechanical tests are required to
study the extent of anisotropy observed in the specimens
friction stir processed with raster tool path strategy.

References

1. S. Mironov, T. Onuma, Y. S. Sato, and H. Kokawa, “Microstruc-
ture evolution during friction-stir welding of AZ31 magnesium
alloy,” Acta Mater., vol. 100, pp. 301–312, 2015.

2. N. Kumar, D. Choudhuri, R. Banerjee, and R. S. Mishra, “Strength
and ductility optimization of Mg-Y-Nd-Zr alloy by microstructural
design,” Int. J. Plast., vol. 68, pp. 77–97, 2015.

3. J. Q. Su, T. W. Nelson, and C. J. Sterling, “Grain refinement of
aluminum alloys by friction stir processing,” Philos. Mag., vol. 86,
no. 1, pp. 1–24, 2006.

4. M. Azizieh, R. Bahadori, M. Abbasi, E. Y. Yoon, and H. S. Kim,
“Effect of friction stir processing on the microstructure of pure
magnesium castings,” Int. J. Cast Met. Res., vol. 28, no. 6,
pp. 345–351, 2015.

5. B. M. Darras, M. K. Khraisheh, F. K. Abu-Farha, and M. A. Omar,
“Friction stir processing of commercial AZ31 magnesium alloy,”
J. Mater. Process. Technol., vol. 191, no. 1–3, pp. 77–81, 2007.

6. W. Woo, H. Choo, M. B. Prime, Z. Feng, and B. Clausen,
“Microstructure, texture and residual stress in a friction-stir-processed
AZ31Bmagnesium alloy,”ActaMater., vol. 56, no. 8, pp. 1701–1711,
2008.

7. C. I. Chang, X. H. Du, and J. C. Huang, “Achieving ultrafine grain
size in Mg-Al-Zn alloy by friction stir processing,” Scr. Mater.,
vol. 57, no. 3, pp. 209–212, 2007.

8. C. I. Chang, C. J. Lee, and J. C. Huang, “Relationship between
grain size and Zener-Holloman parameter during friction stir
processing in AZ31 Mg alloys,” Scr. Mater., vol. 51, no. 6,
pp. 509–514, 2004.

9. A. Raja, P. Biswas, and V. Pancholi, “Effect of layered
microstructure on the superplasticity of friction stir processed
AZ91 magnesium alloy,” Mater. Sci. Eng. A, vol. 725, no.
January, pp. 492–502, 2018.

10. L. Huang, K. Wang, W. Wang, J. Yuan, K. Qiao, T. Yang,
P. Peng, and T. Li, “Effects of grain size and texture on stress
corrosion cracking of friction stir processed AZ80 magnesium
alloy,” Eng. Fail. Anal., vol. 92, no. June, pp. 392–404, 2018.

11. A.M. Jamili, A. Zarei-Hanzaki, H.R. Abedi, P. Minarik and R.
Soltani, “The microstructure, texture, and room temperature
mechanical properties of friction stir processed Mg-Y-Nd alloy,”
Mater. Sci. Eng. A, pp. 244–253, 2017.

12. M. Sharifitabar, M. Kashefi, and S. Khorshahian, “Effect of friction stir
processing pass sequence on properties of Mg-ZrSiO4-Al2O3surface
hybrid micro/nano-composites,”Mater. Des., vol. 108, pp. 1–7, 2016.

13. F. Khan and S. K. Panigrahi, “Achieving excellent thermal
stability and very high activation energy in an ultra fine-grained
magnesium silver rare earth alloy prepared by friction stir
processing,” Mater. Sci. Eng. A, vol. 675, pp. 338–344, 2016.

14. N. Kumar, R. S. Mishra, N. B. Dahotre, R. E. Brennan, K.
J. Doherty, and K. C. Cho, “Effect of friction stir processing on
microstructure and mechanical properties of laser-processed Mg
4Y 3Nd alloy,” Mater. Des., vol. 110, pp. 663–675, 2016.

15. S. Arokiasamy and B. Anand Ronald, “Experimental investiga-
tions on the enhancement of mechanical properties of
magnesium-based hybrid metal matrix composites through friction
stir processing,” Int. J. Adv. Manuf. Technol., vol. 93, no. 1–4,
pp. 493–503, 2017.

16. Y. Chen, H. Ding, S. Malopheyev, R. Kaibyshev, Z. Cai, and W.
Yang, “Influence of multi-pass friction stir processing on
microstructure and mechanical properties of 7B04-O Al alloy,”
Trans. Nonferrous Met. Soc. China (English Ed., vol. 27, no. 4,
pp. 789–796, 2017.

17. Y. Chen, H. Ding, J. Li, Z. Cai, J. Zhao and W. Yang, “Influence
of multi-pass friction stir processing on the microstructure and
mechanical properties of Al-5083 alloy,” Mater. Sci. Eng. A, vol.
650, pp. 281–289, 2016.

18. S. K. Singh, R. J. Immanuel, S. Babu, S. K. Panigrahi, and G.
D. Janaki Ram, “Influence of multi-pass friction stir processing on
wear behaviour and machinability of an Al-Si hypoeutectic A356
alloy,” J. Mater. Process. Technol., vol. 236, pp. 252–262, 2016.

19. N. Nadammal, S. V. Kailas, J. Szpunar, and S. Suwas,
“Microstructure and Texture Evolution during Single- and
Multiple-Pass Friction Stir Processing of Heat-Treatable Alu-
minum Alloy 2024,” Metall. Mater. Trans. A Phys. Metall. Mater.
Sci., vol. 48, no. 9, pp. 4247–4261, 2017.

20. M. M. El-Rayes and E. A. El-Danaf, “The influence of multi-pass
friction stir processing on the microstructural and mechanical
properties of Aluminum Alloy 6082,” J. Mater. Process. Technol.,
vol. 212, no. 5, pp. 1157–1168, 2012.

21. K. N Krishnan, “On the formation of onion rings in friction stir
welds.” Mater. Sci. Eng. A, vol. 327, pp. 246–251, 2002.

346 A. Kumar et al.



Quantitative Relationship Analysis
of Mechanical Properties
with Microstructure and Texture
Evolution in AZ Series Alloys

Joung Sik Suh, Byeong-Chan Suh, Jun Ho Bae, Sang Eun Lee,
Byoung-Gi Moon, and Young Min Kim

Abstract
The present study investigated the correlation between
microstructure, texture, and mechanical properties of
AZ31 sheets. In magnesium alloys, microstructural and
texture factors have a decisive influence on mechanical
properties due to their specific c/a ratios for hexagonal
close-packed structure. It is well known that the yield
strengths of Mg alloys are followed by the Hall–Petch
relation. Nevertheless, AZ-based sheets with relatively
large grain size exhibit higher yield strength than those
with finer microstructure. This is mainly due to the texture
strengthening. For this reason, there is an increasing need
to quantify the contribution of texture and microstructure
to mechanical properties in Mg alloys. A multiple
regression analysis is conducted to explore the quantita-
tive correlation of the mechanical properties with the
microstructure and texture factors, such as grain size,
phase fraction of secondary particles, maximum intensity
of basal poles, and Schmid factor for basal \a[
slip. This study focuses on evaluating quantitatively the
relative weights of microstructure and texture evolution
such as grain refinement and texture weakening, when
determining yield strength depending on loading direction
at room temperature.

Keywords
Magnesium �Microstructure � Texture �Mechanical
properties � Regression analysis

Introduction

Magnesium (Mg) and its alloys in hexagonal close-packed
structure have the limited number of active slip systems at
room temperature [1]. Typical wrought Mg alloys such as
AZ series develop strong basal texture during rolling [2].
This texture with a preferred orientation, where the basal
planes are parallel to the sheet plane, causes mechanical
anisotropy and poor formability at room temperature [3].
The limited formability of Mg alloy sheets is one of the main
reasons hindering industrial applications. Grain refinement
and texture modification can improve the forming charac-
teristics of Mg alloys [4].

Grain boundary strengthening is an important
strengthening mechanism in Mg alloys [5]. It is well
known that grain refinement significantly improves me-
chanical properties, especially yield strength (YS).
Empirical Hall–Petch-type relationships [6, 7] have been
successfully developed for Mg alloys. Nonetheless, these
relationships are highly sensitive to the material history,
especially with respect to texture [5]. For this reason, a
simple Hall–Petch relation cannot adequately capture the
grain size dependence of strength [5]. Furthermore, tex-
ture also plays a considerable role in determining YS,
because of their insufficient deformation mechanisms in
Mg alloys. Strengthening or weakening of basal texture
can result in an increase or decrease in YS, respectively.
In particular, the preferred orientation and formation of
basal texture are directly related to the activity of basal
slip regarding the loading direction. Basal slip is the
softest mechanism for plastic deformation available in Mg
alloys. It is responsible for accommodating a significant
fraction of the total plastic strain at room temperature [5].
Basal slip in Mg and its alloys clearly abides by the
Schmid’s law: When the stress on the slip plane and along
the slip direction reaches a critical value, slip ensues [8].
Thus, Schmid factor is a useful indicator for analyzing the
activation of a certain slip system with respect to the
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loading direction. Maximum pole intensity can also
characterize the degree of the preferred orientation of
basal texture. Moreover, the fraction and distribution of
secondary particles lead to impeding dislocation motion,
resulting in precipitation strengthening. Therefore, there is
an increasing need to quantify the contributions and
interactions of texture and microstructure development for
YS of Mg alloys.

Regression is a popular statistical method, because it is
used as a prediction tool to investigate the relationship
between dependent and independent parameters [9]. Multi-
ple regression analysis is one of the most efficient and
powerful hypothesis testing techniques among all statistical
methods [10]. This approach offers the advantage of inves-
tigating the relative importance of some predictor variables
with respect to a response variable [10]. For this reason,
regression methods have a variety of applications such as
engineering, physics, chemical science, and medicine [9].
Especially, in the field of metallurgical engineering, the
applications of data modeling are rapidly increasing to pre-
dict material properties [11] and optimize alloy compositions
[12] and process conditions [12].

The present study investigates the correlation between
microstructure, texture, and YS of AZ31 sheets. In Mg
alloys, microstructural and texture factors play a decisive
role in determining mechanical properties due to their
specific c/a ratios for hexagonal close-packed structure.
Multiple linear regression and multiple polynomial
regression are performed to explore the quantitative cor-
relation of the specific microstructure and texture factors
with YS depending on loading direction: average grain
size, phase fraction of secondary particles, maximum
intensity of basal poles, and Schmid factor for basal \a[
slip regarding the tensile direction. Average grain size
fraction of the second phases is associated with grain
boundary strengthening and precipitation hardening,
respectively. Maximum intensity of (0001) pole figure and
its Schmid factor represent the strength of basal texture and
activation of basal slip with respect to the tensile direction.
This study aims to quantitatively evaluate the relative
importance of microstructure and texture development such
as grain refinement and texture weakening, when determin-
ing loading direction-dependent YS at room temperature.

Materials and Methods

Datasets and Descriptive Statistics

Multiregression analysis requires data that correctly repre-
sents the system. Experimental data on AZ31 sheets pro-
cessed by various thermo-mechanical treatments were used
in this study. The referred literatures investigate the mi-
crostructure and texture-dependent mechanical properties
regarding the effect of equal channel angular pressing [13],
differential speed extrusion [14], asymmetric porthole die
extrusion [15], and extrusion combined with preforming
[16]. They provide data on average grain size, maximum
intensity of basal texture (Imax), Schmid factor for basal
\a[ slip (mbasal), and loading direction-dependent YS. On
the other hand, there is a lack of quantitative data for the
phase fraction of secondary particles (denoted as second
phase). For this reason, the sum of phase fraction of total
secondary particles is numerically calculated with FactSage
v7.3 (CRCT–Thermalfact Inc. & GTT-Technologies)
regarding the process conditions of the above-mentioned
literatures. A total of 35 datasets are available, consisting of
the input variables (average grain size, phase fraction of
secondary particles, maximum intensity of basal texture, and
Schmid factor for basal slip with respect to tensile direction)
and the output variable (YS depending on tensile direction).
For model development and validation, the 27 and 8 datasets
are divided into training and testing data, respectively. The
statistics of the training and testing data are tabulated in
Tables 1 and 2, respectively. All the input and output vari-
ables were normalized between 0.1 and 0.9 as follows:

xnorm ¼ 0:8 x� xminð Þ= xmax � xminð Þþ 0:1 ð1Þ
where xnorm is the normalized value of variable x. xmin and
xmax are the minimum and maximum values of x,
respectively.

Multiple Regression Analysis

Multiple linear and polynomial regression calculates the
best-fit line for one or more XY datasets. In addition, mul-
tiple regression is used to analyze the relationship between

Table 1 Statistics of training
dataset for predicting YS of AZ31
sheets

Variable Minimum Maximum Mean Standard deviation

Input Grain size (µm) 4.80 17.20 9.77 6.24

Second phase (%) 0.32 0.59 0.41 0.14

Imax (m.r.d.) 5.60 16.60 10.96 5.50

mbasal (–) 0.16 0.35 0.23 0.10

Output YS (MPa) 127.0 253.8 185.5 63.46
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multiple predictors and a response variable. For a given
database, multiple linear regression (MLR) is the simplest
way to predict the output, assuming that the output variable
can be represented by a linear combination of input vari-
ables. The model for MLR is as follows:

yi ¼ b0 þ b1xi;1 þ b2xi;2 þ � � � þ bkxi;k þ ei ð2Þ
where yi is the dependent variable for the ith case, b0 is
intercept, xi,k is the kth independent (predictor) variable, bk is
the regression coefficient, and ei is the random error
component.

Multiple polynomial regression (MPR) analyzes the
relationship between one dependent variable and two or
more independent variables and by fitting a polynomial
equation into the measured data. In this study, a quadratic
polynomial regression model (e.g., for two variables) is
selected to develop a statistical model for multiple inde-
pendent variables:

yi ¼ b0 þ b1xi;1 þ b2xi;2 þ b3xi;1xi;2 þ b4x
2
i;1 þ b5x

2
i;2 þ ei

ð3Þ
In the present study, the analyses with MLR and MPR are

performed with Origin 2017 (OriginLab Corporation) using
stepwise backward elimination with four independent
variables.

Performance Criteria

Three common metrics are used to evaluate the performance
of regression model by calculating the differences between
the measured and predicted YS: adjusted coefficient of
determination (Adj R2), root mean square error (RMSE), and
mean absolute error (MAE). The statistical parameters are
defined as:

R2 ¼ 1�
Pn

i¼1 yi � ŷið Þ2Pn
i¼1 yi � �yið Þ2 ð4Þ

AdjR2 ¼ R2 � 1� R2ð Þk
n� kþ 1ð Þ ð5Þ

RSME ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1
n

Xn
i¼1

yi � ŷið Þ2
s

ð6Þ

MAE ¼ 100
n

Xn
i¼1

yi � ŷij j ð7Þ

where ŷi presents the predicted value of the dependent
variable by regression model, yi is the measured one, �yi is the
mean of the dependent variable, and n is the number of
datasets. The value of R2 is always between zero and one,
0 � R2 � 1. An R2 value of 0.9 or above is very good, a
value above 0.8 is good, and a value of 0.6 or above may be
satisfactory in some applications [17, 18]. If the calculated
value of the MAE is less than 10%, it can be interpreted as a
good and accurate prediction and a good prediction of 10–
20%, an acceptable prediction of 20–50%, and a false pre-
diction of 50% or more [19].

Results and Discussion

Figure 1 shows the scatter matrix displaying linear fit
between each input variable and tensile direction-dependent
YS. For AZ31 sheets, it can be generally expected that grain
size and texture strength among the individual variables have
a dominant influence on YS considering the hardening
mechanism of Mg alloys. According to the Hall–Petch
relationship [6, 7], grain refinement leads to an increase in
strength. Furthermore, strengthening or weakening of basal
texture is associated with an increase or decrease in strength.
Based on the thermodynamic calculations, the phase fraction
of the secondary particles is very low, and thus, it is difficult
to expect a hardening by dynamic precipitation of Mg17Al12
phases. In this regard, the linear regression analysis indicates
that grain size and second phase are not significantly related
to the changes in YS as shown in Fig. 1. On the other hand,
Imax and mbasal have a strong relationship with YS. Since the
experimental data of the cited literatures deal with the tensile
properties in the extrusion direction, 45°, and the transverse
direction, it can be seen that basal texture plays a major role
in determining YS. Based on this, multiple regression

Table 2 Statistics of testing
dataset for predicting YS of AZ31
sheets

Variable Minimum Maximum Mean Standard deviation

Input Grain size (µm) 4.80 17.20 9.79 6.24

Second phase (%) 0.32 0.59 0.39 0.14

Imax (m.r.d.) 5.60 16.59 10.66 5.50

mbasal (–) 0.11 0.32 0.24 0.11

Output YS (MPa) 142.1 244.4 184.0 51.43
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analysis is performed using stepwise backward elimination
with four independent variables.

Table 3 presents the results of analysis of variance
(ANOVA) for different regression models. ANOVA pro-
vides information about the level of variation in the regres-
sion model and forms the basis for the significance test. F-
value indicates that as the value deviates more from 1, the
fitted model is more significantly different from the model
y = constant. If the p-value for F-test is less than a certain
level a (usually be 5%), it can be concluded that the fitted

model differs significantly from the mean of the dependent
variable. This can be inferred that the fitted model is a
nonlinear curve or a linear curve with slope that is signifi-
cantly different from zero. Based on this, each p-value is
completely close to zero, so that each model fitted by MLR
and MPR is acceptable.

Tables 4, 5, and 6 describe the results of MLR and MPR
analysis. As a result of the backward elimination method,
MLR and MPR achieve the best results with different
combinations of the input variables. In case of MLR, the

Fig. 1 Scatter matrix displaying
linear fit between each input
variable and YS in training
datasets

Table 3 Results of ANOVA for
different regression models

Model Mean squares regression Mean squares residual F-value p-value

MLR 0.39237 0.01156 33.94 1.01e−7

MPR 1.35231 0.01129 119.82 1.34e−14

Table 4 Results of MLR
analysis

Best parameter Coefficient Standard error t-value p-value

Intercept 1.04382 0.07657 13.63294 8.53e−13

Second phase −0.2371 0.05758 −4.11735 3.92e−04

mbasal −0.96044 0.14144 −6.79039 5.05e−07

Table 5 Results of MPR
analysis

Best parameter Coefficient Standard error t-value p-value

Intercept 1.85129 0.224 8.26454 3.43e−08

Grain size −2.6258 0.58788 −4.46652 1.93e−04

mbasal −2.08813 0.37932 −5.50488 1.57e−05

Grain size * mbasal 2.07418 0.64319 3.22482 3.90e−03

(Grain size)2 1.5295 0.40451 3.78111 1.03e-03
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main predictors are second phase and mbasal with the p-value
less than 0.05. Since Imax and mbasal correlate with each
other, a regression model including both factors is not
appropriate. Imax represents the overall intensity of texture,
but not the distribution or orientation of the basal plane. For
this reason, mbasal, which reflects the distribution of the basal
plane and quantifies the degree of activation of the basal
plane along the loading direction, is more suitable for pre-
dicting YS. Table 4 shows that only mbasal obtains a p-value
less than 0.05 instead of Imax. On the other hand, the fraction
of second phase is not correlated alone with YS, and hence,
it is not expected to be included in multiple regression
analysis. In addition, the correlation between the second
phase and mbasal is very weak. This may reduce the relia-
bility of MLR analysis. However, the coefficient of mbasal is
0.96, which is four times higher than that of the secondary
phase fraction. That is, this supports that mbasal plays a major
role in determining YS. Above all, the strongest merit of
MLR analysis is to grasp the relative weight of each pre-
dictor intuitively.

MPR has a best fit with a combination of grain size and
mbasal through the backward elimination of four predictors.
In Table 5, the coefficient of grain size, mbasal (grain size *
mbasal) and (grain size)2 have low p-value less than 0.05.
Hence, these parameters can be considered to exert a sig-
nificant effect on YS. Furthermore, the coefficient of deter-
mination implies how well the regression model predicts the
response value. As listed in Table 6, Adj R2 of MLR and
MPR with the training datasets is 0.717 and 0.724, respec-
tively. So these two are almost identical. Moreover, MPR
exhibits a relatively lower RMSE and MAE than those of
MLR. On the other hand, MLR shows much better predic-
tive performance than MPR within the testing datasets.

Nevertheless, it is difficult to assess which method is
better given the comprehensive consideration of Figs. 2 and
3. According to the above-mentioned performance criteria,
Fig. 2 presents that both models are satisfied with MAE
value less than 10%. However, Fig. 3 shows that the effi-
ciencies of both models with Adj R2 of *0.5 are not reliable
for the entire datasets. Both models tend to overestimate YS

Table 6 Adjusted R2 and error
in training and testing datasets of
MLR and MPR model

Model Training data Testing data

Adj R2 RMSE MAE Adj R2 RMSE MAE

MLR 0.717 0.108 8.713 0.842 0.057 4.124

MPR 0.724 0.106 7.462 0.414 0.085 7.538

Fig. 2 Comparison of the
predicted YS with the measured
value: a MLR, b MPR, and
c MAE in predicted YS
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compared to the measurements. If the input variable chan-
ges, the output variable may increase and then decrease
again. This characteristic is difficult to predict in both models
in this study. For this reason, more flexible and general data
modeling techniques are necessary to improve the accuracy
and efficiency of regression models. In this respect, artificial
neural network provides a powerful alternative to data
modeling. As the next step, new research is underway on
data modeling to predict the mechanical properties of Mg
alloys based on microstructure and texture development
using artificial neural network. Furthermore, it is essential to
secure the data on the material properties that take into
account process and deformation history to improve the
reliability of predictive modeling.

Conclusions

The present study investigates the correlation between mi-
crostructure, texture, and mechanical properties of AZ31
sheets. For this, a multiple regression analysis is performed
to explore the quantitative correlation of the yield strength
(YS) with the microstructure and texture factors: grain size,
phase fraction of secondary particles, maximum intensity of
basal poles, and Schmid factor for basal \a[ slip. The
results of MLR and MPR models show that mbasal plays a
dominant role in determining YS of AZ31 sheets in the
collected datasets. However, both models have a tendency to
overestimate YS compared to the measured values. More-
over, the efficiencies of two models with Adj R2 of *0.5 are
not reliable in the total datasets. For this reason, more flex-
ible and general data modeling techniques are necessary to
improve the accuracy and efficiency of regression models. In
this respect, artificial neural network provides a strong
alternative to data modeling. Furthermore, it is vital to secure
material property data with process and deformation history
for improvement in the reliability of predictive modeling.
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On the Influence of Twinning
and Detwinning on the Deformation of Mg
at the Micron Scale

Mohammadhadi Maghsoudi, Gyuseok Kim, Markus Ziehmer,
and Erica T. Lilleodden

Abstract
The influence of twinning and detwinning on the
constitutive mechanical response of Mg was investigated
via microcompression tests of single-crystalline pillars of
nominal [0001] and [10-10] orientations, and bicrystalline
pillars containing a single 1012

� �
twin boundary. The

[0001] pillars exhibit the highest initial yield strength
while the [10-10] and bicrystalline pillars initially yield at
significantly lower stress, at which twin nucleation and
growth or migration commence. Depending on the extent
of straining, the [10-10] and bicrystalline pillars exhibit a
secondary yield point associated with the deformation of
the newly formed [0001] oriented pillar. The mechanical
results point to an anisotropy in the mechanical conse-
quence of twin motion, as characterized through the
comparison of the three micropillar orientations; a
twin-mediated hardening is indicated by the relative
stress-strain behavior.

Keywords
Micromechanics � Magnesium � Twinning � Work
hardening

Introduction

Deformation twinning plays an important role in Mg in order
to satisfy the Taylor criterion during an arbitrary shape
change [1, 2]. In particular, twinning modes can accom-
modate strain along with the [0001] direction; however,
while tension along the [0001] axis leads to twinning,
compression along the [0001] axis does not; pyramidal slip
accommodates the strain along the [0001] axis during
compression. That is to say, twinning is not symmetric. The
effect of twinning, or more specifically twin migration, on
the mechanical behavior of Mg has been studied [3–6], but a
unified response is not yet well established. A pronounced
increase of the hardening rate as a result of detwinning has
been reported and discussed in terms of strong dislocation-
twin boundary interactions [3, 4]. On the contrary, Cáceres
et al. [5, 6], has argued that profuse twinning has little or no
effect on the overall strain hardening behavior of Mg poly-
crystals, due to the weak role that twin boundaries play as a
barrier to dislocations. Common to all of these experiments
is that the reported strain hardening associated with
detwinning (or twinning) may be strongly influenced by the
polycrystallinity of the samples; neighboring grains lead to
variations in the stress field and deformation constraints.
A true assessment of mechanical behavior associated with
twinning and detwinning, and any associated anisotropy, is
best carried out on isolated single twin boundaries. In the
present study, microcompression testing was used to explore
twinning and detwinning in pure Mg and, more specifically,
the influence of twining and detwinning on the [0001]
compression behavior.

Experimental

A high purity Mg single crystal (99.99 wt% Mg) and a
polycrystalline Mg (99.85 wt% Mg) sample with a very
coarse grain size of *700–800 µm were mechanically
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ground and polished using standard metallographic proce-
dures. The single-crystal sample was prepared with a surface
normal of [10-10]. The polycrystalline sample was charac-
terized using electron backscatter diffraction (EBSD) in
order to identify orientations of interest for pillar prepara-
tion. Specifically, a region with surface normal orientated
close to the ½0001� containing a twinned region with a
rotation of the c-axis of about 86° around the 2110

� �
axis

was identified. The twinned region has a surface normal
close to the [10-10].

Micropillars were fabricated in the selected regions using
focused ion beam (FIB) milling with an FEI Nanolab 200
Dualbeam scanning electron and FIB microscope with a Ga
ion source. An annular milling protocol with an accelerating
voltage of 30 kV and varying currents was used. Final
milling was carried out using a single pass, annular milling
step using a beam current of 0.5 nA. Specifically,
micropillars with approximate diameters of 4 µm and height
to diameter ratio of about 3 were fabricated in the single
crystalline regions, and at the twinned region in order to
create bicrystalline micropillars. A nominally fixed diameter
was chosen in order to circumvent well-known size effects.
The micropillar orientations are shown schematically in
Fig. 1a, showing the inclination of the twin boundary. In
order to ensure an accurate assessment of the micropillar
geometry, a FIB-milled cross-section through the center of a
sacrificial column is carried out, as introduced by Lilleodden
[7]. The pillar is first covered with a thin Pt layer in order to
protect the surface and allow clear identification of the edges
of the pillar. Then a cross-section is made using live sec-
ondary electron imaging during the milling process so that
the milling is terminated as soon as the mid-point of the
pillar is reached. The resultant 2D image of the pillar
cross-section provides the highest accuracy for measuring
the height and diameter of the pillar. This is shown in
Fig. 1b.

The microcompression tests were conducted with a
Nanoindenter XP (Agilent) equipped with a flat-ended
conical indenter with a 10 µm diameter circular punch

using a constant displacement rate of 0.01 µm/s to different
targeted engineering strains. The height of the pillar and
mid-height diameter, as shown in Fig. 1, were used to cal-
culate the engineering stress and strain, as described else-
where [8]. In order to identify and compare the yield
strengths of the pillars, the approach of Kupka et al. [8] was
adopted. Here, a critical reduction to 45% of the peak value
of the slope of the load-displacement curve was used as a
criterion to define the point of yield and the corresponding
stress is taken as the yield strength. Post mortem mi-
crostructural characterization was performed on
cross-sections of the deformed microcolumns using a FIB
lift-out technique. EBSD measurements were performed at
15 kV acceleration voltage and 2.2 nA beam current using
an EDAX/TSL detector operating in a FEI Nanolab 200
Dualbeam microscope at a working distance of 10 mm.
The EDAX OIM AnalysisTM 7 software was used to process
the EBSD data.

Results and Discussion

Representative engineering stress-strain curves associated
with the microcompression of single crystalline ½0001�,
[10-10] and the bicrystalline micropillars to an approximate
strain of 10% are presented in Fig. 2.

All three orientations show fairly smooth and overlapping
initial loading curves. The 0001½ � micropillar reaches the
highest initial stress, at around 210 MPa at which point a
small strain burst occurs followed by a jerky-like hardening
regime and then a massive strain burst at a stress level of
around 365 MPa. In the case of 0001½ � compression, twin-
ning does not occur, but rather the activation of up to six
equivalent pyramida1 p2 slip systems having \cþ a[
Burgers vector is suggested in the literature to account for
the axial strain and strain [7]. This is supported by direct
observation of the active slip systems achieved through
transmission electron microscopy [9, 10]. The reorientation
due to plastic deformation combined with the increasing

Fig. 1 a Schematic illustration
of fabricated micropillars inside
the parent grain, twin grain and at
the twin boundary, b FIB
cross-section of a sacrificed
micropillar showing the geometry
of a typical sample prior to
deformation
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applied stress due to hardening finally leads to a massive
strain burst associated with basal slip, as already described
by Lilleodden [7].

The mechanical response of the single-crystalline [10-10]
pillars also show smooth, largely elastic loading up to a
stress of nearly 150 MPa. At this critical stress a large strain
extension to a strain of around 6% occurs. Upon continued
loading, the stress is shown to linearly increase followed by
secondary yield and strain hardening. A similar response is
found for the bicrystalline pillars. The stress increases lin-
early up to a stress plateau of around 100 MPa, at which the
strain extends to 4%, and then the stress shows a steep
increase up to a secondary yield point and strain hardening.
Compared to the bicrystalline and [10-10] single-crystalline
pillars after secondary yield, the [0001] single-crystalline
pillar shows larger, more distinct strain bursts. This

difference in the stress-strain behavior after yielding is
consistent with the size and number of slip steps formed on
the outer surface of the deformed pillars. The [0001] single
crystal shows large distinct slip steps at the unloaded state,
whereas many fine slip steps are found in the case of the
[10-10] oriented and bicrystalline pillars.

The plateau stress observed for the [10-10] and bicrys-
talline pillars are associated with twinning and detwinning,
respectively. This is revealed in Fig. 3, where EBSD mea-
surements of cross-sections of the pillars deformed to
approximately 5% strain—a strain still within the plateau
stress—indicate the re-orientation of the pillars to a nominal
0001½ � compression axis. In the case of the 0001½ � pillar
(Fig. 3a), the initial orientation is maintained; no twinning
occurs, as expected, and only a single yield point is found. In
the case of the bicrystalline pillar the twin boundary has
migrated out of the pillar (Fig. 3b), while a single twin has
nucleated near the top of the pillar and migrated through
nearly the entire pillar in the case of the [10-10] pillar
(Fig. 3c); a resultant twin boundary near the base of the
pillar is shown.

As stated earlier, the convention proposed by Kupka et al.
[8] was used to quantify yield stress, using a critical
reduction to 45% of the peak value of the slope of the
load-displacement curve as the yield criterion. While this is
nearly trivial for the initial 0001½ � pillars due to the sharp
strain burst at 210 MPa, the approach was critical to iden-
tifying the secondary yield points in the twinned and det-
winned pillars. The results show that the twinned and
detwinned micropillars undergo secondary yield at a stress
of 280 and 370 MPa, respectively.

We now consider the influence of detwinning and twin-
ning on the compression response along the 0001½ � axis via a
comparison of the yield and strain-hardening characteristics

Fig. 2 Engineering stress-strain curves for [0001] single crystal,
[10-10] single crystal and bicrystalline micropillars compressed to
10% strain. SX points to single crystal

Fig. 3 EBSD maps of
micropillars cross-sections after
5% deformation. a [0001] single
crystal pillar, b bicrystalline
pillar, and c [10-10] single crystal
pillar

On the Influence of Twinning and Detwinning on the Deformation … 357



of the three pillars in their 0001½ � compression orientation, as
is shown in Fig. 4. Here, the loading curves beyond the
saturation of twinning or detwinning are shifted to the initial
loading curves of the initially 0001½ � pillars (Fig. 4a).
Interestingly, the twin migration stress, i.e., the plateau stress
for the twinned [10-10] pillars, is significantly higher than
for the detwinned bicrystalline pillars, whereas the sec-
ondary yield stress shows the opposite dependence; sec-
ondary yielding occurs more readily in the twinned pillars
than in the detwinned pillars.

In any case, the secondary yield stress is significantly
higher, as is the hardening rate (Fig. 4b), for both the ini-
tially bicrystalline and [10-10] pillars relative to the 0001½ �
single crystalline pillars. This indicates that twin boundary
migration itself affects both yield and hardening. While

plastic deformation can readily lead to an increase in yield
stress, this typically leads to a decrease in the strain hard-
ening rate. Thus, the observations of a simultaneous increase
in yield strength and hardening rate cannot be simply
explained by the development of dislocation density during
the plateau regime. While twinning is not often considered to
contribute significantly to dislocation density [6], the results
here point to the formation of some defect structure in the
wake of the twin, which serves as a strengthening mecha-
nism. This may also explain why the 0001½ � single crys-
talline pillars show larger, more distinct strain bursts and slip
steps compared to the twinned or detwinned volumes after
secondary flow; the residual dislocation debris formed dur-
ing twinning or detwinning would limit the mean free path
of the mobile dislocations, limited the extent of massive slip

Fig. 4 a Micromechanical
response of the bicrystalline as
well as the [10-10] single crystal
pillar translated to the initial
loading curve of the [0001] single
crystal pillar, and b work
hardening rate as a function of
true stress for the three
micropillars. SX points to single
crystal
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on well-spaced slip planes. Such twin mediated plastic flow
must be further investigated to identify the relevant dislo-
cation structures resultant from twin migration.

Concluding Remarks

Microcompression experiments were conducted on single
and bicrystalline pillars in order to investigate the influence
of twinning and detwinning on the 0001½ � compression
response of Mg. The microcompression results that the
migration of a twin boundary leads to strengthening and an
increase in work hardening rate in the subsequent 0001½ �
compression. This was observed for the case of detwinning
in bicrystalline micropillars as well as from twinning of
initially [10-10] oriented micropillars, when compared to
initially single-crystalline 0001½ � micropillars. It is argued
that the simultaneous increase in yield strength and hard-
ening rate of the twinned and detwinned micropillars must
originate from the formation of dislocation debris formed in
the wake of twin boundary motion. The results presented
here point to the importance of further studies in order to
develop more advanced constitutive formulations of twin-
ning, especially in the context of crystal plasticity models.
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An Investigation on the Microstructure
and Mechanical Properties
of the Hot-Dip-Aluminized-Q235/AZ91D
Bimetallic Material Produced by Solid–Liquid
Compound Casting

Jun Cheng, Jian-hua Zhao, Yao Tang, and Jing-jing Shang-guan

Abstract
The hot-dip-aluminized-Q235/AZ91D bimetallic material
was acquired by casting the melted magnesium alloy into
the mould where the hot-dip-aluminized-Q235 had been
inserted to achieve the lightweight with optimal mechan-
ical properties. The microstructure and mechanical prop-
erties of the hot-dip-aluminized-Q235/AZ91D was
investigated in this study. The results revealed that the
metallurgical reaction in the interface zone which could
be divided into two different layers was formed between
Q235 and AZ91D. The layer close to AZ91D was
composed of MgAl2O4 and Al12Mg17, and the layer
adjacent to Q235 was comprised of FeAl3. What’s more,
the average microhardness of the interface zone was
higher than AZ91D substrate and Q235. Moreover, the
average microhardness of the layer close to Q235
(469.6HV) was much higher than the layer adjacent to
AZ91D (136HV) due to the generation of FeAl3 and
MgAl2O4. In addition, the shear strength of Q235/AZ91D
was about 8.22 MPa.

Keywords
Intermediate compound � Solid–liquid compound
casting � Hot-dip aluminum coating

Introduction

Under the context that all countries tried to promote the
energy conservation, magnesium and magnesium alloy were
more and more employed in the auto mobile due to its

lightest weight and recyclability [1, 2]. While, it’s bad cor-
rosion resistance and poor room temperature plasticity lim-
ited its further application [3, 4]. By contrast, steel will
continue to occupy a dominant position in the application of
industrial production with the successful development of
mechanical properties [5]. Hence, the combination of steel
and magnesium alloy will realize the light weight with the
suitable mechanical properties. Actually, the huge differ-
ences between Mg and Fe lead to the huge challenges to the
joint of Mg and Fe. According to Fe–Mg diagram [6], the
solid solution of Mg in Fe and Fe in Mg were both close to
zero. In addition, no intermetallic compound was formed
between Mg and Fe, and there was a huge difference in
melting temperature of Mg and Fe. Currently, the joint of
Mg and Fe has been acquired by many methods such as
ERW (electric resistance welding) [7], FSW (friction stir
welding) [8], LW (laser welding) [9, 10], diffusion welding
[11], and ultrasonic spot welding [12]. There is a common
point that the interlayers such as zinc, aluminum, copper and
tin are beneficial to realize the joint of magnesium and steel.
For example, the friction stir welding was applied by Chen
and Nakata [8] to realize the joining of AZ31 Mg alloy and
steel (zinc coated steel and brushed finish steel). The met-
allurgical reaction layers which was composed of Mg–Zn
eutectic structure and Fe–Al binary phase was generated
between magnesium alloy and steel. In another paper,
Elthalabawy and Khan [11] reported the joining of the 316L
stainless steel and AZ31magnesium via diffusion welding,
and in the interface zone the interfacial compound such as
MgNi2 and Fe-Ni binary phases were generated, which was
beneficial to the improvement of shear strength.

Solid–liquid compound casting is a forming process via
pouring liquid mental into solid metal to get the connected
bimetallic material, which has been applied to fabricate
different bimetallic materials such as Fe/Mg [13, 14], Fe/Al
[15], Al/Mg [16, 17], Al/Cu [18] and Al/Al [19] by many
researchers. For instance, compound casting technology was
used by Zhao et al. [13, 14] to realize the combination of
AZ91D and steel (hot-dip galvanized-45 steel and
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aluminized-0Cr19Ni9). They observed that the intermediate
compound was formed in the interface zone of AZ91D and
steel and results indicated intermediate compound was
beneficial to the shear strength of steel/AZ91D bimetallic
material.

In this study, the hot-dip aluminized-Q235/AZ91D
bimetallic material was acquired via casting the melted
AZ91D magnesium alloy into the mould where the hot-dip
aluminized-Q235 has been inserted. This method was the
combination of solid–liquid compound casting and hot-dip
aluminum technology, which not only realize the joint of
AZ91D and Q235, but also improve the corrosion resistance.
The microstructure and phase composition of the interface
zone between alumiounmed-Q235 and AZ91D were inves-
tigated. In addition, both the microhardness and the shear
test were applied to estimate the mechanical properties of the
joint of Mg/Fe.

Material and Experience

Material

The materials used in this study were the AZ91D magnesium
alloy, hot-dip aluminized-Q235 and RJ-2 flux. Among them,
the AZ91D magnesium alloy and hot-dip aluminized-Q235
were employed as the substrate and inserts, respectively.
Besides, the RJ-2 flux was applied to prevent from the oxi-
dation of AZ91D magnesium alloy. The chemical composi-
tions of these materials were listed in Table 1.

Preparation of Aluminized-Q235/AZ91D

First of all, the hot-dip aluminized-Q235 was grounded with
silicon carbide papers up to 3000 grit to coarse the surface, and
then cleaned in ethyl alcohol to remove any dirty mark. Next,
the aluminized-Q235 was inserted into the mould and then
they are both preheated in the box-type furnace at 200 °C for
one hour. At the same time, the AZ91D was placed into the
graphite crucible under the protection of RJ2 covering flux.
Finally, the molten AZ91D magnesium alloy was casted into
the mould with hot-dip aluminized-Q235 at 720 °C.

The Simulation of Casting Process

In order to achieve insert’s surface temperature over time, the
process simulation of mould filling, thermal conduction, and
solidification during the casting procedure was applied via
using an Any-Casting (version 6.0) casting simulation soft-
ware. In order to enhance the accuracy of result, the hot-dip
aluminized-coating on the surface of the insert and other
section were set as pure aluminum and Q235 steel, respec-
tively. In addition, the steel mould, hot-dip-aluminized-Q235
and cast block were divided into 4993104 meshes in total.
After that, the related basic parameters were set and the 6
sensors were placed in positions above the surfaces of hot-dip
aluminum coating as displayed in Fig. 1.

Microstructural Characterizations

In order to figure out the interface zone between
aluminized-Q235 and AZ91D, the specimens with the
dimension of 10mm� 10mm� 10mm were cut from the
cross-section of the cast by electrical discharge wire cutting
machine, and then grounded with silicon carbide papers up
to 3000 grit. After that, the specimens were etched with
3 vol.% HNO 3 in the alcohol solution. Next, the TES-
CANVEGAIII scanning electron microscope (SEM) with
the energy dispersive X-ray spectrometer (EDS) detector
were applied to analyses the microstructure and phase
composition of the interface zone between aluminized-Q235
and AZ91D. In addition, the XRD technology was employed
to obtain the phase composition in the interface zone at the
speed of 4° per minute from 10° to 90°.

Mechanical Properties

The shear test andmicrohardness testwere applied to estimate the
mechanical properties of aluminized-Q235/AZ91D bimetallic
material. The Everone MH-3L microhardness tester was
employed to receive themicrohardness distribution fromAZ91D
to A356 along vertical direction of the interface in different
positions with a holding time of 15 s and a testing load of 100 g.
Furthermore, the shear strength of aluminized-Q235/AZ91D

Table 1 Chemical composition
(wt%) of materials used in this
study

Materials Al Zn Mn Si Fe Ni Cu Mg C S P

AZ91D 8.5–
9.0

0.45–
0.5

0.17–
0.4

� 0:05 � 0.004 � 0.01 � 0.02 Bal. – – –

Q235 – – 0.3–
0.65

� 0.30 Bal. – – – 0.14–
0.22

� 0:05 � 0:045
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bimetallic material was conducted by the shear equipment as
shown in Fig. 2. What’s more, the related calculation equation
[16] was shown in the below:

ds ¼ Fmax

2hk

where Fmax is the maximum load, h is the thickness of the
specimens, and k is the length of the specimen.

Results and Discussion

Microstructures and Compositions

The cross-sectioned galvanized-Q235/AZ91D and its cor-
responding EDS line scan were displayed in Fig. 3. It could
be deduced that there were two different layers in the
interface zone: the layer close to AZ91D (layer I) and the
layer adjacent to Q235 (layer II). In addition, EDS line scan
illustrated the content variation of magnesium, aluminum
and iron elements from Q235 to the AZ91D. Apparently, the
content of iron element from Q235 to AZ91D decreased
gradually, while the content of magnesium increased inch by
inch. Besides, it was worth noting that the content of

aluminum element in the layer close to Q235 was the highest
than other position.

The EDS map scanning spectra (Fig. 4) displayed the
distribution of magnesium, iron, aluminum and oxygen
elements in Fig. 3. The columnar phase in the layer II was
composed of aluminum and iron elements, and the content
of aluminum element in this phase was higher than other
elements. What’s more, the white phase in the layer I
comprised of aluminum, oxygen and magnesium elements,
while the block phase in this layer consisted of magnesium
and aluminum elements.

The SEM micrographs at the interface of the
hot-dip-aluminized-Q235/AZ91D were showed in Fig. 5a,
and the SEM micrographs of the areas as marked ‘A’ to ‘C’
in Fig. 5a at enlarged drawing was displayed in Fig. 5b, c,
and d, respectively. As showed in Fig. 5b, c, and d, the

Fig. 1 Schematic diagram of
sensor positions in hot-dip
aluminized-Q235/AZ91D
bimetals model for casting
simulation

Fig. 2 Schematic illustrations of the shear test
Fig. 3 SEM micrograph and EDS line scan of interfacial microstruc-
ture of hot-dip aluminized-Q235AZ91D interface
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constituents of the two layers differed from each other.
Based on the formation of the phases with different mor-
phology and composition between Q235 and AZ91D, it
could be inferred that the interdiffusion was the dominant
factor in this process.

In order to figure out the phase composition in the interface
zone between aluminized-Q235 and AZ91D, the EDS point
scan was conducted on different phases. The result of mag-
nesium, aluminum, iron and oxygen contents by EDS point
scan at several points was conducted in Table 2.

The XRD point scan technology was employed to prove
the accuracy of EDS line and point scan, and the related
result was displayed in Fig. 6, which could confirm the
existence of phases including FeAl3, a-Mg,MgAl2O4, and
Al12Mg17 in the testing section. However, the testing section
was a little more than that of the interface zone. According to
the report [10, 17], the phases of AZ91D and Q235 substrate
were mainly composed of eutectic structure (a-Mg +
Al12Mg17), a-Mg and ferrite, respectively. Therefore, it
could be deduced that there were FeAl3, a-Mg,MgAl2O4,
and Al12Mg17 in the interface zone.

Based on the result and analysis in the above, the inter-
facial compound in the interface zone between Q235 and
AZ91D was acquired accurately. The layer close to AZ91D
was composed of Al12Mg17 and MgAl2O4. Among them, the

MgAl2O4 was generated on the basis of the equation [14]
Mg(l) + Al2O3(s) ! MgO(s) + Al(l) and MgO + Al2O3

MgAl2O4. What’s more, Al12Mg17 was formed based on
the equation L ! Al12Mg17 + a-Mg. The layer close to
Q235 comprised of FeAl3, which was generated due to the
metallurgical reaction and diffusion.

Formation Mechanism of the Interface Zone

The formation of the interface zone of hot-dip
aluminized-Q235/AZ91D bimetallic material via solid–liquid
compound casting was investigated in the below. The casting
simulation result showed the surface temperature and time
curve of hot-dip aluminized-coating at the positionswhich have
been illustrated in Fig. 7, as AZ91D liquid magnesium alloy
filled into the cavity, the surface temperature was quickly
reached at 588 °C, and then slowly decreased to room tem-
perature. So, it could be deduced that the hot-dip
aluminized-coating was hardly melted. To sum up, the pro-
cess of the formation of the interface zone of hot-dip
aluminized-Q235/AZ91 bimetallic material via solid–liquid
compound casting could be divided into four different stages:
(1) filling the cavity; (2) partially solidification and diffusion;
(3) Metallurgical reaction; (4) solidification.

Fig. 4 EDS map scanning
spectra at the interface of the
hot-dip aluminized-Q235/AZ91D
as showed in Fig. 3
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Fig. 5 SEM micrographs at the
interface of the hot-dip
aluminized-Q235/AZ91D:
a general view, b, c, and d areas
A, B, and C in (a), respectively

Table 2 Composition of atomic
percent of 1 through 5 points in
Fig. 5 by EDS

Point X(Mg)/% X(Al)/% X(Fe)/% X(O)/%

1 65.33 34.67

2 92.32 7.53 0.15

3 24.55 16.59 5.73 53.13

4 26.17 13.13 3.35 57.36

5 28.13 71.87

Fig. 6 XRD diffraction pattern of the hot-dip aluminized-Q235/AZ91D
compound interface

Fig. 7 The time-temperature curve of different positions from ‘a’ to
‘h’ as shown in Fig. 1
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At the first stage, the liquid magnesium alloy was quickly
filling the cavity. And then, at the second stage, the liquid
magnesium alloy solidified layer by layer from near the bottom
of the die. Under the heat of liquid magnesium, the solidified
magnesium layer close to hot-dip aluminizedQ235 and hot-dip
aluminum Q235 reacted with each other. At the same time,
under concentration gradient, iron element in the Q235 sub-
strate and magnesium element in the AZ91D diffused into the
hot-dip aluminum coating. Next, at the third stage, the metal-
lurgical reaction occurred. At the side of AZ91D, the liquid
magnesium reacted with Al2O3 to produce theMgAl2O4 on the
basis of the equation Mg lð ÞþAl2O3 sð Þ ! MgO sð ÞþAlðlÞ
and MgOþAl2O3 ! MgAl2O4. In addition, the content of
magnesium element was high, while the content of aluminum
element was so low. Therefore, the Al12Mg17 was formed due
to the equation L ! Al12Mg17 þ a�Mg. At side of the
Q235, the iron element firstly reacted with aluminum element
to generate FeAl3, because the binding energy of iron and
aluminumwas lower than aluminum andmagnesium. Finally,
the metallurgical interface zone which consisted of FeAl3,
MgAl2O4, and Al12Mg17 was formed between aluminized-
Q235 and AZ91D after solidification, obtaining hot-dip
aluminized-Q235/AZ91D bimetallic material. Actually, the

formation of the interface zone may be contributed to many
factors, and it should be researched in the future (Fig. 8).

Mg lð Þþ 1
3
Al2O3 sð Þ ! MgO sð Þþ 2

3
Al lð Þ; DG0

¼ �39KJ:mol�1of Mg at1000K ð2Þ

MgOþAl2O3 ! MgAl2O4; DG
0

¼ �30KJ:mol�1of MgO at1000K ð3Þ

Microhardness of the Interface Zone

The microhardness distribution of the hot-dip aluminized-
Q235/AZ91D along the direction perpendicular to the interface
from aluminized-Q235 to AZ91D was displayed in Fig. 9. It
could be clearly seen that the microhardness from AZ91D to
aluminized-Q235 was firstly increased from 56HV to 136HV
and then went up to 469.63HV, and at last decreased to
172.2HV. The average microhardness of the layer close to
Q235 (469.63HV) was much higher than the layer adjacent to
AZ91D (136HV) due to the formation of FeAl3, and the
average microhardness of the layer adjacent to AZ91D was

Fig. 8 Schematic illustration of
the formation of the interface of
the hot-dip
aluminized-Q235/AZ91D bimetal
via the liquid–solid compound
process
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much higher than AZ91D substrate (56HV) was attributed to
the existence of MgAl2O4.

Shear Strength

The shear test was one of the best methods to estimate the
bond strength between aluminized-Q235 and AZ91D, and
the related result was displayed in Table 3. It could be
clearly seen that the average bond strength of
galvanized-Q235/AZ91D bimetallic material was 8.22 MPa
which was higher than bare-Q235/AZ91D bimetallic mate-
rial due to the existence of metallurgical bonding. Actually,
the bond strength of bare-Q235/AZ91D bimetallic material
was close to zero [13] because the bare-Q235/AZ91D was
broken during the wire cut electrical discharge machining.

Conclusion

The microstructure and mechanical properties of hot-dip
aluminized-Q235/AZ91D bimetallic material have been
discussed systematically, and the major conclusion was
displayed in the below:

(1) The metallurgical reaction layer was formed between
hot-dip aluminized-Q235 and AZ91D magnesium alloy
via casting the melted magnesium alloy into the mould
where the hot-dip aluminized-Q235 has been inserted
and it can be divided into two different layers. The layer
close to AZ91D comprised of MgAl2O4 and Al12Mg17,
and the layer adjacent to Q235 was composed of FeAl3.

(2) The average microhardness from Q235 to the AZ91D
was gradually increasing from 172.2HV to 56HV, and
the average microhardness of the layer close to AZ91D
(136HV) was much bigger than the layer adjacent to
Q235 (469.6HV) due to the existence of FeAl3 and
MgAl2O4.

(3) The shear strength of hot-dip aluminized-Q235/AZ91D
bimetallic material was about 8.22 MPa due to the
existence of metallurgical bonding.
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Effect of Zinc on Solidification and Aging
Behaviour of Magnesium Alloys Containing
Rare Earths

A. Javaid and F. Czerwinski

Abstract
Magnesium sheet continuously creates a great interest
with potentials in a wide range of technically advanced
applications. The interest was initially driven by a
reduction in fuel consumption within transportation
sectors and was later expanded to consumer electronic
housings, components in electrification of vehicles, and
aerospace applications. In a search for alloys with suitable
formability, a particular attention is paid to Mg–Zn–RE
(rare earth) grades. It is known that the presence of Zn in
binary Mg–Zn alloys leads to enhanced strength and
ductility. However, the effect of Zn on alloy formability
in the presence of rare earths is less pronounced. In this
report, the solidification and aging behavior of Mg–xZn–
1Nd (x = 1, 2, 4 wt%) alloys are described. To analyze
the phase nucleation and growth during melting and
solidification, the Universal Metallurgical Simulator and
Analyzer (UMSA) was used. Hardness values of Mg–Zn–
Nd alloys increased with increasing Zn contents both in
as-cast and after heat treatments with changes being
accompanied by the alloy structure refinement. The
results are discussed in terms of the role Zn plays in
properties of magnesium alloys containing rare earths.
Increasing Zn content in the Mg-xZn-1Nd alloy sheets led
to a moderate increase in ultimate tensile strength and
yield stress but substantial reduction in ductility.

Keywords
Magnesium sheet � Twin-roll casting � Rolling �
Heat treatment � Wrought Mg–Zn–Nd
alloys

Introduction

At present, most magnesium use in the auto industry is
limited to die-cast parts, although wrought alloys hold great
promise for use in structural applications related to aerospace
and automotive sectors. In particular, the advanced magne-
sium sheet technology offers tremendous opportunities for
automobile designers to significantly reduce the vehicle
weight. However, the use of magnesium sheet is severely
limited in light-weighting initiatives because of its high
manufacturing cost, low formability at room temperature,
and relatively high tendency to corrosion [1]. The high cost
and poor formability of magnesium sheet can partly be
overcome by the use of twin-roll casting (TRC) technology
and development of wrought magnesium alloys, formable at
room temperature. Recently, magnesium-rare earth alloys
are increasingly being investigated due to their promising
results in terms of weakening the basal texture and
improving the formability of rolled sheet [2] [3]. Rare earth
elements have very low solubility in magnesium and usually
form with intermetallic compounds. In addition to weaken-
ing the basal texture and improving ductility, rare earths
increase strength, creep—corrosion—and flammability
resistance of magnesium [4, 5]. The presence of rare earth
elements in magnesium alloys also improves castability,
grain refining, and age hardening. Among rare earths used in
Mg alloys, neodymium is one of the most promising choices.
According to Ref. [6], light rare earth (LRE) elements have
higher tendency to segregate to magnesium grain boundary
than heavy rare earths (HRE). This would suggest that Nd,
as an LRE, should be more effective in terms of the solute
drag.

An effectiveness of zinc is comparable to aluminum in
terms of improving castability and strengthening of magne-
sium. By adding up to 3 wt% zinc, the solidification shrink-
age can be compensated along with increasing tensile strength
[7]. Moreover, zinc helps to overcome the harmful corrosive
effect of iron and nickel impurities that might be present in
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magnesium alloys [8]. Additions of Zn to Mg–RE alloys have
been shown to significantly improve mechanical properties
such as elevated temperature creep resistance [9]. Additions
of 0.2 and 0.5 wt% Zn to the extruded Mg–3Nd (wt%) alloy
led to improvement in room temperature tensile properties
[10]. In magnesium alloys, zinc is used as a major alloying
element in a combination with Zr and/or rare earth elements.
It has very low solid solubility in magnesium and forms many
intermetallic compounds so alloys can be strengthened
through precipitation hardening [11]. The use of Zn at low
levels of the order of 1.5 wt% affects the aging response with
high levels changing the form of zinc-containing precipitates,
causing hardness reduction. In the presence of Nd and Gd,
increasing Zn in the range of 0–1.3 wt% delayed the onset of
over aging, but a content of 1.3 wt% lowered the peak
hardness and tensile properties [12]. In this paper, we present
an influence of zinc on some properties of Nd-containing
magnesium alloys.

Experimental Procedure

Alloy Casting

The subjects of this investigation are three Mg–xZn–1Nd
experimental alloys with 1, 2, and 4 wt% of Zn. The
chemical composition of alloys is listed in Table 1.

Alloy melts with a weight of 40 kg, and each was pre-
pared using a mild steel crucible in a resistance furnace
under a protective atmosphere of CO2 + 0.5% SF6 mixture.
The charge make-up is comprised of elemental Mg, Zn, and
Nd, each with a purity of 99.99%. Alloying elements were
added to molten magnesium melt at 730 °C. No grain refiner
was used. After verifying the chemical composition and
removal of dross/oxide from the melt surface, the final
sample was tested by optical emission spectroscopy and the
melt was poured at 730 °C. To generate microstructures
influenced by different solidification rates, a water-cooled
wedge-shaped copper mold was used for casting. The shape
and dimensions of wedge castings are shown in Ref. [13].
The cooling rate during solidification was measured using
4 K-type thermocouples, positioned along the centerline and
corresponding to 10, 15, 20, and 30 mm of the wedge
thickness. As revealed by measurements, the cooling rate

varied from 30 °C/s at the base to 110 °C/s at the tip of the
wedge [14].

Thermal Analysis

To investigate the phase nucleation and growth during melt-
ing and solidification, the Universal Metallurgical Simulator
and Analyzer (UMSA) was used. Measurements were con-
ducted using cylindrical samples with a diameter of 31 mm
and a length of 35 mm with pre-drilled hole and an insert of
the stainless steel tube for a thermocouple. The test samples
were processed in thin stainless steel foil, having negligible
effect on heat transfer, coated with boron nitride, and pro-
tected against oxidation in the UMSA chamber by an inert
argon atmosphere. Controlled heating to 735 °C at a rate of
0.4 °C/s was followed by isothermal holding at 735 °C for
5 min and natural cooling to 50 °C at a rate of 0.2 °C/s. For
each sample, the heating/cooling cycles were repeated three
times to establish repeatability of measurements.

Heat Treatment

As-cast samples sectioned from wedge castings were
homogenized (T4) for 24 h at 400 °C, following by water
quenching. Initially, the samples were placed in the furnace
and heated slowly to 400 °C with a heating rate of 3 °C/min.
Then, samples were subjected to aging at 200 °C for 8 and
16 h (T6).

Sheet Rolling

Hot rolling of Mg–Zn–Nd alloy ingots to the 1.50 mm thick
sheet was conducted using a pilot-scale rolling mill. The
roller diameter was 156.3 mm for top roll and 156.9 mm for
bottom roll, and roller length was 203.2 mm. The aim was to
optimize the hot rolling schedule in order to produce a
quality sheet with a fine and homogeneous microstructure.
The 25-mm-thick-ingot slices were heated to 400 °C under
argon and kept at that temperature for 10 h to homogenize
before rolling. Three different rolling temperatures of 350,
400, and 450 °C were used at one rolling speed of 30 rpm

Table 1 Chemical composition
of magnesium alloys investigated
in this study

Alloys Chemical composition (weight %)

Nd Zn Fe Ni Cu Si

Mg–1Zn–1Nd 0.92 1.00 <0.005 <0.005 <0.005 <0.005

Mg–2Zn–1Nd 0.98 2.03 <0.005 <0.005 <0.005 <0.005

Mg–4Zn–1Nd 0.96 3.94 <0.005 <0.005 <0.005 <0.005
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with rolls preheated to 100 °C. Before rolling, the sliced
plates were soaked for 1 h at the hot rolling temperature to
ensure the proper through heating. The entry temperature
was kept constant, by reheating the plate between passes.
Typically, a thickness reduction of 10–15% per pass was
obtained.

Property and Microstructure Characterization

The sub-sized tensile test samples were extracted from the
as-rolled and annealed state. Each value of strength and
elongation is the average of six specimens tested in rolling
directions (RD) and transverse (TD) directions. Tensile tests
were performed at room temperature and a strain rate of
5 � 10−3 s−1. Flat tensile sample was manufactured accord-
ing to standard ASTM E8M with gage of 25 mm and cross
section of 6 � sheet thickness of 1.5–1.7 mm. Hardness was
measured using a superficial rockwell hardness tester with a
steel ball indenter of 2.5 mm in diameter under the load of
150 N. Hardness values were determined by taking an aver-
age of five readings. Metallographic samples, selected from
locations with distinct solidification rates, were prepared
using the conventional surface preparation process starting
from grinding to polishing and then chemically etched using
10% HF and/or acetic glycol to reveal the dendritic structure.
The optical microscope was used for microstructural charac-
terizations of magnesium alloys tested.

Results and Discussion

Melting and Solidification Characteristics

The thermal analysis output data, collected during melting
and solidification, were used to determine changes of tem-
perature versus time and first derivative of temperature
versus time. The melting/solidification characteristics
determined for alloys tested are listed in Table 2.

The thermal analysis of Mg–1Zn–1Nd, Mg–2Zn–1Nd,
and Mg–4Zn–1Nd alloys in the form of heating/cooling
curves of temperature versus time, recorded during heating
and cooling cycles, is shown in Fig. 1a, and first derivative

of the heating/cooling curves as a function of temperature is
shown in Fig. 1b.

In Fig. 1, two major metallurgical reactions are revealed
through two temperature arrests, marked as “c” and “d” on
heating and cooling curves, respectively. During cooling, the
first solid formed is the a-Mg dendritic phase that nucleated
from the melt at the liquidus temperature. During solidifi-
cation of the a-Mg phase, the melt temperature increased as
the latent heat evolved, and this point was clearly visible as a
sudden change in the first derivative curve (point “d” in
Fig. 1b). Further cooling beyond point “d” resulted in a
growth of a-Mg dendrites. The next change in the first
derivative curve corresponded to the nucleation of the b-
(Mg–Zn–Nd) eutectic phase. This point is marked as “e”.

Analysis of alloys Mg–1Zn–1Nd, Mg–2Zn–1Nd, and
Mg–4Zn–1Nd provides the evidence on the role of Zn for
1 wt% Nd. As shown in Fig. 1a, there are obvious shifts in
location of characteristic points on first derivative curves. An
increased content of Zn from 1 to 2 wt% and then to 4 wt%
caused reduction of the liquidus temperature from 646 to
640 °C and to 635 °C. These changes are larger for the
solidus temperature, which decreased from 485 °C for 1 wt
% Zn to 482 °C for 2 wt% Zn and to 460 °C for 4 wt% Zn.

Effect of Solidification Rate and Zn Content
on Alloy Microstructure

As-Cast Microstructure
The general microstructure of alloys tested after casting is
shown in Fig. 2. For the same solidification rate of 30 °C/s,
increasing in Zn content leads to slight structural refinement.
The structural refinement was described by secondary den-
drite arms spacing (SDAS) in Fig. 2. In addition to more
visible sub-grain structure, a content of intermetallic com-
pounds is increased. The difference is more pronounced
when increasing Zn content from 2 to 4 wt%.

The phase composition for alloys tested here was calculated
with FactSage, assuming equilibrium and non-equilibrium
solidification, in our previous paper [15]. For equilibrium
conditions, theMg–1Zn–1Nd alloy the phases present involved
96.90% a-Mg, 2.19% FCC–MgNd, 0.91% Mg12Zn13.
Increasing Zn content to 2% for the same 1 wt%Nd (Mg–2Zn–

Table 2 Melting/solidification characteristics of investigated alloys, determined based on UMSA analysis. Measurements were conducted at
heating rate of 0.4 °C/s and cooling rate of 0.2 °C/s

Alloys Liquidus, °C Solidus, °C Melting/solidification range, °C Eutectics b, °C

Mg–1Zn–1Nd 646 485 161 507

Mg–2Zn–1Nd 640 482 158 491

Mg–4Zn–1Nd 635 460 175 463

Effect of Zinc on Solidification and Aging Behaviour … 373



Fig. 1 Temperature versus time
(a) and first derivatives of
heating/cooling curves (b) of
Mg–xZn–1Nd alloys tested by
UMSA showing the effect of Zn.
In heating/cooling plots, critical
points are marked as: liquidus–c,
d, solidus–a, f, and eutectics–b, e

(a) (b) (c)Fig. 2 Microstructure of as-cast
Mg-xZn-1Nd alloys containing
a 1 wt% Zn b 2 wt% Zn, and
c 4 wt% Zn

374 A. Javaid and F. Czerwinski



1Nd alloy) increased a content ofMg12Zn13 phase from 0.91 to
2.29 wt%, at the expense of MgNd.

For the Mg–4Zn–1Nd alloy with the highest content of
Zn among all the alloys tested, the contribution of Mg12Zn13
increased to almost 5%. In case of non-equilibrium solidi-
fication for the Mg–1Zn–1Nd alloy, the predicted compo-
sition reached 96.53% a-Mg, 2.11% BCC–MgNdZn, 0.06%
Mg12Zn13, 1.30% Mg51Zn20. However, a comparison
between FactSage computer predictions and experimental
verification indicated some discrepancies as specified in Ref.
[15]. For high magnification of optical images, the readers
are referred to our journal paper [15] that shows precipitates
only.

Secondary Dendrite Arm Spacing (SDAS)
SDAS is most commonly measured by the linear intercept
method, and this technique was used in the present study. An
assessment of the role of both the solidification rate and
alloying additions is shown quantitatively through mea-
surement of the SDAS values. It is clear that the cooling rate
during solidification affected the refinement of microstruc-
ture within all alloys tested (Fig. 3). An increase of cooling
rate from 30 °C/s at the wedge thickness of 30 mm to 110 °
C/s at the wedge thickness of 10 mm resulted in a reduction
of SDAS from roughly 45 lm to almost 15 lm. The SDAS
reduction depends on Zn content: for 1 and 2 wt% Zn effect
is comparable with SDAS decreased from 37–45 lm to
about 20 lm. For 4 wt% Zn, SDAS was generally smaller
and reduced from 30 to 15 lm. The role of Zn additions is
emphasized in Fig. 3b, showing that an increase of Zn
content from 1 to 4 wt% reduced almost twice the average
SDAS from 30 to 15 lm.

Effect of Heat Treatment on Alloy Microstructure
and Hardness

Microstructure After Homogenizing and Aging
The purpose of heat treatment was to assess the alloy
response to homogenizing and aging, and evaluate the role
of Zn content. The microstructure after solution treatment at
400 °C for 24 h is shown in Fig. 4. It was expected that
water quench after solutionizing will prevent a precipitation
of intermetallic compounds. When this was generally true
for 1 and 2 wt% Zn (Fig. 4a, b), for 4 wt% Zn, the image
contrast indicates the presence of precipitates. However,
their alignment in inter-dendritic spaces suggests that they
could remain undissolved from casting state rather than
precipitate after solutionizing heat treatment.

As portrayed in Fig. 5, aging at 200 °C for 8 h led to
precipitation of intermetallic compounds. When for 1 wt%
Zn, amount of precipitates visible under magnification of
optical microscope was still small, and for 2 wt% Zn,

precipitates are clearly seen. For 4 wt% Zn, amount of
precipitates substantially increased as compared to those
remaining after casting. Increasing aging time from 8 to 16 h
increased the volume of precipitates for all Zn contents
tested (Fig. 6). It is of interest that the difference in precip-
itate density between 2 and 4 wt% Zn seen after 8 h of aging
disappeared. As shown in Fig. 6b and c, an intensive pre-
cipitation occurred for 2 wt% Zn, so the precipitate density
reached the level observed for Zn content of 4 wt%.

Influence of Heat Treatment on Alloy Hardness
A summary of hardness measurements after casting and heat
treatment is shown in Fig. 7. The first observation is that for
all alloy compositions the hardness after aging did not reach
the level the alloys had directly after casting. Only for 1 wt%
Zn and 16 h of aging, alloy practically regained the as-cast
state hardness. Moreover, hardness increased with Zn con-
tent both in as-cast state and after heat treatments. A rela-
tively small increase in hardness as compared to the
solutionized state would suggest that not all compounds
present after casting dissolved during heating at 400 °C for
24 h. This finding is supported by earlier microscopic
observations revealing the presence of precipitates after
solutionizing treatment.

Effect of Zn on Alloy Strength After Hot Rolling

For development of magnesium sheet, the ultimate goal is to
control its properties. An example of tensile properties of
Mg-xZn-1Nd sheet hot-rolled at temperatures from 350 to
450 °C is shown in Fig. 8. The rolling temperature is not
distinguished in Fig. 8. The graph shows that for increase in
Zn content from 1 to 4 wt% there is moderate and similar
increase in ultimate tensile strength and yield stress of the
order of 10%. At the same time, there is much higher
reduction in sheet ductility associated with the same increase
in Zn content. It seems that precipitates formed in alloys
with higher Zn content contribute to ductility reduction.
Detailed microstructural investigation is required to explain
that substantial ductility reduction.

Role of Alloying Elements of Nd and Zn in Mg
Sheet Development

Neodymium is a beneficial alloying addition in magnesium
alloys as it reduces intensity of the basal texture while
increasing strength and ductility [16]. Furthermore, the
highly stable eutectic phases formed after the addition of rare
earth elements act as effective strengthener in magnesium
alloys. Among the rare earth elements, neodymium has the
highest solid solubility in magnesium and for this reason
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Fig. 3 Measurements of SDAS
in Mg–xZn–1Nd alloys: a effect
of wedge thickness (cooling rate)
on average SDAS, cooling rate
varies from 30 °C/s at wedge
thickness of 30 mm to 110 °C/s
at the wedge thickness of 10 mm;
b effect of Zn content on SDAS

(a) (b) (c)Fig. 4 Effect of solutionizing at
400 °C for 24 h with water
quench on microstructure of Mg–
xZn–1Nd alloys containing
a 1 wt% Zn, b 2 wt% Zn, and
c 4 wt% Zn
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shows best response to age hardening. According to Ref.
[17], the presence of Mg3Nd hard phase contributed to better
strength of Nd-containing magnesium alloys as compared to
alloys containing Ce or La. On the other hand, it was
reported that the microstructure of Mg–Nd alloys consists of

dendritic a-Mg and divorced eutectic phase Mg12Nd. The
improvement in strength with increase in Nd content was
attributed to both solid solution hardening and precipitation
hardening [18].

Additions of Zn to Mg-rare earth (Mg–RE) alloys have
been shown to significantly improve mechanical properties
such as elevated temperature creep resistance [19, 20]. In
particular, 0.2 wt% Zn and 0.5 wt% Zn added to extruded
Mg–3Nd% alloys contributed to higher tensile properties at
room temperatures [7]. An additional objective of Zn addi-
tions is their influence on precipitation hardening during heat
treatment. For example, additions of Zn of the order of
1.5 wt% enhance the aging response but higher contents
may change the form of Zn-containing precipitates, causing
hardness reduction. In the presence of Nd and Gd, increasing
Zn in the range of 0–1.3% delayed the onset of over aging
but at a content of 1.3% lowered the peak hardness and
tensile properties [21]. An additional advantage of Zn in rare
earth-containing Mg alloys is that it may lower concentra-
tions of RE additions required to achieve similar mechanical
properties compared to Mg–RE alloys that do not have Zn
additions. Since rare earths are rather expensive, this

(a) (b) (c)Fig. 5 Microstructure ofMg–Zn–
Nd alloys after aging at 200 °C for
8 h: a 1 wt% Zn, b 2 wt% Zn, and
c 4 wt% Zn

(b)(a) (c)Fig. 6 Microstructure ofMg–Zn–
Nd alloys after aging at 200 °C for
16 h a 1 wt% Zn, b 2 wt% Zn, and
c 4 wt% Zn

Fig. 7 Hardness of Mg–xZn–1Nd (x = 1, 2, 4 wt%) alloys after
casting and heat treatment
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possibility may contribute to cost reduction, promoting the
use of rare earths in industrial applications.

Conclusions

For the Mg–xZn–1Nd (x = 1, 2, 4 wt%) alloys, two major
reactions were identified during solidification; formation of
a-Mg dendrites followed by the eutectic transformation. For
1 wt% Nd, increasing Zn content from 1 to 2 and 4 wt%
caused a reduction in liquidus temperature from 646 to 640 °C
and to 635 °C. For solidus, a reduction was even larger with
temperature reaching 485 °C for 1 wt% Zn to 482 °C for
2 wt% Zn and to 460 °C for 4 wt% Zn. Accordingly, the
eutectic temperature reduced from 507 °C for 1 wt% Zn to
491 °C for 2 wt% Zn and to 463 °C for 4 wt% Zn.

Increasing Zn content in the Mg–xZn–1Nd alloy led to
general refinement of its solidification of microstructure for
cooling range tested from 30 to 110 °C/s.When increasing Zn
content from 1 to 4 wt%, an average value of the secondary
dendrite arm spacing is reduced from over 30 to 15 µm.

Although increasing Zn content led to higher density of
precipitates after T6 treatment, hardness of all Mg–xZn–1Nd
alloys tested was below the level measured in as-cast state.
For aging temperature of 200 °C, slightly higher hardness
increases were achieved after 16 h than that after 8 h of
exposure. It appears that solutionizing treatment at 400 °C
for 24 h was not sufficient to dissolve all intermetallic
compounds in the alloy matrix.

For sheets rolled at temperatures from 350 to 450 °C,
increasing Zn content in the Mg–xZn–1Nd alloy led to an
increase in ultimate tensile strength and yield stress but

reduction in ductility. When an increase in tensile strength
and yield stress was moderate of the order of 10%, the
reduction in ductility of approximately 30% was rather
substantial.
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Influence of Manganese on Deformation
Behavior of Magnesium Under Dynamic
Loading

Ryutaro Goeda, Masatake Yamaguchi, Tatsuya Nakatsuji, Naoko Ikeo,
and Toshiji Mukai

Abstract
Magnesium alloys are promising lightweight structural
materials. However, their practical utilization requires
improvement of strength and ductility. Adding man-
ganese as a solute improves the room-temperature
ductility of magnesium alloys by facilitating grain
boundary sliding, but its effects on deformation behavior
under dynamic loading remain unclear. Accordingly, we
investigated the strain rate dependence of both the flow
stress and the deformation mechanism of Mg–Mn alloys
via tensile tests over a wide range of strain rates. Grain
boundary sliding induced relatively larger elongation
under quasi-static conditions. On the contrary, the Mg–
Mn alloy exhibited limited necking in the high strain rate
regime dominated by intergranular fracture.

Keywords
Mg–Mn binary alloy � split-Hopkinson pressure bar
(SHPB) � Deformation behavior � Tensile
elongation � Strain rate dependence

Introduction

In recent years, there has been an increasing demand for
realizing a low-carbon society. Thus, reducing exhaust gas
emissions from transportation equipment such as trains and
automobiles is required. One common approach for reducing
exhaust gas emissions is decreasing the weight of the
transportation equipment. At present, the main structural

materials used for transportation equipment are stainless
steel and aluminum alloys. However, magnesium alloys
have been shown to improve the fuel efficiency and per-
formance of transportation equipment [1–3]. Magnesium is
the lightest of the practical metals and has the eighth largest
Clarke number (indicating its abundance in the Earth’s crust
as a naturally occurring metal) after iron and aluminum.
Thus, magnesium is considered as a promising structural
material. However, magnesium has higher plastic anisotropy
than stainless steel and aluminum alloys owing to its
hexagonal close-packed crystal structure [4]. Moreover,
magnesium has lower strength and ductility at room tem-
perature than conventional structural materials. One effective
strategy for overcoming these limitations is solid solution
strengthening. In this study, we focused on manganese as a
solute element for magnesium alloys. Somekawa et al. pre-
viously reported that manganese segregates along the grain
boundaries of magnesium and greatly facilitates grain
boundary sliding, thereby dramatically improving
room-temperature ductility [5].

In the evaluation of structural materials for transportation
equipment, it is important to acquire material data under a
wide range of strain rate conditions from the low to high
strain rate regimes. Many magnesium alloys have strain
rate-dependence in their mechanical properties [6–8], and it
is important to determine the strain rate sensitivity of the
deformation behavior of materials used in transportation
equipment. However, the mechanical properties of Mg–Mn
alloys have been evaluated at only low strain rates [5], and
the effects of manganese addition on deformation behavior
under dynamic conditions are not yet entirely understood.
Therefore, in this study, we performed high-rate tensile tests
using the split Hopkinson pressure bar (SHPB) method to
evaluate the deformation behavior occurring during the
collision of transportation equipment. In addition, we con-
ducted quasi-static tensile tests using an Instron universal
testing machine. By conducting tensile tests at both low and
high strain rates, we investigated the strain rate dependence
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of both the flow stress and the deformation mechanism of
Mg–Mn alloys.

Experimental Methods

Testing Apparatus

In this study, high rate-tensile tests were conducted using the
SHPB method. An SHPB testing machine is composed of
three elastic bars: a striker tube, an incident bar, and a
transmission bar. The striker tube is accelerated by com-
pressed air, whereupon it collides with the flange part of the
incident bar to generate a tensile stress wave that propagates
through the incident bar. Then, a dynamic load can be
applied to a specimen positioned between the incident bar
and the transmission bar. The apparatus configuration and
analytical methods are described in detail below.

Figure 1 is a schematic of the high-rate tensile testing
machine used in this study. There is currently no standard
design for SHPB devices, and testing machines are typically
constructed from common components [9]. The main com-
ponent is a symmetrical incident bar and a transmission bar,
between which the test specimen is positioned. The pressure
bars must retain elasticity even during the deformation of the
specimen, such that a one-dimensional elastic wave propa-
gates through the pressure bars [9]. In other words, the
pressure bars in an SHPB testing machine must be fabricated
from high-strength structural materials. There are also stan-
dards regarding the lengths and diameters of the pressure
bars [9]. The incident bar and the transmission bar must have
one degree of freedom in the axial direction and be arranged
in a uniaxial manner. Strain gauges measure the change in
strain over time and are attached to the incident bar and the
transmission bar in a symmetrical manner parallel to the
axis.

The signal from a strain gauge is obtained as a small
change in resistance. In this study, the change in resistance
was converted into a voltage difference from equilibrium by
using a bridge box. This voltage difference was then
amplified by using an amplifier and then displayed and
recorded by using an oscilloscope. A bridge circuit was used
for the conversion of the strain gauge output. A Wheatstone
bridge was constructed by combining variable resistors and

two fixed resistors, whose resistance was comparable to that
of the two strain gauges, and the change in resistance of the
strain gauge was then output as a voltage. In this study, the
same strain gauge as the one used for load detection was
applied as a fixed resistor in the bridge circuit, such that the
change in resistance due to external temperature variation
could be neglected.

Calculation of Stress–Strain Relation

In this section, the measurement of stress waves in the SHPB
and calculation method of stress–strain relation are
explained. First, the striker tube collides with the flange part
of the incident bar, generating a tensile stress wave in the
incident bar. This tensile stress wave propagates through the
incident bar, and when it reaches the boundary between the
incident bar and the specimen, it is partially reflected at the
free end and becomes a compression stress wave. The
residual tensile stress wave is transmitted through the spec-
imen and propagates into the transmission bar. These three
stress waves, namely, the incident wave, the reflected wave,
and the transmitted wave were measured using the strain
gauges attached to the incident bar and the transmission bar.
Because the stress wave is a one-dimensional elastic wave,
the absolute value of the measured incident wave is equal to
the sum of the absolute values of the reflected wave and the
transmitted wave.

Because the stress wave is a one-dimensional elastic
wave as described in the previous subsection, the stress and
the displacement can be calculated by performing measure-
ments at a single arbitrary point in the pressure bars. Let the
incident strain be ei, the transmitted strain be et and the
reflected strain be er. Figure 2 depicts the relationship
between each parameter and the pressure bars and the
specimen.

According to the theory of one-dimensional elastic wave
propagation, the strain rate can be expressed by Eq. (1)
using the strain in the pressure bars [9]:

_e ¼ Cb
l0

�ei þ er þ etð Þ ð1Þ

where Cb and l0 represent the wave velocity in the longi-
tudinal direction in the pressure bars and the gauge length of

Fig. 1 Schematic illustration of SHPB testing machine
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the specimen. When the specimen is in the state of stress
balance, because the forces applied to both ends of the
specimen are balanced, Eq. (2) can be obtained:

et ¼ ei þ er ð2Þ
Substituting Eq. (2) into Eq. (1) gives Eq. (3):

_e ¼ 2Cber
l0

ð3Þ
In addition, strain can be obtained by the integrated value

of the strain rate as the following Eq. (4);

e tð Þ ¼ Rt

0
_e tð Þdt ð4Þ

In general, the nominal stress can be obtained by dividing
the load by the initial cross-sectional area of the gauge
portion of the specimen. The nominal stress can be obtained
by dividing the load transmitted through the specimen, as
measured using the strain gauges, by the initial
cross-sectional area of the gauge portion of the specimen A0:

r tð Þ ¼ AEet
A0

ð5Þ

where A and E are the cross-sectional area and Young’s
modulus of the pressure bars, respectively. In this analytical
method, the reflected wave is used to measure the strain in
the specimen, whereas the transmitted wave is used to
measure the stress. This analytical theory is referred to as
one-wave analysis [9], and this theory was used in the pre-
sent study.

Configuration of the Testing Machine

Table 1 summarizes the dimensions and materials of the
incident bar, the transmission bar, and the striker tube used
in the high-rate tensile testing machine. To prevent stress

wave interference during the tensile tests, the strain gauges
were attached 1000 mm from the incident bar/specimen
interface and 400 mm from the transmission bar/specimen
interface.

Testing Material and Conditions

The material examined in this study was extruded Mg–0.18
at.% Mn alloy with an average grain size of approximately
1.2 lm. The specimens for the tensile tests were prepared
from the extruded material via a machining process and were
5 mm in length and 2.5 mm in diameter.

The tensile tests were conducted using an Instron uni-
versal testing machine and the SHPB tensile testing
machine. The conditions were 1.0 � 10−4 s−1 in the low
strain rate regime and 1.2 � 103 s−1 in the high strain rate
regime.

Results and Discussion

Figure 3 presents the waveforms obtained from the strain
gauges during the high-rate tensile tests of the Mg–Mn alloy.
Because there was no stress wave interference, the stress–
strain relation of the sample was calculated using the ana-
lytical theory described in section “Calculation of stress–
strain relation”. Variations in the calculated strain rate and
nominal stress as a function of nominal strain are shown in
Fig. 4. Figure 5 shows the true stress–strain relation in the
high-rate tensile tests obtained via one-wave analysis and the
true stress–strain curve obtained from the quasi-static tensile
tests. From the true stress–strain curves presented in Fig. 5,
the strain rate dependence of the flow stress was confirmed.
With increasing strain rate, the flow stress increased signif-
icantly, whereas the fracture elongation decreased drasti-
cally. Figure 6 is a photograph showing the appearance of
specimens before and after the tensile test at 1.0 � 10−4 s−1.
Under the low strain rate condition of 1.0 � 10−4 s−1, the
flow stress exhibited an almost constant value after yielding
and no work hardening was observed. In the low strain rate
regime, grain boundary sliding was the dominant deforma-
tion mechanism, and as a result, the specimen underwent
uniform deformation with large elongation as shown in
Fig. 6. These observations are in accordance with previously

Fig. 2 Equilibrium of elastic strains between the incident bar and the
transmission bar

Table 1 Specifications of the
pressure bars used in the high-rate
tensile testing machine

Pressure bar Diameter [mm] Length [mm] Material

Incident bar 16 2000 SKD11

Transmission bar 16 1400 SKD11

Striker tube – 570 SUS304
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reported results of tensile tests of Mg–Mn alloys [7, 10]. In
contrast, under the high strain rate condition of
1.2 � 103 s−1, the material exhibited work hardening after
yielding, and the deformation mechanism was considered
distinct from that observed in the low strain rate regime.
Figure 7 shows the deformation behavior during a high-rate

tensile test, as observed with an ultrahigh-speed camera.
Figure 7a and b show the gauge portion of the specimen
before the tensile test and just before fracture, respectively.
Compared with the specimen after the quasi-static tensile
test shown in Fig. 6, these observations confirm that de-
formation was limited in the high strain rate regime and the
specimen fractured with extremely small elongation. From
the images shown in Fig. 7, the reduction in the
cross-sectional area of the gauge portion of the specimen
prior to fracture was calculated to be only 16.9%, indicating
that the Mg–Mn alloy exhibited brittle fracture without
localized necking under dynamic conditions. From these
results, it is clear that the deformability of the Mg–Mn alloy
was remarkably decreased when grain boundary sliding was
limited, and from the perspective of dislocation slip, it is
suggested that the addition of manganese to magnesium has
little effect on improving the plastic anisotropy.

Summary

In this study, tensile tests of an Mg–Mn alloy were con-
ducted under high and low strain rate conditions. The results
confirmed that the Mg–Mn alloy exhibited strain rate
dependence of both the flow stress and the deformation
mechanism. Upon increasing the strain rate, the flow stress
increased greatly while the elongation reduced significantly.
As reported previously, the large elongation in the low strain
rate regime is attributed to grain boundary sliding [7, 10]. In
the high strain rate regime, the Mg–Mn alloy exhibited work
hardening after yielding, suggesting the occurrence of
deformation mechanisms other than grain boundary sliding,
such as dislocation slip. Mg–Mn alloy exhibited small
elongation without necking under conditions where grain
boundary sliding was limited. Therefore, it appears that
manganese addition has little effect on improving the plastic
anisotropy of magnesium.

Fig. 3 Stress waves detected by the strain gauges on the incident bar
and transmission bar during the high-rate tensile tests

Fig. 4 Variations in the calculated strain rate and nominal stress as a
function of nominal strain

Fig. 5 True stress–strain curves of the Mg–Mn alloy under tension

Fig. 6 Appearance of specimens before (top) and after (bottom) the
quasi-static tensile test
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Microstructure and Hardness of Porous
Magnesium Processed by Powder Metallurgy
Using Polystyrene as the Space Holder

Ning Zou and Qizhen Li

Abstract
Porous magnesium (Mg) with different overall porosities
(4.1 ± 0.5, 6.1 ± 1.3,12.9 ± 3.3, and 19.0 ± 6.2%)
were manufactured by powder metallurgy using poly-
styrene (PS) as the space holder. The samples were either
hot pressed or cold pressed. Two types of PS were used to
study the effect of molecular weight (Mw) of polymer
space holder on properties of porous Mg. Porous Mg
contained small amount of MgO. The utilization of lower
Mw PS as the space holder introduced less amount of
MgO into porous Mg. Average pore size increased from
2.0 ± 0.03 to 7.9 ± 3.3 µm with overall porosity
increasing from 4.1 ± 0.5 to 19.0 ± 6.2%. Hardness of
porous Mg decreased with overall porosity increasing.
Using PS as the space holder, porous Mg by hot pressing
route exhibited higher hardness than that by cold pressing
route.

Keywords
Porous magnesium � Polystyrene � Powder
metallurgy

Introduction

Porous Mg has great potential to be used for biodegradable
implants due to its suitable mechanical properties,
biodegradability, and biocompatibility [1, 2]. The introduc-
tion of pores into Mg also allows bone or tissue ingrowth
and accelerates the osseointegration and healing process [3].
Powder metallurgy is a popular way to manufacture porous
Mg with the addition of space holders [4–15], such as car-
bamide [4–9], ammonium bicarbonate [10], Poly(methyl

methacrylate) (PMMA) [11], Cs2CO3, ZrH2, CaH2 [16],
naphthalene [17], and camphene [18].

Polymers are widely used as a space holder/template for
the synthesis of porous materials [19–22]. For example,
polystyrene (PS) was used to fabricate nanoporous gold and
nickel [20–22]. Only PMMA particles, one type of polymer,
were reported as space holder for porous Mg [11]. PMMA
particles used by Bi et al. [11] were almost spherical shapes
with diameter of 50–100 lm. The pores were closed-cell
with two different sizes, about100 lm and 5–10 lm,
respectively. One advantage of using PS rather than PMMA
is that PS can be dissolved in tetrahydrofuran (THF) without
certain size, which contributes to processing smaller pores
and can manufacture possible interconnected pores. PS can
be mixed with Mg powders by dissolving PS in THF solu-
tion through solution blending. Solution blending is to mix
materials in liquid state, then evaporate the solvent, and
press the mixture into bulk sample [23]. PS can be decom-
posed and removed at high temperatures (>460 °C) in Argon
atmosphere [24, 25], and thus we can use PS as the space
holder to create pores inside Mg. To our best knowledge, PS
was not used for processing porous Mg in the published
literature.

The compaction processing (compaction pressure and
temperature) affected the properties of materials. Com-
paction pressure was reported to affect the hardness of Mg–
PS composites [26] and strength of porous Mg [13]. How-
ever, the effect of compaction temperature was not reported.
It is meaningful to find out how the compaction temperature,
e.g. lower than Tg and higher than Tg, affects the processing
and properties of fabricated porous samples. The glass
transition temperature (Tg) of PS is 107 °C [27]. Meanwhile,
there are different commercial PS with different molecular
weight (Mw) available, the question of choosing which Mw
of PS needs to be addressed.

This work used PS as the space holder to process porous
Mg. The effects of different Mw and compaction temperature
on properties of porous Mg were also investigated.
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Experimental

Mg powders (density 1.738 g/cm3, *99.8%, *325mesh,
Alfa-Aesar), two kinds of PS with different Mw
(Sigma-Aldrich, PS (Mw 45,000), and PSI (Mw 192,000)),
and THF (J. T. Baker) are raw materials. Mg powders are
same as our previous research [18], with an average size of
45.3 lm.

Porous Mg was processed by powder metallurgy with
three steps: mixing, compacting, and sintering. Firstly, Mg
particles were mixed with PS in THF solution, and they were
kept mixing and stirring for about 4 h until THF evaporated
out. Secondly, compression molding technique [28] was
applied to compress PS–Mg mixtures by 30 MPa into a
dimension of 5 � 10 � 10 mm at 20 * 25 °C and
190 * 200 °C respectively. Mixtures compacted at
20 * 25 °C is named cold pressing, while mixtures com-
pacted at 190 * 200 °C is named hot pressing. Thirdly,
PS–Mg mixtures were sintered by two steps in Argon
atmosphere. PS was decomposed and removed by sintering
at 500 °C for 3 h at first, followed by sintering at 630 °C for
3 h. For metallography, the fabricated samples were cold
mounted first, then they were grinded by sandpaper, and
finally they were polished using 1 µm alumina powder in
ethanol. Porous Mg with different overall porosities,
19.0 ± 6.2%, 12.9 ± 3.3%, and 6.1 ± 1.3%, respectively,
were fabricated by changing weight percentage of PS.
Overall porosities were represented by average porosity
afterwards. Pure Mg powders were compressed and sintered
under the same pressing condition with the overall porosity
of 4.1 ± 0.5%.

Microstructure of processed porous Mg was characterized
by optical microscopy (OM). 40 hardness test readings of
samples were taken by Vickers hardness tester (loading
500 g, time 10 s). 19.0% porous Mg with PS mixture before
sintering, 19.0% porous Mg with PSI mixture before sin-
tering, 19.0% porous Mg using PS as the space holder, and
12.9% porous Mg using PSI as the space holder were ana-
lyzed by X-ray Diffraction (XRD, Rigaku Miniflex 600).
Average pore size and overall porosities were measured and
calculated based on microstructure by linear intercept, sim-
ilar to the method to calculate the grain size. Multiple lines
(total length L) are drawn first. The total length of pores
intercepted with lines is measured as Lp and the total
number of pores is counted as N. The porosity is calculated
by Lp/L and the pore size is calculated by Lp/N. 5 figures
were repeated for each type of porous Mg.

Results and Discussion

Microstructure

PS–Mg and PSI–Mg mixtures for 19.0% porous Mg before
the sintering step have the same XRD pattern as pure Mg, as
shown in Fig. 1. PS and PSI were not detected in the XRD
pattern as there was low weight faction of PS in mixtures.
19.0% porous Mg using PS as the space holder contains a
little MgO remained as the impurity phase, showed by the
(200) peak at 42.8° in Fig. 1, while 12.9% porous Mg using
PSI as the space holder has higher (200) peak at 42.8° and
(220) peak at 62.2°. This indicates that using higher Mw PS
as the space holder introduces more amount of MgO into
porous Mg. PS was decomposed into low Mw gaseous
products during sintering, including toluene, benzene, and
oligomers of styrene [23]. MgO is formed as Mg reacts with
these compounds containing oxygen. For high Mw PSI,
compounds contain higher molecular weight gaseous prod-
ucts with higher amount of oxygen, which leads to higher
MgO contents. MgO impurity was also reported in other
porous Mg processed by powder metallurgy [5, 6, 11, 15].

Microstructure of 19.0, 12.9, and 6.1% porous Mg using
PS and PSI as the space holder by hot pressing route are
shown in Figs. 2 and 3 respectively. Figure 2 also shows the
microstructure of 4.1% porous Mg. Microstructure of 19.0,
12.9, and 6.1% porous Mg using PS as the space holder by
cold pressing route are shown in Fig. 4. The dark parts are
pores while the bright/yellow parts are Mg in Figs. 2, 3 and
4. The microstructure shows that pores have different pore

Fig. 1 Indexed XRD for PS–Mg and PSI–Mg composites before
sintering, and porous Mg
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Fig. 2 Microstructure of porous Mg using PS by hot pressing route with different porosities, a 19.0%, b 12.9%, c 6.1%, and d 4.1%

Fig. 3 Microstructure of porous Mg using PSI by hot pressing route with different porosities: a 19.0%, b 12.9%, and c 6.1%

Fig. 4 Microstructure of porous Mg using PS by cold pressing route with different porosities, a 19.0%, b 12.9%, and c 6.1%
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sizes and irregular pore shape. Porous Mg using PS by hot
pressing route also shows smaller pore size than porous Mg
using PS by cold pressing route, as shown in Figs. 2 and 4.
Meanwhile, porous Mg by hot pressing route has more
uniform pores than that by cold pressing, which could be
explained by the low mobility of PS at low temperature and
part of PS is aggregated [26]. We can clearly find several big
pores in Fig. 4. Average pore size of porous Mg using PS by
hot pressing route increases from 2.0 ± 0.03 to
7.9 ± 3.3 µm with the increase of overall porosity from 4.1
to 19.0%, as shown in Fig. 5. This relationship between
overall porosity and pore size was also reported by our
previous research [5]. The pores are found in 4.1% porous
Mg without using space holders in Fig. 2d, as there are
possible gas and pores between powder before the sintering
and these pores are kept inside.

Mechanical Behavior

Hardness is the resistance of the material against permanent
damage on the surface under the compressive force. Hard-
ness can correlate with strength and higher hardness corre-
lates with higher strength. Hardness of porous Mg using PS
as the space holder by hot pressing route decreases from
21.5 ± 2.9 to 12.9 ± 3.2 HV, while hardness of porous Mg
using PS as the space holder by cold pressing route
decreases from 15.6 ± 3.6 to 12.7 ± 0.7 HV, with the
increase of porosity from 6.1 to 19.0%, as shown in Fig. 6.
Hardness of 4.1% porous Mg without using space holder is
23.0 ± 5.6 HV. Hardness of porous Mg using PSI as the
space holder by hot pressing route decreases from
21.2 ± 3.7 to 15.7 ± 4.5 HV with the increase of porosity
from 6.1 to 19.0%, as shown in Fig. 6. Porous Mg by hot
pressing route has higher hardness than that by cold pressing
route. The possible reason is that PS has higher mobility by
hot pressing route compared with cold pressing route [26],

which contributes to combining the mixture well together
before sintering. The big pores produced in cold pressing
routes could lead to lower hardness of porous Mg as shown
in Fig. 4. The two different Mw PS shows little effect on
hardness of porous Mg in Fig. 6, but low Mw PS can fab-
ricate high purity porous Mg as shown in Fig. 1. Different
compaction temperature (hot pressing route and cold press-
ing route) shows big effect on hardness of porous Mg in
Fig. 6 and hot pressing route is preferred to fabricate porous
Mg with high strength. The range for strength of natural
bone is 0.2–80 MPa [29]. Strength is about 1/3 times of
hardness (HV) [30] and 1 HV is about 9.8 MPa. The esti-
mated strength of porous Mg is about 70 to 42.1 MPa when
hardness is from 21.5 to 12.9 HV. The estimated strength
of porous Mg matches with strength of natural bone,
which reveals that porous Mg has suitable strength bone
implant.

Conclusion

Porous Mg with several overall porosities (6.1, 12.9 and
19.0%) was manufactured by powder metallurgy using PS as
the space holder. PS was removed through the sintering
process at Argon atmosphere. Porous Mg contains small
amount of MgO. Low Mw PS introduces more amount of
MgO into porous Mg than high Mw PS. Low Mw PS is a
better space holder candidate than high Mw PSI. Average
pore size increases from 2.0 ± 0.03 to 7.9 ± 3.3 µm with
overall porosity increasing from 4.1 to 19.0%. Hardness of
porous Mg decreased with overall porosity increasing.
Hardness of porous Mg using PS as the space holder by hot
pressing route, which decreases from 21.5 ± 2.9 to
12.9 ± 3.2 HV with the increase of porosity from 6.1 to
19.0%, is higher than that by cold pressing route. The esti-
mated strength of porous Mg shows suitable strength for
bone implants.

Fig. 5 Average pore size of porous Mg using PS by hot pressing route
changes with different porosities

Fig. 6 Hardness of fabricated porous Mg by different temperature
pressing routes and different PS (PS and PSI)
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