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Scope of the Book

Superconducting materials are an enabling technology for future sustainable energy
production, transport and storage, as well as for medical applications, novel
electronic devices and fundamental research.

Over the last 30 years, several new medium- and high-temperature supercon-
ducting materials have been discovered (cuprates, MgB2, Fe-based pnictides), while
the materials science of traditional low-temperature superconductors, including the
classical metallic superconductors Nb-Ti and Nb3Sn, has progressed. Up to now,
the majority of applications are still based on low-temperature superconductors that
require cooling by liquid helium. Great efforts are still required to improve the
existent or discover new high-temperature superconducting materials for practical
applications, as well as to develop more effective materials processing, microfab-
rication and cryogenic technologies. Moreover, identifying and improving vortex
pinning mechanisms in superconductors is one of the major challenges nowadays
for its relevance in applications requiring manipulation of flux quanta or enhanced
critical currents.

This book aims to bridge the gap between materials science and applications
of superconductors while being aware of the importance of understanding the
fundamental phenomena underlying these materials. The purpose is to collect
the state-of-the-art techniques and methodologies involved in superconducting
materials growth, characterization and processing.

This book will give a deep insight in the intriguing science of superconducting
materials. It serves as a fundamental information source on the actual techniques
and methodologies involved in superconducting materials growth, characterization
and processing. This book involves widespread contributions on several cate-
gories of medium- and high-temperature superconducting materials: cuprate oxides,
borides and iron-based chalcogenides and pnictides. Synthesis, characterization
and processing of superconducting materials will be covered, as well as the
nanoengineering approach to tailor the properties of the used materials at the
nanoscale level. Space will be dedicated to the important topics of grain boundaries
effects and interfacial superconductivity. The state of the art of films added with
artificial pinning centres will also be discussed.
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vi Scope of the Book

This book will be invaluable to the experts to consolidate their knowledge and
provide insight and inspiration to beginners wishing to learn about superconducting
materials.



Introduction

This book originates from the Symposium A-3 ‘Superconducting materials and
applications’ organized in the framework of the conference IUMRS-ICAM 2017
(International Union of Materials Research Societies—International conference on
Advanced materials) from August 27 to September 1, 2017, at Yoshida Campus of
Kyoto University, in Kyoto, Japan (http://www.iumrs-icam2017.org/).

The Symposium A-3 (http://www.iumrs-icam2017.org/program/forums/a-3.
html) focused on state of the art of superconductivity, from materials science to
applications. Its wide scope covered a variety of topics: metals, alloys, oxides,
sulphides, selenides, and Fe-based superconducting materials, in the form of thin
films and bulk, single crystals; considering synthesis and characterization, devices
development, theory and applications, Symposium A-3 was highly successful,
extending for 4 days (Monday–Thursday), with 19 sessions/in parallel (one of the
only three symposia in IUMRS-ICAM organized with parallel sessions).

Symposium A-3 counted 79 talks (10 keynotes—49 invited) and 12 posters.
High level of presentations and lively discussion contributed to the quality of the
symposium.

Social part was also included, with a symposium dinner on August 29 on the roof
garden of a famous hotel on Kamo River, the pulsing heart of historical Kyoto City.

Symposium A-3 was one of the ‘Bilateral MRS-J/E-MRS’ symposia at IUMRS-
ICAM 2017. Financial support from MRS-J and endorsement by THO (Team
Harmonized Oxides, Japan) are acknowledged.
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viii Introduction

Many outstanding oral and invited presentations were given during the sympo-
sium. The symposium organizers were inspired by them to disclose such excellent
papers to the widest scientific community. This is a reason why we invited our
distinguished colleagues to share their results and we publish this book entitled
Superconductivity: From Materials Science to Practical Applications.

Tokyo, Japan Paolo Mele
Osaka, Japan Kosmas Prassides
Tallahassee, FL, USA Chiara Tarantini
Barcelona, Spain Anna Palau
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Chapter 1
Targeted Selection and Characterisation
of Contemporary HTS Wires for Specific
Applications

Stuart C. Wimbush

1.1 Present Status of Large-Scale Applications of HTS

Large-scale HTS applications have now been successfully demonstrated in almost
every proposed sphere [1]: e.g., motors [2], fault current limiters [3], power cables
[4], maglev trains [5], magnetic [6] and flywheel [7] energy storage systems,
transformers [8], wind generators [9], research (beamline [10] and high-field [11])
magnets, magnetic resonance imaging [12] and nuclear magnetic resonance [13]
devices. About the only outstanding application that has yet to be demonstrated
is the fusion reactor, and here too device construction and testing is already
underway [14, 15]. The field of applied, technological superconductivity is now
moving beyond these preliminary demonstrators to the industrial development of
commercially viable machines and devices. At this stage, it is no longer proof
of concept that governs conception but rather proof of viability. New drivers
emerge such as cost-effectiveness, reliability, practicality and competitiveness with
incumbent technologies.

At the same time, the number of commercial HTS wire manufacturers active in
the industry has grown quite considerably in recent years and continues to grow.
Whereas in the past, choice was limited to three or four established manufacturers,
often operating at capacity, now there are a dozen advertising the ability to supply
significant quantities of wire on a commercial basis, with a similar number in a pre-
production ramp-up phase. It must be said, however, that total production capacity
remains well below projected demand, meaning that supply issues continue to play
a role.
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In this context, a new requirement arises, which is for the informed and targeted
selection of appropriate wire for a given project in the face of a broad selection of
widely varying and poorly specified material combined with uncertainty of supply.
Where a significant investment decision is to be made on the open market, rather
than a particular wire supplier being pre-specified under the terms of a joint research
programme, the need to confirm that performance requirements will be satisfied and
to secure the optimum economic outcome becomes an important task in the project.
Even for a relatively small build of any practical device, wire cost at present prices
constitutes a significant fraction of the total build cost so the saving to be made
by not over-specifying the wire cannot be overlooked, and indeed may make the
difference in viability of the project as a whole. This chapter examines the benefits
of detailed project-specific wire characterisation, and the opportunities that targeted
wire selection offers to improve the efficiency and economy of device designs.

1.2 Wire Characterisation Systems

The requirement outlined above for more detailed wire characterisation than is
commonly provided by suppliers at this time in terms of the critical current, Ic,
under different conditions of temperature, magnetic field and field angle, targeting
the specific application, has begun to be recognised [16, 17]. The high performance
of contemporary HTS wires presents a particular challenge due to the multiple
kiloamps of current now needed to adequately characterise full wires under the
conditions of interest for many applications. The majority of characterisation
systems described in the literature [18–21] continue to rely on liquid helium for
their operation; however, this limits both their speed of operation and their ultimate
cost effectiveness, with even the best-designed systems [20] consuming upwards of
0.5 l of liquid helium per Ic data point acquired.

At the Robinson Research Institute, we have developed and refined our own in-
house HTS wire critical current measurement system [22], shown in Fig. 1.1, over
a period of several years. Our system relies on a cryocooled 8 T split-pair HTS
magnet to provide a horizontal magnetic field within which out-of-plane sample
rotation is relatively easily accomplished whilst accommodating the hefty current
leads required to convey kiloamps of current to the sample without excessive
heating. A circulating cryocooled helium gas sample cooling circuit likewise
provides continuous liquid cryogen free operation down to a base temperature
(with sample and current leads inserted) presently around 12 K. Full automation
of the measurement routine allows for long but efficient characterisation runs
generating upwards of 100 distinct IV curve measurements per hour, with automatic
determination of Ic and n-value at each point. Sample exchange can conveniently be
performed while the system remains cold and is typically completed within 30 min,
opening the possibility of high-throughput characterisation of many wire segments
under more highly targeted (but still application-relevant) conditions.
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Fig. 1.1 The Robinson
Research Institute’s
SuperCurrent Ic measurement
system enables the automated
electrical characterisation of
full HTS wires at
temperatures down to 15 K,
magnetic fields up to 8 T, and
currents up to 1 kA.
Complete 360◦ rotation of the
sample within the magnetic
field allows detailed
characterisation of the wire
anisotropy in addition to the
more common temperature
and field dependences of the
critical current

All of the experimental data presented here was acquired on this system, and
much of it is available to download freely from our publicly accessible HTS wire
database [23] located at https://www.victoria.ac.nz/robinson/hts-wire-database. By
making this exemplary data widely available, it is our intention to encourage
superconducting device designers to investigate how their designs could be modified
to operate more efficiently on the basis of the availability of this information, and
in the remainder of this chapter, we address some of the approaches successfully
employed to achieve this, illustrated by a number of case studies highlighting
specific aspects of the actual device design process.

1.3 Wire Characterisation Under Different Regimes

Understanding the behaviour of different wires under different regimes of operating
parameters is central to the efficient design of superconducting devices, with the
range of variation across commercially available materials being extremely large
and different wires being optimised in often only partially understood ways for
different nominal applications that may not tally particularly well with actual real-

https://www.victoria.ac.nz/robinson/hts-wire-database
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world conditions. The primary operating conditions of relevance to superconducting
materials are the temperature and the magnetic field. Due to the inherent anisotropy
of the HTS materials, as well as the intentional introduction of microstructural
defects aimed at enhancing performance through improved flux pinning, the
direction of the magnetic field relative to the crystal structure of the superconductor
is also an essential parameter, often equally as significant as its magnitude. Each of
these parameters—temperature, magnetic field and field angle—will be addressed
in turn.

1.3.1 Temperature Regime

The most basic question to be asked of any potential application is its intended
temperature of operation. If a device is to operate immersed in an open bath of liquid
nitrogen then this fixes this parameter at the most commonly reported temperature
of 77 K. In practice, this arrangement would be rare for a practical device, however.
More common is that the application must be considered to exist across a range of
temperatures, for example in the transition from cryogenic to room temperature in
the gas above the bath, or in the case of sub-cooled liquid nitrogen in the temperature
range from the nitrogen triple point of 63 K at the coolest part of the bath to 77 K at
its warmest. Even an open liquid nitrogen bath will vary in temperature by up to a
few degrees depending on the ambient air pressure (and therefore altitude).

Where an electrical cryocooler is to be used, the situation may be turned on its
head, with the operating temperature being dictated instead by the requirements of
the application, and an appropriately powered cryocooler being specified on this
basis. In this situation also, it is appropriate to speak of a range of temperatures,
since in powered (rather than passive) applications, accommodations must be made
for the varying load on the cryocooler, and in practical terms also for the variation
in cryocooler performance between maintenance periods.

The establishment of the intended operating temperature regime is a crucial
first step in the decision-making process regarding wire selection, immediately
demarcating a number of broad boundaries. Common choices include 77 K liquid
nitrogen, 65 K sub-cooled liquid nitrogen, 30 K cryocooled, 10 K cryocooled and
4.2 K liquid helium, but the choices are essentially limitless, to be dictated by the
other design constraints imposed on the application.

It is now well established, nor is it surprising given the complexity of the
flux pinning process that ultimately governs the wire Ic as well as the vast
range of advanced processing techniques employed in wire manufacture, that it
is impossible to predict purely on the basis of, for example, 77 K performance,
what the performance of a particular 2G HTS wire will be at a distant temperature,
for example 30 K, and that even extrapolations over relatively limited temperature
ranges from 77 K to 65 K are fraught. The most immediate example of this has been
presented in [24], where two wire samples are compared, one of which performs
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better at 77 K and the other at 20 K. In light of the potential for such a reversal in
relative performance, it is evident that given no knowledge of a wire other than
its 77 K performance, no reliable prediction can be made of its performance at
another temperature, or under a given magnetic field. It is important to recognise
that where such correlations have been demonstrated to exist [25], these have been
between pairs of carefully selected temperature/field combinations at a single field
orientation and amongst samples of a highly similar nature, for example identically
prepared materials differing only in degree of chemical doping. No such correlation
is generally applicable, nor could it ever be.

The reason for this is clear: the wire performance is determined by the flux
pinning effectiveness, and different pinning centres have strengths that vary in
dependence upon the temperature and magnetic field in different ways. It will only
ever, therefore, be possible to correlate wire performance across temperatures in
samples that possess the same population of pinning defects (both controlled and
uncontrolled), and this is what is seen in practice. For a reliable evaluation of the
performance of an arbitrary sample, there is simply no alternative to measuring its
performance within the proposed operating temperature regime (see Case Study:
Traction Transformer).

An inadequately resolved matter confronting the research community at the
present time is the identification and implementation of an effective low-temperature
pinning defect. All of the most prominent pinning centres, for example BaZrO3
nano-columns, lose their effectiveness at low temperatures [26]. Is this merely a
result of the relative ease with which experimental investigations can be performed
at 77 K encouraging greater empirical effort in this regime, is it that pre-existing
natural sources of pinning become stronger at low temperatures as vortices stiffen,
obscuring attempts to further strengthen the pinning force, or is there a fundamental
lack of effective low-temperature pinning structures? The answers to these questions
are presently unclear.

To date, the most promising route to low-temperature performance enhancement
has been using the method of ion irradiation to create flux pinning damage track
defects running through the material [26, 27]. The direct applicability of this method
to industrial production is questionable, but not to be ruled out [28]. Most likely, an
improved understanding of low-temperature flux pinning processes is required to
be derived from such studies, before more practical processing techniques can be
developed to generate the appropriate defect structures in a more facile manner.

Case Study: Traction Transformer

The development of superconducting transformers for use on trains offers
the particular advantage of reduced component weight, in addition to the
increased efficiency and reduced fire risk that is of benefit to all types of

(continued)
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superconducting transformers. A transformer is an inherently AC device,
and consequently the design of any practical superconducting transformer is
centred on the management of AC loss. If the aim is to achieve an efficiency
target of 99% in a transformer that may have a power rating of 6.5 MVA,
for example, then it is immediately apparent upon taking into account a
realistic cooling penalty (ratio of cooling power required at room temperature
to extract a given amount of heat at low temperature) of ∼15 at 65–77 K that
the total losses (AC loss plus thermal load due to current leads, etc.) cannot be
allowed to exceed 4 kW. Furthermore, not only the transformer unit itself, but
also its associated cooling system must meet the stringent design limitations
of overall size and weight. At the same time, in contrast to the high-field
electromagnets that form the core of many superconducting devices, the
magnetic fields experienced by the superconductor in this application lie
squarely at the low end of the scale, unlikely to exceed about 0.5 T. Given the
low field requirement in combination with the intrinsically mobile nature of
the application, a cooling system based on liquid nitrogen or operating at the
higher end of the temperature scale in order to minimise the cooling penalty
and reduce the complexity of the cooling system is most practicable.

A survey of the temperature-dependent performance of commercial wires
available in the quantity (∼15 km) required to accomplish the build (Fig. 1.2)
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Fig. 1.2 Self-field temperature-dependent performance comparison of commercial HTS
wires sourced from various manufacturers in the sub-cooled liquid nitrogen temperature
range, highlighting that in general different wires may perform better at 65 K than those
that perform best at 77 K
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indicated that even the best available wires provided insufficient perfor-
mance to operate at 77 K, and so an operating environment of sub-cooled
liquid nitrogen extending down to 65 K was adopted. It is notable that even
this relatively small variation in operating temperature already introduces
a different ranking to the relative performance of the wires than would be
obtained at the commonly specified temperature of 77 K.

To further qualify the potential wires for this application, and to facilitate
detailed and accurate modelling of the AC loss critical to successful operation
of the device, the full angle dependence of the critical current of each wire
under consideration was determined at fine intervals throughout the relevant
field range from 0 T to 0.5 T, with a particular focus on fields below 0.2 T
where in particular, the in-plane performance of the wires varies rapidly. From
these full angle dependencies were extracted the minimum and maximum Ic
values at each field, as shown for the intended operating temperature of 65 K
in Fig. 1.3. In most cases, these minimum and maximum Ic values correspond
with those obtained for fields oriented parallel and perpendicular to the wire
direction, respectively, but in some cases, there were significant deviations
(see Sect. 1.3.3).
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Fig. 1.3 Low-field performance comparison of available commercial HTS wires sourced
from various manufacturers at the temperature of sub-cooled liquid nitrogen (65 K).
Minimum and maximum Ic values extracted from full angle dependences under each
condition are plotted in order to encompass the full range of performance at each field value
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As detailed in Sect. 1.3.2, careful examination of the behaviour of widely
available superconducting wires in the low-field regime reveals a large array
of hitherto underexplored features and subtleties that should be taken into
account in any data-based design.

On the basis of this data, we conclude that Fujikura and STI wires offer a
level of performance under the conditions of relevance to this application that
lies significantly ahead of other contenders. A number of other suppliers then
occupy the mid-range, although here the situation is not so clear-cut since
the critical region of the transformer is going to be at the end turns of the
windings, where significant out-of-plane fields will impinge on the wire, and
the performance of some of the wires under these conditions is seen to be
poorer in spite of better performance overall.

Ultimately, a full numerical model serves to indicate whether a given wire
performance is adequate to realise successful operation of the device, and
from there an economic decision can guide the purchasing choice.

1.3.2 Field Regime

A relatively common form of wire characterisation is the field dependence of Ic
measured at a particular temperature (most commonly 77 K), usually for fields
applied both perpendicular and parallel to the plane of the tape (Fig. 1.4). This is the
sort of product data that the more established wire manufacturers typically provide
(for a good example, see [30]). The choice of the two orthogonal field orientations
is based on the supposition that these provide some measure of extreme (minimum
and maximum) values, but this is a hangover from the specific case of 1G (BSCCO)
wire, where it can broadly be relied upon to be true [31]. In the case of 2G (REBCO)
wire, this supposition, unchecked, can be highly misleading as will be evidenced in
Sect. 1.3.3. In particular, the perpendicular field Ic, initially observed to represent
the minimum value, has over time become a metric for performance enhancement
through the introduction of artificial pinning centres, but the consequent focus on
enhancements in this specific field direction has tended to overlook the fact that the
minimum Ic has shifted elsewhere, and that little usable performance enhancement
may actually have been achieved (see Fig. 1.5). Instead, it can be preferable in the
case where a visual overview of comparative wire performance is required to plot the
true minimum and maximum values (as shown, for example, on Fig. 1.3), although
this does typically require the measurement of the full angular dependence of Ic
under each condition to reliably determine, and it runs the risk of introducing its
own overestimations of performance if it is subsequently assumed that the minimum
occurs for fields applied in the perpendicular direction, and that the Ic experienced
when fields are oriented in other directions will be higher.
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Fig. 1.4 Field dependence of the critical current of a SuperOx 2G HTS wire sample over a range
of temperatures (lowest temperature corresponding to highest Ic) for fields applied perpendicular
(upper panel) and parallel (lower panel) to the plane of the wire. A pronounced sensitivity to out-of-
plane fields is evident on this double logarithmic scale, common to most 2G wires. Data from [29]

Out-of-Plane Field Hysteresis

The basic behaviour exhibited by the field dependences is that as the field is
increased, and correspondingly the number of flux vortices present within the
superconductor increases, the strongest available pinning sites become occupied and
successively weaker pinning sites begin to be populated, leading to a reduction in
Ic to higher fields until the irreversibility field is reached and Ic drops to zero. At
the lowest fields and lower temperatures, grain boundary derived limitation of the
superconducting cross-section may dominate the behaviour, resulting in a plateau
region of constant Ic [33].
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Fig. 1.5 Field dependence of the critical current of an American Superconductor 2G HTS wire
insert with strongly enhanced c-axis pinning introduced via ion irradiation, highlighting how a
focus on parallel and perpendicular field behaviour can obscure the true envelope of performance
of the wire as accurately represented by the minimum Ic value. The grey curve indicates the
original (unirradiated) minimum Ic, showing the true extent of the performance enhancement due
to irradiation. The angle dependence of Ic (inset) under the highlighted condition shows how the
situation of apparent isotropy can arise in the case of pinning-enhanced material. After [32]

Fig. 1.6 The field
dependence of Ic at low
temperatures exhibits
hysteresis at low fields
depending on the direction of
the field sweep as flux
vortices get trapped within
the grains such that the field
in the grain boundaries
(which limits Ic) reaches zero
before the applied field.
Where only a single
non-virgin field quadrant is
swept, this can lead to an
underestimation of the true
zero field Ic, or a spurious
peak effect
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When we examine the field-dependent Ic for fields applied perpendicular to the
wire in both the increasing and decreasing sense (Fig. 1.6), we observe a hysteretic
behaviour at low fields (typically less than 1 T). The maximum Ic value is seen not
to occur at zero applied field, but rather to occur before zero field is reached (in
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Fig. 1.7 The angle dependence of Ic at low temperatures is shifted in angle at low fields due to
field trapping within the grains

whichever direction the field is being swept). This effect has been well documented
in granular materials [34] and in films containing engineered large-angle grain
boundaries [35], and it is found to be ubiquitous in coated conductors due to their
inherent grain boundary network [36]. The proposed explanation is that the field
(comprising flux vortices) becomes trapped within the grains, causing the grain
boundaries to reach zero localised field before the applied field reaches zero. Since
it is the grain boundaries that limit Ic in the low-field regime, this reduced grain
boundary field is immediately reflected in the measured Ic.

Less commonly observed [37] is that this out-of-plane field hysteresis carries
through also to the angle dependences of Ic, where the offset between the results
obtained with increasing and decreasing field angle can be rather large, as much as
30◦ (Fig. 1.7). Again it is observed most strongly at low fields and low temperatures,
and as with the field hysteresis, the angular peaks in Ic are observed to occur “too
soon.” To get an accurate measure of the correct angular location of the curve, there
is no option but to measure in both directions and then to shift the curves equally into
alignment, or to measure each point after zero field cooling at that angle. Otherwise,
the true angular position of the curve must be inferred.

In-Plane Field Asymmetry

A well-reported effect in 2G wires [38] is the asymmetry of the field dependence
of the critical current to positive and negative in-plane fields, attributed to the
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suppression of Ic at non-zero field caused by the presence of a ferromagnetic substrate. Note that
no hysteresis is observed in these in-plane measurements. Ic is plotted normalised to allow direct
comparison of the two effects since the wires on different substrates have different Ic. After [39]

difference between the surface barriers to vortex motion at the interface between
superconductor and dielectric buffer layers on one hand, and superconductor and
metallic capping layer on the other. Since reversal of the field direction reverses the
direction of the Lorentz force acting on the vortices, they encounter one or other
of these surface barriers, leading to a different Ic (for small fields). Reversal of the
current direction is confirmed to produce the same effect.

A recently reported extension of this observation [39] highlights the additional,
superimposed effect of a sharply reduced dip in Ic over a narrow, non-zero field
range in the presence of a ferromagnetic substrate (such as the Ni–5%W alloy
commonly used in the RABiTS process), reproduced in Fig. 1.8. Again, the effect
was confirmed to reverse in field in case of reversal of the current transport direction,
or if the sample was placed face-up instead of face-down (reversing the direction
of the Lorentz force relative to the wire). Furthermore, exfoliation of the sample
from the magnetic substrate was demonstrated to eliminate the dip in Ic, while
sandwiching the sample between two Ni–5%W foils was seen to produce a double
dip to either side of zero field. Finite element modelling shows the effect to be
the result of field shaping by the ferromagnetic substrate causing a significant
perpendicular field component to be generated within the wire by the self-field
resulting from the transport current even though the applied field lies strictly within
the plane. A notable side-effect of this field shaping is a reduction in the overall field
seen by the superconductor, resulting in a general enhancement of Ic [40].
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Fig. 1.9 The in-plane (90◦) peak in the angle dependence of Ic of a Fujikura 2G HTS wire sample
at low fields exceeds the zero-field value due to the in-plane field asymmetry highlighted in Fig. 1.8.
The peak for fields applied in the opposite (270◦) direction is correspondingly diminished

The consequence of these effects is an apparent irregularity and the loss of 180◦
periodicity in the angle dependence of Ic of these materials at low fields, and in
particular at low temperatures (where the Ic is high). The effect also gives rise to a
characteristic peak in the angle dependence at low fields that exceeds the zero-field
Ic value (see Fig. 1.9). This particular combination of conditions is not a common
one for present applications, but the effect is present to a lesser degree at higher
temperatures also, as Fig. 1.9 demonstrates, so it may be important to take into
account in any low-field application such as power cables, transformers or fault
current limiters.

Case Study: Wind Power Generator

A prototype HTS wind power generator was designed and constructed at the
10 kW scale [41], in part to test the use of a brushless exciter to energise the
HTS rotor coils in a non-contact manner through the walls of the rotating
cryostat [42]. Although the design was informed by measurements of the
performance of the HTS wire used in its construction, the paucity of available
wire data from different suppliers meant that it was not possible to select wire
specifically targeted to this application.

(continued)
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Table 1.1 Comparison of the constructed design for a 10 kW HTS wind power generator
with a refined design utilising data for an optimally selected alternative wire

Original
design

Refined
design

Design specifications Rated output power 10.3 kW

Rotational speed 300 rpm

Operating temperature 30 K

HTS rotor coil design Width of racetrack coil bobbin 25 mm

Total width of racetrack coil 95.5 mm 68.5 mm

Effective length of racetrack coil 170 mm 200 mm

Turns of HTS per coil 235 145
Operating current 91 A 336 A
Current margin 40% below Ic

Number of poles 6

Number of coil layers per pole 4 (QPC) 2 (DPC)
Total length of HTS wire required 3 km 1 km

Results Inductance 0.15 H 0.02 H

Overall diameter of the generator 453.3 mm 183.5 mm

Maximum magnetic field on coil 2.2 T 5.8 T

Max. perpendicular magnetic field 1.1 T 2 T

Original design from [41]; refinement calculation courtesy of H.-J. Sung

Post-construction, it was of interest to run the design model using a range
of datasets of alternative wires that could have been used had this data been
available. Table 1.1 highlights the design modifications and the resulting
benefits that could potentially have been realised in the best case.

By selecting the best available wire for the specific operating conditions
of the target application (30 K, reduced sensitivity to perpendicular fields), it
would have been possible to increase the operating current significantly whilst
maintaining the safety margin to Ic, optimally balancing the field on the coils
against the operating current to minimise the coil size, and ultimately reducing
the amount of wire required for construction from 3 km to 1 km at the same
time as halving the overall build diameter of the generator. It is likely that
under an economic analysis, these benefits would outweigh any additional
cost associated with the superior wire. A fully detailed wire characterisation
is also likely to increase confidence in the actual wire performance, enabling
a reduction in the operating current margin and consequent further design
gains.
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1.3.3 Angular Regime

The full power of detailed wire characterisation is realised when complete angle-
dependent variations in Ic are measured and utilised in device designs. Combined
with numerical models able to account for the full wire anisotropy, great improve-
ments in the efficiency of wire utilisation can be achieved (see Case Study: MRI
Magnet) as we move from designs based on the anticipated minimum Ic of the
wire for a given field–temperature combination to designs able to fully utilise the
performance benefit available from HTS wires in regions of partial in-plane field.

This potential performance gain is exemplified in the data shown in Fig. 1.10,
where it is seen that for a relatively wide angular range around the in-plane

0 30 60 90 120 150 180
0

50

100

150

200

250

300

350

400

450

500

550

600

650

700

750
μ0H = 1 T

C
rit

ic
al

cu
rre

nt
I c

(A
)

Applied field angle (°)

25.0 K
27.5 K
30.0 K
32.5 K
35.0 K
37.5 K
40.0 K
42.5 K
45.0 K
47.5 K
50.0 K
52.5 K
55.0 K
57.5 K
60.0 K
62.5 K
65.0 K
67.5 K
70.0 K
72.5 K
75.0 K
77.5 K
80.0 K
82.5 K
85.0 K

Fig. 1.10 Angle dependence of the critical current of an American Superconductor 2G HTS wire
sample over a range of temperatures (lowest temperature corresponding to highest Ic) at an applied
field of 1 T. The performance gain available when the field is aligned close to the in-plane (90◦)
direction is evident at low temperatures, as is the fact that to higher temperatures as the peak
narrows the true Ic minimum is not located at 0◦ but closer to the base of the peak, even for this
non artificially pinning-enhanced wire. Data from [43]
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Fig. 1.11 Full 360◦ angle dependence of the critical current of a SuperPower AP 2G HTS wire
sample over a range of applied magnetic fields (lowest field corresponding to highest Ic), showing
a high degree of asymmetry about the in-plane (90◦) peak at high temperature, low field, due to
the addition of correlated pinning centres aligned with the perpendicular direction. Towards higher
fields, this asymmetry is reduced and then eliminated concurrently with the suppression of the out-
of-plane (180◦) peak as these artificial pinning centres become ineffective. A further, more subtle,
asymmetry between half-revolutions is also seen to evolve, with Ic values in the second half cycle
being slightly lower at low fields, then rising to slightly higher values at fields around 0.1 T, before
equalising at higher fields. This same effect is also seen in the earlier, non pinning-enhanced, data
of Fig. 1.9

field direction, particularly at low temperatures, significantly higher Ic values are
available to utilise than the minimum Ic approximated by the out-of-plane value.
This dataset also serves to highlight that even in 2G wires with a relatively simple
angular behaviour and an absence of intentionally added artificial pinning centres,
the true Ic minimum is not necessarily obtained for fields applied perpendicular to
the plane of the wire, but can be located closer to the base of the in-plane peak.
A much more complex (and more common) example of the angular anisotropy of
Ic in the presence of artificial pinning centres will be shown in the next section
(Fig. 1.11).

Wire Asymmetry

Detailed studies of pinning-enhanced wires under conditions of high temperature
and low field reveal a surprising degree of asymmetry in the angular dependence of
Ic about the in-plane direction (Fig. 1.11). The Ic to one side of the in-plane pinning
peak can be significantly (up to 30%) greater than to the other side. This raises the
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prospect of some clever engineering being applied to utilise this potential benefit,
by paying careful attention to the wire orientation when winding a coil.

Hybrid coils using 1G wire in the central windings (where the field is predom-
inantly parallel to the plane of the wire) and 2G wire in the end windings (where
the field diverges towards the perpendicular direction) have been investigated [44].
However, the present data highlights the importance of carefully controlling the
orientation of the 2G end coils to ensure that the direction of divergence of the field
matches the orientation of best performance. In this manner, a significant overall
performance gain can be expected [45].

Also of note in the data of Fig. 1.11 is the extreme repositioning of the minimum
Ic value much closer to the base of the in-plane peak than to the perpendicular
direction. A relatively small deviation in field direction of ±30◦ from in-plane takes
the wire all the way from its maximum Ic to its minimum Ic, although as highlighted
above this minimum Ic may be significantly different to either side of the peak. As
discussed in Sect. 1.3.2, using the perpendicular Ic as an inaccurate estimate of the
minimum Ic in this case would overestimate the true value by up to a factor two.

A particularly striking example of wire asymmetry under all operational con-
ditions arises in the case of films textured via the method of inclined substrate
deposition (ISD) [46], as shown on Fig. 1.12. Here, due to the growth mode, the
crystal structure of the superconductor is not aligned with the coordinate system of
the wire. In contrast to the more commonly employed ion beam assisted deposition
(IBAD) method of texturing, where an inclination of up to a few degrees is common
(see offset of the in-plane peak to the right of 90◦ at high fields on Fig. 1.11), or
the RABiTS textured substrate which produces film growth exactly perpendicular
to the substrate, here the intentional inclination of the substrate during deposition
leads to a pronounced offset of 30◦ to the growth direction. In this case, “parallel”
and “perpendicular” field orientations are particularly meaningless unless that is the
actual direction in which the field is to be aligned in application. In the case of the
ISD wire shown, Ic values parallel (0◦) and perpendicular (90◦) to the wire may be
similar since they both lie between the minimum (30◦) and maximum (120◦) values.
However, such an offset in the orientation of the peak Ic of the wires could make
them highly beneficial if employed as the end turns in a hybrid coil structure as just
described.

In-Plane Field Angle Variation

It is the observation at 77 K [48], and has been assumed to be true under all
conditions, that the angular variation in Ic obtained for fields applied within the
plane of the superconductor follows a simple geometric behaviour that sees it pass
from some maximum value (limited by flux-line cutting or other effects) in the
Lorentz force-free configuration of field and current parallel to a minimum value
(under which most characterisation measurements are typically conducted) when
the applied field and transport current are perpendicular, generating the maximum
Lorentz force on the vortices which causes them to overcome their pinning.
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Fig. 1.12 Angle dependence of the critical current of an inclined substrate deposited 2G HTS wire
sample from THEVA over a range of temperatures (lowest temperature corresponding to highest
Ic) at an applied field of 2 T. The in-plane peak in Ic is shifted by 30◦ from 90◦ to 120◦, reflecting
the offset in the crystallographic orientation of the substrate. Data from [47]

However, it has been observed (Fig. 1.13) that this is not universally the case
and that in particular at low temperatures and high fields, this typical behaviour
can fully invert. Ic values as much as one third reduced have been observed in the
force-free configuration compared to the usually measured maximum Lorentz force
configuration, hard to explain by any reasonable degree of sample mismounting.
This is a concern for any application seeking to utilise HTS wires under these
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Fig. 1.13 In-plane angle dependence of the critical current of an American Superconductor 2G
HTS wire sample, showing that at low temperature, high field, Ic values as much as 30% lower
are obtained in the force-free configuration of field and current parallel (0◦) than in the commonly
measured maximum Lorentz force configuration of field perpendicular to current (180◦). After [49]

sorts of extreme conditions, since this source of potential Ic variation is not
commonly considered, with the maximum Lorentz force geometry usually taken
as representing a worst case Ic.

Case Study: MRI Magnet

The coil design for a 3 T HTS MRI magnet is shown in Fig. 1.14. The
design requirement is for the coil pack to generate a field of 3 T across a
6 cm diameter spherical volume at the centre of the bore, suitable for pre-
clinical or extremity imaging. This requirement together with the proposed
coil layout (optimised for field homogeneity, etc.) dictates the current required
in the superconducting windings. In addition to calculating the resulting field
within the bore of the magnet, the corresponding field distribution within the
windings themselves can also be determined by finite element modelling, and
it is this that is shown in terms of the colour map on the left panel of the
figure indicating the local field strength and the field lines on the central panel
indicating the local field orientation.

(continued)
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Fig. 1.14 Coil design of a 3 T HTS MRI magnet [12]. The magnet is rotationally symmetric
about an axis along the left side of the image, and only the upper half of the symmetric
magnet is shown, with the centre of the imaging volume at the bottom left corner of
the image. The entire magnet comprises 18 double-pancake coils (9 shown) of varying
internal and external radius designed to produce a homogeneous field region across a 6 cm
diameter spherical volume at the centre of the bore when energised to 220 A. The left panel
shows the field strength mapped across the coils, while the centre panel shows the field
orientation at each point within the coils. Together with the detailed wire characterisation
Ic(T , B, θ), these combine to produce the map shown on the right panel of the current
at each point in the coils expressed as a fraction of the local Ic under those precise
field conditions, for a given operating temperature chosen to yield the desired operating
current margin. The critical region of the coil (closest to Ic) is indicated by an arrow

On the basis of this local field profile (strength and orientation) at each
point in the conductor, it is possible to index these values with the local critical
current under these exact field conditions and a given operating temperature,
as determined by the detailed wire characterisation, and thereby to produce a
plot showing the current in the coil as a fraction of the wire Ic at each point. A
suitable operating temperature can then be chosen such that the coil remains
below an acceptable fraction of the wire Ic, for example 80% of Ic as results
here for a chosen operating temperature of 25 K. Such a plot is shown on the
right panel of the figure, and a number of quite general observations can be
made on the basis of this example.

First, the critical region of the coil (where the current most closely
approaches Ic) is at neither the point of highest field strength (4.3 T on the
innermost edge of the upper coil pack) nor the point of least favourable
field orientation (field closely perpendicular to the tape) but rather it is
located in the region of the coil where these two factors combine to produce
the least favourable overall operating condition. This further highlights the
potential advantages to be gained from a hybrid magnet design, as discussed
in section “Wire Asymmetry”, using superior wire in the coils forming these

(continued)
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critical regions, while utilising lower performance wire in less critical regions,
many of which fall below 50% of Ic.

At this critical point in the coil, the precise field condition is a field strength
of 2.8 T at an angle of 52◦ to the normal to the wire. Designing conservatively
for a minimum Ic condition at 3 T would have resulted in a current limit of
240 A, which when derated to 80% of Ic would have limited the operating
current to 190 A, requiring correspondingly more wire throughout the magnet
in order to achieve the target field. Instead, utilising the full angle dependent
wire characterisation allowed use of the full available wire performance,
recognising its true Ic under these conditions of 280 A, 15% higher than the
minimum value.

By utilising the full wire characterisation dataset at the design stage, the
magnet design can be optimised to use the minimum amount of wire necessary
to maintain the desired safety margin, greatly impacting on the overall cost
of the magnet. Alternatively, detailed modelling on the basis of known wire
performance can be used to safely raise the permissible operating temperature
of a constructed magnet, allowing for longer periods of image acquisition, or
greater intervals between cryocooler maintenance [23].

1.4 n-Value

An increasingly important engineering property of high-temperature superconduc-
tors is the n-value, or the exponent of the IV curve, which is typically lower (the
curve is closer to linear) than its counterpart in the low-temperature superconductors
(LTS). Microscopically, the n-value is determined by the form of the pinning
potential, and thereby reflects the creep rate of flux within the superconductor [50],
a thermally activated process of consequently greater significance in HTS than LTS
[51]. It has a role to play in the operation of novel superconducting devices such as
SQUIDs and flux pumps [52], magnet stability, quench behaviour, ramping rate, AC
loss [53], etc. Unlike Ic, the n-value as determined from transport measurements is
a poorly defined property since it relies on an assumed functional form of the IV

curve, not merely the point at which it crosses a predefined value. This functional
form is usually taken to be a power law although this is not an entirely accurate
representation since actual experimental data deviates in both directions, below
Ic where the data vanishes below the noise level and above Ic where heating
effects or the transition to the flux flow regime cause a variation in the observed
behaviour (in opposing senses). The power law is thus only an approximation to the
functional form of the observed data in the vicinity of Ic. The Ic and n parameters
of the IV curve fitting function are also highly interdependent, and Fig. 1.15 shows
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Fig. 1.15 Typical IV -curve fitting results for Ic and n (data points), highlighting the strong
correlation between errors in the two fitting parameters due to their high interdependency. By
smoothing the variation in n (in this case by simply fixing it at the average value across the curve),
an improvement in the fidelity of the angular variation in Ic is simultaneously obtained (thick lines).
The resulting fitting error in Ic in this case is indicated by the thickness of the line

how constraining (or smoothing) n can lead to a corresponding improvement in
the determination of Ic. Modern measurement systems offer increased fidelity
of n-value measurement in addition to Ic as exemplified in Fig. 1.16. Complex
behaviours are seen to emerge and evolve across the measurement parameter space
covering wide ranges of exponents from values as low as 5 at moderate fields, more
commonly associated with 1G conductor materials, to values as high as 28 at zero
field, approaching those of LTS [55].

At the higher fields shown, the simple variation in n-value with applied field
angle featuring a cusp-like peak around 90◦ could easily be supposed to reflect a
correlation with the typical form of the angle dependence of Ic of an anisotropic
superconductor [54]. However, the Ic data of this particular pinning-enhanced wire
(Fig. 1.11) bears no resemblance to this simple form, having a much narrower in-
plane peak, and a broader and stronger out-of-plane peak resulting from the artificial
pinning that is not at all reflected in the n-value data. Comparison with the data
presented in [21] shows a similar evolution of behaviour towards lower fields,
with a gradual flattening (isotropisation) of the curve towards 1 T, followed by the
emergence of a broad 180◦ peak and steady growth of a sharp 90◦ peak, and then
the re-emergence of a smoothly geometrical variation peaking around 90◦, while the
n-value steadily increases with reducing field, as is usually observed [56].

An often overlooked consequence of this systematic, uncorrelated, non-
monotonic variation in n-value for pinning-enhanced samples, highlighted in [22],
is that the form of the angular dependence of Ic can be made to vary depending
on the particular arbitrary criterion chosen to define Ic, as shown in Fig. 1.17.
This is incompatible with attempts to attribute this functional form directly to
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microstructural pinning properties of the material [57] and indicates that a deeper
understanding is required of the influences governing the variation in n-value with
field angle in particular, and to the proper separation of the Ic and n parameters
of the IV curve. Since there can be no doubt that the shape of the underlying IV

curves does indeed vary, attempts to define a more fundamental measure of Ic may
be required [58, 59].

1.5 Mechanical Strength

An aspect of wire characterisation that commonly takes second place to consider-
ations of electrical performance, but which becomes critical at the point of device
construction, is the mechanical strength of the wires. For 2G wires in particular, the
point at which they fail due to delamination of the superconducting layer from the
supporting substrate is critical, typically leading to imminent localised failure and
burn-out.

A range of different methods exist for characterising this “delamination strength,”
and it is important on comparing different results to be aware of what has actually
been measured in each case. The mode I interfacial fracture energy (GIC), as
measured in a climbing drum peel test [60], is a well-defined physical property of
a composite material considered to accurately reflect the parameter of importance
to this application. Under a survey of high-quality production wire inserts (with
only thin silver stabiliser) that have been demonstrated to be robust in use, this
parameter is found to be remarkably consistent at around 5 J/m2, with interfacial
failure eventually occurring within the buffer stack. Counterintuitively, a greater
interfacial toughness is measured for those wires incorporating softer substrate
materials such as stainless steel (rather than Hastelloy) or even better the Ni–W
alloy used in the RABiTS process. This is explained as being due to deformation
of the substrate absorbing some of the interfacial strain and thereby enabling the
composite to survive intact to higher stresses.

Similarly, it is possible to positively influence the interfacial toughness by plating
the HTS layer on the upper side with the usual copper electrical stabilisation layer,
absorbing strain on that side of the conductor. Recent results (Mataira, private
communication, 2018) starting from the same wire and applying successively
thicker electroplated copper layers have indicated that it is possible to vary the
resulting interfacial toughness of the wire over a wide range, extending up to at
least 15 J/m2 for plating thicknesses in excess of 100 μm. Thus, it appears that
any desired interfacial strength can be tailored from any given wire (of sufficient
robustness), and so wire selection on the basis of electrical performance can proceed
independently of strength considerations.
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1.6 Targeted Wire Selection for Specific Applications

At the present time, many potentially beneficial applications of HTS technology
are cost-limited. We find ourselves in the situation, common to many fledgling
industries, where for the cost of the HTS wire to come down, the volume of demand
must go up, but for demand to increase, the costs must come down.

By applying an improved understanding of the detailed properties of contempo-
rary HTS wires, and thereby avoiding the excessive over-engineering of devices that
results from a generalised or limited understanding of specific wire performance
under conditions relevant to the target application, a significant reduction in the
quantity of wire required for a particular device can be realised, with no reduction
in device performance or reliability, and in many cases with a simultaneous
improvement. With wire cost presently the major portion of the total device cost
in many instances, this saving directly carries through to the final device cost. In
this way, the arguments for the benefits of HTS-based technologies can be enhanced
on an economic basis, where they often fall short.

While wire development continues apace, it is inevitable that targeted wire
characterisation will be a necessary prerequisite for any large new project in order
to achieve the above. In time, however, it is to be hoped that wire manufacturers
will be in a position to fully specify their product, and that informed selection of the
most appropriate wire for a given application will become possible on the basis of
manufacturer specifications.

Acknowledgements The author gratefully acknowledges the significant contribution of his
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Chapter 2
Pinning Efficiency of Artificial Pinning
Centers in Superconductor
Nanocomposite Films

Judy Wu, Bibek Gautam, and Victor Ogunjimi

2.1 Introduction

The discovery of the high-temperature superconductivity (HTS) by Bednorz and
Müller [1] in 1986 has triggered extensive research and redevelopment of HTS
materials for various applications in electronics and electrical devices, and systems.
A great impact on reducing energy loss and environment impact is anticipated
from adopting superconducting devices and systems [2], ranging from lightweight
electric propulsion and power generation in aircraft, to more efficient and reliable
wind-powered generators, to high efficiency power grid, etc. [3–7]. For example,
the superconductor’s ability to carry high current densities would, by one design,
reduce the mass of a wind turbine by approximately 35%, while increasing
the maximum power output from 5 to 8 MW, as compared to its copper-based
counterpart [6]. Significant market penetrations of HTS technologies, however,
require performance-cost balanced HTS materials and put an urgent demand for
basic material research to resolve the critical issues relevant to practical applications.

2.1.1 Critical Current Density and Fundamental Limiting
Factors

The electrical current carrying capability of HTS materials is quantitatively
described by critical current density Jc and critical current Ic and has been regarded
as one of the most important parameters for practical applications [8, 9]. For
example, HTS coated conductors (HTScc), the so-called second-generation HTS
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wires that employ a strategy of epitaxy of HTS films on metal tapes of textured
surface templates, are expected to carry large Ic on the order of a few hundreds to
thousands Amperes per centimeter width at the liquid nitrogen temperature (77 K)
on many kilometers of lengths to meet the requirement of power applications [2,
10, 11]. Jc is also a difficult parameter since it is affected by both intrinsic and
extrinsic properties of the HTS materials. Among others, grain boundaries (GBs)
are the decisive barriers to current flow and have posed a particularly interesting
and difficult problem whose solution is vital to HTS applications. First of all, Jc

is highly anisotropic in HTS materials due to their layered structures and higher
Jc flows along the ab-planes. This requires HTS films to be epitaxy with not only
c-axis orientation, but also in-plane grain alignment of GB angles as small as ~2–3◦
above which an exponential decrease of Jc with GB angle has been observed [12–
16]. Reducing the large-angle GBs and hence its limiting effect on Jc has motivated
exciting process in the research and development of the HTScc [11, 17, 18]. The
HTScc employ epitaxy of HTS thin and thick films on flexible metal substrates.
With minimization of the detrimental large-angle GB effect, high Jc > 1 MA/cm2 at
self-field and at 77 K and high Ic up to thousands of Amperes per centimeter width
have been demonstrated on many kilometers of lengths of HTScc [2, 10, 11, 17, 19,
20].

Depairing current density Jd is regarded as the ultimate limit of the Jc, which
can be calculated using the Ginzburg-Landau equation: Jd = cφ0

12
√

3π2 λa
2ξa

, where

φ0 is the magnetic flux quantum and λa and ξa are the transverse (perpendicular to
the ab-plane) London penetration depth and Pippard coherence length, respectively
[21]. Using the relevant parameters for REBa2Cu3O7-δ (RE-123, RE = rare earth
including Y, Gd, Sm, etc.), Jd (77 K, self-field) is around 40–50 MA/cm2. However,
in practical superconductors even epitaxial thin films that do not have significant
detrimental GB effects, the best reported Jc is still much lower than Jd. A major
hurdle in achieving Jd is in minimizing the dissipation associated with the motion
of quantized magnetic vortices in HTSs. Strong nanoscale vortex pins with lateral
dimension approaching 2ξ a on the order of a few nanometers in HTSs must be
generated to suppress the dissipation of vortex motion.

Furthermore, applications like generators and motors require HTScc to operate
in magnetic fields (H) of ~3–5 T, especially under varying H orientations [11].
When measured as function of the H orientations, defined by angle θ of H with
respect to the normal (or c-axis) of the HTS in the plane perpendicular to the electric
current, a strong peak of Jc at B//ab-plane (θ = 90◦) is observed. This peak is due
to the intrinsic pinning of the planar structure of HTSs, in contrast to the much
lower Jc values at B//c-axis (θ = 0◦) where correlated pinning is lacking. To better
pin the vortices at an applied B at different B orientations, the HTS films must
contain pinning centers of desired shape, dimension, and density. This has prompted
extensive efforts in past decade or so and exciting results have been obtained in
generating nanoscale artificial pinning centers (APCs) in HTSs [9, 11, 22–55].
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2.1.2 Implementation of Artificial Pinning Centers (APCs)
in HTS Nanocomposites

Strong pinning of quantized magnetic vortices by nanoscale APCs can lead to
significantly enhanced Jc in HTSs. Among others, self-assembled c-axis aligned
one-dimensional (1D) APCs have received most attention since they provide
correlated pinning [56] to the magnetic vortices when the applied B is parallel
to the 1D APCs. Specifically, significantly improved correlated pinning has been
demonstrated in enhanced Jc at B//c-axis if B is comparable to or less than the
accommodation field Bmax = n1D φ0, where n1D is the areal concentration of the 1D
APCs. For large-scale applications the low-cost, self-assembly of APCs in APC/RE-
123 nanocomposites via growth is certainly a preferred approach. It is particularly
worth mentioning that quite a few impurity dopants including BaZrO3 (BZO) [26,
41–44], BaSnO3 (BSO) [45, 57], BaHfO3 (BHO) [38, 46–50], and other rare earth
tantalates, niobates, and hafnates [29, 46, 47, 51–54] have been found to self-
assemble into c-axis aligned 1D APCs in APC/RE-123 nanocomposites. These 1D
APCs provide strong correlated pinning [37, 56] as reflected in a prominent peak
of Jc at B//c-axis up to several Teslas at/near 77 K [9, 25–29]. Consequently, the Jc

anisotropy between the B//c and B//ab directions is decreased. Many practical appli-
cations, such as superconducting magnets, transformers, and generators, require H
orientation-independent Jc. This means the HTS nanocomposites should have not
only c-axis aligned 1D APCs to address the issue of the weak pinning in layer-
structured HTS, but also equivalent pinning in all other magnetic field directions.
This requires APCs of mixed morphologies [20, 58–60].

Another benefit of the c-axis aligned 1D APCs is the constant pinning force
density Fp = JcxB through HTS film thickness. HTScc must carry Ic values
on the order of hundreds to thousands Amperes per centimeter width for power
applications [2, 8, 9, 61]. Given the “optimized” Jc of typically 4–5 MA/cm2 at
77 K and SF on the standard RE-123 films, this requires HTS coating in HTScc to be
several micrometers in thickness. Surprisingly, a monotonic decrease of Jc at 77 K
and SF was observed in HTS films with film thickness t [9, 62]. This mysterious
Jc-t behavior fitted well by Jc ∼ 1/

√
t, persists despite the improvement made in

achieving uniform chemical composition and crystalline structure across the film
thickness [63, 64] In undoped YBCO films, the dominant pinning centers are point
defects. According to the weak collective pinning (CP) model [56], the Fp exerted
on a vortex of length L < Lc (L~ t when H is along the film normal) scales as
L1/2 while the Lorentz force scales as L. This leads to the Jc ∼ 1/

√
t behavior

because the vortex lines are rigid within the Larkin length Lc, which is on the order
of few micrometers for a strong pinning system like YBCO [65] and cannot bend
to accommodate different pinning centers nearby. Although thermally activated
flux motion adds further complication on the Jc-t issue, the CP behavior has been
confirmed in YBCO films in a wide range of temperature (T) and magnetic field (B)
[66]. One resolution to this unfavorable thickness dependence is to chop vortices
shorter [67] by making thick YBCO films into multilayers with insulating spacers.
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For an n-layer sample, Fp can be increased by a factor of
√

n [68]. Alternatively,
c-axis aligned 1D APCs can provide constant Fp/vortex length by overpowering the
point defects and hence surpass the CP mechanism as demonstrated recently in thick
YBCO films with BZO 1D APCs [69, 70] and nanotube pores (NTPs) [66].

2.1.3 Challenges and Critical Issues

Despite exciting progress made in enhancing Jc in APC/RE-123 nanocomposites,
challenges remain in controllable self-assembly of APCs with precisely designed
morphology, orientation, density, and APC/RE-123 interface. In particular, little
is known on the controlling parameters that dictate the pinning efficiency of the
APCs quantitatively. The lack of such understanding and control has prevented
achievement of the APCs to function optimally based on the basic physics design
rules.

First of all, the selection of APC materials has been primarily empirical and
the few reported successful APCs, especially the c-axis aligned 1D APCs, are
among many tested experimentally [71]. A question arises on what are the relevant
parameters determining the APC morphology (shape, dimension, etc.) and can
we ever predict the APC morphology before lengthy and tedious try-and-error
experimental test?

In addition, little is known towards controlling the c-axis aligned 1D APC/RE-
123 interface for optimal pinning efficiency. Fundamentally, a sharp superconduc-
tor/insulator interface at an atomic scale is desired for optimal pinning efficiency,
which is in contrast to the strained and often defective 1D APC/RE-123 interfaces
reported in nanocomposites using high-resolution transmission electron microscopy
(HRTEM) [41, 72, 73]. Achieving a quantitative correlation between the pinning
efficiency and the interface quality is not only imperative but also critical to
engineering (or repairing) such an interface for optimal pinning efficiency.

Furthermore, higher density n1D is desired for higher B∗ that defines the
operational magnetic field range of HTS devices. Unfortunately, a monotonically
reduced superconducting transition temperature Tc with APC volume portion is
common in doped YBCO and the serious Tc degradation at moderate APC doping,
such as BZO 1D APCs, prevents applications at 77 K [25, 26]. This problem may
be attributed to overlap of the strain field in a column of several nanometers in
thickness surrounding the 1D APCs [41, 72, 74–76]. A substantial interface strain is
revealed that can affect the electronic structure of the YBCO matrix through oxygen
disorder induced in the strained YBCO columns [72]. This results in 1D APCs
with lateral dimension � 2ξ a, leading to reduced Tc as well as Jc due to reduced
pinning efficiency and the effective cross-sectional area for electrical current flow,
and B∗ due to overlap of the strained YBCO columns at moderate-to-high 1D APC
concentrations.

Finally, a pinning landscape with APCs of mixed morphologies of 1D, 2D
(planar APCs), and 3D (nanoparticles of few nanometers in dimension) is necessary
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ultimately for a B orientation-independent or θ -independent Jc [20, 58, 77]. For
example, most 1D APCs have nearly perfect alignment along the c-axis. While a
prominent peak of Jc appears at B//c-axis (θ = 0◦), the in-field Jc is not much
improved or even reduced at H orientations deviating from the c-axis. In most cases,
the Jc at B//ab-plane (θ = 90◦) is significantly reduced. This is unfortunate to many
HTS applications, such as motors and generators, wherein the strong magnetic field
may bend or twist causing the vortices to stray from the correlated pins. Splaying
1D APCs around the c-axis may extend the benefit of correlated pinning to a larger
θ range. A theoretical work by Hwa et al. predicted that splayed 1D APCs force
vortex entanglement and enhance Jc at an optimal splaying angle of θc~10◦ [78].
In experiment, splayed 1D defects produced by ion irradiation in HTS samples was
found to carry higher Jc in magnetic fields than those with the same density of
uniformly oriented linear tracks [79, 80]. The challenge is hence whether 1D APCs
with desired splay, or in general, an optimally designed combination of APCs of
different 1D, 2D, and 3D morphologies, could be generated in HTS nanocomposites
via growth to yield a high and B orientation-independent Jc. This may be achieved
by controlling the strain at microscopic scales using either one type of APC or
multiple APC materials. Towards this goal, understanding a mixed APC landscape
correlating quantitatively to the strain field at microscopic scale is important.

2.2 The Effect of the Strained Interfaces on APC’s
Microstructure and Pinning Efficiency

2.2.1 Strain-Mediated In Situ Self-Organization of APCs
in APC/RE-123 Nanocomposites

In the in situ deposition processes such as pulsed laser deposition (PLD), sputtering,
and metal-organic chemical vapor deposition, epitaxial APC/RE-123 nanocom-
posite films grow in the layer-by-layer mode. Phase segregation of the impurity
APC materials from the RE-123 matrix at the initial stage of the growth results in
primarily three coherent or semi-coherent (as defects appear) interfaces at APC/RE-
123, APC/substrate, and RE-123/substrate interfaces as shown schematically in
Fig. 2.1. Strains arise because of the lattice mismatches at these interfaces and
are complicated by the different elastic properties of RE-123, APC, and substrate
materials. Considering the much larger thickness of the substrates by many orders
of magnitude, the contribution of the substrate elastic property can be neglected
assuming only RE-123 and APCs will accommodate to the strain field generated.
The resultant strain field serves as the driving force in the strain-mediated self-
organization of the APCs in the APC/RE-123 nanocomposites. Considering the
APC and RE-123 materials are elastic ceramics; the strain extends further from an
interface into the epitaxial APC/RE-123 nanocomposite films. This means that the
strain field may be highly non-uniform in the APC/RE-123 nanocomposite films.
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Fig. 2.1 Self-organization of 1D APCs driven by the combined strains originated from the
strained interfaces. Three strained interfaces of 1D APC/RE-123 matrix, APC/substrate, and RE-
123/substrate are illustrated schematically. Reproduced from [58] © IOP Publishing Ltd. All rights
reserved

Modeling the strain field in APC/RE-123 nanocomposites therefore becomes
a key to a thorough understanding its effect on the microstructure, such as APC
morphology, dimension, orientation, concentration, and functionality especially the
pinning efficiency of the APCs. Motivated by this, we have developed an elastic
strain model [58, 81–83] to quantify the effect of the elastic properties of APC and
RE-123 matrix (cij) and the lattice mismatch along ab-plane and c-axis (f1 and f3)
at the APC/RE-123 interface on the APC landscape and functionality. Figure 2.2
highlights the simulation results on the material selection to form c-axis aligned
1D APCs and 3D APCs (Fig. 2.2a), the correlation of the elastic properties of
APC materials on the 1D APC diameters (red symbols-experimentally confirmed
[28, 41, 57, 84–92] and blue symbols-theoretically predicted) (Fig. 2.2b), and the
orientation preference of the 1D APCs (c-axis), to mixed 1D + 2D APCs at/near the
theoretically calculated phase boundary (solid line), to 2D APCs (ab-aligned) as the
strain field is systematically tuned by varying the vicinal angle of the substrate (or
RE-123/substrate lattice mismatch fs) and APC doping level (Fig. 2.2c), symbols
are experimental data). We have further integrated the modeling with advanced
synthesis and characterization to correlate the microstructure and superconducting
properties of the APC/RE-123 nanocomposites. This unique capability of integrated
modeling + synthesis + characterization has enabled design of APC/RE-123
nanocomposites towards an optimal Jc (B, T, θ ) and search for new functional APCs.

The insights revealed from the modeling of the strain-mediated microscopic
growth mechanism of the APCs illustrate the critical effect of the strain field on
the morphology, dimension, and orientation of APCs in the RE-123 nanocomposite
films. These insights are certainly helpful to controllable generation of APC/RE-123
nanocomposite for enhanced pinning of vortices and hence enhanced Jc at applied
magnetic field of different orientations through strain field manipulation to obtain
desired APC landscape.
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Fig. 2.2 (a) Solid line: calculated |f1/f3| threshold as function of the elastic constants
(C11 − C13

2/C33) above which the c-axis alignment of the 1D APCs is energetically preferred
in YBCO films. Red: experimentally confirmed APCs and Blue: theoretically predicted possible
APC materials to form 1D APCs in RE-123. (b) 1D APC diameter as function of the λ1(2) at
different elastic constants c11/c13 of APC. The green band represents the upper and lower bounds
of the diameter at a given λ1(2) for the given c11/c13 of APC. Several experimentally confirmed
1D APCs (red) and theoretically predicted ones (blue) are also included. (c) Orientation phase
diagram of BZO 1D APCs in RE-123matrix defined by the solid line from theoretical modeling.
ρAPC estimated from TEM is BZO 1D APC volume concentration and φ is the vicinal angle of STO
substrate. The substrate/RE-123 lattice mismatch fs at the major ticks of φ is marked on the top
edge. The symbols are the experimentally observed cases. Reproduced from [58] © IOP Publishing
Ltd. All rights reserved
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2.2.2 Effect of the 1D APC/RE-123 Interface on the Pinning
Efficiency of 1D APCs

Pinning efficiency is the primary functionality of an APC. Taking 1D APCs as an
example, a fundamental question arises on whether 1D APCs all have a comparable
pinning efficiency, if not what determines the pinning efficiency of an individual 1D
APC? Theoretically, the pinning potential energy is proportional to the sharpness
of the APC (insulator)/RE-123 (superconductor) interface. An optimal pinning
efficiency is anticipated when such an interface is atomically sharp. The interface
between the 1D APC and RE-123 matrix is generally strained and defective. Figure
2.3a depicts an HRTEM image of such a strained interface at BZO 1D APC/RE-123
reported by Cantoni et al. [72] In addition, through a comparison of the theoretically
calculated strain distribution based on a coherent BZO/RE-123 interface (blue curve
in Fig. 2.3b) with the experimentally measured one (red symbols in Fig. 2.3b) in
the RE-123 surrounding the BZO 1D APC, two different concentric columns are
revealed (separated by the dashed line in Fig. 2.3b, c). In the smaller column, a
large concentration of defects, such as dislocations marked with white errors in Fig.
2.3a on the BZO/RE-123 interface, form which causes the deviation of the strain
distribution in this column from the theoretical curve for a coherent BZO/RE-123
interface. This defective YBCO column of a few nanometers in thickness has been
found highly oxygen deficient, leading to a much lower Tc2 (estimated to be 60–
70 K from the oxygen dificiency [72]) than the Tc1 (5–6 K lower than Tc,YBCO) in
the larger strained column [93] or measured on BZO/RE-123 nanocomposites [41,
72, 75, 76].

The detrimental impact of the defective, semi-coherent BZO 1D APC/YBCO
interface may be attributed quantitatively to the large lattice mismatch along the c-
axis of YBCO and BZO and rigidity of the APC (BZO in this case). In order to
confirm this hypothesis, we have carried out a comparative study of the pinning
efficiency of BZO 1D APCs and BHO 1D APCs of comparable diameters of
5–6 nm (see Table 2.1) in 2–6 vol.% doped BZO and BHO 1D APC/YBCO
nanocomposites synthesized using PLD at the optimal condition identified for
each of them [73, 94]. Figure 2.4 compares the Fp (H) curves measured at 65 K
on 4 vol.% BZO 1D APC/YBCO (blue) and 4 vol. % BHO 1D APC/YBCO
(red) nanocomposite films. In contrast to a peak value Fp,max ~ 72.4 GN/m3 at
Bmax ~ 5.0 T in the BZO/YBCO sample, which is comparable to the best so far
reported on BZO/YBCO nanocomposites [44], the Fp increases monotonically with
increasing B. It reaches to a record high Fp = 182 GN/m3 at B = 9.0 T (instrument
limitation) in BHO/YBCO sample, which is 2.5 times of the best reported in the
BZO 1D APC/YBCO counterpart [44, 73]. The insets of Fig. 2.4 (top) illustrate the
HRTEM fast Fourier filtered images taken on the two samples. A major difference
between the two cases is in the higher concentration of dislocations (white marks)
at the BZO 1D APC/YBCO interface (top left), which may be explained by the
larger BZO/YBCO lattice mismatch (7.7%) and higher rigidity of BZO [49, 81].
In contrast, a coherent BHO/YBCO interface (top right) may be attributed to
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Fig. 2.3 (a) HRTEM of BZO/YBCO interface, and (b) calculated strain (blue) and HRTEM
measured strain distributions in YBCO around the 1D BZO/YBCO c. Schematic of the super-
conducting order parameter |φ| as function of the distance from the BZO 1D APC. Two concentric
YBCO columns are surrounding the BZO 1D APC with the larger one representing the strained
YBCO of Tc1 and the smaller one of lower Tc2 due to a defective semi-coherent BZO 1D
APC/YBCO interface. The yellow arrow illustrates the effect of BZO/YBCO interface repair using
Ca-diffusion to reduce the oxygen disorder and hence raise the Tc2. Source for (a and b) C. Cantoni
et al., ACS Nano 2011 [72]. Adapted with permission from ACS Publishing

the slightly smaller lattice mismatch (7.1%) and lower rigidity of the latter. The
accommodation of the BHO and YBCO lattices through their strained coherent
interface is illustrated in the wavy ab-planes in the HRTEM fast Fourier filtered
images and elongated c-axis lattice constant in the range of 11.77 Å–11.78 Å for
BHO/YBCO samples with BHO doping of 2–6 vol.% [73]. This means there is no
inner YBCO column around the BHO 1D APC, or there is only one YBCO column
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Fig. 2.4 Fp vs. B curves measured on 4% BZO 1D APC/YBCO (blue) and BHO 1D APC/YBCO
(red) nanocomposite films of ~ 200 nm in thickness at B//c-axis and 65 K. A record high Fp = 182
GNm−3 is demonstrated on the 4% BHO 1D APC/YBCO at B~ 9.0 T. The insets show HRTEM
fast Fourier filtered images of the cross-section of BZO 1D APC/YBCO (top left) with a semi-
coherent interface due to a large concentration of dislocations (white marks on the APC/YBCO
interface) in contrast to a coherent interface for the BHO 1D APC/YBCO sample. The SL and ML
samples were made at Ts = 810 ◦C using PLD

around the BHO 1D APC with Tc1 (Fig. 2.3c). The BZO/YBCO interface, however,
is highly defective as expected due to the larger concentration of the dislocations
with a further reduced Tc2 ~ 60–70 K [72] that is significantly lower than that of
the larger strained YBCO column shown in Fig. 2.3c typically in the range of Tc1

~84–88 K measured on the nanocomposites (Table 2.1).
This result reveals the important role of the 1D APC/RE-123 interface quality

in the APC pinning efficiency. In particular, the BZO and BHO 1D APCs have
comparable diameters of 5–6 nm, while Fp,max~182 GN/m3 of the BHO 1D APC
is 2.5 times of the best reported on BZO 1D APC [44, 73]. This is the best
Fp,max~182 GN/m3 reported so far at 65 K, and is about 1.5 times, 1.8 times,
and 1.5 times higher, respectively, than the highest claimed Fp,max ~120 GN/m3
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Table 2.2 Comparison of 1D APC diameter (D), inter-1D APC distance, (record high) maximum
pinning forces Fp,max and matching field (B∗ = Φo/d2), Bmax/B∗ of BM(=Zr, Sn and Hf)O on
RE(=Y, Sm) BCO thin films in this work and published works

Sample
information D (nm)

Average inter
1D APC
distance d (nm)

Fp,max

(GN/m3) at
65 K B∗ (T)

Bmax/B∗ at
65 K Ref.

2 vol.%
BZO/YBCO

5.2 20 0 73.1 5.0 0.70 [71]

5.0–6.0 approx. 20 74.0 6.0 0.83 [44]
4 vol.%
BZO/YBCO

5.8 15.0 72.4 9.2 0.54 [71]

5.0–6.0 11.0-13.0 ~62.0 15 0.40 [44]
4 vol.%
BHO/YBCO

5.0 13.0 182.0 12.2 0.74 [71]

3.8 vol.%
BHO/SmBCO

5.0–6.0 Not provided 120.0 6.0 0.83 [97]

3.48 vol.%
BSO/YBCO

8.4 21.0 103.0 4.8 0.63 [45]

5.0 mol.%
BaNbOy+5.0
mol.%
Y2O3/YBCO

10–15 Not provided 122.0 2.0 2.5 [54]

for BHO/RE-123, Fp,max~103 GN/m3 for BSO/RE-123 [45], and Fp,max ~122
GN/m3 for double perovskites (5.0 mol.% BaNbOy plus 5.0 mol% Y2O3)/RE-
123 [54] nanocomposites, respectively (Table 2.2). This result reveals that the
APC/RE-123 interface plays a critical role in determining the pinning efficiency
of a 1D APC. Specifically, the difference in the Tc of the superconducting RE-123
column immediately surrounding a 1D APC seems to link intimately to the pinning
efficiency of the 1D APC. In another word, achieving a higher Tc close to the Tc,YBCO

in the RE-123 column is a key to reach the optimal pinning efficiency of a 1D APC.

2.2.3 Effect of the 1D APC/RE-123 Interface on the Matching
Field B∗

The matching field B∗ is an important parameter in 1D APC/RE-123 nanocom-
posites and can be calculated based on the areal density of 1D APCs measured
in TEM. High B∗ is desired for high-field applications assuming the best pining
efficiency would be obtained when the applied field is around B∗, or all vortices
are accommodated by strong 1D APCs. For many impure materials that form 1D
APCs in RE-123, B∗ has been found to be proportional linearly to the impurity
doping concentration [44, 58]. Therefore, high B∗ could be obtained by doping
high concentration of impurity in the APC/RE-123 nanocomposites. BZO presents
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an excellent example and the B∗ indeed increases linearly with the BZO doping
in the range 2–6 vol.% as shown in Table 2.1. Also included in Table 2.1 are
BHO-doped YBCO nanocomposite samples with the same doping range of 2–
6 vol.%. In contrast to the linear increasing trend of the B∗ vs. BZO doping, a
peak value of the B∗ occurs at 4 vol.% of BHO doping [73, 95]. Based on the
TEM analysis, the B∗ increases with BHO doping from 2 to 4 vol.%, followed
with a decrease of B∗ at higher BHO doping. This observation raises a question
on how the 1D APC/RE-123 interfacial strain affects the strain field distribution in
the APC/RE-123 nanocomposites and how quantitatively the strain field, especially
as the strain field of individual 1D APCs overlap at high APC doping, affects
the formation of the 1D APCs at high APC doping? Furthermore, the BHO 1D
APC pinning efficiency varies in the BHO/RE-123 nanocomposites synthesized at
different substrate temperatures (Ts) as revealed in our preliminary study with the
optimal Ts = 810 ◦C, raising a further question on how the BHO/RE-123 interface
is affected by the Ts below or above this temperature?

The comparison between the BZO 1D APC/RE-123 and BHO 1D APC/RE-123
nanocomposites suggests that the 1D APC/RE-123 interface not only affects the
individual 1D APC pinning efficiency but also the Bmax (or areal density of the 1D
APC). Specifically, the semi-coherent BZO 1D APC/RE-123 interface may relive
the interfacial strain through formation of the defective inner column of RE-123 of
lower Tc2 that reduces the pinning efficiency, but on the other hand enable more
BZO 1D APCs to form at high BZO doping for high B∗.

2.2.4 Correlation Between Bmax and the Matching Field B∗

Considering the best overall pinning efficiency is expected at B~B∗, the location
Bmax at which the peak value of the pinning force density Fp,max on the Fp (B)
curve occurs should be associated to the B∗ considering Bmax/B∗ ~1 corresponds
to one vortex pinned by one 1D APC. Therefore, the ratio Bmax/B∗ can provide a
quantitative evaluation of the portion of effective pins in the generated 1D APCs.
However, it should be realized that the assumption that all generated 1D APCs are
efficient vortex pins might not be proper depending on the APC/RE-123 interface
as discussed in previous sections.

Interestingly, the Fp,max does not occur at Bmax/B∗ ~1 in the comparative study
of 2–6 vol.% BZO and BHO 1D APC/RE-123 nanocomposites [73]. Even at
comparable B∗ values for the two types of the nanocomposites, very different
Hmax values were observed on BZO 1D APC/YBCO and BHO 1D APC/YBCO
nanocomposites shown in Table 2.1. For example, the Bmax/B∗ ratio is up to 3.5 in
the BHO 1D APC in contrast to 0.7 in the latter at 65 K. If Bmax/B∗ ~1 corresponds
to one vortex pinned by one 1 D APC, the Bmax/B∗ < 1 ratio in the BZO 1D APC
case suggests a substantial portion of the BZO 1D APCs may be inefficient pins
at 65 K. This is due to the comparable Tc2 in the range of 60–70 K of the inner
YBCO column around the BZO 1D APCs. Remarkably, the Bmax/B∗ > 1 observed
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on BHO 1D APC/RE-123 may be attributed to the very strong pinning efficiency of
the BHO 1D APCs to allow a small size ordered lattice of vortices to be pinned by
one BHO 1D APC. It should be realized that this can only occur at large magnetic
fields to allow an ordered vortex lattice to form and the inter-vortex interaction
becomes important. When some of the vortices on the lattice are pinned by strong
1D APCs, such as BHO 1D APCs, the entire lattice may be pinned effectively if the
energy threshold to shear the lattice is reasonably high with respect to the thermal
activation.

2.2.5 The Impact of Strain Field on APC’s Pinning Efficiency

The theoretical study of the elastic strain field shown in Fig. 2.2c indicates APCs
of mixed 1D and 2D (planar) may be obtained from a single APC material
at/near the calculated phase boundary (solid line) in Fig. 2.2c by implementing
the RE-123/substrate interfacial strain to the nanocomposites. This has been indeed
confirmed experimentally (symbols in Fig. 2.2c) by varying the substrate vicinal
angle [85] or/and by varying the APC doping level. On flat SrTiO3 (STO) substrates
(Fig. 2.5a–c), only c-axis aligned 1D APCs can be obtained when the BZO doping
is varied in 2–6 vol.%. On 5◦ vicinal STO, while mixed 1D + 2D BZO can be
obtained at low BZO doping up to 4 vol.% (Fig. 2.5d–e), only ab-aligned APCs are
present at higher BZO doping (Fig. 2.5f).

A fundamental difference exists in the strain fields of YBCO matrix in the
nonvicinal and vicinal BZO/YBCO nanocomposites, which is the reversal of the
strain direction from the tensile strain along the c-axis on the YBCO lattice in
the former to the compressive one in the latter at a small vicinal angle φ ≤ 10◦.
This strain reversion in YBCO lattice explains the reduced Tc in the former while
almost undegraded Tc in the latter [39, 96]. This has profound effects on the pinning
efficiency of the BZO APCs as shown in Fig. 2.6a. Much higher Jc by 100–
400% can be observed in BZO/YBCO nanocomposites on vicinal STO of φ ≤ 10◦
(1D + 2D APCs, red and blue) at all B orientations as compared to their counterpart
(BZO 1D APC only)

on nonvicinal STO (black). A similar trend can be seen in Fig. 2.6b at different
BZO doping of 2–6 vol.%. Interestingly, the BZO 1D APCs have almost identical
diameter and density on 5◦ vicinal (red) and nonvicinal STO (black). This result
illustrates an important impact of the strain field in YBCO matrix on the pinning
efficiency of the APCs in the APC/RE-123 nanocomposites. Specifically, with
implementation the in-plane tensile strain on YBCO using vicinal substrates and
hence compensation of the detrimental tensile strain induced from the 1D APC/RE-
123 interface in the c-axis, we show the pinning efficiency of the BZO 1D APCs can
be enhanced. While a systematic investigation is necessary, we hypothesize that the
c-axis strain direction reversal in vicinal BZO/YBCO nanocomposites may reduce
the defects in the inner YBCO column around the BZO 1D APCs, indicating a
possible way to repair the BZO 1D APC/YBCO interface and hence increase Fp and
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Fig. 2.5 TEM cross-sectional images of BZO/YBCO films on the flat (top row) and φ = 5◦ vicinal
(bottom row) STO substrates with (a) and (d) 2%; (b) and (e) 4%; (c) and (f) 6% BZO doping.
Reproduced from [77] Fig. 2.2. © IOP Publishing Ltd. All rights reserved

Fig. 2.6 Jc-θ curves at B = 1 T and 77 K of (a) BZO/YBCO films on 5◦ (red), 10◦ (blue) and 15◦
(purple) vicinal STO substrates, respectively. The Jc-θ curve for nonvicinal counterpart (black) is
also included for comparison; and (b) Jc-θ curves at B = 1 T and 77 K for the BZO doping of
0 vol.% (black), 2 vol.% (red), 4 vol.% (blue), and 6 vol. % (green) BZO/YBCO nanocomposite
films on flat (open) and 5◦ vicinal (solid) STO substrates. Reproduced from [58] © IOP Publishing
Ltd. All rights reserved

Jc in BZO/RE-123 nanocomposites. In addition, the c-axis strain direction reversal
also benefits pinning in almost all B orientations as shown in Fig. 2.6. This is in
contrast to degraded intrinsic pinning by the ab-planes in RE-123 due to the ab-
plane buckling, leading to overall higher Fp and Jc in almost all B orientations.
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It is well known that the strained 1D APC/RE-123 interface plays a critical
role in self-assembly of the 1D APCs in 1D APC/RE-123 nanocomposites [58,
81, 82]. However, a nonlinear B∗ vs. BHO doping with B∗ peaked at 4 vol.% is
observed in our preliminary study, which is in contrast to the linear increase of the
B∗ with BZO doping in the same range of doping 2–6 vol.%. If the strain overlap
is the limiting factor that prevents further increase of the B∗ in BHO/YBCO with
doping >4 vol.%, small angle vicinal substrates may provide a resolution and will
be explored for BHO/YBCO nanocomposites. The obtained accommodation field
B∗ vs. APC doping trends will be correlated with the strain field distributions in
these two types of APC nanocomposites. This experimental study will be combined
with simulation using elastic strain model to elucidate how strain field affects the
linearity of the B∗ with the APC doping. In particular, this study will provide insights
on how interfacial strain affects the strain field distribution in the APC/RE-123
nanocomposites and how quantitatively the strain field, especially as the strain field
of individual 1D APCs overlap at high APC doping, affects the formation of the 1D
APCs at high APC doping [72, 97].

Figure 2.7 depicts Jc(θ ) curves taken on 4 vol.% BZO/YBCO and BHO/YBCO
nanocomposite samples. It is clearly shown that the difference in the APC/YBCO
interface (Fig. 2.3) has impacts beyond B//c-axis. Specifically, at both 77 K and
65 K, the coherent BHO/YBCO interface leads to overall higher Jc and much

Fig. 2.7 Jc-θ curves for 4 vol.% BZO/YBCO (black) and 4 vol.% BHO/YBCO (red) at (a) 77 K
and 1 T, (b) 77 K and 3 T, (c) 65 K and 5 T, and (d) 65 K and 9 T. Undoped YBCO film (blue) is
also included for reference. Reproduced from [73] © AIP Publishing Ltd. All rights reserved
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less B orientation-dependence of the BHO/YBCO sample (red) as compared to the
BZO/YBCO and reference YBCO samples. By extending the microstructure and
transport Jc (B, T, θ ) study to the entire doping range of 2–8 vol.%, we seek ways to
generate high concentration 1D APCs with optimal pinning efficiency.

2.2.6 Towards Magnetic Field Orientation-Independent Jc

This prompts a question on whether an alternative scheme can be developed to
generate mixed APCs of 1D + 2D + 3D at high APC concentrations for strong
and B orientation-independent Jc in high-applied magnetic fields above a few Tesla.
Among the 1D APC materials shown in Fig. 2.2a, BHO has the lowest rigidity since
it is the closest to the phase change boundary (solid line from simulation). This
makes BHO more adaptive to local strain generated by 3D APCs such as Y2O3
nanoparticles. In an exploratory study, a mixed 1D + 2D + 3D APC landscape [38,
49] is obtained using double doping of BHO and Y2O3.

At and near the calculated phase boundary, the two orientation phases of 1D
and 2D APCs could coexist in the nanocomposite films. Furthermore, by selecting
different φ or fs values to apply different tensile strains on the YBCO matrix, the
concentrations of the two orientation phases may be quantitatively controlled [92].
On the top of the Fig. 2.2c, the lattice mismatch between the film and substrate
fs is marked considering the equivalent tensile strain at a given vicinal angle φ.
This means vicinal substrates can be replaced with a spacer layer with a desired
fs to generate tensile strain on the YBCO ab-plane (and hence compressive strain
on c-axis) [82] to form 1D + 2D mixed APCs on the calculated phase boundary.
In the proposed work, this ab-plane “stretching” will be explored using a spacer
layer such as Sm2O3 (0.5%) to Nd2O3 (1.8%) [98–100] to form a multilayer (ML)
with APC/RE-123. These strain engineered MLs will minimize the c-axis tensile
strain and hence Tc degradation of RE-123 matrix due to c-axis 1D APC due to
compressive strain on c-axis of RE-123 induced by the spacer layer. An additional
advantage of these multilayers is extension of the strong pinning effect to a large
thickness much beyond the critical thickness <1 μm [101] from the YBCO/substrate
interfacial strain. PLD will be used to fabricate the ML samples and the PLD
conditions and ML design parameters will be optimized with respect to the pinning
performance from the Jc (B, T, θ ) measurement. For the APC materials, both single-
doped (SD) BZO (BHO) 1D APCs and double-doped (DD) BZO (BHO) 1D APC
(primary) and Y2O3 (secondary) will be considered in these strain engineered MLs.
HRTEM studies of the APC microstructure and transport Jc measurement in the
ML samples will be compared with that on vicinal substrates to validate the ML
approach for generating mixed APC pinning landscape especially at higher APC
concentration and larger nanocomposite thickness.

In a preliminary study of single-layer BZO and BHO DD samples [36, 38, 43,
49, 102], we have found BHO provides a particular interesting primary APC to
form both 1D APC in c-axis and 2D APC in ab-plane, resulting in 1D + 2D + 3D
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Fig. 2.8 TEM images of 2, 4, and 6% BHO DD nanocomposite films (a–c) at low magnification,
respectively, (d–f) at high magnification, respectively. Scale bar 50 nm is same for (a–c) and 5 nm
is same for (d–f). Reproduced from [38] © IOP Publishing Ltd. All rights reserved

mixed APCs as shown in Fig. 2.8 [49]. This is in contrast to the 1D BZO +3D
Y2O3 APC in BZO DD samples [36, 95, 103, 104]. The difference in the APC
morphology between the BHO and BZO DD samples is attributed to the smaller
BHO/YBCO lattice mismatch and smaller rigidity of the BHO as compared to
BZO [49, 81]. This difference in the APC morphology leads to a much smaller
B orientation-dependence as shown in Fig. 2.9 that compares 2 vol.% double-doped
BZO + Y2O3/YBCO and BHO + Y2O3/YBCO nanocomposite. For example, the
Jc variation for the 2% BHO/YBCO nanocomposite is only about 18% in the entire
θ range from B//c-axis (θ = 0◦) to B//ab-plane (θ = 90◦) with an overall Jc > 1
MA/cm2 at 65 K and 9.0 T. It illustrates APCs of mixed morphologies by modeling-
guided double doping can indeed provide a scheme for generation of a strong and
isotropic pinning landscape in HTS nanocomposites.

A much less H-dependent approach for quantifying pinning anisotropy is
illustrated in Fig. 2.10. The BZO DD sample shows a more uniform Bmax (θ ) (Fig.
2.10a) and α(θ ) (Fig. 2.10b) relative to the BZO SD sample. In addition, the DD
film offers better pinning efficiency since its Hmax values (α values) are generally
higher (lower) than the other two samples. At 65 K, the DD film’s Bmax values
are in the high range of 8–9 T and its α values are in the low range of 0.12–0.22.
This uniformity and the higher pinning efficiency point to a more isotropic and
stronger pinning landscape in the double-doped film compared to the single-doped
and reference YBCO samples.
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Fig. 2.9 (a) Schematic of the microstructure distribution in the BHO + Y2O3 double-doped
(DD) YBCO nanocomposites. Color codes: BHO 1D, 2D, and 3D APCs (black), Y2O3 3D APCs
(red). (b) Angular dependence of Jc measured on 2 vol.% BHO DD (red) and BZO DD (black)
nanocomposite films at 1 T (circle), 5 T (triangle), and 9 T (diamond) at 65 K. (a) Reproduced from
[38] © IOP Publishing Ltd. (b) Reproduced from [49] © AIP Publishing Ltd. All rights reserved

Fig. 2.10 Bmax (θ) (a) and α(θ) (b) data at 77 K (solid symbols) and 65 K (open symbols) for
the samples- 4% BZO SD (red circle), 4% BZO DD (blue triangle), and undoped YBCO (black
square)

The DD approaches will be investigated systematically for enhanced pinning
and mechanical properties, and key to this enhanced performance is to achieve
a coherent APC/HTS interface and will be further developed in the proposed
research. Besides BZO and BHO, the theoretically predicted 1D APC materials of
small diameters approaching 2ξ a and self-repair mechanism, such as CaHfO3, and
CaSnO3 will also be studied for mixed APC landscape for high pinning efficiency.
Doping of these materials in YBCO will be conducted using sectional PLD targets
for flexibility of doping level control. The PLD growth of the nanocomposite films
will be combined with microstructure analysis using HRTEM and transport Jc (T,
B, θ ) measurements at 0–9 T, 50–77 K, and B orientations from B//c-axis (θ = 0◦)
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to B//ab-plane (θ = 90◦). Two primary parameters to be investigated include growth
temperature and the doping level.

2.3 Conclusion

Superconductors can carry electric currents without loss, which is one of the most
exotic physical phenomena in nature and is described quantitatively by supercon-
ducting critical current density Jc. Superconductivity therefore offers opportunities
in electronics and electric applications, such as restoring the reliability of the
power grid and increasing its capacity and efficiency. The discovery of HTSs has
not only provided possibility for superconductor applications at liquid nitrogen
temperature, but also presented a fascinating research topic due to their unusual d-
wave symmetry in electronic structure and anisotropy stemming from the layered
crystalline structures, resulting in profound effects on their physical properties
especially Jc. Raising Jc in HTSs has been the focus of worldwide efforts in the
field of applied superconductivity during the past three decades. In particular, a
long-standing question is whether the theoretical depairing limit Jd can be reached in
practical HTS conductors, such as RE-123 through strain-mediated self-assembly of
strong nanoscale APCs designed to pin the quantized magnetic vortices in APC/RE-
123 nanocomposites. Answering this question demands capability in engineering
the microstructure and interfaces of APC/RE-123 nanocomposites at nanoscales
based on a thorough understanding of fundamental physics governing the pinning
landscape and pinning efficiency of APCs in the HTS nanocomposites.

With exciting progress made so far in development of APC/RE-123 nanocompos-
ites with enhanced pinning, development of more quantitative approaches, through
integration of modeling, synthesis, and characterization, to correlate microstructures
and pinning efficiency becomes imperative and urgent. The result presented in
this chapter represents an exploratory effort in this regard. Through comparative
studies of the two model systems of BZO and BHO 1D APCs in APC/YBCO
nanocomposite films, we show the strained APC/RE-123 interfaces not only affect
the 1D APC microstructure in strain-mediated self-assembly of APCs, but also
impact their pinning efficiency in APC/RE-123 nanocomposites. The quantitative
correlation of the APC/RE-123 quality with their B∗, Bmax, and Fpmax reveals
the critical importance in controlling the APC/RE-123 interface towards achieving
optimal pinning landscape with high pinning efficiency including high Fpmax at 77 K
or close, high Bmax especially high Bmax/B∗ ratio, low magnetic field orientation-
dependence, etc. Nevertheless, many more questions remain. For example, what
determines the pinning efficiency quantitatively of a formed APC? Would strong
APCs allow enhancement of Jc approaching Jd? What would be the limit of the
pinning force density Fp at high magnetic fields and different H orientations to
meet the specification of practical applications? In order to answer these questions
to achieve controllable APCs with precisely designed morphology, orientation,
density, and APC/RE-123 interface approaching the optimal pinning efficiency, new
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approaches transitioning from the traditionally empirical try-and-error to material-
by design with a precise guidance of fundamental physics must be developed.
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Chapter 3
Control of Vortex Pinning in YBCO Thin
Films by Incorporating APCs Through
Surface Modified Target Approach

Alok K. Jha and Kaname Matsumoto

3.1 YBa2Cu3O7-δ: A Promising High Temperature
Superconductor

YBa2Cu3O7-δ (YBCO) was discovered as the first superconductor which exhibited
superconducting transition above the liquid nitrogen temperature (77 K) [1]. The
discovery of YBCO accelerated the search for higher transition temperature (Tc)
materials leading subsequently to the discovery of other superconductors such
as Bi2Sr2Ca2Cu3O10 + δ [2] and HgBa2Ca2Cu3O8 + δ [3] which exhibited higher
Tc than YBCO. YBCO, however, has couple of advantages over other cuprate
superconductors which include easier synthesis methods and much larger critical
current density (Jc) at 77 K. Jc is the most relevant parameter of a superconductor
which decides the ability of a superconductor to be used in practical applications
[4–6]. The electronic structure, critical temperature, and the mechanism of vortex
pinning determine Jc in any superconductor. In addition, the irreversibility field
(Hirr) for YBCO is also much larger than for any other cuprate superconductor at
77 K. Hirr is a very important parameter which determines the upper limit of Jc in
a superconductor. The irreversibility line marks the separation between the solid-
liquid phases of the vortex matter and much effort has been made to shift this line
towards higher H-T regime by artificial pinning center technology [4, 6–8].
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3.2 The Evolution of Critical Current Density of YBCO
Superconductor over Time

Polycrystalline bulk samples of YBCO were observed to have very low Jc (~ 102

A/cm2) despite exhibiting high Tc (~ 92 K), and relatively large μ0Hirr (~ 7 T
at 77 K). The reason for low Jc in polycrystalline samples was ascribed to small
coherence length of YBCO, which limits the percolation of electrical current across
grain boundaries [9]. Additionally, the anisotropic character of its Jc (which is
higher along the ab-plane than along the c-axis) is also partially responsible for
low Jc in the polycrystalline samples. The alignment of the grains was improved by
melt-texturing-growth (MTG) method [10, 11] which resulted in much higher Jc (~
104 A/cm2). However, still the value of Jc was too low for the possibility of any
practical use of YBCO.

Thanks to the continuous efforts from researchers across the world, it became
possible to make thin films of YBCO on single crystal substrates such as SrTiO3,
Al2O3, and MgO. [12]. Highly c-axis oriented thin films of YBCO on single crystal
substrates exhibited Jc > 106 A/cm2 (at 77 K) which was much higher than that
for MTG YBCO samples. The fabrication and processing techniques developed
over the years resulted in the current carrying capability of YBCO significantly
enhanced. Through many deposition techniques such as pulsed laser deposition
(PLD) [13], chemical solution deposition (CSD) [14], and metal organic chemical
vapor deposition (MOCVD) [15], it became possible to prepare highly c-axis
oriented YBCO thin films which exhibited high Jc of 1–5 MA/cm2 at 77 K, self-
field [16, 17].

3.3 Critical Current Density Under Applied Magnetic Field
and Pinning of Vortices by APCs in YBCO Films

A type-II superconductor, when subjected to an applied magnetic field (H), remains
in different states depending upon the strength of H [18]. It has two critical magnetic
fields namely: (1) lower critical field (Hc1) and (2) upper critical field (Hc2).
When H < Hc1, the superconductor exhibits perfect diamagnetism by expelling
the magnetic field completely and is said to be in the Meissner state. When
Hc1 < H < Hc2, the magnetic field penetrates the superconductor in a form of small
“tubes” (vortices), each with quantized flux Φ0 = h/(2e). The number and thus
density of the vortices continue to increase until the applied magnetic field reaches
a value equal to Hc2. This state of a type-II superconductor is called mixed state or
vortex state. When H > Hc2, the superconductor goes into the normal state.

When a type-II superconductor (such as YBCO) is in its mixed state and
an electrical current is flown across it, the vortices experience a Lorentz force,
whose density (FL) is given by the vector product of the current density J and
applied magnetic field μ0H. This Lorentz force pushes the vortices in a direction
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perpendicular to both the electrical current and the applied magnetic field. There are,
however, some microscopic defects that are generated naturally during the growth
of the superconducting samples which prevent the motion of the vortices under the
influence of Lorentz force. The vortices are thus pinned by these defects and these
defects, therefore, are termed as pinning centers. The force which resists the motion
of vortices under the influence of the Lorentz force is called pinning force whose
magnitude per unit volume is called pinning force density (Fp). The vortices remain
stationary, as long as the pinning force is greater than the Lorentz force. When the
Lorentz force on the vortices exceeds the pinning force, they start moving across
the superconducting sample. If the vortices move with a velocity v, a finite electric
field E = μ0H × v would be generated. Since, current and the generated electric
field have the same direction, a finite power would be dissipated in the system
and the ability of the superconductor to sustain dissipation-free current flow would
be lost. The vortices in YBCO thin films are pinned by some naturally occurring
defects (which are formed during the growth of the film) such as dislocations, grain
boundaries, twin boundaries, and oxygen vacancies. The strength of these naturally
occurring defects, however, is not enough to counter thermal fluctuations and their
densities are not sufficient to maintain large Jc at high magnetic fields [6, 19, 20].

It, therefore, became imperative to look for alternative ways which can be
efficient for pinning the vortices even at high applied magnetic fields. This arose the
need for artificial pinning centers (APCs) and their introduction turned out to be very
effective for the immobilization of the vortices even at high applied magnetic fields
leading to enhanced Jc of YBCO thin films for wide range of applied magnetic field.
The introduction of APCs into YBCO films have been conducted through various
methods which include heavy-ion irradiation [21], addition and/or substitution of
rare-earth atoms [22, 23], or incorporation of secondary phase nanoinclusions into
the YBCO film matrix [24–34]. Enhancement of vortex pinning properties of YBCO
films through incorporation of secondary phase nanoinclusions has recently been
extensively studied. The nanoinclusions of several materials such as Y2BaCuO5
[24, 25], Y2O3 [26], BaZrO3 [27, 28], BaSnO3 [29, 30], BaIrO3 [31], YBa2NbO6
[32, 33], and YBa2TaO6 [34] have been successfully introduced into YBCO film
matrix by using PLD technique, which led to the enhancement of Jc of YBCO thin
films over a wide range of applied magnetic field.

3.4 Methods to Introduce APCs in YBCO Films Through
PLD Technique

In PLD technique, a laser pulse is focused onto the surface of a target (the material
whose thin film has to be prepared) inside a vacuum chamber. Above a certain
threshold energy density, the target material is sputtered and the ejected species
forms a luminous ablation plume. The sputtered material is directed towards a
substrate where it condenses to form a film. In the case of YBCO films, the
nanoinclusions of secondary phase materials are usually introduced by two methods:
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(i) by mixing the secondary phase material with YBCO and making a premixed
target and (ii) using two different targets of YBCO and secondary phase material
and ablate them alternatively during the deposition process. The advantage of using
premixed target is that if offers precise control over the volume percentage of
the secondary phase into the YBCO film matrix. However, the secondary phase
material needs to be non-reactive with YBCO in the sintering temperature range
of 920–950 ◦C which is usually higher than the deposition temperature of the
films (800–830 ◦C). The alternating target approach also provides precise control
of the concentration of the secondary phase in YBCO films and also removes the
possibility of any chemical reaction between YBCO and the secondary phase in the
ablation target, but this process is time consuming.

3.5 The Surface Modified Target Method

In order to introduce nanoscale secondary phases into YBCO thin films using PLD
technique, a novel method is adopted in which the surface of the ablation target is
modified and that is why this method is named as surface modified target method. In
this method, a thin sectored or rectangular shaped piece of secondary phase material
is attached on the top of YBCO target using silver paste [35, 36]. The schematic
diagram of this method is shown in Fig. 3.1. The main advantage of this approach is

Fig. 3.1 Schematic diagram
of the ablation target used in
surface modified target
method. (a) Ideally, it is
desired to cut a sectoral slot
where a wedge-shaped
secondary phase piece can be
inserted. (b) Instead, a thin
sectored slice of secondary
phase materials is attached to
the top surface of the YBCO
target. (c) The secondary
phase slice can also be made
in rectangular form which can
be attached to the top surface
of YBCO target by means of
silver paste
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that the secondary phase material can be continuously introduced into YBCO film
using a single target in which YBCO portion and secondary phase material portion
are physically separate. Also, the concentration of the secondary phase can be varied
just by changing the size of the sectored/rectangular shaped piece of secondary
phase material while keeping the YBCO target the same. Mele et al. [37] have
reported the observation of BaZrO3 nanocolumns within YBCO film matrix for
which YBCO+YSZ (yttria-stabilized zirconia) surface modified target was used.

It is quite interesting to compare surface modified target method with premixed
target method from the point of view of growth mechanism of different phases in a
thin film. In the mixed target method, the adatoms or molecules of both the species
(YBCO and the secondary phase) are continuously supplied and the supersaturation
of YBCO is higher than that of the secondary phase material (as the mixed target
consists of YBCO phase in larger proportion than the secondary phase material). In
the surface modified target method, however, the adatoms or molecules of different
species are transported to the substrate surface in an alternative and periodic manner
and for this reason the supersaturation of YBCO and the secondary phase may be
considered as the same. In spite of the different scenario of supersaturation in these
two methods, the microstructure of the final films reveals similar features: formation
of nanocolumns or nanoparticles of secondary phases within YBCO matrix. The
formation of yttria nanoparticles has been observed in an earlier report [26] in which
alternating target method was employed and in that case, the formation of semi-
coherent interfaces between the phases can be held responsible for such nanoparticle
formation. Using surface modified target method, gold was introduced in the form
of nanorods with widely varying diameters within GdBa2Cu3O7-δ (GdBCO) film
matrix [38]. According to this report, a gold sheet of 25 mm length and 2 mm
width was attached to the top surface of the GdBCO target for supply of gold inside
GdBCO film matrix. However, the driving force for the formation of gold nanorods
within the GdBCO film matrix is not understood.

3.6 The Realization of Nanoscale Secondary Phase Inclusions
with Different Geometries into YBCO Matrix

3.6.1 YBCO Films Consisting of Nanoparticles of Secondary
Phases (3D APCs)

The layered structured of YBCO gives rise to an intrinsic anisotropy in its properties
which is reflected in its Jc as well [39–41]. In general, at a given magnetic field; Jc

for H parallel the ab-plane is higher than for H parallel the c-axis. In order to reduce
this anisotropy (making Jc uniform for all the orientations of applied magnetic
field), different kinds of APCs are studied which include spherical nanoparticles
and columnar nanorods of different secondary phase materials.
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In an ideal situation, the nanoparticles of secondary phase materials pin the
vortices with the same strength irrespective of the applied magnetic field orientation.
Although the vortex cross-section changes with the orientation of the applied
magnetic field, the interacting volume of a vortex with a spherical nanoparticle
does not change significantly and the pinning strength of such APCs does not
change much with the orientation of applied magnetic field. For this reason, the
nanoparticles of secondary phases are called 3D APCs. Nanocolumnar structures,
on the other hand, are called 1D APCs which pin segments of the vortices depending
upon the orientation of the applied magnetic field. As the applied field is tilted from
the 1D APC orientation, the pinned segment of the vortex decreases and this leads
to reduced pinning efficiency of 1D APCs. 3D APCs (nanoparticles), therefore,
are preferred over 1D APCs (nanocolumns) for many applications where reduced
anisotropy is desired.

The use of spherical nanoparticles or the so-called 3D APCs was reported by
Haugan et al. [25] and Varanasi et al. [35] in which Y2BaCuO5 (Y211) nanoparticles
were found to improve the in-field Jc of YBCO thin films. However, the angular
dependent Jc study was not conducted in their reports. In these reports, however,
the Y211 nanoparticles were introduced into YBCO thin film by alternating target
method. Similarly, Y2O3 nanoparticles were also introduced as 3D APCs into
YBCO thin films by alternating target method and they were effective in reducing
the Jc anisotropy of YBCO thin films as observed in the angular dependent Jc study
[42]. Later, both Y2O3 and Y211 nanoparticles were introduced into YBCO thin
films independently by surface modified target method. Mele et al. [36] used the
surface modified target method for the incorporation of Y2O3 nanoparticles into
YBCO thin films. Although the microstructure clearly revealed the formation of
Y2O3 nanoparticles within YBCO film matrix, the anisotropy in Jc could not be
improved significantly. For higher concentration of Y2O3 into YBCO thin films,
they were observed in the form of nanorods as well [43].

In a recent work, the incorporation of Y211 nanoparticles into YBCO films,
through surface modified target method, has been reported [24]. The concentration
of Y211 nanoparticles was varied systematically by changing the size of the
Y211 surface modified piece on top of the YBCO target. Figure 3.2 shows the
microstructure of the YBCO thin films with varying concentrations of Y211
nanoparticles. These Y211 nanoparticles not only enhanced the in-field Jc of YBCO
thin films but also shifted the irreversibility line towards higher H-T regime. Angular
dependent Jc studies for YBCO thin films with different concentrations of Y211
nanoparticles were conducted and it was found that these Y211 nanoparticles are
very effective in reducing the Jc anisotropy of YBCO thin films. Figure 3.3 shows
the angular dependent Jc curves for YBCO thin films, with varying concentrations
of Y211 nanoparticles, measured at different magnetic fields at 65 K. These Y211
nanoparticles resulted in almost isotropic Jc of YBCO thin films barring only
a narrow angular range near the ab-plane. This feature was further analyzed by
existing theoretical models and it was suggested that in this narrow angular range
of applied magnetic field, there is a cross-over from nanoparticle pinning to ab-
plane pinning which results from the linear defects (planar defects such as stacking
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Fig. 3.2 The cross-sectional
TEM image of YBCO+Y211
nanocomposite films prepared
using surface modified target
method with varying
concentrations of Y211
nanoparticles at two different
magnifications. (a) and (b)
represent least concentrations
of Y211 nanoparticles, (c)
and (d) represent medium
concentration, and (e) and (f)
represent maximum
concentration. Reprinted
from [24], with the
permission of AIP Publishing

faults) aligned along the ab-plane. Figure 3.4 shows the schematic diagram of such
a situation where pinning due to nanoparticles and pinning due to linear disorders
along the ab-plane dominate for different angular range of applied magnetic field.

3.6.2 YBCO Films Consisting of Nanocolumns of Secondary
Phases (1D APCs)

Columnar disorders along the c-axis of YBCO films are generated through heavy-
ion irradiation or formation of self-assembled nanocolumns of some secondary
phase materials such as BaZrO3 (BZO), BaSnO3 (BSO), BaHfO3 (BHO),
YBa2NbO6 (YBNO), and YBa2TaO6 (YBTO). The pinning efficiency of these
columnar nanostructures (1D APCs) is very high which results in significantly
enhanced in-field Jc of YBCO films. The efficiency of these 1D APCs, however,
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Fig. 3.3 Variation of Jc with the orientation of applied magnetic field for pristine YBCO and
YBCO+Y211 films with varying concentrations of Y211 nanoparticles measured at 1, 3, and 5 T
at 65 K. The isotropic enhancement in Jc of YBCO+Y211 films can be clearly observed at all the
magnetic fields. Reprinted from [24], with the permission of AIP Publishing

is limited for a small angular range where the applied field is oriented along the
c-axis or is slightly inclined with respect to the c-axis. For this reason, the angular
dependent Jc of the YBCO thin films containing 1D APCs exhibits a peak when the
applied field is along the c-axis.

The use of surface modified target to introduce 1D APCs into YBCO films
started more than a decade ago when Varanasi et al. successfully introduced BSO
nanostructures into YBCO thin films [44]. The incorporation of BSO nanostructures
into YBCO thin films resulted in enhanced in-field Jc of YBCO thin films. However,
the microstructure of the nanocomposite film was not studied in detail and it was
assumed on the basis of planar view of the transmission electron microscope (TEM)
image that the BSO nanostructures are organized in the form of nanoparticles inside
YBCO film matrix. But, in subsequent studies [30, 45], the cross-sectional view
of the YBCO+BSO nanocomposite film was observed which revealed columnar
structures and self-assembly of BSO phase in the form of nanocolumns inside
YBCO film matrix was confirmed. Figure 3.5 shows the cross-sectional TEM image
of YBCO+BSO nanocomposite film deposited by surface modified target method
in which columnar nanostructures can be clearly observed. The efficiency of these
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Fig. 3.4 Schematic diagram of dominating angular regime of pinning for Y211 nanoparticles
and planar defects. As the vortices are inclined from the c-axis, the interaction volume with the
spherical defects decreases and the pinning energy is decreased resulting in overall decrease in Jc.
Planar defects along the ab-plane, can pin the vortices only for limited angular regime, and act as
linear defects with small accommodation angle. Reprinted from [24], with the permission of AIP
Publishing

Fig. 3.5 Cross-sectional TEM image of YBCO film with BSO nanoinclusions deposited by
surface modified target method using PLD technique. The image shows that BSO nanostructures
are self-assembled in the form of nanocolumns aligned along the crystallographic c-direction.
Reprinted from [30], with the permission of AIP Publishing
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Fig. 3.6 Variation of Jc with applied magnetic field for pristine YBCO film and YBCO films with
BSO nanoinclusions with varying thickness. The enhanced in-field Jc can be clearly observed in
YBCO films incorporating BSO nanoinclusions. Reprinted from [30], with the permission of AIP
Publishing

BSO nanocolumns can be seen in Fig. 3.6 in which significant enhancement in the
in-field Jc of the nanocomposite films can be observed.

Apart from BSO, BZO and YBNO nanocolumns have also been successfully
incorporated into YBCO film matrix by surface modified target method. Mele et al.
used yttria-stabilized zirconia (YSZ) as a surface modified piece on top of YBCO
target which led to the formation of BZO nanocolumns inside YBCO film matrix
[46]. These columnar APCs resulted in enhanced in-field Jc of the YBCO+YSZ
films. Figure 3.7 shows the cross-sectional TEM image of the YBCO+YSZ films in
which the formation of 1D APCs can be clearly observed. Significant enhancement
in the in-field Jc can be observed in Fig. 3.8 which is reflected in the much higher
Fp values for the nanocomposite film (inset of Fig. 3.8). In another work, surface
modified target method was used to incorporate YBNO nanocolumns into YBCO
film matrix [47]. In this work, the concentration of the YBNO phase inside YBCO
thin film was controlled by controlling the target rotation speed. Figure 3.9 shows
the cross-sectional TEM image of YBCO+YBNO nanocomposite films in which
not only formation of columnar YBNO nanostructures can be seen but also the
variation in the density of YBNO nanocolumns can be observed. The incorporation
of YBNO nanostructures inside YBCO films resulted in enhanced in-field Jc of the
YBCO thin films which is shown in Fig. 3.10. Figure 3.10 (c) reveals the Jc peak for
H // c-axis for YBCO+YBNO nanocomposite thin films in the angular dependent
Jc measurement.
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Fig. 3.7 Cross-sectional TEM image of YBCO+YSZ film deposited by surface modified target
method using PLD technique. The formation of BZO nanorods can be seen clearly which were
later confirmed by XRD measurement. Reprinted from [46], with the permission of Elsevier

3.6.3 YBCO Films Consisting of both Nanoparticles
and Nanocolumns of Secondary Phases (1D + 3D APCs)

Both columnar nanostructures (1D APCs) and spherical nanoparticles (3D APCs)
can be introduced into YBCO films and both can be effective in enhancing the in-
field Jc. However, they have completely different effect on the Jc anisotropy. 1D
APCs provide strong pinning but their efficiency is limited for a narrow angular
range when applied magnetic field is parallel to the orientation of the columnar
nanostructures. 3D nanoparticles, on the other hand, are less strong pinning centers
but they provide isotropic pinning which is very much desired for many applications.
In order to combine these different characteristics of both kinds of APCs, YBCO
thin films with both kinds of APCs, called hybrid APCs, were studied. Surface
modified target method has also been used to introduce hybrid APCs which turned
out to be effective in enhancing the Jc as well as in reducing the Jc anisotropy.

The use of surface modified target for simultaneous incorporation of both 1D
and 3D APCs into YBCO thin films was reported by Mele et al. who successfully
introduced BZO nanocolumns and Y2O3 nanoparticles together into YBCO thin
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Fig. 3.8 Variation of Jc with respect to applied magnetic field for pristine YBCO (blue) and
YBCO+YSZ (red) films prepared using surface modified target method. Inset shows the variation
of Fp with applied magnetic field in which much higher Fpmax for the nanocomposite films can be
observed. Reprinted from [46], with the permission of Elsevier

Fig. 3.9 Cross-sectional
TEM image of YBCO film
with YBNO nanocolumns
prepared using surface
modified target method. The
density of the YBNO
columns was varied by
controlling the target rotation
speed in the PLD system
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Fig. 3.10 Variation of (a) Jc and (b) Fp with respect to applied magnetic field for YBCO films
with varying concentration of YBNO nanocolumns. YBCO+YBNO films exhibit superior in-
field Jc as compared to pristine YBCO film. (c) Angular dependent Jc measurement shows that
YBCO+YBNO films exhibit a Jc peak near 0 deg. (H//c-axis)

films [48, 49]. This combination, however, could not improve the anisotropy of the
YBCO film as compared to the YBCO thin film with single APCs (either BZO or
Y2O3). This technique of using hybrid APCs was later attempted successfully to
introduce BSO nanocolumns together with Y2O3 (YO) nanoparticles into YBCO
thin films by means of surface modified target method [50, 51]. These hybrid
APCs were very effective in improving the in-field Jc of YBCO films as well as
reducing its angular anisotropy. Figure 3.11 shows the cross-sectional TEM image
of YBCO+BSO3% and YBCO+BSO3% + Y2O3 nanocomposite thin films in
which formation of only columnar structures in YBCO+BSO thin film and that
of both nanocolumns and nanoparticles in YBCO+BSO + Y2O3 thin film can
be clearly observed. Figure 3.12 shows the angular dependent Jc measurement
conducted at 77 K, 1 T and 65 K, 3 T for pristine YBCO, YBCO+BSO, and
YBCO+BSO + Y2O3 thin films. It can be clearly observed that the samples
consisting of hybrid APCs exhibit superior in-field Jc not only along the c-axis but
for entire angular range of applied magnetic field.
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Fig. 3.11 Cross-sectional
TEM image of YBCO films
with (a) BSO nanocolumns
and (b) BSO nanocolumns
and Y2O3 nanoparticles
deposited by surface modified
target method. Reproduced
from [50], with the
permission from IEEE
Publishing

In another work, the successful incorporation of a different combination of
nanocolumns and nanoparticles into YBCO thin films was reported in which BSO
nanocolumns were combined with Y211 nanoparticles as hybrid APCs inside
YBCO thin films by means of surface modified target method [52]. This new
combination of hybrid APCs was also observed to be very effective in reducing the
angular anisotropy of Jc of YBCO thin films. Figure 3.13 shows the cross-sectional
micrograph of YBCO+Y211 and YBCO+BSO + Y211 thin films in which the
formation of Y211 nanoparticles and that of BSO nanocolumns together with Y211
nanoparticles can be observed, respectively. The simultaneous incorporation of BSO
nanocolumns and Y211 nanoparticles significantly improved the angular anisotropy
of Jc in the hybrid APC sample which can be seen in Fig. 3.14. The thin film
containing hybrid APCs exhibited the combined characteristics of nanoparticle
pinning and nanocolumn pinning.

3.7 Factors Determining the Geometry/Morphology
of Nanoscale Inclusions

Different secondary phase nanoinclusions inside YBCO film matrix exhibit different
geometry and accordingly they are efficient for different range of applied magnetic
field orientations. One of the fundamental parameters which decide the geometry
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Fig. 3.12 Angular dependent
Jc characteristics of pristine
YBCO, YBCO+BSO, and
YBCO+BSO + Y2O3
nanocomposite films
measured at (a) 77 K, 1 T and
(b) 65 K, 3 T. Two different
sizes of sectored Y2O3
pieces, 2.2 area% and 3
area%, are referred as YOA
and YOB, respectively.
Reproduced from [50], with
the permission from IEEE
Publishing

of these nanoinclusions within YBCO film is the lattice misfit between the two
phases. Another parameter which is important in determining the geometry of these
nanoinclusions is the surface diffusion co-efficient of adatoms which is crucial in
determining the interface between the two phases which may be coherent, semi-
coherent, or non-coherent [53]. The surface energies of coherent and semi-coherent
interfaces are much lower as compared to that of non-coherent interfaces. The high
surface energies of non-coherent interfaces result in the coarsening of the grains
in polycrystalline films [54], faceting of precipitates and grain boundaries [55]. In
a recent work, it has been reported that the morphology of the secondary phase
nanoinclusions is determined by the combined effect of the lattice mismatch and
elastic properties of YBCO and secondary phase materials [56].
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Fig. 3.13 Cross-sectional TEM image of YBCO thin films with Y211 nanoparticles (a, b) and
BSO nanocolumns plus Y211 nanoparticles (c, d) deposited by surface modified target method.
Reproduced from [52], with the permission from IEEE Publishing

3.8 Conclusions

In order to improve the in-field Jc of YBCO superconducting thin films, many
methods have been tried and introduction of APCs is crucial for this purpose. In
recent years, a variety of methods have been reported to intentionally introduce
nanostructured secondary phases into the YBCO superconducting thin films and
among them, surface modified target method in PLD technique has been found
to be very useful. Different secondary phases are formed in different geometries
when incorporated within YBCO matrix and all these geometries can be realized by
surface modified target method. The geometry and concentration of the secondary
phase can be varied just by changing the composition and/or size of the secondary
phase acting as surface modified piece on the ablation target. This is not only an
economical approach but also saves a lot of time in conducting such experiments
where the variation in the geometry and density of secondary phase material inside
YBCO matrix is desired.



3 Control of Vortex Pinning in YBCO Thin Films by Incorporating APCs. . . 69

Fig. 3.14 Angular dependent
Jc characteristics of pristine
YBCO, YBCO+BSO,
YBCO+Y211 and
YBCO+BSO + Y211
nanocomposite thin films
measured at (a) 77 K, 1 T and
(b) 65 K, 3 T. Reproduced
from [52], with the
permission from IEEE
Publishing

The generation of nanoscale secondary phases with desired density, geometry,
and orientation inside YBCO matrix is very much needed for control of vortex
pinning in YBCO thin films deposited on single crystals and metallic tapes.
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Chapter 4
Progress in Thick Film 2G-HTS
Development

Goran Majkic

4.1 Introduction

The Second-Generation High-Temperature Superconductor (2G-HTS) technology
has seen a tremendous progress over the last two decades. The brittle nature of
YBCO (YBa2Cu3O7-δ) and its REBCO variants (RE = rare-earth), as well as other
technical challenges have resulted in an impressive effort all over the world in an
attempt to harvest the numerous advantages of this material in a functional form,
resulting in what is probably the first technology to realize brittle ceramic materials
deposited on flexible metallic substrates in kilometer lengths. The undeniable
advantages of YBCO, including high critical temperature (Tc), high critical current
(Ic), and critical current density (Jc), as well as very high irreversibility field (Birr),
have been a major driving force behind this impressive development.

The highly promising potential performance figures, however, have been faced
with numerous practical obstacles. In particular, starting from the early experiments
on thin film YBCO deposition on either single crystal substrates or flexible films,
it has been realized that the dream of achieving arbitrarily high Ic by increasing
film thickness is not a straightforward issue. Soon it was realized that critical
current density, Jc, strongly decreases with film thickness. In the last two decades,
significant effort has been devoted to scale-up of 2G-HTS conductors in practical
film thicknesses of about 1 μm, as numerous researchers have encountered the same
issue of degradation of Jc with thickness, irrespective of the deposition technique
used. The practical limit of about 1 μm has been spontaneously established, both
in fundamental research and commercial 2G-HTS tapes. Starting from the early
developments of 2G-HTS technology, researchers and manufacturers appear to have
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taken one of the two approaches to increasing performance—either maximizing
Ic within the ∼1 micron film thickness or attempting to increase Ic by increasing
film thickness and combating the Jc degradation issue. In parallel, many researchers
have contributed to the understanding of the reasons behind deterioration of Jc with
thickness. There have been various approaches to the issue, but the main dilemma
has remained in the question—whether this issue is related to a physical limitation
or simply stemming from a non-optimized deposition process. For example, several
studies have reported that Ic saturates to a constant value above a certain thickness
(approx. 1.5–2 μm), after which there is no increase in Ic with further increase in
thickness, which will be elaborated on later in this chapter. This result implies that
Jc drops to zero above a certain critical thickness. The material deposited beyond
this critical thickness has also been termed “dead layer,” implying that it cannot
carry any current. Without any further evidence, one can think of two immediate
scenarios—either it is impossible to increase Ic with thickness due to some physical
limitation, or the deposition process is faced by an unidentified issue that leads to
this phenomenon. By reviewing the literature, one can see that both of these two
ideas have been addressed in a number of studies, with varying degree of success
in positively identifying the issue. For example, one view of the issue is centered
on the fact that the self-field generated at progressively higher film thickness and
therefore Ic increases, as will be discussed. Given the experimental evidence of a
dead layer that has been reported in more than one study, a natural question arises on
whether this dead layer is a natural limitation at high film thickness due to increase
of the self-field generated by increasing current with thickness, eventually limiting
the magnitude of current that can be carried in a film of a critical thickness where
further increase of self-field limits the current to a maximum achievable value.

On the other hand, numerous studies have clearly demonstrated a microstructure
phenomenon that occurs with an increase in film thickness, namely that of an
increase in volume fraction of misoriented YBCO grains that grow in the orientation
of a-axis perpendicular to film instead of the desired orientation where the c-axis is
perpendicular to film. The grain boundaries between grains having c-axis and a-axis
orientations block the super-current and naturally deteriorate the resulting Ic value.
In addition, there are numerous reports on texture quality degradation with film
thickness, even within the material having the desired c-axis orientation. Both of
these experimental evidences point to another potential source of Ic degradation with
thickness—which is microstructure degradation. This equally convincing argument
leads to a different viewpoint on the issue—if microstructure deterioration is
responsible for drop in Jc with thickness, then it would be necessary to understand
the reason behind this instability in film growth. A full understanding of this issue
would then provide the answer to the question on whether this microstructure
deterioration can be addressed and avoided, resulting in breaking the barrier to
further increase in Ic by increasing film thickness. Finally, a mixture of both of
these scenarios is another possibility, and in this case, all of the above would apply.
In addition, quantification of the relative contribution of each of the two possible
mechanisms would be one important aspect to consider in order to assess their
importance.
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Regarding the thickness effect on Ic, it should be noted that the reported
studies can be generally separated into two categories—degradation of Jc in the
initial stages of film growth—from zero to several hundred nanometers, and the
degradation of Jc in thick films beyond one micron. Significant amount of research
has been done in both categories, often combined with combating other issues
such as texture quality of YBCO films and the effect of buffer layer on this
issue. Effects such as buffer/YBCO epitaxial mismatch and strain relaxation, misfit
dislocations and similar have been studied and attempts have been made to correlate
them to Jc degradation with thickness. On the other hand, attempts to grow films
thicker than approx. 1 μm with minimized Jc degradation appear to be faced with
different issues, such as the mentioned increase in fraction of a-axis oriented grains
and texture deterioration. Given the amount of experimental evidence from both
approaches, it is quite plausible that both effects play significant roles. However,
understanding their relative importance at different thickness scales is critical to
achieving further progress in pushing the Ic envelope up.

In addition to increasing the self-field Ic, tremendous progress has been realized
in the last decade in increasing the in-field performance of 2G-HTS technology.
The breakthrough in achieving dramatic increase in in-field critical current retention
came with the discovery of the possibility to grow dual-phase HTS film consisting of
YBCO matrix interspersed with a nano-columnar or “nanorod” secondary phase in
the shape of c-axis aligned columnar or rod precipitates having diameter on the order
of coherence length (several nm) and arbitrarily long lengths. These heterostructures
containing such Artificial Pinning Centers (APC) have been demonstrated to exhibit
a very strong increase in Ic retention in magnetic field, which has spurred intense
research on understanding both the nanorod growth process and its effect on in-field
performance of 2G-HTS tapes. Considering the main topic of this chapter, which
is increasing Ic by increasing film thickness without degradation of performance, a
question then arises regarding the possibility of growth of thick REBCO films with
APCs and whether high pinning performance can be maintained in thick (>1 μm)
films.

It should be pointed out that the issue is of critical importance for success
and widespread utilization of the 2G-HTS technology. Namely, one of the most
important issues that this technology has to overcome is the cost associated with
realizing the 2G-HTS technology. If we take the cost/performance ratio as the main
“effective” cost metric, say the $/kA-m metric, which we can refer to as the effective
“performance cost,” this value can be driven down either by reducing the raw cost
associated with the manufacturing process, or by increasing the performance per
meter of tape, which implies increasing the critical current, both for self-field and
in-field applications. As the overhead cost of producing the 2G-HTS tape includes
not only the cost of the HTS layer deposition but also the overhead of substrate tape
processing, buffer stack deposition, silver and copper layer deposition, all of which
are necessary, it appears that the most direct way of reducing the performance cost
is by focusing on increasing the HTS layer performance. In other words, the raw
cost of doubling the Ic by increasing HTS films thickness would constitute only a
fractional increase in the total cost of tape (overhead + HTS film cost), while the
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performance (kA-m) would double. This implies that this approach of, say, doubling
the Ic would result in reduction of “performance cost” by a factor potentially close to
2. As such, one can see the tremendous value in the effort to increase Ic of 2G-HTS
tapes directly by increasing film thickness.

In this chapter, we review the different viewpoints on the issue reported in the
literature and look at the experimental and some theoretical results. We also review
the very promising recent advances in producing thick 2G-HTS films with very
high in-field performance that show strong evidence that significant increase in Ic

can indeed be achieved by increasing film thickness. The author would also like to
point out to a recently published excellent review paper on the same topic, which
provides a compact overview on the subject [1].

4.2 Thickness Dependence of Self-Field Jc

Studies on thickness dependence of Jc have commenced practically immediately
after the discovery of YBCO. As early as 1988, Luborsky, et al. have reported
that the self-field critical current of films deposited by RF diode sputtering from a
single target deteriorates with thickness [2]. In this study, single crystals of SrTiO3
(STO) in 100 and 110 orientations, 9.5% yttria-stabilized zirconia (YSZ), and Si
wafers with overlayers of ZrO2 and HfO2 were used, where the 100-oriented SrTiO3
substrates resulted in highest quality YBCO films. The film thickness was varied
from 0.09 to 2.4 μm. It is interesting to note that as early as 1988, the theme has
been set—the critical temperature, Tc, has been found to be thickness-independent
in this study, with average Tc of 85.6 K and transition width ΔTc of 1.8 K, while
Jc has been found to decrease from 8.1 × 105 A/cm2 at 0.2 μm to about an order
of magnitude lower values at film thickness of ∼2 μm. The authors conclude that
the decrease in Jc with the increase in film thickness is expected due to the gradual
loss of crystal orientation with the increase in film thickness. It is worth to note that
the authors have also conducted Ic measurements at 4.3 K utilizing magnetization
measurements and reached the same conclusion. This result indicated very early
that the phenomenon of Jc degradation with thickness is neither dependent on
measurement technique nor magnitude of Jc, which was approx. two orders of
magnitude higher at 4.3 K than at 77 K.

In 1993, Foltyn, et al. have reported a systematic study of deposition of YBCO by
pulsed laser deposition (PLD) on yttria-stabilized zirconia (YSZ) substrates capped
with CeO2 [3]. In this study, a clear trend of monotonic decrease in Jc with thickness
has been reported. Films ranging from 0.065 to 6.4 μm in thickness have been
grown, resulting in critical current decrease from 5 MA/cm2 to what seemed like
an asymptotical decrease towards 1 MA/cm2, as shown in Fig. 4.1.

As it can be seen, a very systematic trend has been observed, with high quality
data that have little scatter around the trend. The authors have provided a fit (solid
line) in the form of exponential decay with thickness plus the additional constant
saturation term, in the form Jc = Ae−αt + B, with the fit values of α = 1.2 μm−1
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Fig. 4.1 Thickness dependence of Jc in YBCO films grown on single crystal YSZ substrates with
CeO2 cap layer. Reproduced with permission from [3]

and B = 1.05 MA/cm2 while the zero thickness constant A + B has been estimated
to 5.75 MA/cm2. The authors note that the exponential decay in Jc has been reported
by others (3–5 in the original manuscript) and that it has been attributed to transition
from c-axis to a-axis film growth. In contrast to these previous reports, Foltyn,
et al., report that the decay rate of Jc in their study is much slower; where the
previous studies reported decay of one or two orders of magnitude from ∼0.4 to
2 μm with the asymptotic trend towards Jc = 0 at high thickness, their study has
found much a slower decay and the asymptotic value of 1 MA/cm2 in films with
thickness of >6 μm. The importance of this result is that it has been shown that
films can be produced with Jc not asymptotically converging to zero, but rather to
a constant, non-negligible value (1 MA/cm2). This is illustrated in Fig. 4.2, where
the data from Fig. 4.1 have been used to calculate an equivalent critical current
over 12 mm width, which is a typical 2G-HTS tape width commercially available
today. The importance of these encouraging results lies in the fact that the films
reported in this study do not exhibit a “dead-layer” behavior which occurs when Jc

tends to be zero at high thickness; critical current is still increasing with thickness,
despite the much lower rate of Ic increase. Later experiments have proven that
replicating the results on metallic buffered substrates is not straightforward, and it
took more than a decade of research to achieve performance close to single crystal
substrates. Nevertheless, these early results on single crystal YSZ substrates have
shown encouraging signs that, at minimum, dead layer can be avoided and thus Ic

can be increased by increasing film thickness.
The authors examined several possibilities for the decay in Jc. The typical

deterioration in texture, either in the form of progressive increase in a-axis oriented
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Fig. 4.2 Equivalent critical current for typical 12 mm 2G-HTS tape, calculated from data
presented in Fig. 4.1 [3]

grains with thickness, or in-plane texture degradation, has been examined in a 2.2
μm film. While a-axis grains have been identified by X-Ray Diffraction (XRD), the
peak ratio of c-axis to a-axis oriented grains was found to be over 100:1—which
the authors interpret as a comparably small fraction relative to the large decrease
in Jc. The in-plane texture analysis indicated that a small amount of YBCO was
in-plane rotated 45◦ from the main texture orientation, but again with a peak ratio
of 1:70, suggesting a negligible effect on Jc. The authors also provide information
on Rutherford Backscattering Spectrometry (RBS), which indicated a χmin value of
75%, in 2.2 μm on which the authors remark that this parameter is an indication of
film disorder and that this value was far higher compared to that found in thin films.
The authors hint at randomly oriented material (disordered microstructure) being
responsible for this increase, but without further elaboration.

In 1999, a report by Foltyn, et al., on thickness dependence of Ic, both on
single crystals and on the early developments of 2G-HTS technology (metallic
substrates with textured buffer layers) was published [4]. The authors note several
salient characteristics of both technologies that are true even today, 20 years
after the publication. They remark that increasing Ic, even if it implies growth of
thicker YBCO films, is one of the most direct or logical approaches to increasing
engineering current density, Je, which would, in turn, reduce the manufacturing
cost relative to their performance (the metric that is termed “performance cost” in
this review chapter). At the time, YBCO films on single crystal substrates with
Jc over 5 MA/cm2 have been commonly reported in literature, as noted by the
authors; however, all attempts to grow films thicker than ∼1 μm resulted in Jc
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quickly decreasing and saturating to a value of about 1 MA/cm2. At the time of
the publication, plenty of experimental evidence from YBCO growth on single
crystals already existed to show that this phenomenon is common to all YBCO
deposition techniques, including pulsed laser deposition, liquid-phase epitaxy,
chemical vapor deposition (CVD), BaF2, and metal organic CVD (MOCVD)
deposition. The authors acknowledge that the cause of decrease in Jc with thickness
remains unidentified. The work in question focuses on 2G-HTS technology, i.e.,
flexible metal tapes (Inconel 625) with YSZ layer deposited by Ion Beam Assisted
Deposition (IBAD). The YSZ layer was then capped with a 20 nm thick Y2O3 layer
before YBCO deposition.

In the manuscript [4], films with thicknesses ranging from 0.39 to 6.3 μm
have been deposited using PLD and analyzed. Shown in Fig. 4.3 is a plot of Jc

vs. thickness for IBAD-YSZ substrates on flexible Inconel tapes. The solid line
represents a comparison with single crystal YSZ substrates from the mentioned
previous study [3]. The authors note that the asymptotic Jc value for films on flexible
substrates is less than one-fourth of the value for single crystal substrates.

Perhaps one of the most revealing plots that illustrate the nature of the problem
is contained in Fig. 4.4, taken from [4]. In this plot, three samples of different
thickness, ∼0.68, 3.0, and 4.7 μm, that have been incrementally Ar-ion beam etched
at 300 eV. For the thinnest film, the Ic decreases with thickness as expected—near-
linearly. When the thickness was reduced to as low as 30 nm, the sample still carried
current, reaching 4.1 MA/cm2, which is an indication of successful ion milling with
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Fig. 4.4 Plot of critical current, normalized to the initial value, vs thickness of incrementally ion-
milled samples. Reproduced with permission from [4]

no induced damage to the film. In contrast, the two thick films showed very different
behavior. Critical current remained constant upon ion milling for both samples
down to 1.5 μm of etched thickness. This initially discouraging result revealed the
core of the problem—all material deposited above 1.5 μm thickness carried little
or no current. In addition, another surprising result came at very low remaining
thickness: both thick films showed zero Ic when the film thickness was reduced to
about 250 nm. This result implies that due to an unknown mechanism, the critical
current near the buffer/YBCO interface is degraded in thick films, but not in the thin
0.68 μm film. It should be noted that the manuscript also shows the extrapolated
equivalent Ic values for 1 cm sample width based on the bridge measurements and
compares them to the values obtained from single crystal substrates. Up to two
micron thickness, both single crystal and tape samples showed comparable behavior,
reaching ∼200 A at 2 μm thickness. The largest difference occurred at thickness
beyond 2 μm, where tape samples remained at constant critical current of ∼200 A
while single crystal samples continued to increase in Ic value with thickness at a
lower rate, reaching near-500 A at ∼4.5 μm thickness.

The authors attribute the degradation of Ic of thick samples near the buffer to
impurity diffusion from the substrate. Indeed, the authors deposited a 0.46 μm film
in 3 min and then left the sample at deposition temperature and pressure (775 ◦C,
0.2 Torr O2) for 1 h. The resulting Jc was an order of magnitude lower than a similar
sample that was deposited without the subsequent 1-hr dwell. These and other later
findings all pointed out to important issues related to 2G-HTS technology that have
been later solved (e.g., in this case, the inter-diffusion problem that has been since
solved by inserting a diffusion barrier layer).

In order to attempt to provide insight into the effect of decreasing Jc with
thickness, the “dead layer” above ∼1.5 μm was also investigated. The authors check
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the hypothesis that in thick samples a large fraction of a-axis oriented grains exists,
thus deteriorating the Jc. The authors report that their XRD χ scans of YBCO 102
peak revealed little or no a-axis orientation. The third assumption put forward by the
authors, perhaps somewhat vague, is that film morphology becomes “rougher” with
thickness increase, which could then be suspected as a potential reason for the dead
layer. The authors show evidence of a 6 μm sample fractured in half and examined
by Scanning Electron Microscopy (SEM), which suggests existence of a dense and
smooth layer in the bottom 1–2 μm and a more “disordered with softer fracture
features” layer on top. The authors speculate that the increase in surface roughness
leads to micro-porosity which reduces Jc. The origin of the onset of porosity was
not discussed.

The same group, very productive in attempts to combat the thickness dependence
of Ic, reported a multilayer approach to minimizing or eliminating their reported
micro-porosity at higher thickness in 2002 [5]. Their reported architecture consists
of a sandwich sequence of YBCO/CeO2, where the interlayer of CeO2 was used
with the idea of reducing the formation of defects such as voids, porosity, and a-
grains. The authors report a private communication by Chen, who was reported
to believe that such multilayered interfaces can control the dislocation density
inside the film by terminating at each multilayered interface boundary. Without
direct evidence, the authors report the opinion that in order to obtain constant Jc

throughout the film, the dislocation density should be in the range of 1010 to 1012

/cm2. However, the role of dislocations, in contrast to the well-evidenced porosity
and roughness reported in [4], was much less clear and/or evidenced at the time.
Nevertheless, the authors report on a sandwich multilayer structure grown by PLD,
where each YBCO layer is 0.4 μm thick, and each intermediate CeO2 layer is
50 nm thick. They directly compare the χmin values obtained by RBS from a tri-
layer YBCO with two CeO2 intermediate layers to that of a single layer YBCO,
both deposited on LaAlO3 substrates and of the same total thickness of 1.2 μm.
The multilayer film showed significantly lower χmin, 19 vs. 55%, which is an
indication of the degree of disorder in the film. They then proceed with utilizing this
approach to metallic substrates with YSZ buffer deposited by IBAD, then capped
by CeO2. The resulting XRD spectra revealed that single layer YBCO film of
1.1 μm thickness contained no appreciable a-axis oriented grains, while a single
layer YBCO of 3.2 μm thickness revealed a significant fraction of a-grains. This is
in contrast to their previous reported study on films with thickness up to 6 μm, where
a-grains have been reported as a non-significant factor to reducing Jc. The multilayer
structure consisting of three 1.1 μm thick YBCO films separated by CeO2 interlayer
revealed no presence of a-axis oriented grains, despite the same total thickness of
∼3.2 μm. However, the authors note that this approach has practical problems with
current transfer between adjacent YBCO layers, due to the presence of the CeO2
interface. The authors report developing an electrical contact pattern to test the top
and bottom YBCO layers in the multilayer structure independently. The reported
Jc values for both top and bottom YBCO layers are 1.4–1.5 MA/cm2, compared to
the lower value of 0.88 MA/cm2 in a single 2.2 μm thick YBCO layer at 75.2 K,
resulting in a 60% increase of critical current density using this method. In short,



82 G. Majkic

while the method is not practical for production, the reported study has shed light on
the thickness issue, first by reporting an increasing fraction of a-grains in thick films
and second by showing that a multilayer architecture can indeed preserve Jc among
the layers. However, the actual mechanism of texture/microstructure degradation at
this time was still unknown.

A significant advancement has been achieved in buffer development for 2G-
HTS and understanding the role and importance of buffer texture quality. In a
2003 study, Foltyn, et al. have reported progress in MgO buffer development that
has led to bridging the gap between single crystal and metallic substrate-based
YBCO films [6]. The authors report on IBAD-MgO buffer which has been found
to result in excellent texture quality in very thin layers (∼10 nm), compared
to about 100 times higher required film thickness for YSZ to achieve the same
texture. Furthermore, electro-polished Hastelloy C276 substrate has been used in
this study, which has remained the method of choice for several manufacturers
to date. In this study, the IBAD-MgO film has been capped by a 50 nm thick
SrRuO3 layer for lattice matching to YBCO. A texture quality of 2.2◦ Full-Width-
at-Half-Maximum (FWHM) in-plane and 1.2◦ out of plane (roughly coinciding to
YBCO 00 L direction) was reported, which started to approach the values obtained
on single crystals. The authors report that YBCO films deposited on IBAD-MgO
were practically indistinguishable from YBCO films deposited either on single
crystal MgO or YSZ, which constituted large improvement compared to previously
reported discrepancy between single crystal and metallic substrate YSZ data. The
authors duly note that this behavior was to be expected, as multiple studies, starting
from the fundamental work by Dimos, et al. have shown the strong effect of
grain boundary misalignment on critical current density [7]. While the thickness
dependence was not the main subject of this study, the authors provide detailed data
on up to ∼4 μm thick films, again revealing exactly the same trend as previously
reported YBCO films on single crystal YSZ, as shown in Fig. 4.5.

4.3 Local and Average Critical Current Density

It is evident from the studies reviewed so far that Jc has been found to monotonically
decrease with thickness. This raises the question of local critical current density,
which is different from the total integrated current density that one can directly
measure as a function of thickness. In yet another study aimed at raising the critical
current by means of increase in thickness, Foltyn, et al. have analyzed in more detail
the available data at the time of writing (2005) [8]. A very simple yet important
aspect is that the measured current density vs thickness is an integral or average
Jc over the thickness in question. The authors separate the two concepts through a
simple yet very representative model of typical Ic or Jc measurements as

Jc(t) = 1/t

∫ t

0
jc(z)dz
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Fig. 4.5 Critical current density vs thickness for IBAD-MgO + SrRuO3 on metallic substrates vs
single crystal MgO and YSZ substrates, indicating a vanishing difference between single crystal
and flexible substrates. However, the thickness dependence of critical current density has been still
found to be a strongly decreasing function. Reproduced with permission from [6]

where jc(z) is the local or “true” current density at distance z from the buffer or
substrate, while Jc(t) is the total “integrated” current density for a film of thickness
t, and as such represents an average Jc value for the thickness in question. The local
Jc is also termed “incremental critical current density” in the original manuscript.

Equipped with two critical current density definitions—the practical measureable
Jc and local or incremental jc, one can analyze experimental data such as that
presented in Fig. 4.5, for example, to obtain the local jc from measured Jc. It should
be noted that the same authors have used the relationship Jc(t) = Ae−αt + B in
the 1993 study [3] for the cumulative Jc fit vs thickness data. If the incremental
Jc model is used, this exponential dependence translates to local current density of
jc(t) = − Aαe−αt. In contrast, the authors depart from this functional dependence
in [8]. Instead, their new reasoning is as follows: there exist two characteristic jc
values, one in the limit of zero film thickness, which they refer to as the limiting
value near the film-substrate interface, jci, and a lower bulk value, jcb, which is the
asymptotic local jc limit at large film thickness. For simplicity, they assume a simple
linear decrease from jci to jcb with thickness. The thickness over which jc drops from
jci to jcb is the only unknown parameter, which they refer to as zr. From experimental
data, an error minimization fit routine can be readily employed to extract the value
for zr. Using this approach, the authors provide data shown in Fig. 4.6.

Several features are particularly notable and outstanding in this result. First, the
model fit to the data appears very well suited, as can be seen in Fig. 4.6a. However,
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Fig. 4.6 (a) Average critical current density Jc, as a function of thickness for PLD deposited films
on SrTiO3 buffer. The solid line is the data fit to the linear incremental Jc model. (b) Incremental
or local critical current density jc obtained from incremental ion milling (solid symbols) and by
replotting the fit from (a) on the incremental basis. Reproduced with permission from [8]

we have also witnessed a very good fit to the exponential model shown in Fig. 4.1.
However, the results on incremental jc, as shown in Fig. 4.6b are particularly
interesting, given the fact that the incremental model fits independently very well
to a separate experiment of incrementally ion-milling samples and determining
Jc as a function of thickness. The observed jci limit reported in the article is 7.2
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MA/cm2, while the reported bulk limit is 1.4 MA/cm2. The critical thickness,
zr, was determined from the fit to be 0.65 μm. It becomes obvious how much
the coated conductors would benefit if the jci value of 7.2 MA/cm2 could be
maintained throughout the thickness, which has been a strong driving force behind
this pursuit of understanding the Jc-thickness dependence mechanisms. Such a
value, if attainable, would yield coated conductor tapes with ∼860, 1730, and 2600
A/12 mm width in 1, 2, and 3 μm thick films, respectively. All attempts to date have
failed to reach such performance figures and the problem still appears elusive and
not completely understood to date, despite the strong effort and progress achieved
in raising the Jc in thick films.

The authors offer three alternative views on the reported thickness dependence of
Fig. 4.6 [8]. The first is the microstructure point of view, and more specifically, linear
defect density in form of dislocations that is argued to be higher at the film/buffer
interface due to the inherent lattice mismatch and epitaxial growth. The authors put
forward the idea that there is an inherent flux pinning structure in the bulk of the film
that determines jcb, while the buffer/film interface has a distinct pinning structure
that results in enhancement of pinning near the interface, resulting in a bimodal jc.
The authors provide a cross-section a Transmission Electron Microscopy (TEM)
micrograph of an example film in [8] that features a dark band near the buffer/film
interface. The authors argue that this is exactly the feature that may contribute to
such a scenario, which is in this case pertinent to SrTiO3 buffer layer on MgO.
The authors invoke arguments of localized formation of misfit dislocations near
the buffer/film interface in epitaxial films. The second possible interpretation is in
terms of flux vortices and their dynamics [9, 10]. The third scenario is related to
the frequently observed deterioration of microstructure quality with an increase in
film thickness. In this scenario, film quality and jc is good up to jci, after which
film texture quality deteriorates and contributes to decrease in jc. The authors
acknowledge that this effect can certainly contribute to a drop in jc, where they
point to their own earlier results on formation of porosity and reduced crystallinity
in thicker samples. However, the authors mention that smoother substrates provided
the ultimate solution to porosity. However, the question of other sources of texture
degradation (a-grain formation, quantification of in-plane and out-of-plane texture)
was not specifically addressed in this work. The authors also revisit the idea of
YBCO/CeO2 multilayers and provide evidence of one multilayer sample containing
six 0.55 μm YBCO layers separated by 40 nm CeO2 layers, resulting in a 3.5 μm
film with Jc of 4.0 MA/cm2. In contrast, a single layer YBCO film of 3.7 μm
thickness resulted in Jc of only 1.3 MA/cm2. In this work, authors provide several
examples of ∼3 μm thick multilayer films with Ic in the 1000–1400 A/cm range.
However, many questions still remained open, ranging from the exact nature of the
Jc enhancement in these films to the issue of the potential negative effect of the CeO2
layers in current sharing between YBCO layers, as well as the practical feasibility of
such a structure in large-scale production. Nevertheless, these results have provided
very convincing and insightful results that provide strong evidence of the role of
interfaces on Jc.
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The incremental film thinning followed by Jc measurements has been reported
by other groups as well. In 2003, in a study by Feldmann, et al. two samples, 2.0
and 2.9 μm in thickness, deposited on IBAD-YSZ substrates were investigated [11].
The YBCO film was grown by BaF2 process. The two samples were reported to be
deposited on substrates of similar yet slightly different texture, which was slightly
better (5.9◦ vs. 6.9◦) for the 2.9 μm film, based on (205) reflections in φ scans.
Ar-ion milling at 500 eV and 45◦ inclination on samples cooled to 230 K was
used. The authors have incrementally measured both Ic and resistivity at 300 K.
The resulting Jc-thickness dependence is shown in Fig. 4.7, where, in addition to
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Fig. 4.7 Jc vs thickness of two incrementally ion-milled samples produced by BaF2 process on
IBAD-YSZ substrates. (a) 2.9 and (b) 2.0 μm initial thickness. Reproduced with permission from
[11]



4 Progress in Thick Film 2G-HTS Development 87

77 K, self-field data, in-field dependence of Jc on thickness is also provided for
fields up to 3 T. The authors show a practically constant Jc of about 1 MA/cm2

in the 2.9 μm film with slightly better texture, and a weakly increasing Jc in the
2.0 μm film, from ∼0.73 MA/cm2 at full thickness to nearly 1.5 MA/cm2 near the
buffer layer. The solid line is a Jc ∝ t-1/2 fit the authors provide based on what is
referenced as unpublished data. The authors do, however, provide information that
this fit was obtained from multiple films reacted from different precursor thickness,
suggesting again a BaF2 process. The main difference is that the fit is based on
data from samples grown to different thickness, rather than incrementally milled.
Based on this alone, the discrepancy may be possibly attributed to film degradation
during ion milling, or, similarly to the observation of Foltyn [4], which the authors
describe as possible time-dependent reaction that could have somehow degraded
the bottom part of the ex situ YBCO. Another explanation is related to the ex situ
BaF2 process, where for thicker films both the required H2O for conversion and the
HF product must diffuse in and out of increasingly more material, so that thick films
experience different growth conditions than their thin film counterparts. The authors
also report that the 300 K resistivity measurement reveal a constant value of ∼400
μ� throughout the film, except for two data points closest to the substrate, where
the resistivity increases up to ∼700 μ�, suggesting a reaction with the buffer layer.
In summary, this study provides YBCO thickness dependence information from a
very different growth process (BaF2) compared to PLD. The common features are
that the reported fit line obtained from samples grown to different thickness show
qualitatively similar type of thickness dependence to that reported for PLD films:
Jc decreases with film thickness. The reported t-1/2 dependence diverges at zero
thickness, unlike the dependences proposed by Foltyn [3, 8]; however, the exact
functional form is secondary to the fact that the observed thickness-Jc trend is
the same as that found in PLD. The flat Jc dependence reported for incrementally
milled samples could potentially stem from the mentioned mechanism reported
by the authors of increasing diffusion path with thickness, which is particular
to the BaF2 process. Another noteworthy feature is that the reported functional
dependences of Jc on thickness are similar for both PLD and BaF2, even though
the Jc and the corresponding Ic values are very different. This is important from
the viewpoint of the effect of self-field generated during transport Ic measurements
and the corresponding attempts to view the thickness dependence issue in light of a
self-limiting physical process related to the self-field.

In another study, PLD deposition on Rolling-Assisted Bi-axially Textured Sub-
strates (RABiTS) was investigated [12]. Samples with thickness ranging from 1 to
6.4 μm were deposited on Ni-3 at% W/Y2O3/YSZ/CeO2 substrates. The authors
report significant improvement in texture due to use of Ni-3 at % W compared to Ni
substrates, as well as due to the use of Y2O3 as the seed layer. The authors report no
dead layer and only limited reaction between YBCO and CeO2 layer. Good in-plane
(YBCO (113)) texture quality of ∼1◦ irrespective of thickness was reported, while
the out-of-plane (YBCO(005)) texture was reported to gradually increase from 0.79
to 0.91◦ from 1 to 6.4 μm thickness. The a-axis grain fraction relative to c-axis
orientation varied from 0 to 0.2. However, the reported values for Jc are ∼1.18
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MA/cm2 for 1.0 μm and 0.65–0.81 MA/cm2 for 4.3 μm films, which is again on
the low side for a target of 1000 A/cm-width in reasonable thickness. Similar results
were also reported in a related study [13].

A comprehensive review of the state of the art in 2G-HTS development was
provided in a 2007 article [14]. Various aspects of development of the technology
are covered in this document, including thickness dependence of Jc. The authors
identify a target of 1000 A/cm for future development of 2G-HTS. The same figure
has been established in a 2006 US DOE Office of Science Report [15]. In particular,
the authors identify the issue as follows: “Simply expressed, the best-quality YBCO
films available today exhibit a Jc that decreases with film thickness.” In the same
report, the authors succinctly summarize the state of the art in this topic: “This
qualitative behavior appears to be universal, for reasons that are poorly understood
at best.” For this reason, the authors identify several thrust areas for a four-year
period, including demonstration of 1000 A/cm over 1000 m at 77 K, self-field, and
current proportional to HTS thickness. It can be seen that the problem remained
largely elusive, as the 1000 A/cm over 1 km is still out of reach in 2018. Many other
studies have been reported that confirm the prevailing thickness-dependent decrease
in Jc [16–24]. Tremendous progress has been achieved towards commercialization
and scale-up of 2G-HTS technology by developing several reel-to-reel substrate
technologies (e.g., [25–28]), yet the issue of thickness dependence has still remained
unsolved at the time.

4.4 The Effect of Dislocations on Jc-Thickness Dependence

In an alternative view on the subject, the thickness dependence of Jc has been
analyzed predominantly in terms of the dislocation network structure that naturally
forms in YBCO films on epitaxial substrates [29]. The authors note that the
mechanism behind the Jc increase in the multilayer approach of Foltyn, et al., is
still unclear. Certainly, if the exact physical mechanism behind this approach can be
identified, it could potentially provide new approaches on harvesting the benefits of
the mechanism without having to resort to the non-practical multilayer technique.
The authors cite the work of Jia, et al. which shows that microstructure deterioration
in YBCO films up to 4 μm thick deposited by PLD is perhaps more severe than
previously reported, or alternatively, that the seemingly small increase in disorder
has far more effect on Jc performance than one would intuitively expect [30]. The
FWHM of the out-of-plane texture based on the 005 peak in this study increases
from ∼0.1 to close to 0.3◦ in this study as the film thickness is increased [30]. While
both figures appear low, the Jc of YBCO material has been repeatedly proven to be
very sensitive to texture quality. In addition, the authors report an increase in 45◦
in-plane rotated YBCO from near-zero to up to 10% as the thickness is increased
towards 4 μm [30]. RBS channeling experiments also show a monotonic increase
in χmin from <10% up to >60% with thickness increase from submicron to 4 μm.
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However, the authors reason that the deterioration of texture cannot alone account
for the observed deterioration in Jc. The accuracy of this statement, however, is hard
to clearly dismiss or accept, as the evidence provided is not exclusive to either claim.
Nevertheless, the authors of the dislocation model [29] start from this assumption.
Their study is experimentally based on High Resolution Transmission Electron
Microscopy (HR-TEM) and Electron Back-Scattering Diffraction (EBSD) and is
predominantly based on microstructure studies. Their analysis is centered around
threading edge dislocations a[001], which are aligned along the c-axis. Studies
on the microstructure evolution at YBCO/substrate interface have commenced
very early in the YBCO film development and evidence of threading dislocations
and transition from island-like growth at the early stages to continuous film-like
growth has been documented [31, 32]. The substrate/film lattice mismatch is the
driving force behind their formation. Their later evolution with an increase in film
thickness coincides with rotation of YBCO domains, effectively forming low angle
grain boundaries. From energy balance between interface and elastic mismatch
energy, the authors argue that this driving force creates a transition from the
initial elastically strained state towards a relaxed state by such small rotations of
neighboring domains. The resulting defect structure is one of a network of interface
dislocations, consisting of edge and screw dislocations in the boundaries, as well as
a[001] threading edge dislocations in tilted low angle boundaries. Previous studies
by TEM and EBSD showed evidence of significant change in the structure with
thickness. At low thickness, a very high dislocation density is formed, as high
as 1012 cm−2, which can be termed “dislocation forest.” This same structure has
also been reported in [8] as a dark band in TEM micrographs in the first 20 nm
of a YBCO film deposited on YSZ. With an increase in thickness, the authors
argue that the dislocations rearrange to form a more ordered structure, consisting
of low angle boundaries or dislocation walls. The proposed mechanism is thermally
activated polygonization by dislocation slide in (001) planes, which is facilitated
with temperature. The authors provide TEM evidence of different appearance of low
angle grain boundaries for samples grown at different temperatures, indicating much
sharper in-plane orientation changes in a film grown at 780 ◦C compared to a sample
grown at 750 ◦C. The authors report that this initially high and randomly distributed
dislocation density is typically contained in ∼100 nm thickness, consistent with
reported maximum Jc in PLD films at ∼100–200 nm thickness. After this, a
remarkable change in microstructure occurs, where the dislocations rearrange to
form near dislocation free domains separated by low angle grain boundaries formed
by the regrouped dislocations. For more details, the reader is encouraged to access
the original article. For the purpose of this book chapter, it is important to point out
this line of thought of dislocations acting as a major source of pinning, especially in
the view of the pioneering results by Foltyn, et al. on multilayers, which proved that
Jc can be maintained in a stack of thin multilayers. In the simplest interpretation,
the initially random dislocation forest near the interface can be prevented from
ordering into domain walls if a new mismatched layer is inserted at a point where
dislocations start forming domain walls. However, many questions still remain even
in light of this approach. For example, the role of the degree of misorientation of the
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underlying buffer layer, or the fact that in well-matched substrates such as LaMnO3,
the dislocation forest at the interface is not typically observed or is of low density.

4.5 Misoriented Grain Formation

A frequently reported issue related to growth of YBCO films is the formation of
a-axis oriented YBCO crystals during film growth, typically increasing in density
and size with thickness. While some details on the mechanism of formation and
the accompanying other secondary phases may vary, the most predominant feature
in thick MOCVD films appears to be the growth of these a-axis oriented grains,
as will be discussed, and similar features are frequently observed in PLD-grown
films. On the other hand, the MOD process and its BaF2 variants have their own
characteristic microstructure imperfections that limit the Jc in thick films. In this
section, we outline some of the important microstructure features of MOCVD and
PLD-grown films.

Even if the dense dislocation network near susbtrate/film interface is responsible
for local increase in Jc in ∼100 nm thick films to up to 7 MA/cm2, the issue of
a-grain formation has been shown to be very important, as films grown to thickness
above ∼1 μm can result in predominantly a-grain oriented films at sufficiently high
thickness, thereby effectively producing a dead layer. For example, the early studies
have shown that an asymptotic Jc in the range of 1–2 MA/cm2 can be obtained. For
the case of asymptotic Jc of ∼1 MA/cm2, Fig. 4.2 shows that Ic approaching 800 A
could be produced, albeit in very thick films. In the example [8], an asymptotic
cumulative Jc closer to 2 MA/cm2 is reported. This implies Ic in the range of
800–1000 A for 4–5 μm thick films, respectively, which approaches the 1000 A/cm-
width target. However, if a-axis oriented grains are allowed to proliferate with
thickness, the benefits of growing such thick films would be completely eliminated
as Jc would drop to near-zero due to a-axis grain formation at higher thickness.
While in these reported studies a-axis grain formation appears not to be of major
concern, a-grain formation at higher thickness is known to be a major issue that
prevents growth of high quality thick films. The typical microstructure well known
to occur in MOCVD deposited films can be seen in the 1995 study by Dubordieu,
et al. consisting of c-axis oriented matrix interspersed with a-grains [33], and many
other examples have been since reported [12, 22, 24, 34–39]. Attempts to combat
this problem have also been reported, e.g., [40, 41].

A very illustrative and representative example of the deterioration in microstruc-
ture is provided in [42]. In this 2009 study, MOCVD was used in an attempt to
produce thick YBCO films with good texture and high Jc in a reel-to-reel fashion
on IBAD-MgO flexible substrates capped with LaMnO3 (LMO) substrate film.
The authors resort to a multi-pass technique—YBCO is deposited in four passes
of 0.7 μm each. The authors emphasize that multi-pass approach is critical for
minimizing secondary phase formation. The resulting microstructure is shown in
Fig. 4.8, showing microstructure evolution of YBCO films deposited using MOCVD
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Fig. 4.8 Microstructure evolution of YBCO films deposited using MOCVD in four sequential
passes, each having thickness of 0.7 μm. The micrographs (a–d) correspond to film thickness of
0.7, 1.4, 2.1, and 2.8 μm, respectively. The dot-like features in (a) are predominantly CuO, while
the progressively increasing density of elongated features in (a–d) correspond to a-axis oriented
grains. The binary images and calculation of grain size and area fraction based on data reported in
[42]
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in four sequential passes, each having thickness of 0.7 μm. The binary images were
calculated from the corresponding micrographs and correspond to film thicknesses
of 0.7, 1.4, 2.1, and 2.8 μm, respectively. The progressively increasing density of
elongated features corresponds to a-axis oriented grains. It should be noted that the
sides of the micrographs are aligned to the <100> directions in the film.

The authors use the term “Oriented Composite Defects” or OCD for all features
other than CuO, in an attempt to emphasize that in cross-sectional view, these
observable a-axis oriented grains on the film surface in Fig. 4.8 are typically
accompanied by or “sandwiched” between other secondary phases. The authors
identify those to be CuO (between closely spaced a-grains), RE2O3 (RE = rare-
earth, in this case Y, Sm) which is coating the a-grains on the “outside,” as well as a
composite particle cap, which the authors believe to be a RECuO2/CuO composite.
In short, growth of a-axis grains can be accompanied by other secondary phases,
but the main features (the elongated bright precipitates aligned along x and y axes)
in Fig. 4.8 are practically a-grains. The problem of deterioration of microstructure
in MOCVD is very well depicted in this series. It should be noted that this approach
utilized a multi-pass technique, which minimized the proliferation of a-grains with
thickness. In single-pass deposition, the surface is typically almost completely
covered with a-grains at 2.8 μm. Such features inevitably lead to a non-functional
or dead layer at higher thickness. The multi-pass technique utilized here is certainly
very illustrative in the sense that a decent degree of preferred crystallinity (c-axis
growth) can be preserved up to nearly 3 μm. However, for practical or scale-up
purposes, such an approach would be prohibitively complex to implement. The
films deposited in this study resulted in highest Ic of 720 A/12 mm or 600 A/cm-
width in a four layer sample with thickness of 2.8 μm. The corresponding current
density Jc was 2.1 MA/cm2. While still far from the thin film limit of ∼7 MA/cm2,
the achieved Ic values and the reported microstructure deterioration have clearly
pointed out that microstructure deterioration with thickness is indeed one of the
major problems to be overcome. In parallel to this issue is the chase to reach the thin
film 7 MA/cm2 limit achieved in very thin films. However, if texture degradation
with thickness is present as an additional problem, then any attempt to preserve the
high Jc near the substrate would be marred by this effect, unless a radically different
growth technique is utilized. As such, this issue appears to be of primary importance.

The authors also compare the microstructural features of PLD-grown YBCO to
those found in MOCVD-grown films. They note that vapor deposition processes
of PLD and MOCVD are very closely related, which as a consequence results in
films with very similar properties and microstructures. This is in contrast with the
MOD process where different microstructural features can arise due to its sequential
deposition and crystallization nature. The authors note that the falloff in self-field Jc

with thickness in optimized films is very similar between PLD and MOCVD-grown
films [4, 43]. They note that degradation due to secondary phase formation still
occurs in optimized films, but a minimized (optimized) rate. The authors conclude
that there is still room for further control improvements to minimize the sources of
degradation. This statement is put forward in 2009 and will be proven true based
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Fig. 4.9 Three-dimensional maps of secondary phase development in EuBCO and GdBCO films
grown by PLD. Misoriented REBCO grains are shown in green. Copper oxide is found at the root
of every misoriented REBCO grains. Misoriented grains grow in size with thickness, resulting in
progressive deterioration of microstructure with thickness. Reproduced with permission from [44]

on recent advancement in 2G-HTS that show significant improvement in texture
control and thus Jc vs thickness dependence, which will be discussed.

The issue of formation and growth of a-axis oriented grains has also been ana-
lyzed by sequential ion beam milling and SEM imaging to form three-dimensional
maps of different phases formed in films grown by PLD [44]. This study provides an
excellent summary of this problem illustrated in the 3D shown in Fig. 4.9. The maps
are obtained on EuBCO and GdBCO films, revealing CuO precipitates at the root of
each misoriented REBCO grain. Furthermore, the maps provide a clear illustration
of the increase in size of misoriented grains with thickness, where the grains form
a cone-like structure that occupies progressively more volume as the film thickness
is increased. Identical behavior is found in MOCVD-grown films, resulting in rapid
deterioration of Jc with an increase in film thickness.

For an excellent overview on some microstructure issues found in films processed
by the MOD route at the time of writing (2008), the reader is directed to ref.
[45]. While this process has distinct microstructure features that evolve during film
growth, the common theme is the deterioration of Jc in thick films. One approach on
a variant of the BaF2 process in obtaining thick films at the time can be found in [46,
47]. The multi-coat approach has also been used in MOD to grow thick films [48–
50]. Weak thickness dependence of Jc has also been reported by Kim, et.al [51].,
reporting a drop from ∼4 to ∼3 MA/cm2 from near substrate to the thickness of
∼1.1 μm in MOD films with high level of porosity (∼30%), which was believed
to contribute to strong three-dimensional pinning that results in the observed weak
dependence of Jc on thickness.
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Based on the published literature, it appears that in the late 2000s, as many high
quality flexible substrate technologies have matured and became available (most
notably IBAD and RABiTS), and as the various deposition techniques (most notably
PLD, MOCVD, and MOD) have progressed, the focus has been shifted towards
solving the microstructure degradation issues which became apparent in all of the
YBCO deposition techniques in practice, regardless of the substrate used.

4.6 The Effect of Self-Field

The seemingly universal thickness dependence of Jc, regardless of the substrate or
deposition technique used, raises the natural question—is there a natural physical
limitation beyond microstructure that imposes the observed thickness dependence?
In this light, it is important to review attempts to analyze the problem from this
viewpoint. One such approach is based on the idea of the role of self-field generated
as a function of current, and the idea that this self-field has an effect on Ic. Intuitively,
without any in-depth analysis, the idea is plausible—thicker films potentially carry
more current, thereby generating higher self-field. Accordingly, the Jc measured in
zero external applied field is referred to as the self-field Jc value.

This approach has been studied by Rostila, et al. [52]. The authors state the
problem in a succinct manner—to increase the critical current, either the Jc should
be improved or the films made thicker. The observed result of the second approach
is that Jc decreases with thickness, and the authors note that many attempts have
been made to correlate this behavior to pinning or crystallographic imperfections.
The authors point out that “it is often forgotten” that the self-field generated with
higher current unavoidably reduces the Jc when the thickness and therefore total
current is increased.

The authors state that the Jc variation with thickness cannot be explained
exclusively on the basis of material quality, as the generated self-field effect reduces
the critical current density with an increase in total current. This statement is very
obvious and one cannot find flaws in this argument. It remains, however, to evaluate
to what degree this effect is reflected on the measured Jc and whether it is marginal
or not compared to experimentally observed deterioration in Jc with thickness,
which this study has addressed [52]. The authors use a numerical scheme to obtain
a current density distribution in the film that satisfies

J = Jc

(
Bext + Bself (J )

)

The authors use the Jc(B) dependence according to the Kim model [53], modified
to take into account material anisotropy [10]:

Jc(B) = Jc0

(
1 + εB

B0

)−α
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ε (θ) =
√

cos2 (θloc) + γ−2sin2 (θloc)

where θ loc is the local field angle between Bext + Bself and the c-axis. The problem
then involves solving the Biot-Savart law for Bself consistent with the mentioned
constraints. The problem is solved on a rectangular geometry using typical values
for the listed parameters taken from literature, Jc0 = 3 MA/cm2, B0 = 20 mT,
α = 0.65, and γ = 5. For all practical sample widths, Jc is essentially width-
independent and depends only on thickness. The average magnetic field components
Bx and By, along and perpendicular to tape width, respectively, were determined as
a function of film thickness and width. The average field saturates to a constant
value at sample widths >1 mm and increases, for example, for 1 to 3 μm thick
films, from ∼7 to ∼13 mT. The decrease in self-field Jc, as well as of Jc under
small applied fields (10–40 mT), were calculated next. The results are shown in
Fig. 4.10. Considering only the zero applied field case (circle symbols), the results
suggest a non-negligible decrease in Jc with thickness. For example, at 1, 2, and
3 μm thickness, self-field Jc drops to ∼80, ∼70, and ∼65% of the zero thickness
limiting value. Comparing these values to the experimentally determined Jc shown

Fig. 4.10 Jc dependence on
film thickness for constant
intrinsic Jc0 = 3 MA/cm2.
The five datasets represent
increasing applied magnetic
field from 0 to 40 mT in 10
mT increments, where the
plots with lower Jc
correspond to increasing
magnetic field. The plots
shown in panels (a) and (b)
correspond to applied field
directions perpendicular
(θ = 0◦) and parallel to film
(θ = 90◦), respectively.
Reproduced with permission
from [52]
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in Fig. 4.5, the values at 1 and 2 μm drop to about 44% and 26%, respectively, while
the data from Fig. 4.6 exhibit the corresponding drop to 45% and 33%, respectively.
Based on this comparison alone, one can conclude that the experimentally observed
drop in Jc is stronger than the effect of self-field. This conclusion should be taken
with caution, as the parameters listed above and used for the calculation may not
be representative of the samples measured in the experimental studies to which the
comparisons are made. However, the effect of self-field, according to this study, is
by no means negligible. Taking a representative value of Jc drop at 1 and 2 μm as 80
and 70% for the calculated self-field effect and ∼45 and 30% for the measured self-
field decrease, one can conclude that approximately one-half of the experimentally
observed decrease in Jc could potentially be accounted for by the calculated self-
field Jc decrease, according to this study. Similar ideas on the effect of self-field on
the effective Jc were considered in a number of publications [54–58].

4.7 Recent Progress

The progress within approximately last 8 years is summarized here. In summary,
very high Jc approaching ∼7 MA/cm2 has been demonstrated in YBCO on very thin
films deposited on single crystal substrates, yet the task of achieving high enough Jc

in thicker films to reach the 1000 A/cm-width target has remained elusive. However,
great progress in understanding the origin of the limitation in Jc has been achieved
by ∼2010, which has paved the way to further progress in pushing the A/cm-
width envelope up. It should be noted that many other efforts have been ongoing
simultaneously, greatly contributing not only to various aspects of 2G-HTS but to
commercialization and production of long lengths of flexible tape. The burning
issues were to obtain performance that is close to that of single crystals, even in
thin films, on which significant effort was spent, resulting in impressive flexible
substrate technologies unique to 2G-HTS. Issues such as flexibility, mechanical
strength, prevention of poisoning of YBCO by diffusion of foreign elements from
metallic substrates, tape smoothness, scalability and throughput, as well as many
other aspects had to be perfected to produce the backbone of 2G-HTS—the flexible
substrate. On top of that, the main effort was in improving the texture quality and
lattice match of the cap layer for epitaxial growth of YBCO. The results of this effort
are several substrate tape technologies scalable to km lengths with impressive levels
of texture quality approaching that of single crystals. In parallel, film deposition
techniques had to be developed to suit the peculiarities of YBCO material and
be scalable, reproducible, and fast enough for commercial utilization. These issues
were critical to 2G-HTS, which, perhaps, has demoted the issue of degradation of
Jc with thickness to somewhat secondary priority; the fundamental issues with 2G-
HTS on flexible tapes had to be solved first in order to even consider it a viable
technology.

With 2G-HTS reaching a fair level of maturity by ∼2010, road was open to
further progress. High quality flexible substrates became readily available; reel-to-
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reel deposition techniques have been established and focus could be shifted to other
issues, including the Jc vs thickness dependence. In this regard, we are witnessing
remarkable progress in this area in recent years. Only the most recent results are
highlighted here, as a summary of the current state-of-the-art in production as well
as understanding of the Ic-thickness phenomenon.

In a summary of the findings established up to ∼2010, several key issues
have been identified as potential blocks to achieving high Ic/cm-width. First,
transition from single crystal to flexible substrates had to be matched with in-plane
texture quality approaching that of single crystals in order to prevent or minimize
occurrence of large inter-grain misorientation angles. In parallel, tapes had to be
very smooth, again approaching single crystals. Inter-diffusion problems associated
with metal substrates also had to be addressed. These issues have been largely solved
by the time. Second, texture degradation with thickness has been meanwhile found
to play a role much larger than perhaps the early studies have indicated, as illustrated
in Fig. 4.8. It will soon become evident that this issue is the most likely obstacle to
minimizing the reduction in Jc with thickness, as recent impressive reported results
appear to confirm. Third, the idea of the effect of self-field on decrease in Jc with
thickness has been put forward, which potentially could be addressed. If not, then
this effect would put an upper envelope on the achievable Jc-thickness dependence.
Finally, the thin film limit figure of 7 MA/cm2 still appears out of reach, but this
benchmark value, together with the early multilayer demonstration, gives hope that
this performance may be captured in thick films in the future.

In 2010, a study on thick SmBa2Cu3O7-x (SmBCO) films deposited on
LMO/IBAD-MgO substrates by reactive co-evaporation demonstrated 637 A/cm-w
in a 3 μm thick film, corresponding to Jc of 2.12 MA/cm2 [59]. In the same year,
Igarashi, et al. have reported a study on high speed deposition of REBCO films
using a hot-wall PLD system [60]. They report several achievements including a
170 m long tape with Ic over 600 A. However, perhaps the most notable feature
related to this chapter is the reported attainment of Ic of about 1000 A/cm-w at
a thickness of ∼6 μm in GdBCO. The authors attribute this result to the hot-wall
reactor: they argue that the hot-wall heating system provides constant temperature of
the film during growth, unlike contact heating techniques (usually—susceptor type
heating). However, while the hot-wall reactor minimized a-axis grain formation
up to ∼6 μm film thickness, resulting in 1.04 kA/cm-w, the authors note that at
lower thickness, 1–2 μm, the contact heating resulted in higher Jc than the hot-wall
reactor, even though at higher thickness the contact heating reached a saturation
point (or “dead layer”). This trend is shown in Fig. 4.11. Other details, such as
the effect of target-to-substrate distance, particular to PLD, are also presented. The
common feature to both of these studies is the attribution of high Ic to the absence
of a-axis grains. This will later be found in other studies as well, as will be shown.

In 2011, an interesting approach to increasing total tape Ic was reported—
the idea of producing a double-sided 2G-HTS conductor. The authors report a
study on regular single-sided tape but refer to the idea of growing a double-
sided conductor. This idea has been in existence as a concept; however, it is
explicitly referred to in this article. In view of recent progress and exceeding the
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Fig. 4.11 Thickness
dependence of GdBCO films
grown in: A – hot-wall PLD
reactor and B, C – PLD with
contact heating of tape. T-S
denotes different
target-to-source distances
used. Tapes processed by
hot-wall reactor achieve over
1kA/cm-w at high thickness,
unlike contact heating
samples which experience
saturation of Ic with
thickness, despite higher Ic
than hot-wall reactor at lower
thickness. Reproduced with
permission from [60]

1000A/cm-w, this approach could potentially double the current carrying capability
of 2G-HTS, resulting in a prospective figure of over 2000 A/cm-w [35]. While the
concept appears impractical for susceptor-based tape heating where one side of
the tape is in contact with the susceptor, new approaches to heating during film
growth open significant opportunities to pursue this route of further increasing
engineering current density. In particular, the Advanced MOCVD (A-MOCVD)
system developed by the author of this chapter and his coworkers utilizes direct
ohmic tape heating of tape suspended in free space, without being in contact with
any solid surface [61]. This feature is coupled with laminar cross-flow of MOCVD
precursors. While A-MOCVD utilizes single-side deposition, it can be seen that
the arrangement used can be readily extended to include double-sided deposition.
One practical difficulty is that the carrier or buffer tape deposition also has to be
developed to incorporate two-sided buffer, which requires time and effort, however,
there are no physical obstacles to achieving this tape architecture. The hot-wall
reactor utilized for PLD deposition could also be potentially employed for double-
sided deposition [60, 62–66]. In addition, some processes involved in 2G-HTS like
copper electroplating are inherently two-sided. Another issue to be addressed is the
development of a feasibility study on utilization of such a tape for applications
that would explore application aspects such as current sharing, thermal stability,
mechanical integrity, and other aspects of this architecture.

In 2012, Durrschnabel, et al. report on a coated conductor exceeding 1000 A/cm
[67]. The authors report use of DyBa2Cu3O7-δ (DyBCO) on flexible Hastelloy
substrates with MgO buffer layer grown by ISD (Inclined Substrate Deposition).
The results are shown in Fig. 4.12. The highest achieved Jc was for the sample
marked with the red star symbol, resulting in 1.7 MA/cm2 for a 5.9 μm thick film.
While the Jc value is below 2 MA/cm2, the result demonstrated the feasibility
of growing films with critical current above 1000 A/cm. For this experiment,
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Fig. 4.12 Critical current, in A/cm, of DyBaCuO films grown on MgO buffer layers grown by
ISD. Reproduced with permission from [67]

the authors report that in order to achieve this result, the tape was not moved,
and the 400 nm of the DyBCO seed layer was grown on tilted substrate at 36◦.
This was followed by additional growth of DyBCO in a separate chamber for the
total of 5.9 μm thickness. While potentially impractical, the approach has again
demonstrated that this Ic level is achievable.

The authors report that this achievement is due to lack of formation of a-grains.
The reason for the successful growth of a-axis free films is attributed to the ISD
substrate. The authors reason that despite large lattice misfit between MgO and
DyBCO, the 00 L direction of DyBCO was found to be always parallel to MgO
00 L direction, which they attribute to the inclined substrate that results in a non-zero
component of the growth direction parallel to the ab-plane of DyBCO. The authors
claim that this factor makes the c-axis growth very stable, resulting in suppression
of a-axis grain formation. However, other than this verbal argument, the authors do
not quantify or provide more specific details on the exact mechanism of suppression
of a-axis grain formation.

In 2014, Kim, et al. have reported on very high performance HTS tapes utilizing
SmBa2Cu3O7-δ film of 5 μm thickness deposited as a single layer [68]. They
report over 1000 A/cm-width for a 22 m long tape and over 1500 A/cm-w for a
shorter 12 cm long tape. The authors report that no exponential deterioration of
Jc with thickness was observed, exemplified by the figure of 3 MA/cm2 that was
achieved both in 1 and 5 μm tapes processed utilizing their method—specifically
3.08 MA/cm2 for the 5 μm thick tape. The results are shown in Fig. 4.13. For the
22 m long tape, Hall probe measurements indicate Ic of over 1000 A/cm-w for
most part of the tape. Some periodic fluctuations are evident in the figure, which
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Fig. 4.13 (a) Critical current of a 22 m long SmBCO tape with film thickness of ∼5 μm, measured
using Hall sensors. (b) Transport I-V curve of a 12 cm long sample measured over a ∼2 mm wide
bridge, revealing Ic of 1540 A/cm-w and Jc of ∼3 MA/cm2. Reproduced with permission from
[68]

the authors ascribe to the deposition temperature variation along the circumference
of the drum during the deposition. The short sample was measured by transport
current on a 2 mm wide patterned bridge, resulting in Ic of 1540 A/cm-w and
the corresponding Jc of ∼3 MA/cm2. The authors utilize a batch-type reactive
co-evaporation system utilizing a drum in a dual chamber. The drum is rotated,
which causes the tape wound on it to alternate between two chambers, where one
chamber is used for high vacuum deposition while diffusion/crystallization occurs
in the other chamber. The authors report that tapes with high degree of uniformity
can be deposited using this system which can be scaled up to kilometer long tape
deposition. It is encouraging that thick films with high Jc are being demonstrated
with more than one deposition technique, which gives a very optimistic perspective
on the prediction that high performance tapes will become commercially available
in long lengths in the near future. The authors state that the lack of any degradation
in structural properties with thickness plays a critical role in maintaining high Jc

in thick films. This statement is consistent with the findings established by other
groups on films grown by different processes.

Similar results were also reported by the same group in 2015, but with an empha-
sis on non-destructive characterization of films in [69]. This work reinstates the
need for microstructure control as the room temperature thermoelectric microscopy
and low-temperature bolometric microscopy both revealed a spatial distribution of
defects even in these films that were processed by the same drum in dual chamber
process that has produced very high Ic in thick samples [68]. The authors do state
that a-axis wedges (grains) in top part of the film and other misaligned grains are
still a concern for applying the method for scale-up.

In 2015, Liu, et al. have reported on development of a fabrication line utilizing
PLD deposition on a simplified tape architecture consisting of sputtered CeO2
buffer layer directly on IBAD-MgO [70]. The authors report on achieving Jc of
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Fig. 4.14 Ic and Jc as a function of film thickness reported in [70], demonstrating reduced
thickness dependence of Jc. The reported critical current is per cm-width. Replotted using data
from [70]

over 3.0 MA/cm2 in 1 μm thick REBCO films and over 2.5 MA/cm2 in films
with 2 μm thickness, as shown in Fig. 4.14. This result has been achieved on a
scaled-up process capable of achieving up to 100 m/h deposition. They report on
routine fabrication of 100 m long tapes with over 500 A/cm2. Clearly, the Jc vs
thickness values reported here have reached and/or exceeded the early benchmark
values reported on single crystals discussed before, e.g., the performance shown in
Figs. 4.1, 4.3, and 4.5.

The authors also report on the microstructure of 0.7 and 2.8 μm thick films
[70]. The microstructure is in stark contrast with the deterioration in microstructure
observed previously in both PLD and MOCVD, and illustrated in Fig. 4.8. This
absence of microstructure degradation with thickness resulted in the reported
thickness dependence of Ic and Jc shown in Fig. 4.14. It can be seen that an almost-
flat, thickness-independent Jc of about 3 MA/cm2 has been achieved up to 2.8 μm
thickness, resulting in 780 A/cm of critical current. A slight decrease in Jc is still
present, with Jc decreasing from 3.64 to 2.78 MA/cm2 from 0.7 to 2.8 μm, but
this decrease is marginal compared to the previously reported exponential type of
dependence. The authors attribute this weakening of the thickness dependence to
the decrease in density of a-axis oriented grains.

In the same year, the same group has reported more details on their fabrication of
thick REBCO coated conductors [71]. In this study, they compare the thickness
dependence of stoichiometric YBCO films to that of Y/Gd-doped films. For
stoichiometric films, Jc was found to decrease near-linearly from 5 MA/cm2 at
0.2 μm to 2.6 MA/cm2 at 1.4 μm thickness. The authors provide the corresponding
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values of the relative ratio of a-axis oriented grains and RMS roughness of these
films. They report that the relative amount of a-axis oriented grains increased with
thickness, first at a low rate up to ∼1.2 μm thickness, after which the relative
fraction of a-axis grains drastically increased from less than 0.1 in 1.2 μm film
to over 0.8 in 2.0 μm thick films. The RMS roughness also increased from ∼2 nm
to ∼5 nm as film thickness increased from 0.2 to 2.0 μm.

The authors then report results on films containing 1 mol% excess Y2O3 in a
matrix of nominal composition of Y0.5Gd0.5Ba2Cu3O7-δ. The authors indicate that
these films had preferential c-axis orientation and excellent crystallinity. The claim
is that Gd substitution and Y2O3 doping can inhibit the growth of the a-axis grains.
The resulting performance is that shown in Fig. 4.14.

Impressive recent results have been reported by Fujita, et al. in 2018 [65]. The
recurring theme is the use of hot-wall PLD reactor which the group has pursued
as a method for production of high quality films and has been under continuous
development [62–64, 66]. Again, the authors emphasize the temperature control
feature of hot-wall PLD – aptly described as “furnace-like stable substrate heating”
in this work. They ascribe the homogeneous crystalline growth, implying absence
of a-axis grain growth, to this feature. In this manuscript, they report on results
achieved under two different deposition conditions, A – high Jc condition, with
growth rate of 5–7 nm/s, and B – high growth rate condition, with growth rate of
20–30 nm/s. The reported values for various tapes with varying film thickness can be
summarized by highlighting the highest Jc and the highest Ic samples. The highest Jc

was achieved in the thinnest film, 0.9 μm, reaching 3.2 MA/cm2 and 346 A/12 mm
or 288 A/cm-w, while the maximum Ic was achieved in a 6.2 μm film, reaching
1.35 MA/cm2 and 1006 A/12 mm or 838 A/cm-w. It should be noted that these
films were BMO doped (M = Zr or Hf), resulting in a dual-phase film consisting
of the REBCO matrix and BMO nanorods. In-field enhancement at various fields
and temperatures is also discussed. However, for the purpose of this chapter, it is
remarkable to note that this level of self-field Jc is achieved even in BMO-doped
films, which leads to the next section of this chapter.

4.8 Thickness Dependence of Jc in REBCO Films
with Artificial Pinning Centers

The discovery of dual-phase REBCO/BMO systems with BMO self-assembled
nanorods (M = Zr, Hf, Sn, etc.), has soon reinvigorated interest in thickness
dependence of Jc through an apparent weakening of the thickness dependence, as
observed experimentally in a number of studies, e.g., [72–76].

In a study on thickness dependence of critical current density in YBCO films
with BaZrO3 (BZO) and Y2O3 addition, Zhou, et al., have grown YBCO films
with 5 mol% BZO and 5 mol% Y2O3 addition on single crystal STO substrates
by PLD [72]. The authors report that the addition of the BZO nanorods and yttrium
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oxide resulted in reduced thickness dependence of self-field Jc at 77 K compared
to optimized non-doped YBCO films. The authors report that the “dead layer” did
not appear up to thickness of 6.4 μm, and that significant enhancement of Jc was
observed in the thick region above 2 μm. The Jc remained 2.3 MA/cm2 in the
thickest 6.4 μm film. Shown in Fig. 4.15 is the observed self-field Jc trend from
this study, which is also compared to the optimized YBCO trend reported in [8].
The authors reason that the addition of BZO and Y2O3 not only provides secondary
phase particles to act as pinning centers, but that they can also disrupt the YBCO
matrix and create defects on the crystal level, which would then act as additional
pinning sites.

A remarkable achievement of over 1000 A/cm-w has been reported in 2010, in
films of only 2 μm thickness, with the corresponding Jc of 5.2 MA/cm2 at 75.6 K,
self-field. The authors utilize both BaZrO3 and Y2O3 addition in PLD-grown YBCO
samples, resulting in this impressively high current density and breaking the 1000
A/cm-w ceiling at only 2 μm thickness [77].

Wang, et al., have reported a study on YBCO/BZO films grown by PLD at
two different temperatures, 790 and 810 ◦C, in order to control the density and
length of aligned BZO nanorods, with a finding that higher growth temperature
results in higher density and longer length of nanorods [73]. Most importantly,
they report a surprising thickness dependence of these films. Films with thicknesses

Fig. 4.15 Thickness dependence of 5 mol% BZO + 5 mol% Y2O3 added YBCO films (square
and circle symbols), compared to the trend observed in pure YBCO films (red line). The thickness
dependence is weakened in the presence of BZO and Y2O3. Reproduced with permission from
[72]
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between 0.1 and 0.6 μm have showed practically no dependence of 77 K, self-
field Jc with thickness. The authors also examined the Jc behavior in lower fields
in B||c orientation up to 0.75 T and have found that films grown at higher
temperature of 810 ◦C retained the thickness independence up to 0.5 T. At the
highest field of 0.75 T, these films exhibited reverse thickness dependence, where
the thicker film exhibited higher Jc than its thinner counterpart. For samples grown
at lower temperature, a similar trend was observed, except that the reverse thickness
dependence was even more pronounced. The overall self-field Jc values at 77 K
were suppressed in this study, ∼1.4 MA/cm2.

In a conceptually similar study, Tran, et al., have reported essentially the same
trend of reduced thickness dependence of Jc in BaSnO3 (BSO)-doped GdBCO films
[75]. Both pure and 2 wt% Sn-doped films were grown by PLD in the thickness
range from 0.2 to 1.5 μm. The results on thickness dependence are shown in
Fig. 4.16. Very similar trend to that reported in [72] can be observed. In contrast
to the study reported in [73], pure GdBCO and BSO-doped films grown in the
same system under similar conditions are compared. A stark difference between
the two sets of samples can be observed. Pure GdBCO films exhibit a dead-
layer effect starting from 1 μm thickness, where Jc practically reduces to zero. In
contrast, the BSO-doped films exhibit a decrease in Jc from ∼4 to >2 MA/cm2

up to 1 μm thickness, after which it remains near-constant. The authors present
TEM micrographs revealing nanorods of diameter ∼10 nm and length of ∼150 nm.
The authors reason that during the epitaxial growth of the BSO/GdBCO dual-phase
system, misfit dislocations are likely to form at the interface between the two phases
as a means of accommodation of elastic strain energy. The authors also report that
the surface of the 1.5 μm thick BSO-containing films contained lower density of
a-axis oriented grains compared to the pure GdBCO film of the same thickness.
Other studies have since also reported a similar phenomenon where the thickness
dependence is still present, but with a significantly weakened trend, resulting in
absence of the dead layer at high thickness, e.g., [75, 76].

Fig. 4.16 Thickness-Jc
dependence of 2 wt%
BaSnO3-doped GdBCO films
compared to pure GdBCO, at
77 K, self-field. In contrast to
pure GdBCO that exhibits
“dead-layer” effect starting
from 1 μm, the BSO-doped
film retains Jc over 2
MA/cm2 up to 1.5 μm
thickness. Reproduced with
permission from [75]
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Another study on thick REBCO films has been reported in 2018 [34]. Sieger,
et al., also focus on incorporation of Artificial Pinning Centers (APC) in films
with thicknesses up to 5 μm on buffered RABiTS, as well as substrate tapes made
by ABAD deposition of ZrO2 on stainless steel, with the REBCO film deposited
using PLD [34]. The authors report that introduction of BaHfO3 results in improved
microstructure [78–80]. In the 2018 study, they report on 4.5 and 5 μm thick films.
The resulting microstructures are shown in Fig. 4.17. For films of the reported
thickness, the amount of a-axis oriented grains is remarkably low. Interestingly,
the authors do not ascribe this achievement to any modifications in the deposition
process, such as the one reported in the studies on hot-wall PLD reactor. Instead,
the authors apparently ascribe this improvement solely to the presence of BHO
nanorods. The authors report a relatively low Jc of 0.7 MA/cm2 for the thickest
films, with the corresponding critical currents of 300 and 340 A/cm-w for the films
shown in Fig. 4.17 (a) and (b), respectively. Some of the hints for this relatively
low Jc level despite the relatively low fraction of surface a-axis grains are provided
in cross-sectional TEM micrographs, revealing other types of defects and large
misoriented regions. Regardless of this, it is encouraging to witness another example
where the issue of a-axis grain formation has been curbed.

Fig. 4.17 Microstructure of BHO-doped REBCO films deposited by PLD: (a) 4.5 μm thick film
deposited on RABiTS-Ni5W and (b) 5 μm thick film deposited on ABAD-YSZ [34]. Despite
the high thickness, the microstructure has a relatively low fraction of a-axis oriented grains, as
indicated by the measured average equivalent diameter and area fraction of the a-grains. The binary
images were calculated from SEM micrographs reported in [34]



106 G. Majkic

Considering the presented results on the effect of nanorods on the observed
thickness dependence, the creation of defects in the REBCO matrix due to lattice
mismatch with secondary phase particle has been pointed out as a possible reason
for the weakening of the thickness dependence. In view of the results by Foltyn,
et al., presented earlier in this chapter, and the observed dark band in TEM
micrographs near the film/buffer interface, it was reasoned that the thin YBCO
region near the buffer is rich in misfit dislocations that may be responsible for the
very high observed Jc of near 7 MA/cm2 in very thin films. In this scenario, it is
plausible that the defects created by introduction of epitaxially grown nanorods as
well as other particles such as Y2O3 contribute to the observed weakening of the
thickness dependence of Jc. Many studies have since confirmed presence of high
density of defects introduced around epitaxially grown secondary phase particles
in YBCO as a mechanism of strain mismatch accommodation, e.g., [81–85]. In
particular, high density of stacking faults has been observed at the nanorod/REBCO
interfaces, as well as at interfaces with other epitaxially grown secondary phase
particles. In addition, oxygen deficiency in the vicinity of nanorods has also been
reported, providing evidence of yet another potential mechanism of defect formation
due to the interface strain [86]. Most of these studies present TEM and/or STEM
micrographs with a stunning level of disorder in the REBCO matrix due to lattice
mismatch with secondary phases. Shown in Fig. 4.18 is an example of a bright field
STEM image of a YBCO film with BZO addition, revealing a highly disordered
YBCO matrix [83]. Many other examples, including high magnification aberration-
corrected STEM micrographs revealing the structure of the disorder (consisting
mostly of stacking faults) can be found in literature. A detailed study on correlation
between nano-strain and pinning has been reported in [81].

Fig. 4.18 Bright field STEM micrograph of a YBCO film containing BZO nanorods, revealing a
high level of disorder in the YBCO matrix induced by mismatch strain between the two phases.
Reproduced with permission from [83]
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4.9 Growth of Thick Films by MOCVD

The most important findings on the issues associated the growth of thick films
using MOCVD are presented in this section, due to the first-hand knowledge of the
author. It will be seen that the issue of microstructure control, in particular a-grain
formation with increasing thickness, has been found to be the critical factor that
affects thick tape performance. MOCVD has been one of the leading deposition
techniques for coated conductors, resulting in many demonstrations of successful
scale-up to long lengths with high level of consistency in performance (e.g., [87–
92]). The process has been subsequently tailored to the growth of dual-phase
REBCO with incorporation of artificial pinning centers, consisting of 1D BaZrO3
(BZO) nanorods and Y2O3 nanoparticles, aimed at in-field applications, which has
been one of the major thrust areas of our group [39, 61, 92–114]. The peculiarities
of MOCVD growth of REBCO films with artificial pinning centers will be outlined
separately, while the general characteristics of MOCVD film growth, as well as the
development of Advanced MOCVD for thick film growth will be outlined in this
section.

A common theme in conventional MOCVD deposition is the severe degradation
of texture and formation of a-axis oriented grains in films beyond 1 μm thickness.
This issue is perhaps well summarized in the 2009 report on the attempts to grow
thick films using MOCVD [90]. The authors report a steady progress in improving Ic

by increasing film thickness in the period of 2006–2009. The important modification
of the process in this study is the utilization of a multi-pass technique. Instead of
growing thick films in a single pass, the tapes were processed in multiple MOCVD
passes, where multiple layers of YBCO were deposited on top of each other in
individual passes to build a thick film. Earlier studies utilized SmYBCO, resulting
in ∼600 A/cm-w in nearly 3 μm thick films. Further improvement was achieved by
changing the composition to GdYBCO as well as doubling the number of passes
for the same thickness, i.e., reducing the thickness of the film in each pass by half,
resulting in near 800 A/cm-w at thicknesses above ∼2 μm. The results are shown
in Fig. 4.19. A notable feature is the appearance of the “dead layer” in the best
performing tape from 2008; above ∼2 μm, the critical current saturates to a constant
value of ∼800 A/cm-w. It should be emphasized that this level of performance is
not achievable in single-pass MOCVD deposition utilizing a conventional MOCVD
reactor. The multi-pass approach apparently results in slowing down the degradation
of texture with thickness. However, multi-pass deposition results in increased
complexity and time requirements compared to single-pass deposition. This is a
likely reason why this route was not pursued in scale-up since this demonstration.
In addition, while the reported values were measured over 1.2 m length, the authors
mention the 2007 study where Ic of nearly 600 A/cm was achieved in 1 m length, and
a minimum of nearly 200 A/cm in lengths of 500+ m. This large difference between
maximum and minimum values succinctly describes the problem of scale-up and
the difficulties associated with it, which has been a common theme to all REBCO
deposition processes. Regardless, this study revealed impressive Jc values, from 6.6



108 G. Majkic

Fig. 4.19 Overview of progress in thick film deposition using multi-pass MOCVD, from 2005 to
2008. Data replotted from [90]

MA/cm2 for the thinnest, 0.35 μm thick film, to 3.69 MA/cm2 at 2.1 μm thickness.
The same study also reports successful incorporation of BZO and significant in-field
performance enhancement, which has since been transitioned to production.

In a 2010 study, focused on low temperature and high-field performance, three
tapes produced by SuperPower Inc. were studied [115]. The three tapes were
produced using conventional MOCVD and consisted of a “standard” tape, 2.13 μm
thick, a BZO containing tape, 1.55 μm thick, and a “double layer” tape with
thickness of 2.15 μm. The corresponding Jc values at 77 K, self-field for the three
films were reported at 1.47 MA/cm2, 1.40 MA/cm2, and 1.85 MA/cm2, respectively.
The Jc values reported in this study are an illustration of achievable performance at
the time when no extra measures of process modifications are employed. The values
are significantly lower than that reported in multilayer tapes [90]. The double layer
tape reported here showed ∼25% improvement over the single layer tape of similar
thickness.

In 2013, another study on tapes produced by conventional MOCVD with process
modification was published, with reported Jc of 3.83 MA/cm2 in 15 mol. % Zr-
doped REBCO films of 1.1 μm thickness [39]. This value is remarkably high for
such a high level of Zr doping; however, MOCVD process modification was again
necessary.

In yet another study focused on in-field behavior between 30 and 77 K, three
samples produced by MOCVD have been reported, all of them with heavy Zr
doping, containing 25 mol. % Zr addition [116]. While the films were only 0.9 μm
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thick, the reported 77 K, self-field Jc values ranged from 2.33 to 5.42 MA/cm2,
where the highest value is again significant for such a high level of Zr doping. While
the focus of the study was again in-field performance, the study clearly confirms
that very high level of doping and therefore high nanorod density can be achieved
without deterioration in 77 K, self-field Jc. In fact, the reported value is within reach
of the benchmark 7 MA/cm2 established in early stages on single crystal substrates.
The reason for the thickness limitation to 0.9 μm is again rooted in the peculiarities
of the conventional MOCVD process. The remaining question was whether thicker
films would result in deterioration of alignment of BZO nanorods or other potential
issues.

The growth of well aligned BZO nanorods in thicker films has been demonstrated
in 2015 using conventional MOCVD and the multi-pass technique [105]. The
authors refer to reports that the alignment of BZO nano-columns degrades with film
thickness, and the purpose of this study was to examine the possibility of growing
thicker films with heavy Zr doping while maintaining BZO nanorod alignment
throughout the film thickness. The main identified issue is that of changing the
growth orientation and morphology of BZO from c-axis oriented nanorods to ab-
plane aligned BZO platelets, which has been observed in films, as well as predicted
using continuum elasticity [101, 117]. In this study, a 2.2 μm thick REBCO film
with 20 mol% Zr addition was produced using multi-pass conventional MOCVD.
The cross-section TEM micrographs reveal excellent alignment of BZO nanorods
throughout the thickness, with no deterioration in alignment, demonstrating that
high thickness is not an obstacle to producing REBCO films with artificial pinning
centers. Many impressive results on in-field performance have been reported in this
study. However, for the purpose of this section, the reported 77 K, self-field Jc is 2.94
MA/cm2, which is a comparable figure to those achieved in thinner (∼1 μm) films
discussed above, and no microstructure degradation at this thickness was observed.

4.10 Advanced MOCVD

In earlier sections, progress in thick REBCO film development using several
prominent deposition techniques has been discussed, resulting in notable improve-
ments achieved with most deposition techniques. Film texture quality deterioration
with thickness, including formation of a-axis oriented grains has been identi-
fied as the main issue, practically independent of the film growth process used.
Impressive improvements have been achieved by addressing this issue through
process modification, for example the use of a hot-wall reactor with PLD or batch
processing using reactive co-evaporation in a dual chamber, as discussed earlier. The
literature suggests that various groups utilizing different growth techniques have
independently identified issues with their growth technique of choice that impeded
successful growth of thick films. Interestingly, temperature control appears to be one
of the main identified issues for most if not all growth techniques. What is common
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among these very different processes is the material itself – YBCO and its rare-
earth variants, which has a very narrow optimum temperature window for growth.
In addition, many other variables, particular to the growth method used, affect the
film quality, for example very different levels of ambient pressure between PLD and
MOCVD. In this section, the details of the development of an Advanced MOCVD
process are presented, together with the achieved results in terms of performance.

From the review of progress in MOCVD growth of thick films outlined above, it
can be concluded that MOCVD has been demonstrated as a potentially very capable
growth process if the deterioration of performance with thickness can be addressed.
The issue has been suppressed by using a multi-pass technique which demonstrated
impressive results. However, while this approach has provided great insight into
the capabilities of MOCVD for thick film growth, it has remained impractical
for scale-up. The problems associated with thick film growth using conventional
MOCVD are best summarized in the study by Holesinger, et al., and illustrated in
Fig. 4.8 [42].

The identified issues have prompted the author and coworkers to develop a new
approach to MOCVD, which the authors term Advanced MOCVD, denoting the
next step in advancement of this deposition process.

A detailed analysis of conventional MOCVD, including solid and gas phase
heat transfer, precursor flow dynamics and other relevant details that influence the
quality of the deposited film has been conducted with the aim of identifying the key
issues that prevent growth of thick films with high quality. Based on these results,
a new system was proposed and the development has commenced in 2012 as a
part of ARPA-E Grid-Scale Rampable Intermittent Dispatchable Storage GRIDS
program [61]. The result was the development of the Advanced MOCVD system.
The first published results on the system can be found in [61]. The major issue with
conventional MOCVD has been identified in temperature uniformity and control,
due to the fact that the optimum temperature window for formation of c-axis
oriented film is very narrow [93, 118–120]. In the case of conventional MOCVD,
the microstructure development during deposition and the underlying issues are well
documented in a detailed study reported by Aytug, et al., [93]. A detailed study
by the author has revealed that the contact heating by a susceptor is an inefficient
method to produce uniform tape temperature. This is exemplified in the fact that
a large temperature gradient of over 200 ◦C exists between the susceptor body
and the surface of the heated tape, which is due to very high thermal resistance
at the susceptor/tape contact surface. In addition, the tape itself constitutes a very
small thermal mass. The problem is exacerbated by the fact that not only the tape is
coated with precursor material, but the susceptor as well. As the heating is largely
achieved by tape/susceptor contact and the tape is in constant sliding motion over
the susceptor, this makes the heat transfer very sensitive to any foreign particles that
find their way between the tape and the susceptor, which originate from the stray
material deposited on the substrate. The tape sliding over the susceptor is also a
cause of friction and stick-slip motion that affects temperature stability. Finally, in
conventional MOCVD there is a significant convective heat transfer from the tape to
the gas phase in the form of the stream of precursor gas, carrier gas and evaporated
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solvent. As MOCVD is a process operating at relatively high pressure compared to
high vacuum techniques (∼1–2 Torr), this mode of heat transfer is non-negligible.
Flow modeling of conventional MOCVD has revealed that the flow pattern and
velocity is non-uniform, due to the top-down configuration of the showerhead and
transition from vertical to horizontal flow as the gas travels from the showerhead
towards the susceptor/tape and finally to the exhaust. In addition to the mentioned
issues, the flow analysis has revealed that the precursor transfer to the tape is very
inefficient due to the flow profile; most of the precursor never reaches the tape but
instead flows directly to the exhaust. This results in a relatively poor efficiency or
utilization of the precursor, which is typically on the order of 10%, i.e., about 90%
of the precursor is wasted. As precursor cost alone is one of the major expenses
associated with MOCVD of 2G-HTS, significant cost reduction can be achieved if
the precursor-to-film conversion efficiency can be increased.

A simplified schematic of the Advanced MOCVD system is outlined in Fig. 4.20.
In order to address the mentioned issues, a radical departure from conventional
design was used. First, the susceptor is completely eliminated, and the tape is
suspended in free space, in a recessed channel. The heating is accomplished by
direct ohmic heating of the Hastelloy substrate – DC or AC current is applied
along the tape, providing a very uniform source of heating. The method utilizes
the fact that Hastelloy C-276 substrate has a favorable resistivity for this task,
resulting in total resistance on the order of 1 �. Tape temperature is directly
monitored by using an optical probe or lightpipe, positioned under the tape. The
precursor flow is introduced into a confined volume channel surrounding the tape,
in a cross-flow configuration relative to tape axis. The flow is thus highly laminar
and uniform, providing uniformity in both deposition and convective heat transfer.
The volume confinement also serves as a means of increasing precursor conversion
efficiency. Finally, the entire volume-confining channel is preheated to provide
uniform background heat. The small thermal mass of the tape and the absence of
tape contact with another solid results in rapid temperature response of the tape
when subjected to change in input ohmic heating current, as illustrated in [61]. It
can be seen that, while very different from other approaches, the common feature is

Fig. 4.20 Simplified schematic of the Advanced MOCVD system. HTS tape is suspended in free
space and heating is accomplished by direct ohmic heating of the resistive Hastelloy substrate.
Temperature is actively monitored and controlled by a lightpipe installed under the tape. Precursor
flow is made highly laminar by using a confined volume flow channel that directs the precursor in
a cross-flow pattern relative to tape axis. Reproduced with permission from [61]
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combating the tape temperature non-uniformity. For example, in the case of PLD,
one successful approach is the use of a hot-wall reactor, as was discussed earlier.
In the case of Advanced MOCVD, temperature uniformity was again addressed,
together with other, MOCVD-specific issues.

The first results on tape quality of A-MOCVD processed 2G-HTS films have
been reported in the same manuscript [61]. A 1.8 μm thick film was deposited in
single pass, resulting in a film completely devoid of a-axis grains and featuring
a mirror-like surface appearance. The 2D-XRD pattern of this film is shown in
Fig. 4.21. The pattern reveals very sharp 00L REBCO peaks oriented in the
direction perpendicular to tape, i.e., c-axis orientation. The sharpness of the peaks is
indicative of excellent out-of-plane texture. In addition, the pattern does not reveal
even smallest traces of a-axis oriented grains. More features, including surface
appearance and FIB/SEM cross-section of the film can be found in [61].

The achieved critical current in this film was 916 A/12 mm width, which
corresponds to Jc of 4.24 MA/cm2. What is important in this demonstration is
that this Jc is achieved in single-pass deposition, thus completely eliminating the
need for the time consuming and complex multi-pass process. The achieved value
is ∼15% higher than that reported for a 2.1 μm film deposited using conventional
MOCVD and the multi-pass approach.

The A-MOCVD system has been since demonstrated to be capable of depositing
films in excess of 5 μm without any a-axis grain formation or deterioration in
microstructure. The first mention of the achievable performance in very thick film
can be found in a paper that focuses on achievements of multi-pass conventional
MOCVD in 3.2 μm thick films at 4.2 K and 31.2 T [121]. Although A-MOCVD

Fig. 4.21 2D-XRD pattern
of a 1.8 μm thick REBCO
film deposited using
Advanced MOCVD. The
pattern reveals very sharp
00 L || tape normal pattern
with excellent out-of-plane
texture, as well as complete
absence of a-axis oriented
grains. Reproduced with
permission from [61]
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was not the main topic of this manuscript, the authors report on the limitations of
conventional MOCVD and related challenges to produce high performance thick
films, which can be overcome using A-MOCVD. The authors report the attainment
of 77 K, self-field value of ∼1500 A/12 mm width in films above 4 μm thickness,
with the corresponding Jc of ∼3.0 MA/cm2.

Recent progress in A-MOCVD has been submitted for publication in [122], with
77 K, self-field Ic and Jc data summarized in Fig. 4.22. Five tapes have been reported
with thickness above 4 μm deposited in single pass. Consistency in Ic is shown in
the fact that all tapes have critical current above 1400 A/12 mm. The highest value
is over 1660 A/12 mm or near- 1400 A/cm-width, with the corresponding Jc of
3.28 MA/cm2. It should be noted that this critical current is very similar to the
record self-field, 77 K value of ∼1500 A/cm-width reported in [68] on 5 μm thick
films grown by reactive co-evaporation, with the difference being that slightly lower
thickness was used in the case of A-MOCVD in this study. However, the highest
reported Jc value of 3.28 MA/cm2 in A-MOCVD exceeds that reported in the 5 μm
thick film grown by reactive co-evaporation (3 MA/cm2). In summary, practically
the same results have been achieved using two very different deposition techniques,
demonstrating that this level of performance is achievable in 2G-HTS.

Fig. 4.22 Self-field Ic and Jc values of five tapes produced by Advanced MOCVD with film
thickness above 4 μm. Replotted using data from [122]
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4.11 Growth of Thick REBCO Films with Artificial Pinning
Centers Using MOCVD

Growth of REBCO films with APCs using MOCVD has been briefly reviewed in
the section on growth of thick films by MOCVD, with a focus on the effect of APCs
on self-field Jc performance at 77 K. Here, the topic of APCs and their growth in
REBCO using MOCVD is examined in more detail and with respect to the resulting
in-field performance at various temperatures.

There are many reports on advancements in growth of thick REBCO films with
artificial pinning centers and their effect on in-field performance, utilizing different
film growth techniques. In this section, findings from MOCVD-based studies of the
authors’ group will be outlined, again due to the authors’ first-hand knowledge and
due to space constraints. For other film growth processes, many excellent reports on
growth of thick films with APCs and other techniques are available in the published
literature. However, the quality and microstructural features of films with APCs are
very similar between MOCVD and PLD, which makes these findings applicable
to both techniques. For other growth techniques such as MOD, there are well-
documented difficulties with growth of APCs by self-assembly, which stem from the
nature of the MOD deposition process (sequential deposition and crystallization).
For this case, different approaches to introducing high density of flux pinning
centers have been developed (e.g., [123–125]).

Ever since the first reports on hetero-epitaxial growth of BaZrO3 and YBCO,
as well as the demonstration of the nanorod growth along the YBCO c-axis
(the “bamboo structure”) [126, 127], we have experienced continuous dramatic
improvements in in-field performance of 2G-HTS over more than a decade of
development, still with no apparent signs of saturation or exhaustion of the benefits
of the methodology, as continuous improvements are being reported and new
records are being set. Soon after the demonstration of the idea in PLD-grown films,
growth of c-axis oriented BZO nanorods by self-assembly has also been confirmed
in MOCVD-grown films [128]. Here, progress on understanding the control of
nanorod morphology, size, and their effect on the properties and performance of the
REBCO matrix in films grown by MOCVD by our group is succinctly summarized,
as it pertains to the development of thick films with APCs.

After the successful demonstration of the growth of BZO nanorods in MOCVD-
grown films [128], it has been realized that multiple parameters affect the alignment
and size of nanorods. Good examples of these issues have been reported in [90,
128]. The splay in angles that BZO nanorods form relative to the c-axis of
REBCO is evident in the published TEM micrographs of films grown by MOCVD.
Also evident is the interplay between naturally occurring Y2O3 nanoparticles in
films with Y-excess and the BZO nanorods. These studies provide evidence of
a clearly visible splay in the angular range of the growth direction of nanorods
around the crystallographic c-axis REBCO direction. The presence of Y2O3 has
been attributed to enhancement of Ic in the field direction parallel to ab-planes,
beyond the contribution of the intrinsic pinning. The films reported in these studies
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had 6.5 mol% Zr addition and 30% Y, Gd excess. The authors report a number
of factors that influence the performance and the morphology of the nanorods.
Higher deposition rates were reported to result in films with little improvement in
performance compared to films with no Zr addition. Decreasing the deposition rate
from 0.5 to 0.13 μm/min has been reported as a significant factor in improving
the performance in Zr-added films. Excess rare-earth was also found to result
in significant improvements, with the films having the nominal composition of
Gd:Y:Ba:Cu = 0.65:0.65:2:3, and therefore significant rare-earth excess of 30%.
Films with thicknesses of about 0.35 μm were grown, resulting in Jc values in
excess of 5 MA/cm2. Growth temperature was reported to have a strong effect on
the angular Jc vs field angle performance, with an optimum temperature of 830 ◦C
resulting in the most pronounced Jc peak at field orientations close to the REBCO c-
axis, while higher and lower temperatures of 820 and 840 ◦C resulted in depression
of the peak in Jc along the c-axis orientation. The multi-pass technique was used
in order to increase the thickness, in 0.35 μm increments, up to over 3 μm of
total thickness. Self-field Ic values started to saturate above ∼1.5 μm thickness,
converging to ∼800 A/cm-w for the thickest sample. It is evident that even within
one early study, a large number of parameters have been identified that significantly
affect the resulting performance. Growth temperature was again found to be a very
influencing factor, with temperature deviations of only 10 ◦C from the optimum
resulting in very different properties. Growth rate, rare-earth content, amount of Zr,
and other factors were all reported as affecting the performance. The large number
of variables provides great latitude for optimization, but on the other hand, makes
process control increasingly difficult.

A systematic study from 2009 on the feasibility of increasing the Zr dopant
level in REBCO films is reported in [39], and the results again demonstrate strong
potential for performance improvement by modification of the deposition process.
At the time, the highest Jc values in low fields at 65–77 K have been found at
5 mol% Zr level in PLD and 7.5 mol% Zr in MOCVD [72, 95], and early attempts to
increase the dopant level and thereby potentially the pinning performance have been
marred by significant deterioration in Jc values at 77 K. In this study, Zr addition
ranging from 0–15 mol% in 2.5 mol% and 20–30 in 5 mol% increments have been
systematically studied in 1 μm thick films. The initial study has confirmed strong
deterioration in Jc values with an increase in Zr content beyond 7.5 mol%, which
was accompanied by a very similar trend in the decrease of Tc. This behavior
was coincident with deterioration of out-of-plane texture and worsening of the
microstructure, as evidenced by SEM micrographs that revealed an increase in
density of needle-like secondary phases at Zr content above 10%. However, after
process modification, a drastic increase in performance was observed. In addition
to the expected significant improvement observed in the in-field performance, the
effect of process modification is perhaps best illustrated by the trend in Ic at 77 K,
self-field, shown in Fig. 4.23. The onset of degradation in Ic has been shifted from
7.5 to over 15 mol% Zr. At 25% Zr addition, the standard process resulted in near-
zero Ic while the modified process resulted in a mild decrease of Ic from ∼450
to ∼300 A/12 mm. As expected, the improvements also reflected on 30 K in-field
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Fig. 4.23 Self-field, 77 K Ic
and Jc dependence on Zr
content in MOCVD-grown
REBCO films, using a
standard and a
modified/optimized process.
A significant increase in BZO
nanorod content and therefore
in-field performance can be
achieved with minimized
degradation in Jc by process
modification. Reproduced
with permission from [39]

performance, where a Jc increase of 65% was reported at 30 K, 3 T in optimized
15 mol% Zr films compared to 7.5 mol% Zr films. The same approach has been used
to produce films with significant improvement of in-field Jc performance at both 77
and 4.2 K and very high fields. In a 2014 publication, 0.9 μm thick films with 7.5
and 15 mol% Zr additions were characterized up to very high applied fields [103].
The increase in Zr content from 7.5 to 15 mol% has resulted in suppression of Jc

at self-field, 77 K. However, the in-field behavior at 77 K, B||c, was significantly
improved in 15 mol% Zr tape. The irreversibility field was extended from ∼10 to
∼15 T, and the pinning force behavior was comparable to that of optimized NbTi
wire at 4.2 K. At 4.2 K, however, the increase in performance with Zr content was
drastic, reaching ∼1.7 TN/m3 in the 15 mol% Zr sample and remaining constant up
to the maximum measured field of 31 T.

The next logical step was to reproduce the same level of in-field Jc performance
in films with higher thickness. Using conventional MOCVD and the multi-pass
deposition technique, 2.2 μm thick films with very high level of Zr doping of
20 mol% have been successfully grown [105]. The resulting Jc was above 15
MA/cm2 at 30 K, 3 T, which was the target operating temperature and field for this
study. This corresponds to Ic of 3963 A/12 mm or 3302 A/cm-w. Cross-section TEM
micrographs revealed high level or alignment of BZO nanorods that were continuous
throughout the film, despite the fact that the deposition was done in two passes,
where the growth was stopped half-way through the deposition and then restarted.
It should be noted that achieving continuous nanorods that permeate the whole
thickness of the film was a challenging task early in the development of MOCVD-
based BZO/REBCO films, with frequently observed short nanorod segments as
well as ab-plane oriented BZO platelets, as was discussed earlier in this chapter.
The microstructure presented in [105] over the entire 2.2 μm thickness and the
corresponding in-field performance was therefore a significant step in demonstrating
that a high degree of control of nanorod landscape is possible, and that REBCO
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films with APCs have a tremendous potential for in-field applications at lower
temperatures.

The same approach was later repeated with three-pass deposition to grow a
3.2 μm thick film, again with 20 mol% Zr addition, with focus on 4.2 K in-
field performance [121]. The result was an engineering current density Je over 1
kA/mm2 at 31.2 T. The result is significant as this value exceeds the requirements of
many high-field magnet applications at 4.2 K, opening significant opportunities for
REBCO in the previously overlooked 4.2 K, high-field regime and the correspond-
ing applications where other superconductor technologies have been traditionally
used. It also emphasizes the advantage of very high irreversibility field of REBCO,
this time harvested in the form of very high Je value, which is the main figure to
consider for high-field magnets and relevant applications at 4.2 K.

4.12 Control of Nanorod Size and Density

The reviewed studies on MOCVD-grown films with BZO nanorods have demon-
strated that the level of Zr doping can be significantly increased beyond the initially
found optimum at 5–10 mol% Zr addition, resulting in a significant increase in in-
field performance by virtue of increasing the nanorod density without adversely
affecting film texture and self-field critical current density. The amount of doping
has been successfully increased up to 25 mol% Zr, with 20 mol% Zr samples
achieving up to then record high Jc values at 30 K, 3 T, and 4.2 K at high fields
[105, 121]. For a constant nanorod diameter, an increase in Zr levels would naturally
increase the nanorod density and therefore matching field if the film integrity and
nanorod continuity can be maintained, which was exactly the motivation behind
pushing the limit of the Zr dopant level up.

The same issue of increasing the pinning site density can, however, also be
looked at from a different perspective, which involves nanorod diameter as a major
controlling parameter in determining the resulting nanorod density and therefore
matching field. Namely, if d is nanorod diameter and a is the spacing between
nanorods, then the nanorod density is proportional to 1/a2 and the volume fraction
of nanorods is proportional to d2/a2. Here, a square coordination of nanorods is
assumed for simplicity, and nanorods are assumed to be continuous. Therefore, for
a constant volume fraction of nanorods, reducing nanorod diameter in half would
result in an increase in nanorod density by a factor of four. In other words, nanorod
density would scale inversely with square of nanorod diameter. This implies that
for typical 5–10 nm nanorod diameter reported in various studies, any non-marginal
reduction in this value would result in a potentially large increase in density of
pinning centers.

The mentioned approach is well illustrated in a study on films grown by
Advanced MOCVD, where a drastic increase in nanorod density has been achieved
in this manner [111]. Shown in Fig. 4.24 are plane view micrographs of two samples
of 2 μm thickness, containing (a) 25 and (b) 11 mol% Zr addition. Despite the
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Fig. 4.24 Plane view micrographs of two BZO/REBCO samples processed by A-MOCVD. The
sample shown in (a) contains 25 mol% Zr addition, while the sample (b) contains only 11 mol%
Zr. Despite the 2.3-fold lower Zr content, the nanorod density as a factor of ∼6.7× higher in the
11 mol% Zr sample, due to reduction in nanorod diameter. The corresponding matching fields are
∼3 and ∼20 T for samples shown in (a) and (b), respectively. Reproduced with permission from
[111]

2.3-fold lower Zr content in sample (b), the achieved nanorod density is a factor of
∼6.7x higher. This is achieved by reduction of nanorod diameter, as can be seen in
the micrographs. The corresponding matching field has thus been increased from
∼3 to ∼20 T.

The possibility of control of nanorod size and therefore density has multiple
consequences both on 77 K, self-field and in-field behavior. In a study on require-
ments to achieve high performance at 30 K, 3 T, several important trends have
been reported [107]. The authors utilize lift factor, defined as the ratio of Jc(T, B) /
Jc(77 K, 0 T), as a measure of performance. A compositional map of RE (Y + Gd),
Ba + Zr and Cu content in the film and its effect on lift factor at 30 K, 2.5 T is
presented, revealing that composition has a drastic effect on in-field performance at
this particular field and temperature. Depending on composition, lift factor can vary
over a very wide range, from ∼1 to ∼7 in this particular study. Another revealing
trend is the correlation between Jc at 77 K, self-field and the lift factor at 30 K,
2.5 T. The authors report an inverse trend, i.e., the higher the Jc at 77 K, self-field,
the lower the lift factor at 30 K, 2.5 T. However, this trend is an upper envelope
on a dataset that shows very large scatter. In other words, having a low Jc at 77 K,
self-field does not necessarily yield high lift factor. For example, two samples with
the same Jc of 3.08 MA/cm2 at 77 K, self-field exhibit very different lift factors of 4
and 7 at 30 K, 2.5 T. The reason for this trend has again been found in composition
and the resulting nanorod diameter, density, and alignment. Shown in Fig. 4.25 are
two TEM micrographs of the mentioned samples, where the micrographs (a) and
(b) correspond to the samples with lift factors of 4 and 7, respectively. Both samples
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Fig. 4.25 TEM micrographs of two REBCO/BZO films grown with different (Ba + Zr)/Cu
compositions of (a) 0.675 and (b) 0.737, respectively, revealing a strong effect of this parameter
on the resulting BZO nanorod diameter, density, and alignment. Reproduced with permission from
[107]

have the same 77 K, self-field Jc, yet very different in-field behavior at 30 K, 2.5 T.
The sample (a) had a (Ba + Zr)/Cu composition of 0.675, while a value of 0.737
was reported for sample (b). The importance of the (Ba + Zr)/Cu parameter is well
illustrated in the very good statistical correlation with lift factor at 30 K, 2.5 T
reported in this study, revealing a practically linear trend. The authors note that a
value of (Ba + Zr)/Cu above 0.71 is needed to achieve lift factor above 6 at 30 K,
2.5 T, and the microstructure observations indicate that this parameter has a strong
influence on nanorod density and morphology.

Another important feature is reported in the same study, which is the correlation
between the actual Jc values at 77 K, self-field and 30 K, 2.5 T, rather than the
lift factor. The reported data indicate a bell-shaped curve in this dependence. The
samples with highest Jc at 77 K, self-field of >4.5 MA/cm2 resulted in worse in-field
performance at 30 K, 2.5 T compared to the optimum samples at 30 K, 2.5 T with
Jc > 15 MA/cm2. All of the optimum 30 K, 2.5 T samples exhibited a suppressed Jc

at 77 K, self-field. The best performing sample had Jc(30 K, 3 T) of over 20 MA/cm2

while its Jc(77 K, self-field) value was only ∼3 MA/cm2. In contrast, samples with
Jc(77 K, self-field) of over 5 MA/cm2 had Jc(30 K, 2.5 T) of less than 10 MA/cm2.
The implication is that the data suggest that, at least in this approach to film growth
and nanorod control, the 77 K, self-field performance is not indicative of the in-field
behavior at lower temperatures.

More insight on the exact mechanism behind the effect of (Ba + Zr)/Cu
parameter on nanorod size, density, and alignment observed in [107] has been
published in an extended study focusing on the chemical composition of the
REBCO/BZO films [112]. Shown in Fig. 4.26 is a plot of c-axis lattice parameter
of (Gd,Y)BCO as a function of (Ba + Zr)/Cu. It is evident that this parameter has
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Fig. 4.26 The dependence of c-axis lattice parameter of (Gd,Y)BCO on (Ba+Zr)/Cu composition
in films with 25 mol% Zr addition. Reproduced with permission from [112]

a strong effect on the c-axis lattice parameter of REBCO in the presence of Zr.
An abrupt change in slope of the dependence is observed at (Ba + Zr)/Cu ∼ 0.74.
This value approximately corresponds to stoichiometric Cu/Ba ratio 3:2. In Ba-rich
region where (Ba + Zr)/Cu > 0.74, a steep increase in c-axis lattice parameter is
observed. This increase in c-axis lattice parameter of REBCO simultaneously results
in a decrease of BZO lattice parameter parallel to c-axis of REBCO. The resulting
REBCO/BZO lattice mismatch in REBCO c-axis direction thus decreases purely
by composition control. This leads to a decrease in BZO nanorod diameter and
an increase in BZO density while simultaneously promoting growth of continuous
BZO nanorods that permeate the entire film thickness. While the best performing
samples in terms of Jc at 77 K, self-field were found near the stoichiometric Cu/Ba
ratio and c-axis lattice parameter of REBCO of 11.74 Å, the best Jc performance
at 30 K, 3 T was found for samples with elongated c-axis lattice parameter of
11.76 Å in the Ba-rich region. This results in alignment and continuity of nanorods
throughout the thickness, as well as an increase in nanorod density via reduction in
their diameter. Further increase of Ba and lattice parameter to 11.78 Å decreases Jc

at 30 K, 3 T, but results in peak Jc value at 9 T, indicating further increase in nanorod
density and therefore matching field.

In conclusion, the reported studies reveal that the nanorod density and morphol-
ogy can be controlled to a great degree with control of chemical composition of
the REBCO/BZO system. Furthermore, these results indicate that the optimum
composition for best Jc performance depends on the target operating field and
temperature. These findings provide a tool for tuning of Jc performance for specific
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applications. Growth of continuous and uniform nanorods is important for growth of
thick films, and it has been shown that this condition can be achieved in films as thick
as 3.2 μm with excellent in-field performance. While all reported studies on this
effect are based on MOCVD, it is expected that the results are be equally applicable
to other in-situ growth techniques, most notably PLD, as the reported effects of
composition are fundamentally related to the material properties of REBCO and
BZO and as such should not strongly depend on the growth method.

4.13 Thick REBCO/BZO Films via Advanced MOCVD

We conclude this book chapter with two recent highlights where the advancements
in growth of thick films using Advanced MOCVD and the understanding of control
of nanorod morphology in MOCVD were combined to produce films over 4 μm
thick with record performance at intermediate fields and temperatures, as well as
4.2 K performance at high fields.

In a study on growth of thick films for applications requiring intermediate fields
(∼1–9 T) and temperatures (20–50 K), the Advanced MOCVD system was used
to produce a (Y,Gd)BCO film with 15 mol% Zr addition and thickness of 4.8 μm
[114]. The films were optimized for in-field performance at 30 K, 3 T, in accordance
to the findings from earlier MOCVD-based studies outlined earlier. The results are
summarized in Fig. 4.27, showing in-field Ic/12 mm as a function of applied field
along the c-axis at 30, 40, and 50 K, as well as the angular field dependence curves
at 3 T for the three temperatures. The resulting film produced a Jc performance
at 3 T, B||c of 15.1, 9.7, and 6.3 MA/cm2 at temperatures of 30, 40, and 50 K,
respectively. When multiplied by the film thickness of 4.8 μm, these Jc values
translate to equivalent Ic values of 8705, 5586, and 3606 A/12 mm or 7254, 4655,
and 3005 A/cm-width, respectively. Considering the substrate thickness of 50 μm,

Fig. 4.27 In-field performance of 4.8 μm thick (Y,Gd) BCO film with 15 mol% Zr addition
grown by A-MOCVD, at 30, 40, and 50 K. Left—angular Ic dependence at 3 T. Right—In-field
Ic dependence on magnetic field oriented parallel to the c-axis. Reproduced with permission from
[114]
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the buffer stack thickness and typical 40 μm thick copper stabilizer, this results in
engineering current density Je of 7.1, 4.5, and 2.9 kA/mm2.

The reported Ic of 8.7 kA/12 mm is a record high value, being over two times
higher compared to the highest previously reported value of ∼4 kA/12 mm that was
obtained in 2.2 μm thick GdBCO films with 20 mol% Zr addition processed in two
passes by conventional MOCVD [105]. The corresponding lift factor at 30 K, 3 T
was nearly 11, which is again the highest value reported at this operating field and
temperature.

Regarding the achieved critical current density of 15.1 MA/cm2, it is practically
identical to the value reported for the mentioned 2.2 μm thick film with 20 mol% Zr
addition processed by conventional MOCVD in two passes. It is interesting to note
that the two values are essentially the same, despite the large difference in thickness
between 4.8 and 2.2 μm, thereby clearly demonstrating that films with increased
thickness of nearly 5 μm can be grown without deterioration in Jc. It should also be
noted that at 3 T, the effect of self-field is expected to be negligible according to [52],
perhaps partially explaining the almost identical Jc values obtained. Another notable
feature is that the same performance was achieved with lower Zr content of 15 mol%
in the 4.8 μm film compared to the 20 mol% addition in the 2.2 μm film. The
reported microstructure shown in TEM micrographs reveals excellent alignment of
nanorods over the entire film thickness. In addition, periodically occurring layers
of dense arrays of Y2O3 precipitates arranged along ab-planes are reported. These
arrays do not block the growth of BZO nanorods, which is known to be a potential
issue in films grown under non-optimized conditions [96].

Another important metric to consider is the minimum Ic value in the angular field
dependence. The minimum value of Ic at 30 K, 3 T, as shown in Fig. 4.27, is 6.3
KA/12 mm, which corresponds to a factor of 1.9 increase compared to the 2.2 μm
reported previously [105]. In conclusion, the Ic values are about a factor of two
higher over the entire angular range of field orientations.

The 2G-HTS technology offers a strong potential for high-field applications
due to potentially very high engineering current density and irreversibility field at
4.2 K. The performance of YBCO with APCs can be tuned using the techniques
described earlier to maximize in-field performance at the field of interest, and
engineering current density can be significantly enhanced by growth of thick films.
This approach has been used in a study aimed at 4.2 K performance, where
two films of thicknesses of 4.3 and 4.6 μm have been grown using A-MOCVD
[113]. The REBCO films again had 15 mol% Zr addition, but the composition of
REBCO and the growth conditions were optimized for 4.2 K performance. Shown
in Fig. 4.28 is a plot of engineering current density vs magnetic field oriented along
c-axis of the two samples, together with the performance of other superconductor
technologies in use at 4.2 K. The two samples, measured independently at two
separate sites (National High Magnetic Field Laboratory—NHMFL and Lawrence
Berkeley National Laboratory—LBNL), exhibited almost identical performance.

Both samples were found to have a high density of BZO nanorods of average
diameter ∼3.7 nm, as well as high density of RE2O3 precipitates interspersed
between the nanorods. 2D-XRD scans revealed excellent out-of-plane texture of
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Fig. 4.28 Engineering current density vs field at 4.2 K of two >4 μm thick REBCO films with
15 mol% Zr addition grown using A-MOCVD, in comparison with in-field performance of other
superconductor technologies. Reproduced with permission from [113]

the REBCO phase. The resulting Ic performance was 2247 and 2119 A/4 mm width
at 4.2 K and magnetic field of 14 T in B\\c orientation. This value is about a factor of
two higher than the highest previously reported value at this field and temperature
[121]. The corresponding critical current density and pinning force were over 12
MA/cm2 and 1.7 TN/m3. The engineering current density, estimated using the tape
thickness and assuming an additional 40 μm thick copper stabilizer, was over 5
kA/mm2, which is over five times higher than Nb3Sn and nearly four times higher
than the highest reported value among all superconductor technologies other than
2G-HTS. This remarkable value demonstrates that 2G-HTS has a strong potential
to be used for very high-field applications.

4.14 Summary

The 2G-HTS technology has witnessed tremendous progress in the course of last
30 years. The issue of degradation in critical current density with thickness has
proven to be a very challenging task, despite very high critical current densities
that were achieved in thin REBCO films. However, a large body of work over
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the three decades has contributed to slow but steady progress in understanding the
limitations and issues related to thick film growth, leading to continuous progress
in increasing Ic in thick films. The developments can be succinctly summarized
by several statements which capture the nature of the problem as well as the
advancements achieved over the years.

1. The 77 K, self-field Jc benchmark of ∼ 7 MA/cm2 determined as a thin film
limit from films grown on single crystal substrates has remained elusive in thick
samples. However, values approaching this limit have been reported on flexible
substrates. Values as high as 6.6 MA/cm2 in 0.35 μm thickness, as well as several
reports of over 5 MA/cm2 in films ranging in thickness from ∼0.9–2 μm, have
been achieved.

2. Multiple demonstrations of over 1000 A/cm-w have been reported, reaching or
exceeding the target set in 2006 by US DOE Office of Science. The highest
reported critical currents to date at 77 K, self-field are ∼1500 and 1400 A/cm-w
in ∼5 and 4.2 μm samples, corresponding to ∼3–3.3 MA/cm2.

3. The main obstacle to reaching high Jc in thick films has been identified to
be deterioration in film quality with thickness, mostly reported as progressive
increase in fraction of misoriented or a-axis grains. The problem has been
addressed and apparently largely solved for several film growth techniques,
most notably PLD, MOCVD, and reactive co-evaporation. In essence, very tight
control of process variables, most notably temperature, appears to be a necessary
requirement for successful growth of thick films.

4. The increasing self-field generated at progressively higher thickness is a factor
that inevitably causes reduction in Jc with thickness, albeit at a lower rate
compared to many thickness dependence studies that contained both self-field
and texture deterioration effects. The effect of self-field becomes negligible for
in-field applications.

5. Multiple studies suggest that addition of artificial pinning centers significantly
reduces the thickness dependence of Jc. Presence of high density of defects such
as stacking faults as a means to accommodate lattice mismatch between REBCO
and APCs is a likely reason for this effect, possibly similar to the high density of
misfit dislocations observed at substrate/film interfaces, believed to be a reason
behind very high Jc values observed in very thin films.

6. Growth of high density of nanorod precipitates, aligned and continuous along
c-axis has been demonstrated in films up to ∼5 μm thickness, despite early
reports that raised some doubt on whether this is achievable in very thick films.
Significant progress has been achieved in understanding the effect of composition
and film growth parameters on the resulting nanorod diameter, density, and
morphology, opening ways for optimization of performance at target fields and
temperatures.

7. Recent studies have demonstrated that the growth of thick films is particularly
beneficial for in-field applications. Remarkably high critical currents have
been achieved in >4 μm thick films at intermediate fields and temperatures,
exemplified by 3 T, B||c performance of 7254, 4655, and 3005 A/cm-width at
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30 T, 40 T, and 50 T, respectively. At 4.2 K, engineering current density of over
5 kA/mm2, which is five times higher than Nb3Sn and nearly four times higher
than the highest reported value among all superconductor technologies other than
2G-HTS.

The significant recent progress in thick film 2G-HTS development is likely
to spur further research in this area, with the expected outcome of pushing the
boundaries of achievable critical currents even further, in particular for in-field
applications. The recently demonstrated remarkable results provide a glimpse of
what is achievable with this technology and what can be achieved in applications if
these results are transferred from laboratory scale to commercial offerings.
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Chapter 5
Superconducting YBa2Cu3O7−δ

Nanocomposite Films Using Preformed
ZrO2 Nanocrystals via Chemical Solution
Deposition

H. Rijckaert and I. Van Driessche

5.1 Introduction

People’s concern about global warming and the rapid growth of the world popu-
lation has prompted scientists to develop renewable electrical energy and to find
new technologies with a minimum of carbon dioxide emissions. High-temperature
superconducting technologies have the potential to transport electricity without
resistance. In addition, their superior properties allow the development of generators
with a higher power output than the conventional used designs [1, 2]. However, the
implementation of these high-temperature superconductors in power applications
is constrained due to the presence and movement of vortices in the presence of a
medium-to-high magnetic field [2].

In this chapter, we focused on the improvement of the superconducting
YBa2Cu3O7−δ (YBCO) properties by immobilizing the vortices via the
incorporation of preformed metal oxide nanocrystals as artificial pinning centers
in the YBCO matrix [3]. However, the first experiments investigated in previously
published scientific articles are based on YBCO nanocomposite films, growing via
pulsed laser deposition (PLD) method. These nanocomposite films are commonly
created with a non-superconducting perovskite-type BaMO3 (M = Zr, Hf, and Sn)
compound as nanocolumns into the YBCO films [4, 5]. This is done by modifying
the film deposition process using the self-assembly process. These nanocolumns
can generate good critical current densities (Jc) and its in-field performance is good,
when the magnetic field is aligned parallel to them. However, it shows a limited Jc
isotropy behavior which is an important restriction for power applications [2].

So, an enhancement of the Jc for the whole rotation in the magnetic field is
necessary. This was possible through the introduction of non-correlated pinning
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centers such as nanodots [6, 7]. Nevertheless, the PLD-based methods can deliver
high-quality films and research has already led to deep insight into the control
over the size, shape, and density of pinning centers [4, 8, 9]. However, this
PLD-based method is considered to be too expensive due to the required high
vacuum system during the deposition, hampering its applicability on industrial
scale. For the commercial breakthrough of the implementation of high-temperature
superconductors, an efficient and low-cost process becomes crucial. Over the
last years, the chemical solution deposition (CSD) method has gained a lot of
interest due to its low cost and easy scalability with high efficiency [10–12]. This
method leads to significant advances towards economically scalable productions
of high-quality superconducting films to implement the YBCO-coated conductors
throughout the energy market.

5.2 Coated Conductor Architecture

After the discovery of high-temperature superconductors (HTS), lots of research
was focused on the fabrication of long, strong, and flexible HTS tapes. As
mentioned before, the two main disadvantages are the brittleness and the anisotropy
of the material. Nowadays, there are several techniques to surmount these prac-
tical issues. The first approach was the first-generation (1G) HTS tape where
Bi2Sr2Ca2Cu3O10+x (BSCCO-2223) wires were prepared using the Oxide Powder
in Tube (OPiT) process. In this process, the malleable silver cladding tube are filled
with the desired metal oxide powders and drawn into thin wires. These resulting
small, individual wires are enclosed by a large silver tube and further drawn into
a wire. This process results into fine parallel filaments of individual wires in a
silver matrix, leading to the BSCCO-2223 superconductor (105 A cm−2) with
uniaxial crystal alignment with parallel aligned CuO planes after the multi-stage
annealing and rolling processing [13]. Most prototypes and early stage commercial
HTS systems are realized with 1G-HTS tapes. However, the use of 1G-HTS tape
conductor for commercial equipment has already been greatly restricted by the high
production price of the tape, due to the requirement of a large amount of silver (60%
of total volume). So, it is desirable to reduce the production cost. Besides, BSCCO-
2223 has a very high anisotropy (value of 30) and a low irreversible magnetic
field (Hirr) which decreases the superconducting properties drastically when a small
applied magnetic field is applied. This means that the operating conditions of these
1G-HTS tapes are limited to temperatures lower than 25 K [14, 15].

To offer the perspective for a more economical mass production and to overcome
the low performances in high magnetic fields, second-generation (2G) HTS tapes
or the so-called coated conductors (CCs) architecture was developed to fabricate
flexible YBCO-HTS tapes. In contrast to 1G-HTS tapes, where the processing to
thin filaments was preferred, 2G-HTS tapes are now based on thin film technology
with multilayer architectures (e.g., protective layer/epitaxial YBCO layer/buffer
layers) deposited onto metallic substrates. But this process is more complicated
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compared to the OPiT process for the production of BSCCO due to the necessity of
the epitaxial texture of YBCO. When the deposited YBCO is grown directly on the
metallic substrate, it leads to a polycrystalline film with high-angle grain boundaries
due to the high lattice mismatch, resulting in poor superconducting properties. In
addition, the metallic substrates must also contribute to the stability and flexibility
of the 2G-HTS tapes. Taking this into account, the substrates can be created
according to three different strategies: Ion Beam Assisted Deposition (IBAD),
Inclined Substrate Deposition (ISD), and Rolling-Assisted Biaxial Texture Substrate
(RABiTS) [16]. The IBAD and ISD approach deliver high-quality CCs where the
desired texture is induced via the growth of buffer layers on polycrystalline stainless
steel or Hastelloy substrate. However, IBAD uses ion beam bombardment while ISD
uses electron beam evaporation in high-vacuum conditions which is not interesting
for industrial scalability due to the high investment costs [17]. The RABiTS
approach was introduced to allow growing of textured buffer layers without using
vacuum conditions. Here, an untextured face-centered cubic metallic substrate was
multiple cold rolled and recrystallized to obtain a biaxial (h00) texture upon which
epitaxial buffer layers can be deposited [18]. Thereby, the ceramic buffer layers
are required to act as a texture template or texture transfer layer depending on
the substrate approach. For this purpose, the lattice mismatch between buffer and
superconducting layers should be as low as possible. These buffer layers can also act
as a barrier in order to prevent the outdiffusion of metal ions from the substrates into
the superconducting layer or the indiffusion of oxygen to avoid undesirable substrate
oxidation during processing, which would cause problems in terms of mechanical
stability [19]. In addition, the thermal expansion of the buffer layer needs to be
similar to one of the superconducting layers in order to reduce the risk of cracking
the architecture.

In general, CCs architecture is a delicate approach where buffer layers are
commonly stacked on the substrate to meet all the requirements to make the
growth of the biaxial textured YBCO thin film with excellent superconducting
properties. Furthermore, state-of-the-art CCs are now being introduced by a variety
of companies, including American Superconductor, SuperPower, Nexans, Deutsche
Nanoschicht, SuNam Co., and Bruker. This path towards economic scalable pro-
ductions of high-quality superconducting films allows us to implement the coated
conductors throughout the energy market.

5.2.1 Chemical Solution Deposition

As CSD is a promising and low-cost technique, it makes very attractive for the
fabrication of the coated conductors tape. The ex situ CSD deposition method
offers control over the film composition on a molecular level through the control
over the precursor solution chemistry and its stoichiometry. Typically, the YBCO
precursor solution (Fig. 5.1, stage I), containing the required metal-organic salts and
additives, is deposited on the substrate at ambient pressure. The as-deposited wet
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Fig. 5.1 Schematic illustration (not scaled) of the procedure for fabricating YBCO thin layer
via CSD process. The process begins with (Stage I) the formulation of YBCO precursor
solution. (Stage II) Deposition of YBCO precursor solution on desired substrate and its thermal
decomposition. (Stage III) The pyrolyzed layer is thermally treated to crystallize epitaxial YBCO
thin film

film is partially evaporated and decomposed (stage II) and subsequently crystallized
into the desired crystalline YBCO thin film via an appropriate thermal processing
procedure (stage III). The key to successful YBCO thin film starts with a precursor
solution synthesis to obtain a stable and homogeneous precursor solution.

The most established CSD approach is based on the ex situ BaF2 process and
uses trifluoroacetate (TFA) salts typically dissolved in an organic solvent such as
methanol. Several researchers [20, 21] have already demonstrated that this TFA
route is a suitable metal-organic deposition (MOD) method to produce low-cost
epitaxial YBCO thin films without the requirement of a high-vacuum system. The
TFA-MOD process is based on the formation of BaF2 as an intermediate phase,
which is believed to be beneficial over the formation of BaCO3, as the latter can
disrupt the YBCO formation due to its high decomposition temperature [22]. BaF2
on the other hand is stable up to high temperatures, but can be decomposed at 650 ◦C
by the addition of a water vapor to the processing atmosphere [21]. This approach
has expanded to one of the most successful growth methods of epitaxial YBCO
films with a high Jc in self-field at 77 K on single crystal substrates.

Nevertheless, some potential drawbacks can be identified in the YBCO solution
preparation which could hamper the commercial implementation. Several authors
have shown that the YBCO precursor can be converted into high-quality YBCO thin
films by heat treatment under controlled conditions [23, 24]. Afterwards, critical
current densities Jc of >1 MA cm−2 were obtained. Thus, a very important feature
in TFA-based YBCO processing is controlling the growth of YBCO during the
thermal treatment. However, the presence of possible impurities in YBCO precursor
solutions can degrade the final microstructure and superconducting properties of
the YBCO thin film due to the improper decomposition of the precursor [2, 3].
Araki et al. [25] have shown that the synthesis procedure for the preparation of TFA
salts which starts from acetates and trifluoroacetic acid (TFAH), as described by
Gupta et al. [21] exhibits an uncontrolled amount of water (>3 wt%) and other
chemical impurities (i.e., acetic acid). Thus, they developed a purified YBCO
precursor solution with a refining process and obtained a high Jc after a long
pyrolysis step of ~12 h [25]. Therefore, several authors made large efforts towards
the optimization of the TFA precursor synthesis procedure and the pyrolysis [26–
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28]. The synthesis procedure of Roma et al. [26] starts from YBCO powder, which
is dissolved in a mixture of excess trifluoroacetic acid anhydride (TFAA) and a
small amount of TFAH (10 vol%) as catalyst resulting in the TFA metal-salts. This
procedure typically generates an almost “anhydrous” TFA precursor with a water
content of less than 1 wt%. However, this synthesis procedure still suffers from
some disadvantages such as a long reaction time of 72 h and off-stoichiometry of
TFAA. Additionally, the use of a conventional heat source (oil bath heating) results
in an inefficient thermal energy transfer which may result in a temperature gradient
in the reaction volume. The combination of these disadvantages may result in the
formation of by-products other than the TFA metal-salts. The microwave processing
method that we are introducing in this work can offer a solution to a number
of problems stated above [29]. Microwave radiation provides rapid and uniform
heating of the reagents and solvents by directly coupling to the molecules, hereby
resulting in a more efficient energy transfer and an enhancement of the reaction rate
[30, 31].

5.2.2 Preparation of YBCO Precursor Solution

In our research group, microwave heating was already introduced for nanocrystal
synthesis which results in an obvious reduce of the synthesis time [32, 33]. By
applying microwave radiation, we were able to dissolve commercial YBCO powder
in a TFAA-acetone mixture, yielding extremely pure TFA salts. The TFA-YBCO
precursor solution is prepared by dissolving desiccated commercial YBa2Cu3Ox

powder (x ~ 6.7–9.5) with a controlled stoichiometry of TFAA in acetone as solvent.
First, the YBCO powder was dried in a vacuum oven at 150 ◦C for 24 h to
remove any adsorbed water. The 0.75 mmol dried YBCO powder was mixed with
6.5 equivalents TFAA and 3 mL dry acetone in a 10 mL microwave vial for the
preparation of TFA-YBCO. This mixture was subjected to microwave heating under
an inert atmosphere (Argon, to avoid the water absorption from the ambient) for
30 min at 100 ◦C using a Discover SP CEM microwave operating at 2.45 GHz with
a maximum power of 20 W. After the dissolution, a dark blue-green solution was
obtained, which is centrifuged for 2 min at 3000 rpm or at a relative centrifugal force
of 1620 × g. The supernatant was filtered with 5 μm filter and transferred to a 10 mL
boiler flask and the solvent was evaporated under vacuum using a rotary evaporator.
The desired mixture of TFA-YBCO became a viscous dark-green gel and is diluted
with anhydrous methanol to obtain a total metal ion concentration of 1.5 mol L−1.
This solution is kept in sealed vials and can be stored for several months under
an inert atmosphere without precipitation. This microwave-assisted method leads
to a yield of about 98%, thus the YBCO powder almost completely dissolved in
a stoichiometry of Y:Ba:Cu = 1 ± 0.01:2 ± 0.01:3 ± 0.01 as confirmed by ICP-
OES analysis. Compared to the conventional synthesis procedure as described by
Roma et al. [26], we only used a stoichiometric amount of TFAA and removed
the TFAH catalyst because microwaves themselves can be used to overcome high
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activation energies for product formation by selectively coupling to intermediates in
the transition states [31]. Due to this efficient energy transfer of microwave heating,
the synthesis time can be facilitated [33, 34]. It results in a reduction of preparation
time by a factor of 72 compared to conventional heating by oil bath as described by
Roma et al. [26]. Instead, the chemical reaction of YBCO powder with TFAA via
the microwave-assisted treatment is given in Eq. 5.1.

YBa2Cu3Ox + 6.5 TFAA → Y(TFA)3 + 2 Ba(TFA)2 + 3 Cu(TFA)2 (5.1)

As TFAH is very hygroscopic [35] and is not introduced as catalyst in this
microwave synthesis, it leads to the great advantage of the lack of water in this
chemical reaction. Consequently, the water content depends now on the used
solvents and starting precursors. Therefore, this microwave-assisted approach leads
to a precursor solution with a very low H2O content (<0.5 wt%, determined via the
Karl Fischer method) when high purity starting products are used. Moreover, the
microwave-assisted dissolution of YBCO powder always delivered highly stable
TFA precursors with low water content, suitable for the deposition of YBCO films
and potentially interesting for their industrial scalability.

The decomposition of the metal-organic precursor is one of the critical steps
in CSD-based growth of high-quality ceramic films. TGA-DTA analysis can give
detailed insights in the temperature dependency of the decomposition. Early works
affirmed that TFA metal-salts start to decompose at the range between 200 and
250 ◦C [20]. From the TGA analysis (full black line), shown in Fig. 5.2, it can
be seen that the weight loss starts at 100 ◦C and the precursor is fully decomposed
at 340 ◦C with a total mass loss of around 70%. The mass loss as a function of
the temperature can clearly be divided into three separate stages [3]. The first stage
(from 50 to 100 ◦C) shows the dehydration and evaporation of organic solvents
with a very small mass loss of around 2%, which is lower compared to the mass
loss of 8% for non-purified TFA-YBCO precursor obtained via the conventional
preparation method [25, 26], confirming the small water content. The second stage
between 100 and 210 ◦C was previously attributed to the evaporation of coordinated
solvents and results in a mass loss of approximately 10%. Starting at 210 ◦C, the
thermo-oxidative decomposition of the TFA metal-salts takes place with a broad
exothermic peak in the DTA signal which indicates the successful decomposition
of the three TFA precursors, Y(TFA)3, Cu(TFA)2, and Ba(TFA)2, leading to a large
mass loss (~60%). As this can induce a large shrinkage during thin film processing,
the third stage is considered to be the critical step in the decomposition of TFA
precursors [26–28].

The TGA analysis of both microwave-assisted (full black line) and conventional
(blue dotted line) heated TFA precursors starting from same TFA metal-salts shows
a difference in the decay in the second stage (between 100 and 210 ◦C), as seen in
Fig. 5.2. The broad exothermic peak of DTA signal (Fig. 5.2) of microwave-assisted
TFA precursors also shows their successful decomposition. We hypothesized that
the mass loss in the sample prepared by conventional heating is due to high boiling
impurities, formed during the dissolution. To facilitate the analysis of the organic
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Fig. 5.2 TGA-DTA record of TFA precursor derived from microwave-assisted and conventional
heating with heating ramp of 10 K min−1 and air atmosphere. Reprinted with permission from
[29]. Copyright © 2017, John Wiley and Sons

content, both dissolution methods (microwave and conventional) were repeated
in the absence of YBCO powder. After the microwave-assisted dissolution of the
TFAA-acetone mixture, a yellow solution was obtained compared to a dark orange-
brown solution after the conventional heating treatment, confirming the occurrence
of by-products in the latter. The predominant compound 4-methylpent-3-en-2-one
or mesityl oxide is recognized in the solution prepared via conventional heating
without adding YBCO powder as confirmed via nuclear magnetic resonance and
mass spectrometry analysis. Thus, the conventional heating mainly leads to the
formation of mesityl oxide which originates from the aldol condensation of acetone
acid catalyzed by TFAA [29–36]. When comparing our microwave-assisted acid
dissolution with conventional oil bath heating, it becomes clear that the drastic
shortening of the synthesis time by a factor of 72 and the high purity of the precursor
solution led to significant advances towards more viable YBCO solution processing.

5.2.3 Generalization for the Preparation of the YBCO
Precursor

Currently, CSD research is evolving towards the use of an YBCO precursor with
a lower fluorine content to reduce the release of fluorinated compounds during
the thermal process [27]. In general, complex additives or solvent mixtures are
necessary during the preparation of low fluorine solutions to improve the stability
of metal ions (mainly for copper) [37, 38]. Especially, the stabilization of the
metal ions can lead to an improved growth mechanism, resulting in thin films
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with high quality [39]. In this work, a low-fluorine (LF) YBCO precursor solution
with a 66% reduction in fluorine content is synthesized via microwave heating.
The precursor is prepared by mixing TFAA and propionic acid in acetone. This
results in the formation of highly pure metal-salts with less impurities (or by-
products) of the purified solution without the presence of YBCO powder. Thus,
the aldol condensation is not catalyzed by the presence of propionic acid. This
microwave-assisted method also results in stable YBCO precursor solution without
the formation of precipitates and remains stable for several weeks without additives.
It shows that the microwave-assisted method could result in YBCO precursor
solutions with different contents of fluorine by adjusting the ratio between TFAA
and propionate acid. However, the microwave-assisted method does not give the
ability to tune YBCO stoichiometry. For this latter, we work in this chapter with
LF-YBCO precursor solution prepared by dissolving Y-propionate, Ba-TFA, and
Cu-propionate in a desired Y:Ba:Cu ratio plus additives in methanol. This reaction
mixture is heated to 60 ◦C for 30 min on a hot plate and the total metal concentration
of YBCO is subsequently adjusted to desired concentration (1.5 mol L−1) by adding
methanol.

5.2.4 Spin-Coating Technique

After obtaining a stable and reliable precursor solution, it has to be deposited on
the appropriate substrate via different non-vacuum deposition techniques. These
different techniques can be applied to obtain a homogeneous wet thin film which
can be transformed to the crystalline thin film through thermal process. In this
chapter, the spin-coating technique is commonly used because it is a rapid and
useful technique for depositing thin films. However, spin-coating is a typical lab-
scale technique and shows a limited scalability with regard to the processing. In
contrast to spin-coating, other techniques such as dip-coating and ink-jet printing
can further strengthen the industrial feasibility as these techniques can offer the
opportunities for the deposition of large-scale production of coated conductors.

Spin-coating has three important aspects: wetting, thinning, and drying of the wet
coating. In the first aspect, a quantity of the desired precursor solution is deposited
onto an appropriate substrate via a pipette or syringe. It is important to ensure a good
wetting of the precursor solution on the substrate as it results in a good coverage of
the solution and thus a good coating quality. Next, the spin-coater is accelerated to
a faster spinning speed (in the range of a couple of thousand rotations per minute,
rpm) to spread out the precursor solution on the substrate and to remove the excess
amount of precursor solution. The ramping rate and final spin speed have an impact
on the final coating thickness (thinning) and may also have an influence on the
uniformity of wet coating. Finally, this spin speed is kept constant for a period to
dry of the wet coating via the solvent evaporation (often methanol). After spin-
coating, the as-deposited substrates are subjected to further thermal processing. For
Newtonian fluids, the final coating thickness (hf) can be predicted in terms of the
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key solution parameters according to:

hf = c0

(
e

2 (1 − c0)K

)1/3

(5.2)

where e is the evaporation depending on the spin speed (ω) and K = ρω2(3η)−1

depending on the metal concentration (c0), density (ρ), and viscosity (η) of the
precursor solution. Thus, the coatings have the best quality when the precursor
solutions fulfill the fluid properties and when the solvent is not evaporating too
quickly. In this work, the precursor solutions were deposited using a spin-coater
model CHEMAT.

Experimental Spin-Coating of YBCO Precursor Solutions

In this work, we only show the ability to fabricate a TFA-YBCO thin film to confirm
the introduction of microwave dissolution of YBCO powder and focus further on the
use of LF-YBCO (66% fluorine reduction) precursor solutions as environmentally
benign precursors. First, the TFA and LF-YBCO precursor solutions were deposited
on (100)-LaAlO3 single crystal substrates by means of spin-coating. Prior to
coating, the substrates were first rinsed with isopropanol and afterwards heated to
400 ◦C on a hot plate in air to remove adsorbed organics and to improve wettability.
The 1.5 M TFA-YBCO or 1.08 M LF-YBCO precursor solutions were spin-coated
with the spin rate of 2000 rpm and a spin time of 1 min. The as-deposited layer was
preheated at 65 ◦C for 3 min to evaporate the solvent.

Thermal Process of Fluorine-Based YBa2Cu3O7−δ Layer

After the spin-coating, the coated gel films undergo a thermal process. The overall
thermal process of fluorine-based YBCO film is already described in literature [29–
40] and can be divided into three stages: (1) the thermal decomposition (pyrolysis),
(2) crystallization (growth), and (3) the annealing process. The decomposition of
the metal-organic precursor is one of the critical steps in CSD-based growth of
fluorine-based YBCO films. The pyrolysis step (Fig. 5.3a) is implemented to remove
organic constituents which have a detrimental effect on the final superconducting
properties. The pyrolysis process consists of a heating rate (3–5 K min−1) up to
190 ◦C under humid O2 atmosphere. This wet atmosphere is introduced at 100 ◦C to
avoid the early sublimation of Cu metal-salts. The inlet gas is humidified by passing
it through a water bath maintained at room temperature. In the region between 190
and 220 ◦C, the densification [1] process starts which is an endothermic drying
that can lead to a buckling effect. Therefore, a slow heating rate of 1 K min−1 was
introduced to avoid the buckling effect. Next, the metal-organic precursors [2] start
to decompose between a temperature range of 220 and 400 ◦C (Vide infra) and it is
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Fig. 5.3 Schematic representation of (a) the pyrolysis process and (b) the thermal process of
fluorine-based YBCO layer. The regions marked in blue indicate that the flowing gas is humidified

an exothermic process, which can lead to a cracking effect [28]. After the pyrolysis
step, the microstructure consists of CuO nanoparticles embedded in an amorphous
matrix of Ba1−xYxF2−x.

To fabricate an YBCO layer (Fig. 5.3b), the pyrolyzed layers are heated [1] to
a high temperature between 790 and 840 ◦C to crystallize the tetragonal phase of
YBCO. A temperature of 840 ◦C cannot be exceeded because a decomposition of
the YBCO phase will occur. During this heat treatment, a wet O2 in N2 atmosphere
was introduced to decompose the BaF2 phase (blue marked region in Fig. 5.3b) and
is known as the ex situ BaF2 process [20, 21]. However, the nucleation starts during
the heating up to the crystallization temperature and takes place at the substrate
interface. The YBCO growth rate depends on the water pressure, oxygen pressure,
gas flow rate, and growth temperature. YBCO formation will not occur when the
wet atmosphere is switched to a dry atmosphere and when cooling down [2].

The ex situ BaF2 process is reported in literature where the Y2Cu2O5, BaF2,
and CuO are converted into YBCO by the release of HF by introducing H2O at the
growth interface. The overall reaction in the fluorine-based process is proposed as:

0.5 Y2Cu2O5 (s) + 2 BaF2 (s) + 2 CuO (s)

+ 2 H2O (g) → YBa2Cu3O7−δ + 4 HF (g) + x

2
O2 (g)

(5.3)

After the crystallization, the oxygenation [3] process follows, under a dry
oxygen atmosphere, to convert finally the tetragonal YBa2Cu3O6 phase into the
superconducting orthorhombic YBCO phase. This process takes place between 350
and 600 ◦C. The dwell time is depending on the used oxygenation temperature.
Theoretically, a lower temperature gives rise to better superconducting properties.
However, a low temperature leads to a decrease in O2 diffusion in the YBCO layer.
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Structural Properties

The epitaxial quality of the YBCO thin film was analyzed by θ -2θ diffraction
patterns. The X-ray diffraction (XRD) spectrum of TFA-YBCO (Fig. 5.4) shows
very strong (00�) YBCO reflections—2θ = 22.8◦ (003), 30.6◦ (004), 38.5◦ (005),
and 46.6◦ (006)—without any sign of random YBCO or impurities. Next, the thin
film should exhibit a smooth and homogeneous microstructure in order to achieve
a Jc. Structural properties were characterized with an FEI Nova 600 Nanolab
Dual Beam focused ion beam (FIB) scanning electron microscope (SEM) and
a JEOL JEM 2200-FS transmission electron microscope (TEM). For the TEM
measurements, a cross-sectional lamella was cut via the FIB in situ lift out procedure
with an Omniprobe™ extraction needle and top cleaning. TEM has accelerating
voltages of 60–300 kV which leads to an atomic resolution because the electrons
exhibit a very small wavelength. It makes a very powerful technique for obtaining
crystallographic information of the samples. In this chapter, the TEM analysis of
YBCO film was investigated in-house with JEOL 2200FS TEM operating at 200 kV
with a post-sample spherical aberration correction. Several TEM-modes were used
throughout this work to obtain a specific amount of information. Crystallographic
information can be obtained by high-resolution TEM in combination with selected
area electron diffraction patterns. Bright field TEM was investigated to see the
defects present in the matrix. Compositional information was observed via high-
angle annular dark field (HAADF) STEM. This HAADF-STEM technique is
highly sensitive to variations in the atomic number of atoms in the sample (Z-
contrast images). Foreign phases in the YBCO matrix were determined via energy
dispersive X-ray (EDX) spectroscopy in HAADF-STEM. SEM analysis shows that
the thickness of the TFA-YBCO film is 200–250 nm determined from the cross-
sectional view. More importantly, it is also clear from this cross-section and surface
(Fig. 5.5a) that the film is homogeneous and crack-free without the presence of any
a/b-oriented grains, which could decrease the superconducting properties.

In Fig. 5.5b, the LaAlO3/TFA-YBCO interface was studied by high-resolution
(HR) TEM, which confirms that the YBCO layer grows fully (00�)-oriented without
the formation of secondary phases. The selected area electron diffraction (SAED)
pattern is shown in the inset of Fig. 5.5b which further confirms the excellent biaxial
alignment and the cube-on-cube orientation relationship between TFA-YBCO and
LaAlO3. These excellent structural properties yielded TFA-YBCO films with Jc
up to 3.5 MA cm−2 in self-field at 77 K (measured inductively with a voltage
criterion of 50 μV in a Theva Cryoscan™ system), similar to the results obtained
via the conventional TFA precursors by Roma et al. [26]. The LF-YBCO thin film,
starting from 1.08 M LF-YBCO precursor solutions, shows the presence of a Y-rich
secondary phases such as Y2O3 and Y2Cu2O5 on the LF-YBCO surface as shown
on SEM image (Fig. 5.5c). Nevertheless, compared to the standard TFA-YBCO
thin film, the YBCO surface of the LF-YBCO film shows better homogenous and
dense layers with a thickness of 250–270 nm (see inset Fig. 5.5c). The epitaxial
growth was observed for the LF-YBCO precursor, giving rise to superconducting
performances with Jc up to 4 MA cm−2 in self-field at 77 K compared to Palmer
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Fig. 5.4 The XRD diffraction θ-2θ of a fully grown TFA-YBCO thin film on a LaAlO3 substrate.
(LAO and YBCO reflections by the secondary radiation of X-ray tube are marked with an asterisk.)
Reprinted with permission from [29]. Copyright © 2017, John Wiley and Sons

Fig. 5.5 TFA-YBCO thin film obtained after modifying the wetting behavior and the deposition
parameters: (a) Topographical SEM image with cross-sectional view as inset and (b) HRTEM
of LAO [100]/YBCO [001] interface (inset shows diffraction pattern). LF-YBCO thin film: (c)
Topographical SEM image with cross-sectional view as inset. Reprinted with permission from
[29]. Copyright © 2017, John Wiley and Sons

et al. [37]. As LF-YBCO processes are more environmentally benign, we focused
on use of LF-YBCO precursors in this chapter which is suitable for industrial
production.

5.2.5 Dip-Coating Technique

The dip-coating method is known as one of the simplest scalable deposition
techniques and can be divided into three important stages, namely (1) immersion
and dwell time, (2) drainage, and (3) evaporation of the solvent. The substrate is
first immersed in the precursor solution reservoir with a constant speed followed
by a certain dwell time for completing the wetting. The substrate is subsequently
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withdrawn from the precursor solution with a constant speed. The thin wet film of
precursor solution is entrained on the substrate and excess liquid will drain. The
solvent will start to evaporate, forming the as-deposited thin film. This technique
looks simple, however, the thickness of wet thin film is controlled by the Landau-
Levich equation (Eq. 5.4) which describes the experimentally thickness via the
withdrawal speed (v, mm min−1), gravitational forces (g, 9.81 m s−2), and the
rheological parameters (e.g., the density ρ, the viscosity η, and the surface tension
γ ) of the solution precursor.

d = 0.94(ην)2/3

γ 1/6(ρg)1/2 (5.4)

In this coating process, there is an important link between the structure of the
solution and the final thickness of the deposited film. The critical thickness may
not be exceeded as it results in cracking or less uniformity of the wet thin film
on the substrate. It is worth noting that this simple dip-coating is limited for this
application due to fast evaporation of solvents (e.g., methanol) and contamination by
the atmosphere due to open coating reservoir and long-term operation, resulting in
the complete use of the precursor solution. In this work, we will use this dip-coating
technique on industrial metallic substrates because it is very close to the slot-die
coating technique which is often used in industry due to their similar uniformity of
coating and solvent evaporation rate [41].

Experimental Dip-Coating of YBCO Precursor Solutions

The major issue for high superconducting performance is the orientated growth of
the superconducting layer on a desired substrate. Therefore, a technical substrate—
highly cube textured Ni-5 at %W (Ni5W) tapes—with chemical solution deposited
La2Zr2O7 (LZO) and a CeO2 buffer layers were used (Fig. 5.6). However, the major
drawback of the CeO2 thin layer as a growth template for YBCO is the formation
of barium cerate (BaCeO3) as a secondary phase at the CeO2/YBCO interface
during the thermal process, resulting in barium deficiency into the YBCO film.
It subsequently leads to poorer superconducting properties due to the presence of
YBCO misorientation and the formation of undesired secondary phases. However,
the fact is that CeO2 layer is essential for the epitaxial growth of CSD-based YBCO
layer. So, it is desirable to suppress the formation of BaCeO3 phase by accurate
control of the optimized process parameters of YBCO crystallization. When
introducing a typical YBCO crystallization process at 800 ◦C with a slow heating
rate (5 K min−1) under 100 ppm O2 in N2 atmosphere on the pyrolyzed YBCO
on Ni5W tapes, it results to more formation of the secondary phases—BaCeO3 and
BaxCuyOz phases—and less (00�) YBCO texture compared to YBCO on LaAlO3
substrate (see Fig. 5.7). So, a strict optimization of the YBCO crystallization for
YBCO layer on Ni5W tape is essential.
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Fig. 5.6 Relative orientation
of the layer-layer system of
Ni5W-LZO-CeO2-YBCO
and its HAADF-STEM
overview [19]

Fig. 5.7 The XRD diffraction θ-2θ of YBCO layer on Ni5W tape after the same thermal
processing of LaAlO3 substrate. (Heating rate with 5 K min−1 to 800 ◦C under wet 100 ppm
O2 in N2 atmosphere with a dew point of 23 ◦C)

In this work, a highly textured Ni5W tape with triple LZO buffer layers and a
CeO2 cap layer was used, shown in Fig. 5.6. These buffer layers were coated in
reel-to-reel processes on 10 nm wide rolling-assisted biaxially textured substrate.
To build a thicker YBCO film via the dip-coating technique without any formation
of cracks during the pyrolysis, Falter et al. [42] has shown four different methods:
(1) Increasing the thickness using higher concentration of YBCO precursor solution,
multiple deposition of YBCO precursor solution with (2) a pyrolysis step between
each coating step or (3) without any pyrolysis step between, (4) withdrawing the
substrate faster out the precursor solution.

In this work, we describe how to increase the YBCO film’s thickness up to
450 nm via method (4). The low-fluorine (LF) YBCO precursor solution is prepared
with dissolving Y-propionate, Ba-TFA, and Cu-propionate in methanol at 60 ◦C for
30 min on a hot plate in theambient with YBCO concentration of 0.9 M, resulting in
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Table 5.1 The relationship between drawing speed of dip-coating and its thickness after pyrolysis
and YBCO crystallization

Drawing speed mm min−1 Film thickness (nm)
After pyrolysis After crystallization

160 1200 660
130 800 455
100 500 315
70 400 245
40 300 200

a viscosity of 8.5 cP. This off-stoichiometric leads to Y-rich and Ba-poor films and
results in high critical current density [43]. Priority to the dip-coating, the Ni5W
substrates are cleaned by then washing with isopropanol and subsequently heat
treated at 400 ◦C for 5 min to remove organic adsorbents. Afterwards, the substrates
are dipped into the precursor solution and withdrawn out vertically with a speed
in the range of 40–160 mm min−1 (Table 5.1). After the dip-coating procedure,
the back-side of Ni5W substrate was cleaned with acetone to remove the excess
wet film. Subsequently, the as-deposited Ni5W substrates undergo thermal process
(pyrolysis, YBCO crystallization, and annealing). The thickness after pyrolysis and
after YBCO crystallization was verified via FIB cross-sectional SEM images. The
increase in thickness of YBCO layer is in line with the higher drawing speed while
the pyrolyzed films are reduced with the factor after YBCO crystallization.

We dipped the cleaned Ni5W substrate into the YBCO precursor solution,
left it there for 10 s and vertically drawn it out upwards with a drawing speed
of 100 mm min−1. After drying at 65 ◦C on a hot plate in the ambient to
evaporate methanol for 5 min, the procedure is repeated with a drawing speed
of 60 mm min−1. This second procedure does not increase the film’s thickness
twice but makes the wet film more compact which leading to a better surface
homogeneity after the thermal process. After full thermal process with a heating
rate of 100 K min−1, the thickness is 450 nm as verified via cross-sectional SEM
image. The fast heating rate of 100 K min−1 was obtained via direct insertion of
the decomposed films into a preheated tube furnace at 815 ◦C for 45 min in a
flowing N2 atmosphere containing 500 ppm O2. The inlet gas was humidified by
passing it through a water bath maintained at 25 ◦C. After YBCO crystallization,
the samples underwent an annealing procedure under pure O2 atmosphere for 2 h.
This fast heating rate and 500 ppm O2 atmosphere during YBCO crystallization
were introduced to accelerate the YBCO growth because the slow heating rate of
5 K min−1 results in more formation of large secondary phases such as BaxCuyOz
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Fig. 5.8 XRD θ -2θ patterns
of a fully processed YBCO
film on Ni5W substrate,
indicating good epitaxial
quality. (Reflections by the
secondary radiation of X-ray
tube are marked with an
asterisk)

and Y2Cu2O5. These secondary phases can be ruled out by introducing the modified
thermal process as shown on XRD θ -2θ pattern (Fig. 5.8). There are also strong
(00�) YBCO reflections—2θ = 15.2◦ (002), 22.8◦ (003), 30.6◦ (004), 38.5◦ (005),
and 46.6◦ (006)—indicating good epitaxial quality of the YBCO film.

This excellent epitaxial growth leads to a Tc of 87.5 K and a critical current
density of 0.2 MA cm−1. These poor superconducting properties are due to the
presence of large secondary phases (such as BaxCuyOz and Y2Cu2O5) in the
YBCO matrix as observed in the HAADF-STEM image (Fig. 5.9). However, the
YBCO layer shows the typical YBCO topographical structure (Fig. 5.10a and
diffraction patterns on Fig. 5.9b), but with the presence of very large Y2Cu2O5 phase
(Fig. 5.10b in the YBCO matrix and Fig. 5.9c close to the YBCO/CeO2 interface)
as confirmed via EDX analysis. This additional phase is probably formed due to a
higher amount of Y in the YBCO precursor solution. It is remarkable that this phase
does not induce the region of lots of stacking faults (SF) in YBCO matrix. However,
some SF can be observed in YBCO matrix (See Fig. 5.10d).

Nevertheless, from the microstructural analysis, we can conclude that epitaxial
YBCO with some secondary phases can be grown on the coated conductor
architecture (Fig. 5.10b) with a CeO2 top layer, three stacked LZO buffer layer
(diffraction pattern in Fig. 5.9c shows pyrochlore structure) onto tungsten-doped
nickel substrate (diffraction pattern in Fig. 5.9d shows cubic structure). However,
some BaCeO3 phases can be formed due to the reactivity of CeO2 with Ba2+
without affecting the growth of YBCO. Based on these preliminary results, there
is still room for further optimization such as adjusting the stoichiometric ratio of
Y:Ba:Cu by means of a reduction in the excess of Y in the YBCO precursor solution.
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Fig. 5.9 (a) HAADF-STEM overview image of YBCO on Ni5W tape with its diffraction patterns
of (b) YBCO film, (c) three stacked LZO buffer layer, and (d) nickel substrate. The marked regions
in the HAADF image are enlarged in Fig. 5.10

Fig. 5.10 High-resolution TEM images of YBCO film grown on Ni5W tape: (a) YBCO matrix,
showing a good (00�)-oriented, the presence of Y2Cu2O5 phase in (b) YBCO matrix and (c) close
to YBCO/CeO2 interface, (d) YBCO matrix showing a stacking fault (SF) between two secondary
phases in the YBCO layer, (e) YBCO/Ni5W tape interface and (f) the formation of BaCeO3 phase
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5.3 YBa2Cu3O7−δ Nanocomposite Architecture

The challenge is to achieve a cost-effective and high performance YBCO-coated
conductor with strict requirements for power applications as generators, motors
or magnets at high external magnetic fields. Unfortunately, the Jc performances
start to drop in the mixed state of type II superconductor due to the vortex motion
(Fig. 5.11). So, it becomes crucial to immobilize or to pin the vortices at a fixed
position so vortex pinning has to enhance the performances of these devices. This
means that the goal is to increase the pinning force and to displace the irreversibility
field to a higher magnetic field. Vortex pinning is possible by the presence of pinning
centers and can be divided into two categories: intrinsic defects in superconductor
and artificial non-superconducting phases. As the vortex is depending on the
Ginzburg-Landau parameters, namely the superconducting coherence length ξ (the
core of vortex) and the London penetration depth λ, the size of the pinning center
should be in the range of 2ξ (few nm) and homogeneously distributed in the
superconducting matrix. The pinning centers can pin strongly or weakly according
to the strength of the pinning force. Pinning is strong when the force is strong
enough to deform the vortex. On the other hand, pinning centers smaller than 2ξ give
a weak pinning. This means that many weak pinning centers (collective pinning) are
needed to pin a vortex. So, the capability to pin vortex depends on the shape, size,
and distribution of the pinning centers present in the superconducting matrix. The
latter also has an influence on the superconducting matrix and its superconducting
properties. Figure 5.11 (red curve) shows a simplified magnetic field dependence

Fig. 5.11 Log-log plot showing the decay of critical current density in the presence of an external
magnetic field. The requirements for devices clearly exceed the present performance at this
temperature thus limiting the use of YBCO-coated conductors in high field power applications.
Red curve shows a simplified magnetic field dependence of Jc to represent the pinning behavior in
three different regions



5 Superconducting YBa2Cu3O7−δ Nanocomposite Films Using Preformed. . . 151

of Jc to represent the pinning behavior in three different regions. The first region
is a low magnetic field where the single vortex pinning is dominant, where each
vortex is individually pinned to a defect and the Jc will remain constant. When the
vortex–vortex interactions start above the accommodation field B∗ (determined by
the criterion Jc(B∗ ) = 0.9Jc(0)), the Jc will decrease according to the power-law α,
but depends on the pinning center strength [44]. In this region, several vortices are
pinned to each pinning center which is called as small vortex bundle pinning. When
the magnetic field increases, large vortex bundle pinning makes the Jc decrease
faster due to the irreversibility line [45].

5.3.1 Intrinsic Defects

Intrinsic or natural defects are the crystalline defects generated during the hetero-
epitaxial thin film growth. These defects are typically oxygen vacancies, columnar
defects, dislocations, twin boundaries, antiphase boundaries, stacking faults, inter-
growths, etc. [46] and are created in an YBCO thin film. It is important to know
that the defects are never superconducting and that they can act as vortex pinning.
Noteworthy, it is not necessary that vortex pinning centers are non-superconducting
but can just be worse superconducting if the order parameter is limited. The
microstrained regions around the particles in the YBCO matrix are not the pinning
center but they effectively increase the pinning size and thus the pinning force
of the particles [47]. So, YBCO performances depend on the capabilities of the
vortex pinning centers as well as on a good texture quality of the film. Because
the introduction of a higher concentration of natural defects will result in a poorer
texture and thus degrade the superconducting properties.

These defects can be classified on the basis of their dimensionality [48].

• 0D (punctual defects as atomic vacancies and cation disorder)
• 1D (dislocations and columnar defects)
• 2D (planar defects as grain boundaries, twin boundaries, and stacking faults)
• 3D (precipitates, secondary phases and voids)

The dimensionality and orientation of the defects must also be taken into account
as an important criterion known as anisotropic pinning behavior. In this kind of
pinning behavior, linear and planar defects are anisotropic pinning centers where the
vortex pinning depends on the orientation of the magnetic field and is the strongest
when it is in alignment with the defects. If the pinning centers are not depending on
the relative orientation of the magnetic field, they are called isotropic pinning centers
[49]. These pinning centers should be distributed throughout the superconducting
material to pin a number of vortices as they are present with an average distance of
10–30 nm in between [12].

The effectiveness of these defects as pinning centers is also depending on the
temperature and the magnetic field. The main conclusion is that the distribution,
anisotropy, and dimension of the defects have an influence on the vortex pinning
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properties and thus also on the performances of the YBCO. However, the intrinsic
defects of superconducting materials are not strong enough to pin the vortices at
high magnetic fields for the required applications. This leads to the next challenge
to enhance the YBCO performances at high magnetic fields, by introducing artificial
pinning centers in the superconducting materials without deterioration of the YBCO
texture.

5.3.2 Introduction of YBCO Nanocomposite Layer

This benign CSD approach starting from microwave-based YBCO precursors
led to good YBCO texture with good superconducting properties in self-field.
Unfortunately, the Jc performances of this LF-YBCO thin film start to drop when
the magnetic field is increased, due to the vortex motion. It becomes crucial to
immobilize or to pin the vortices at a fixed position. So vortex pinning has to
enhance the performances of electrodynamic devices. This means that the goal
of this work is to increase the pinning force densities of the LF-YBCO thin
film. At the moment, there are already scientific articles published concerning the
introduction of non-superconducting secondary phases in the YBCO matrix via a
spontaneous segregation during the fabrication of the TFA-YBCO thin film [50].
These secondary phases are introduced via the addition of extra metal-organic
salts to the TFA-YBCO precursor solution to grow the desired secondary phases
(e.g., Y2O3, BaZrO3, BaHfO3, BaCeO3, and Ba2YTaO6) [51–55]. This approach
demonstrates enhanced in-field performances compared to undoped YBCO films.
However, this approach offers limited control on the formation and size distribution
of the nanostructures and faces issues with reproducibility. This in situ approach also
requires a highly controlled heat treatment of the roll-to-roll processing equipment
which makes it hard-to-reach.

To offer better control over the final microstructural properties of the YBCO
nanocomposite films, colloidally stable nanocrystals are introduced as artificial
pinning centers. This preformed nanocrystal approach can provide more control
over the final nanoparticles properties (e.g., size and distribution) in the YBCO
matrix [2]. As this approach is very complicated, a new challenge has appeared for
the researchers which have been thoroughly discussed in this work. Up to now, only
a few attempts have been made at the synthesis of superconducting nanocomposite
film using preformed nanocrystals (Au, CeO2, and ZrO2) as artificial pinning centers
in the TFA-based YBCO method [56–58]. The success has been limited because the
nanocrystals are either pushed to the YBCO surface or accumulated at the substrate
interface. The latter hampers the epitaxial growth of YBCO, leading to poor
superconducting properties. However, it is important that the addition of preformed
nanocrystals, as the so-called artificial pinning centers, can effectively decrease
the magnetic field dependence of Jc. To confirm the success of this approach, the
superconducting properties of ZrO2-doped YBCO layers on single crystal substrates
were investigated via magnetic measurements. The reason is that it is easier to
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study its pinning mechanism on LaAlO3 substrates since extra parameters due to
influences of the substrate are eliminated.

5.3.3 ZrO2 Nanocrystals in YBCO Precursor Solutions

In this work, small 3–5 nm ZrO2 nanocrystals (distorted tetragonal crystal struc-
ture [12]) were synthesized according to Joo et al. [59] and purified according
to De Keukeleere et al. [60]. These nanocrystals appear to be capped with
hydrophobic phosphorus-containing ligands after a heating-up synthesis with tri-n-
octylphosphine oxide and can be redispersed in toluene, yielding a clear suspension
with a solvodynamic diameter of 5.9 nm in Dynamic Light Scattering measurements
(DLS, Table 5.2). However, a ligand exchange is necessary to stabilize these
hydrophobic phosphorus-containing ligands capped ZrO2 nanocrystals in the polar
and highly ionic-based LF-YBCO precursor solution [29–61]. In this work, we are
able to execute a ligand exchange and phase transfer ZrO2 nanocrystals to methanol
and in the LF-YBCO precursor solution with a solvodynamic diameter of 6.4 nm for
the copolymer with phosphonate group, 8.1 nm for copolymer with bisphosphonate
group, 5.9 nm for tartaric acid, and 5.8 nm for citric acid, confirmed by DLS analysis
(Table 5.2) [62].

5.3.4 Nanocomposite Formation and the Influence of Ligands

After spin-coating of undoped and ZrO2-doped YBCO precursors on LaAlO3
substrates, the layers were pyrolyzed in a wet O2 atmosphere (Fig. 5.1, stage
II and Fig. 5.3a). Optically homogeneous layers were obtained without the for-
mation of defects such as buckling or cracks, it means that the ligands do not
disturb the decomposition of the LF-YBCO precursor itself. The microstructure
of the pyrolyzed layers consists of CuO nanoparticles embedded in a matrix of
Ba1−xYxF2+x [2]. After crystallization (Fig. 5.1, stage III and Fig. 5.3b), epitaxial
YBCO was obtained for all pyrolyzed layers. The critical current density of the

Table 5.2 Overview of the LF-YBCO nanocomposite precursors with different ligands, their
solvodynamic diameter in methanol, indicating the different critical current densities (self-field,
inductively measured at 77 K, voltage criterion of 50 μV)

Ligand ds nm Jc,sf (77 K) MA cm−2

Phosphonate 6.4 3.1 ± 0.1
Bisphosphonate 8.1 2.8 ± 0.3
Citric acid 5.8 2.0 ± 0.8
Tartaric acid 5.9 1.6 ± 0.4

Adapted from [62]
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citric acid, tartaric acid, and bisphosphonate-based nanocomposites are only in
the range of 1.5–2.8 MA cm−2 compared to 2.8 MA cm−2 for undoped YBCO,
while the phosphonate-based nanocomposite showed a critical current density of
3.1 MA cm−2 (Table 5.2). Clearly, the nature of the ligands is crucial to the final
superconducting performance of the nanocomposite. To study this effect in more
detail, we analyzed samples that were thermally quenched as soon as they reached
the growth temperature of 790 ◦C. The XRD analysis [62] features crystalline
BaF2 that is in the process of reacting towards epitaxial YBCO. The difference
in BaF2 intensities is due to the competing reaction with ZrO2 nanocrystals (vide
infra). Interestingly, the (005) reflection of YBCO is much lower for the short
carboxylate-based nanocomposite, indicating a slower growth rate. We infer that the
slow growth rate is symptomatic for poor epitaxial growth because of the changes
in the nucleation process [3–63]. These changes can generate non-c-axis oriented
grains, resulting in the lower critical current density.

5.3.5 Secondary Ion Mass Spectroscopy Analysis of Pyrolyzed
Samples

As the growth of textured YBCO layers is a delicate process [3–29], the choice
of stabilizing ligands need to be careful. Poorer YBCO growth due to the ligands
is probably originated by the presence of possible impurities after the pyrolysis.
Secondary ion mass spectroscopy (SIMS) has been used to analyze pyrolyzed
undoped YBCO film (Fig. 5.12) and reveals the ratio of Ba/Y (red line) and
Cu/Y (black line) in the amorphous matrix. This analysis indicates that more CuO

Fig. 5.12 The relative composition of Ba/Y and Cu/Y in pyrolyzed matrix of (a) undoped and
(b–e) ZrO2-doped YBCO films, determined via SIMS analysis. Reproduced from [62]
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nanoparticles (probably coarsened or due to surface inhomogeneous) are on top of
pyrolyzed matrix with a constant Ba/Y ratio throughout pyrolyzed sample.

Nevertheless, ZrO2-doped pyrolyzed YBCO samples starting from different
ligands show different metal distributions in the amorphous Ba1−xYxF2+x matrix.
On the top surface, there is a Cu-rich zone by phosphonate and bisphosphonate-
based ZrO2-doped sample with constant Ba/Y ratio. This metal ion distribution
into the matrix yields in excellent superconducting properties (e.g., high critical
current density). However, short carboxylate-based ZrO2-doped films show an
inhomogeneous distribution of metal ions (i.e., irregular ratio of Ba/Y) into the
matrix and result in lower superconductivity. It is possible that the quality of
YBCO structure is sensitive to the inhomogeneity of metal content (especially Ba
and Y) in the layer. To unravel this effect, all pyrolyzed samples underwent an
YBCO crystallization process and were analyzed via XRD. Based on XRD data,
short carboxylate-based nanocomposite films contain more secondary phases like as
Ba2Cu2O5 and Y2Cu2O5 while steric dispersant-based films have minor secondary
phases. It is probably due to the disturbed nucleation mechanism of the epitaxial
YBCO film because the formation of the BaF2 phase on the LAO interface is not
beneficial. As SIMS indicates there are less Ba2+ present at the bottom layer of the
pyrolyzed layer.

5.3.6 Magnetic Measurements

Good biaxial YBCO texture is an important matter but it is essential that the
nanocrystals are incorporated into YBCO matrix to deliver good pinning properties.
For this reason, the magnetic properties were measured with a Quantum Design
Physical Property Measurement System (PPMS). The onset Tc values, defined
with the AC Measurement System (ACMS) option of the PPMS from the onset
temperature of the in-phase component of the AC-magnetization and calculated
from the criterion of �Tc = T 90%

c − T 10%
c , are listed in Table 5.3. The Jc’s of

all samples are calculated using the Bean critical state model from the opening
of the hysteresis loop up to 8 T, obtained by DC-magnetization [64]. The Jc was

Table 5.3 Collection of critical temperature Tc, critical current densities Jc at self-field and 1 T
(magnetically measured at 77 K), accommodation field B∗, the power-law exponent α in undoped
and ZrO2-doped YBCO films on LaAlO3 substrates

Ligand Tc K Jc,mag (0 T) MA cm−2 Jc,mag (1 T) kA cm−2 B∗ mT α

Undoped 90.0 2.37 41.54 7.62 0.68
Phosphonate 90.5 2.68 237.00 17.02 0.39
Bisphosphonate 91.5 2.14 79.05 9.85 0.58
Citric acid 90.5 1.65 120.32 15.52 0.40
Tartaric acid 89.0 0.74 72.76 20.06 0.40

Adapted from [62]
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recorded with the electric field criterion of 215 μV cm−1. These magnetically
measured transitions are very informative in order to get better understanding of
overall film quality due to the current percolation throughout the YBCO film. The
Bean critical state model is widely used because of the ease of use and its accuracy.
However, the obtained Jc values must be carefully compared with the other Jc
values obtained by different methods [65]. It can be concluded that the addition of
nanocrystals slightly increase the magnetic transition by means of Tc and that there
is probably some strain around the particles and structural defects in the YBCO
matrix. However, the tartaric acid-based ZrO2-doped YBCO film shows a slight
decrease and is probably explained due to lots of the secondary phases in the YBCO
matrix. On the other hand, the magnetic field dependences of Jc’s were calculated
at 77 K in maximum Lorentz force configuration in which the applied magnetic
field direction is always perpendicular to the direction of the current flow and the
fittings were made using a double logarithmic plot with Jc(T, H) = A(T)B−α and
are shown in Fig. 5.13. It is clear that the critical current densities are in the range
of 1.5–3 MA cm−2 except tartaric acid-based ZrO2-doped YBCO film, which only
achieved a Jc of 0.74 MA cm−2. This latter is due to a large amount of undesired
secondary phases into YBCO matrix as confirmed via XRD analysis, which can
degrade the superconducting film. To determine if the ZrO2 nanocrystals in the
YBCO matrix acts as the pinning centers, we studied the shape of the Jc(B) curves.
Copolymer, citric acid, and tartaric acid-based ZrO2-doped YBCO films show a
smoother decay compared to undoped YBCO film. This is also confirmed by higher
values of accommodation field B∗ (determined by the criterion Jc(B∗ ) = 0.9Jc(0) at

Fig. 5.13 Double logarithmic plots of critical current density vs. magnetic field B measured at
77 K for undoped and ZrO2-doped YBCO films on LaAlO3 substrates. Reproduced from [62]
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77 K) by lower values of the slope (power-law exponent α) in log-log plot (Table
5.3). The low field plateau below B∗ is the single vortex pinning region where each
vortex is pinned to a free pinning site [66]. At B∗ collective pinning effects take
place and a reduction of the slope of α is seen in log-log plot (Fig. 5.13).

The values of B∗ and α are listed in Table 5.3. A clear difference between
undoped and ZrO2-doped films (except bisphosphonate) can be seen. This means
that the addition of preformed nanocrystals increase pinning mechanism (leading to
higher B∗ values) and results in slower decay (leading to lower α values) of critical
current density in function of the magnetic field. However, the Jc value of tartaric
acid-based ZrO2-doped YBCO nanocomposite is still lower than another ZrO2-
doped films due to the presence of more secondary phases in the YBCO matrix.
It is remarkable that the bisphosphonate-based ZrO2-doped nanocomposite did not
show any improvement of pinning forces while the self-field Jc has an acceptable
value (in the range of 2–2.5 MA cm−1). This is explained in another work where it
is clear that the ZrO2 nanocrystals are coagulated during the YBCO growth to the
size of approximately 200 nm. This particle is too large to act as a pinning center
because it is not in the order of superconducting coherence length of 2–4 nm for
YBCO at 77 K [62].

5.4 Epitaxial YBa2Cu3O7 Nanocomposite Films, What Now?

Generators and other rotating devices used in energy conversion would be an ideal
future application for the HTS Ni5W tapes. However, these parts of infrastructure
operate at magnetic fields that would normally lower the performance of the super-
conductor significantly. To maintain the outstanding current transport properties
of YBCO, the YBCO inks used to make the thin film need to be doped with
preformed nanocrystals. In this work [12–62], it has been proven that the nanocrystal
surface chemistry is a crucial step during the nanocomposite formation, yielding
excellent structural properties. However, as the self-field critical currents of undoped
and ZrO2-doped YBCO thin film show fairly low Jc values, it is an important
matter to understand the mechanism and to improve it by strict optimization on
the processing level. The nucleation and growth of fluorine-based YBCO systems
can be found in literature [67–69] and is described as the ex situ BaF2 process
where the Ba1−xYxF2+x phase transforms into Ba(O,F)2 and Y2O3 composites
while Y2O3 reacts with CuO nanoparticles to form Y2Cu2O5 which is followed
by the nucleation of the tetragonal YBa2Cu3O6 (YBCO6) phase at temperatures
between 650 and 700 ◦C. However, the influence of nanocrystal addition on the
nucleation and epitaxial growth process of LF-YBCO at the substrate surface is not
completely understood. Understanding this process is particularly important for the
fabrication of viable YBCO-coated conductors.

In previous work of the quench study [70], Ba2+ reacts with ZrO2 nanocrystals
to BaZrO3 particles in the temperature range between 650 ◦C and 700 ◦C and the
nucleation of YBCO occurs at ~650 ◦C. These results indicate that the formation
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of the (002)-oriented BaF2 superstructure is reduced between 650 and 700 ◦C
compared to undoped YBCO. This can most likely be assigned to the reaction
between the Ba1−xYxF2+x phase and ZrO2 nanocrystals, resulting in the formation
of BaZrO3 particles.

5.4.1 Introduction of an Intermediate Dwelling Step

In order to promote the nucleation of YBCO, we introduced an intermediate
heat treatment step. Both undoped and 5 mol-% ZrO2 (capped with copolymer
with phosphonate group) doped YBCO precursor solutions with a total metal
concentration of 1.08 M were spin-coated on LaAlO3 substrates and pyrolyzed.
The pyrolyzed YBCO films were subsequently treated to obtain the desired
superconducting film with the high-temperature thermal treatment (Fig. 5.14) with
a heating rate of 5 K min−1 to 650 ◦C [1] and dwelling for 60 min with 45 min
in a humid 100 ppm O2 in N2 atmosphere and 15 min in a dry 100 ppm O2 in N2
atmosphere. After the additional dwelling step, fast heating to 800 ◦C (15 K min−1)
was introduced under dry conditions and switched back to humid conditions at
770 ◦C to avoid the formation of a/b grains (between [1] and [2]). The inlet gas was

Fig. 5.14 Schematic representation of an YBCO thermal process with additional dwelling step:
[1] Slow heating to the dwell temperature and dwelling under wet 100 ppm O2 in N2 atmosphere.
After this dwelling, a fast heating to the crystallization temperature under dry 100 ppm O2 in N2
atmosphere was introduced to avoid the formation of a/b grains [2]. The atmosphere was switched
to a wet 100 ppm O2 in N2 atmosphere during the crystallization [3]. After this crystallization
process, the oxygenation process under an O2 atmosphere was introduced
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bubbled through a water bath with a temperature of 23 ◦C. After this crystallization
dwelling step of 60 min with 45 min wet, the flowing atmosphere was switched
to dry atmosphere. O2 atmosphere was introduced during the annealing step [3] at
450 ◦C for 2 h. This intermediate step at 650 ◦C clearly results in an improved
Jc of 5–6 MA cm−2 for both precursors [70]. So, ZrO2 nanocrystals stabilized
with copolymer with phosphonate group would lead to excellent superconducting
properties in combination with the introduction of an intermediate dwelling step.
This two-step process is used to improve the nucleation mechanism and therefore to
control the microstructure.

To determine the extent of vortex pinning, transport current measurements of
undoped YBCO and YBCO-5 mol-% ZrO2 were measured and show a similar trend
as the magnetic measurements. Transport critical current densities were measured
in maximum Lorentz force configuration on laser-cut bridges (l = 800 μm, w ~ 15–
20 μm, electrical field criterion Ec = 1 μV cm−1) at magnetic fields up to
9 T in a Quantum Design PPMS. The magnetic field dependence of Jc in the
maximum Lorentz force configuration was measured with logarithm steps of the
increased magnetic field to see the effect of preformed nanocrystals more in details
between 0 and 2 T. The Jc(B||c) curves for temperatures at 77 K show clearly a
higher performance (higher current) for the ZrO2-doped nanocomposite compared
to undoped YBCO (Fig. 5.15).

The pinning force curves FP(B) with Fp = Jc × B at 77 K show that the
maximum pinning force density FP,max is more than tripled from 1.5 to 4.7 GN m−3

at 77 K (inset Fig. 5.15) by the introduction of 5 mol-% nanocrystal. This value is

Fig. 5.15 Jc(B) for undoped and 5 mol-% ZrO2 nanocrystals doped YBCO films at 77 K and
according pinning force curves at 77 K. Adapted with permission from [12]. Copyright 2017
American Chemical Society
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slightly lower than the champion value (10–22 GN m−3, 77 K) reported from the
spontaneous segregation of BaZrO3 particles in CSD-YBCO films [50]. The self-
field Jc is still high for ZrO2-doped YBCO, so we believe that the FP,max can be
increased by the addition of more ZrO2 nanocrystals in the YBCO matrix provided
they remain small in the order of superconducting coherence length (2–4 nm for
YBCO structure at 77 K) and agglomeration-free (to reach a higher number density
of defects in YBCO matrix) without affecting the YBCO microstructure [8].

The fully biaxial (00�) texture of the YBCO layer with cube-on-cube orientation
between YBCO and LaAlO3 is further corroborated by the HRTEM image of the
LaAlO3/YBCO interface (Fig. 5.16a) with the SAED pattern as inset. There are
no defect structures in the YBCO matrix around randomly oriented BaxCuyOz

particles visible in the HRTEM image (Fig. 5.16b). Figure 5.16c shows a cross-
sectional STEM image of undoped YBCO with BaxCuyOz and Y2O3 particles
embedded in the YBCO layer. In the nanocomposite, BaZrO3 particles are mainly
homogenously dispersed throughout the film although some are present at the
interface (black dots in Fig. 5.16d). An isolated, randomly oriented BaZrO3 particle
is shown in Fig. 5.16e. The size distribution of BaZrO3 particles shows a mean
diameter of 13.0 ± 5.5 nm, which indicates that the initial (3.5 ± 0.4 nm)

Fig. 5.16 Undoped YBCO film: (a) HRTEM images of the YBCO/LaAlO3 interface and its
diffraction pattern (inset), (b) BaxCuyOz particles in the YBCO matrix and (c) High-angle annular
dark field (HAADF)-STEM cross-sectional image. Nanocomposite film: (d) Cross-section bright
field TEM image taken with a diffraction vector −→g = (003). (e) HRTEM image of randomly
oriented BaZrO3 particles embedded in the YBCO matrix. (f, g) HAADF-STEM Z-contrast image
of YBCO-5 mol-% ZrO2 nanocomposite. Black dots correspond to BaZrO3 particles. Reprinted
with permission from [12]. Copyright 2017 American Chemical Society
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ZrO2 nanocrystals have coarsened during the thermal process. The growth can be
attributed to both their reactivity with Ba2+ and a slight degree of agglomeration
in the film (Fig. 5.16f). The latter is driven by (1) aggregation in solution, (2)
aggregation upon deposition and drying, and (3) aggregation during the thermal
process. Regarding the final BaZrO3 nanoparticle size, our results obtained with
copolymer stabilized nanocrystals compare favorably with literature reports using
zirconium salts in YBCO solution as nanocomposite precursors. In the latter case,
the final BaZrO3 particles were in the order of 30 nm in diameter [71], which is a
12-fold volume difference compared to the 13 nm particles described here.

The BaZrO3 particles are mostly randomly oriented, while YBCO remains
epitaxial, thus generating incoherent interfaces which can act as nucleation centers
for Y124-type intergrowths. These short (<10 nm) Y124-type stacking faults are
thought to be contributing for pinning [47] and seem to be absent in ZrO2-doped
films as observed in the HRTEM images. However, we observed some local and long
order Y124 regions (Fig. 5.16g) in the YBCO matrix which are possibly induced by
the high amount of Y2O3 and non-stoichiometric amount of Ba2+.

5.4.2 Influence of the Reactivity of Single Metal Oxide
Nanocrystals with Ba2+

As mentioned in literature [43], the off-stoichiometric of Y:Ba:Cu in YBCO
precursor solution can lead to a higher self-field critical current density. Since the
single metal oxide (e.g., ZrO2) nanocrystals can react with Ba2+ during the YBCO
growth into BaZrO3 particles, there is also an off-stoichiometric during the YBCO
formation due to the Ba2+ consumption. This deficiency has one advantage during
the YBCO formation as Ba2+ deficiency results into less formation of undesired
secondary phases like as BaxCuxOy in combination with more formation of in
situ Y2O3 which can act as additional pinning centers if they remain small in
the size of superconducting coherence length. To confirm that Ba2+ deficiency in
YBCO growth would lead to higher self-field Jc, the undoped YBCO precursor
solution with stoichiometric Y:Ba:Cu ratio of 1:1.8:3 (5 mol-% Ba2+ deficiency)
was deposited on LaAlO3 substrate and underwent a complete thermal process
without an intermediate dwelling step. The superconducting properties and their
magnetic dependency of this YBCO layer with Ba2+ deficiency were measured via
MPMS system (Fig. 5.17). It is clear that the self-field Jc at 77 K is in the same
order of undoped and 5 mol-% copolymer stabilized ZrO2-doped YBCO films.
However, the behavior on increased magnetic field shows worse Jc decay compared
to undoped YBCO film, which means that YBCO structure of Ba2+ deficiency is
not improved.
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Fig. 5.17 Magnetic dependency of Y:Ba:Cu stoichiometric ratio of 1:2:3 based film without
(black) or with (blue) 5 mol-% ZrO2 nanocrystals and Y:Ba:Cu off-stoichiometric ratio of 1:1.8:3
based film without ZrO2 nanocrystals

5.4.3 Transfer to Industrial Metallic Ni-W Substrates

This LF-YBCO CSD-based method with 5 mol-% ZrO2 nanocrystals would be a
success if these results could be transferred from LaAlO3 substrates to industrial
metallic Ni-W substrates. Despite the high Jc of undoped YBCO on LaAlO3
substrates are not reproducible on metallic substrates, the CSD procedure via dip-
coating technique is repeated with the addition of 5 mol-% ZrO2 nanocrystals. As
expected, the addition of ZrO2 nanocrystals will delay the YBCO growth due to
the Ba2+-consumption but nevertheless, as shown in XRD patterns (Fig. 5.18), the
YBCO layer shows a poor epitaxial texture. It is probably due to the combination
of Ba2+ deficiency in the YBCO precursor solution, Ba2+ reactivity of the CeO2
buffer layer leading to the formation of a BaCeO3 phase and Ba2+ reactivity of
ZrO2 nanocrystals during YBCO growth (vide supra). To confirm this effect, the
stoichiometric ratio of Y:Ba:Cu is changed with extra 5 mol-% Ba2+ into YBCO
precursor solution which would react with ZrO2 nanocrystals during the YBCO
growth. This extra amount of Ba2+ results in good epitaxial texture but also in more
formation of a/b-oriented YBCO as confirmed in XRD patterns (Fig. 5.18). These
results are promising and will be studied in a follow-up project as YBCO film needs
a perfect texture like single crystal for the high current density, which is a challenge
for metallic substrates. It is due to another YBCO growth kinetic and the presence of
grain boundaries. Both these can be affected by the incorporation of nanocrystals.
So, an in-depth analysis is needed to understand the effect of nanocrystals on the
YBCO texture by means of grain boundaries on metallic substrates to bring us a
step closer to a commercial breakthrough.
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Fig. 5.18 XRD patterns of 5 mol-% ZrO2-doped YBCO film starting from YBCO precursor
solution with and without extra 5 mol-% Ba2+. (Reflections by the secondary radiation of X-ray
tube are marked with an asterisk)

5.5 Conclusion

In this chapter, we have shown that the chemical solution deposition technique
was suitable to fabricate a superconducting film on LaAlO3 substrates for research
purpose and on industrial metallic Ni5W substrates for the commercial market even
though we have proven that it is possible to stabilize the preformed single metal
oxide nanocrystals in a low-fluorine YBCO precursor solution.

The incorporation of single metal oxide nanocrystals lead to improved supercon-
ducting properties at low magnetic field. However, we believe that the introduction
of the preformed double metal oxide nanocrystals can improve the final properties of
YBCO nanocomposite film. Due to no reactivity of double metal oxide nanocrystals,
the coarsening of these nanocrystals can be avoided if they remain agglomerate-free.
This should lead to small pinning centers in the range of a few nm, enhancing the
ability to pin vortices more efficiently. At the moment, the choice of stabilizing
ligand is a very essential step and is the missing link between the nanocrystal
synthesis and the nanocomposite formation.

The next step is to simplify the cumbersome transfer of YBCO nanocomposite
film starting from preformed nanocrystals from single crystal substrate to metallic
tape. On single crystal substrate, no orientation variations of YBCO are notable
whereas orientation of YBCO on the metallic tape is attributed to the granularity
of underlying template. This transfer is still in early stage and is still unclear what
the effects of nanocrystals are on the granularity and the orientation distribution
of YBCO structure. Here, additional research is required to fully understand the
influence of the nanocrystal addition for optimizing both YBCO precursor solution
and reel-to-reel process. This brings us one step closer to the implementation of
economically efficient coated conductors in high and alternating magnetic field
applications.
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Chapter 6
High Vortex Activation Energies in the
AC Magnetic Response
of Superconductors Close to the DC
Irreversibility Line

Lucica Miu, Ion Ivan, Alina M. Ionescu, Adrian Crisan, Dana Miu,
Traian Petrisor, and Paolo Mele

6.1 Introduction

The analysis of the AC magnetic response registered at usual frequencies f (from
∼1 Hz up to several kHz) and amplitudes hAC (below approximately 15 Oe) became
one of the most popular means of investigating vortex dynamics and the pinning
of vortices in superconductors [1–15]. Moreover, in the framework of the strong
pinning theory, a spectroscopy of the pinning landscape based on the linear AC
magnetic signal has been recently proposed [16]. The phase-sensitive detection
makes the AC techniques attractive, and supplemental information is obtained by
varying f and hAC, in addition to temperature T and the DC external magnetic
field H.

As known, by applying an AC magnetic field h(t) = hAC cos (2π ft) (where t is
the time) to a superconductor, the flux variation through two identical, oppositely
phased pickup coils (one of which is surrounding the specimen) leads to an overall
voltage u(t) proportional to the time derivative of the sample magnetic moment. This
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signal can be developed in a Fourier series,

u(t) =
∞∑

n=1

[an cos (2πnf t) + bn sin (2πnf t)] , (6.1)

with an = 2f
∫ 1/f

0 u(t) cos (2πnf t) dt and bn = 2f
∫ 1/f

0 u(t) sin (2πnf t) dt . The
fundamental susceptibility χ1 has the in-phase component χ ′

1 = b1/C, and the out-
of-phase one χ ′′

1 = a1/C, where C is a factor depending of f and the experimental
setup. The coefficients an and bn in (6.1) can be analytically calculated [17],
assuming, for example, that the AC field penetrates a cylindrical specimen according
to the Bean model [18]. We refer below to the measured in-phase component of the
AC magnetic moment, m′ = χ ′

1hAC, directly related to the presence of a screening
current density J, and to the out-of-phase one, m′′ = χ ′′

1 hAC. The m′′(T ) variation
exhibits a maximum, changing with f and hAC, which was challenging for the
interpretation of the AC magnetic response of superconductors.

In this context [19], the first type of models considers a T- and H-dependent
relaxation time in the vortex system [20], with the m′′(T) peak appearing when the
inverse of the relaxation time equals the frequency. The second type of models is
based on the diffusive vortex motion and a linear resistivity, where the m′′(T) peak
would correspond to the maximum of the ratio between the characteristic sample
dimension and the penetration distance of the AC field, identified with the skin depth
[21]. A third type of models deals with a nonlinear regime, where m′′ is generated
by the hysteretic vortex penetration [2]. In these conditions, m′′ is a measure of
dissipation, and the m′′(T) maximum at a peak temperature Tp (which decreases
by lowering f ) is related to the first full AC critical-state penetration starting from
low temperatures. In the critical state-related models, the AC signal does depend on
hAC, and it is believed that it could vary with f if the critical current density itself is
frequency dependent. Another alternative is to take into account the shortening of
the relaxation time window with increasing f.

At relatively low hAC values, a linear response [22, 23] is generated by reversible
intravalley vortex oscillations. The AC perturbation (compression and tilt waves of
vortices) decays within the specimen on a distance called the Campbell penetration
depth. In this regime, the magnetic behavior of the vortex system is similar to a
Meissner state [3].

There is no doubt that in the nonlinear regime analyzed below a thermally
activated vortex-hopping process is present, as revealed by the linear variation of
ln(f ) with 1/Tp (at constant H and hAC). The vortex activation energy UAC in the AC
magnetic response is unambiguously determined from such Arrhenius plots.

Recently, several characteristic aspects of the nonlinear AC magnetic signal of
superconductors in the vortex state have been recalled [13, 24–26] in connection
with the peculiar behavior of UAC in the vicinity of the DC irreversibility line (IL).
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The unexpectedly high UAC values around and even above the IL are consistent
with the dynamic critical current density as the relevant critical parameter for the
AC magnetic response. The main point is a diminished effect of thermally induced
vortex fluctuations on the pinning potential at short-time scales, which is of interest
for the large-scale applications of high temperature superconductors.

6.2 Samples and Experiments

The present analysis is based mainly on the AC and DC magnetic measurements
performed for two YBa2Cu3O7 (YBCO) films with strong pinning centers, and for
almost decoupled [YBCO]n/[PrBCO]4 superlattices (YnPr4), with n = 4 and 11
representing the thickness of the superconducting blocks in unit cells.

The first YBCO film (of dimensions 5 mm × 5 mm × 1100 nm) was prepared by
pulsed laser deposition (PLD) from an YBCO target containing ∼4 vol.% BaZrO3
(BZO) onto an Ag-nanodot decorated, (100) oriented SrTiO3 (STO) substrate. The
preparation conditions are presented in [27], and the thoroughly investigated film
(denoted YBCONDBZO) has the critical temperature Tc = 89.2 K (taken at the
onset of the DC diamagnetic signal in H = 10 Oe). The film contains relatively long
BZO nanorods, ∼10 nm in diameter, with a separation of a few tens of nanometer (as
revealed by the microstructure shown in Fig. 6.1). The observed significant nanorod
splay leads to the inhibition of the detrimental double vortex-kink formation [28,
29] in DC conditions, as discussed in [30].

The second YBCO film (∼2.2 mm × 2.2 mm × 400 nm) has embedded BZO
nanorods (∼4 vol.% relative to the composite volume), with a reduced splay, and
Y2O3 (YO) nanoparticles (∼1 vol.%). Such films have been grown by PLD on STO-
buffered MgO substrates, using an YBCO + BZO target with a thin YO sector
stuck on the top. The preparation details and the microstructure can be found in

Fig. 6.1 TEM image of a
cross section in
YBCONDBZO [31], showing
intertwined BZO nanorods
(1) and YBCO nanocolumns
(2) (striped and smooth
regions, respectively), as well
as some BZO nanoparticles
(3) in YBCO. The arrow
indicates the direction of the c
axis of YBCO
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[31], and the measured film (with Tc = 88.6 K) is denoted below as YBCOBZOYO.
The presence of nanoparticles inhibits the double vortex-kink formation as well
[32, 33].

YnPr4 superlattices have been obtained by sequential high-pressure DC sputter-
ing on STO substrates, as presented in [34]. The overall thickness d0 = 200 nm, and
the measured specimens were disk-shaped, with the radius R = 2 mm. The critical
temperature is 87 K for Y11Pr4 and 78.1 K in the case of Y4Pr4. The presence of
four unit-cell-thick non-superconducting PrBCO layers leads to almost decoupled
superlattices [35], in the sense that the vortex correlation length is cut-off at the
thickness of the YBCO blocks. These superlattices were considered here as model
samples.

Some characteristic results for a slightly overdoped, plate-like Bi2Sr2CaCu2O8
single crystal (Bi2212, Tc = 88 K) in the (H, T) range of enhanced two-dimensional
vortex fluctuations are also included.

The DC magnetic hysteresis curves have been registered with a commercial
Quantum Design Magnetic Property Measurement System (MPMS), whereas the
AC magnetic measurements have been performed with the same MPMS, or using
a Physical Property Measurement System. The DC and AC fields were oriented
along the c axis, as usual. The AC field amplitude was between 0.5 Oe and 6 Oe,
and the frequency in the range 1 Hz–10 kHz. The demagnetization factor D was
precisely determined from the initial slope of the DC magnetization curves, obtained
by increasing H with a small step.

6.3 Vortex Activation Energy in the AC Magnetic Response
of YBCO Films with Strong Pinning

We start our discussion with the nonlinear AC magnetic response of the relatively
thick YBCO film with embedded BZO nanorods (YBCONDBZO). The temperature
variation of the in-phase (screening) component m′ of the AC magnetic moment and
that of the dissipative (out-of-phase) one m′′ for YBCONDBZO in H = 10 kOe are
presented in Fig. 6.2. The AC signal was registered in increasing temperature (at a
slow rate, of ∼0.05 K/min), after the sample was cooled in H from above Tc down
to T = 80 K, with hAC = 3 Oe and f ranging between 21.5 Hz and 10 kHz. For the
considered (H, T) domain, m′(T) and m′′(T) do not depend on the field-temperature
setting protocol.

As noted in Introduction, the main feature is a maximum in m′′(T) at the
peak temperature Tp, corresponding to the first full AC critical-state penetration
starting from low temperatures. An important point is that in the conditions of
full AC critical-state penetration at Tp (where the magnetic relaxation at short-time
scales has a significant role) the screening current density Jp is constant. While
Tp decreases by lowering the frequency, m′(Tp) does not change, as illustrated in
Fig. 6.2 by a dashed line. For samples with the demagnetization factor D close to
unity,
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Fig. 6.2 Temperature T variation of the in-phase (m′) and the out-of-phase (m′′) components of
the AC magnetic moment of the relatively thick film YBCONDBZO in an external magnetic field
H = 10 kOe. The signal has been obtained with the AC field amplitude hAC = 3 Oe, while the
frequency f was between 21.5 Hz and 10 kHz, in increasing T at a slow rate (after the sample has
been cooled in H from above Tc down to 80 K). The peak temperature Tp in m′′(T) shifts to lower
values by decreasing f. The dashed line illustrates the constant m′ ∼ −0.43 × 10−2 emu at Tp(f )

Jp = 1.03hAC/d, (6.2)

where d is the film thickness [36]. In the case of YBCONDBZO, with hAC = 3 Oe
(6.2) leads to Jp = 2.24 × 104 A/cm2.

The Arrhenius plot [ln(f ) versus 1/Tp] obtained using the Tp(f ) data determined
from Fig. 6.2 is shown in Fig. 6.3. The plot is accurately linear and supports strongly
a thermally activated vortex-hopping process at t = 1/f scales. The vortex activation
energy UAC is easily extracted with the Arrhenius law

f = f0 exp
[−UAC

(
Tp, Jp

)
/Tp

]
. (6.3)

In (6.3), UAC is in kB units, and f0 is a characteristic attempt frequency (∼109–
1013 Hz [37]), which should be of the order of the phonon frequency in a vortex
lattice [38]. As often noted, the fit of the Tp(f ) data with (6.3) is in agreement with
the attempt frequency in the above domain if UAC decreases linearly with increasing
temperature,

UAC
(
Jp, T

) = U0
(
Jp

) (
1 − T

Tc

)
, (6.4)
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Fig. 6.3 The Arrhenius plot
generated using the Tp(f ) data
extracted from Fig. 6.2, where
a linear fit (the continuous
line) gives for YBCONDBZO
in H = 10 kOe an apparent
activation energy
U0(Jp) ∼ 5.8 × 104 K, and an
attempt frequency
f0 ∼ 1012 Hz. The constant
current density Jp is
determined with (6.2)

Fig. 6.4 Arrhenius plots for
YBCONDBZO in
H = 500 Oe and H = 30 kOe.
The linear fit (represented by
continuous lines) leads to
U0(Jp) = 2.64 × 104 K at
H = 30 kOe, while, by
decreasing H to 500 Oe,
U0(Jp) = 2.27 × 105 K

where U0 is the apparent vortex activation energy at T = 0, and Jp is that from (6.2).
For YBCONDBZO in H = 10 kOe, the linear fit in the Arrhenius plot from Fig. 6.3
supplies U0(Jp) = 5.8 × 104 K, and f0 ∼ 1012 Hz. At H = 30 kOe, one obtains
U0(Jp) = 2.64 × 104 K, while, by decreasing the DC field to H = 500 Oe, U0(Jp)
overcomes 105 K, as shown in Fig. 6.4.

From the determined U0(Jp) values, it is of interest to extract UAC(T) around the
IL, defined as the line in the (H, T) plane above which the irreversibility vanishes
at the time scale of DC measurements. Figure 6.5 illustrates the DC magnetic
hysteresis m(H) curves of YBCONDBZO at several high temperatures, including
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Fig. 6.5 DC magnetic
hysteresis curves of
YBCONDBZO at several
high temperatures. The
dashed lines indicate the field
values H = 10 kOe and
30 kOe, for which the
irreversibility appears,
roughly, at T = 85 K and
80 K, respectively. However,
the vortex activation energy
in the AC magnetic response
UAC overcomes 103 K (see
text)

T = 80 K (approximately, the irreversibility temperature for H = 30 kOe), and
T = 85 K, where the IL is reached at H ∼ 10 kOe.

Using (6.4), for YBCONDBZO in H = 30 kOe one has UAC(Jp, T = 80 K) =
2.72 × 103 K, whereas UAC(Jp, T = 85 K, H = 10 kOe) = 2.73 × 103 K. Such
high UAC values close to the IL [11, 12] are intriguing, since on crossing the IL
there is a continuous vortex system melting (thermal and disorder-induced), where
the pinning energy and the thermal energy have the same order of magnitude. This
means that the vortex activation energy in DC magnetic measurements UDC ∼ T.
One notes that UAC remains significant above the IL, whereas in the low H range
UAC is very high even in close proximity of Tc. For example, UAC(T = 85 K,
H = 30 kOe) = 1.24 × 103 K, and UAC(T = 85 K, H = 500 Oe) = 1.07 × 104 K
(J = Jp). Thus, the main aspect is that the pinning centers become effective at short-
time (1/f ) scales.

Written as UAC = T ln (t/τ 0), where t = 1/f would be the relaxation time
and τ 0 = 1/f0 is the microscopic attempt time, (6.3) suggests that the short-time
relaxation in AC magnetic measurements should be different from the DC relaxation
at long-time scales (flux creep). The latter is described by the general vortex-creep
relation with logarithmic accuracy, UDC = Tln(t/t0) [39], in which t0(J, T, H)
is a macroscopic time scale for creep [37], accounting for a thermally activated,
diffusive vortex motion at relatively small mean vortex velocities.
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6.4 Vortex Activation Energy in the AC Magnetic Response
of Bi2212 Single Crystals and Superlattices

Unexpectedly large UAC values around the IL have also been determined (with the
same procedure) in the case of highly anisotropic superconductors. This is illustrated
in Fig. 6.6 for Bi2212 (a) and Y4Pr4 (b) in H = 5 kOe.

At H = 5 kOe and the chosen temperatures (T = 35 K for Bi2212, and 55.5 K in
the case of Y4Pr4), representing Tp for the highest used frequency in the Arrhenius
plot (see the main panels in Fig. 6.6), the specimens are significantly above the
IL. This is indicated by the DC magnetic hysteresis curves m(H) plotted in the
insets. (Bi2212 single crystals exhibit a second magnetization peak, representing
a sudden enhancement of the effective pinning with increasing H [40]. This is
usually associated with a pinning-induced disordering of the vortex system, leading
to a better accommodation of vortices to the pinning landscape [41]. In layered
superconductors, such as Bi2212, the disordering is triggered by the crossover field
towards two-dimensional vortex fluctuations [37, 42], which, for the investigated
specimen, is around 500 Oe). However, the ratio UAC/T is still above 10 for a finite
temperature interval in the vortex liquid phase, where, at first sight, vortex pinning
should be irrelevant.

As known, on approaching the IL from below (starting from the vortex solid), a
strong influence of vortex fluctuations on the pinning potential sets in. The thermal
motion of vortices averages the pinning potential over an increasing area (given
by the mean-squared value of the thermal vortex displacement, larger than the

Fig. 6.6 Main panels: The Arrhenius plots obtained at H = 5 kOe with hAC = 5 Oe for Bi2212
(a) and Y4Pr4 (b) lead to an apparent vortex activation energy in the AC magnetic response
U0 = 706 K (Bi2212), and U0 ∼ 2.4 × 103 K (Y4Pr4), supplying UAC(T = 35 K) = 425 K,
and UAC(T = 55.5 K) ∼ 700 K, respectively. The corresponding DC m(H) curves are plotted in
the insets
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vortex core size), and the effective pinning rapidly decreases [43]. This is certainly
characteristic for the diffusive, thermally activated vortex motion at long-time scales
(the DC case), where the pinning time tp is much longer than the characteristic time
tth of the thermal fluctuations.

The pinning time can also be considered in connection with the existence
of a “pinned” vortex liquid. This should be a viscous liquid, which is actually
characterized by a “plastic time” tpl � tth, where tpl represents the time scale of
the plastic vortex deformations. If the new smoothing time tpl > tp, the thermal
averaging over the pinning time is incomplete, and the vortex liquid can be pinned.
A possible origin of such a long smoothing time tpl in the vortex liquid was related
to the presence of large barriers for the plastic vortex deformation (∝ 1/

√
H [44]),

associated with vortex cutting and reconnection in an entangled vortex system.
However, it is not possible to explain the relatively high UAC values around the
IL in terms of such barriers. This is because vortex entanglement is excluded in
our almost decoupled YnPr4 superlattices (at least at low H, where the intervortex
distance increases), and a detailed analysis of UAC is needed.

6.5 Current Density Dependence of UAC

As shown in Sect. 6.3, the Arrhenius plots (at constant H and hAC) constructed
with the Tp(f ) data are linear (see Figs. 6.3, 6.4, and 6.6, for example), reflecting
the UAC(T) variation from (6.4), in the conditions of a constant current density
Jp(Tp). Using different J levels in the domain of full AC critical-state penetration
and similar plots, one can determine the current density dependence of the apparent
vortex activation energy U0(J), as shown below for the superlattice Y11Pr4.

Figure 6.7 illustrates the AC magnetic response of Y11Pr4 in H = 5 kOe,
registered with hAC = 3 Oe and f between 1 and 500 Hz. By considering horizontal
lines m′ = constant in the full penetration range, as exemplified by the dashed line
(m′ = −0.5 × 10−4 emu), Arrhenius plots at different J < Jp are constructed with the
correspondent T and f values [13]. The m′ data are rapidly converted to J, with Jp
supplied by (6.2) and by taking into account that for full AC critical-state penetration
one has J ∝ |m′|2/3 [36]. In the case of Y11 Pr 4, the thickness d in (6.2) is substituted
by the effective superlattice thickness (11/15)d0 (with d0 = 200 nm), leading to a
Jp value of 1.68 × 105 A/cm2 (independent of H). The Arrhenius plots at J < Jp
obtained for the AC magnetic signal of Y11Pr4 from Fig. 6.7 are shown in the main
panel of Fig. 6.8, and the determined U0(J) decreases linearly with ln(J) (see the
inset of Fig. 6.8).

The logarithmic UAC(J) dependence has been proven by varying hAC, as well.
Such measurements were performed for the YBCO film with a complex pinning
structure [25] (YBCOBZOYO, including BZO nanorods and YO nanoparticles) in
H = 2, 10, and 30 kOe. For a constant frequency between 11 and 5555 Hz, the
AC signal has been registered at several hAC values, as exemplified in Fig. 6.9 for
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Fig. 6.7 Temperature
dependence of the in-phase
(m′) and the out-of-phase
(m′′) components of the AC
magnetic moment registered
for the Y11Pr4 superlattice in
H = 5 kOe (hAC = 3 Oe, and
f between 1 and 500 Hz),
reproduced from the open
access [13]. The dashed line
represents a constant m′(f ) in
the full AC critical-state
domain, i.e., a constant
current density

Fig. 6.8 Main panel:
Arrhenius plots at various
current density J levels below
Jp obtained for Y11Pr4 using
the AC magnetic response
from Fig. 6.7, as reproduced
from the open access [13]. A
linear fit determines the
apparent vortex activation
energy in the low-T limit
U0(J), which decreases
linearly with ln(J), as
illustrated in the inset. The
continuous lines represent the
linear fit

f = 5555 Hz (H = 10 kOe). When hAC is larger, the dissipation peak increases, due
to enhanced hysteretic AC losses.

The U0(J) values, where J = Jp(hAC), have been extracted from the Arrhenius
plots such as those included in the inset of Fig. 6.10 (H = 2 kOe). The semi-
logarithmic plots from the main panel of Fig. 6.10 confirm the logarithmic
U0(J) variation, and the current density dependence of UAC can be expressed as
UAC(J) = Ucln(Jc0/J), where Uc is the characteristic pinning energy in the AC
magnetic response, whereas Jc0 is the relaxation-free critical current density.

For constant H and T, (6.3) becomes f = f0 exp[−UAC(J)/T], indicating the
meaning of Jc0. The vortex hopping barrier UAC vanishes at the “depinning”



6 High Vortex Activation Energies in the AC Magnetic Response. . . 179

Fig. 6.9 The variation of the
in-phase (m′) and the
out-of-phase (m′′)
components of the AC
magnetic moment with
temperature, registered for
the film containing BZO
nanorods and YO
nanoparticles
(YBCOBZOYO) in
H = 10 kOe at different hAC
values between 0.5 Oe and
6 Oe, exemplified for a
frequency f = 5555 Hz
(reproduced from the open
access [25]). With increasing
hAC, the (dissipation) m′′(T)
maximum shifts to lower
temperatures

Fig. 6.10 Main panel: The
apparent vortex activation
energy in the low-T limit U0
versus ln(J) at various H
values, as reproduced from
the open access [25] for
YBCOBZOYO. The
Arrhenius plots obtained at
different hAC (exemplified in
the inset for H = 2 kOe)
allow the determination of
U0(J), where J = Jp(hAC) is
given by (6.2). The lines
represent a linear fit

frequency f0, where, as shown in [45], for example, the dynamic critical current
density Jd is reached. Above Jd, any influence of pinning becomes negligible, and
one has a flow of pinning-free vortices, with the flux flow resistivity ρFF = ρnH/Hc2
[46], where ρn is the resistivity in the normal state and Hc2 is the upper critical field.
Thus, UAC(J) takes the form [47]

UAC(J ) = Uc ln

(
Jd

J

)
. (6.5)
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By considering the above expression and (6.3), it is obvious that ln(J) should be
linear in ln(t = 1/f ), and Uc is obtained from the J(t) data as

Uc = −T Δ ln(t)/Δ ln(J ). (6.6)

6.6 A Quantitative Analysis of UAC at Low DC Fields

For an estimation of UAC, we simplify the problem, by considering the isolated
vortex limit (attained at relatively low H values), for samples where some param-
eters are known, such as the effective length of the hopping vortex segment (in
the Y11Pr4 superlattice, for example), or the average distance between the pinning
centers (YBCONDBZO, see Fig. 6.1).

In the used field orientation, the sample demagnetization factor D approaches
unity, and the error in 1 − D becomes important. The demagnetization factor has
been precisely determined from the initial slope of the DC magnetization curves
M(H) (where M is the volume magnetization) registered with a small step in
H and at temperatures not far from the considered temperature interval for the
AC magnetic measurements. As illustrated in Fig. 6.11, the procedure leads to
1 − D = 5.6 × 10−4 for YBCONDBZO (close to the result obtained using the
theoretical approach from [48]), and 1 − D = 1.2 × 10−4 in the case of Y11Pr4.

The AC magnetic signal of Y11Pr4 in H = 500 Oe obtained with hAC = 3 Oe
and f between 11 and 500 Hz is illustrated in Fig. 6.12a, whereas the resulting
Arrhenius plot is shown in Fig. 6.12b. The current density at the first full AC
critical-state penetration starting from low temperatures in Fig. 6.12a [determined

Fig. 6.11 The
demagnetization factor D has
been determined from the
initial slope of the DC
magnetization curves M(H)
registered in zero-field
cooling conditions with a
small step in H, as shown here
for YBCONDBZO (T = 86 K
and 87 K), and Y11Pr4 (at
T = 60 K and 70 K). The
linear fit, represented by
continuous lines, supplies
1 − D = 5.6 × 10−4 for
YBCONDBZO, and
1 − D = 1.2 × 10−4 in the
case of Y11Pr4
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Fig. 6.12 (a) The AC magnetic response of the superlattice Y11Pr4 in H = 500 Oe (hAC = 3 Oe
and f between 11 and 500 Hz). The current density at the dissipation peak extracted with (6.2)
is Jp = 1.68 × 105 A/cm2. (b) The linear fit in the constructed Arrhenius plot leads to an
apparent activation energy in the low-temperature limit U0(Jp) = 2.33 × 104 K, and to a depinning
frequency f0 = 0.2 GHz

with (6.2)] is Jp = 1.68 × 105 A/cm2, the same as in Fig. 6.7 (independent of H,
as noted above). The linear fit in the Arrhenius plot gives U0(Jp) = 2.33 × 104 K,
and a depinning frequency f0 = 0.2 GHz. The vortex activation energy at the peak
temperature for the highest frequency in Fig. 6.12a, Tp(500 Hz) = 83.3 K, takes
the value UAC(Jp) = 1.02 × 103 K. The latter has been extracted from the apparent
activation energy U0(Jp) with the linear UAC(T) variation from (6.4).

The ratio UAC(T)/T is above 10 around the IL, which may appear unphysical
for superlattices (with point-like quenched disorder and enhanced two-dimensional
vortex fluctuations). It is then instructive to compare this vortex activation energy
with the pinning potential well created by an “ideal” pinning center.

Let us consider the pinning potential well in the isolated vortex limit created by
a normal nanorod along the c axis of Y11Pr4 (neglecting the interface effects) with
dimensions matching the core of the Abrikosov vortex in the YBCO block, i.e., with
the length L ∼ 12 nm (11 YBCO unit cells) and the radius c0 equal to the coherence
length ξ in the (a, b) plane. For the YBCO blocks, ξ (T = 0) ∼ 1.5 nm, and the (a,
b) plane London penetration depth λ(T = 0) ∼ 150 nm [37]. When c0 and ξ are
comparable, the solution of the London and Ginzburg-Landau equations from [28]
leads to a vortex pinning energy (unaffected by vortex fluctuations or a finite J) [49]

W =
(

Lε0

2

)
ln

[
1 + c2

0

2ξ2

]
, (6.7)
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with the energy scale ε0 = (Φ0/4πλ)2, where Φ0 is the magnetic flux quantum. In
practical units, ε0[K/nm] = 1.964 × 107 × (λ[nm])−2 [37]. At T = 83.3 K, the
temperature considered above for the determination of UAC, with the standard λ(T)
variation and the ξ (T) dependence used in [28], (6.7) leads to W ∼ 340 K, signifi-
cantly smaller than UAC(Jp) ∼ 103 K determined at this temperature (H = 500 Oe).

The order of magnitude of UAC at low H is addressed below in terms of the
linear approximation [50], with Jd as the relevant critical current density for the
AC magnetic response, representing the induced current density at the depinning
frequency f0, as argued in Sect. 6.5. In the present context, the linear approximation
can still be used for the logarithmic UAC(J) from (6.5) if J and Jd are within the
same order of magnitude.

For Y11Pr4 in H = 500 Oe, we measured m′ as a function of f (between 11 and
500 Hz), with hAC = 3 Oe, at T = 83.3 K, which is the peak temperature Tp for
f = 500 Hz in Fig. 6.12a. This is plotted in the main panel of Fig. 6.13.

The m′(f ) variation from the main panel of Fig. 6.13 was converted to the
relaxation data J(t = 1/f ) plotted in the inset, using Jp and the relation J ∝ |m′|2/3

in the domain of full AC critical-state penetration. As it can be seen, ln(J) versus
ln(t = 1/f ) is linear, and this relation has been proven in AC magnetic measurements
for an extended f range, up to several MHz [4]. The extrapolation of the linear
fit from the inset of Fig. 6.13 to ln(1/f0), where f0 = 0.2 GHz, as determined in
Fig. 6.12b, leads to a critical current density Jd = 8.4 × 105 A/cm2.

Fig. 6.13 Main panel: The m′(f ) variation for Y11Pr4 in H = 500 Oe in the domain of full AC
critical-state penetration at T = 83.3 K (hAC = 3 Oe). The chosen temperature corresponds to the
Tp value at the highest used frequency in Fig. 6.12, which allows the rapid determination of the
screening current density J(f ). Inset: ln(J) increases linearly by decreasing ln(f ), the dashed line
representing a linear fit. The extrapolation to ln(f0) (where the depinning frequency f0 = 0.2 GHz)
gives the critical current density Jd = 8.4 × 105 A/cm2



6 High Vortex Activation Energies in the AC Magnetic Response. . . 183

The same m′(f ) data allows the determination of the electric field E at the sample
edge,

E = (R/2) (1 − D) dM ′/dt, (6.8)

where the magnetization M′ is m′ divided by the sample volume. The resulting E(t)
is plotted in Fig. 6.14a, whereas Fig. 6.14b illustrates the time dependence of the
linear resistivity ρ = E/J (with J from the inset of Fig. 6.13).

The origin of the high UAC values is suggested by the linear Arrhenius plots
reported for various superconductors, i.e., by (6.3), where t = 1/f is directly related
to the vortex hopping time th in a non-diffusive vortex motion process. During an
AC cycle, vortices move towards the sample center and in the opposite direction,
and th = 1/2f. With E at the sample edge, the average vortex velocity ν = E/μ0H,
and the vortex hopping length lh = Eth/μ0H. Figure 6.14a illustrates the t = 1/f
variation of ν and lh for Y11Pr4 in H = 500 Oe (hAC = 3 Oe) at T = 83.3 K, with a
time averaged lh = 163 nm. Due to the inter-diffusion between YBCO and PrBCO,
the superlattices have a dense point-like quenched disorder, and the above lh is larger
than the mean distance between the pinning centers.

As noted in Sect. 6.5, any influence of pinning becomes negligible for J above
Jd only, i.e., at f ≥ f0, where the flow of pinning-free vortices is present, with a
small viscous drag coefficient η0 = μ0Hc2Φ0/ρn [46] (10−7–10−6 Ns/m2 in YBCO
[45]). In the usually performed AC magnetic measurements (at f well below f0 and,
consequently, J < Jd), for a hopping length larger than the mean distance between the
pinning centers, a pinning-enhanced viscous drag coefficient η ∼ η0ρFF/ρ [51] has

Fig. 6.14 (a) The electric field E, the vortex velocity v, and the averaged vortex hopping length
lh at the sample edge (∼163 nm, the dashed line) versus t = 1/f (in log-log scales), for Y11Pr4 in
H = 500 Oe at T = 83.3 K (hAC = 3 Oe). (b) With E from (a) and J from the inset of Fig. 6.13,
the resistivity ρ = E/J ∝ 1/t, as indicated by the linear fit (the continuous line)
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to be taken into account. The viscosity increase is generated by successive pinning
and depinning events [52] during the main vortex hopping over lh. Owing to the
short pinning times involved in such events, the smoothing of the pinning potential
by thermally induced vortex fluctuations (see Sect. 6.4) is reduced, i.e., the pinning
centers remain active.

The bare activation energy barrier UAC at low H is obtained as the work for drag-
ging a vortex segment of length Leff over a distance lh by setting J = Jd, in the condi-
tions of a pinning-enhanced viscosity, which is ηνLefflh = Φ0LefflhJd. With a finite
J in the specimen, in the above approximation one has UAC = Φ0Lefflh(Jd − J).
Since UAC was extracted using the peak temperature Tp (at which the AC critical
state reaches the sample center, where E vanishes), one should consider an average
vortex hopping length lh ≈ lh/2, i.e.,

UAC = Φ0Lefflh (Jd − J ) . (6.9)

Obviously, (6.9) is similar to that from the linear model [50], but with lh playing
the role of the interaction length (instead of the pin radius, for example).

In the case of Y11P4 in H = 500 Oe and hAC = 3 Oe, with U0 from Fig. 6.12,
we obtained at T = 83.3 K an activation energy UAC(Jp) = 1.02 × 103 K. At the
same time, with Leff = 12 nm (11 YBCO unit cells), lh = 81.5 nm (Fig. 6.14a),
Jd = 8.4 × 105 A/cm2, and Jp = 1.68 × 105 A/cm2 (see Figs. 6.12a and 6.13,
respectively), (6.9) gives UAC(Jp) = 986 K, in agreement with the determined
UAC(Jp).

The time t = 1/f variation of the linear resistivity ρ from Fig. 6.14b is very
close to ρ(t) ∝ 1/t, which is an exact result for a self-organized AC critical state
[53]. This supports the logarithmic UAC(J) [leading to power-law dependent E(J)
curves], since for an inductive process one has, roughly, dJ/dt ∝ ρJ ∝ J/t [54], and
the linear ln(J) versus ln(t) plot from the inset of Fig. 6.13 becomes evident.

For YBCONDBZO (the relatively thick YBCO film, with embedded BZO
nanorods, grown on a nanodot-decorated STO substrate), the Arrhenius plot
included in Fig. 6.4 (H = 500 Oe, hAC = 3 Oe) leads to an apparent activation
energy U0(Jp) = 2.27 × 105 K, where Jp ∼ 2.2 × 104 A/cm2 was extracted with
(6.2). At T = 88.55 K, representing the peak temperature Tp for the highest used
frequency (f = 10 kHz in Fig. 6.4), with (6.4) one determines an activation energy
UAC(Jp) = 1.65 × 103 K. This value is unexpectedly high, as well, since the
considered temperature is very close to Tc = 89.2 K.

Figure 6.15a represents, in log-log scales, the time dependence of the induced
current density J at T = 88.55 K (H = 500 Oe, hAC = 3 Oe), obtained from
the measured m′(f ) in the full AC critical-state penetration domain. A linear fit
of the J(t = 1/f ) variation in the representation from Fig. 6.15a and (6.6) give a
characteristic pinning energy Uc = 1.58 × 103 K. With the determined UAC(Jp),
Uc, and J = Jp in (6.5), the dynamic critical current density Jd = 6.3 × 104 A/cm2

has been extracted.
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Fig. 6.15 (a) Time t = 1/f dependence of the current density J (in log-log scales) for YBCOND-
BZO (H = 500 Oe and hAC = 3 Oe) at T = 88.55 K = Tp(10 kHz) (see Fig. 6.4). The characteristic
pinning energy Uc = 1.58 × 103 K was obtained with (6.6), the dashed line representing a linear fit.
(b) The electric field E at the sample edge, the vortex velocity ν, and the vortex hopping length lh
versus t = 1/f, in log-log scales, for YBCONDBZO in H = 500 Oe and hAC = 3 Oe at T = 88.55 K.
The linear fit (the dashed line) gives the time averaged lh ∼ 169 nm

The m′(f ) data registered for the square-shaped film YBCONDBZO in
H = 500 Oe at T = 88.55 K (hAC = 3 Oe) supplies the electric field at the
sample edge,

E ∼ (l/4) (1 − D) dM ′/dt, (6.10)

where the square side l = 5 mm.
Figure 6.15b shows the time variation of E, ν, and lh, with the electric field at the

sample edge determined from (6.10).
The mean value of the vortex hopping length at the sample edge lh = 169 nm

overcomes the average distance between the pinning centers in YBCONDBZO (see
Fig. 6.1), even if we disregard the existence of BZO nanoparticles and other types
of quenched disorder usually present in YBCO films. In the above discussion about
UAC in superlattices, this aspect was only assumed.

It is worthy to note that the velocity of vortices in Fig. 6.14a, b (at usual
frequencies) is several orders of magnitude below the “thermal” velocity [55].

According to (6.9), the higher vortex activation energy UAC in YBCONDBZO
relative to that obtained for Y11Pr4 can result from a larger length of the hopping
vortex segment Leff (which is limited to ∼12 nm in the case of Y11Pr4). With the
parameters determined above at T = 88.55 K (H = 500 Oe, hAC = 3 Oe), i.e.,
UAC(Jp) = 1.65 × 103 K, Jd = 6.3 × 104 A/cm2, Jp = 2.2 × 104 A/cm2, and the
averaged vortex hopping length lh = 84.5 nm, (6.9) gives Leff = 318 nm. However,
the considered temperature value is very close to Tc, and Leff is certainly affected
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Table 6.1 The apparent vortex activation energy (in the low-T limit) U0(J = Jp) for Y11P4 and
YBCONDBZO at several H values

Sample, Jp\U0(H) U0(500 Oe) U0(5 kOe) U0(10 kOe) U0(30 kOe)

Y11P4
Jp = 1.68 × 105 A/cm2

2.33 × 104 K 9.7 × 103 K – –

YBCONDBZO
Jp = 2.24 × 104 A/cm2

2.27 × 105 K 8.24 × 104 K 5.8 × 104 K 2.64 × 104 K

The current density Jp (independent of H) is given by (6.2), with the AC field amplitude hAC = 3 Oe

by the Tc distribution in thick YBCO films. A similar analysis of the AC magnetic
measurements performed for YBCONDBZO in H = 2 kOe and H = 10 kOe (with
hAC = 3 Oe) leads to Leff(T = 88 K) ∼ 500 nm, and Leff(T = 87 K) ∼ 700 nm,
respectively, pointing towards a non-diffusive vortex motion during the AC cycle.

Finally, the values of the apparent vortex activation energy U0(J = Jp) deter-
mined for the thoroughly investigated specimens Y11P4 and YBCONDBZO at
several external DC fields H are included in Table 6.1.

6.7 Conclusions

In summary, the vortex activation energy UAC in the AC magnetic response of
superconductors at usual frequencies and amplitudes takes surprisingly high values
in the vicinity of the DC irreversibility line, especially at low DC magnetic fields.
This is essentially different from the behavior of the vortex-creep activation energy
in the vortex diffusion process at long relaxation time scales (the DC case),
suggesting a change in the thermally activated vortex hopping at short-time scales.
The large UAC around and even above the DC irreversibility line (in the pinned
vortex liquid domain) is consistent with the dynamic critical current density as the
relevant critical parameter for the AC magnetic response and is generated by a non-
diffusive, thermally activated vortex hopping during the AC cycle.

At least at low magnetic fields, the vortex hopping length is larger than the mean
distance between the pinning centers, and the pinning-enhanced viscosity of the
vortex system seems to be at the origin of the pinned vortex liquid. The viscosity
increase is generated by successive pinning and depinning events accompanying the
main vortex hopping during the half-period of the AC cycle. Owing to the short
pinning time involved in such events, the smoothing of the pinning potential by
thermally induced vortex fluctuations is reduced, and the pinning centers become
active.
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Chapter 7
An Atomic-Scale Perspective
of the Challenging Microstructure
of YBa2Cu3O7−x Thin Films

Bernat Mundet, Roger Guzmán, Elena Bartolomé, Andrew R. Lupini,
Steven Hartman, Rohan Mishra, and Jaume Gázquez

7.1 Introduction

The advent of high-temperature superconductivity has opened up a new frontier
in advanced power systems and high-field magnets. However, in the early days,
achieving high current densities in high-temperature superconductor (HTS) wires
was a fundamental problem. This was attributed to grain boundaries that act as weak
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links in these materials by drastically limiting the current flow. The work of Dimos,
Chaudhari, and Mannhart [1] provided a breakthrough to solve this grain boundary
problem; by measuring the critical current of YBa2Cu3O7−x (YBCO) thin films
deposited epitaxially on bicrystal substrates, which enabled control over the misori-
entation of grain boundaries in YBCO, they found that the critical-current density
Jc across the grain boundary falls exponentially on increasing the misorientation
angle of the grain boundaries. Their results suggested an alternative path to achieve
long wires with high Jc: texturing the HTS material biaxially so as to limit the
misorientation angle between adjacent grains to only a few degrees. This led to the
second generation (2G) of HTS wires, also called coated conductors, with promise
for bulk power transmission and magnet applications [2]. Nowadays, the epitaxial
thin film structure of these materials allows generation of record critical-current
densities observed so far in many high-temperature superconductors. Nevertheless,
critical-current densities, and therefore power applications, can be tremendously
boosted if nanostructured conductors with artificial pinning centers immobilizing
quantized vortices at high-temperature and magnetic fields are produced. To date,
all the proposed strategies for the preparation of nanostructured YBCO films
involves the use of a secondary non-superconducting phase [3–8] either to use its
normal-state volume or to generate defects within the matrix of YBCO that act as
localization centers for vortices, which are quanta of magnetic flux [9–16].

The strategies to induce vortex pinning consist of creating non-superconducting
regions—any defect that may break the crystallinity of the YBCO matrix—which
will oppose the movement of vortices. If the Lorentz force, J × B, on a vortex
exceeds the pinning force induced by a defect, the magnetic flux lines move
and generate resistive losses, thus limiting the critical current. Hence, achieving
efficient vortex pinning is crucial for the application of superconductors as loss-free
conductors in cables and in magnetic coils.

Furthermore, due to the very small coherence length ξ of YBCO (ξ ab ≈ 2 nm,
ξ c ≈ 0.4 nm), the range of defects that can pin vortices is vast: point-defect clusters,
dislocations, stacking faults, anti-phase boundaries, grain boundaries, voids, and
secondary phases. However, the localization of the vortices’ core at these insulating
regions is not the only effective vortex-pinning mechanism. Recent results have
pointed out the possibility that the formation of Cooper pairs might be quenched
under tensile strain, thereby, enabling another strategy to pin vortices in high-
temperature superconductors [17, 18].

Although YBCO has been long studied, the use of improved characterization
techniques has shed light on the complex defect landscape of YBCO thin films
and nanocomposites and unveiled the presence of previously disregarded defects
embedded in YBCO with peculiar electronic and magnetic properties. All the
defects shown herein may be found in any YBCO thin film, regardless of the
deposition and growth method used to fabricate it. We will pay attention to the
atomic structure of individual defects, the complexity of which can be shown in real
space and with atomic resolution using aberration-corrected scanning transmission
electron microscopy (STEM).
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Fig. 7.1 Simplified
schematic of an
aberration-corrected STEM.
The electrons are accelerated
in the gun; condenser lenses
are used to adjust the beam
current and beam coherence
and to couple to the
aberration corrector. The
objective lens focuses the
probe, which is scanned
across the sample by the scan
coils. The Annular Dark Field
detector 1 (ADF1) and 2
(ADF2) collect electrons
scattered to high and low
angles, respectively. The
removable Bright Field or
Annular Bright Field
Detectors (ABF) are located
at the center of the
microscope column, as well
as the electron energy loss
spectrometer (EELS)

The implementation of spherical aberration correctors in modern electron micro-
scopes has pushed their spatial resolution into the sub-Ångstrom regime and their
sensitivity for imaging and spectroscopy of both light and heavy elements. In an
aberration-corrected STEM, a schematic of which is shown in Fig. 7.1, an electron
probe is focused to a spot size of ∼1 Å and rastered over a very thin sample (5–
100 nm thick). The scattered electrons are then collected to form the image as a
function of the probe position over the sample. In addition, the use of post-specimen
lenses and multiple detectors allows the simultaneous collection of electrons that
are scattered to different angles, enabling the detection of complementary signals.
Probably the main benefit of the STEM configuration is that it is possible to obtain
the so-called Z-contrast image—with Z being the atomic number—which is formed
by collecting the electrons scattered out to high angles by placing a high-angle
annular dark field (HAADF) detector, ADF1 in Fig. 7.1. In this imaging mode,
the brightness associated to each atomic column is approximately proportional to
its Z2 number [19–21]. This imaging mode has two main advantages, the first is
that the resulting images are incoherent, which makes the simulation of the imaged
structure unnecessary and therefore the interpretation of the image straightforward
[22]. The second advantage is the possibility to form an image of point defects, as
it is going to be shown in this chapter. The wider probe-forming aperture available
after aberration correction gives a reduced depth of focus, making it possible to
optically section through a sample in a way similar to confocal optical microscopy
[23].
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As mentioned above, all the transmitted electrons in an STEM can be gathered
with different detectors, see Fig. 7.1, each one providing complementary informa-
tion, either as an image, if another imaging detector is used, or as a spectra, with
an electron energy loss spectrometer, which collects those electrons that have lost
some energy as a result of inelastic scattering from the sample, which are typically
deviated to low angles. Hence, we have combined High-Angle Annular Dark Field
(HADDF), Low-Angle Annular Dark Field (LAADF), and Annular Bright Field
(ABF) imaging modes with Electron Energy Loss Spectroscopy (EELS) in an
STEM, and complemented with X-Ray absorption spectroscopy (XAS), X-Ray
magnetic circular dichroism (XMCD), and density-functional-theory calculations
(DFT) to probe the atomic structure, the chemistry, the magnetic and the electronic
structure of the defects found in YBCO thin films.

7.2 The Structure of YBCO

To optimize superconductivity in cuprates, and YBCO in particular, several struc-
tural features are needed, resulting in a rather complex chemistry. First, copper
oxide planes are essential. These have a stoichiometry of CuO2 and form a corner-
connected square-pyramidal plane (gray arrows in Fig. 7.2a). Hence, cuprates are
described as layered perovskites. YBCO has two hole-doped CuO2 planes separated
by Y cations without allowing intercalation of O between Cu’s in adjacent planes.

Fig. 7.2 (a) Sketch of the orthorhombic YBCO unit cell. (b) Z-contrast, (c) ABF, and (d) contrast-
inverted ABF images, showing the YBCO crystal structure viewed along the [100] zone-axis
direction. Scale bars: 1 nm. Ba, Y, Cu, and O are represented with green, yellow, blue, and red
circles, respectively. The blue and red arrows signal two superconducting CuO2 planes and two
CuO chains, respectively. Data acquired at 300 kV on the aberration-corrected FEI Titan
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A larger cation, Ba supports apical coordination of a further oxygen to copper, and
provides connection to an additional CuOx layer, also referred to as Cu-O chains.
These CuOx layers are termed as a “charge reservoir” as they compensate for the
hole-doping of the CuO2 planes. In the orthorhombic phase, the Cu-O chains align
along the b axis and the oxygen occupies the so-called O(1) site, whereas the sites
on the a axis [O(5)] are empty.

Figure 7.2b shows a high-resolution Z-contrast image where the YBCO structure
is viewed along the [100] zone-axis orientation. As the brightness associated to each
atomic column is roughly proportional to its Z2 number, it allows distinguishing all
the heavy atomic species in the structure, the Ba, Y, and Cu cations. In addition, one
can simultaneously gather the electrons of the direct beam using an ABF detector,
which discards the central part of the bright field disk. Such a detector enables us to
visualize atomic columns composed of light atoms [24]. The ABF image displayed
in Fig. 7.2c and its inverse-contrast image in Fig. 7.2d reveals the oxygen sub-lattice
of YBCO. All O atoms belonging to the superconducting planes (blue arrows) are
not confined at the same basal plane as the Cu atoms that they are bonded to. They
are slightly shifted towards the Y cation, resulting in a rippling pattern with the Cu
atoms when moving along the basal direction, see Fig. 7.2d.

From the electronic point of view, undoped YBCO (if one lowers the O content to
6) becomes insulating and contains Cu2+ (d9 configuration) within the CuO2 sheets.
The uppermost 3d orbital is 3dx2−y2 and is singly occupied. This lone electron is
localized on Cu due to strong Coulomb repulsion and aligned antiferromagnetically
on the CuO2 plane. In the remaining Cu chains, the Cu1+ ion has a closed-shell
configuration (d10) and is insulating. The addition of O in YBCO introduces trivalent
Cu in the CuO2 planes, being divalent in the Cu-O chains. The holes are transferred
between them through the apical O(2) of the Ba-O plane [25]. Further hole-doping
increases Tc, which reaches its maximum at a O content of about 6.92 [26].

Thanks to the particular geometry of the STEM, one can characterize the
electronic structure of a compound with atomic resolution using EEL spectroscopy
[19], which gives information about the energy that the transmitted electrons lose
when they interact with the core electrons of the crystal, providing information of
the electronic energy states that remain empty being above the Fermi energy. In
perovskites, the O 2p- and transition metal 3d-states are strongly hybridized, as
they have similar energies and lay close to the Fermi level, which helps to probe
the metal-oxygen bond. In particular, the combination of STEM and EELS allows
for measuring the O-K and Cu-L edges with sufficient spatial and energy resolution
to distinguish the role of the superconducting planes and chains in real space, see
Fig. 7.3a. Following the dipole-selection rules, the O-K near-edge structure arises
from the excitations of the O 1s-electrons to the O 2p-states, whereas the Cu-L edge
results from the excitation of the 2p-electrons into the empty 3d-states. Thus, any
change in the electronic structure can be probed by studying the variations in the
fine structure of both edges. For instance, the onset of the O-K edge pre-peak is
observed to shift to higher energies when lowering the O content within the YBCO
structure [27, 28].
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Fig. 7.3 (a) The crystal structure of the orthorhombic YBCO unit cell with arrows to show the
Cu-O chain and the CuO2 plane from which the EEL spectra in (b) and (c) were acquired. (b)
Site-specific O-K edges associated to the chain (in red) and superconducting plane (in blue). (c)
Site-specific Cu-L edges associated to the chain (in red) and superconducting plane (in blue).
Data acquired at 100 kV on the aberration-corrected Nion UltraSTEM. (d, e) O-K and Cu-L XAS
spectra. All spectra were obtained from a YBCO nanocomposite with Ba2YTaO6 nanoparticles

Figure 7.3b, c show the O-K and the Cu-L edges from the superconducting planes
(in blue) and from the chains (in red), respectively. Both edges have been acquired
from a YBCO nanocomposite thin film and are compared with the macroscopic and
averaged X-ray absorption spectroscopy (XAS) data in Fig. 7.3d, e, respectively.
One can clearly resolve significant differences between the O-K and Cu-L spectra
in the chains and in the planes. Regarding the O-K edge, the most obvious is the
difference in energy of the onset of the O-K pre-peak, which is found at 527 eV in
the chains and at 528.5 eV in the planes, and their intensity, which is lower in the
planes. In addition, the central peak, located in the 534–540 eV range, is also shifted
to a higher energy in the planes.

The Cu-L edge fine structure also reveals differences between CuO2 planes and
Cu-O chains see Fig. 7.3c. At the chains, the L3 peak splits into the a and b peaks,
centered at 931.5 eV and 934 eV, respectively. A chemical shift towards higher
energies is observed in the Cu-L edge when the Cu oxidation state is reduced [29,
30]. Peak a is associated to a Cu oxidation state of (+2) whereas peak b is associated
to (+1). Therefore, the splitting of the L3 peak suggests that a mixture of Cu+1/+2
cations is present within the single-chain layers. On the other hand, the L3 peak
associated to the superconducting Cu atoms is mainly composed by peak a, as it
has an oxidation state of Cu+2. The O-K and Cu-L edges spectra shown here for a
nanocomposite film match extremely well with those obtained from a YBCO single
crystal [28], and prove that aberration correction STEM is able to image the real-
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space electronic structure in the planes and chains of YBCO thin films. This kind
of characterization may help understanding the changes in the electronic structure
with defects in YBCO with atomic resolution.

7.3 The Microstructure of YBCO Thin Films

Efficient and viable superconducting films require a fine balance between defects at
both nanoscale and mesoscale levels. As stated above, both YBCO lattice defects
and non-superconducting nanostructures can effectively pin the magnetic flux, thus
enabling high Jc under external applied magnetic fields. Indeed, one of the most
effective ways to enhance the physical properties of YBCO thin films is to introduce
secondary phase nanoparticles within the YBCO film. Barium perovskite nanoin-
clusions BaMO3 (M = Zr, Hf, Sn), double perovskites Ba2RETaO6 (RE = Y, Gd,
Er) and binary rare earth oxides RE2O3 (RE = Y, Dy, Ho) have been successfully
incorporated to YBCO epitaxial matrix by different deposition techniques leading
to nanocomposite films with improved flux-pinning properties [6–8, 18, 31–39].
However, one must consider that the embedded nanostructures reduce the current-
carrying cross section; therefore, the density, distribution, and separation among the
pinning centers are also critical to establish a balance between flux-pinning and
current-blocking. Understanding the influence of the nanoinclusions on the YBCO
texture and microstructure is thus essential for correlating the structure with its
superconducting properties.

The best way to visualize the complexity of a YBCO nanocomposite thin film
microstructure is by using an aberration-corrected STEM. Figure 7.4a, b shows
two low-magnification STEM images, acquired simultaneously, of a solution-based
YBCO nanocomposite with Ba2YTaO6 (BYTO) nanoparticles embedded within
the YBCO matrix [40]. The different contrast of these images is the result of
using different acquisition modes. Figure 7.3a is a traditional HAADF image, in
which the contrast ensues only from high-angle scattering of electrons. On the other
hand, the image in Fig. 7.4b is the result of collecting electrons scattered to lower
angles (LA). This LAADF imaging mode allows one to image contrast related to
defects, i.e., deformations of the atomic columns that lead to a dechanneling of
the incident electron beam [41, 42]. HAADF or Z-contrast STEM imaging is ideal
for describing and identifying defects in such a highly distorted YBCO matrix, as
resulting incoherent images provide almost direct interpretation; they do not suffer
from contrast reversal due to the strong dependence on thickness and defocus in
conventional phase-contrast TEM imaging [21]. At the same time, LAADF imaging
allows for detecting the strain fields along defects and the distortions associated to
them.

These images show that, apart from the secondary phases embedded within the
superconductor matrix, the YBa2Cu4O7 (Y124) intergrowth is the most common
and most widespread structural defect in YBCO nanocomposite films, which shares,
basically, the same structure as YBCO with the addition of a second CuOx layer,



196 B. Mundet et al.

Fig. 7.4 Comparison between the microstructure of a pristine YBCO film and a YBCO-6% BYTO
nanocomposite film. (a, b) and (c, d) are simultaneously acquired HAADF and LAADF low-
magnification images, respectively. Data acquired at 300 kV on the aberration-corrected FEI Titan.
Adapted from [13]

instead of one [43, 44], as shown in Fig. 7.5. Comparing the HAADF and LAADF
images, one can realize that the introduction of secondary phase nanoparticles
within the YBCO layer dramatically increases the number of these planar defects,
which appear as dark stripes in the HAADF imaging mode and brighter in LAADF
images. In addition, due to the presence of BYTO nanoparticles and the numerous
intergrowths, the focus is lost in several parts of the image, revealing a highly
distorted YBCO matrix, which accounts for strain-induced contrast as observed in
the LAADF image in Fig. 7.4d.

The presence of an extra CuO chain in the YBCO lattice introduces a 1.9 Å
increase along the c-axis and a non-conservative stacking fault with a displacement
vector of [0, b/2, c/6] [44], which shifts the two parts of the structure on either side
of the fault laterally by 1/2 b when viewed along the [100] direction, as shown in
Fig. 7.5a, b. Accordingly, the Cu atoms in this double Cu-O chains have a triangle-
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Fig. 7.5 High-resolution Z-contrast images of an isolated Y124 intergrowth embedded within the
YBCO crystal structure, which are viewed along either the (a) [100] or, (b) and (c) [010] zone-
axis directions. The edge of this planar defect, composed by a partial dislocation, is viewed in
(c) (yellow arrow). The YBCO structure is sketched with green (Ba), yellow (Y), and blue (Cu)
circles. Scale bars: 1 nm. Image acquired at 300 kV on the aberration-corrected FEI Titan

shaped atomic arrangement when viewed along the [100] zone axis, while they lay
head-to-head when viewed along the [010] zone axis. When this double Cu-O chain
occurs as a single layer with a finite lateral extent, it is structurally analogous to
a Frank loop dislocation, i.e., an extrinsic stacking fault surrounded by a partial
dislocation, see Fig. 7.5c.

The genesis of the Y124 intergrowths—which appear not only in YBCO
nanocomposites but in all YBCO thin films, regardless of the growth method used—
is expected to be linked to stress-related effects and stems from the fundamental
crystal structure of YBCO superconductors, which have a marked two-dimensional
behavior, which in turn determines their structural anisotropy and superconducting
properties. Such anisotropy also affects the evolution of crystallographic defects,
hindering the creation of correlated defects perpendicular to the superconducting
CuO2 planes. A common way to dissipate this strain energy is through the
generation and growth of dislocations. However, dislocations in YBCO mostly
belong to the glide systems [100](001), [010](001), and <110>(001), i.e., they are
confined to the basal plane [45]. Given the large lattice parameter of YBCO along
the c-axis (cYBCO = 11.68 Å), such dislocations have a large energy associated with
them—as the formation energy of a dislocation is proportional to the square of its
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Burgers vector—essentially barring their formation. Alternatively, YBCO develops
Y124 intergrowths as stacking faults parallel to the (001) plane by the insertion
of an extra Cu-O atomic layer. As mentioned before, Y124’s boundary may be
considered as a partial dislocation with a Burgers vector [0, 1/2, 1/6] [46], that
is, a dislocation with both in- and out-of-plane components. Hence, as in other
cubic and tetragonal perovskites [47], the appearance of Y124 intergrowths can be
considered a mechanism by which the stress is relieved; an analogous situation to
the nucleation of intergrowths at grain boundaries and Y2BaCuO5-YBCO interfaces
in melt-textured materials [48, 49].

In the particular case of metal-organic deposited YBCO films, Y124 planar
defects are usually prevalent. In solution-derived nanocomposites, epitaxial YBCO
nucleation and growth is delayed compared with nucleation and growth of the
randomly distributed nanoparticles [9, 50]. Hence, stress is built up as YBCO
encounters obstacles, such as randomly oriented nanoparticles [11, 13, 18, 51],
during the growth process. On the other hand, in physical growth methods, such
as pulsed laser deposition (PLD) and sputtering, both the YBCO and the secondary
phases grow at the same time, and the interface between them is coherent or semico-
herent. In this case, the elastic strain is mainly accommodated by the nanoparticles
or the nanorods with misfit dislocations, interface distortions, and oxygen vacancies
although limited to few unit cells [10, 15]. However, the appearance of Y124
intergrowths has also been reported when the mismatch or the concentration of
secondary phases is high [8, 15, 16]. Therefore, by modifying the deposition
technique one can ensure different microstructures, rendering dramatic changes in
the flux-pinning mechanism: while films grown by PLD usually show directional
effects in Jc, solution-derived composites exhibit a characteristic isotropic pinning
behavior [9, 36, 52]. Regardless of the deposition technique, the presence of Y124
intergrowths within the YBCO films is highly desirable because they play an
important role in vortex pinning, as their shape and size, as well as the strain
generated around the associated partial dislocations at their boundaries, affect the
flux-pinning and the critical current carried by the superconductor [9, 50, 53–56].

The larger amount of Y124 intergrowths and the presence of secondary phases
within the nanocomposite films strongly affect another common defect in YBCO
superconductors, twin boundaries (TB). Such defects appear to relieve the spon-
taneous strain that arises during the tetragonal-to-orthorhombic transition, which
takes place during the last stage of the growth process, the oxygenation step [57]. In
a defect-free environment, TBs can extend up to its critical twin-spacing, which is
controlled by the film thickness and substrate constraints. In a 300 nm-thick YBCO
film, the spacing between twins is around 100 nm [11, 58]. However, in the presence
of Y124 defects the vertical TB coherence is broken. Figure 7.6a shows a Z-
contrast image of a nanocomposite film, while Fig. 7.6b shows the εxx deformation
tensor map ensuing from the {100} Bragg reflection. This deformation map has
been generated using the Geometrical Phase Analysis (GPA) software, which is
extremely useful for strain determination, as it is able to extract local displacements
and rotations of atomic planes from the Fourier analysis of a high-resolution lattice
image [59]. Here, [100] and [010] domains can be unambiguously distinguished



7 An Atomic-Scale Perspective of the Challenging Microstructure. . . 199

Fig. 7.6 (a) Low-magnification Z-contrast image of a YBCO-10% Y2O3 nanocomposite pre-
senting a high density of Y124 defects, visible as dark stripes. Image acquired at 300 kV on
the aberration-corrected FEI Titan. (b) εxx deformation map showing in colors (red and green)
different deformation values, corresponding to the [100] and [010] twin domains. Notice that the
twin coherence is broken along the film, thus denoting the strong structural interaction between
both defects. (c, d) Sketches illustrating crystal twinning in highly faulted orthorhombic YBCO.
Y124 intergrowths are shown in blue. (e) Angular dependence of Jc at 9 T for a standard YBCO
film (closed symbols) and a nanocomposite (open symbols) at 10 K (red) and at 65 K (green).
Adapted from [11]

by GPA due to the existing differences between a and b cell parameters in the
orthorhombic phase of YBCO (a = 0.382 nm; b = 0.388 nm).

The higher density of defects produces a strong variation of the twin-spacing
and a break in the twin boundary coherence; see the sketches in Fig. 7.6c, d. This
scenario changes the understanding of TBs in nanocomposites, as they can act as
pinning sites or as flux channels. The reduction of the TB vertical coherence has
a relevant effect on precluding vortex channeling at low temperatures and thus
avoiding a suppression of Jc for fields parallel to the c-axis (θ = 180◦ in the image)
[11, 58], see Fig. 7.6e.

The interaction between TBs and Y124 intergrowths is strain mediated, that
is, the partial dislocation and its associated distortions constitute a barrier for
propagation of the TB. This strain, as it changes the microstructure of the YBCO
films, also transforms the pinning landscape of the nanocomposites. The localization
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of the vortices’ core at insulating regions (provided their dimension is in the range of
the coherence length ξ ) is not the only effective vortex-pinning mechanism; tensile
strain can also quench the formation of Cooper pairs and constitute another effective
pinning mechanism in high-temperature superconductors [17, 18, 60].

Although the combination of high-angle and low-angle ADF STEM images is
an easy and straightforward method to visualize the nanoscale lattice deformations
present in the YBCO matrix—that are associated to defects and nanoparticles—one
needs to quantify the lattice deformation in order to infer the effectiveness of the
partial dislocations associated to the Y124 intergrowths as a vortex-pinning site [17,
60], which can be done using GPA analysis. The Z-contrast image in Fig. 7.7a shows
the presence of a Y124 intergrowth in an almost defect-free YBCO region, whereas
Fig. 7.7c, d show the corresponding εxx and εyy deformation maps, respectively.
The most evident lattice deformation is observed in the εyy map surrounding the
partial dislocation core, which gradually vanishes away from the dislocation core,
see Fig. 7.7d. On the other hand, the εxx map shows a +1.4 ± 1.1% tensile
deformation located right at the partial dislocation core, suggesting localized strain-
induced pair suppression in YBCO, and thus constituting an effective vortex-pinning
center [17]. The same occurs in Frank sessile dislocations, which are formed when
a twin boundary crosses a Y124 intergrowth, as shown in Fig. 7.8a, b. The εxx

GPA deformation map of the Z-contrast image shows two crystal domains, [010]
domain in green and [100] domain in red, in addition to the compressive and tensile
deformations around the dislocation core, signaled with an arrow. Since the Y124
structure involves the addition of an extra Cu-O chain and a structural shift of 1/2b0,
a linear defect that separates the two crystal orientations must be present, this is a
dislocation along the twin boundary plane, i.e., <100>YBCO [13].

Fig. 7.7 (a) Z-contrast image of YBCO with a single isolated intergrowth. Image acquired at
300 kV on the aberration-corrected FEI Titan. (b) Fast Fourier Transform showing the Bragg
reflections, {100} and {003}, used to generate the GPA deformation maps. (c, d) εxx and εyy
deformation maps along [100]YBCO and [001]YBCO directions, respectively. The marked region
in (a), the Z-contrast image is the reference lattice. (e) Sketch of the YBCO structure showing the
two spacings that appear in the εyy deformation map. Adapted from [13]
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Fig. 7.8 (a, b) Show a Z-contrast image of an isolated Y124 intergrowth and its corresponding
εxx GPA deformation map of the Z-contrast image. The two twin domains are shown in red and
green colors. Image acquired at 300 kV on the aberration-corrected FEI Titan. The {100}YBCO
Bragg reflections are used for computing the GPA map. Inset is a detailed image of the Frank
sessile dislocation with a 1/2 [110] Burgers vector and a (001) glide plane located between the two
CuO layers. The Y124 structure is illustrated in the image along [100] and [010] zone axes, where
Green = Ba, Yellow = Y, Blue = Cu, and Red = O. The yellow symbol marks the position of the
dislocation. Adapted from [13]

7.4 The Y124 Intergrowth: A Burst of Changes

As already mentioned, the presence of Y124 intergrowths is highly desirable
because they play an important role in vortex pinning. However, it may be argued
that the extra amount of Cu that would be needed for their formation would lead to
a local Cu off-stoichiometry, as both the solution precursors and the targets (used
in magnetron sputtering or pulsed laser deposition techniques) employed in YBCO
synthesis have an exact 1:2:3 stoichiometry for Y, Ba, and Cu. The situation worsens
in the case of YBCO nanocomposites, where the introduction of secondary phases
within the layer may render a huge increase of Y124 intergrowths. For instance, this
Cu off-stoichiometry could affect the critical temperature (Tc) of all the films that
present a huge amount of these intergrowths, although, this detrimental effect has
not been reported, being the Tc ∼90 K in these defective films, which is similar to
the pristine YBCO films. The reason, as it will be shown below, is that the system
balances this deficiency of Cu by forming Cu and O vacancies buried within the
very same intergrowth [12], thus preventing the stoichiometry catastrophe.
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Fig. 7.9 (a) Z-contrast image of two Y124 intergrowths viewed along the [010] zone-axis
direction. The Ba, Y, and Cu atomic columns are represented with green, yellow, and blue circles,
respectively. Scale bar: 2 nm. Image acquired at 300 kV on the aberration-corrected FEI Titan. (b)
Cu (red) and (c) O (green) EELS compositional maps. Each image displays, from left to right, the
ADF simultaneous image, the EELS compositional map and the row-averaged EELS signal profile.
The arrows point to the Y124 intergrowth position. Data acquired at 100 kV on the aberration-
corrected Nion UltraSTEM. Adapted from [12]

Figure 7.9a shows a Z-contrast image of the YBCO phase with two Y124
intergrowth defects, each one viewed along the [010] zone-axis direction. The
contrast within the double Cu-O chains randomly varies along the basal direction,
with a lower brightness at some Cu columns. This lowering of intensity is ascribed to
the presence of pairs of Cu vacancies (VCu) [12]. In Fig. 7.9b, c, the Cu and O EELS
compositional maps are displayed as red and green color maps, respectively. The
vertical profiles correspond to the relative atomic composition (Cu and O) depth-
profiles, which are obtained by summing the intensities of each row in the map.
In the double-chain (marked by red and green arrows), both the Cu and O signals
are observed to be lower than in the single-chain positions, pointing towards the
presence of complex Cu-O vacancies.

DFT calculations allowed for estimating the stability of different vacancy
configurations by comparing their formation energies at 0 K. A supercell structure
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Fig. 7.10 (a) Illustration of the Y124 crystal structure. The pink, orange, black, and magenta
circles indicate some of the crystallographic sites where single VCu and clusters of VCu + VO
have been tested using DFT calculations. The Ba, Y, Cu, and O atomic columns are represented
with green, yellow, blue, and red circles, respectively. (b) Formation energy associated to the
specific vacancy configuration represented in (a) at 0 K. (c) Z-contrast image with the isosurface
plot of the spin density showing the magnetic moment associated with a 2VCu + 3VO defect in
Y248. Image acquired at 200 kV on the aberration-corrected Nion UltraSTEM. (d) Cu L2,3 edge
(top) background-subtracted XAS and (bottom) XMCD spectra measured at 6 T, 1.6 K in normal
incidence (θ = 0◦) for the standard YBCO thin film in Total Electron Yield (TEY) mode. Scale
bar: 1 nm. Adapted from [12]

composed by a Y2Ba4Cu8O16 (Y248) stoichiometry containing Cu-O double-
chain layers instead of Cu-O single chains was used [12], which is represented in
Fig. 7.10a. The formation energy of most relevant defects obtained from the DFT
calculations is summarized in the table of Fig. 7.10b. The most favorable vacancy
configuration—that also matches with the EELS experimental data—corresponds
to the case where two Cu vacancies are accompanied with three oxygen vacancies
(2VCu + 3VO, purple in Fig. 7.8a), with one O vacancy located in the upper Cu-
O chain and two in the lower one. DFT also allowed insights into the effect of
these complex defects on the electronic and magnetic properties of the system in
the metallic phase. The most striking effect is the fact that the O-decorated Cu
vacancies give rise to a finite magnetic moment of ≈2.2 μB per 2VCu + 3VO
defect cluster [12]. Figure 7.10c shows an isosurface plot of the spin density around
one such defect cluster. Notice that the magnetization extends to the neighboring
CuO2 planes, which implies that the defect structure also provides an extra vortex-
pinning contribution, since the magnetic vortices formed by flux lines should find
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it favorable to go through this non-superconducting and magnetic defect with
nanoscale dimensions.

X-ray magnetic circular dichroism (XMCD) at the Cu L23 edge was used
to experimentally prove the existence of the predicted magnetic moment associ-
ated with these complex defects. XMCD experiments were performed in Total
Electron Yield (TEY) detection mode on two samples, a pristine YBCO film
and a YBCO + BYTO nanocomposite thin film, both of which exhibited a
high Y124 intergrowth concentration within the superficial TEY probing depth
(∼6 nm). XMCD is an element-sensitive technique which involves recording the
difference between the X-ray absorption for left- and right-polarized photons.
If the Cu-XMCD difference is non-zero, it suggests the presence of magnetic
moments on the probed atoms, which in this case is Cu. This is demonstrated in
Fig. 7.10d, which shows a dichroic signal obtained in a YBCO film measured at
6 T and at a temperature of 1.6 K. Both samples, the pristine YBCO film and
the YBCO + BYTO nanocomposite, displayed qualitatively similar Cu L2,3 edge
fine structure and dichroic spectra. The XMCD as a function of the magnetic field
dependence displayed a superparamagnetic behavior even below Tc, which was
assigned to the presence of the complex 2VCu + 3VO defects with an associated
cluster ferromagnetic moment [12]. The same superparamagnetic signal has been
detected in hybrid YBCO nanocomposites thin films, allowing to propose a model in
which the magnetism of Cu atoms in superconducting YBCO films can be explained
in terms of a superparamagnetic behavior of isolated ferromagnetic clusters, even
below Tc [12, 61]. The fact that these defect clusters are found in large numbers in
YBCO nanocomposites, which show at the same time an enormous enhancement
of vortex-pinning efficiency, makes one wonder if this novel behavior plays a role
in efficiently pinning vortices. Thus, they are an excellent playground to investigate
the interaction between superconducting vortices and ferromagnetic clusters at low
temperatures.

DFT calculations revealed that the 2VCu + 3VO defect is more stable under
low oxygen pressures, precisely the conditions under which the YBCO films are
grown [12]. Therefore, one would expect that the single crystals, which are grown
under higher oxygen pressures, did not present the most favorable conditions for
the formation of the Cu divacancies. However, STEM analyses of a single crystal
revealed the existence of both Cu and O vacancies within the Y124 intergrowths.
The low-magnification image shown in Fig. 7.11a evidences that the presence of
Y124 intergrowths is restricted to only a few nanometers below the surface of the
single crystal, while the high magnification image shown in Fig. 7.11b demonstrates
the existence of Cu divacancies within the intergrowths. Interestingly, the Cu-
XMCD measurements in TEY (surface) mode from the very same sample presented
a robust dichroic signal of about 5%. These results prove that whenever the Y124
intergrowths are present in YBCO there are Cu divacancies buried in them with an
associated magnetic moment.

Furthermore, in order to attest the DFT-predicted structure of the 2VCu + 3VO
defects, one can use the ABF imaging mode, which is able to probe all the atomic
sub-lattices. Figure 7.12a, b, respectively, show the Z-contrast and the ABF images
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Fig. 7.11 (a) Z-contrast image of a YBCO single crystal. (b) Higher magnification Z-contrast
image of the surface of the crystal showing a large concentration of Y124 intergrowths. A region
with a visible concentration of Cu vacancies is marked with a yellow circle. Data acquired at
200 kV on the aberration-corrected Nion UltraSTEM. (c) Cu L2,3 edge (top) background-subtracted
XAS and (bottom) XMCD spectra measured at 6 T, 1.6 K in normal incidence (θ = 0◦) for the
YBCO single crystal obtained under TEY mode

Fig. 7.12 (a) Z-contrast, (b) ABF, and (c) contrast-inverted ABF images of an isolated Y124
intergrowth viewed along the [100] zone-axis direction. The DFT-simulated structure is super-
imposed in (c). The inset shows two horizontal intensity profiles measured along the upper (red)
and lower (blue) Cu-O double-chains. Although not shown, the substrate is located downwards
and defines what is called upper and lower Cu-O chains, with the lower chain being closer to the
substrate. The Ba, Y, Cu, and O atomic columns are represented with green, yellow, blue, and red
circles, respectively. Scale bars: 0.5 nm. Data acquired at 200 kV on the aberration-corrected Nion
UltraSTEM
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of the YBCO lattice with an isolated Y124 intergrowth along the [100] zone
axis. The inverted ABF image, Fig. 7.12c, unveils clearly the oxygen sub-lattice
and shows a perfect match with the DFT-predicted structure. In particular, the
experimental image shows that the relative O content of both Cu-O planes of the
Y124 intergrowth is different. The lower Cu-O chain (blue arrow in Fig. 7.12c)
contains more O vacancies, therefore, has a lower O atomic column intensity, as
shown in the horizontal trace of the intensity profiles along the two Cu-O chains
of the intergrowth, see inset of Fig. 7.12c. Remarkably, this uneven distribution
of oxygen vacancies is general, as the lower Cu-O plane of the intergrowth (the
one closer to the substrate, which is located at the bottom of the image, although
not shown) always presents a lower content of oxygen. This suggests that the
distribution of oxygen vacancies is dictated by kinetic effects, during the layer-by-
layer bottom-to-top growth process. In addition, a careful inspection of the Ba-O
plane right under the double Cu-O chain shows that some of the apical oxygens,
those in the O(2) site, are slightly shifted upwards as well, resulting in a rod instead
of a round atomic column in the contrast-inverted ABF image, which was also
predicted by DFT calculations; see the sketched structure of the inset in Fig. 7.12c.

Yet, Y124 intergrowths hold in store more surprises, as subtle structural changes
occur around them. Figure 7.13a–c show a high-resolution Z-contrast image of the
YBCO matrix with two Y124 intergrowths, the out-of-plane spacings map between
the heaviest cations (Y and Ba) and the averaged profile across the intergrowths,
respectively. Notice that the profile distinguishes three different spacings: the Y–Ba,
the Ba–Y, and the Ba–Ba spacings. These results show that close to the intergrowth
the Ba–Y spacing is smaller than the Y–Ba spacing, as represented in Fig. 7.13d;

Fig. 7.13 (a) Atomic resolution image of YBCO lattice with two Y124 intergrowths imaged along
the [010] orientation. (b) Y–Ba, Ba–Y, and Ba–Ba out-of-plane spacings calculated from (a). (c)
Y–Ba, Ba–Y, and Ba–Ba averaged spacing profile of (b). (d) higher resolution Z-contrast image of
YBCO showing the Y–Ba and Ba–Y spacings. Scale bar: 1 nm. Data acquired at 300 kV on the
aberration-corrected FEI Titan
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whereas farther from the intergrowth (>5-unit cells) the spacings become equal and
recover the expected value for defect-free YBCO.

What is the cause of such striking result? ABF imaging of the YBCO matrix in
the presence of a Y124 intergrowth, as shown in Fig. 7.12, gives the answer to this
question. In the inverted ABF image, see Fig. 7.12c, the O columns located within
the BaO(1) plane that is present above the fault (orange arrow) appear brighter than
those belonging to the lower BaO(2) plane (blue arrow). It should be noted that
the difference in contrast between the BaO(1) and BaO(2) planes evidences that
the latter contain oxygen vacancies, and also that of the two BaO planes that are
present within the YBCO unit cell, the BaO(1) one is always closer to the film’s
surface. Although anticipated in previous results [62–65], this constitutes the first
direct experimental observation of apical oxygen vacancies (VO

BaO) in the BaO
plane.

The presence of VO
BaO is linked to the Y124 intergrowths as these vacancies are

absent farther from the intergrowths. Independent of the growth process used, and
even for the YBCO single crystals, VO

BaO oxygen vacancies appear in every other
Ba-O plane close to the intergrowths, which rules out the origin of these vacancies
to the strain induced due to lattice mismatch of YBCO with a substrate. Instead,
their existence seems to be related to the local strain generated when an extra Cu-O
plane is added once a YBCO intergrowth is generated [to be published].

The stability of the VO
BaO has also been studied by DFT calculations. The plot

in Fig. 7.14 shows the formation energy of apical or planar oxygen vacancies for
varying concentrations, relative to the energies of the well-known VO

CuO. VO
CuO is

more favorable at high vacancy concentrations because multiple vacancies can order
along the chains, which stabilizes them. However, in the optimal doping region,

Fig. 7.14 Left panel, sketch of the YBCO unit cell with the position of the oxygen vacancies
painted in different colors. Right panel, a plot of the formation energy of oxygen vacancies in
different crystallographic sites as a function of vacancy concentration per formula unit (f.u.). The
energies are calculated relative to the most stable ordering of VO

CuO at that concentration
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VO
BaO and VO

CuO have nearly identical formation energies, indicating that they are
equally likely to form. The formation energy increases when the VO is placed in
the superconducting planes, indicating that planar vacancies should not be present
in large numbers. These theoretical calculations are in excellent agreement with the
experimental observations.

Obviously, the presence of VO
BaO will trigger structural distortions that can

also be identified using the ABF imaging mode. Figure 7.15a shows a contrast-
inverted ABF image of the YBCO lattice surrounding two Y124 intergrowths. A
higher magnification contrast-inverted ABF image, shown in Fig. 7.15b, unveils,
at first glance, the structural changes that take place in the oxygen sub-lattice. The
oxygen atoms of the superconducting planes are shifted towards the Y cation in the
undistorted structure, forming a rippling pattern with their neighboring Cu cations.
This rippling is clearly identified in the superconducting plane that is farther away
from the Ba-O plane containing oxygen vacancies. However, this rippling almost
disappears in the upper superconducting plane. In addition, the apical oxygen atoms
located in the Ba-O planes containing oxygen vacancies are shifted upwards, and
as a result, the spacing between the Cu lying in the superconducting plane and its
nearest apical oxygen (δap) is greater than the lower one. These distortions modify
the Cu-O bondings, in particular the in-plane and the apical oxygen height of the

Fig. 7.15 (a) High-resolution contrast-inverted ABF image of a region in a YBCO thin film
containing two Y124 intergrowths, signaled with blue arrows. Scale bar: 1 nm. The orange
rectangular area is magnified in (b). The Ba, Y, Cu, and O atomic columns are represented with
green, yellow, blue, and red circles, respectively. The change in the Cu–O–Cu angles is marked in
yellow. The red arrow signals the upward shift of the apical oxygen. Data acquired at 200 kV on
the aberration-corrected Nion UltraSTEM
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superconducting planes, and will affect the electronic structure of the YBCO, and
thus a detailed theoretical study of the electronic states locally around these defects
is required.

7.5 Summary

Abraham Lincoln once said, “It has been my experience that folks who have no
vices have very few virtues.” This bit of wisdom applies equally well to defects
in materials. Defects are generally seen as detrimental to their functionality and
applicability, however, in some complex oxides, they present an opportunity to
enhance particular properties. A paradigmatic example is the high-temperature
superconductor YBCO, in which defects play an essential role in pinning quantized
magnetic vortices and preventing energy losses. As not all defects are effective, it
is necessary to have a high degree of understanding of their structure, chemistry as
well as of how defects behave and interact within the YBCO matrix. This is achieved
by a combination of microscopic experiments and first-principles calculations.

In this chapter, it has been shown that by using a combination of aberration-
corrected scanning transmission electron microscopy (STEM), electron energy
loss spectroscopy (EELS), density-functional-theory (DFT) calculations and X-ray
magnetic circular dichroism (XMCD), one can shed light on the complex defect
landscape of YBCO thin films and nanocomposites and unveil the presence of
previously disregarded defects embedded in YBCO, as well as measure their effect
on the atomic spacings, hence quantifying strain at the unit-cell level, allowing the
description of peculiar electronic and magnetic properties.
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Chapter 8
Growth, Properties, and Device
Fabrication of Iron-Based
Superconductor Thin-Films

Hidenori Hiramatsu and Hideo Hosono

8.1 Introduction

In 2006, the bulk superconductivity at a critical temperature (Tc) of ∼4 K was
reported in LaFePO [1] through a comprehensive study on electric and magnetic
functionality in 3d transition metal-based quaternary oxypnictides (RETMPnO,
where RE = rare earth, TM = 3d transition metal, and Pn = pnictogen) with
the ZrCuSiAs-type layered crystal structure, which was inspired by an exhaustive
research on wide band-gap p-type semiconductivity and room-temperature-stable
exciton (i.e., electron–hole pair with large binding energy) in monovalent copper-
based oxychalcogenides, RECuChO (Ch = chalcogen) [2, 3] because novel and
unique magnetic functionality originating from strong d–p orbitals interaction was
expected in RETMPnO due to not only crystal structural but also electronic two-
dimensional structures in this material family. Through the comprehensive study on
RETMPnO, the bulk superconductivity at ∼3 K of LaNiPO was also found in 2007
[4]. However, both the Tc were as low as around 4 K.

Then, Kamihara et al. reported the bulk superconductivity at 26 K in fluorine-
doped LaFeAsO in 2008 [5]. In this case, the parent (i.e., undoped) LaFeAsO
is an antiferromagnetic metal, not a superconductor. Electron carrier doping by
substitution of fluorine ions at oxygen sites suppresses and vanishes the long-range
magnetic ordering in the parent, and then emerges its high-Tc superconductivity.
This first report on an iron-based high-Tc superconductor gave a strong impact
to the superconductivity research community because not only its high Tc and
paring mechanism were quite unique [6] but also iron metal (Fe) with a large
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magnetic moment was believed to be harmful to inducing superconductivity due
to the competition between the static ordering of electron spins and the formation
of electron pairs (i.e., Cooper pairs). Through worldwide subsequent explorations
of other iron-based and related materials [7], a lot of new superconductors have
been discovered, and the maximum Tc of the iron-based family has reached 55 K of
electron-doped SmFeAsO [8, 9] that is the second highest Tc at ambient pressure,
next to high-Tc cuprates, among all superconductors. Replacement of La with Sm is
thought to be “chemical pressure” effect because ionic radius of Sm is much smaller
than that of La due to the lanthanide contraction.

In this chapter, we overview and introduce related materials and their super-
conducting properties, and the progress and current status of the growth and
performance of thin films as well as the devices such as Josephson junctions
and coated conductors. Corresponding perspectives are also discussed for practical
application of this new class superconductor family.

8.2 Materials

Several tens of superconducting layered iron-based pnictides and chalcogenides
have been reported. These materials contain a common local structure of a square
lattice of Fe2+ with tetrahedral coordination with Pn or Ch. Figure 8.1 is a summary
of the crystal structures of the parent materials. To date, six parent compounds
are known, and each crystal structure can be derived from the insertion of metals
and/or building blocks between the edge-sharing FePn4(or Ch4) layers. Because the
Fermi level of each parent compound is primarily governed by five Fe 3d orbitals,
iron plays a critical role in their superconductivity. This observation is in sharp
contrast to that in high-Tc cuprate superconductors, in which only one 3d orbital
is associated with the Fermi level. In addition, iron-based superconductors have
tetragonal symmetry in the superconducting phase, are Pauli paramagnetic metals
in the normal state, and then undergo crystallographic/magnetic transition from the
tetragonal to orthorhombic or monoclinic phase with antiferromagnetism at low
temperatures. The exceptions are 11- and 111-type compounds exhibiting Pauli
paramagnetism and 245-type compounds exhibiting antiferromagnetic insulating
properties.

The superconducting properties are summarized in Table 8.1 for each parent
material (see [6] for more detail). For comparison, those of representative metallic
and cuprate superconductors are summarized in Table 8.2. The six parent phases
mentioned above provide not only diverse relationships between superconductivity
and magnetism, but also a large platform for research on superconducting thin films
and devices. Superior superconducting properties such as a high Tc = 20–55 K and
a large upper critical magnetic field (Hc2) > 50 T seem to be appropriate for wire,
tape, and coated conductor applications for ultrahigh performance magnets, which
has been practically used in magnetic resonance imaging systems. In addition, iron-
based superconductors significantly differ from cuprates; the parent compounds of
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Fig. 8.1 Crystal structures of six parent materials of iron-based superconductors. For example,
LaFeAsO and BaFe2As2 are called 1111- (eleven eleven) and 122- (one two two) types according
to the chemical composition ratios of constituent elements. Each material has a common local
structure, which governs the superconductivity, of edge-sharing FeAs4 or FeCh4 tetrahedra layers
(painted by light blue). The layers alternately stack along the c-axis

iron-based superconductors are “poor (bad)” metals in normal states and exhibit
superconductivity in a tetragonal symmetry, whereas those of cuprates are Mott
insulators and exhibit superconductivity in an orthorhombic symmetry. It should be
noted that the iron-based superconductors have lower magnetic anisotropy factors
(γ ) in the superconducting properties than those of cuprates [the 122- and 11-type
compounds have particularly low anisotropy (1–2)]. Moreover, the intrinsic nature
of superconductivity in iron-based superconductors differs from that in cuprates;
the former has a multi pocket structure on a Fermi surface and a higher symmetric
order parameter (s-wave), but the latter has d-wave pairing although cuprates and
iron-based superconductors have several features in common, including a layered
crystal structure, superconductivity induced by carrier doping of parents, and the
presence of competing antiferromagnetic orders.
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Table 8.1 Superconducting properties of six parents of iron-based superconductors

Hc2
//ab and Hc2

//c are upper critical magnetic fields along ab-plane and c-axis, respectively.
Anisotropic factor γ is defined as γ = (mc/mab)1/2 = ξab/ξ c = Hc2

//ab/Hc2
//c, where m and ξ

are effective mass and coherence length, respectively

Table 8.2 Summary of properties of conventional superconductors

Material Tc (K) Hc2
//ab (T) Hc2

//c (T) γ Application

Nb 9.25 0.4 – SQUID, sensor, SFQ circuits
Nb-Ti 9.08 15 – Coils, magnets, etc.
Nb3Sn (called A15) 18.3 29 – Coated conductors, SQUID
MgB2 39.2 60 38 2
YBCO 93 350 72 7
(Bi,Pb)-2223 110 850 60 50 Electric power cables and wires

8.3 Thin Films

Similar to each bulk-sample synthesis procedure, the technical difficulties in thin-
film growth strongly depend on the material system. Therefore, this section is
divided into the following categories: 3-1. 1111-type oxypnictide films, 3-2. 122-
type pnictide films, and 3-3. 11-type chalcogenide films. To date, there is no paper
on film growth of 111-type and oxypnictides with thick oxide-block layers such
as 2113-type due probably to technical difficulties, i.e., 111-type compounds have
an alkali metal as the main element, and the film growth of the oxypnictides is
difficult for the same reason as that of 1111-type films. Though insulating 245-type
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parent films were fabricated, no superconductivity has been observed irrespective of
electric-field induced high-density carrier doping [10].

8.3.1 1111-Type Oxypnictide Films

1111-type epitaxial films were first grown by pulsed laser deposition (PLD), in
which the excitation light source of laser ablation was replaced from an usual
ultraviolet excimer laser to the second harmonics (λ = 532 nm, i.e., visible light)
of a Nd:YAG laser (see Fig. 8.2) to overcome the difficulty in achieving the as-
grown phase formation by PLD [11]. However, no La1111 epitaxial films exhibited
superconductivity down to 2 K mainly because of lack of fluorine dopant in the
obtained epitaxial films. The origin of difficulty in the phase formation via PLD
process still remains unclear. During the initial research on 1111 film growth, the
formation of the 1111 phase and incorporation of the fluorine dopant in thin films
were the most serious issues. Then, the fabrication of biaxially textured La1111 thin
films via a two-step ex situ growth method, in which PLD at room temperature
for film deposition was combined with post-deposition thermal annealing for
crystallization. Tc

onset of the obtained La1111 film was 11 K [12]. Similar difficulty
in fluorine incorporation in the 1111 films was also reported in the case of molecular
beam epitaxy (MBE) [13]. However, the La1111 films, which exhibited clear
superconducting transitions at Tc

onset = 28 K and Tc
zero ≈ 20 K, were reported

by reducing the oxygen partial pressure during post-deposition thermal annealing
in the two-step ex situ process based on PLD [14]. In the case of MBE growth, it
was reported that the growth time strongly affected the superconducting properties

Fig. 8.2 Photographs of Nd:YAG PLD for 1111 epitaxial growth [11]. (a) A Nd:YAG laser and an
ultraviolet excimer laser for ArF (193 nm) and KrF (248 nm) are set up to the same PLD growth
chamber. (b) A high-purity polycrystalline La1111 bulk target for PLD. (c) Top view of a La1111
epitaxial film
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of Nd1111 films [15]. Epitaxial fluorine-doped Nd1111 films were obtained by
optimizing MBE growth time (longer time was better to obtain superconducting
Nd1111 films). Tc of the Nd1111 films was Tc

onset = 48 K and Tc
zero = 42 K. This

observation implies that the fluorine dopant can be effectively introduced/diffused
in the Nd1111 films when longer MBE growth time was employed.

Then, several new fluorine-doping techniques for MBE film growth were devel-
oped; for example, gallium getter [16], diffusion from an overlayer of SmF3 [17],
co-evaporation of SmF3 [18], or FeF2 [19]. Maximum Tc reported for Sm1111 thin
films grown by MBE now are comparable with that of bulk samples (Tc ≈ 56 K).
Therefore, MBE may be the most effective method for obtaining superconducting
RE1111 films because each element source and flux rate can be controlled inde-
pendently by tuning each cell temperature. Recently, also in the case of PLD, in
situ fluorine-doping method has been reported [20]. In this case, F-diffusion in the
Sm1111 films from CaF2 substrates was effectively used during high-temperature
growth by the Nd:YAG laser PLD. The reported maximum Tc

onset = ∼40 K. Precise
optimization of Nd:YAG PLD growth condition contributed to this successful in situ
PLD growth of Sm1111 films [21].

As for critical current density (Jc), a Jc of ∼0.1 MA/cm2 at 4.2 K and scaling
anisotropy was reported in [22] for the two-step grown La1111 films. The higher
self-field Jc of >1 MA/cm2 and in-filed Jc of >105 A/cm2 at 4.2 K under ultrahigh
fields such as >20 T was demonstrated for MBE-grown Sm1111 [23] and Nd1111
films [24] (see Figs. 8.3 and 8.4).

Because of serious difficulty in film growth of 1111 phase, numbers of research
papers and research groups that can successfully grow 1111-type films are still
limited although 10 years have been passed since the first report on superconduc-
tivity of the 1111 phase. However, it is strongly expected that an effective vortex
pinning center for 1111 films should further increase their critical current properties
and should improve their anisotropic properties under magnetic fields for future
application.

8.3.2 122-Type Pnictide Films

A unique doping method, which is the partial substitution of iron site with cobalt
(i.e., “direct doping”) [25–27], was reported to induce superconductivity in 1111-
and 122-type compounds in 2008. The effectiveness of the direct doping is the
superior characteristic of iron-based superconductors because superconductivity is,
in general, severely degraded by disturbances to substructures controlling the Fermi
surface (i.e., iron square lattice). This finding was also contributed to the early
realization of thin films and devices using 122-type iron-based superconductors
because cobalt possesses a low vapor-pressure and is incorporated in thin films
more easily than other dopants with high vapor-pressures such as fluorine for 1111-
type and potassium for 122-type compounds. Especially, successful incorporation
of alkali metals such as K in the 122-type films usually requires special techniques
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Fig. 8.3 In-field Jc performance of F-doped Sm1111 thin film grown by MBE. (a) Magnetic field
dependence of Jc measured at 4.2 K up to 45 T and (b) the corresponding exponent n values. A
crossover from extrinsic to intrinsic pinning is shown by the arrow. (c) Scaling behavior of the field
dependent Jc. (d) The pinning force density Fp at 4.2 K as a function of external magnetic field
[23]

such as post-deposition thermal annealing in tightly closed atmospheres due to its
extremely high vapor-pressures [28–32], and K-doped 122-type thin-film samples
are unstable in air. Therefore, K-doped 122-type films are not appropriate for thin
films exhibiting high performance although K-doped Ba122 has the highest Tc
among the 122-type family. Consequently, the direct cobalt-doping led to the rapid
realization of high-quality and high-Jc thin films of cobalt-doped Ba122 especially
at early stage for iron-based superconductor researches. (Recently, nickel-doped
Ba122 films exhibiting comparable properties to Ba122:Co have started to being
studied [33–35] because Ni is also an effectively low vapor-pressure dopant to 122
phase, like cobalt.)

Due to the above reasons, cobalt-doped Sr122 and Ba122 epitaxial films were
first demonstrated in 2008 [36] and in 2009 [37], respectively. Sr122 phase seems to
be more sensitive to air exposure than Ba122 [37, 38] and it led to a weak-link low
Jc performance in Sr122:Co [39]. Additionally, Ca122 growth is difficult in the case
of PLD [40] (whereas MBE growth of Ca122 films was reported in [41]). Therefore,
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Fig. 8.4 Magnetic field dependence of Jc and pinning force density Fp of an F-doped Nd1111 thin
film grown by MBE. The film was measured with field parallel to the c-axis (a, b) and the ab-plane
(c, d) up to 16 T in the 35–10 K temperature range and in high-field up to 35 T at 4.2 K [24]

Ba122:Co has been studied most extensively among iron-based superconductor thin
films. Then, strain effect in Ba122:Co epitaxial films was examined, leading to high
Tc ≈ 25 K on STO [42] and ≈25–27 K on CaF2 [43, 44], which are slightly higher
than that of bulk Ba122:Co (∼22 K). Water- or strain-induced superconductivity
in undoped parent Sr122 and Ba122 films was also, respectively, reported in [38,
45]. To grow high-quality Ba122:Co epitaxial films, two kinds of effective buffer
layers were proposed to solve in-plane lattice mismatch between Ba122:Co films
and single-crystal substrates; one is perovskite oxides such as SrTiO3 [46] and Fe
metal layer [47, 48]. In both cases, ultraviolet KrF excimer laser was employed as
an excitation laser for PLD process. However, in the case of Nd:YAG PLD [40, 49],
no buffer layer is necessary to obtain high-performance Ba122:Co epitaxial films.
Because such difference between KrF PLD and Nd:YAG PLD is interesting, four
kinds of pulsed laser wavelengths (ArF (193 nm), KrF (248 nm), second harmonics
(532 nm), and fundamental (1064 nm) of Nd:YAG) were used for Ba122:Co growth,
and the effect of photon energy and critical factors for Ba122:Co epitaxial growth
were examined [50] (see Fig. 8.1 for the experimental setup where an excimer and
a Nd:YAG lasers are employed with a common PLD film-growth chamber). It was
clarified that the optimal deposition rate, which could be tuned by pulse energy (i.e.,
laser fluence), was independent of laser wavelength. The high-quality Ba122:Co
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film grown at the optimal pulse energy for each excitation laser (i.e., the optimum
deposition rate) exhibited high-Jc over 1 MA/cm2 irrespective of the excitation laser
wavelength for PLD. The estimated optimum excitation energy density for KrF was
6.7–10 J/cm2, which is quite higher than that of second harmonics (2.2–3.2 J/cm2)
and fundamental (1.3–1.6 J/cm2) of Nd:YAG laser. Therefore, quite high excitation
energy is necessary for high-quality Ba122:Co growth when KrF excimer laser is
employed for PLD, as also observed in 122-type TlFe1.6Se2 growth [10]. This result
would substantiate another advantage of Nd:YAG PLD, which is also effective for
obtaining as-grown 1111-type films (see Sect. 8.3.1).

The main origin of their high-Jc of >1 MA/cm2 in the Ba122:Co films is c-axis
oriented pinning centers [51–54]. Recently, in-field Jc performance under magnetic
fields (i.e., isotropic and high-Jc under magnetic fields, e.g., 2.6 MA/cm2 at 9 T) is
much improved in Ba122:Co films [55]. Not only such naturally formed external
pinning centers, some intentional approaches for realizing high pinning force
along with isotropic properties were also examined, for example, proton irradiation
[56], tuning oxygen impurity concentration [57], and undoped Ba122/Ba122:Co
modulated superlattices [58, 59].

Utilizing Nd:YAG PLD, a metastable thin-film phase (i.e., not synthesized as
122-type bulk samples) of RE-doped Ba122 films (Ba122:RE, RE = La, Ce, Pr, and
Nd) and Sr122:La films [60–63] was stabilized with the expectation that high Tc of
∼50 K would be achieved in this indirectly doped 122-type thin films because it was
reported that Ca122:La single crystals exhibit such high Tc [64, 65]. However, the
maximum Tc achieved in the indirectly doped 122-type epitaxial films is the same
as that of Ba122:Co [60, 61, 63].

Together with extensive researches on Ba122:Co epitaxial films, P-doped Ba122
(Ba122:P) epitaxial films were actively examined since 2012 [66–73] because its
maximum Tc (31 K) is higher than that of Ba122:Co. Thus, higher Jc performance
than that of Ba122:Co due mainly to its high Tc was expected. The Ba122:P
epitaxial films have successfully been obtained by PLD and MBE. As expected,
higher Tc ≈ 30 K than Ba122:Co is reported. High self-field Jc (maximum
Jc

self > 10 MA/cm2 [67]) is achieved in the Ba122:P films grown by MBE. In
addition, an artificial pinning center, BaZrO3 (BZO), is effective to enhance Jc
performance of Ba122:P, like cuprates [69] (see Fig. 8.5). Contributing strong c-axis
pinning, quite isotropic Jc is realized in Ba122:P grown by PLD [71] (see Fig. 8.6).
High-performance in-field Jc exceeds 0.1 MA/cm2 at 35 T for H||ab and 18 T for
H||c at 4.2 K was demonstrated on Ba122:P films grown by MBE [73].

Figure 8.7 compares the in-field Jc performance of 122-type Ba122Co and
Ba122:P films [55, 58, 59, 69, 71, 73–75]. In-field properties of Ba122:Co at early
stage in 2010–2012 was not so superior. However, it should be noted that in-field Jc
performance of Ba122:P is basically superior to the Ba122:Co due mainly to its high
Tc and effective vortex pinning. Recently, a high-Jc and isotropic-Jc performance
Ba122:Co film is demonstrated on CaF2 substrates [55]. The highest Jc performance
has reached �1 MA/cm2 at 9 T.

Recently, additional interesting properties for future application of Ba122:P
exhibiting high-Jc owing to addition of BZO was reported: that is very slow vortex
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Fig. 8.5 Critical current density Jc of BZO-doped Ba122:P films as a function of magnetic field
and angle. (a) Jc (H||c) at 5 K for Ba122:P + 1 mol.%BZO and Ba122:P + 3 mol.%BZO films
compared with the Ba122:P film. The arrows indicate the positions of the crossover field. (b)
Angular dependence of Jc at 15 K, 1 T for Ba122:P and Ba122:P films with BZO [69]. Copyright
© 2013, Springer Nature

creep rate [76], which is a superior advantage to the “persistent mode operation” of
high-field magnets such as Nb-Ti employed in magnetic resonance imaging systems.
Figure 8.8 summarizes relationship between vortex creep (S = |(d lnJ)/(d lnt)|) at
reduced temperature of 1/4 and magnetic field of 1 T and squared Ginzburg number
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Fig. 8.6 Jc as a function of
angle of applied magnetic
field θH for Ba122:P epitaxial
films grown at three growth
rates at 12 K and 3 T [71].
Copyright © 2014 AIP
Publishing LLC

2.2 Å/s

2.7

3.9

H // c H // ab

Fig. 8.7 In-field Jc performance for various 122-type epitaxial films at low temperature [55, 58,
59, 69, 71, 73–75]

(Gi1/2) for various superconductors. This result indicates that Ba122:P exhibits
comparable S with those of MgB2 and Nb-Ti.

8.3.3 11-Type Chalcogenide Films

Superconducting 11-type films of FeSe and Fe(Se,Te) started to be reported since
2009. However, particularly at the initial stage of this research, there were few
reports of films with zero resistivity, implying the difficulty in fabrication of
superconducting 11 thin films owing to the complicated phase diagram (i.e., precise
control of chemical composition is necessary). Among a lot of works on 11 films
[77–96], the highest Tc to date (except those of monolayer 11, which will be shown
later) is Tc

onset ≈ 20 K or slightly higher [80, 83–85], which is higher than that
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Fig. 8.8 The universal lower limit for vortex creep. Creep (S) at reduced temperature T/Tc = 1/4
and field of μ0H = 1 T for different superconductors plotted versus Ginzburg number Gi1/2 [76].
© 2017 Macmillan Publishers Ltd., part of Springer Nature

Fig. 8.9 Jc of 11-type Fe(Se, Te) films as a function of magnetic fields up to 9 T. (a) Jc(H//c) at
4.2 K for the 11 film before and after 190 keV proton irradiation. (b) Same data plotted in log-log
scale. The arrows indicate the field of the crossover field B* [93]

of the bulk 11 phase at ambient pressure (∼14 K) and is comparable to that of
Sr/Ba122:Co thin films. Recently, in-field Jc performance of the 11 films is also
improved rapidly. It has been comparable to that of Ba122:Co [92–96] (see Figs. 8.9
and 8.10 as examples).

In 2012, a high-Tc superconductivity at >50 K was reported in one unit-cell-thick
FeSe monolayer [97]. Then extensive researches on the ultrathin FeSe monolayer
have been rapidly performed [98–100]. The maximum Tc reaches 100 K (see
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Fig. 8.10 (a) Jc (H) of the 11-type Fe(Se, Te) films on a CaF2 substrate at 4.2–17 K for H//ab and
H//c. (b) Kramer’s scaling of pinning force density fp versus reduced field h at 10–17 K [95]. ©
2016 IOP Publishing Ltd.

Fig. 8.11) [99]. High Tc of >30 K have been reported also in electric double-
layer transitions (EDLT) of FeSe [101–106] (see Fig. 8.12 for an example) after
the report on phase transitions by the EDLT operation of 11-based superconductors
such as 122-type TlFe1.6Se2 EDLT [10] and (Li,Fe)OHFeSe EDLT [107]. Because
the surface of FeSe films is quite sensitive to air exposure [108], an FeSe EDLT
device had to fabricate via an all in situ sample transfer system (see Fig. 8.13). These
characteristic extremely high Tc are unique properties for the 11 phase among iron-
based superconductors. Both of the atomically thin layer and EDLT structure seem
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Fig. 8.11 Temperature dependence of the resistance of monolayer FeSe obtained from a linear fit
to the I-V curves. Above 79 K the sample was cooled by liquid N2. The inset shows the temperature
dependence of resistance taken on a bare STO surface [99]. © 2015 Macmillan Publishers Ltd.

Pt wire Ionic liquid

Drain Source

Gate

Au pad
In metal

STO(001) FeSe channel

Silica-glass
cup

1 cm

Fig. 8.12 Structure of the FeSe EDLT and its temperature dependence of sheet resistance under
applying gate bias [103]. Copyright © 2019 National Academy of Sciences
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Fig. 8.13 All in situ process for fabrication of FeSe EDLT [103, 106]

not to be appropriate for application. However, clarification of the origin of such
extremely high Tc should contribute to findings of new high-Tc materials exhibiting
high performance.

8.4 Devices

8.4.1 Josephson Junction and SQUID

Thin-film Josephson junctions (JJ) using iron-based superconductors have been
examined using Ba122 and 11 thin films mainly because of difficulty in phase
formation of 1111 films. A weak-link behavior at grain boundary was first reported
for Ba122:Co films on [001]-tilt SrTiO3 bicrystal grain boundaries (BGB) in 2009
[109]. In 2010, thin-film JJ using Ba122:Co BGB were demonstrated using [001]-tilt
(La,Sr)(Al,Ta)O3 (LSAT) bicrystal substrates with a high misorientation angle (30◦)
[110] (see Fig. 8.14). For the BGB junctions, the shape of the I-V curve at B = 0 mT
displays resistively shunted junction (RSJ) type behavior without hysteresis. The
estimated normal-state resistance (RN) and RNA (A is the cross-sectional area of the
junction) of the BGB junctions are 0.012 � and 3.0 × 10−10 �cm2, respectively.
On the other hand, Ic is clearly suppressed by a weak magnetic field of 0.9 mT.
The large Ic modulation of 95% indicates that the Josephson current is responsible
for most of the supercurrent through the BGB junction. Throughout the temperature
range, Jc of the BGB junctions (i.e., intergrain Jc) is about 20 times smaller than
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Fig. 8.14 Device structure of 10-μm-wide Ba122:Co BGB junction fabricated on [001]-tilt LSAT
bicrystal substrates with θGB = 30◦ (a) I-V characteristic of Ba122:Co BGB junction with
θGB = 30◦ under external magnetic fields B = 0 and 0.9 mT at 10 K. (a) Temperature dependence
of self-field Jc of grain (non-BGB, Jc

Grain) and BGB bridges (Jc
BGB) of Ba122:Co film on LSAT

bicrystal substrate with θGB = 30◦. (b) Temperature dependence of IcRN of Ba122:Co BGB
junction along with that of YBCO BGB junction with θGB = 24◦ [110]. Copyright © 2010 AIP
Publishing LLC

that of the non-BGB junctions (intra-grain Jc), indicating that BGBs work as weak-
link GBs. The IcRN product increases almost linearly with decreasing temperature,
and the IcRN product at 4 K is 55.8 μV. The two orders of magnitude smaller IcRN
product compared with that of a YBCO BGB junction originates from the metallic
nature of Ba122:Co BGB junctions.

A multi-layered (superconductor-normal metal-superconductor, SNS) JJ using
a Ba122:Co film and PbIn counter electrodes with a 5-nm-thick Au barrier layer
was also demonstrated [111]. Depending on the current bias direction, the I-V
characteristic of the hybrid junction is slightly asymmetric, but the I-V curve has
an RSJ-like nonlinear shape with hysteresis. The IcRN product and Jc are 18.4 μV
and 39 A/cm2 at 4.2 K, respectively. The I-V curves under microwave irradiation
at frequencies of 10–18 GHz clearly display multiple Shapiro steps, confirming the
Josephson Effect.



8 Growth, Properties, and Device Fabrication of Iron-Based Superconductor. . . 229

After that, an edge-type [112] and some improved BGB or hybrid-type Ba122:Co
JJs were demonstrated [113–115]. All the IcRN products, which are much smaller
than YBCO BGBs, seem not to be drastically improved mainly because of intrinsic
metallic nature of iron-based superconductors. Josephson Effect of nano-bridge
fabricated in 11 films was reported in 2013 [116]. The IcRN product of the bridge is
as large as 6 mV although that of other 11 BGB junctions [117, 118] is comparable
to that of Ba122:Co BGB junctions.

A dc superconducting quantum interference device (SQUID) composed of a
superconducting loop with two BGB junctions in a Ba122:Co epitaxial film was
fabricated on a bicrystal substrate [119] (Fig. 8.15). Periodic voltage modulation
of �V = 1.4 μV was observed in the voltage-flux (V-Φ) characteristics of the
Ba122:Co dc-SQUID measured at 14 K. Furthermore, a flux-locked loop circuit was
employed to evaluate the flux noise SΦ

1/2 spectrum of the dc-SQUID. The SΦ
1/2

level of the Ba122:Co dc-SQUID is more than ten times higher than YBCO dc-
SQUIDs. The operation temperature of this Ba122:Co dc-SQUID must be close to
its Tc because Ic rapidly increases with decreasing temperature. In addition, VΦ

is low due to the low RN, which is attributed to the metallic nature of normal-

[001]

BaFe2As2:Co film

Au wire
BGB junctions

BGB

1/f noise

White noise

)b()a(

(c)

(d)

Fig. 8.15 dc-SQUID using Ba122:Co film. (a) Schematic illustration of dc-SQUID consisting
of two 3-μm-wide Josephson junctions fabricated on [001]-tilt LSAT bicrystal substrate with
θGB = 30◦ A Ba122:Co superconducting loop with a slit area of 18 × 8 μm2 was located across
the BGB. (b) The voltage-flux (V–Φ) characteristics at 14 K. (c) Flux noise (SΦ

1/2) as a function
of frequency (f ) at 14 K. (d) Temperature dependence of Ic. The inset shows IcRN product as a
function of temperature [119]. © 2010 IOP Publishing Ltd.
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state Ba122:Co. Consequently, the high measurement temperature and low VΦ

are responsible for the high noise level. Therefore, like JJs, artificial barriers with
large junction resistances, such as superconductor-insulator-superconductor (SIS)
junction structures, are necessary to realize high-performance SQUIDs with iron-
based superconductors.

8.4.2 Coated Conductors on Practical Metal-Tapes

A critical issue in superconducting wires, tapes, and coated conductors of high-Tc
cuprates is the grain boundary (GB) issue. The grains of high-Tc cuprates must be
highly oriented to prevent the deterioration of Jc across misaligned GBs because
Jc strongly depends on the misorientation angle of GBs (θGB). For example, a
fundamental study on the intergrain Jc (Jc

BGB) for YBCO was conducted using
several types of bicrystal substrates. Significantly misaligned adjacent grains cause
Jc

BGB to decay exponentially as a function of θGB from 3 to 40◦. Therefore, to pro-
duce YBCO coated conductors exhibiting a high-Jc, well-aligned buffer layers with
a small in-plane misalignment of �φ �5◦ on polycrystalline (i.e., non-oriented)
metal substrates must be inserted using an ion beam-assisted deposition (IBAD)
technique or rolling-assisted biaxially textured substrates (RABiTS). However, it
is reported that an iron-based superconductor Ba122:Co has an advantageous GB
nature against cuprates. That is Jc

BGB of Ba122:Co has a gentler θGB dependence
than that of YBCO, as examined using high-Jc Ba122:Co epitaxial films on [001]-
tilt LSAT and MgO bicrystal substrates with θGB = 3–45◦. The deterioration of
Jc

BGB due to the tilted GBs is negligible at θGB lower than θc = 9◦ [120], which is
twice as large as θc ≈ 5◦ for YBCO BGBs. Similar critical angle for Jc θc = 9◦ was
also reported on 11 films [118]. Therefore, the large θc allows a simpler and lower
cost production process to be used to produce superconducting coated conductors
of iron-based superconductors. The grain boundary of iron-based superconductors
is reviewed in detail in another chapter of this book.

First coated conductors were demonstrated in Ba122:Co films [121–123] using
IBAD-MgO technical metal-tape substrates mainly because high-Jc performance
Ba122:Co films on single crystals were, at early stage, achieved rather than
other iron-based superconductor films. The IBAD-MgO substrates consisted of
a homoepitaxial MgO layer/IBAD-MgO layer/Y2O3 buffer layer/Hastelloy C276
polycrystalline tape with �φMgO = 5.5–7.3◦. Values of self-field Jc of 1.2–
3.6 MA/cm2 at 2 K (Jc remained above 1 MA/cm2 at 10 K) [122]. The in-field
Jc of the Ba122:Co films on the IBAD substrates was substantially higher than that
for the films on MgO single crystals, probably due to c-axis vortex pinning effects.
These results imply that high-Jc coated conductors can be fabricated with Ba122:Co
using less-well-textured templates and with large φ, which allows for a simple and
low-cost process for high-Jc and high-Hc superconducting tapes.

Then, some 11-type coated conductors were demonstrated on IBAD-MgO [124,
125] and RABiTS [126]. In case of IBAD, self-field Jc (0.1 MA/cm2 order) is
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slightly lower than that of Ba122:Co conductors; while the in-field properties seem
to be better than the Ba122:Co; ex. well over 0.1 MA/cm2 at 9 T. Especially, in case
of RABiTS [126], superior in-field Jc properties were reported by employing CeO2
buffer layer; 0.1 MA/cm2 at 30 T is achieved (see Fig. 8.16).

1111 conductors’ [127] Tc (43 K) is the highest among the iron-based super-
conductor coated conductors. Jc

self is 0.07 MA/cm2 at 5 K, and in-field properties
are poorer than that of Ba122:Co. The authors suggest that grain boundaries in 1111
reduce Jc significantly compared to that in Ba122:Co and 11, and hence more biaxial
texture is necessary for high-Jc.

Recently, Ba122:P conductors have been demonstrated as high-performance
coated conductors [128–130]. The Ba122:P film exhibited higher Jc at 4 K when
grown on the poorly aligned (8◦) metal-tape substrate than on the well-aligned (4◦)
substrate even though the crystallinity was poorer (see Fig. 8.17). The observed
strong pinning in the Ba122:P is attributed to the high-density grain boundaries
with the misorientation angles smaller than the critical angle [128]. This result

Fig. 8.16 Critical current densities (Jc) of 11 films. Jc of 11-type Fe(Se, Te) films on (a) a YSZ
substrate with a CeO2 buffer layer and (b) a RABiTS substrate at various temperatures with
magnetic field parallel (solid symbols) and perpendicular (open symbols) to the ab-plane (tape
surface). The self-field Jc of both films are above 1 MA/cm2 at 4.2 K. Under 30 T of magnetic
fields, both films still carry Jc around 0.1 MA/cm2. (c, d) Pinning force analysis for a 11 film
grown on RABiTS. (c) Fp at 4.2 K of a 11 film grown on a RABiTS substrate. (d) Scaling of
pinning force density versus reduced field h for a 11 film grown on a RABiTS substrate at various
temperatures with field perpendicular (solid symbols) and parallel (open symbols) to c-axis [126].
© 2013 Macmillan Publishers Ltd.
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Fig. 8.17 Jc of Ba122:P coated conductors on two types of IBAD metal-tape substrate with
�φMgO = 8◦ (poorly aligned, red symbols) and 4◦ (well aligned, blue symbols). (a) External
magnetic field (H) dependence of Jc at 4 and 12 K. The closed and open symbols indicate the
configurations of H||ab plane and H||c axis of the Ba122:P films, respectively. (b) Relationship
between current (J) and H directions under Jc measurement. The external magnetic field angle
(θH) was varied from −30 to 120◦. (c, d) θH dependence of Jc at (c) 4 K and (d) 12 K. The closed
and open symbols are the data under μ0H = 3 and 9 T, respectively [128]

reveals a distinct advantage over cuprate-coated conductors because well-aligned
metal-tape substrates are not necessary for practical applications of the iron-based
superconductors. Recently, in-field transport properties of the Ba122:P conductor
on poorly aligned substrate were examined in detail [129]. The Ba122:P coated
conductor exceeds a transport Jc of 0.1 MA/cm2 at 15 T for main crystallographic
directions of the applied field, which is favorable for practical applications and a
superior in-field Jc over MgB2 and NbTi, and a comparable level to Nb3Sn above
20 T (see Fig. 8.18). Similar poorly aligned metal-tape substrates (7.7◦) are also
applicable to an 11-type coated conductor [125]. Therefore, this usefulness is the
powerful advantage for 122- and 11-type coated conductors for future fabrication
processes.
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Fig. 8.18 Field dependence of Jc and analysis of the flux pinning density for a Ba122:P coated
conductor on a poorly aligned (�φMgO = 8◦) IBAD-MgO tape substrate. (a) Jc − H properties of
the Ba122:P coated conductor sample at 4.2 K for H||c. (b) Jc − H properties of the Ba122:P coated
conductor sample at various temperatures. (c, d) The normalized pinning force fp as a function of
reduced field [129]

The above coated conductors are all experimental sample scales in laboratories
such as 1 cm-long, i.e., not practically large scales such as several tens or hundreds
meters. To challenge longer scale, 15-cm-long Ba122:P coated conductors with
critical current of 975 mA (estimated Jc is 0.2 MA/cm2) at 4.2 K were recently
demonstrated by reel-to-reel PLD technique [7] (see Fig. 8.19).
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Fig. 8.19 Coated conductors fabricated by International Superconductivity Technology Center,
Japan. (a) A photograph of reel-to-reel PLD system. (b) A photograph of a 15 cm-long coated
conductor on IBAD-MgO metal-tape substrate. (c) Critical current at 4.2 K of the coated
conductors. The inset shows the schematic stacking structure of the conductors [7]. © 2015
National Institute for Materials Science

8.5 Summary and Perspective

In this chapter, materials, thin-film growth, and devices of iron-based supercon-
ductors were reviewed to clarify the current status and issues that should be
solved from the historical view point since the discovery of the first high-Tc iron-
based superconductor fluorine-doped LaFeAsO in 2008 [5]. Here, we would like
to introduce for readers that many informative review articles focusing on other
insights have also been already published, for example, the ones on materials and
fundamental physics [6, 131, 132], aspects for future application [133, 134], thin-
film growth [135–141], electronics [142], and coated conductors [143].

Although the maximum Tc of iron-based superconductors is rather low com-
pared with that of high-Tc cuprates, the iron-based superconductors have distinct
advantages in terms of their grain boundary nature, low magnetic anisotropy, and
high upper critical magnetic fields. Utilizing those advantages, coated conductors
and wires for ultrahigh field magnets are the most promising candidates for future
application targets, and some high-performance coated conductors using 122- and
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11-type iron-based superconductors exhibiting practical level performance (e.g.,
>0.1 MA/cm2 at 9 T) have already been demonstrated in the laboratory sample-
size scales. Additionally, those advantages arising low anisotropy and large critical
grain boundary angle make it possible to apply the standard processing technique
for alloy superconductors, the powder-in-tube method, to fabricate wires and tapes.
Recent success in the fabrication of a >100-m-long 122-type wire with a practical
Jc represents a milestone [144, 145], casting a bright light for the future practical
application. Different from high-Tc cuprates, liquid nitrogen cannot be applied as
a cryogen for iron-based superconductors. However, liquid hydrogen (20 K) and
refrigerator temperature (∼10 K) are possible to operate the devices, i.e., high-cost
liquid helium is not necessary.

The remaining issues on iron-based superconductor thin films especially for
future application are summarized as follows:

1. Difficulty in growth of RE1111 epitaxial films is still a serious issue, especially
for PLD. Now MBE completely overcomes this issue. Whereas only a few
limited research groups achieve superconducting MBE-grown 1111 epitaxial
films. Furthermore, to enhance its Jc performance, exploration of effective
pinning center is necessary.

2. Application of iron-based superconductors to JJ seems not to be appropriate
due to its intrinsically metallic nature. Artificial barriers with large junction
resistances, such as SIS junction structures, are necessary to realize high-
performance JJ and SQUID. But, this kind of devices would be powerful tools to
examine superconducting mechanisms such as superconducting symmetry.

3. Although Ba122:P epitaxial films exhibit the best performance with respect
to both Tc and Jc, and high- and isotropic-Jc performance coated conductors
of Ba122:P and 11 has been demonstrated, effective artificial pinning centers
(not only BZO for Ba122:P) should be explored to further enhance their Jc
performance. Next target is the fabrication of the coated conductors on long
length metal-tapes using reel-to-reel PLD process.

4. Very recently, heavy hydrogen-doping of Sm1111 epitaxial films, grown by
Nd:YAG PLD, was demonstrated by topotactic chemical reaction using CaH2
[146]. The maximum Tc reported is 48 K, which is slightly lower than those of
H-doped polycrystalline bulks and F-doped epitaxial films. However, a large size
(1 cm × 1 cm) of epitaxial films with heavy hydrogen doping would contribute
to direct observation of the electronic structure by angle-resolved photoemission
spectroscopy because synthesis of large size of Re1111 single crystals is
difficult [147]. This experiment should elucidate the still controversially debated
mechanism of superconductivity in Fe-based superconductors.
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Chapter 9
Future Potential of New High Tc
Iron-Based Superconductors

Shiv J. Singh and Paolo Mele

9.1 Introduction

In 1911, Heike Kamerlingh Onnes measured the electrical conductivity of numerous
metals and discovered the abrupt disappearance of the resistance of a solid mercury
wire in liquid Helium [1] as shown in Fig. 9.1. Subsequently, a wide range of
superconductors have been found with increasing high transition temperatures (Tc),
and it is hoped that a room temperature superconductor can ultimately be realized.

After the 100th years of its discovery, the challenges in superconducting
materials still remain the same; the zero resistivity is observed at temperatures
far below from the ambient temperature and suppression of superconductivity in
the presence of desired magnetic field. From experimental point of view, new
superconducting materials are being discovered frequently; however, there is no
holistic understanding of the high temperature superconductivity. Before 2008, the
research community generally supposed that the large magnetic moment element
such as iron are harmful to the emergency of superconducting properties because,
normally, the magnetic properties appear due to the static ordering of electron spins
and compete with superconductivity where dynamic formation of electron pairs
(Cooper pairs) is needed. In this regard, the discovery of iron-based superconductors
(FeSCs) reported by Japanese group is a landmark result [2] and has invigorated the
search for new superconducting systems with high transition temperature and field.
Following the pioneer work, more than 100 compounds has been discovered in this
category [3] and that can be categorized in several classes [4–7] such as oxypnictide

S. J. Singh (�)
Clarendon Laboratory, Department of Physics, University of Oxford, Oxford, UK
e-mail: shiv.singh@physics.ox.ac.uk

P. Mele
SIT Research Laboratories, Shibaura Inst. Tech. (Omiya campus), Tokyo, Japan
e-mail: pmele@shibaura-it.ac.jp

© Springer Nature Switzerland AG 2020
P. Mele et al. (eds.), Superconductivity, https://doi.org/10.1007/978-3-030-23303-7_9

243

http://crossmark.crossref.org/dialog/?doi=10.1007/978-3-030-23303-7_9&domain=pdf
mailto:shiv.singh@physics.ox.ac.uk
mailto:pmele@shibaura-it.ac.jp
https://doi.org/10.1007/978-3-030-23303-7_9


244 S. J. Singh and P. Mele

Fig. 9.1 First experiment of
the temperature dependence
of resistivity of mercury
superconductor by Onnes [1]

Fig. 9.2 Different categories of iron-based superconductors. They are named using an abbrevia-
tion of the ratio of the constituent atoms, for example, 11 is for FeCh

REOFeAs (1111), AFe2As2 (A = Ba, K, Ca) (122), FeSexTe1−x (11), CaKFe4As4
(1144), and LiFeAs (111) as shown in Fig. 9.2. Pure arsenic (As) is highly toxic in
case of inhalation or ingestion amongst the starting materials during the synthesis
of iron-based superconductors. In order to avoid the complications, all the initial
reactions are usually performed inside the glove box and all necessary precaution
must be used during the reaction process. However, after completing the reactions,
the final materials are safe and show low toxicity.

This new high Tc family has opened a new opportunity for a new pairing
mechanism of high temperature superconductors with several disconnected Fermi
surfaces, particularly in the presence of competing magnetic and superconducting
correlations, and opportunities for high Tc superconductivity in multiband materials
[3–7]. The maximum transition temperature (Tc) has reached up to 58 K [8] as
shown in Figs. 9.2 and 9.3. Generally, the structure of the Fe-As tetrahedron in
some families is playing the main role towards finding a high transition temperature
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Fig. 9.3 The variation of transition temperature (Tc) with bond angle α of Pn(Ch)-Fe-Pn(Ch).
Here, α is mainly considered at room temperature. Tc reached to maximum value for ideal bond
angle (109◦). The dash pink line is guide for eye for ideal bond angle. (Reproduced with permission
from [3])

in oxypnictide superconductors. Actually, the Fe-Fe/Fe-As distances may not have a
clear trend amongst different Fe-based superconductors [3–7], but it is observed that
the system which has Fe-As-Fe bond angle equal to the ideal value of 109◦ 47′ for
the perfect FeAs tetrahedron [4], shows the highest transition temperature (Fig. 9.3).
Various studies concluded that the structure is more important than doping to find
superconductivity in this new superconductor. So, the most efficient approach to
increase the transition temperature (Tc) in FeSCs is to decrease the deviation of
the Fe-As-Fe bond angle from the ideal value. In Fig. 9.3, the maximum Tc is
lying near the bond angle 109◦ 47′. This suggests that there should be a correlation
between the density of states near the Fermi energy and the geometry of the FeAs
tetrahedron. Certainly, there is a correlation between the transition temperature (Tc)
for various FeSCs with their structural properties, but a systematic trend between Tc
and the Fe-As-Fe bond angles needs further insight. Superconductivity in this class
of compounds has provided a novel opportunity for a deeper understanding of the
mechanism of high temperature superconductivity. What is established now is that
iron-pnictide superconductors are multiband materials with several disconnected
Fermi surfaces [4]. Understanding the structure of the superconducting energy gap
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and its influence on upper critical field (Hc2) and transition temperature (Tc) remain
the key challenges in this rapidly evolving field.

There are many superconducting materials discovered over the last decades. The
maximum transition temperature at atmospheric pressure is pegged at ∼135 K in
a mercury-based cuprate superconductor [9]. The superconductivity in this series
of “high Tc” compounds was discovered by Bednorz and Muller in late 1986 [10].
Before 2008, the cuprate-based materials have had monopoly as high temperature
superconductors barring a brief intermediate phase of magnesium diboride (MgB2)
[11]. But one thing that was common in all those findings was that ferromagnetic
materials destroy superconductivity. A breakthrough occurred in February 2008,
when Kamihara and coworkers revealed iron containing superconductivity at
Tc = 26 K in the fluorine-doped compound LaOFeAs [2]. In some exceptional cases,
iron has been considered to promote superconductivity and some superconducting
compounds containing iron have been discovered recently but they all have very
low Tc [12, 13]. Even pure iron of particular crystal structure generally shows
superconductivity with Tc = 1.8 K under pressure [14].

The path to find higher transition temperature in FeSCs is similar to cuprate-
based superconductors. High pressure experiments [15] first increased the transition
temperature in Ba-doped La2CuO4 from 35 to 53 K. This was followed by chemical
pressure effect by various doping where Tc was raised to 93 K [16] by replacing La
with smaller Y. Similarly, Takahashi et al. reported the enhancement of Tc from 26
to 43 K by applying 4 GPa in F-doped LaOFeAs [17]. This result again acted as
a catalyst for researchers to use chemical pressure for these new superconductors
by replacing La with other smaller rare earth. Soon, Chen et al. [18] reported the
transition temperature at 43 K at ambient pressure by replacing La by Sm and then
less than a month later the maximum Tc = 55 K was reported in the oxygen-deficient
SmFeAsO0.85 [19]. Currently, the highest Tc in this family is 58 K for F-doped
Sm1111 [8].

9.2 General Properties of Iron-Based Superconductors

Iron-based superconductors have provided a great interest as a second-high Tc super-
conductor from a basic point of view as well as in the light of practical applications
[6, 7]. This new family has layered structure and very rich substitution chemistry,
so that many superconductors were found under this family, showing a very broad
range of transition temperatures [3–5] (Figs. 9.2 and 9.3). Furthermore, this new
high Tc superconductor has several advantages with respect to the cuprate-based
high temperature superconductors, such as a metallic parent compound, a smaller
anisotropy, and a more flexible doping and more doping sites. The superconducting
order parameter is completely different from the cuprate superconductors, whereas
grain boundaries behavior and impurities are not very much detrimental for its
superconducting properties [3–7].
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Fig. 9.4 General phase diagram for iron-based superconductors in the parameter space of
temperature and doping (electrons/holes). Red region shows a spin density wave magnetic order
(SDW) and the yellow region depicts the superconducting phase (SC). In the blue region above the
SDW, the system develops the nematic order. At relatively small doping, SC, SDW, and nematic
order co-exist. (Reproduced with permission from [20])

Figure 9.4 depicts the general phase diagram for different families of iron-
based superconductors with distinct areas for the antiferromagnetically ordered
spin density wave (SDW) and superconducting phase (SC) [20]. Most of the
parent compounds normally show the antiferromagnetic transition and the structural
transition from tetragonal to orthorhombic at temperatures close to the magnetic
transition temperature [3–7]. Superconductivity arises by electron or hole doping
or can be induced by external pressure or by isovalent doping. The iron-based
superconductor has multiband nature similar to MgB2 superconductors with the
critical temperature Tc = 40 K [11, 21]. The superconducting properties of MgB2
have been tuned and improved due to its multiband nature; however, doping at
Mg or B sites has not been successful to enhance the transition temperature [21].
The iron-based superconductors have very rich substitution chemistry with various
types of dopants at each elemental sites. Their layered structure allows designing
new members of iron-based superconductor with new Tc, composite structures,
or artificial multilayers [3–7]. For example, LaFeAsO belonging to 1111 family
has shown superconductivity for various doping at each elemental sites: Sr at La
sites, Co at Fe sites, Sb at As sites, and F at O sites. This versatility opens a new
chapter to understand the properties with respect to different doping [3–7] in high
Tc superconductors.
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9.3 Magnetic Behavior of Superconductors

Bulk superconductivity is characterized by complete absence of electrical resistance
and expulsion of an external magnetic field below a certain temperature (Tc) [22].
When a superconductor is placed in a small magnetic field, the field penetrates over
a short penetration depth λ after which it decays rapidly to zero. This effect is called
Meissner effect [22]. Broadly, superconductors are divided into two groups. In Type
I superconductors, when the applied magnetic field increases above a certain value,
superconductivity is completely destroyed. This value is called critical field Hc.
In Type II superconductors, when the applied field is more than a critical value
Hc1, a mixed state is achieved where the magnetic field penetrates the material in
the form of quantized flux lines or vortices, but there remains no resistance to the
flow of electrical current as long as the current is not too large. At much higher
magnetic field, superconductivity is destroyed and this is called upper critical field
Hc2. The region between Hc1 and Hc2 is called mixed state as shown in Fig. 9.5.
The irreversibility field (H*) denotes the onset of dissipation in the mixed state.
The vortices are regions of normal core of radius equal to the coherence length (ξ )
and a single vortex carries one quantum of magnetic flux Φ (2 × 10−7 G-cm2).
They repel one another and try to form a hexagonal lattice, called Abrikosov lattice
to minimize their energy. When an external current is applied to pass through a
superconductor in the mixed state, these vortices experience Lorentz force. Due to
this force, vortices start moving unless they are pinned at defect sites. Moving flux
lines induce electric field in the direction of the current and this leads to resistance
[23]. To achieve lossless transmission at higher current density, we, therefore, need
to pin the vortices effectively via defect engineering.

When a magnetic field is applied from zero to high values for an ideal
superconductor, it shows reversible magnetization. But, the real superconductor
has much inhomogeneity such as lattice defects and impurities. These defects act
as local energy minima for the vortex and therefore confine the motion of vortex
due to flux pinning phenomenon. A defect with dimensions of the order of the
coherence length ξ has the capability of pinning. High Tc superconductors have
short coherence length (of the order of few Å). Due to this short coherence length,

Fig. 9.5 Magnetization (M)
of Type II superconductor as
a function of the external
magnetic field (H)

-M

H

Meissner State

Mixed State

Normal State

Hc1 Hc2



9 Future Potential of New High Tc Iron-Based Superconductors 249

a large number of defects, for example point defects, oxygen vacancies may act as
effective pinning centers. In addition to this, both iron-based superconductors and
cuprate high Tc ones have electromagnetic granular nature. The grains are coupled
to each other and the intergrain region may also act as a pinning center. Due to
the effects of pinning, a Type II superconductor shows irreversible magnetization.
That is, when the magnetic field is increased beyond Hc1, vortex density increases,
but on decreasing the field, some of the flux lines get trapped in the material
through pinning centers, and therefore the magnetization exhibits hysteresis. The
Bean model is appropriately used to determine the critical current density from the
width (�M) of hysteresis M-H loops at different temperatures [22].

9.4 Multiband Superconductivity

The multiband superconductivity was predicted by Suhl et al. [24] over 50 years
ago. The basic principle is that different bands like s or d bands in transition metal
provide the different pairing interaction with different order parameters. But, at that
time no material was known with such properties. The first candidate appears to be
that of MgB2, reported as a superconductor in 2001, which was explained by a two-
gap model [25, 26]. Meanwhile, different groups have taken a closer look at already
known materials, such as Nb3Sn [27], Nb2Se, LuNi2B2C, YNi2B2C, and Chevrel
phases [28–30], for which the multiband nature has been reported. The iron-based
superconductors have many bands and several disconnected Fermi surfaces [31].
Basically, a Fermi surface is a closed equal-energy surface in momentum space that
separates the empty and occupied electrons states. The electronic state near the FeAs
Fermi levels are composed of mainly Fe 3d orbitals. All five 3d orbitals contribute
to form separated electronic bands with various electrons and hole pockets. There
is strong hybridization between the Fe 3d orbitals and As 4p orbitals, and the phase
of the gap changes sign between the sheets that contain the Fermi surface [32, 33].
Thus, iron-based superconductors are multiband superconductors [34, 35].

The highest transition temperature is observed in 1111 type superconductor
(Fig. 9.2). For this high Tc compound, Fermi surfaces are approximately discon-
nected cylinders [3–5]. In the case of multiple Fermi surfaces, the electron pairs can
scatter from one Fermi surface to another. Suhl et al. [24] generalized the single band
BCS theory with two Fermi surfaces and showed that superconductivity can occur
if the intra- and inter-Fermi surface pair scattering are both of repulsive nature with
dominant characteristic of inter pair scattering. In this condition, the order parameter
will have an opposite sign on the two Fermi surfaces. The existence of multiple
superconducting gaps creates complications for understanding various properties
because there are both inter- and intra-band scattering processes [36].

The study of magnetic susceptibility [34, 37] has proved that FeSCs have a
tendency to order antiferromagnetically and to be mediated by antiferromagnetic
spin fluctuations. Cooper pairs in FeSCs have zero angular momentum because
the total angular momentum must be antisymmetric with respect to exchange of
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electrons. In this case, the orbital symmetry can be either “s” or “d”. Mazin et
al. [34] have suggested that the antiferromagnetic spin fluctuation can induce the
s± pairing. Here, “s” represents the order parameter which remains the same by
the symmetry operation of the crystal and “±” is related to the sign change of the
order parameter between electron and hole pockets at Fermi surfaces. The F-doped
LaFeAsO is the first example of multigap superconductor with a discontinuous sign
change in the order parameter between the bands [34]. This property is different
from the multiband s-wave superconductivity in MgB2. This situation is based on
the calculated Fermi surfaces for the undoped LaFeAsO, where superconductivity
is induced by the nesting-related antiferromagnetic spin fluctuations near the wave
vectors connecting the electron and hole pockets post appropriate doping [34].

9.5 Upper Critical Field (Hc2)

Study of temperature-dependent upper critical field is one of the most important
parameters which enable us to understand the mechanism of superconductivity. It
provides crucial information about anisotropy (γ ), coherence length (ξ ), dimension-
ality of the superconductivity, and pair-breaking mechanism. It has been proposed
that FeSCs possess multiband properties where strong inter-band pairing occurs
due to spin excitation [38, 39]. This multiband nature is different from MgB2
superconductor where these properties are due to the strong intra-band electron–
phonon interaction and weak inter-band coupling [26]. However, the upper critical
fields (Hc2) of bulk MgB2 is relatively small, typically less than 20 T at 5 K. The
addition of carbon to the system improves the Hc2 [21, 40], but, it is still a low
value in comparison with the FeSCs and cuprates. FeSCs are reported to have very
high upper critical field (Hc2 ∼ 100–200 T) with high transition temperature and
shorter coherence lengths (ξ = -hvF/2πkBTc) (1.8–2.3 nm for 1111, 1.5–2.4 nm for
122 and 1.2 nm for 11 family). Due to high transition temperature and low Fermi
velocity, these iron-based superconductors are expected to sustain a stronger field
(Hc2(0) ≈ Φ0/2πξ2). At fields higher than upper critical field, the spacing between
vortices (Hc2/Φ0)1/2 becomes of the order of the diameter of non-superconducting
vortex cores ∼2ξ , and therefore the material turns normal.

The Hc2 value at T = 0 K is estimated by extrapolating low-field H-T mea-
surements by using WHH model [41] and provides the valuable information
on fundamental superconducting properties. The BCS theory underlines that the
conduction in superconductor is carried out by electron pairs (Cooper pairs)
glued together by electron–phonon interaction [22]. Hence, the understanding of
the mechanism of pair breaking is important to tune the superconductors. When
magnetic field is applied, pair breaking occurs in two distinct ways, i.e., orbital
and spin-paramagnetic effects as shown in Fig. 9.6. The orbital paramagnetic
effect is related to superconducting currents around vortex cores and Lorentz
force acting on the paired electrons with opposite momenta which then reduces
the condensation energy of cooper pairs. When the kinetic energy is greater than
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Fig. 9.6 Pair-breaking mechanism of singlet cooper pair in the presence of an external magnetic
field. Where Δ is the superconducting gap

the condensation energy of cooper pairs, the superconductivity is destroyed. The
orbital-limiting field is related to the critical field at which vortex cores start to
overlap and is given as Hc2

orbital = Φ0/2πξ2. In the case of single band BCS
superconductors, the calculated slope value dHc2/dT of H-T phase diagram at Tc
gives the Hc2

orbital(0), given by Hc2
orbital(0) = −0.693Tc(dHc2/dT )T =Tc

for the
dirty limit and −0.73Tc(dHc2/dT )T =Tc

for the clean limit (WHH approximations
[41]).

On the other hand, the spin pair-breaking effect occurs due to the Zeeman
splitting of spin singlet Cooper pairs, i.e., when the Pauli spin susceptibility energy
exceeds the condensation energy, it leads to the partial alignment of the spins
(breaking of singlet pair into unbound triplet). This is related to Pauli-limit field
HP where the splitting between the electronic levels induced by the field reaches
the gap Δ. Assuming the Zeeman energy in the normal state compensates the
superconducting condensation energy in the presence of magnetic fields, then Pauli-
limiting field (HP) is obtained by the expression HP(0) = g−1/2Δ/μB [42, 43]; here
g is the Lande g-factor, μB is the Bohr magnetron, and Δ is the superconducting
gap. The HP can be calculated using the BCS relation between Δ and Tc. According
to the BCS theory, 2Δ(0) = 3.52kBTc, and HP(0) becomes HP

BCS(0) = 1.84Tc.
For real systems, the upper critical field Hc2 is generally affected by both

orbital and spin-paramagnetic effects. The relative effect of both the orbital and
spin-paramagnetic effects are explained in terms of the Maki parameter [44]
α = 1.44Hc2

orbital (0)/HP(0). It means that the flattening of Hc2(T) at high field
points to its limitation by the Pauli spin paramagnetism. This effect is measured in
WHH model [41] by Maki parameter. Generally, the order of α is Δ(0)/EF and �1.
However, the Fermi energy EF becomes small for the materials which have a heavy
electron mass or multiple small Fermi pockets. In this case, α ≥ 1. This case yields
that the materials may be close to the Fulde-Ferrel-Larkin-Ovshnikov (FFLO) state
for which Zeeman splitting causes a non-zero momentum of the Cooper pairs and a
spatially modulated superconducting order parameter [45, 46].

MgB2 is a two-gap superconductor and its upper critical field behavior shows
either quite linear or even upward curvature closed to transition temperature (Tc)
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and supports the multigap behavior [47]. In addition, the anisotropy of upper
critical field also shows the strong temperature dependence, whereas single band
superconductor has temperature-independent behavior of anisotropy. The iron-
based superconductors have five d-orbitals which can contribute to the Fermi
surfaces [34]. So, the multiband effects should also be considered in the orbital-
limiting mechanism.

The iron-based superconductors have very high upper critical fields with a variety
of very different temperature dependences. FeAs-based superconductors (1111)
show the convex behavior in the H-T phase diagram for H||c [48, 49] and support
the behavior expected from orbital limited Hc2 for multiband behaviors [36, 47].
On the other hand, the concave shape of Hc2(T) curves has been observed for
some members of 1111, Ba-122, LiFeAs, and FeSe-11 [48–52]. The concave shape
of Hc2 is the signature of strong Pauli-limiting behavior of upper critical field
and, thus, these materials may be related to FFLO transition [44, 53–55]. The
evidence of FFLO state has also been observed in heavy Fermions systems [56–
58] and organic superconductors [59, 60] where an upturn in Hc2(T) is found at low
temperature, suggesting the existence of FFLO state. Various properties of iron-
based superconductors support the FFLO states [36, 47]: first, for most of FBSs, the
observed Hc2(0) values exceed the BCS paramagnetic limit Hp(T) where the pair-
breaking Zeeman energy is greater than the binding energy of the Cooper pair. And
second, many iron-based superconductors show steep increase in Hc2(T) near the
transition temperature followed by the flattening of Hc2(T) at low temperature which
may indicate that Pauli breaking is playing a dominate role over the orbital pair
breaking. Non-magnetic impurities increase the upper critical field by enhancing
the Zeeman (Pauli) pair breaking and suppress the FFLO instability [61], but the
situation is complicated for d-wave superconductors such as cuprates. In the case of
a multiband superconductor, the orbital pair breaking and the FFLO instability can
be tuned by doping [62]. The remarkable flexibility of FeSCs towards high Hc2 is
improved by the interplay of orbital and paramagnetic pair breaking and also by the
multiband s± pairing [62].

In the case of newly discovered new family CaKFe4As4 (1144) of iron-based
superconductors [63–65], the field and temperature dependence of the resistivity
data inferred the anisotropic nature of Hc2 and also revealed that:

1. The value of Hc2(0) both parallel and perpendicular to c-axis extrapo-
late to the fields well above the single band BCS paramagnetic limit
Hp(T) = 1.84Tc = 64 T. So, the Pauli pair breaking is essential, similar to
the majority of other Fe-based superconductors.

2. As a result of different temperature dependencies of Hc2 for c-axis and ab-plane,
the anisotropy parameter decreases as T decreases, consistent with the interplay
of orbital and Pauli pair breaking. The anisotropy of CaKFe4As4 is almost
identical to that found for Ba0.55K0.45Fe2As2 (122) [63, 64]. Indeed, based on
this and other similarities to near optimally doped 122, we can anticipate that
the low temperature Hc2 values will be relatively isotropic and of 60–80 T. More
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quantitative analysis of our Hc2(T) data shows that the dHc2/dT values at Tc are
−109 and −44 kOe/K for H//ab and H//c, respectively [63, 64].

The largest Hc2 slopes close to Tc are observed for iron-based superconductors
in comparison with all the other high Tc superconductors. This feature makes them
suitable for high field applications. Furthermore, the anisotropy of FeSCs is smaller
than that of the cuprate YBa2Cu3O7−$ (YBCO) family, where values from 4 to 14
have been reported [66–68] and it is much smaller than that of the Bi2Sr2CaCu2Ox

(BSCCO) family [69, 70], where it is typically in the range 50–60. The anisotropy
of a superconductor is a very important property. For example, the nearly two-
dimensional nature and large anisotropy of high Tc cuprates are the main reasons
for the weakness of the pinning and the significance of thermal fluctuations, which
cause the broadening of the transition. By considering the coherence length ξ , the
broadening behavior of the transition in a superconductor can be understood. The
coherence length (ξ ) along Fe planes (ab-planes) are 2.1, 2.9, 1.5, and 1.9 nm
for 1111, 122, 11, and 1144 families, respectively [63, 64, 71]. These values
must be compared with the distance (d) between the Fe-As planes, in order to
understand the two-dimensional or three-dimensional character of a superconductor
and consequently, the degree of dissipation in a magnetic field. The reported d
values are around 0.86, 0.65, 0.6, and 0.24 nm in the 1111, 122, 11, and 1144,
respectively. According to the largest ξ /d ratio amongst the FeSCs, 122 and 1144
families appear to be the most promising for applications. Thermal fluctuations can
be the main reason for the broadening of the resistive transition in zero field, which
can be parameterized by the Ginzburg number ξ = (πλ0

2kBTcμ0/2ξ cϕ0
2)2 where

λ0 is the London penetration depth at zero temperature, kB the Boltzmann constant,
and ϕ0 the magnetic flux quantum. The values of ξ are 4 × 10−4, 1.5 × 10−5,
1 × 10−3, 4 × 10−4 for the 1111, 122, 11, and 1144 [63, 64, 71], respectively.
They should be compared to ξ = 5 × 10−4 for YBa2Cu3O7–$ (YBCO) and 10−5

for MgB2. Furthermore, the 122 and 1144 are the most promising families of
iron-based superconductors for applications since Tc ∼ 35 K, Hc2 ∼ 100 T,
Jc ∼ 107–108 A/cm2 and show a lower anisotropy with reduced thermal
fluctuations [63].

9.6 Critical Current Density (Jc)

Another important property of a superconductor from a practical point of view
is to carry the maximum electrical transport current with low dissipation below
the transition temperature (Tc), i.e., the critical current density Jc. The Jc is
strongly dependent on temperature and magnetic field, and it directly relates to the
effectiveness of pinning. For high temperature superconductors, Jc in polycrystalline
samples is strongly anisotropic and depends critically on the grain boundary and
successful introduction of pinning centers [22]. Optimization of critical current Jc
is the most demanding task in all bulk superconductors.
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Strong pinning of vortices and high critical current densities Jc(T, H) are reported
for the iron-based superconductors since this family shows a short coherence
length, similar to cuprates. The critical current density depends on the strength
of the pinning force and the maximum pinning force occurs when the size of the
non-superconducting defects is equal to the diameter of the vortex core 2ξ ∼ 4–
10 nm [72, 73]. Due to this reason, the natural crystalline defects such as grain
boundaries, dislocations, and charge impurities in FeSCs may work as pinning
centers. The critical current density Jc can also be enhanced by introducing the
artificial pinning centers. For example, in the case of 122 (BaFe2As2), high critical
current density Jc ∼ 4 MA/cm2 [74] has been reported by incorporating oxide
nanopillars. It suggests that strong pinning in iron-based superconductors can be
achieved. However, iron-based superconductors have also weak-link problem [75–
80] similar to the cuprate superconductors. Weak-links are the kind of defects that
limit dissipation-free transport current flow in a superconductor. Grain boundaries,
nano- and micro-cracks, and planar precipitates of secondary phases are typical
examples of weak-links regions in practical superconductors [81].

Measurements of the critical current density Jc in single crystal FeSCs have
revealed a promising combination of high and nearly isotropic critical current
densities along all crystal directions. Moreover, Jc is rather independent of the
field at low temperatures, similar to YBa2Cu3O7–$ [67, 82]. For the 1111 family,
a high in-plane Jc of 2 × 106 A/cm2 at 5 K in a SmFeAsO1–xFx crystal, almost field
independent up to 7 T at 5 K, has been reported [83, 84]. Many single crystal results
have been reported for the 122 system since larger crystals easily grow. Significant
fishtail peak effects and large current carrying capability up to 5 × 106 A-cm−2 at
4.2 K have been found in a K-doped Ba0.6K0.4Fe2As2 single crystal [85]. Fishtail
effect and currents in the range 105 A-cm−2 at low temperature have also been
reported for 122 in [86]. As for the 11 system, Jc of FeTe0.61Se0.39 crystals with
Tc ∼ 14 K exceeding 105 A-cm−2 at low temperatures has been reported [87].
Irradiation with Au ions [88] and neutrons [89] have emphasized that pinning can
be further increased by introducing defects without affecting Tc.

In superconductors such as MgB2 [90] and YBCO [91], the critical current
measured in thin films is larger than that measured in polycrystals by orders of
magnitude and it even achieves 20% of the ultimate intrinsic depairing limit. In iron-
based superconductors, the critical current measured in thin films is promising [92,
93] and its investigation may yield important clues to enhance the performances
of bulk samples, tapes, and wires. Comparative study of Jc values measured on
FeSC single crystals and thin films concluded that the single crystal properties are
excellent [5, 63]. Indeed, Jc is high and rather field independent as in the high Tc
cuprates. The Jc anisotropy, defined as the ratio between the current flowing in-
plane and out-of-plane, is less than 2 [63, 71, 94, 95] in the representative families of
FeSCs (122, 11, 1144) which is much alike with the anisotropy in MgB2 (γ = 2–2.7)
and it is much lower than the values of up to 30–50 found in the cuprates [96]. This is
a very significant result because it could imply that, contrary to the high Tc cuprates,
the FeSCs do not require complex texturing processes for the fabrication of wires or
tapes. Actually, the low Jc anisotropy is only a prerequisite for the current transport
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in polycrystalline materials. Indeed, the second requirement is the transparency of
the GBs to current flow. This issue is considered in the next section.

Critical current density and flux pinning behavior have been well studied in many
iron-based superconductors. Many reports show high values of Jc value up to 106–
107 A/cm2 at 5 K for single crystal and this is almost field independent up to 10 T
at 5 K [63, 71, 92, 97, 98]. All these results support that iron-pnictides can have
high critical current value and show behavior at low temperature similar to cuprate-
based YBCO. The high critical current density (∼1010 A/m2) is also achieved by
incorporating nanopillars in different iron-based superconductors [74] due to the
enhancement of the pinning similar to cuprate such as YBCO (YBa2Cu3O7–x). All
these results show that Fe-based superconductors can be a potential candidate for
next generation superconducting tapes or wires.

9.7 Effect of the Granular Nature

High current density and high critical field are not sufficient for a practical
application of superconductors. The capability to carry currents over long lengths
is one of the essential properties for the large application of superconductors. In
a polycrystalline sample, the super currents flow across many grain boundaries
(GB) regions [99]. In the case of the conventional superconductors with long
coherence length, the cooper pairs generally show an outstanding ability to pass
over the non-superconducting regions or areas with depressed order parameter.
However, high Tc cuprate superconductors have high Tc, high Hc2, large anisotropy
and, consequently, low coherence lengths (1–2 nm in the ab-plane and much
lower along the c-axis). The grain boundaries between misoriented crystallites
(Fig. 9.7a) impede current flow because the critical current density through a grain
boundary drops exponentially as the misorientation angle increases. So, the spread
of misorientation angle ∼40◦ in polycrystals can reduce the critical current at grain
boundaries by 2–3 orders of the magnitude [99]. A lot of effort has been made
to grow textured superconducting tapes with small-angle GBs, but this approach
is not yet fully exploited commercially. Recently, researchers have reported the
theoretical understanding of grain boundaries in the cuprate superconductor and
tried to understand why the currents are so sensitive to the GB mismatch [99,
101]. Hopefully, this study will help to make technologically viable superconducting
wires.

In the case of MgB2, there is no any evidence of the grain boundaries problem
[102]. A lot of applications of MgB2 superconductor are currently developing, for
example, bulk permanent magnet for commercial MRI systems. These premises
highlight the importance of exploring the nature of GBs in novel superconducting
materials. The iron-based superconductors have high Hc2 value with small coher-
ence lengths varying between 1 and 3 nm amongst the families. These values are
reminiscent of those in the cuprates, but the reduced Jc anisotropy of iron-based
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Fig. 9.7 (a) The grain boundaries curved planes in polycrystals are shown. The θgb indicates the
grain boundaries misorientation (Reproduced with permission from [99]) contains from top to
bottom a [0 0 1] tilt, a [1 0 0] tilt, and a [1 0 0] twist GB. In the top and bottom cases, the [0 0
1] direction (or the c-axis) is perpendicular to the top surface of the film. Although these planar,
high-symmetry GBs are unusual in any sample in which independent nucleation occurs randomly
(i.e., in most bulks and ex situ films), they are favored by in situ growth seeded by the substrate. (b)
Comparison of inter- and intragranular current flow in a polycrystalline material (Reproduced with
permission from [100]). (c) The reported intergrain Jc at 5 K for different families of iron-based
superconductors. (Reproduced with permission from [78])

superconductors compared to the cuprates, allows current flow along the c-axis,
thus making the requirement of texturing less stringent.

Early studies of the critical current density of 1111 polycrystals have emphasized
the strong granularity of these compounds, which limits the global Jc flow across
entire sample to very low values. In the polycrystalline bulk, there exist two kinds of
critical currents: the large local critical current density (intra-grain currents Jc

local)
flows inside the grains, while the small global critical current density (intergrain
currents Jc

global) flows through the grains from the whole sample, as shown in
Fig. 9.7b. This behavior is due to the significant granularity in polycrystalline bulk.
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Wang et al. [100] reported a global current density of 1.1 × 108 A/m2 at 5 K in
self-field in contrast to intra-grain Jc of 1010 A/m2 for F-doped SmO1–xFxFeAs.
Two distinct scales of current flow have been found in polycrystalline Sm- and Nd-
iron oxypnictides [77, 78, 98, 103] using magneto-optical imaging and studying the
field dependence of the remanent magnetization. Low temperature laser scanning
microscopy (LTLSM) and scanning electron microscopy (SEM) observations on
polycrystalline Sm-1111 samples [76] emphasized cracks and wetting Fe-As phase
at the GBs as the main mechanisms of current blocking in polycrystalline materials
[78, 99]. The intergrain current dependence with temperature for studied iron-
based superconductors is summarized in Fig. 9.7c [77, 78]. In fact, an intergrain
Jc that is affected by weak-link behavior and strongly decreases upon applying
a magnetic field is prevalent in bulk samples of FeSCs. The weak-links between
grains are mainly related to the microstructure of the samples. Microstructure
analysis has emphasized cracks, impurity phases at the grain boundaries and
phase inhomogeneity as the main mechanism responsible for current blocking in
polycrystalline material. Sample inhomogeneities manifesting as secondary phases
may arise in a sample as given by the corresponding thermodynamic phase diagram.
In particular, in chemically doped compounds, the addition of a dopant in the host
lattice, where cobalt (Co) represents a typical dopant for pnictides, may complicate
the situation and may also lead to additional inhomogeneities in a given sample
[3–5].

Up to date, the difficulty to obtain fully dense single-phase polycrystalline
materials of FeSCs seems to be one of the main reasons for the granular behavior of
bulk materials. However, considering the strong similarities between cuprates and
FeSCs, the existence of intrinsic mechanisms limiting the transmission of current in
misaligned GB needs to be also carefully considered [81, 99].

9.8 Superconducting Wires and Tapes

From the view point of practical applications such as magnetic coils and cables,
the development of superconducting wires/tapes processing techniques is highly
desirable. FeSCs are mechanically hard and brittle and hence, it is difficult to form
them into wires and tapes [5, 7, 105]. One of the most common approaches to
develop superconducting wires for brittle superconductors is the powder in tube
(PIT) method [106], as presented in Fig. 9.8. In this process, superconducting
powder is sealed in a metal tube and then it is mechanically processed into a wire
or tape form. Finally, it is reacted by heat treatment. Many groups reported the
fabrication of superconducting wires/tapes with good Jc values which are constantly
improving [5, 7, 105].

The PIT process has been widely used for the fabrication of electrical conductors
from brittle superconducting materials such as Nb3Sn, MgB2, and ceramic Bi-
cuprate superconductors (Bi-Sr-Ca-Cu-O). There are two types of PIT method: one
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Fig. 9.8 The process for the powder in tube (PIT) method for the superconducting wires/tapes

Fig. 9.9 At 4.2 K, Transport Jc as a function of applied magnetic field of different wires and tapes
prepared through PIT method for different categories of iron-based superconductors. (Reproduced
with permission from [5])

is in situ method in which a powder mixture of raw precursor is used as a starting
material, and an ex situ method, in which powder of the reacted superconducting
phase is used [5, 7, 105] (Fig. 9.8). In the early years of the pnictide wire
development, the in situ PIT method was used, however, the transport Jc was very
low, Fig. 9.9, due to the presence of a large amount of impurities, cracks, and
voids within the superconducting cores. To solve this problem, Qi et al. [107]
suggested the ex situ method with reacted superconducting powder. This process
leads to fewer impurity phases and to high density of the superconducting core
in the final wire. The ex situ method became the most successful approach for
fabrication of high-performance iron-based superconducting wires. Remarkable,
high Jc values have been obtained in ex situ iron-based superconducting wires and
tapes: Jc(4.2 K) ∼ 104–105 A/cm2, as shown in Figs. 9.9 and 9.10.
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Fig. 9.10 (a) The applied field dependence of the transport Jc for hot-pressed mono- and multi-
filamentary Sr-122 tapes (Reproduced with permission from [5]). For comparison point, the graph
for MgB2 and commercial NbTi and Nb3Sn wires has also been included. (b) The first 100 m-
class 122 type iron-based superconductor wire developed by the Chinese group. (Reproduced with
permission from [5])

The selection of metal tube in PIT method is one of the important parameters.
The metal sheath for the wire fabrication should not react with superconducting
materials during the final heat treatment. In the case of FeSC, there are many sheath
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materials such as Ag, Nb, Fe/Ti, Ta, and Cu [7, 105]. The sheath materials such
as Nb, Ta, and Fe/Ti showed a markedly stronger reaction with pnictide due to
the diffusion. Now, it has been established that Ag tube is the most appropriate
sheath material for the wire and tape fabrication. Sometimes, Ag is also used in
combination with an additional outer sheath made of Fe, Cu, or stainless steel to
reduce the cost and to enhance the mechanical properties.

In the case of high Tc cuprates such as Bi-2212 and Bi-2223, only Ag can be used
as a sheath material due to its inert behavior to the BSSCO and because its required
permeable features to oxygen at the annealing temperature [108]. So, in the case of
BSSCO wire, Ag represents about 60–70% of the BSSCO wire cost. Considering
the price of the metal sheath, iron-based superconducting wires are expected to be
much cheaper compared to that of the BSSCCO wires.

Over the past years, the improvement of transport Jc of the FeSCs developed
by using powder in tube (PIT) method has been the main topic for research
and development. The Jc value is increased rapidly (Figs. 9.9 and 9.10). The
highest critical current density is reported for 122-based materials and has exceed
105 A/cm2 at 4.2 K under 14 T. Such a large value enables high field application of
iron-based superconductors. Figure 9.9 indicates that the transport Jc for 1111 and
11 families have 2–3 orders of magnitude lower in the high field region than those
of 122 wires [7]. This might be because of large difficulties in wire/tape fabrication
of 1111 and 11. For example, for 1111, fluorine doping provides the high transition
temperature, but the control of fluorine is very difficult. The removal of excess iron
for 11 wires is also a challenging task.

In iron-based superconductor suppression of the impurity phases formation,
especially of non-superconducting phases which wet the grain boundaries is
necessary. These non-superconducting phases located at grain boundaries produce
a current blocking effect. There are many reports that showed that the impurities
are partly responsible for the low critical current density [6, 7, 71, 75, 76, 78, 105].
Hence, the main issue to improve the critical current Jc is the decrease of the amount
of impurity phases and of the porosity [105]. The global superconducting current
of iron-based superconductors is limited by the intergrain current across grain
boundaries (GB). Even with substantial blocking by GB phases, the intergranular
current densities in FeSCs appear to be more than one order of magnitude larger
at 4 K than in the early results on randomly oriented polycrystalline cuprates.
Global currents flowing in the whole sample of the order of 4000 Acm−2 have been
evaluated at 4 K in self-field in the 1111 samples. Polycrystals of the 11 family
synthesized at low temperature have also shown global current patterns in magneto-
optical images with values of transport currents up to 700 Acm−2.

In order to improve the grain connectivity, many experimental techniques such
as metal additions, hot isostatic pressing (HIP), and texturing processes have been
used [6, 7, 105]. It has been proved that addition of metals, such as Ag, Sn, In,
Zn, or Pb, has significantly enhanced the Jc value without affecting the transition
temperature (Figs. 9.9 and 9.10a). Interestingly, through co-doping with Ag, Sn, and
Pb, the transport critical current density was significantly improved in the entire field
region [7, 105, 109]. These additions can also effectively suppress the formation of
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the glassy/amorphous phases and can fill in the pores and cracks, leading to better
connections between grains, thus, enhancing Jc. The high Jc of 1.7 × 104 A/cm2 at
10 T and 4.2 K for Sr122 tapes using Sn addition in combination with the rolling
texture process (Fig. 9.10a) has been reported [7, 105, 109]. Reports on Sn-added
1111 family are also available and they also show improvement of Jc [109]. These
studies indicate that the critical current density can be enhanced by using various
technological routes and the potential application of iron-based superconductors can
be expanded.

The possible existence of weak-links and electromagnetic granular behavior are
the obstacles for application of FeSCs [77, 78, 98, 99, 109]. It is similar to the
cuprates, although, as already noted, both impurities and grain boundaries are less
detrimental to the superconducting properties of Fe-based high Tc superconductors
compared to those of the cuprates. The intergrain coupling at grain boundaries plays
an important role in transport applicability. Many experimental results, in particular
studies of the remanent magnetization [77, 78, 98, 99, 109], have shown evidence of
electromagnetic granular and weak-link behavior although its origin and underlying
mechanisms are still under debate. Possible reasons for the weak-link behavior
might be the presence of cracks, pores, and impurity phases along grain boundaries,
short coherence length, and intrinsic anisotropy of superconducting properties.
The weak-link problem has been well studied for different families of iron-based
superconductors which show superconductivity only by carrier doping. A unique
compound is LiFeAs belonging to the “111” family and showing superconductivity
without doping at 18 K [78]. The MgB2 also has superconductivity without doping
at high Tc of 39 K, but it does not exhibit granular behavior or the weak-link problem
at grain boundaries [11, 21].

Recently, it was demonstrated that the grain in 122 family becomes highly
textured in Fe-sheath Sr-122 flat tapes by rolling with a large reduction ratio. This
process can be used for the fabrication of 122 tapes on a large scale. In this process,
addition with Sn results in significant enhancement of both core density and c-axis
texturing of 122 phase. Due to the improvement of texture of 122 tapes, the current
density was increased by more than an order of magnitude in magnetic field at
10 T to above 104 A/cm2 at 4.2 K. Dong et al. [110] reported the enhancement
of Jc for Ag clad Ba122 tapes using high quality precursor. At 4.2 K and 10 T, a
higher transport Jc of 5.4 × 104 A/cm2 and an engineering Je of 1.5 × 104 A/cm2

has been achieved for the iron-based superconductors [7]. The textured tapes have
also small anisotropy, less than 1.5 as determined from measurements of Jc with
applied magnetic field angle. It indicates that Jc is not highly sensitive with the
angle between the tape surface and the direction of the magnetic field. In the case
of cuprate superconductors, the highest Jc is obtained with magnetic field applied
perpendicular to ab-plane. The low anisotropy behavior of 122 families is beneficial
for the tapes practical applications. Densification is also needed for the improvement
of Jc. Hot isostatic pressure (HIP) generally improves density and this is reflected
on the enhancement of the current flow path [6, 7, 105]. The advantage of the
HIP process is the ability to fabricate round wire, which is desirable for magnetic
applications.
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Apart from a high Jc, there are many other requirements for conductor appli-
cations. Superconducting conductors for large-scale applications must have a
multifilament architecture, excellent mechanical properties, large engineering cur-
rent density Je > 104 A/cm2 in magnetic fields, and small anisotropy of Jc with
respect to field direction. Their cost should be low and they are scalable for large-
scale production [6, 7, 105]. Sufficiently long length tapes and wires are required for
winding the coils or for cabling. An easy and simple process is needed to balance
the high performance with the production cost of the long wires.

Based on experience with the high-performance short samples and with subse-
quently developed multi-filamentary wires, research on fabrication of long FeSCs
wires [105] started. In 2014, the first 11-m long Sr1–xKxFe2As2/Ag tape was
produced by rolling. The process is scalable at industrial level and fabrication of
a long wire in the 100 m class [111] was demonstrated. In August 2016, this
rolling process was scaled up to produce the first 115-m-long with 7-filament
Sr1–xKxFe2As2/Ag superconducting tape (Fig. 9.10b). The transport Jc at 4.2 K and
10 T was measured along the length of the 115-m Sr-122 tape [7]. A very uniform
Jc distribution was observed throughout the tape, an average Jc of 1.3 × 104 A/cm2

at 10 T was achieved. Fabrication of 100 m-class prototype wires is of great
significance for promotion of practical applications of FeSCs. Assuming that the
costs can be kept low, competition with NbTi and Nb3Sn conductors appears
probable, whereas competition with either BSCCO-based or YBCO-based HTS
conductors will depend on future progress.

Granularity has so far limited the properties of pnictide wires. Yet, wires of
the 11 family have been fabricated by powder in tube (PIT) method, exhibiting Jc
values from 200 A/cm2 [112] to 600 A/cm2 [113]. Recently, values of 1000 A/cm2

were reported in mono- and multi-filamentary Fe(Se, Te) wires prepared by ex situ
method. As for wires of the 1111 family, values up to 4 × 103 A/cm2 have been
obtained. For the 122 family, the highest Jc values in wires fabricated by PIT are
slightly above 104 A/cm2. The 122 family appears to be the most promising, but
the other families seem to catch up, particularly the 11 family. Most importantly,
for all the three families, the maximum obtained Jc has been steadily increasing,
suggesting that there is likely still a large edge of improvement.

Finally, it is worth mentioning that 122 and 11 films have been deposited on
buffered metal-tape flexible substrates with outstanding results, namely Jc was 106

and 104 A/cm2 [92], respectively. These encouraging results are likely due to the
reduced Jc anisotropy of FeSCs, allowing the current flow along the c-axis. Once
more it indicates that the requirement of texturing is less severe. The recently
discovered stoichiometric 1144 has also huge potential for practical application and,
hopefully, 1144 wires/tapes will show similar excellent properties as for 122 and 11
families.

Figures 9.11a, b depict the comparative temperature and field (T-H) phase
diagram for different superconducting materials. The only representative members
of FeSCs such as Fe(SeTe) (11), NdFeAsO0.7F0.3 (Nd1111), and Ba0.55K0.45Fe2As2
(BaK122) single crystals are included in Fig. 9.11b. These FeSCs are compared with
conventional superconductors NbTi, Nb3Sn, with MgB2, and with high Tc cuprates
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Fig. 9.11 (a) Magnetic field response of various superconductors with respect to temperature
(Reproduced with permission from [6]). (b) The temperature dependence of the magnetic field
for different superconducting materials are shown for H//c. The used solid line is for Hc2(T) and
dashed line is for irreversibility fields H*(T). (Reproduced with permission from [36])
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(Bi2Sr2CaCu2O8+x single crystal, (BiPb)2Sr2Ca2Cu3Ox tapes, and YBa2Cu3O7–x

single crystal). The FeSCs as BaK122 or Nd1111 have high irreversibility field
H* and Hc2 up to 40–50 T at 20–30 K [6, 7]. The Hc2 of BaK122 is much less
anisotropic than for YBa2Cu3O7−x and Nd1111, indicating a useful feature for
superconducting magnets. The extent to which poor grain connectivity in FeSCs
polycrystals is intrinsic remains unclear, but grain boundaries for some FeSCs may
be more transparent to current than for the others. As far as pinning is concerned,
thin films and single crystals of FeSCs can carry high current densities Jc = 106–
107 A cm−2 at 4.2 K, making them competitive vs. conventional superconductors.
The properties of FeSCs indicate good possibilities for magnet applications at 20–
40 K. For instance, the arsenic-free Fe(SeTe) has a weakly anisotropic Hc2. The
upper critical field is much higher than for Nb3Sn and MgB2 at 4.2 K, but very low
carrier densities and shortage of chalcogenides can make them prone to poor grain
connectivity. In turn, BaK122 may be a good magnet material due to its high Hc2
(Hc2(20 K) ∼ 45 T), moderately anisotropic, making it more useful than the more
anisotropic Nd1111 with a higher Tc. Future experiments will tell if some of the
FeSCs will eventually become high field magnet materials.

For application, the threshold Jc value of superconducting wires and tapes is
generally recognized as being 104–105 A/cm2 in the desired temperature and field
regions. From the above discussion, it is clear that PIT processed tapes/wires have
crossed the threshold value of practical transport Jc. Figure 9.11b summarizes the
critical fields (upper) Hc2 and (irreversibility) H* as a function of temperature
for various superconductors, while Fig. 9.11a presents their applicability domains.
From the viewpoint of critical current properties, it seems that there is no market
niche for the iron-based superconductors. However, the price of cuprate supercon-
ducting materials is still high, and they are not easy to use because of their highly
anisotropic character. As described above, the production of long length conductors
with improved Jc, and low cost are the key criteria to decide whether iron-based
superconducting tapes and wires can be used in the future. We believe that the
successful fabrication of long wires over 100 m with practical Jc opened a new
chapter for the application of FeSCs in the near future. Studies on the magnetic
field dependence of the Jc of wires and tapes have experimentally demonstrated
their excellent robustness with respect to higher magnetic fields [7, 105]. By using
the new high Tc materials, the refrigeration systems can operate at 20–30 K, i.e.,
without liquid He. We expect that FeSCs will become a real superconductor for
practical applications.

9.9 Conclusions

The research progress in iron-based superconductors (FeSCs) is rapid. Before their
discovery in 2008, it was beyond the imagination that iron can be one of the main
component elements of high Tc superconductors. More than 5000 research papers
have been published, studying the rich variety of superconducting materials and



9 Future Potential of New High Tc Iron-Based Superconductors 265

enlightening the sophisticated mechanisms arising from the multiband nature of
FeSCs. The transition temperature has reached 58 K and upper critical field is
more than 100 T. The critical current density (Jc) is increased year by year and
development of long wires and tapes have gradually enhanced the potential of these
superconductors. At present, iron-based superconductors are considered to have
huge potential to become a practical superconductor for high field applications,
working in the temperature region 20–30 K.
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Chapter 10
Grain Boundaries in Fe-Based
Superconductors

Jens Hänisch and Kazumasa Iida

10.1 Introduction

The discovery of Fe-based superconductors (FBS) [1, 2] had a huge impact on the
condensed matter community, since understanding the mechanism of superconduc-
tivity of this class of materials shed light on exploring new high-Tc superconductors.
Therefore, a lot of effort has been devoted to unveiling physics of these compounds,
resulting in several important findings: (a) five orbitals of Fe 3d cross the Fermi
level (i.e. multiband superconductors) [3], (b) the symmetry of the superconducting
order parameter (OP) is identified as s± wave (i.e. unconventional superconductor)
both theoretically and experimentally (note: this may depend on the system and
also doping level) [3–5], (c) the short coherence length results from the low
Fermi velocity and small carrier concentration [6], and (d) the parent phase is
an antiferromagnet. Although some of the features are similar to the cuprates,
there are distinct differences between those two classes. For instance, (1) the
symmetry of the OP for FBS is not a d-wave but an extended s-wave, (2) the parent
compounds of FBS are not Mott insulators but semimetals [note: among the FBS
only A1−xFe2−yAs2 (A=K, Cs, Rb, Tl) is Mott insulator], (3) grain boundaries are
of metallic nature, and (4) anisotropies of upper critical field (Hc2) and also critical
current density (Jc) of FBS are smaller than those of the cuprates. Additionally,
experiments on Co-doped BaFe2As2 (Ba122) bicrystal films revealed early on that
exponential decay of Jc across the symmetric [001]-tilt grain boundary starts at a
misorientation angle of 9◦ [7], which is almost twice as large as for the cuprates [8].
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Thanks to those features, Jc across grain boundaries in FBS is not severely reduced
compared to the cuprates, which is favourable for wire as well as polycrystalline
bulk applications.

To date, FBS wires and tapes have been fabricated by two methods: (1) the
powder-in-tube (PIT) method for which precursor powders are put into metallic
tube, swaged, drawn, and then heat-treated, and (2) the coated conductor method for
which pseudo single crystalline films are deposited on technical metallic substrates.
Hence, FBS wires and tapes contain grain boundaries.

Grain boundaries (GBs) as two-dimensional defects have huge influence on
macroscopic properties of functional materials [9, 10] and are therefore of high
interest in their development. They comprise the more or less planar structure
between two adjacent crystallites of different crystallographic orientation. Grain
boundaries are in general characterized by five parameters, i.e. the GB plane
with respect to one of the crystallites (characterized by its normal vector n (two
parameters), the rotation axis u (two parameters), and the GB angle θGB, for which
the second crystallite is rotated around u away from orientation of crystallite 1),
Fig. 10.1. In polycrystalline bulk samples, in general different types of GBs co-
exist. In well-defined experiments on single GBs, however, usually special types
of GBs are used and investigated, such as twist-boundaries (u||n), tilt-boundaries
(u⊥n), symmetric boundaries (GB plane is mirroring the two crystallites), and low-
Σ GBs (special GB angles for large coincidence lattices). A further classification
may be done via the GB angle θGB [11]: Low-angle GBs (LAGBs) are comprised
of an array of dislocations with distance D = b/{2sin(2θGB)} ∼ b/θGB (Frank’s
formula) in the simplest and most symmetric case, where b is the magnitude of
the dislocation’s Burgers vector b (usually a lattice constant) along the GB. At
around 10–15◦, depending on the material, the cores or distorted regions of adjacent
dislocations start to get in contact to each other and it gets energetically favourable

Fig. 10.1 Schematic of a grain boundary with grain boundary plane n, rotation axis u, and rotation
angle θGB. The dashed lines represent the orthogonality of n on the GB plane, the dotted line is the
projection of u on the GB plane
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for the GB to reconstruct in bigger structural units. This is the angular regime of
high-angle GBs (HAGBs).

In superconducting materials, GBs not only influence the structural and mechan-
ical but also the electrical properties. In low-Tc superconductors, such as Nb3Sn,
GBs are known to be good flux pinning centres, so that an increase in GB density
(or decrease in grain size) often leads to an increase of the critical current density
Jc, e.g. [12]. In the high-Tc cuprates (HTS), however, GBs posed a huge obstacle
for realizing high-current applications since high-angle GBs severely diminish
the critical current densities Jc. In fact, above some critical angle θc, Jc falls
exponentially with θGB, as has been measured for several cuprate compounds, such
as YBa2Cu3O7 (YBCO) [13] and Bi2Sr2Can−1CunO2n+4 [14], see Fig. 10.2. For
reviews on GBs in HTS bulks and films, see [8, 15]. There are several reasons for this
strong Jc(θGB) dependence: First of all, HTS are extreme type-II superconductors
with very small coherence lengths ξ of only a few nm and very low charge carrier
densities. This leads to depletion in Cooper pair density within the (high-angle) GB
region which usually has a width comparable to or even larger than ξ , or around
the dislocations of LAGBs due to e.g. stoichiometry deviations, band bending,
charge inhomogeneities, and strain dependence of Tc. Therefore, HAGBs usually
constitute weak links in HTS materials, and since the width of GBs approximately
increases linearly with GB angle and tunnel currents fall exponentially with tunnel
barrier width, an exponential decrease of Jc with GB angle θGB follows naturally.
Depending on θGB and amount of faceting of the GB plane, Jc may be further
diminished by possible destructive overlap of positive and negative regions of
the wave function due to the d-wave symmetry in HTS [16]. Low-angle grain
boundaries with sufficiently low θGB only minimally disturb the current flow, and
their dislocations may even contribute to flux pinning [17].

In superconductors with low charge carrier concentrations, such as the HTS
cuprates and to some part the Fe-based superconductors, there exists a further

Fig. 10.2 Angle dependence of the reduced critical current density across [001]-tilt grain bound-
aries in YBCO (squares) and Bi2212 (circles) at 4.2 and 77 K. Reprinted figure with permission
from [14]. Copyright (1995) by the American Physical Society
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intermediate regime, where the electronically disturbed region around the disloca-
tion cores is slightly larger than the structurally disturbed region. This has been
discussed e.g. by a Tc reduction due to strain fields in cuprates. Therefore, in such
GBs (with θGB slightly larger than the critical angle θc), the order parameter may
be reduced along the entire GB plane and Jc would be reduced even though the
GB is structurally still a LAGB. For GB angles slightly smaller than θc in contrast,
the behaviour of the GB depends strongly on the applied magnetic field, since the
magnetic field determines which kind of vortices are present within the GB plane—
Abrikosov, Abrikosov-Josephson, or Josephson vortices.

In this chapter, GB issues of Fe-based superconductors will be discussed in more
or less historical order on polycrystalline bulks and wires followed by bicrystal
and polycrystalline thin films for the most-studied, application-relevant systems:
LnFeAs(O,F) (Ln lanthanoids), P-, Co-, and Ni-substituted AeFe2As2, (Ae: alkali
earth) and Fe(Se,Te) in comparison to the cuprate high-Tc superconductors. Earlier
reviews on GBs in FBS materials have been published by Deutscher [18] and Durrell
et al. [19]. The topic of microelectronic junctions on bicrystal GBs in FBS has been
reviewed, e.g. by Seidel [20], and is not covered here.

10.2 Grain Boundaries in Polycrystals and PIT Wires

Fe-based superconductors showed very high upper critical fields Hc2 with low
anisotropy despite anisotropic crystal structure. Hence, the community in applied
superconductivity research has imagined this material class to have potential for
conductor or bulk applications in high fields. And the question arose immediately
which (critical) current can be circulated in polycrystalline bulk samples or trans-
ported in powder-in-tube (PIT) wires of Fe-based superconductors. To address this
issue, many studies have been conducted on such polycrystalline samples. In this
subsection, these studies on polycrystalline LnFeAsO, LiFeAs, AeFe2As2, and Fe
chalcogenides will be introduced.

10.2.1 LnFeAsO (Ln: Lanthanoids) Sintered Bulks

Sintered SmFeAsO1−δ and NdFeAs(O,F) bulk samples have been well charac-
terized immediately after the discovery of FBS. Unlike AeFe2As2 (Ae122) and
FeSe systems, sizable single crystals of Ln1111 were difficult to grow in the early
stages of FBS research. Therefore, the electromagnetic properties of Ln1111 were
characterized using polycrystalline samples. Figure 10.3 shows the microstructure
of polycrystalline SmFeAsO0.85 acquired by a scanning electron microscope [21].
Clearly, some of the plate-like SmFeAsO0.85 grains were well connected (i.e.
clean grain boundary without cracks). On the other hand, cracks between the
SmFeAsO0.85 grains as well as occasionally within grains (Fig. 10.4a) were
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Fig. 10.3 SEM image of
partially well-connected
Sm1111 grains. Current
transport is obstructed by
FeAs, Sm2O3 and cracks at
the grain boundaries.
Republished with permission
of IoP Publishing, from [21];
permission conveyed through
Copyright Clearance Center,
Inc.

Fig. 10.4 Higher resolution SEM image (a) near a dissipation spot (red, b) in a SmFeAsO0.85
polycrystal determined by low-temperature laser scanning microscopy (LTLSM). Current transport
is obstructed by FeAs, Sm2O3, and cracks. Reprinted from [22], with permission of AIP Publishing

frequently observed, which impedes the critical current flow within the grains. Also
Sm2O3 as well as FeAs were observed around the SmFeAsO0.85 grains, which act as
global current blockers (i.e. the overall critical current flowing through a sample via
adjacent grains is reduced). Indeed, strong dissipation spots were observed near such
defects because the current is squeezed into narrow paths without current blockers
(Fig. 10.4a, b) [22].

The derivatives of the field dependence of remnant magnetization (mR) for
the SmFeAsO0.85 bulk sample revealed two distinct peaks (Fig. 10.5): the former
reflects the global Jc (Jc

global) and the latter corresponds to the intra-grain one (Jc
local

or Jc
Grain) [23]. The respective global and intra-grain Jc at 5 K were 3900 A/cm2

and 4.5 × 106 A/cm2, indicating that SmFeAsO inherently possesses high Jc.
Hence, eliminating such extrinsic defects like wetting FeAs and cracks would lead
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Fig. 10.5 Derivatives of the
remanent magnetization as a
function of the maximum
applied field for the
SmFeAsO0.85 small bulk
[23]. Data are normalized by
sample mass. Inset shows the
temperature dependences of
the peak fields μ0Hpeak for
the first and second peaks.
Data courtesy of A.
Yamamoto

to high Jc
global. It is worth mentioning that Jc

global of SmFeAsO0.85 is much higher
than that of sintered YBa2Cu3O7 in early days (∼100 A/cm2 at 4 K) [24]. The
temperature dependence of Jc

global at low-temperature regime is well described
by Jc

global ∼ (Tc − T)2, which indicates that Jc
global is governed by an SNS

(S: superconductor and N: normal metal) proximity coupled Josephson junction
network [23]. Indeed, Jc

global is significantly reduced by a small magnetic field.
In later SmFeAsO0.85 samples, a Jc

global of only ∼250 A/cm2 was measured despite
much better phase purity and grain connectivity achieved by hot-isostatic pressing
[25]. This was partially attributed to lower Tc values and a possibly different F
content and distribution. Similar results of Jc

global ∼100–200 A/cm2 were measured
by Eisterer et al. [26] and Otabe et al. [27] on SmFeAsO1−xFx bulk samples.

So far, we discussed only the effect of extrinsic factors on the inter-grain Jc. To
understand the intrinsic effect, bicrystal experiments on well-defined, single grain
boundaries should be necessary. Unlike Ae122 and FeSe systems, such experiments
have not been reported until 2018. Very recently, misorientation angle dependence
of the inter-grain Jc for NdFeAs(O,F) bicrystal films has been reported [28, 29],
which will be discussed in Sect. 10.3.1.

Despite the absence of bicrystal experiments on Ln1111, several pieces of
important information necessary to achieve high global Jc values were revealed
by the studies mentioned above (i.e. reducing the amount of impurity phases like
FeAs and Ln2O3, increasing the sample density and texturing to improve grain
connectivity, and reducing the number of cracks within grains). Hence, a lot of
activities for fabricating Ln1111 wires and tapes have kept going, resulting in the
improvement of Jc performance step by step over time [30–33]. Here, the wire
fabrication focuses on SmFeAs(O,F) because of the highest Tc among the FBS in the
bulk form. One breakthrough for achieving high global Jc values in polycrystalline
SmFeAs(O,F) wires was to add Sn to the precursor powders, which reduces the
amount of FeAs wetting at grain boundaries due to the chemical reaction between
FeAs and Sn producing FeSn2 particles or discontinuous layers (Fig. 10.6) [30].
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Fig. 10.6 Schematic diagram describing the Sn transformation which eliminates the detrimental
FeAs wetting phase but also damages SmFeAsO1−xFx grains, i.e. reduces Tc. Reprinted from [30],
with permission of AIP Publishing

Sn addition, however, leads to a slight decrease in Tc (Tc0 decreased from 43.3 to
37 K). Another effect of Sn addition is filling voids and cracks, which improves the
grain connectivity. Adding metallic elements such as Ag, Pb, and Sn have been
reported in Ae122 for improving grain connectivity and hence, superconducting
properties [34–36]. At present, the self-field Jc of SmFeAs(O,F) wires was achieved
around 4 × 104 A/cm2 at 5 K [37]. Although the significant improvement of wire
performance of Ln1111 has been achieved since 2008, self-field as well as in-field
Jc are still one or two order of magnitude lower than Ae122. One of the challenging
issues for SmFeAs(O,F) wires is to control the F content. Employing low synthesis
temperatures guarantees a high Tc of over 50 K, however, the presence of unreacted
phase and low sample density still remain. Further optimization of the SmFeAs(O,F)
wire fabrication is necessary.

10.2.2 AeFe2As2 (Ae: Alkali Earth Elements) Sintered Bulks

Although the maximum Tc of Ae122 is close to that of MgB2 [between Fe(Se,Te)
and SmFeAs(O,F)], the activity of wires and bulk fabrications using Ae122 is quite
high thanks to the highest depairing current density among the FBS. For bulk and
wire fabrications, high-energy ball-milling has been employed to synthesis Ae122
precursor powders [34–36, 38, 39]. During the ball-milling, partial Ba122 phase
formation occurs. The resultant precursor powders are highly homogeneous and
reactive. Hence, it is possible to reduce the heat treatment temperature, resulting in
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the absence of GB wetting phases. The combination of fine precursor powders with
highly phase-pure and high-pressure synthesis (i.e. cold and hot isostatic pressing)
yields over 90% relative density in K-substituted Ba122 [38]. As a result, transport
critical current densities of untextured bulks and round wires of K-doped Ba122
exceed 105 A/cm2 in self-field at 4.2 K. Similarly, Co-doped Ba122 fabricated by
the same method showed a self-field Jc of over 2 × 104 A/cm2 at 4.2 K. These
results highlight the application potential of FBS wires and bulk magnets.

The microstructures of a K-doped Ba122 sample prepared with high-energy
ball-milling are shown in Fig. 10.7 [38]. As stated earlier, the grain boundaries
are notably clean without FeAs wetting phase, which was frequently observed in
LnFeAs(O,F).

The detailed analyses by atom probe tomography (APT) revealed a trace of
oxygen impurities along the GBs (see Fig. 10.8) [40], which is consistent with the
results for K-doped Sr122 reported by Wang et al. [41]. It is still unclear whether
the GB oxides are due to impurities of the precursor material or form during (bulk)
sample preparation. A formation during APT sample preparation is less likely (the
outer surfaces do not contain oxygen), however cannot be excluded completely. To
understand whether this is an extrinsic effect, further experiments should be carried
out.

Although K-doped Ba- and Sr122 bulks and wires contain high-angle GBs, their
global Jc is in the order of 104∼105 A/cm2 at 4.2 K with and without magnetic
fields. Additionally, recent experiments on K-doped Ba122 bulk samples with
10 mm in diameter and 18 mm thickness (in total) revealed a large trapped magnetic
field of over 1 T at 5 K [42]. Nevertheless, even though the microstructures are
very similar, the Jc performance of Co-doped Ba122 is inferior to that of K-doped
Ba122 by almost one order of magnitude [38]. This indicates that grain boundary
properties depend on the kind of substituting elements (i.e., K, Co, and P) and
perhaps Ae in AeFe2As2 too, by extrinsic and/or intrinsic effects. To clarify this,
bicrystal experiments on (Ba,K)Fe2As2 and (Sr,K)Fe2As2, which are still missing,
are desirable.

It is reported that the inter-grain Jc of Co-doped Ba122 bicrystal films decays
exponentially beyond a misorientation angle (θGB) of 9◦ [7]. However, the inter-
grain Jc is almost constant 104∼105 A/cm2 above θGB = 30◦, which differs from
the cuprates [8]. This level of Jc is consistent with the global Jc observed in
polycrystalline K-doped Ba- and Sr122. Although bicrystal experiments on K-doped
Ba- and Sr122 are absent, the same observations are highly likely. This similarity
between bulk Jc

global and HAGBs in bicrystal films has two possible reasons: (1)
Clean GBs may suffer from vortex channelling, which is larger in straight GBs such
as in bicrystal films, (2) LAGBs in bulks may still contain oxides which let them
appear as HAGBs by increasing the effective width. Hence, to further improve the
global Jc for K-doped Ba- and Sr122, a texturing process might be useful. Indeed,
textured 100 m long K-doped Sr122 tapes with an average large Jc of 104 A/cm2

even at 10 T at 4.2 K have already been realized [43]. Besides texturing, clean oxide-
free GBs in dense and crack-free materials are key for high Jc

global values.
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Fig. 10.7 Microstructure of K-doped Ba122 bulk investigated by TEM. (a) TEM image of
polycrystalline K-doped Ba122 bulk material showing several equi-axed grains with average grain
diameter of ∼200 nm. Inset: A selected-area electron diffraction image of (a) indicating that the
grains of the material are randomly oriented with many high-angle GBs. (b) HRTEM image of a
typical K-doped Ba122 GB. The lattice fringes of upper and bottom grains meet at the GB without
an amorphous contrast, indicating that the GB is clean without a wetting impurity phase. Reprinted
by permission from: Springer Nature, Nature Materials [38], Copyright (2012)
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Fig. 10.8 A 3D atom probe tomographic reconstruction of: (a) (Ba0.6K0.4)Fe2As2; (b)
(Ba0.4K0.6)Fe2As2; and (c) Ba(Fe0.92Co0.08)2As2 superconductors. Oxygen atoms are in blue
and Ba atoms are in orange, other elements are excluded for a clear display of grain boundary
segregation. Each dot represents a single atom, but not to scale. Reprinted from [40], with
permission of AIP Publishing

10.2.3 FeSe and Fe(Se,Te) Sintered Bulks

Most of the studies on 11 bulk samples focused on PIT-processed wires using FeSe
and Fe(Se,Te) [45–48]. The strategy for achieving high transport Jc is the same
as for other systems (i.e. eliminating extrinsic factors mentioned above together
with texturing process). To realize the dense materials, Ding et al. reported a novel
method to fabricate FeSe tapes [44]. In their method, an Fe sheet, ∼50 × 5 mm2 in
size, and Se grains were sealed together in an evacuated quartz tube and thermally
treated. During the heat treatment, Se vapour reacted with Fe, resulting in the
formation of FeSe. The microstructure of the resultant FeSe contained many grains
with ∼20 μm diameter (Fig. 10.9). Many cracks between grains were also observed.
Although the self-field intra-grain Jc is as high as 104 A/cm2 at 5 K, the inter-grain
Jc at 4.2 K is 600 A/cm2.

One of the breakthroughs for improving the global Jc for Fe(Se,Te) is a novel
process in which the precursor materials are melted, followed by annealing [49].
Figure 10.10 compares the microstructures of Fe(Se,Te) bulk samples after different
preparations. As can be seen, a lot of pores were observed in the Fe(Se,Te) sintered
sample with a grain size almost comparable to the pores. On the other hand, the
melt-processed sample showed less porosity. Additionally, no secondary phases
were observed at GBs. Annealing of that sample leads to stronger phase separation
of regions with high and low Se-Te ratio as well as to formation of fine Fe-
deficient precipitates (M+A). The resultant self-field Jc at 4.2 K is in the range of



10 Grain Boundaries in Fe-Based Superconductors 279

Fig. 10.9 SEM image of an
FeSe tape. Republished with
permission of IoP Publishing,
from [44]; permission
conveyed through Copyright
Clearance Center, Inc.

Fig. 10.10 Back-scattered SEM images of three polycrystalline Fe(Se,Te) samples. S sintered, M
melted, M+A melted + annealed sample (at 550 ◦C, 17 days). Republished with permission of
IoP Publishing, from [49]; permission conveyed through Copyright Clearance Center, Inc.

1000 A/cm2, where the in-field Jc is almost constant up to 8 T. The level of Jc is two
orders of magnitude lower than that of K-doped Ae122. The bicrystal experiments
on Fe(Se,Te) showed the level of Jc at 4.2 K is between 103 and 104 A/cm2

above θGB = 24◦ [50], which is comparable to that of the melt-processed/annealed
Fe(Se,Te) with dense microstructure and clean GBs. Hence it may be concluded,
texturing is necessary for further improvement of Jc, which is similar to the Ae122
systems.

Mancusi et al. [51] used an FeSe0.5Te0.5 polycrystalline bulk sample to study the
effect of GB networks on the complex AC susceptibility response χ (T) near Tc. The
transition shows clear two-step behaviour, especially for the imaginary part χ ′′, for
all AC fields and frequencies tested, which were fitted by taking into account the
actual induced fields and relaxation times in the GB region and within the grains.
Flux motion in both regions was found to be flux creep at low T and thermally
activated flux flow (TAFF) at high T. Tc of the GB region with ∼12 K was found to
be considerably lower than the intra-grain value of ∼14 K.
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10.2.4 Sintered Bulks of LiFeAs and Other Compounds

The only GB study on 111 compounds has been conducted by Singh et al. [52]
on LiFeAs polycrystalline bulk samples. This compound exhibits superconductivity
(Tc ∼ 19 K) without any doping. The samples were prepared by a solid-state reaction
with a low-temperature of 600 ◦C. Although the precursor powder was uniaxially
pressed into a pellet, followed by a low-temperature sintering, the sample had a
relative density of 70%. Microstructural analysis revealed micro-cracks between the
grains. Such micro-cracks may be formed due to the thermal stress. Another distinct
feature is that the phase-pure LiFeAs sintered sample is chemically homogeneous.
Therefore, micro-cracks are major current blockers, leading to a small inter-grain Jc
of only ∼440 A/cm2 even at 5 K. As possible routes for future increase in inter-grain
Jc, reducing the micro-crack density by process optimization, increasing the density
by hot-isostatic pressing and texturing are suggested by Singh et al.

Also Fe-based superconductors with large blocking layers, (Fe2As2)(Ca4(Mg0.25,
Ti0.75)3O8) (22438, Tc = 43 K) and (Fe2As2)(Ca5(Sc0.5Ti0.5)4O11) (225411,
Tc = 36 K) have been investigated regarding their GBs [53]. Both compounds
showed weak-link behaviour with the typical two-step transition in remanent
magnetization vs. applied field, where 22438 shows slightly better grain
connectivity due to cleaner GBs. The inter-grain Jc values around 0.5 and
0.07 MA/cm2 are relatively low compared to other FBS bulks of similar Tc. Both
samples show a double transition in the in-field temperature dependence of the
resistivity which also has been attributed to electromagnetic granularity. However,
since for the cuprates polycrystalline samples usually show a double transition also
in self-field [54] and Bi2Sr2Can−1CunO2n+4 single crystals show similar in-field
behaviour [55], this behaviour as well as the low Jc values might also be attributable
to the extremely large electronic anisotropy in these compounds.

Recently, magnetization Jc values of a CaKFe4As4 (1144) single crystal have
been compared to a pressed powder sample made from such a single crystal [56].
Whereas the single crystal shows exceptionally high Jc values (up to 200 MA/cm2

for B⊥c and 10 MA/cm2 for B||c1), the powder exhibits much reduced Jc values
(∼40 kA/cm2) due to weak-link behaviour at the GBs. However, this is still larger
than for other FBS bulks.

10.2.5 Summary

Also for FBS, high-angle GBs suppress the super-current flow due to the deterio-
ration of the superconducting OP at GBs. Although the origins of the deterioration
of the superconducting OP at GBs for the cuprates [46, 57] have been identified

1Due to the complex microstructure of these samples with different kinds of stacking faults and
intergrowths, the magnetically measured self-field Jc values differ for B||c and B⊥c.



10 Grain Boundaries in Fe-Based Superconductors 281

[8], it is still ambiguous for FBS. Further investigations using bicrystal films are
necessary to understand GB characteristics, which will help to tackle GB issues.
What can be said, however, is that in bulk samples GBs are affected severely by
extrinsic properties, such as compactness and cleanliness. As shown in Table 10.1,
Jc

global is around three orders of magnitude lower than Jc
local, almost irrespective of

the compound. This is a much larger reduction than observed for LAGB bicrystal
junctions (typically 1–1.5 orders of magnitude), see below. Therefore, extrinsic
effects must play a role in polycrystalline bulk samples.

Hecher et al. [60] pointed out that small grains might be one key to high-field
applications of untextured polycrystalline FBS samples. The authors modelled the
hysteresis of Jc for increasing and decreasing fields (which is due to the irreversible
intra-grain currents) and found excellent agreement to detailed SQUID and scanning
Hall probe microscopy (SHPM) measurements. As the authors concluded, the
maximum magnetic field Bmax at which a polycrystalline wire is still reasonably
applicable for a certain application current density Jc

app is inversely proportional to
the mode of the grain size distribution s0 (i.e. the grain size s, where the probability
density is maximum) and the thickness of the GB region d:

Bmax ≈ φ0

2π2

|J0|
J

app
c

1

s0d

where J0 is the maximum Josephson current across a single GB.
Eisterer very recently proposed a mean-field percolation model for the Jc

limitation in polycrystalline Fe-based superconductors [61]. Inputs of the model
are the statistical abundance of GB angles for a given texture quality characterized
by the in-plane and out-of-plane texture spreads φt and θ t, and the GB angle
dependence of Jc, which is assumed to be independent of the type of GB. Two

Table 10.1 Critical temperature Tc (transport or magnetization) as well as global (∼Jc
GB) and

local Jc (∼Jc
Grain) for several Fe-based superconducting polycrystalline bulk samples at 5 K (except

Fe(Se,Te) 4.2 K)

Transp.
Tc (K)

Magn. Tc
(K)

Global Jc
(kA/cm2)

Local Jc
(MA/cm2) References

Fe(Se,Te) 15.5 5.5 1.0 [49]
SmFeAsO0.85 51 4.0 6.8 [23]
NdFeAsO0.94F0.06 44 2.0 4.2 [23]
LiFeAs 19.2 0.44 N.A. [52]
Ba(Fe,Co)2As2 25 6.0 N.A. [39]
(Sr,K)Fe2As2 w Ag 34 1.0 9.0 [58]
(Sr,K)Fe2As2 w/o Ag 34 N.A. 40 [58]
(Ba,K)Fe2As2 37.4 10 N.A. [59]
CaKFe4As4 35 K 40 10 (B||c) [56]
(Fe2As2)(Ca4(Mg0.25,Ti0.75)3O8) 43 0.5 N.A. [53]
(Fe2As2)(Ca5(Sc0.5Ti0.5)4O11) 36 0.07 N.A. [53]
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special cases are discussed: Equal texture spreads (φt = θ t) which leads to roughly
exponential decrease of Jc with θ t similar to the single-GB dependence Jc(θGB),
and random in-plane orientation (φt = ∞) which leads to a decrease in Jc to 9%
for perfect fibre texture (θ t = 0◦) in the case of FBS and a slight decrease with θ t.
Considering the simple assumptions, the agreement to experimental data (shown for
Bi2Sr2Can−1CunO2n+4) is remarkable. Fully random textures cannot be modelled
yet due to the lack of reliable information on HAGBs.

10.3 Single Grain Boundaries in Thin Films

There are in general two main reasons for investigating single GBs in supercon-
ducting films, mostly on bicrystal substrates having a single well-defined grain
boundary: (1) to realize Josephson junctions with two superconducting electrodes
for fundamental research and assessing their potential for electronics applications
(usually on HAGBs), and (2) to check the Jc transparency of the GBs of several
angles and hence determine Jc(θGB), which is important information for wire
applications (usually on rather LAGBs). The former has been reviewed in [20,
62] and is not covered here. To date, all bicrystal experiments on FBS have
been conducted on symmetric [001]-tilt bicrystal substrates (SrTiO3, MgO, and
(LaAlO3)0.3(Sr2TaAlO6)0.7 [LSAT]). To obtain deeper knowledge of GB charac-
teristics of FBS, grain boundary experiments using different types of bicrystals
(i.e. valley or roof-top [010]-tilt, [100]-twist, and asymmetric grain boundaries)
would be necessary, since in general, the inter-grain Jc depends on the GB type,
as shown for YBa2Cu3O7 deposited on various types of bicrystals [63]. Different
results are expected in case of different order parameter symmetry (e.g. s-wave or
d-wave) as well as strain sensitivity and charge carrier density. In the following,
results on [001]-tilt GBs in FBS bicrystal films will be summarized and discussed.
Furthermore, Jc is also influenced strongly by the local geometry of the GB since
GBs often do not follow their macroscopic GB plane but may be facetted or
meander. By faceting of GBs, usually observed in bicrystal films with 3D grain
growth mode [64], the energy of the GB and its effective width can be reduced due
to the formation of small segments of low-Σ GBs. Meandering of GBs occurs in
films with lamellar growth mode such as YBa2Cu3O7 grown by chemical solution
deposition [65]. Both types of GB microstructures have a positive effect on Jc due
to decreased flux channelling along the macroscopic grain boundary plane and
therefore better flux pinning, as well as due to possibly decreased GB widths for
facetted GBs. To date, no studies of these effects on FBS films have been reported
though.



10 Grain Boundaries in Fe-Based Superconductors 283

10.3.1 LnFeAsO (Ln: Lanthanoids) Bicrystal Experiments

To date, regarding the 1111 structure only NdFeAs(O,F) bicrystal films have been
investigated. A first experiment [28] was conducted on films prepared by a two-
step process [66]: The parent compound NdFeAsO was deposited at 800 ◦C, and
subsequently a NdOF over-layer was deposited at the same temperature. During
the NdOF over-layer deposition, F diffuses into NdFeAsO, resulting in the F
doping. The inter-grain Jc of these films was reduced by 30% even at θGB = 6◦,
suggesting that the critical angle might be less than 6◦. Microstructural analyses
revealed that NdFeAs(O,F) and the MgO substrates were eroded by the fluorine,
which diffuses preferentially along the GB. Hence, the obtained results were of
extrinsic nature. To reveal the intrinsic GB characteristics of NdFeAs(O,F), excess
F should be prevented. Later, the deposition temperature of NdOF was reduced to
minimize this damage [29]. Figure 10.11 shows the misorientation dependence of
the inter-grain Jc for these improved NdFeAs(O,F) films on [001]-tilt symmetric
MgO bicrystal substrate. As a result, θc of NdFeAs(O,F) was found to be around
9◦, which is almost the same angle as for Co-doped Ba122 and Fe(Se,Te). Although
the deposition temperature of NdOF was reduced from 800 to 700 ◦C, the GB
region for θGB = 24◦ was damaged, resulting in zero inter-grain Jc. Even for

Fig. 10.11 Angle dependence of the reduced intra-grain critical current density (Jc
GB/Jc

Grain)
for NdFeAs(O,F) bicrystal junctions (full symbols) measured using different bridge widths in
comparison to Ba(Fe,Co)2As2 and Fe(Se,Te)
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θGB = 6◦ the GB region was partially compromised by F. It is not ruled out that
the damage to GB region by F had influenced the obtained results. To address these
issues and to further explore the intrinsic GB characteristics, F-free Ln1111 like
Nd(Fe1−xCox)AsO would be interesting although Tc is around 25 K.

10.3.2 AeFe2As2 (Ae: Alkali Earths) Bicrystal Experiments

Already in 2009, Lee et al. reported on the weak-link behaviour of [001]-tilt GBs
in Co-doped Ba122 [67]. They deposited 350 nm thick films on SrTiO3 bicrystals
with angles θGB of 3◦, 6◦, 9◦, and 24◦ by pulsed laser deposition (PLD). In low-
temperature laser scanning microscopy (LTLSM) and magneto-optical imaging
(MOI) on these Co-doped Ba-122 bicrystal junctions, the weak-link behaviour was
revealed even for low-angle GBs (6◦ and 9◦). These results suggested a critical
angle θc below 6◦, which differs from the results reported 2 years later by Katase,
Hiramatsu et al. [7, 68], who estimated the critical angle to be around 9◦ from
their bicrystal experiments on Co-doped Ba122 on MgO (Tc = 20.7 K) and LSAT
(21.6 K). We speculate that increased oxygen diffusion from the SrTiO3 substrate in
the GB region led to a slightly larger disturbed region compared to other substrates
(MgO, LSAT) which may have limited the LAGB Jc of Lee’s films. However, the
higher magnetic field (0.5 T) and temperatures (12–16 K) used by Lee et al. have
to be taken into account (n.b. data at 12 K/0.5 T and 14 K/0 T, respectively, i.e.
at low T and B are comparable to data by Katase et al., Fig. 10.12). However, Tc
was only minimally reduced across the 6◦ junction on SrTiO3 (20.3 vs. 20.5 K)
and the resistive transitions were sharp and clean. We investigated HAGBs in Co-
doped Ba122 films on Fe/spinel/SrTiO3-bicrystal templates [69]. The critical angle
was estimated to 8◦; however, the normalized Jc of the HAGBs was one order of

Fig. 10.12 GB angle
dependence of the reduced
intra-grain critical current
density for BaFe2As2
bicrystal junctions
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magnitude lower than reported by Katase et al., which again might be attributable
to defects within the GB due to the oxygen diffusion from the SrTiO3 substrate.

For MBE-grown P-doped Ba122 on MgO bicrystal, an even higher inter-grain Jc
of >1 MA/cm2 at 4 K for θGB = 24◦ was reported by Sakagami et al. [70], which
can be attributed to the higher Tc (29.5 K) and intra-grain Jc compared to Co-doped
Ba122. Although the number of data points is insufficient for a definite conclusion,
P-doped Ba122 most likely also has a higher critical angle than the cuprates.

The GB angle dependence of Jc for GBs in BaFe2As2 is summarized in Fig.
10.12. Clearly, Jc remains equal to the intra-grain value up to θGB ∼ 9◦. Beyond
this angle, the exponential decay of the inter-grain Jc sets in. Furthermore, Jc

GB is
nearly constant for 30◦ and 45◦.

In single HAGBs, pinning effects can be observed occasionally, even though
overall Jc might not be increased compared to the intra-grain values. An example
is the 24◦ GB junction of Ba(Fe,Co)2As2 on SrTiO3 in [67]. Although Jc is
decreased in all magnetic fields, it shows a peak effect around 5–6 T which is
attributable to pinning of Abrikosov-Josephson vortices at defects in the GB and
by Abrikosov vortices in the adjacent grains. On MgO bicrystals [7], this effect
might be recognizable although not discussed by the authors. In contrast, for the 37◦
GB on Fe/MgO [69] with strongly reduced Jc it was not observed. HAGBs may also
indirectly contribute to flux pinning. Nanometric Fe particles tend to grow in or near
45◦ GBs, as observed in [71], which is due to the increased diffusion rates in GBs
and/or strain effects. Compared to a similar sample without 45◦ misorientations, Jc
was overall increased at all fields and field directions θ at medium temperatures (due
to the slightly higher Tc value) and Jc(θ ) showed a pronounced c-axis peak which
was attributed to both the GBs and the Fe particles which were slightly elongated in
c-direction.

10.3.3 Fe(Se,Te) Bicrystal Experiments

The self-field inter-grain Jc at 4.2 K of Fe(Se,Te) across a 45◦ grain boundary was
measured by Sarnelli et al. to be around 104 A/cm2, only one order of magnitude
lower than the intra-grain Jc [73] (compared to four orders of magnitude for the
cuprates). These results suggested that the Jc decrease with GB angle may not
be as strong. Furthermore, Jc was more or less independent of bridge width and
the Josephson current uniform across the junction width, which was explained by
the s-wave symmetry in contrast to d-wave in cuprates. Later, these studies were
completed by measuring the full Jc(θGB) dependence by Si et al. [50] and Sarnelli
et al. [72] where both groups came to similar and complementary results as shown
in Fig. 10.13: Si et al. found that Jc

GB maintained ∼105 A/cm2 at 4.2 K for 4◦
and 7◦ also in relatively large applied magnetic fields of ∼10 T, indicative of strong
links. For θGB > 15◦, Jc

GB was significantly suppressed already by a small magnetic
field and showed a foot structure in the temperature dependence of the resistivity,
ρ(T), which has been attributed to an increased disturbed region. It would be worth
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Fig. 10.13 Angle
dependence of the reduced
intra-grain critical current
density for Fe(Se,Te)
bicrystal junctions (open
symbols Si et al. [50], full
symbols Sarnelli et al. [72])

investigating whether or not intrinsic effects, such as thermally activated phase
slippage [74], play a role in such behaviour. Based on the experimental results
above, the authors concluded that the critical angle θc was around 9◦. The level
of Jc

GB is almost constant above 24◦ [72].

10.3.4 Summary and Discussion

As can be seen in Figs. 10.11, 10.12, and 10.13, for all FBS, the critical angle θc is
around 9◦, which indicates that in-plane misorientation alignments of FBS grains
less than 9◦ usually do not impede the current flow. Therefore, grain boundary
networks whose in-plane misorientation spread is less than 9◦ can be expected to
work as flux pinning centres (see below) and the texture requirements for high
current carrying capabilities is less sever for FBS than for YBCO. For the cuprates,
critical angles between of 0◦ [14, 75] and 2–5◦ [13, 76, 77], seldom 7◦ [78] were
found, often a value around 4–5◦ is taken as reasonable upper bound.

The exponential decay of Jc with GB angle above the critical angle is very similar
for the cuprates and FBS [62], in contrast to early analyses which concluded a
much slower decay. A distinct difference, however, between FBS and YBCO is
recognized above 24◦: whereas for the cuprates, Jc

GB/Jc
Grain continues to decreases

exponentially with θGB, it remains constant for FBS. This can only partially be
attributed to the different order parameter symmetry since only up to one third of the
whole Jc decrease is explained by order parameter symmetry in cuprates [16]. What
might also play a large role is that the grain boundaries in FBS are of metallic nature;
band bending, strain effects, and charge carrier depletion though present might be
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less severe. Furthermore, 24◦ and 45◦ [001]-tilt GBs in the tetragonal Ba122 and
Fe(Se,Te) compounds are special, low-Σ GBs with a narrower structurally and
electronically disturbed region than GBs with slightly different angles (this has been
discussed for some high-current 45◦ GBs in YBCO as well, see [79]). It is plausible
that the widths of 24◦ and 45◦ GBs as low-Σ GBs are similar and Jc is only affected
by these structural parameters in FBS in contrast to the cuprates. To clarify this, 36◦
GBs (as another low-Σ GB) as well as intermediate angles should be investigated.
The in-plane coherence length ξ ab of cuprates [80] and Fe-based superconductors
[6] are with ∼1.2 . . . 2.5 nm quite comparable, which may explain the similar slope
of Jc(θGB) for θGB only slightly larger than θc [62].

Due to the exceptionally high Jc values in P-doped Ba122 films [70], this
compound also showed a high inter-grain Jc of 1 MA/cm2 at θGB = 24◦, which
is very promising for wire applications. Furthermore, Jc

GB for Ba122 is higher
than for YBCO beyond 24◦. Although P-doped Ba122 shows both higher intra- and
inter-grain Jc than Co-doped Ba122, their normalized angle dependence of Jc

GB are
similar, Fig. 10.12. The same holds for the Fe(Se,Te) films: even though the absolute
values are below Ba122 most likely due to the lower Tc, the intra-grain-normalized
Jc

GB is very similar.
For YBCO, the inter-grain Jc can be ameliorated by Ca-doping since it decreases

the carrier density depletion at GBs [81], due to inhomogeneous and non-monotonic
Ca segregation in the grain boundary with local channels of Tc enhancement [82]
(here YbBa2Cu3O7) and/or structural expansion of the dislocation cores [83]. On the
contrary, Co-overdoped BaFe2As2 12◦ bicrystals did not show better performance
than optimally doped films [19]. This might be explained by the lower influence of
indirect, electronic reasons for the Jc decrease rather than direct, structural ones.
However, detailed studies of the doping dependence of Jc

GB would be necessary to
clarify this.

Talantsev and Crumb [84] very recently developed a model for estimating
whether or not Jc of a quasi-two-dimensional superconducting film is limited by
weak links. They combined their earlier model on self-field Jc depending solely on
penetration depth and geometric factors [85] with the 2D fluctuation temperature of
Emery and Kivelson [86] to obtain

Jc,2Dfluct = π3·μ
1
2
0 · k

3
2
B

φ2
0

· ln (κ + 0.5) +
(

Tc

d

) 3
2

where μ0 is the vacuum permeability, kB the Boltzmann constant, φ0 the flux
quantum, κ the Ginzburg-Landau parameter, and d the interlayer spacing. If Jc is
below this value, it is likely affected by weak links. It would be worth checking the
effectiveness of this model also on polycrystalline and bicrystal FBS films.
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10.4 Grain Boundary Networks in Fe-Based
Superconducting Films

Grain boundary networks are mostly studied in films on polycrystalline, technical
substrates, i.e. in proof-of-principle studies on coated conductor FBS samples. Such
studies have been performed in all three crystal structure classes potentially relevant
for applications—11, 122, and 1111, for a review see [62]. Nevertheless, also films
on single crystals may contain GBs, either due to mere fibre texture for ex situ grown
Ba0.6K0.4Fe2As2 [87] and PLD-grown FeSe film [88] on c-cut sapphire or due to
anisotropic and highly 3D growth in sputtered FeSe films on (110)-cut SrTiO3 [89].

Also the studies on GB networks suggest that clean GBs with angles below ∼9◦
do not impede the current flow but occasionally even contribute to flux pinning.
As summarized in Table 10.2, self-field Jc for a certain composition is influenced
by the texture quality but also by Tc. Jc is in most cases rather isotropic with a ratio
between B||ab and B||c of not more than 2 at 9 T, 4 K. In the following, these studies
and data are discussed with respect to Jc limitation and flux pinning properties.

10.4.1 Polycrystalline Films on Single Crystals
and Amorphous Templates

LaFeAs(O,F) The first weak-link studies on polycrystalline FBS films were
conducted by Haindl et al. [91] on a PLD-grown and ex situ annealed LaFeAs(O,F)
film on LaAlO3 single crystal. The untextured film showed a rather broad transition
(Tc90 = 28 K, Tc0 = 20 K), strong granularity effects in R(T) in applied magnetic
fields, and self-field Jc values as low as 2 kA/cm2 at 2 K. This can be compared to
a later epitaxial LaFeAs(O,F) film (Tc90 = 23 K, Tc0 = 17 K) grown by the same
method which showed a self-field Jc of around 80 kA/cm2 at 4 K [106].

Ba0.6K0.4Fe2As2 Hong et al. [87, 92] were recently able to prepare a 100 nm
wide nanobridge across an individual, naturally formed GB in a ∼400 nm thick
polycrystalline Ba0.6K0.4Fe2As2 film on c-cut sapphire. The film had strong c-axis
texture, which means the GBs are predominantly of [001]-tilt type. Even though
the GB junction showed clear Josephson coupling with resistively shunted junction
(RSJ) behaviour with multiple transitions, Jc

GB values for two of such bridges
were estimated to ∼1.25 MA/cm2 [92] and 0.2 MA/cm2 [87] at 4.2 K, which is
comparable to the intra-grain Jc or to bicrystal values at medium angles for P-doped
Ba122, respectively. Although θGB of the investigated GBs are unknown, the results
suggest that Jc(θGB) is similar in magnitude for BaFe2(As,P)2 and (Ba,K)Fe2As2.

FeSe, Fe(Se,Te) The same method of nanobridge preparation was also applied on
a (101)-oriented polycrystalline FeSe film on c-cut sapphire [88]. The I(V) curves
of the multigrain nanobridge showed flux flow and Josephson junction behaviour
with strong thermal effects. Schneider et al. [89] recently prepared polycrystalline
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FeSe films with anisotropic grain structure on (110)-oriented SrTiO3 single crystals.
The film is strongly biaxially (001)-oriented with small amounts of misoriented
(<3%) and hexagonal α-FeSe (<8%) grains. The grains are elongated along the
[001] direction of the substrate, and the in-plane texture spread in this direction
is with �φ = 3.4◦ much smaller than in the transverse direction (�φ = 10.7◦).
Since the latter is slightly larger than the critical angle θc, the resistivity shows a
tail at low temperatures which is related to the granularity. For pinning properties
of these films, see below. These films show significantly higher Jc values in all
fields and temperatures as well as lower resistivities for currents applied parallel to
the larger grain dimension (H) than perpendicular to it (V), Fig. 10.14. This effect
can be explained by the higher GB density for currents perpendicular to the long
axis and has been predicted [107] and shown [108] for cuprate coated conductors
with elongated grains, where in contrast to the FeSe films the GBs acted as weak
links. For both current directions, Fp could be well described with a parameter set
of (p,q) = (0.5, 2) which clearly indicated that surfaces, i.e. the grain boundaries
dominated the pinning properties.

Huang et al. [101] prepared Fe(Se1−xTex) films with x = 0.5, 0.9, and 1.0 on
glass as well as with x = 0.5 on stainless steel (SS) tape covered with amorphous
Al2O3 (a-Al2O3). All films showed strong (001) c-axis texture with local biaxial
orientation, i.e. [001] tilt GB networks. Tc

onset values of these films were ∼12, 12.3,
10, and 10 K, respectively, where the FeTe film on glass and the film on a-Al2O3/SS
showed a higher transition width (4–5 K) due to the broader in-plane texture spread.
Self-field Jc of the films with x = 0.5 and 0.9 on glass and the film on a-Al2O3/SS are

Fig. 10.14 Self-field Jc (left scale) and resistivity (right scale) vs. temperature for a bridge along
the grains (j||[001]STO, H, red) and across the grains (j||[1–10]STO, V, blue) of a sputtered FeSe
film on (110)-oriented SrTiO3 [89]. Data courtesy of R. Schneider
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with 21, 14, and 13 kA/cm2 comparable to each other and one order of magnitude
larger than bulk values.

10.4.2 Films on IBAD-MgO Templates

Most proof-of-principle studies of FBS coated conductors have been performed
on IBAD-MgO templates supplied by iBeam Materials Inc., USA, or Shanghai
Creative Supercond. Technol. Co Ltd., China.

NdFeAs(O,F) Only in 2014 have biaxially textured NdFeAs(O,F) films on tech-
nical substrates been fabricated by MBE at Nagoya University [90]. The film on
IBAD-MgO template contained a small amount of 45◦ rotated grains and showed
otherwise epitaxial growth. It had a self-field Jc of 70 kA/cm2 at 5 K, only slightly
larger than for a recent partially textured PIT-processed SmFeAs(O,F) tape [37]
of around 40 kA/cm2 at 4.2 K and 1.5 orders of magnitude lower than a film on
MgO single crystal (3 MA/cm2) [109]. The reason for the low Jc values on IBAD
templates is most likely the strong F diffusion in the GB regions and hence formation
of current-blocking foreign phases, as revealed by bicrystal experiments [28], as
discussed in Sect. 10.3.1.

Ba(Fe,Co)2As2 Already in 2011, we fabricated Co-doped Ba122 films on Fe-
buffered IBAD-MgO templates by PLD [93]. Due to the relatively large in-plane
mosaicity of the MgO of around 6◦, the crystalline quality of Fe buffer and
superconducting layer was poor (both ∼5◦). Although the biaxially textured Co-
doped Ba122 film showed an onset Tc of 22 K (Tc0 = 17.5 K), Jc at low temperatures
(0.1 MA/cm2 at 8 K 0 T) was almost one order of magnitude lower than on single
crystalline MgO. Later, employing a high-quality MgO template (2.4◦ in-plane
spread) avoided to strong granularity, Fig. 10.15, and improved Jc almost to the
level of single crystalline substrates [94]. At the same time, Katase et al. reported
on the fabrication of Co-doped Ba122 directly on IBAD-MgO [95]. Due to the
self-epitaxy effect, a sharp texture (∼3.2–3.5◦) of the superconducting layer was
obtained irrespective of the in-plane mosaicity of MgO templates.

GBs in FBS are, though Jc limiting in general, advantageous for two reasons:
First, their larger critical angle θc compared to the cuprates allows using less-
textured coated conductor architectures [7] or bulk samples and wires. Secondly,
GBs can furthermore be advantageous for high current carrying capabilities since
they may contribute to flux pinning [95]: Ba(Fe,Co)2As2 films grown on IBAD-
MgO templates of different (in-plane) texture quality (5.5◦, 6.1◦, 7.3◦) which
led to Ba122 texture spreads of 3.1◦, 3.2◦, and 3.5◦ showed a strong positive
correlation between texture spread and self-field Jc (1.2, 1.6, 3.6 MA/cm2). This
can be explained by the GB angles being below θc (strong links) and an increasing
dislocation density for larger misorientations. This is evidenced by the fact that the
film on IBAD-MgO (6.1◦) shows Jc(B||c) values higher than for a comparable film
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Fig. 10.15 Bright-field TEM images of a Ba(Fe,Co)2As2 film on Fe-buffered IBAD-MgO
template, see also [94]. (a) Overview of the complete sample stack. (b) MgO step (white arrow) is
overgrown by the Fe buffer layer, resulting in a sharp interface between Fe and Ba122. (c) Vertical
defects (arrows)separated by ∼20–40 nm penetrate the whole Ba122 film and may be identified as
GBs. Image courtesy of E. Reich

on MgO single crystal for all fields at 4 and 12 K, and also higher than Jc(B||ab) up
to a temperature-dependent cross-over field.

Recently, Xu et al. fabricated Co-doped Ba122 on SrTiO3/LaMnO3-buffered
IBAD-MgO [96]. The film with Tc = 20.2 K (Tc0 = 19.0 K) showed almost isotropic
Jc at 4.2 K with 0.86 and 0.96 MA/cm2 at 9 T and for B||c and B||ab, respectively,
and self-field Jc of 1.14 MA/cm2.

BaFe2(As,P)2 Also P-doped Ba122 films have been prepared on IBAD-MgO. Sato
et al. deposited such films on templates with different in-plane spread, 4◦ and 8◦
[98]. As expected, the crystalline quality of the film on the 4◦ template was better;
the 8◦ film showed several misorientations and a larger density of c-axis correlated
defects besides the larger in-plane spread. Whereas Tc of the 8◦ film was 3 K lower
which is caused by the strain effects [99], its self-field Jc at 4 K was comparable to
the 4◦ sample (∼1 MA/cm2). For both samples, EDX scans in TEM cross sections
revealed clean and homogeneous GB regions, and plane-view TEM revealed a grain
size of ∼100 nm and dislocation arrays in the GB regions, Fig. 10.16. Even though
Tc of the 8◦ sample was reduced, it showed a stronger c-axis peak and Jc values
overall higher by a factor of 1.5 than the well-textured sample. This can be explained
by the much larger density of vertical defects in that sample which are related to the
GB networks. At higher temperatures and fields (e.g. 12 K, 9 T), the well-textured
sample takes over due to higher Tc and hence Hirr value; however, the less-textured
sample continues to exhibit the stronger c-axis peak.

One of these samples on the 8◦ IBAD template with improved Tc was later
investigated in high fields [99]. Analysis of the pinning force density curves, Fp(B),
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Fig. 10.16 Plane-view bright-field STEM images of BaFe2(As,P)2 films on two IBAD templates
with �ϕMgO = 4◦ and 8◦. (a) Relationship between film orientation, incident electron beam, and
global axes (X, Y, and Z). (b, c) Typical plane-view images by normal electron beam incidence for
�ϕMgO = 4◦ (b) and 8◦ (c). (d, e) Slanted-angle images (tilting by 10◦) for visualizing dislocations
at same areas of (b, c), respectively. The arrows in the top right image of (d, e) show arrays
of dislocations. Reprinted from [98] with permission by the authors under Creative Commons
Attribution 4.0 International License

with modified Dew-Hughes functions, Fp ∼ bp(1 − b)q, b = B/Birr, suggested in
analogy to low-temperature superconductors that pinning is strongly dominated
by surface pinning (p, q = 0.5, 2), i.e. on two-dimensional defects in the matrix,
which was attributed to the GB and dislocation networks. The voltage-current
characteristics showed a clear cross-over field between GB limitation [non-ohmic
linear differential (NOLD) curves] at low fields and pinning limitation (power laws)
at high fields. Similar NOLD characteristics have been measured for Ba(Fe,Co)2As2
films with 45◦ and (110) misorientations [97] and polycrystalline SmFeAsO0.85
[22].

A 10 cm long P-doped Ba122 tape has also been prepared by PLD with a
reel-to-reel system [100], yet without fully optimized growth conditions. The film
showed a slightly reduced Tc0 compared to the static samples and a rather low Ic of
0.47 mA per cm-width at 4.2 K, corresponding to a Jc of 47 kA/cm2. To improve
the superconducting properties, Fe3P/P-doped Ba122 bilayers on IBAD-MgO were
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tested. As a result, the superconducting properties were improved to Tc0 = 24 K and
Ic = 975 mA per cm-width (Jc = 175 kA/cm2) at 4.2 K.

Fe(Se,Te) Despite the large lattice mismatch between Fe(Se,Te) and MgO of 9.5%,
Si et al. were able to grow epitaxial Fe(Se,Te) thin films on Hastelloy tapes with
IBAD-MgO buffer architecture [102]. The respective in-plane and out-of-plane full
width at half maximum of Fe(Se,Te) were �φ = 4.5◦ (<θc) and �ω = 3.5◦. [010]-
tilt GBs have probably a similar critical angle in FBS due to the small anisotropy
and s-wave-type symmetry. Therefore, weak-link behaviour is not observed in these
films. The lower Tc0 = 11 K of that film compared to the film on LaAlO3 substrate
(∼15 K) is most likely due to the lattice misfit and led to a low self-field Jc at 4 K
of 0.2 MA/cm2. Xu et al. also grew Fe(Se,Te) cube-textured thin films on IBAD-
MgO with LaMnO3 buffer layer [103]. Tc was 15.8 K, which is slightly larger
than the bulk value due to compressive strain. Whereas the out-of-plane spread with
�ω = 3.4◦ was similar to the film of Si et al., the in-plane spread of �φ = 7.8◦ was
considerably larger and close to θc. Nevertheless, the self-field Jc was 0.43 MA/cm2

at 4.2 K.

10.4.3 Films on RABiTS Substrates

To date, only Fe(Se1−xTex) films (x = 0, 0.5) have been prepared on RABiTS
templates, supplied by evico, ENEA, and ORNL.

Si et al. deposited Fe(Se,Te) thin films by PLD on CeO2-buffered RABiTS [104].
The (110) lattice parameter of CeO2 is around 3.82 Å, very close to Fe(Se,Te).
Therefore, the film on RABiTS showed a high Tc of ∼20 K with sharp transition.
Despite the larger in-plane texture spread of 6◦, which corresponds to the underlying
template (7◦), the film was capable of carrying large current densities (self-field
Jc = 1.5 MA/cm2 at 4.2 K). The authors concluded that CeO2 as buffer has a larger
impact on the superconducting properties of Fe(Se,Te) than the texture quality, i.e.
LAGBs up to 7◦ do not hinder the critical current flow, in contrast to the cuprates.
In an attempt to reduce the necessary number of buffer layers, Sylva et al. deposited
Fe(Se,Te) by PLD on Ni5W with a single CeO2 buffer layer in order to possibly
reduce manufacturing costs of FSB coated conductors [105]. The film with a Tc
of ∼18 K showed a self-field Jc of ∼0.16 MA/cm2 as well as isotropic Jc above
20 kA/cm2 in fields up to 18 T at 4.2 K. In contrast to Ba122, pinning is much more
dominated by point-like disorder in Fe(Se,Te) films on IBAD [102] (p, q = 1, 2) and
RABiTS [104] (p, q = 0.85, 2) which was attributed to Se-Te disorder.

Demura, Yamashita et al. proposed electrochemical deposition (ECD) as another,
potentially economical method for producing FeSe films on RABiTS tapes [110,
111] and showed superconducting films with Tc0 of 2.5 K. This process might be
interesting with regard to low-cost production of FeSe coated conductors if further
optimized.
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10.5 Conclusion

We reviewed grain boundary characteristics of Fe-based superconductors in the
form of polycrystalline bulks and thin films. A large difference in inter-grain Jc
between polycrystalline bulk samples and bicrystal films indicates that the global
currents in bulk samples are significantly affected by extrinsic factors. These
extrinsic factors were identified by microstructural analysis as FeAs wetting of
grains and cracks. The inter-grain Jc does not severely decrease at clean grain
boundaries. Hence, eliminating extrinsic factors is a key to enhance the inter-grain
Jc in polycrystalline samples.

Bicrystal experiments revealed the critical angle θc for FBS to be around 9◦,
which is around twice as large as for the cuprates. Similar to the cuprates, the critical
angle may be governed by geometrical factors (i.e. the electronically disturbed
region around dislocations is smaller in FBS due to their metallic nature) and by
the symmetry of the order parameter: (s± in FBS instead of d-wave in cuprates).
Another distinct difference is that the inter-grain Jc for FBS is almost constant above
θGB > 24◦, whereas for the cuprates the inter-grain Jc is reduced exponentially
with θGB above θc. Grain boundaries with misorientation angles less than θc act
as pinning centres. Hence, increasing the density of such GBs improves the current
carrying capability.

Although we learned all of the above already from experimental facts, the
fundamental understanding of GBs in FBS is still insufficient. For instance, (1)
the mechanism of exponential decay for inter-grain Jc above θc, (2) the large θc
value of around 9◦, (3) the reason for the constant inter-grain Jc for θGB > 24◦,
and (4) the transition of Abrikosov vortices via Abrikosov-Josephson vortices to
pure Josephson vortices for θGB ∼ θc at certain fields and temperatures are not well
understood. To address those issues, further investigations on grain boundaries are
required.
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Chapter 11
Control of the Critical Current Density
Through Microstructural Design
by Ho2O3 and Te Co-addition into MgB2
Processed by Ex Situ Spark Plasma
Sintering

P. Badica, G. Aldica, M. Burdusel, M. Grigoroscuta, A. M. Ionescu, V. Sandu,
S. Popa, M. Enculescu, I. Pasuk, and A. Kuncser

11.1 Introduction

For superconducting applications of MgB2 superconductor, enhancement and con-
trol of the superconducting properties such as critical current density Jc and the
irreversibility field Hirr are of much interest. Many researchers have shown that
these enhancements can be realized by doping with different materials. Additives
can provide elements to substitute in the crystal lattice of MgB2 (intrinsic effects)
or they can generate new microstructures with modified grain boundaries, residual
strain, nano-precipitates, and others (extrinsic effects). Microstructure, through con-
nectivity, can strongly influence the superconducting transport properties. Specifics
of the technology and of the raw materials should also be carefully considered and
not rare are cases when, for a certain additive and composition, contradictory results
were reported. Situation is complex and a careful comparative analysis is required.

In our work, we use Spark Plasma Sintering (SPS) and the ex situ route. In the ex
situ route, MgB2 compound is processed, as opposed to the in situ route where raw
materials are Mg and B. Usually, in situ routes require heating temperatures up to
800–950 ◦C, while for ex situ temperatures are higher, up to 1200 ◦C. Nevertheless,
Yang et al. [1] performed heating at high temperatures up to 1700 ◦C under 10 MPa
of Ar for the in situ route. Depending on the route and processing conditions, the
influence of the additives might be different.
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Among the most popular doping elements is carbon. It substitutes boron and
the consequences are the decrease of the a lattice parameter (c lattice parameter
is approximately constant) and the enhancement of Hirr. At the same time, most
reports show that carbon suppresses Jc at low fields and decreases the critical
temperature Tc [2], thus limiting the application domain of MgB2. C-free additives
deserve attention, and the literature on this topic is very rich, but, again, to compare
different results obtained through different technologies and by using different raw
materials may provide misleading conclusions. The criteria for selection of an
effective additive to design the superconducting material with controlled properties
are still poorly defined.

In our previous works, we explored the influence of different additives for ex situ
SPS [3]. These additives were gathered into four categories. Type 1 are additives
showing limited or no reaction with MgB2 (h-BN, c-BN, graphene; h and c denote
hexagonal and cubic crystal structure). Type 2 and 3 are reactive additives resulting
in formation of secondary phases. Specifically, type 2 generates compounds with
boron, MuBv (M = rare earth Ho, Eu, or La supplied from oxides), whereas type 3
generates compounds with magnesium, MgmMn (M = Sb, Bi, Ge, Te, introduced
as metals or oxides). Finally, type 4 contains additives or co-additions that provide
carbon for boron substitution in MgB2 (C60, SiC, SiC+Te, Ge2H10C6O7, B4C).

Structural data inferred that M elements from the type 2 and 3 additives have a
very low solubility into MgB2. It was also found that for most additives (A), the
optimal starting composition to maximize Jc is ((MgB2)0.99(A)0.01). Enhancement
of Jc is in most cases at high fields, while suppression of Jc0 is observed even for
C-free additives, though it is not as strong as for C-doping. It is worthy to note that
for our high density MgB2 materials with additives and obtained by ex situ SPS, an
enhancement of zero-field critical current density Jc0 or of the maximum volume
pinning force Fp, max was not achieved.

Our results have also shown that the influence of the additives of type 1–
3 is significant only at low substitutional carbon amounts, i.e., for z ≤ 0.018
(Mg(B1-zCz)2) [3]. Spreading of the pinning-force-related parameters [4, 5] is the
highest for the type 2 additives and the reason is not clear. Since the carbon z-level
is low and its variation is small, the extrinsic effects (composite microstructure) are
expected to play an important role. In support of this statement, we observed for the
additives of type 2 that the specific features (e.g., morphology, size, purity, others)
of the raw (A)-powder strongly influences superconducting properties of the MgB2
bulk [3, 6], but further investigations are needed.

In this work, co-addition of Ho2O3 and Te to MgB2 (Alfa Aesar) is used for the
optimal composition ((MgB2)0.99(Tex(HoO1.5)y)0.01). Results of co-addition show
the possibility of control and improvement of superconducting properties through
the systematic microstructural changes of the bi-composite material (composed of
relatively “clean” and “dirty” MgB2 regions) induced by wise and careful selection
of the additives. To the best of the authors’ knowledge, this is the first report on
co-additions where one additive is reacting with B (type 2) and another one with
Mg (type 3). The Ho2O3 additive of type 2 is supplied by Sigma-Aldrich and our
experiments have shown that this powder diminishes the suppression of Jc0 (powder
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B in [6]) and Hirr is constant. The Te addition (type 3), used in this work, has been
shown to enhance Hirr without a significant decrease of Jc0 [3, 7]. Therefore, both
powders show a positive influence on superconducting parameters and expectations
are that their co-addition will control and further enhance them. Indeed, we found
that by changing the ratio x/y between Te and Ho2O3, both Jc0 and Fp, max are
enhanced and the maximum values are found for x/y = 0.4/0.6 = 0.67. We discuss
this effect in connection with microstructural changes. At the same time, the critical
temperature at midpoint Tc, midpoint and Hirr show a small variation (Tc, midpoint
decreases up to 0.7 K and Hirr increases up to 10% at 5 K). For the optimum sample
with x/y = 0.4/0.6 = 0.67, Fp, max is 9.2 GN/m3 at 5 K and 4.4 GN/m3 at 20 K.
These values are the highest we have obtained when compared with pristine and
added samples fabricated by ex situ SPS [3].

From a practical viewpoint, our result enables MgB2 design with controlled Jc0,
which was not previously achieved, as already addressed.

Remarkable is also that for high Ho2O3 amounts (i.e., when x/y decreases and
it takes values below 0.67) a shoulder occurs around Fp,max which becomes more
noticeable with the decrease of x/y. Changes in the shape of the pinning force curve
Fp(μ0H) may contribute the large scattering of the pinning-force-related parameters
for type 2 additions that was mentioned in the beginning of Introduction.

11.2 Experimental

Powders of MgB2 (Alfa Aesar, 99.5% metal basis), Ho2O3 (Sigma-Aldrich,
99.9%), and Te-metal (99.99%) were manually mixed. Starting compositions are
((MgB2)0.99(Tex(HoO1.5)y)0.01), where x/y = 0/0, 0.73/0.27, 0.57/0.43, 0.4/0.6,
0.31/0.69, 0.27/0.75 (Table 11.1). Powder mixtures were loaded into graphite dies
and processed by SPS (FCT Systeme GmbH – HP D5, Germany) at 1150 ◦C for a
dwell time of 3 min. The heating rate was 110 ◦C/min and the maximum pressure
applied on the graphite punches with a diameter of 20 mm attained 95 MPa. Details
of processing are presented in [9].

Apparent densities ρSPS
a (Table 11.1) of the SPSed pellets were measured

by Archimedes method in toluene. Theoretical densities ρSPS
t of the compos-

ites were determined according to [10] considering that samples contain MgB2
(2.63 g/cm2), MgO (3.58 g/cm2), MgB4 (2.49 g/cm3), MgTe (3.822 g/cm3), and
HoB4 (8.892 g/cm3). The weight fraction of the phases (Table 11.1 and Fig. 11.2)
used in the calculations was extracted by Rietveld analysis (MAUD 2.31) of the
X-ray diffraction (XRD) patterns measured with a Bruker AXS D8 Advance diffrac-
tometer (CuKα1 radiation). From Rietveld simulations, lattice parameters a and c of
MgB2 and the crystallite size for different phases were also determined (Table 11.1).

The relative densities RSPS (%) were calculated as
(
RSPS (%) = ρSPS

a

ρSPS
t

× 100
)

and

they are presented in Table 11.1. The displacement values of the punches were
registered during processing by the SPS equipment. They were used as input data
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to estimate and plot the curves of the RSPS evolution by following the procedure
described in [9]. The temperature of densification Td is defined as the temperature
where the relative density curve vs. time deviates 1% from the horizontal “green”
level.

Microstructure of the samples was investigated by scanning electron microscopy,
SEM, (Zeiss EVO 50 equipped with an EDS detector) on fresh fractured surfaces
and by transmission electron microscopy, TEM (JEOL JEM2100) on ground
samples.

Temperature dependence of the magnetization was investigated with a MPMS
(Quantum Design) equipment. The critical temperature Tc, midpoint is the temper-
ature for which magnetization is half of the diamagnetic moment. The magnetic
hysteresis loops m(H) at different temperatures were registered with a Vibrat-
ing Sample Magnetometer (VSM-9 T, Cryogenic). Samples were parallelepipeds
(t × L × l = 0.05 × 0.15 × 0.15 cm3, t = thickness, L = length, l = width) cut
from the center of the pellet. The critical current density Jc was determined with
Bean formula for a plate-like geometry of surface L × l, L > l, perpendicular to the
applied magnetic field H [11]:

Jc = 20 | m ↑ −m ↓| / (V l (1 − (l/ (3 L)))) (11.1)

where m is magnetic moment in emu for ascending and descending magnetic field
and V = t × L × l is the volume of the sample in cm3. The pinning force was
calculated and plotted as a function of H. Next, these curves were the subject of the
pinning force scaling procedure [4, 5]. Self-field Jc0 (in A/cm2) was estimated for
a modified Bean relation, considering the descending branch of the hysteresis loop
[12]:

Jc = 60 | m ↓| / (V l) (11.2)

This approach is useful to avoid the complications with macro flux jumps that
occur at low temperatures and with estimation of |m↑-m↓| in the classic Bean
model. The irreversibility field Hirr was established for a criterion of 100 A/cm2.

11.3 Results and Discussion

11.3.1 Sample Consolidation, Structural and Microstructural
Details, Critical Temperature

Samples prepared by SPS have high relative densities, above 94% (Table 11.1).
Consolidation process is influenced by the additives; therefore, the relative density
RSPS is similar or higher for the added samples than for the pristine sample “a”
(an exception is sample “f” with x/y = 0.25/0.75 = 0.33). At lower x/y values, i.e.,
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for a higher Ho2O3 amount (samples “b” to “f”), the temperature of the beginning
of the densification Td increases (Table 11.1). The reason is possibly related to
the much higher melting temperature of Ho2O3 (2415 ◦C) than for Te (449 ◦C).
Nevertheless, during SPS heating, added MgB2 undergoes chemical reactions that
will influence consolidation behavior. XRD data (Fig. 11.1) evidenced the presence
of the following secondary phases in the SPSed samples: MgO, MgB4, HoB4, and
MgTe. Some low intensity lines in XRD patterns might be ascribed to traces of
TeO2. The amount of residual Te (ICDD – 04-555) is small (< 0.2 wt. %). Therefore,

40 605030
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Fig. 11.1 X-ray diffraction pattern for sample “d” and Rietveld whole powder pattern fitting.
MgB2, MgO, MgB4, HoB4, and MgTe were identified and simulated according to ICDD 38–1369,
ICDD 35–0821, ICDD 15–0299, ICCD 025–0377, and ICCD 065–3416, respectively

Fig. 11.2 Phase
concentration as a function of
the x/y ratio (0.33–2.7) in the
starting mixture
((MgB2)0.99(Tex(HoO1.5)y)0.01).
Full symbols arbitrary located
at x/y = 0.2 or 3 are for
pristine sample “a”. Dashed
lines are guides for eyes
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both Te and TeO2 were not considered in Table 11.1 and Figs. 11.1 and 11.2.
Variation of the weight fraction for different secondary phases with the ratio x/y
is presented in Fig. 11.2. We included in this graph also data for the pristine sample
“a” by taking arbitrary values for x/y of 0.2 or 3. Although the weight fraction
for both secondary phases HoB4 and MgTe in the pristine sample is zero, these
points are useful as a reference for the weight fraction variation as a function of x/y.
The difference to 100% of the total weight fraction of the secondary phases is the
weight fraction of MgB2 (Table 11.1). When the ratio x/y decreases, the amounts of
MgB2, MgB4, MgTe (an exception is for sample “e”) decrease, while those of MgO
and HoB4 increase. Reactions established for ex situ SPSed pristine or individually
added samples were reported in refs. [6, 7] and they are:

2MgB2 → Mg + MgB4 (11.3)

2Mg + O2 → 2MgO (11.4)

Mg + Te → MgTe (11.5)

4MgB2 + Ho2O3 → 2HoB4 + 4Mg + 3/2O2 → 2HoB4 + 3/2MgO + 5/2Mg
(11.6)

Oxygen released in reaction (11.6) is promoting reaction (11.4) with formation
of MgO. We mention that oxygen is also available in the SPS furnace (pressure in
the chamber is 30 Pa) and is also absorbed on the surface of the powder particles.
The presence of TeO2 in our co-added samples suggests that oxygen can also react
with Te:

Te + O2 → TeO2 (11.7)

However, we have reported in [7] that TeO2 reacts with MgB2 with formation of
MgTe:

3Mg + TeO2 → MgTe + 2MgO (11.8)

Reaction (11.7) is not favored and this explains that the amount of TeO2 in the
co-added samples is low. Reactions (11.3)–(11.6) can be considered as the main
ones for the co-added samples although they were written for individual additives.
Reactions (11.5) and (11.6) are independent. This status would be preserved in the
co-added sample if, e.g., reaction (11.5) occurs before (11.6). We can assume that
during heating, (11.6) takes place at a lower temperature than (11.4) and this is
somehow justified by low and high melting points of Te and Ho2O3, as mentioned
before. For co-added samples, it is necessary to view simultaneous contribution of
both additives and the following reactions can be written:

2MgB2 + 1/2Ho2O3 + Te → MgTe + HoB4 + MgO + 1/4O2 (11.9)

MgB4 + 1/2Ho2O3 + Te → MgTe + HoB4 + 3/2O2 (11.10)
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Both reactions provide oxygen. If we assume that this oxygen mainly reacts to
form MgO (i.e., reaction (11.5) is not active and oxygen gas is not released from
the sample), to accommodate this situation, MgB2 or MgB4 should decompose with
formation of B-rich phases. For example, if taking as a reference Eq. (11.9), the
decomposition reaction will be:

1/2MgB2 + 1/4O2 → 1/2MgO + B (11.11)

Similar tendency will be obtained by following reaction (11.10). In practice, free-
B is not observed in MgB2 samples, but higher Mg-borides and phases in the Mg-
B-O system are revealed by microscopy. Being usually at nano scale, they are not
detected by XRD in most cases. Boron-rich phases can be observed for our samples
in Fig. 11.3.

SEM and XRD information indicate that our samples are composites.
Microstructure (Fig. 11.4) observed in backscattering mode is composed of
relatively “clean” and “dirty” regions of MgB2 containing secondary phases. Lighter
areas are associated with the presence of heavy elements. The atomic weight of Ho
is 164.93 and of Te is 127.6. Thus, white and gray regions contain Ho and Te,
respectively. White and gray regions are easily distinguished at high magnification
(Fig. 11.4). The clean and dirty regions show a non-uniform gray-distribution. This
indicates that both Ho and Te are present inside them. Size and distribution of
the “clean” and “dirty” regions are influenced by x/y ratio. Clean regions can be
identified with colonies of MgB2 as reported in [13]. When x/y is high, colonies are
not well defined and they are in direct contact with each other, forming the matrix
that surrounds dirty regions. The decrease of x/y is accompanied by the colonies
separation. They are fully separated for x/y ≤ 0.67 and “dirty” regions form the new
matrix that includes the colonies. For lower x/y values, the size of the colonies is
decreasing. This controlled modification of the composite microstructure influences
Jc(H) curves. Details are addressed in Sect. 11.3.2.

Other observations of interest are:

1. The average crystallite size of MgB2 and of the secondary phases does not
change much among the samples (Table 11.1). Apparently, there is a trend of
a decreasing crystallite size of HoB4 when x/y decreases, but errors are high
and a firm conclusion cannot be reached. The decrease of the HoB4 crystallite
size suggests that the presence of Te supports coarsening of HoB4, but other
explanations might also be possible and the result is open to further discussions.
A higher number of boundaries and smaller precipitates, with size comparable
with the coherence length of MgB2 (10–30 nm [14]), can play the role of
effective pinning centers. The average crystallite size of the secondary phases is
between 43 and 109 nm, and this is more than 1.4 times larger than the coherence
length of MgB2. Therefore, the secondary phases would not contribute directly
as pinning centers. This observation needs careful assessment since a small
fraction of the secondary phases can be in the required nano range size. A
second aspect is that crystallites in our estimations are considered spherical
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Fig. 11.3 SEM image and EDS maps of Mg, B, Te, Ho, and O and the red-blue-green RBG image
of the overlapped maps for sample “f”. Circles indicate boron-rich grains

(3D) although TEM data suggests also the presence of 1 or 2D morphologies.
Secondary phases are located at MgB2-MgB2 grain boundaries. TEM/EDS data
show grains containing Ho, Te, and O (Fig. 11.5). The average size is comparable
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Fig. 11.4 Backscattering SEM images of samples “b”-“f” (sample notation is as in Table 11.1)
taken for magnifications: (a) −×500 and (b) −×5000



11 Control of the Critical Current Density Through Microstructural Design. . . 313

with that for crystallites determined by XRD for phases HoB4, MgO, and MgTe.
For the phases with Ho and Te, grains morphology is mostly of 3D type and
the grain size spreads from 5 to 300 nm. 2D layer-like grains also form and
they are often found to contain Te (Fig. 11.5e, g, l, n). Their thickness is in
the nano range (5–40 nm), while the other dimensions are about one order of
magnitude larger. 3D grains containing Ho are surrounded by MgO grains or
are in direct contact with Mg-B grains (Fig. 11.5h–n). This can be associated
with a core-shell structure. The Mg-B grains are ascribed to MgB2 phase and for
some of them EDS measurements indicate a B-deficient stoichiometry (MgB2-λ,
λ < 0.7). Information is qualitative since detection by EDS of light elements like
boron is subject to high errors. 3D grains containing Te also promote a kind of
core-shell structure as for Ho, but in this case grains are surrounded by B-rich
phases in the Mg-B(O) system (Fig. 11.5o).

2. Lattice parameters of MgB2 for SPSed pristine “a” and co-added “b”-“f”
samples are approximately the same (Table 11.1). When Ho and Te were added
individually, no chemical substitution effects were revealed [6, 7]. This result
can be considered applicable for the co-added samples from this work. If so,
carbon substitution effects can be observed. When carbon substitutes for boron
in the crystal lattice of SPSed MgB2 [6, 7], a lattice parameter changes, while
c is constant. This is the case if raw powder is compared with SPSed samples
“a”-“f”. The amount of carbon z (Table 11.1) for SPSed samples (0.006–0.008)
is higher than in the raw MgB2 powder (0.002) due to carbon intake from the
graphite die used in the SPS processing. Among the SPSed samples, z values
can be considered constant within the errors (±0.001). On the other hand, for
our samples, Tc,midpoint systematically decreases (Fig. 11.6a) and suggests that
distortion of the MgB2 lattice occurs. Enhancement of the carbon content z
promotes lattice distortion and usually correlates with the decrease of Tc,midpoint,
but in our case z is almost constant. Therefore, the origin of Tc,midpoint decrease
is related to the presence of additives.

Samples with a lower x/y have a lower Tc,midpoint so that distortion is mainly
contributed by the introduction of the Ho2O3 addition. Since chemical substitution
effects of Ho were ruled out, distortion can be induced by the local strain and/or
by non-stoichiometry of MgB2 at its interface with Ho-based secondary phases. A
lattice mismatch relationship between MgB2 and HoB4 can be considered (two ac-
planes of MgB2 fit one ac plane of HoB4). On one direction, the lattice mismatch
is low ((aHoB4 - 2cMgB2)/aHoB4 = 0.41%), but on the other is too high ((cHoB4 -
aMgB2)/cHoB4 = 23%) and decreases the probability that epitaxial lattice matching
between MgB2 and HoB4 can play an important role. The residual strain of MgB2
has a small variation between 0.13 and 0.14%, but the dependence with x/y could
not be observed. We have also pointed out that reactions in the co-added samples
promote formation of boron-rich phases and, in turn, this can favor boron nonstoi-
chiometry in MgB2. The idea is supported, as already presented, by TEM data, and
by the decrease of Tc,midpoint. In [1] addition of Dy2O3 that forms DyB4 slightly
decreased Tc,midpoint [1], similar to our case, but the difference is that samples were
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Fig. 11.5 Sample “d” (x/y = 0.67): TEM images, EDS maps, and red-green-blue images obtained
by overlapping individual EDS maps for Ho, Te, and O. Images (a–g) and (h–o) are for low
and high magnifications, respectively. In (o) core nano grains containing Te from the core-shell
structures are indicated with arrows

Fig. 11.6 Reduced
magnetization curves vs.
temperature
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prepared by an in situ infiltration process. In [15] the boron nonstoichiometry of
MgB2 is considered the microscopic origin of the Jc enhancement at high magnetic
fields. In agreement with this observation, all our co-added samples show a slightly
higher Hirr than for the pristine sample (see Sect. 11.3.2). However, the inferred
boron nonstoichiometry of MgB2 phase in our samples needs further studies.

11.3.2 Critical Current Density, Irreversibility Field, Pinning
Force

Critical current density, irreversibility field, and pinning force parameters are
presented in Figs. 11.7, 11.8, and 11.9.

All co-added samples show marginally higher Jc at high magnetic fields, and
this is reflected in somehow enhanced Hirr comparative to the pristine samples
(Fig. 11.7). The most interesting feature of our samples is that Jc0 has a maximum
as a function of x/y. This behavior is accompanied by a similar tendency for the
Fp, max. Due to high values of Jc0 and small variation of Hirr, the product μ0HirrJc0
(Fig. 11.8d) has a similar behavior with x/y. The product is used to compare samples
and provides information on the balance between low and high field properties [3].
The maximum values of Jc0, Fp,max, and μ0HirrJc0 are for x/y = 0.67. Improvement
of Jc0 and Fp, max, in the ex situ SPS samples, was not detected in our previous
research summarized in [3]. Specifically, the added samples showed in general lower
or, at least, similar values to those for the pristine sample. The maximum values
of Fp, max at all investigated temperatures are superior for the optimally co-added
sample “d” (x/y = 0.67) than for any other SPSed samples we have produced. The
value of Fp,max is as high as 6.4 GN/m3 at 15 K. For the same temperature, Susner
[16] reported a value of about 2 GN/m3 for an undoped MgB2 wire. Maximization
of Jc0 and Fp, max at x/y = 0.67 coincides with separation of the MgB2 colonies in
the microstructure of the co-added samples (see Sect. 11.3.1).

Birajdar and Eibl [13] defined few microstructural parameters that influence
Jc(H): (a) the grain size of MgB2 (determined from TEM observations) influences
the amount of grain boundary pinning, (b) the volume fraction and the size of the
secondary phases control the area of superconducting-normal interfaces which can
also affect pinning, (c) the size of the MgB2 colonies and the volume fraction
of MgB2 which promote a higher connectivity when they are larger. They made
their analysis considering transport measurements of pristine and SiC-added MgB2
samples fabricated by in situ and ex situ methods. They found that the irreversibility
field is higher for a smaller MgB2 grain size and for a certain optimal volume
fraction of the secondary phases, while Jc0 is higher for larger MgB2 colonies and a
higher volume fraction of MgB2. To compare their results with ours, we use the
crystallite size as extracted from XRD data and the weight fraction of different
phases (Fig. 11.2). We observed in [17] that the crystallite size from structural
measurements is similar with the grain size from the TEM measurements.
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Fig. 11.7 Field dependence of the critical current density Jc at (a) −5 K and (b) −20 K, reduced
pinning force fp as a function of reduced magnetic field h at (c) −5 and (d) −20 K, (e) the
irreversibility field Hirr, and (f) zero-field critical current density Jc0 vs. temperature. In insets
to (c) and (d) one observes occurrence of the second peak (dashed arrows) in the curves of pinning
force fp(h) (location of the fp, max is indicated with full arrows) for samples “e” and “f”
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The crystallite size of MgB2 is almost constant (or slightly decreases for sample
“f”, Table 11.1), while Hirr has a small variation (Fig. 11.7e) showing similar or
slightly higher values than for the pristine one. This result is in agreement with Ref
[13], but clarifications are needed as follows:
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Fig. 11.9 Pinning force parameters (a) −p, (b) −q and (c) −h0 as a function of z-carbon content,
and (d) the maximum pinning force as a function of temperature. Experimental points type 2, 3,
and 4 [3] are for different additives (see text). Lines are guides for the eyes and theoretical values
of the parameters for PP and GPB [5] (horizontal dashed lines) are also indicated. Thick green
dashed lines in (a) and (b) show the lower limit of the domain in which p and q take values for
samples of type 3 and 4 from [3]

For a lower x/y, the amount of MgB2-MgB2 boundaries decreases because the
weight fraction of MgB2 is lower for approximately constant MgB2 crystallite
size. Since grain boundaries act as pinning centers in MgB2, one can expect
a lower level of pinning and a decrease of high field properties. On the other
hand, secondary phases are located at MgB2-MgB2 boundaries and their presence
introduces superconductor-normal interfaces. The number of interfaces increases
for a lower x/y because the total weight fraction of the secondary phases estimated
from XRD increases (Table 11.1) and, as presented in Sect. 11.3.1, microstructural
changes (Fig. 11.4) reveal an increase of the “dirty” MgB2 regions at the expense
of the “clean” ones. More interfaces are also obtained if the crystallite size of the
secondary phases is decreasing, as for HoB4 when x/y is smaller. A higher number of
interfaces are expected to promote a stronger pinning and this pinning is of surface
type. In our samples, surface pinning (denoted grain boundary pinning, GBP) will be
contributed by MgB2-MgB2 boundaries and superconductor-normal interfaces, but
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their effects on pinning are opposite. Small variation of high field properties, such
as Hirr and small decrease in Tc, midpoint, is due to some disorder (see Sect. 11.3.1).
As a measure of the disorder level, the residual strain is observed. We have seen
that for our samples, residual strain variation is very small and this situation may
suggest that the effects of the boundaries and of the interfaces cancel each other.
Our analysis promotes the idea that GBP in our samples would be constant. By
applying the universal pinning force scaling law [4, 5].

fp = Ahp(1 − h)q, (11.12)

the pinning-force-related parameters p, q, and h0 were extracted (fp = Fp /
Fp, max, h = H/Hirr, h0 = h(Fp, max)), where the volume pinning force is given by
Fp = μ0HJc. Contrary to proposed image, it is remarkable that when x/y decreases,
temperature-dependent curves of pinning-force-related parameters h0, q, and kn
(Fig. 11.8a,c,d) shift to lower values, where the GBP is the major mechanism.
Exponent p also shows this tendency (except for pristine sample at T > 10 K).
Theoretical values for GBP are h0 = 0.2, p = 0.5, q = 2, kn = 0.34 and for
point pinning (PP) they are h0 = 0.33, p = 1, q = 2, kn = 0.47 [5]. Parameter
kn is defined as kn = h0/h(Fp, max/2) [18]. To accommodate results and to solve
the encountered contradiction related to GBP behavior, one has to consider that PP
decreases for a lower x/y. The problem is that variation of the pinning force-related
parameters is unusually high (Figs. 11.8 and 11.9) with the decreasing x/y and, thus,
suppression of PP appears to be atypical. On the other hand, large variation of the
pinning parameters for more Ho2O3 (x/y decreases) in the samples confirms that
type 2 reactive additives with formation of borides promote the largest scattering of
the pinning force parameters (when z < 0.018): in Fig. 11.9 a, b samples “e” and
“f” with the highest amount of Ho2O3 and samples with type 2 additives from [3]
show the lowest values of p and q located in between the lower full red and dashed
green arbitrary lines. The green dashed line defines the lower limit of the values
determined for samples with additives of type 3 and 4. The carbon content in our
samples is almost constant; hence, carbon is not at the origin of this effect. A closer
look shows that for high x/y > 0.67, where the “clean” regions are the matrix and they
are expected to control the percolative current path, the pinning force parameters
show a relatively small decrease if compared with the much stronger decrease
when x/y < 0.67 and the matrix is formed by the “dirty” region that surrounds
the islands (colonies) of “clean” MgB2. Therefore, our MgB2 material acts in a
complex manner and can be considered as a composite within a composite. The two
composites, “dirty” and “clean,” change their microstructure with x/y. The interplay
between composite regions has to be considered. Nevertheless, Jc0, Fp, max, and the
decrease of the pinning force parameters indicate that contribution of the “clean”
composite is strong for x/y > 0.67 and of the “dirty” one for x/y < 0.67, while sample
“d” with intermediate x/y = 0.67 is the optimum one. We noted in [3] that Jc0, Fp,max
and the pinning force parameters strongly reflect the behavior of the added MgB2
samples at low and intermediate fields. According to Birajdar and Eibl [13], larger
MgB2 colonies promote connectivity, thus, leading to higher Jc0 values. This result
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seems applicable for decreasing x/y ≤ 0.67, but it does not reflect the situation for
x/y > 0.67 because the highest values of Jc0 and Fp, max are obtained for sample
“d” (x/y = 0.67) and not for pristine sample “a”. For our samples, connectivity and
pinning have to be understood in a larger context, i.e., for each composite component
and, ultimately, for their bi-composite overall structure. Systematic evolution of the
microstructure and of the properties for our samples suggest the possibility of MgB2
materials design with controlled functional characteristics required for applications.

Another interesting aspect is occurrence and separation of a shoulder in the fp(h)
curves around Fp, max for the decreasing x/y ≤ 0.67 (Fig. 11.7 c, d insets). Details
are addressed in Sect. 11.3.3.

11.3.3 Aspects of the Pinning Force Separation

Pinning force curves fp(h) with unusual shapes around Fp, max are reported in
literature [1, 19–26], but an analysis is not provided. For our SPSed samples with
different additives, a clear and controlled change around Fp, max towards separation
of two peaks in fp(h) was not revealed before [3]. The effect is found in samples
with x/y < 0.67. To investigate this effect, we try to analyze fp(h) curves by applying
the scaling law at low and high fields (Fig. 11.10). This exercise is also meaningful
for samples with x/y ≥ 0.67 for which visually there is only one typical maximum
in fp(h). Examples are presented in Fig. 11.10 a, b inset for samples “d” (x/y = 0.67)
and “f” (x/y = 0.33). If Eq. (11.1) is valid for low and high field domains, the plot of
dln(fp)
dln(h)

vs. x = h/(1-h) for each region must be linear. Line intercept is equal to p and
its slope to q. Both regimes obey Eq. (11.1), but with different exponents p and q
denoted p1, q1 and p2, q2 for low and high fields, respectively. A crossover between
the two regimes (Fig. 11.10a) occurs at a certain xc = (e.g., 0.83 in sample “d”)
which corresponds to a crossover scaled field hc = xc

1+xc
(0.45 in sample “d”). For

sample “d” (x/y = 0.67), p1 = 1.5, q1 = 4.9, p2 = −0.6, and q2 = 2.3 and for sample
“f” (x/y = 0.33) p1 = 1.57, q1 = 8.36, p2 = 0.61, and q2 = 2.52. We note that for
sample “d”, p2 is negative and the physical meaning is not clear. For the samples
with lower x/y, this situation does not occur. It is possible that other functional
dependences are present so that their contribution is revealed by the dependence
of the logarithmic derivative and it affects results for sample “d”. We also observe
that the absolute values are far from the theoretically predicted p and q values [5]
and for q1 they are even higher than those determined by scaling with Eq. (11.1) in
the entire field domain (Fig. 11.9). Although the physical meaning of p and q taking
abnormal values remains an unsolved problem for our samples and in general for
MgB2, our analysis shows the following details:

1. For samples “e” (x/y = 0.45) and “f” (x/y = 0.33), the crossover from low to
high fields is within a reduced field range (e.g., for sample “f” 0.18 < h < 0.27
at T = 5 K, Fig. 11.10b). Transformation of the crossover point xc (Fig. 11.10a)
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Fig. 11.10 Plot of the logarithmic derivative of the normalized pinning force fp vs. h/(1-h) and
parameters p1, q1 for low field and p2, q2 for high field (see text) for: (a) sample “d” at 10 K and
(b) sample “f” at 5 K. Insets to (a) and (b) show experimental points and the fit with Eq. (11.12)
of the pinning force fp(h). Panels (c–f) present the temperature dependence of p1, p2, q1, and q2.
Dashed lines are the least-square fits with linear or polynomial functions

into a crossover region mirrors the major shape change noticed in the fp vs. h
plots around the Fp, max in the samples with x/y < 0.67.

2. Variation of the pinning parameters p1, p2 and q1, q2 with temperature for
samples “e” and “f” are presented in Fig. 11.10c–f. The exponent p1, which
depicts the behavior at low fields, by the least-square fit with a linear function
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gives almost constant values, with the average values p1 = 1.74 (dispersion
σ 1 = 0.042) and p1 = 1.58 (σ1 = 0.036) for the samples “e” and “f”, respectively
(Fig. 11.10c). The parameter q1 decreases with temperature in approximately
linear manner (Fig. 11.10d). Values of q1 are higher for sample “f” and the
drop vs. temperature is faster. We conclude that both samples “e” and “f”
follow similar tendencies with temperature at low field. At high field, situation is
significantly different.

For sample “e”, up to about 25 K, p2 and q2 are approximately constant and at
higher temperature they decrease, while for sample “f” both p2(T) and q2(T) curves
show a maximum located around 25 K. A decrease in p and q at T > 25 K is also
visible in Fig. 11.8b when scaling is performed in the entire field domain. The result
suggests that this decrease, which was also observed for other series of SPSed MgB2
(pristine [8] or added [3]) samples is related to high field pinning properties at high
temperatures.

Our analysis performed for low and high fields brings strong arguments for a
complex behavior in our samples as anticipated in Sect. 11.3.2.

11.4 Conclusion

Co-addition of Ho2O3 and Te into MgB2 samples obtained by ex situ spark plasma
sintering were tested. By changing the ratio between additives, microstructure shows
a controlled change that is reflected on the systematic variation of Jc0 and Fp, max.
They reach a maximum for x/y = 0.67. The maximum Fp, max takes values higher
than for reported MgB2 samples obtained by SPS.

When x/y decreases for values x/y < 0.67, in the Fp, max(H) curve, around
the maximum, the shape changes, namely, a shoulder occurs and gets more
conspicuous. Analysis of this behavior indicates on a complex contribution of
different pinning mechanisms.

Two distinctive regimes of pinning behavior are for temperatures below and
above 25 K. Pinning force-related parameters show a small variation for x/y > 0.67
and a large one for x/y < 0.67. Overall, a decreasing x/y and for lower temperatures
produces a stronger grain boundary pinning contribution.

The x/y variation does not deteriorate significantly Tc, midpoint and co-added
samples show a similar or slightly higher Hirr than for pristine sample.

In conclusion, the influence of the microstructural change with x/y is important
for the pinning-force control and the results of this work indicate on the possibility
of the composite design with desired properties. The proposed approach demon-
strates new possibilities for further improvements of the MgB2 superconductor.
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Chapter 12
Superconductivity in the
Two-Dimensional Electron Gas
at Transition Metal Oxide Interfaces

J. C. Nie

12.1 Introduction

In recent years, the development of the silicon-based semiconductor industry has
encountered bottlenecks. Scientists have begun to search for new materials and
devices that have more advantages in speed, functionality, energy consumption, and
portability. Due to the coupling of multiple degrees of freedom such as charge, spin,
and lattice in transition metal oxides, together with the further regulation of these
degrees of freedom by the boundary, the transition metal oxide heterojunction shows
rich properties and functions that are unmatched by traditional semiconductors.
Among them, the high carrier mobility in the two-dimensional electron gas (2DEG)
of LaAlO3/SrTiO3 (LAO/STO) heterojunctions has attracted much attention. This
system shows many novel physical properties, including tunability, supercon-
ductivity, ferromagnetism, coexistence of superconductivity and ferromagnetism,
Rashba spin-orbit coupling, etc. It has broad prospects for new devices such as
superconductivity, spintronics, and topologically related applications. On the other
hand, some basic issues have not been solved, yet. We mention the origin of 2DEG at
the interface, the superconducting pairing mechanism, the origin of ferromagnetism,
the coexistence of superconductivity and ferromagnetism, and so on. Therefore,
the study of LAO/STO and other transition metal oxide heterojunction is full of
opportunities and challenges. This chapter tries to make a brief presentation of the
state of the art in the field based on literature and contributions from our group at
Beijing Normal University (BNU).
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12.2 Different Aspects of 2DEG

12.2.1 Discovery and Formation of 2DEG at LAO/STO
Interface

In 2002, A. Ohtomo et al. successfully prepared the heterojunction of Mott insulator
LaTiO3 (LTO) and band insulator SrTiO3 (STO) [1]. Unexpectedly, they discovered
that the LTO/STO double-layer structure is conductive, and its conductivity stems
from charge transfer: the electrons in the LTO are transferred to the STO [2].
Two years later, they used pulsed laser deposition (PLD) to prepare two different
types of LAO heterojunctions [3] on (001) oriented STO substrates. This crystalline
perovskite structure ABO3 can be seen as a stack of two layers of AO and
BO2. Therefore, for the LAO/STO(001) interface, there are two different ways
of stacking, as shown in Fig. 12.1. In the left figure, LAO is deposited on the
TiO2-terminated STO, and the right figure on the SrO-terminated STO. In this
way, stacking structures of (LaO)+/(TiO2)0 and (AlO2)+/(SrO)0 are formed at
the interface. It was found that the interface formed for the first stacking mode
(LaO)+/(TiO2)0 is highly conductive, while the interface formed by the second
stacking mode (AlO2)+/(SrO)0 is insulating. As it is well known, both LAO and
STO belong to band insulators, and intrinsically they are not conductive. However,
their interfaces have good conductivity, and the conductivity depends on the stacking
mode of the two structures. That is, if an atomic layer of SrO is artificially inserted
at the beginning of the sample preparation process, it will cause a huge difference
in interface conductivity.

In Fig. 12.2 are shown the results of the electrical transport measurement on
the (LaO)+/(TiO2)0 interface prepared at different oxygen pressures. It can be seen
that this type of interface has good conductivity. The oxygen pressure during film

Fig. 12.1 Two different LAO/STO stacking structures reproduced with permission from [3]
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Fig. 12.2 Transport properties of (LaO)+/(TiO2)0 interface prepared at different oxygen pressures
reproduced with permission from [3]

growth has a weak influence on the conductivity of the thicker LAO heterojunction
interfaces and has a strong influence on the conductivity of the thin LAO heterojunc-
tion interfaces. For the heterojunction with a thin LAO layer, the carrier mobility in
the interface at low temperature is as high as 10,000 cm2 V−1 s−1. There is also a
significant oscillation of the magnetoresistance at low temperatures [4].

12.2.2 The Origin of 2DEG

Observations from the previous section lead to the following key questions: what
is the reason for the conductivity of the LAO/STO(001) interface and what is
the mechanism? In a first instance, we note the difference between the LAO and
STO materials, the two different stacking types constructing this interface, and the
valence states of the elements (Sr2+, Ti4+, La3+, Al3+, O2−). For STO, its stacking
layer is electrically neutral ((SrO)0,(TiO2)0) and nonpolar. The LAO stacking layer
has a charge ((AlO2)−,(LaO)+) and is polarized. In this way, the interface formed by
the nonpolar STO and the polar LAO will produce a built-in electrical field E, which
will lead to a potential that changes with the thickness of the LAO. The interface is
polar-discontinuous, and the discontinuity is named “polar catastrophe” [5–7]. For
the n-type interface (Fig. 12.3a), to offset the “polar catastrophe,” half an electron
is transferred from LAO layer to the interfacial TiO2 layer. Thus, the distribution
of potential along the LAO thickness is limited. For the p-type (see Fig. 12.3b),
the process is similar to the n-type, except that half of the electron is transferred
from the SrO layer to the LAO layer. This electronic reconstruction results in a net
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Fig. 12.3 The polar catastrophe illustrated for atomically abrupt (001) interfaces between LAO
and STO reproduced with permission from [5]

transfer of half an electron and in the n-type interface it allows good conductivity
as expected and as it is determined experimentally. One of the important evidences
supporting this viewpoint is the critical thickness of LAO [8]: only when LAO’s
thickness d ≥ 3 u.c., the interface will have conductivity.

Although the above simple model explains well the metallic behavior of the
LAO/STO interface, according to this model, the p-interface should also be conduc-
tive, but it is actually insulating [3, 9, 10]. The conductivity of the interface measured
experimentally depends closely on the oxygen pressure during film growth and
post-annealing, suggesting that the oxygen vacancy in the STO can be used as an
electronic donor to provide carriers (Fig. 12.4a) [11]. Furthermore, charge exchange
(cation intermixing) between different valence cations at different interfaces cannot
be ignored (Fig. 12.4b) [12, 13]. The experimental results of transmission electron
microscopy and X-ray diffraction indicates that the interface of the heterojunction
at atomic level is not always clear [5, 14, 15].

Despite having been extensively studied for more than 10 years, the origin of the
2DEG at (001) LAO/STO interfaces is still under debate [5, 14–21]. Three main
mechanism were proposed:

1. The most popular mechanism is the polar catastrophe model [3, 5], already men-
tioned in the above paragraphs. In order to avoid divergence of the electrostatic
potential induced by polar discontinuity at the (LaO)+/(TiO2)0 interface, at a
critical thickness (tc) of four monolayers (ML) of LAO [8, 17, 22–24], half an
electron is transferred from LAO to the interface to form the 2DEG, so that
Ti3+ occurs and the accumulated electric field in LAO is eliminated. However,
within tc, the predicted electric field was not found [23, 25, 26], and unexpected
Ti3+ signals appeared instead [25, 27, 28]. Beyond tc, a built-in field across
LAO still exists [19]. Moreover, recent experiments indicate that even at (110)
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Fig. 12.4 (a) Conductivity mechanism of LAO/STO interface reproduced with permission from
[16]: (b) oxygen vacancies, (c) cation intermixing, and (d) polar catastrophe

LAO/STO interfaces, where both LAO and STO stacking have the sequence
(ABO)4+/(O2)4− avoiding any polar discontinuity in the ionic limit [29, 30],
unexpectedly high-mobility metallic conductivity was found [30, 31]. Recently,
2D superconductivity at (110) LAO/STO interfaces was also reported [32, 33].
These observations place some doubt on the most popular mechanism.

2. “La1-xSrxTiO3 intermixing layers” were observed at the (001) LAO/STO inter-
faces in many studies [14, 34–37], and they were used to explain the conductivity
based only on the fact that the La1-xSrxTiO3 bulk is metallic between x = 0.05
and 0.95 [38, 39]. But the microscopic physical nature of the La1-xSrxTiO3
intermixing layer is still unclear and little attention has been paid to this
mechanism until now.

3. “Oxygen vacancies in STO” contribute extra carriers [12, 18, 21, 40]. This
cannot be the underlying origin because the conductivity is preserved in the post-
annealed samples [21]. In addition, the p-type [(001) LAO/SrO-STO] interfaces
would be conductive if the “oxygen vacancies” mechanism would be valid [3].

To sum up, the biggest controversies mainly focus on the (i) and (ii) mechanisms,
which have been considered to be independent or even mutually exclusive ones.
The two mechanisms are debated for more than 10 years without a conclusion. The
question on what exactly is the key ingredient for the formation of the 2DEG at
LAO/STO interfaces remains open for discussions. In the next paragraph, despite
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its limitations, we shall return to the polar catastrophe mechanism and discuss some
details reconsidering also the other models.

As mentioned above, if the most widely accepted “polar catastrophe” mechanism
works, the (110) LAO/STO interfaces should not be conductive, but actually it is just
the opposite situation. In fact, for conventional semiconductor heterojunctions, the
2DEG is generated at a potential well created by band bending due to the presence
of an electrostatic field at the interfaces. Han et al. at BNU [41] reported that this
mechanism still works in a multivalent oxide heterojunction: for (110)LAO/STO
heterojunctions, the coexistence of La and Ti in the unit cell of the ABO3 perovskite
at the interface reduces the valence of Ti, generating a local field leading to band
bending in the interfacial STO layers (Fig. 12.5). The extra free electrons are trapped
in this bent conduction band forming a 2DEG. The proposed electrostatic model
unifies two independent mechanisms for 2DEG at LAO/STO interfaces, namely
the “polar catastrophe” and the “La1-xSrxTiO3 layers” models. It also opens new
possibilities for atomic-scale band engineering to control the behavior of complex
oxide heterojunctions.

The 2DEG at transition metal oxide interface is of two main types:

– One is the c-2DEG: it forms at a crystalline/crystalline interface (c-interface),
such as crystalline c-LAO/STO [3].

– The other type is a-2DEG: it forms at an amorphous/crystalline interface (a-
interface), such as a-LAO/STO [30].

They have similar physical properties in terms of superconductivity [42, 43],
potential-well depth [44], and so on. The a-2DEG presents also many notable

Fig. 12.5 Electrostatic models of band bending in STO of both (001) and (110) LAO/STO
interfaces reproduced with permission from [41]
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differences compared with c-2DEG, such as less lattice strain at the interface,
a higher interface carrier density (ns), and considerably fewer requirements for
growth. For example, a high growth temperature and TiO2-terminated substrates
are not needed for STO-based a-2DEG [21, 45, 46]. Unlike c-2DEG, tc of a-
2DEG formation and the electronic transport properties depend highly on the growth
conditions, especially on the oxygen pressure [21, 45]. These differences make
the a-2DEG a powerful, controllable, and easy to manufacture 2DEG system.
Research on the a-2DEG is relatively scarce, and its origin requires in-depth future
exploration. Noteworthy are also other differences between a- and c-interfaces
related to their nature. As addressed before, the properties of the films and the
polar discontinuity at the interfaces are considered the key factors in the c-interface
systems [20, 47, 48]. Properties of the amorphous films are quite different from
those of the crystalline films and there is no polar discontinuity at a-interfaces.
The amorphous films grow at significantly lower temperature than their crystalline
counterparts. The dependence on oxygen pressure of the amorphous and crystalline
films will be different meaning that the influence of the oxygen vacancies in the
two systems is not comparable [21, 45]. Therefore, the experimental and theoretical
findings for c-interfaces cannot be directly applied to a-interfaces. The current
supposition is that the a-2DEG originates from oxygen vacancies that form in
the substrate near the interface (oxygen vacancy theory) [49–51]. In this theory,
oxygen ions diffuse from the STO substrate to the film, causing formation of a
high-concentration of oxygen vacancies at the STO side near the interface, thus
generating the a-2DEG. This theory is important and innovative. Oxygen vacancies
are a critical factor, but other fundamental mechanisms may also be involved in
the formation of the a-2DEG. Li et al. at BNU [52] found that the percentage
of low valence cations, the ionization energy of cations in film, and the band
gap of substrates should be considered decisive for the formation of 2DEG at the
interface of amorphous/crystalline oxide (a-2DEG). Following these findings, Li et
al. inferred that the charge transfer from the film to the interface should be the main
mechanism of the a-2DEG formation. The charge transfer is induced by oxygen
defects in the film and can be eliminated by the electron-absorbing process of
cations in the film (Fig. 12.6). Based on this, they proposed a simple dipole model
that successfully explains the origin of the a-2DEG.

12.2.3 Dimensionality of the Interface Conductivity

In the conductive LAO/STO interface, one of the most interesting questions is
whether conductivity occurs in a 3D STO or at the 2D interface. Herranz et al.
reported that the high-mobility conduction has three-dimensional characteristics
[40], and Basletic et al. indicated that the STO substrate is conducting [53]. Hence,
the electron gas may be distributed near the interface with a specific distribution.
The approaches to study the thickness of the electron gas at LAO/STO interfaces
are divided into two main categories:
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Fig. 12.6 (a) Schematic
diagram of “dipole model”
model. (a) is a cutaway view
of (b), the gray plane in (b) is
the cut plane. (c, d)The
schematic diagram of the
band alignment of
a-LAO/STO interface when
the film is thicker (c) or
thinner (d) than the critical
thickness of charge transfer
(the red vertical dashed lines)
reproduced with permission
from [52]

– One method is to achieve this by directly probing the cross section of LAO/STO
samples. Conducting-tip atomic force microscopy (CT-AFM), which can map
out the local resistance with a resolution of nanometers, can reveal the spatial
distribution of the electrons. Figure 12.7a shows the mapping diagram of
resistance between needle tip and sample by the cross-sectional CT-AFM scans
of the annealed LAO/STO(001) heterojunction. The area of the small resistance
is very narrow, with a width of about 7 nm [54]. The cross-sectional scanning
tunneling microscope (STM) can also directly measure the size of the conductive
area of the interface. Figure 12.7b shows the cross-sectional distribution of
differential conductivity for the annealed LAO/STO (001) heterojunction [55].
The metallic region is very narrow, of about 0.8 nm. These experimental results
[54, 55] show that in the LAO/STO (001) interface, conductivity is 2D at room
temperature. However, an irrecoverable damage occurs in LAO/STO samples
when CT-AFM and STM are used to scan the cross sections.

– The other method uses electrical transport measurements, including Shubnikov–
de Haas (SdH) oscillations [40] and the orbital effect [56]. The frequency of the
SdH oscillations and orbit-dependent magnetoresistance (MR) observed along
the in-plane and out-of-plane directions are the key observations.

None of the above reports on the electron gas thickness address its temperature
dependence and the critical factors that contribute to it. Xue H. X. et al. at BNU
[57] studied the temperature dependence of the conductive layer thickness at
the LAO/STO heterointerface. By comparing the in-plane and out-of-plane orbit-
dependent magnetoresistance under a magnetic field of 9 T, the conductive layer
thickness of the LAO/STO interface is determined for temperatures between 45
and 300 K. Since the influence of spin-orbit coupling cannot be ignored when
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Fig. 12.7 (a) The mapping diagram of resistance by the cross-sectional c-AFM scans [53]. (b)
The cross-sectional distribution of differential conductivity reproduced with permission from [55]

Fig. 12.8 (a) Comparison between experimental results for the conductive layer thickness d and
theoretical predictions as a function of temperature between 2 and 300 K. (b) Schematic diagram
of the electron gas distribution on the STO side reproduced with permission from [57]

considering the conductive layer thickness dependence at temperatures below 45 K,
a lower magnetic field is employed. The results show that the thickness increases
gradually and then remains constant as the temperature decreases (Fig. 12.8).
Such a tendency is well reproduced theoretically by considering the equilibrium
between drift and diffusion of electrons near the interface. The thickness mainly
depends on the relative permittivity of the SrTiO3 and the electron mobility, and
it is independent of the sheet carrier density. These investigations show that the
dimensionality of the confined zone for electrons can be controlled and can be used
as a reference for other interfacial systems.
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12.3 Interface Superconductivity

As early as the 1960s, physicists proposed the concept of interface superconduc-
tivity [58–62]. Does 2D superconductivity exist? What are the characteristics of
2D superconductivity? How does the reduced dimensionality affect the transition
temperature of superconductors? And so on . . . These questions have always been
of great concern to researchers. Subsequently, the discovery of high-temperature
superconductors (HTSs) consisting of 2D superconducting layers (see Fig. 12.9)
made it possible to pay more and more attention to the superconductivity of low-
dimensional systems, and the development of technology allowed growth of flat
2D structures at atomic level [63]. The study of superconductivity at interfaces can
bring a new understanding of the physics of high-temperature superconductivity.
The effects of disorder, fluctuation, and correlation in low-dimensional systems can
also be studied in the interface superconducting systems with new opportunities and
challenges in materials physics.

12.3.1 2D Superconductivity at the LAO/STO Interface

Superconductivity has been found at various interfaces, such as insulator/insulator
interface, semiconductor/semiconductor interface, and metal/insulator interface.
The most representative superconducting system is the LAO/STO interface. LAO
and STO are band insulators. Superconductivity and insulation features are inde-
pendent behaviors. One of the prerequisites for superconducting condensation is the
presence of carriers on the Fermi level. As early as 1980, it has been reported that
Nb:SrTiO3 has multiband superconductivity [64–66].

In 2007, Reyren et al. discovered superconductivity [42] at LAO/STO (001) inter-
face. As shown in Fig. 12.10, near 200 mK, the resistance of 2DEG begins to drop
sharply, and zero resistance is attained at lower temperatures. The zero resistance
state is completely suppressed under a magnetic field of 180 mT perpendicular to the
interface. The coherence length in the plane is about 70 nm. The legitimate question

Fig. 12.9 Comparison of atomic structures of copper oxide HTS YBaCuO7-x and LAO/STO(001)
heterojunction
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Fig. 12.10 2D superconductivity of LAO/STO(001) interface reproduced with permission from
[42]

is: Does superconductivity at the interface, belong to a 3D type as for bulk SrTiO3
or to 2D and it is specific for the interface? To provide a reply, the I-V characteristics
of the superconducting interface were measured and analyzed. Results are in
good agreement with Berezinskii-Kosterlitz-Thouless (BKT) transition [67–71].
For BKT transition, at its characteristic transition temperature TBKT, the vortex-
antivortex pair of the system will be broken and the superconducting state will
be transformed into a non-superconducting state [72]. During BKT transition, the
current-induced Lorentz force causes dislocation-antidislocation pairs to unbind,
resulting in a V ∝ I α behavior, with α (TBKT) = 3 [73, 74]. In addition, the
R(T) characteristics are consistent with a BKT transition, for which, close to TBKT,
a R = R0exp(−bt–1/2) dependence is expected [75]. Here, R0 and b are material
parameters and t = T/TBKT – 1. The experimental results are in good agreement
with the two relationships and TBKT ∼ 190mK. The superconducting transition
of the samples is therefore consistent with that of a 2D superconducting film.
Subsequently, Reyren et al. [76] reported that the critical magnetic field at the
LAO/STO(001) interface has anisotropy ε = H//

c2/H⊥
c2 � 25. (Fig. 12.11). The

thickness of the superconducting layer at the LAO/STO(001) interface is about
10 nm, which further verifies the 2D nature of the superconductivity at the interface.

In addition to LAO/STO(001) interface superconductivity, 2D superconductivity
at other oxide interfaces has been found successively, such as LaTiO3/SrTiO3(001)
[77, 78], amorphous Al2O3/SrTiO3(001) [79], and also LAO/STO(110) by Han et
al. at BNU [32].

12.3.2 Unconventional Superconductivity at LAO/STO
Interface

Because both STO and LAO have high dielectric constants, the properties of the
2DEG can be controlled by applying an external electrical field. Being at the core
of the field effect transistor device, the electrostatic control method has been widely
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Fig. 12.11 Anisotropic critical magnetic field at LAO/STO interface. Reproduced from [76]

Fig. 12.12 Field-effect modulation of the transport properties of the LAO/STO interface repro-
duced with permission from [81]

used to study many materials. By changing the carrier concentration of the system,
the properties of materials can be greatly changed [80]. In 2008, A. D. Caviglia et al.
tuned the superconductivity of LAO/STO (001) interface by applying an electrical
field on the back of STO, and the back-gate-voltage (VG) induced the quantum phase
transition from superconductor to insulator [81]. In Fig. 12.12a, the transition from
superconducting to insulating ground state occurs at a critical sheet resistance of
Rc ≈ 4.5 k� per square, close to the quantum of resistance for bosons with charge
2e, RQ = h/4e2 ≈ 6.45 k�. A further increase in the electron density produces
first a rise of the critical temperature (Tc) to a maximum of ∼310 mK. For larger
voltages, Tc decreases again, forming a dome-like superconducting region similar
to that of HTSs, with “underdoped” and “overdoped” regions. The appearance of the
dome-shaped superconducting region similar to copper oxide HTSs suggests that the
superconducting pairing mechanism of LAO/STO interface may be unconventional.
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In 2013, Richter et al. directly measured the superconducting energy gap of
superconductivity at LAO/STO(001) interface using a Au/LAO/STO(001) planar
junction [82]. Using this metal-insulator-superconductor tunnel junction, the elec-
tron state density near the Fermi surface in the superconductor can be measured.
As mentioned in the previous paragraph, the back-gate-voltage can greatly tune the
superconductivity of the interface. By changing the back-gate-voltage, the tunnel
spectrum at different VG can be measured. A typical superconducting spectrum is
in Fig. 12.13: the energy gap is very small, only a few tens of μeV. Surprisingly, for
all VG, there is always an energy gap and it increases as VG decreases. On the other
hand, with the change of VG, the Tc of the system has a dome-shaped dependence.
In general, the change in the superconducting energy gap should be consistent with
Tc, and this experimental result shows that the energy gap has always existed,
even in non-superconducting regions. For copper oxide HTS, there is the so-called
“pseudogap” in its phase diagram, and its superconducting region is also dome-
shaped. The pseudogap has always existed above the superconducting region, and
it increases with the decrease of hole concentration. Similar phenomena were also
observed by other groups [83–86]. For superconductivity at LAO/STO interface, the

Fig. 12.13 Pseudogap-like behavior in LAO/STO(001) interface reproduced with permission
from [82]
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existence of the analogous phase diagram to that of HTS, point on an unconventional
superconducting pairing mechanism claimed for HTS systems.

12.3.3 Coexistence of Superconductivity and Ferromagnetism

In the LAO/STO(001) interface, apart from the superconducting state, the ground
state may also have ferromagnetism [87–91]. There is even coexistence of super-
conductivity and ferromagnetism [92–97] (Fig. 12.14). In 2007, Brinkman et al.
reported that the LAO/STO(001) interface growing under high oxygen pressure is

Fig. 12.14 Coexistence of superconductivity and ferromagnetism at LAO/STO interface repro-
duced with permissions from [102] (panel (a)); [97] (panel (b); [92] (panel (c)); [94] (panels (d),
(e), (f)); [95] (panels (g), (h))
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magnetic [87]. Shortly after, Dikin et al. found the coexistence of superconductivity
and ferromagnetism at the LAO/STO(001) interface [92]. Recently, Shen et al. at
BNU reported [97] similar hysteretic magnetoresistance at the superconducting
LAO/STO(110) interfaces as the transport evidence for coexistence of super-
conductivity and ferromagnetism. These experimental results indicate that the
LAO/STO(001) interface may have unconventional superconductivity. A series of
theoretical studies also support unconventional superconductivity. For example,
Michaeli et al. [98] introduced a theoretical model to explain the phenomenon of
the coexistence of superconductivity and ferromagnetism at the interface. A half-
charge per unit cell is transferred to the interface layer and forms a lattice of local
moments due to Coulomb repulsion. The local moments order ferromagnetically via
exchange with lower density bands of mobile electrons residing in Ti layers near the
interface. The large ferromagnetic exchange would usually kill superconductivity in
these mobile bands. However, the presence of a large spin-orbit coupling enables
the formation of a Fulde-Ferrell-Larkin-Ovchinikov (FFLO) state [99, 100], which
can coexist with strong magnetism. In the FFLO state, Cooper pairs form with
finite pair momentum perpendicular to the direction of magnetic ordering. Scheurer
and Schmalian established a model to study the symmetry of superconducting
order parameter and concluded that electron pairing is non-traditional and is
directly related to nontrivial topological invariants. Topology and unconventional
superconductivity exist at the LAO/STO interface [101].

Some researchers believe that the superconductivity of the LAO/STO interface
is a traditional Bardeen-Cooper-Schrieffer (BCS) pairing mechanism. Bert J. A.
et al. measured the local magnetization associated with superfluid density in the
LAO/STO(001) interface by a scanning superconducting quantum interface device
(Scanning-SQUID) [103]. It was found that the temperature dependence of the
superfluid density at different gate voltages collapses to a single curve that is
characteristic of a full superconducting gap. Benfatto et al. [104] and Caprara
et al. [105–107] explained the superconducting phase diagram of LAO/STO(001)
interface analogous to that of HTSs, as being the consequence of finite-size effects,
mesoscopic inhomogeneities of Tc and of the electron density, which may cause
the percolation transition. To explain the coexistence of superconductivity and
ferromagnetism, some studies suggested that it may be due to the phase separation
of the ferromagnetic region and the superconducting region [95], or ferromagnetism
and superconductivity come from different orbital states [108].

Section 3.3 indicates that the origin of the ferromagnetism and the coexistence
of superconductivity and ferromagnetism are unsolved problems for the LAO/STO
interface systems, and they deserve more attention.

12.3.4 Unconventional Superconducting Pairing Mechanism

In the microscopic mechanism of superconductivity, the most important thing is
the formation of Cooper pairs. The reason why the BCS theory requires two
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electron pairs with opposite spins is to satisfy Pauli’s principle of incompatibility:
the two electrons of Cooper pair, as Fermions, satisfy the condition that the total
wave function is antisymmetric after the position exchange. Since BCS theory first
studied the most basic two electrons in the same orbit, the requirement is that spin
is opposite (spin singlet). After BCS theory was proposed, the possible pairing
mechanisms of superconductivity, spin singlet and triplet pairing, were identified
and studied. S-wave is the conventional pairing of spin singlet, d-wave is the
unconventional pairing of spin singlet, and p-wave is the unconventional pairing
of spin triplet. In conventional superconductors and high-temperature copper oxide
superconductors, Cooper’s space wave functions are described as “s-wave” and “d-
wave”, respectively. Their total orbital quantum numbers L are 0 and 2, and the total
spin quantum numbers S are 0 meaning that pairs are singlet. Sr2RuO4 is considered
to be a “p-wave” superconductor of spin-triplet pairing [109–112], and the orbital
quantum number L is 1 and the spin quantum number S is equal to 1. This is very
similar to the situation of the He3 condensed state, but more powerful experiments
are needed to finally determine the p-wave structure of its electron pair.

In the 2DEG at the LAO/STO interface, the combination of 2D superconductivity
and Rashba spin-orbit coupling (SOC) is expected to give rise to an unconventional
superconducting ground state [101, 113], including a mix of spin-singlet and spin-
triplet components [114, 115]. Recently, Stornaiuolo D. et al. [116] studied the
superconducting state of the 2DEG at the LAO/STO interface using Josephson
junctions as spectroscopic probes. The transport properties of these devices reveal
the presence of two superconducting gap-structures and of an unconventional
superconducting π channel. These features provide evidence of an unconven-
tional superconducting ground state, possibly related to the interplay between
superconductivity and the large Rashba spin-orbit coupling in the 2DEG. For the
triplet pairing of p-wave superconductors, spins of Cooper pair are not required
to be opposite. Therefore, there can be residual spins to generate magnetism,
which is an important direction to study the coexistence of superconductivity and
ferromagnetism.

To determine the pairing of the electrons, the phase sensitivity experiments
are essential [117–124]: pairing is detected by the quantum interference effect of
the Josephson junction. These experiments are only related to the phase of the
superconducting energy gap function, not being sensitive to the absolute value of
the energy gap. The experimental results completely depend on the macroscopic
quantum coherence of the Josephson junction, so that many details of the individual
materials are not important. In addition, a sensitive probe of unconventional order
is its response to a symmetry-breaking field. For example, in order to probe the
proposed px ± ipy topological superconducting state of Sr2RuO4, Hicks C.W. et
al. [125] constructed an apparatus capable of applying both compressive and tensile
strains of up to 0.23%. Strains applied along <100> crystallographic directions yield
a strong, strain-symmetric increase in the superconducting transition temperature
Tc. <110> strains give a much weaker, mostly antisymmetric response. This is also
an effective method for the assessment of the p-wave superconductors.
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Exploration of the pairing mechanism in interface systems should continue and
more experiments are necessary.

12.4 Superconductor Insulator/Metal Transition

In physics, there is a phase transition that occurs at absolute zero temperature.
This phase transition is called quantum phase transition. It belongs to continuous
phase transitions [126–128]. By changing one of the non-thermal parameters of
the system, such as magnetic field [129–132], disorder [133, 134], doping [135,
136], and electrostatic regulation [137], the system undergoes a phase transition
between different ground states. Since the absolute zero temperature cannot be
achieved, we usually study quantum phase transitions by measuring the physical
properties affected by quantum fluctuations at finite temperatures. One of the most
important examples in quantum phase transitions is the superconductor-insulator
phase transition [138–140]. The superconductor-insulator phase transition has been
widely studied. In many different types of materials, phase transitions can be
observed by changing different parameters. Studies of new materials at lower
temperatures or higher fields and new technologies promote discovery of new
phenomena and a better understanding of the known ones. In this section, few
outstanding issues such as the interaction of disorder and superconductivity in the
phase transitions and the properties of insulating states will be addressed.

At present, there are four different scenarios for the disappearance of supercon-
ductivity at the 2D limit caused by disorder or magnetic field:

- The first is the so-called Fermion picture [141–143]. This is based on
the microscopic perturbation description of a uniform system and considers the
interaction between attraction forces and repulsion forces under disorder. In this
microscopic description, due to the existence of disorder, long-range Coulomb’s
repulsion and the suppression of critical temperature follow the renormalization
of electronic interactions in the Cooper channel. Disorder causes the inhibition
of superconducting order parameters, Cooper pairs split into fermions, and these
fermions are localized in the 2D condition.

– The second is the Boson model [144–146]. It holds that in the critical region,
the phase fluctuation of Cooper pairs cannot be ignored, Cooper pairs move
in a diffusion manner, and these Cooper pairs can be approximately regarded
as bosons. In ultrathin films, the superconductor-insulator phase transition can
be seen at the zero temperature limit [130, 147]. If it is assumed that Cooper
pairs and vortices have complete duality, the critical resistance is the quantum
resistance h/4e2.

– The third type is the dissipation model of the resistance shunt Josephson junction
array based on granular superconductors [148].

– The fourth type involves percolation effects, especially for the inhomogeneous
samples [149].



342 J. C. Nie

As introduced before, the 2DEG of LAO/STO interface shows a rich phase
diagram, which has different ground states (ferromagnetism, superconductivity),
so this system can also be used to study quantum transitions that occur between
different ground states. In general, when the parameters cross a certain critical
value, the system undergoes a phase transition. The critical behavior of this physical
quantity is universal. It is mainly related to the basic properties of systems such
as dimensionality and symmetry and has nothing to do with microscopic details.
For the magnetic field-induced superconductor-insulator phase transition, it has two
significant signs. One is the platform where the resistance does not change with
temperature, and the other is that the magnetic resistance at different temperatures
intersects at one point. Recently, J. Biscaras et al. reported a magnetic field-
induced phase transition from superconducting 2DEG to weakly localized metal in
LaTiO3/SrTiO3 (LTO/STO) interface [150]. They found that the magnetoresistance
curves at different temperatures intersect at two points. As shown in Fig. 12.15, the
magnetic resistance of the high-temperature region (0.1∼0.2 K) intersects at one
point, and the magnetic resistance of the low temperature region (0.04∼0.07 K)
intersects at another point. After finite scale analysis, the system has two different
critical coefficients. They attributed this to inhomogeneity. The system consists of
superconducting islands and non-superconducting metal regions. The system has
two characteristic lengths, the de-phase length Lφ and the size of the supercon-
ducting region Ld. At high temperatures, Lφ < Ld. Therefore, two kinds of critical
behaviors are observed.

Shen S. C. et al. at BNU [97] reported the superconductor-metal transition
driven by a perpendicular magnetic field in superconducting 2DEG formed at the
LAO/STO(110) interface, which offers an appealing platform to study the quantum
phase transition from a superconductor to a weakly localized metal. Interestingly,
when approaching the quantum critical point, the dynamic critical exponent is not a
constant but a diverging value (Fig. 12.16), which is a direct evidence of a quantum
Griffiths singularity arising from quenched disorder at ultralow temperatures. The
diverging dynamic critical exponent in the 2DEG provides a new way to verify
the quantum Griffiths singularity which was also observed in the Ga thin film
[151]. This may be considered a hint that different superconducting systems can
be possibly treated within a uniform theoretical framework.

In 2014, Shi X. et al. also observed two types of critical behaviors in the poorly
doped La2-xSrxCuO4 copper oxide superconducting thin films, and the magnetic
resistance of the high-temperature zone and of the low temperature zone intersects
at two points, respectively [152]. With the increase of the magnetic field, the vortex
lattice changes to the vortex glass state, and this transition corresponds to a critical
field. With further increase of the magnetic field, the system becomes insulating.
This transition also corresponds to a critical field (Fig. 12.16).

Presented experimental results show that for understanding of the superconductor-
insulator/metal phase transition further investigations are required (Fig. 12.17).
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Fig. 12.15 Superconductor-insulator phase transition induced by magnetic field at the
LTO/STO(001) interface reproduced with permission from [150]

12.5 Concluding Remarks

Let us briefly recapitulate our main themes.
LAO/STO interface has a high mobility of 2DEG, in which specific physical

phenomena such as superconductivity, ferromagnetism, and the coexistence of
superconductivity and ferromagnetism are observed. Other transition metal oxide
interface systems also show high mobility and similar novel quantum phenomena.
Superconducting 2DEG at the LAO/STO interface offers an appealing platform to
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Fig. 12.16 The quantum Griffiths singularity at the LAO/STO(110) interface reproduced with
permission from [97]

Fig. 12.17 H-T phase diagram of La2-xSrxCuO4 copper oxide superconducting thin film repro-
duced with permission from [152]
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study the quantum phase transition from a superconductor to a weakly localized
metal.

A general observation is that, although the research on the transition metal
oxide interfaces is extensive, there are many outstanding unsolved details and
questions, such as the origin of 2DEG, the superconducting pairing mechanism of
2DEG, the origin of ferromagnetism and the coexistence of superconductivity and
ferromagnetism, etc. More research is needed.

Study of 2DEG is rewarding and can promote a better understanding of quantum
phenomena, in particular of superconductivity and especially of HTS. Once this is
accomplished expectations are also to provide new practical ideas.
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Chapter 13
Prospects of Superconducting Magnet
Technology in the Medical Field: A New
Paradigm on the Horizon?

Santosh Miryala

13.1 Introduction

The discovery of magnetism dates back to 600 BC where a Greek shepherd, Magnes,
had first observed it when ferrule of his stick was attracted to a magnetic rock [1]. In
1600, a notable Englishman called Dr. William Gilbert had successfully examined
the properties of magnetism through scientific method and was able to publish his
experimental results in De Magnete [2]. During 1911, prominent Dutch physicist
Heike Kamerlingh Onnes had first noted superconductivity in mercury at Leiden
University and had initally suggested the construction of electromagnets along with
superconducting wire [3]. Further, G.B. Yntema had attained the development of
very first superconducting magnet by utilizing niobium wire which had produced a
magnetic field of 0.7 T at 4.2 K [4]. In 1987, high temperature superconductivity was
discovered by prominent IBM researchers—Georg Bednorz and K. Alex Muller—
that had opened a door for numerous families of new materials ranging from
BSCCO to YBCO [5, 6]. This new class of materials obtains the potential of
exhibiting its superconducting properties at temperatures above liquid nitrogen’s
boiling point (77.3 K) and showcases its potential of trapping high magnetic fields
within an order of magnitude 100 times higher compared to hardest ferromagnetic
materials. As a result, melt-processed YBCO single-grain superconducting disks are
capable of exhibiting levitation principle that could be applied for human levitation
platform (see Fig. 13.1). Further, it is intriguing to note that all of these materials
have a common feature of being different forms of copper oxide. During 2007, a
magnet with YBCO windings had attained a world record magnetic field of 26.8
tesla. Finally, National High Magnetic Laboratory was able to produce an YBCO
magnet in 2017 with strength of 32 tesla [7].
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Fig. 13.1 Levitation of
heavy disk utilizing a
repulsive force between
melt-processed YBa2Cu3Oy
pellets and Fe-Nd-B magnets

13.2 Classification of Magnets

In theory, magnets are classified as materials that exert a certain magnetic field. It
is general to note that magnets are normally classified in two areas: electromagnets
and permanent magnets. Electromagnet is a type of magnet where magnetic field
is extensively generated from an electric current; whereas, permanent magnet is
a type of material that is capable of producing its own persistent magnetic field
[8]. On the other hand, superconducting magnets are normally wrapped around by
superconducting wires since a minimal to zero power dissipation is observed due
to its zero resistivity. Furthermore, superconducting magnets are able to produce
strong magnetic fields but are somewhat limited in practical applications by the
significant parameters of superconducting sample. Due to the aforementioned
reason, researchers from worldwide are investing great efforts to enhance the
superconducting magnetic performance to further produce high critical current
density.

13.3 Fundamental Properties of Super-Conducting Materials

13.3.1 Meissner Effect

The Meissner effect is a phenomenon that enables expulsion of magnetic field within
a superconductor where transition is observed from normal state to superconducting
state (see in Fig. 13.2): this property prevents the penetration of external magnetic
field [9]. In 1933, two notable German researchers, Robert Ochsenfeld and Walther
Meissner, had discovered this effect as they both observed the field distribution
of magnetic properties outside of superconducting lead and tin samples [10]. It
is intriguing to note that this property was detected in an indirect manner as
exterior field had increased with a proportional decrease within interior field.
Furthermore, this early experiment suggested that superconductors obtained the
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Fig. 13.2 Diagram of
Meissner effect. Magnetic
field lines (represented as
arrows) are excluded from a
superconductor when it is
below its critical temperature

ability of expulsion effect due to their unique nature of equilibrium that was
established due to the neutralization processes within unit cell of superconducting
magnetic materials. However, more recently researchers remarked the implications
of Meissner effect in regard to the fabrication of small, powerful superconducting
magnets for Nuclear Magnetic Resonance (NMR) applications.

13.3.2 Type I and Type II Superconductors

Type I superconductors are commonly indicated as soft superconductors due to their
nature of easily losing their superconducting properties and for perfectly obeying
Meissner effect. In theory, type I superconductors are distinguished materials that
lose its superconductivity abruptly within its presence in an external magnetic
field (see Fig. 13.3, left); therefore, they will keep out the total magnetic field
as the critical applied field Hc had been attained. Hence, type I superconductor
would not be considered as a conventional superconductor above a certain field.
On the other hand, Shubnikov and Rjabinin had experimentally discovered type II
superconductors that are characterized by their unique establishment of magnetic
vortices with an applied magnetic field (see Fig. 13.3, right); furthermore, this
key phenomenon is observed when the superconducting material reaches above a
critical field strength Hc1 [11]. Moreover, type II superconductors enables a wider
range of technological applications due to flow of current throughout the material
and their ability to not exhibiting a perfect Meissner Effect. All high temperature
superconductors are categorized as type II and present an intermediate Mixed
State, allowing the magnetic flux to penetrate the material in a quantized fashion.
This property allows superconducting super-magnets attractive for several industrial
applications.
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Fig. 13.3 Phase diagram for a type I (left) and type II (right) superconductor

13.4 Applications of Superconducting Magnetic Technology
in Medicine

13.4.1 Magnetic Resonance Imaging (MRI)

Magnetic resonance imaging (MRI) is a medical imaging technique used in
radiology to generate pictures of the anatomy and the physiological processes of the
body in both health and disease situations. MRI scanners use strong magnetic fields,
magnetic field gradients, utilizing the superconducting super-magnets. Among all
medical facilities, magnetic resonance imaging proved to dominate the current
commercial market by utilizing superconductors as it had established a $3.5 billion
outcome so far [12]. MRI was first discovered by Paul Lauterbur in 1973 and had
proved to be a rich tool for medical research. Its uses include magnetic resonance
spectroscopy, magnetic resonance elastography, magnetic transfer contrast, func-
tional magnetic resonance imaging, and MRI angiography [13]. It should be noted
that functional magnetic resonance imaging is utilized to investigate and analyze
brain functional system in animals and humans. Additionally, functional magnetic
resonance imaging is operated in a manner where it will detect paramagnetic deoxy-
hemoglobin’s magnetic field which will affect MRI signal; thus, it effectively helps
to indicate the location of neural activity within MRI scan [14]. The methodology
of locating brain activity is indicated as blood oxygen level dependence fMRI
(BOLD) and is currently going through an extensive research enhancement towards
the development of medical applications that identifies brain pathologies.

In terms of development of superconducting magnets in MRI, Thierry Schild and
Denis Le Bihan had indicated that 11.7 T under 500 MHz resonance frequencies
proves to be the world’s strongest MRI magnet [15]. The magnetic scanner is able
to generate images within the scale of 100 μm, establishing innovative biomarkers
towards neurological disorders. Furthermore, Rory Warner from Tesla Engineering
showed that utilization of 70 UHF whole body superconducting magnets allows a
great reduction in weight along with no cryogen costs for its associated operation
[13].
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Numerous researchers around the world postulate that high temperature super-
conductors will play a valuable role in future prospects of MRI. In recent days, most
of the commercial MRI devices were employed with low temperature superconduc-
tors as they utilize NbTi wires to function. Thus, high temperature superconductors
were only utilized in MRI for construction of experimental RF receiver coils. Also,
it is intriguing to note that HTS requires fabrication of cost-effective cryogenic
systems; however, HTS wires at present status are extremely expensive and NbTi
wires are 100 times cheaper [16]. Further, HTS materials comes with additional
disadvantages such as limited manipulability compared to NbTi wires due to their
defined geometry and length. In addition, HTS materials possess a sub-optimal
pinning within a range of 77 K. Due to the reasons addressed above research
institutions worldwide are investing great efforts to successfully produce a MRI
where HTS will substitute NbTi wires.

13.4.2 Magnetic Drug Delivery System (MDDS)

A small sized 20 mm melt-processed Y-123 superconductor bulk pellet is demon-
strated to trap large magnetic fields with an extremely high field gradient. This
allowed scientists to implement a magnetic drug delivery system.

When a drug is consumed in a conventional manner to treat a medical condition,
it is widely noted that just a small percentage of drug will reach and tackle the
targeted site. Thus, conventional methodologies of consuming a drug might result
as a waste and in the most severe cases drugs might even harm the human body. The
main essence of Magnetic Drug Delivery System (MDDS) is that it will effectively
transport and operate drug delivery to the targeted region with the highest accuracy.
In terms of historical aspect, the research and development of MDDS had begun in
1970s. At that time, medical researchers and physicians did not have powerful mag-
nets to produce a magnetic force strong enough to systematically guide magnetically
seeded drug (containing ferromagnetic fine particles) to locally cure certain lesions.
More recently, MDDS becomes a fundamental therapy technology employing a
superconducting magnetic force, which allows to deliver high concentration drug
targeting a diseased organ. This will lead to eradication and reduction of high
toxicity levels within a normal tissue and will also show a promising role in the
future of DDS. In the recent days, Hitachi had developed DDS that successfully
utilizes single-grain Gd-123 material (see in Fig. 13.4).

13.4.3 Medical Accelerators in Cancer Therapy

In the current generation, cancer is regarded as a second leading cause of death
for both males and females. According to National Institute of Health, during a
period of 1990–2006, cancer mortality rate in the United States had tremendously
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Fig. 13.4 Next generation of
magnetic drug delivery
system (MDDS) apparatus
developed under the NEDO
support at Tokyo Women
Medical University utilizing
the high temperature bulk
Gd-123 superconducting
super-magnets

decreased from 215 to 175 per 100,000 people in a population as novel treatment
methodologies had been developed [17]. Moreover, radiotherapy serves as a signifi-
cant treatment technique towards cancer as radiation is capable of killing cancerous
cells while sparing healthy tissues of a body. In the recent days, more than 90%
of radiation therapy utilizes powerful energy of Bremsstrahlung radiation supplied
from electron linear accelerators.

The recent technology enabled superconducting magnets to play a powerful role
in cylotron accelerators within hadron therapy. Pursuing this topic further, this is a
particular form of radiation treatment that effectively utilizes ionized particle beams
in the place of X-ray to operate on pediatric cancer tumors [18]. The implementation
of high field superconducting cyclotrons had captured the attention of numerous
physicists worldwide as it was an option of compact accelerators that decreased high
operating costs along with inconvenient infrastructure. On the other hand, one can
note that basic magnetic design and configuration of superconducting cyclotrons are
somewhat exactly the same as resistive magnetbased cyclotrons originally proposed
by Lawrence.

More recently, an innovative, conceptual design of compact superconducting
synchrocyclotron, without iron in its core design, had been developed. It is essential
to note that light weight concentric field shaping coils would replace heavy iron
pole tips as it displayed the potential of generating powerful beams through high
acceleration [19]. As a whole, iron-free design could further expland clinical
treatment and studies as a single facility can operate on numerous ion species
ranging from carbon to ion. Also, this newly developed innovation would enable
radiation oncologist to utilize best type of treatment for each type of cancer
associated with the patient.
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13.4.4 Nuclear Magnetic Resonance (NMR)

More recently, Nuclear Magnetic Resonance (NMR) had become a widely utilized
medical imaging technique in which conventional superconducting magnetic mate-
rials are widely used. It is evident that NMR imaging possess a wide range of
advantages as it may replace several medical diagnostic techniques which include
positron emission tomography scan, CT scanning, myelograms, digital subtraction
radiography, angiogram, and so on [20]. NMR imaging plays a promising role to
measure blood flow to detect future strokes, examine soft-tissues within kidney,
brain, and liver, and conduct high magnetic field chemical biopsy [21]. However,
the successful implementation of superconducting magnet NMR imaging within
hospitals will be dependent on economic, political, and technical factors.

NMR scanning functioned as a fundumental tool for drug discovery along with
protein structure determination. The protein structure is an essential property to
comprehend its biochemical function along with its biological properties [22].
Thus, superconducting magnets within core of NMR spectrometer enabled scientists
to analyze protein structure with high precision, resolution, and homogeneity.
Continuous support from research and development of superconducting magnets
for NMR facilities is essential to envision the future advancement of NMR imaging
[23].

13.4.5 Magnetoencephalography (MEG)

Magnetoencephalography (MEG) is a crucial technique within clinical and basic
neuroscience research as it enables scientists to closely study the brain activity
by recording high magnetic field generated by neural currents [24]. In terms
of mechanical structure, MEG is operated by high-Tc superconducting quantum
interference devices (SQUID), using liquid nitrogen rather than liquid helium as a
coolant. Moreover, high-Tc MEG had demonstrated its capability of examining new
rhythms which is an essential quality to act as a marker for cognitive degeneration
like Alzheimer’s disease [25]. Finally, it can be noted that MEG gives distinct
advantages as compared to EEG and fMRI as it allows researchers to obtain
temporal characteristics of brain activation with millisecond precision.

13.5 Conclusions

Superconducting magnetic technology had widely expanded in the field of medical
applications, ranging from MRI to MEG. It is widely noted around the globe that
medical applications count for 24% of total estimated market for superconducting
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technology with significant funding opportunities. As a whole scale scenario,
superconducting technology had vastly opened up innovative medical application
market; however, strong leadership along with governmental support is further
needed to expand the contribution of superconducting materials in medical research.
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