
Chapter 17
Growth and Properties of Epitaxial Chromium
Dioxide (CrO2) Thin Films and Heterostructures

Guo-Xing Miao and Arunava Gupta

Abstract CrO2 is a remarkable ferromagnetic material that is simultaneously an
excellent metal for majority spin electrons and an insulator for minority spin elec-
trons [1–3]. For this reason, CrO2 is called a half-metal, and in fact, it is the only
one experimentally demonstrated [4–6]. Because of this, CrO2 has received con-
siderable interest for spintronic applications in recent years. Band structure cal-
culations have shown that the conduction bands in the spin minority channel of
this system are completely shifted away from the Fermi level, resulting in 100%
spin polarization. This makes it an attractive choice as a ferromagnetic material for
spin-dependent devices such as spin injectors and spin detectors. In this chapter, we
briefly describe the bonding characteristics in CrO2, based on first principles band
structure calculations, as well as discuss some of its intrinsic structural, electrical,
and magnetic properties. The strain-induced magnetic anisotropy resulting from lat-
tice mismatch with the substrates is also discussed. Finally, we provide some details
regarding the fabrication of epitaxial rutile-based heterostructures and their trans-
port properties in micron-sized tunnel junction and GMR devices.

17.1 Density of States (DOS) of Half-Metallic CrO2

and the Double Exchange Mechanism

We use the DOS of half-metallic oxide (CrO2), a non-magnetic metallic oxide
(RuO2), and an insulating oxide (TiO2), all belonging to the rutile family, to illus-
trate the differences between a half-metal and other materials. Figure 17.1 illustrates
the unit cell of a rutile structure. We choose TiO2 (with the rutile structural poly-
morph) for comparison because Ti(Z = 22) is very close to Cr(Z = 24) in the
periodic table, and it is also the most common member within the rutile family.
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Further, very high-quality single crystal substrates of TiO2 with cuts of different
orientations ((100), (110), and (001)) are available commercially. We choose RuO2

as an example of a non-magnetic metallic rutile oxide. We can epitaxially grow thin
films of these rutile oxides using the technique of chemical vapor deposition (CVD)
and also form heteroepitaxial structures with each other.

Fig. 17.1 The rutile crystal
structure. The dark spheres
indicate the O ions, and the
light spheres indicate the
cations (Ti, Cr, Sn, Ru, etc.)
in the unit cell. The
octahedral coordination of the
central cation is depicted in
the drawing

In the following examples of DOS results for various rutile oxides, we have
carried out the calculations using the generalized gradient approximation (GGA)
method in the VASP code allowing the atoms to relax to their equilibrium posi-
tions by minimizing the stress tensors acting on them. Figure 17.2 illustrates the
total DOS for CrO2, TiO2, and RuO2. The half-metallic nature of CrO2 is appar-
ent from comparing the three plots. The spin-up DOS of CrO2 closely resembles
the DOS of RuO2, while the spin-down DOS of CrO2 is similar to the DOS of
TiO2. Therefore, CrO2 is metallic in its spin-up channel, and insulating in its spin-
down channel, hence the name “half-metal.” The s, p, and d electron sub-DOS
of CrO2 are also illustrated in Fig. 17.2. Below the Fermi energy in the energy
range −8eV< E <−2eV, the p and d electron DOS have similar shapes, although
with differing intensities. As a consequence, there is covalent bonding between the
Cr(3d) and the O(2p) electrons. The crystalline field due to the octahedral coordi-
nation of the Cr ions splits the Cr3d orbitals into t2g and eg sub-bands, occupying
the energy range −2eV < E < −2eV and 2eV < E < −2eV, respectively. The
spin-down DOS is rigidly shifted because of exchange interaction by approximately
2rmeV , resulting in a band gap of about 2eV in the spin minority channel. The local
distortion of the CrO6 octahedra further splits the t2g bands into xy, yz + zx , and
yz−zx orbitals. Cr4+ (d2) has two valence electrons. One of them, with xy character,
is buried below the Fermi level (the DOS peak between −eV and 0eV) and strongly
localized at each site. The other, with mainly yz + zx character, lies across the
Fermi level and is strongly hybridized with O2p electrons. It has been proposed that
such an electronic configuration makes CrO2 “a self-doped double exchange ferro-
magnet” [3]. The valence electrons themselves provide the localized and mobile
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electrons, and according to Hund’s rule the free-moving electrons travel between
sites and have the effect of ferromagnetically aligning the neighboring spins.

Fig. 17.2 The DOS for half-metallic CrO2, metallic RuO2, and insulating TiO2. The angular
momentum dependent sub-DOS of CrO2 is also shown in the upper right panel. The Fermi level
is defined as energy zero

17.2 Intrinsic Properties of Epitaxial CrO2 Films

As mentioned earlier, CrO2 has a tetragonal rutile structure with bulk lattice param-
eters of a = b = 0.4421 nm and c = 0.2916 nm The short c axis is a consequence
of the distortion of the oxygen octahedral. Being a metastable phase, the nucleation
of CrO2 is critically dependent on the substrate lattice structure and the formation
temperature. For aiding the nucleation and epitaxial growth of CrO2, we choose
an isostructural and well-lattice-matched substrate, namely (100)-TiO2 with lattice
parameters of a = b = 0.4594 nm, and c = 0.2958 nm We have deposited high-
quality epitaxial CrO2 thin films using a simple CVD reactor consisting of a quartz
tube placed inside a two-zone furnace with independent temperature control of the
two zones [7, 8]. Before film growth, the single crystal (100)-TiO2 substrates are
cleaned with organic solvents and dilute hydrofluoric (HF) acid solution and loaded
into the CVD chamber. The films are grown at a substrate temperature of 400◦C in
the primary reaction zone, with the solid CrO3 precursor being placed in the sec-
ondary zone of the furnace that is heated to about 260◦C for sublimation. Oxygen is
used as a carrier gas with a flow rate of 100 sccm.
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Due to the difficulty in the formation of CrO2 under ambient conditions, deposi-
tion during the CVD growth process occurs selectively on the lattice-matched TiO2

substrate in a very narrow temperature window of ±20 ◦C, with the quartz tube
and the susceptor remaining clean after the deposition. The selective deposition of
CrO2 [9, 10] can be exploited for the patterned growth of the material using TiO2

substrates that are pre-patterned using SiO2 [10]. The lattice match between the
film and the substrate results in epitaxial strain in the film that can lead to signifi-
cant modifications in the film properties. We will detail the influence of strain on the
magnetic properties in the next section. Because the lattice parameters of rutile TiO2

are larger than those for CrO2 by 3.91 and 1.44% along the b- and the c-directions,
respectively, the epitaxial films experience tensile stress in both in-plane directions
and consequently shrink in the out-of-plane a direction. The strain increase shows
up as a shift in the normal θ−2θ XRD peak to higher angles with decreasing film
thickness (Fig. 17.3). In addition, we have performed off-axis XRD scans to deter-
mine the in-plane CrO2 film lattice parameters for various thicknesses, and the strain
relaxation roughly follows a t1/3 dependence along all three lattice directions [11]. A
slower relaxation rate than predicted by the equilibrium Matthews–Blakeslee (M-B)
model [12] is commonly observed for epitaxial oxide films and has been attributed
to kinetic barriers in the propagation and multiplication of the misfit dislocations
needed for relaxation due to the ionic nature of the oxides [13, 14]. The strain relax-
ation mechanism in CrO2 results in changes in the film quality with thickness. The
inset to Fig. 17.3 illustrates the variation of the CrO2 rocking curve FWHM of the
(200) peak with film thickness. The peak width is a measure of the dispersion of the
films out-of-plane alignment and is a direct indication of the film quality. A peak
in the FWHM is observed for a film thickness of around 100 nm. For thinner films,
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Fig. 17.3 XRD data around the (200) TiO2 substrate and different thickness CrO2 film peaks.
Dashed line indicates the bulk CrO2 (200) peak position. Inset shows the rocking curve FWHM



17 Epitaxial CrO2 Thin Films and Heterostructures 515

dislocations are not energetically favored, and the films grow coherently on the sub-
strate. On the other hand, for thicker films, most of the strain is relaxed by disloca-
tions, and the films grow relatively strain free. For films of intermediate thickness,
the strain is only partially relaxed and is distributed relatively inhomogeneously
across the thickness of the film. The effect of inhomogeneous strain distribution on
the magnetic properties will be discussed in the next section.

The epitaxial CrO2 films exhibit a strong anisotropy in the electrical con-
ductivity between the long axes (a, b) and the short axis (c) directions,
(Fig. 17.4). The resistivity for an 84 nm thick film along the a- and c-directions
is 150 μΩ-cm and 200 μΩ-cm at room temperature, and 10.9 μΩ-cm and
5.6 μΩ-cm at 5 K, respectively. Apparently, transport along the a-direction is more
favorable at RT, but it is overtaken by the c-direction at lower temperatures. The
cross-over temperature between the two resistivity curves decreases with film thick-
ness, and it ranges from 220 K for a 17 nm film to 130 K for a 400 nm film (Fig. 17.4
inset). The residual resistivity ratio (rrr) is much larger along the c- than in the
a-direction. The larger rrr in the c-direction is not primarily a result of the increased
phonon scattering, as normally interpreted for larger rrr. Instead it is a result of
enhanced magnon scattering in this direction [15]. For comparison, similarly struc-
tured nonmagnetic RuO2 films deposited by CVD on (100) TiO2 substrates do not
exhibit any significant transport anisotropy.
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Fig. 17.4 Thickness dependence of the CrO2 resistivity along the c- and b-axis directions. Thick-
nesses are marked in nanometers. Inset shows the cross-over temperature as a function of film
thickness

The magnetic measurements presented here have been carried out on films of
dimension 5×5 mm2, with the film thickness being no more than 2×10–4 of the
lateral dimension. We thus expect the magnetization to be confined to the plane of
the substrate with negligible in-plane demagnetizing field (HD < 0.5Oe) and shape
anisotropy. The thinnest film we have studied is about 9 nm thick (corresponding
to about 40 atomic layers) and the surface anisotropy contribution, as is usually
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observed in ultrathin (1–10 atomic layers) transition metal films, is not expected
to be significant. For very thick films, the strain anisotropy can also be neglected.
Figure 17.5 summarizes the magnetic properties of a bulk-like CrO2 epitaxial film
of 1 μm thickness. Irrespective of film thickness, the epitaxial (100) CrO2 films that
we have grown display a Curie temperature (TC) of ∼390 K. The room tempera-
ture and 7 K saturation magnetization MS have been determined to be 475 emu/cm3

and 640 emu/cm3, respectively. The corresponding anisotropy energy constant K1

values are 2.2×105 and 4.5×105 erg/cm3 (Fig. 17.5), and for K2 are 4×104 and
3×104 erg/cm3, respectively [16]. The anisotropy field values HK are determined
from the in-plane hard axis (b-axis) hysteresis loops, and the crystalline anisotropy
energy constant K1 is calculated from the relation K1 = HK MS/2. Generally
speaking, bulk CrO2 is a relatively soft material as compared to most traditional
ferromagnets. Its crystalline anisotropy energy along the c-axis decreases mono-
tonically with temperature, rendering the bulk CrO2 film’s easy axis to be more
closely aligned along the c-axis at lower temperatures due to the increased energy
barrier in the hard b-axis direction. In competition, the strain arising from the mis-
fit between the CrO2thin film and the TiO2 substrate creates an additional uniaxial
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anisotropy which favors the b-axis direction. With decreasing film thickness, this
strain-induced anisotropy can become large enough to compete with and eventually
surpass the intrinsic crystalline anisotropy. We will discuss the details of this effect
in the next section.

17.3 Influence of Strain on the Magnetic Properties
of CrO2 Thin Films

For the practical implementation of CrO2-based spintronic devices, it is important to
gain a better understanding of its switching characteristics and magnetic anisotropy
and to explore possible approaches to control these properties. With such knowl-
edge, one can potentially realize independent switching of two separate CrO2 lay-
ers, and thus manipulate the relative spin orientations of the layers. The latter is
important for the operation of GMR and TMR-based devices. This section attempts
to provide a comprehensive investigation of the magnetic properties of epitaxial
CrO2 thin films, with emphasis on the strong sensitivity of its magnetic anisotropy
to strain and temperature.

17.3.1 Film Growth on Atomically Smooth TiO2 Substrates

In this section, we discuss the magnetic properties of CrO2 films deposited on atomi-
cally smooth (100)-TiO2 substrates. A dilute HF treatment of the substrates is essen-
tial to achieve such smoothness. There are two competing anisotropies present in the
as-deposited CrO2 films – the magnetocrystalline and the strain anisotropy – that are
considered significant. The former, a volume effect, is an intrinsic property of the
material that favors the magnetic easy axis to orient along the in-plane c-direction.
The latter is an interface effect, and highly strained thin films grown on (100)-TiO2

substrates exhibit magnetic easy-axis alignment along the b-direction, since the lat-
tice mismatch is larger along the b than in the c-axis direction (3.91% vs. 1.44%).
We have found that the relative magnitude of these two anisotropies is dependent
on the film thickness [17]. As illustrated in Fig. 17.6, the magnetic easy axis is
aligned along the c-direction for thick CrO2 films, but it becomes the hard axis for
thin films due to the dominance of the strain anisotropy. The cross-over thickness is
approximately 50 nm. Figure 17.7 clearly demonstrates the rotation of easy axis with
film thickness, as evidenced from the 90◦ out of phase between the thick and thin
films’ magnetic switching properties. Based on simple estimates, one expects the
ratio of the magnetocrystalline energy to the strain anisotropy energy to be approxi-
mately proportional to the film thickness t, which is related to the volume-to-surface
ratio. We will show, based on a simplified model of residual strain in the film, that a
more complex thickness dependence is appropriate in the heavily strained CrO2 thin
films.
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Fig. 17.6 Hysteresis loops
for a thin (15 nm) and a thick
(200 nm) CrO2 film along the
c- and b-axis directions

We here attempt to explain the thickness dependence of the magnetic anisotropy
and easy axis rotation. We describe the free energy of the system as follows:

E = K0 + K1 sin2 θ + K2 sin4 θ + (Kσc sin2 θ + Kσb cos2 θ )

= const + K1 sin2θ + Kσ sin2 θ + K2 sin4 θ
(17.1)

where K1 and K2 are the magnetocrystalline anisotropy energy constants; Kσb and
Kσc are the strain anisotropy energy constants associated with the b- and c-axis
directions, respectively.

Kσ = Kσc − Kσb = 3

2
λ(σc − σb) = 3

2
λY (εc − εb)

where θ is the angle between the magnetization and the c-axis; σc and σb are the
stress components [18]. We have represented Kσ in terms of the strain components
in the two directions by using the relationship Kσ = 3

2λY ε, where λ is the magne-
tostriction coefficient, Y is the Young’s modulus, and ε is the strain [18].

It is well known that for epitaxial growth on lattice-mismatched substrates the
film usually grows coherently strained to match the substrate for thin layers. How-
ever, above a critical thickness, dislocations are generated to relieve the misfit strain.
By minimizing the sum of the energy of the misfit dislocations and the elastic
misfit strain, Matthews and Blakeslee (M–B) [12, 19] have derived the thickness
dependence for the residual equilibrium strain,
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Fig. 17.7 Thickness
dependence of the CrO2

anisotropies. Inset shows the
enlarged curve for the 27 nm
film

ε = 1 − ν cos2 ϕ
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where b is the magnitude of the Burgers vector of the dislocation, and α =
1 − ν cos2 ϕ

8π (1 + ν) cosφ
is a constant that depends on the Poisson ratio (ν ∼= 0.3), the

angles of the Burgers vector with respect to the dislocation line (ϕ), and the angles
between the interface and the normal to the slip plane (φ). By neglecting the K2

term in Eq. (17.1), we can relate the effective magnetic anisotropy energy constant
K1e f f = K1 + Kσ to the film thickness t,

K1eff = K1 + 3

2
λYα

[
c

t
ln

(
4t

c

)
− b

t
ln

(
4t

b

)]
(17.3)

In the above equation, we have approximated the magnitudes of the Burgers vectors
in the b- and c-directions with the corresponding lattice parameters. From Eq. (17.3),

it is seen that the ratio between K1 and Kσ is proportional to
t

ln t + const
for films

thicker than a few tens of nanometers (i.e., when t >> b, c). By analyzing the
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anisotropy fields based on the hysteresis loop measured along the hard-axis direction
at room temperature (e.g., Fig. 17.6), we have determined the values of K1eff for
CrO2 films over a large range of thicknesses, and a fairly good match has been
observed between the model and the experiment [17]. We have carried out X-ray
measurements of the off-axis CrO2 (220) and (202) peaks to determine the in-plane
b and c lattice parameters, and the value of α is determined to be 0.39 from the
experimentally measured strain in a 50 nm CrO2 film. If we assume the Young’s
modulus to be 2.5×1012 dyne/cm2, as in the case of bulk TiO2, the magnetostriction
coefficient of CrO2 at room temperature is estimated to be 9.4×10–6. Because of
differences in the thermal expansion coefficient between the film and the substrate,
the temperature can also induce easy axis reorientation in CrO2 films, especially for
films with thickness around 50 nm.

From the above discussion, it is clear that the nature of the strain relaxation as
a function of thickness has a strong influence on the magnetic anisotropy of CrO2

films. The crystalline and strain anisotropy directions for growth on (100) TiO2 sub-
strate are orthogonal to each other. If coherent rotation can be achieved for all thick-
nesses, the easy axis should be along the c-direction for films thicker than 50 nm,
and along the b-direction for films below 50 nm, as suggested by the change in the
sign of K1eff [17]. However, our results show that the anisotropy of CrO2 films is
more complicated than a simple switching of easy axis for an intermediate range
of thicknesses. In the thickness range of about 50–250 nm, we find that the CrO2

films do not exhibit a simple uniaxial switching behavior. Figure 17.9(a) shows the
hysteresis loops for a 65 nm film with fields applied along various angles relative
to the c-axis. Clearly, there exist two different switching fields, and they are 90◦ out
of phase, corresponding to the easy axis being along the b- or c-direction. A similar
behavior is observed for thicker films up to about 250 nm, with the c-axis switch-
ing component increasing in magnitude while the b-axis component decaying with
increasing film thickness.

The original M–B model was developed for relatively thin films in which the
thickness is not much larger than the spacing between neighboring edge dislocation
lines, and therefore the strain distribution is assumed to be homogeneous throughout
the film. In reality, especially for thick oxide films, the strain is more concentrated
near the interface and is gradually relaxed by forming dislocations. This is evidenced
from the non-uniform distribution of dislocations at various depths in the films [20,
21]. Using a simple model for the strain distribution throughout the film thickness,
we have demonstrated that it is energetically more favorable to form a 90◦-domain
wall in the middle of the film, and it thus results in the observed double-switching
phenomena [17]. The key factors that favor such a phenomena are that the material
must have low exchange stiffness constant (A), higher strain anisotropy (Kb∼3/2
λYε) of the bottom layers, and sufficient thickness to form the domain wall. For films
not too thin, and the strain distributed linearly near the substrate–film interface up to

thickness t0, the criterion is
1

2
Kbt0 ≥ β

2
π [A(Kb + Kt )]1/2. Here Kt is the top layer

crystalline anisotropy energy constant, β is a dimensionless factor depending on the
distribution of strains, and in the above-mentioned case, it is 0.22. CrO2 satisfies the
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criterion because it has a low Curie temperature (low A), a relatively large lattice
mismatch with the substrate, and yet can maintain epitaxial growth.

17.3.2 Films Grown on As-Polished TiO2 Substrates

The growth morphology of the CrO2 films is critically dependent on the TiO2

substrate-cleaning procedure utilized prior to deposition. Films grown on as-
polished (100)-TiO2 substrates that are cleaned with organic solvents (acetone and
isopropanol) and then rinsed in distilled water are relatively rougher and have a
columnar morphology with only a small residual strain [11]. The strain effect is
much more pronounced in films grown on substrates that are briefly treated with
dilute HF prior to deposition. AFM images confirm that the HF-treated substrates
have an atomically smooth surface (Fig. 17.8), and this is the origin of the large
strain established in the films described above. Furthermore, the CrO2 films
deposited on top of HF-treated substrates show elongated grains, while those on
as-polished substrates show square-shaped grains. This is yet another consequence

Fig. 17.8 AFM images of (100)-TiO2 substrates before (a) and after (b) HF treatment, and CrO2

films grown on top of them, 65 nm (c) and 37 nm (d)
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of the effect of residual strain. Hereafter, we refer to the CrO2 films grown on TiO2

substrates that do not or do undergo the additional HF treatment as strain-free and
strained films, respectively. Note that the “strain-free” films are not completely
strain free, but exhibit a much lower level of strain as compared to the other type
of films. Further improvements in the CrO2 film morphology is expected with use
of TiO2 substrates that are annealed at high temperatures (700−1,000◦C) after the
HF chemical treatment [22]. Depending on the miscut angle, the annealing step
can lead to formation of large flat terraces with well-defined unit cell steps on the
substrate surface.

We next focus on the magnetic properties of the strained and strain-free films. As
previously noted, the strained films that grow on atomically ordered substrates are
much more heavily strained than the strain-free films.

The effective anisotropy energy constant K1eff can thus be negative, resulting in
an easy axis reorientation toward the b-axis. In the case of strain-free films, the
nucleation and growth of the film occurs more randomly since the surface is rough
on an atomic scale. Correspondingly, the strain anisotropy in these films is signif-
icantly lower than the crystalline anisotropy. Because of the presence of a large
number of defects, the RMS roughness of these films is typically about twice as
large as those of the strained films. Despite an inferior crystalline quality, these
films exhibit magnetic switching behavior close to that observed in bulk single crys-
tals of CrO2. Figure 17.9 shows the hysteresis loops of a strained and a strain-free
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Fig. 17.9 Comparison of the hysteresis loops for a heavily strained (a) and a relatively strain-free
(b) CrO2 film. Both films are 65 nm. The indicated angles are the field direction with respect to the
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film, both of which are nominally 65 nm thick. The double-switching phenomena,
resulting from non-uniform distribution of strain, that normally appear in the heav-
ily strained films of intermediate thickness, are not observed in the strain-free films.
Furthermore, because of the lack of any significant influence of strain in the lat-
ter, the magnetic anisotropy is close to being uniaxial with a much more uniform
magnetization, resulting in a higher nucleation field.

The CrO2 films grown on TiO2 substrates can be readily etched by chemical
treatment using a commercial chromium etchant solution. The cleaned substrates
can then be reused (after HF pre-treatment) for growth of CrO2 films. We have found
that TiO2 substrates that have been repeatedly re-cleaned also lead to the growth of
strained CrO2 films, but progressively less so with increasing usage as compared to
virgin HF-treated substrates [11]. This is not surprising considering that the surface
becomes increasingly rougher with each deposition and surface cleaning cycle. In
addition, we have found that ion milled substrates also lead to the growth of less-
strained films. This suggests that it is important to start with an atomically smooth
surface in order to obtain coherently strained epitaxial films.

17.4 CrO2-Based Heterostructures

We have taken advantage of the fact that the switching field of CrO2 thin films is
strain dependent to achieve differential magnetic switching in CrO2/epitaxial spacer
layer/CrO2 heteroepitaxial structures without resort to exchange biasing of one of
the magnetic layers. Exchange biasing would in general require an additional anti-
ferromagnetic layer that can potentially degrade the epitaxy. The spacer layers we
have explored include SnO2, RuO2, and Cr2O3. In all cases, the bottom CrO2 layer is
grown on an atomically smooth TiO2 surface as described above, while the top layer
is deposited on top of a somewhat rougher spacer layer that is either formed natu-
rally (Cr2O3) or deposited by CVD (SnO2, RuO2), and is less strained than the bot-
tom layer. With spacer layer thicknesses of ≥ 2 nm, the top and bottom CrO2 layers
can be magnetically decoupled (Fig. 17.10). Indeed, the XRD results in Fig. 17.11
show that the two layers are strained differently, as reflected by the presence of two
separate peaks in the θ−2θ scans. However, when using Cr2O3 as a spacer layer, the
two peaks are indistinguishable, suggesting that the very thin Cr2O3 reverts back to
CrO2 during the deposition step for the top CrO2 layer. The extremely low resis-
tance of MTJs fabricated using CrO2−CrO2 layers separated by a natural barrier
provides further evidence of the absence of interface Cr2O3 after the second depo-
sition step. Interestingly, high-resolution TEM images show that the formation of
either RuO2 or SnO2 on top of the CrO2 surface also results in the removal of the
native Cr2O3 surface layer [15, 23], but at the expense of increased interface rough-
ness. The increased interface roughness, or what we term intermixing, has a signif-
icant influence on the spin polarized transport as described later. We have observed
substantial magnetoresistance (MR) in these heterostructures with using Co as a
counter-electrode. But the observed MR values are far lower than what would be
expected based on the simple Julliere model. Surprisingly, negligible MR has been
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observed in the more interesting fully epitaxial CrO2 heterostructures using SnO2

and RuO2 spacer layers.

17.4.1 Epitaxial SnO2 Barrier Layer

Despite a large difference in the lattice parameters, epitaxial SnO2 (a = b =
0.4737 nm, c = 0.3185 nm; lattice mismatch with CrO2 being 7.2 and 9.2%, respec-
tively) layers can be deposited on top of CrO2 in a separate CVD step. The epi-
taxy has been confirmed using both TEM and off-axis XRD measurements [23].
We have used tin (IV) iodide as a precursor for the growth of thin SnO2 layers.
Figure 17.12 shows a cross-sectional Z-contrast image of the interface region for
a 50 nm CrO2/20 nm SnO2 heterostructure. The two layers are well aligned and
form an abrupt interface, with no evidence of an interfacial layer of Cr2O3, overall
indicating that the SnO2 layer is indeed highly crystalline and uniform.

CrO2

SnO2

1 nm

Fig. 17.12 High-resolution STEM image at the CrO2/SnO2 interface of a film deposited on a
(100) TiO2 substrate. One of the edge dislocation cores resulting from the lattice mismatch is
highlighted. (Courtesy of M. Varela and S. J. Pennycook, Oak Ridge National Laboratory)

Amongst the three layers investigated, SnO2 is the barrier material that has
yielded the highest MR in the CrO2-based systems. Using Co as counter-electrode,
the MR is about 14% at 10 K for an optimized barrier layer thickness of about
1.7 nm. Figure 17.13b shows one example of such a MTJ. Since SnO2 is a
semiconductor, MTJs based on it exhibit some unusual behavior. Firstly, the
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Fig. 17.13 Comparison of the MR loops in CrO2−Co-based junctions with natural Cr2O3, epitax-
ial SnO2 and RuO2 as spacer layers, respectively. Junction areas are 35×7 μm2. Inset in (c) shows
the AMR signal measured from the CrO2 bottom electrode

tunneling magnetoresistance (TMR) is negative for very small SnO2 thicknesses,
reverses sign at around 0.8 nm, and then peaks for a barrier thickness of 1.7 nm.
This behavior is shown in Fig. 17.14. As the SnO2 thickness is reduced, the chemi-
cal bonding at the top interface shifts from being predominantly Co−SnO2 to being
mostly Co−Cr2O3. For small SnO2 thicknesses, the tunneling is dominated by the
negatively polarized d-like electrons due to sdσ bonding, whereas for larger thick-
nesses positively polarized s-like electrons dominate because of ssσ bonding. The
increase of the TMR is correlated with the exponential increase of the junction RA
product, consistent with an elastic tunneling process. As the barrier thickness is
increased further, a cross-over into the diffusive regime is evidenced.

In this case, the hopping mechanism dominates, and the TMR decreases with
increasing SnO2 thickness. Interestingly, the RA value also decreases as the barrier
thickness increases. A rapid drop in the SnO2 resistivity with film thickness has been
reported for as-grown epitaxial SnO2 films using CVD [24]. This is dependent on
the deposition method used for the growth of SnO2. In an oxygen environment at
elevated temperatures, thinner CVD-grown SnO2 films are closer to being stoichio-
metric, while thicker films tend to develop more oxygen vacancies.
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Fig. 17.14 Thickness dependence of TMR and junction RA at 10 K and 1 mV bias voltage; the
dashed and solid lines are for visual guidance

From the results, we can estimate the concentration of oxygen vacancies in the
barrier layer. For this, we assume the existence of two parallel conduction chan-
nels – a ballistic tunneling channel and a diffusive channel. When the direct conduc-
tance becomes equal to the tunneling conductance, a cross-over in the RA value is
observed. Assuming that at the cross-over point the conductances of the two chan-
nels are equal, we can estimate the barrier resistivity at 10 K to be about 6×105

Ω-cm. For the 8 nm barrier, which is sufficiently thick that direct conduction domi-
nates, the barrier resistivity is estimated to be only 3×102 Ω-cm. The large decrease
of the SnO2 resistivity is a signature of the dramatic increase in the concentration
of oxygen vacancies in the thicker SnO2 films, as well as the associated decrease in
the carrier mobility [25]. Even so, using an approximate mobility value of 7 cm2/V�s
[26], we estimate a carrier concentration of only 3×1015 cm−3 for the 8 nm barrier at
10 K, and the estimated oxygen vacancy (assuming each O vacancy contributes two
charge carriers) is below 0.03 ppm. If the spin coherence can be maintained in the
direct conduction pathway, the MR should not change significantly with the emer-
gence of this conduction channel. However, because of large spin–orbit coupling,
the Sn atoms (Z = 50) are strong spin scattering centers, and the spin diffusion
length in SnO2 is only about 4 nm as estimated from the decay rate of the MR.

Figure 17.15 shows the bias-dependence results for one of the SnO2-based MTJ.
A clear signature of defect mediated tunneling is inferred from the data. Firstly,
the samples exhibit a rapid drop in TMR with applied bias voltage, which points
to the existence of spin-flip scattering resulting from impurities in the barrier [27].
Two sources of impurities are possible – Cr ions and oxygen vacancies. The former
is a consequence of the intermixing at the SnO2/CrO2 interfaces, and the latter
has been theoretically predicted and experimentally observed in SnO2, resulting in
its semiconducting properties [28]. Secondly, a clear TMR reversal with applied
bias voltage is observed [29,30,31]. Unlike previous findings [32,33,34], the TMR
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Fig. 17.15 Comparison of bias dependence for CrO2/Co junctions with 2 nm SnO2 barriers (white)
and natural Cr2O3 barriers (black), inset shows the zoomed-in region. The magnetoresistance of
the SnO2 sample at 1 and 450 mV bias values are shown on the right. T = 10 K

reversal with bias cannot be attributed to the DOS peak in the Co 3d minority bands
at about 400 mV bias [33, 34], since that would imply a negative TMR at zero bias
and a positive TMR at high-bias values. Based on the model proposed by Tsymbal
et al. [29,30,31], we attribute the observed TMR reversal at higher bias voltages
(250−400 mV depending on the barrier thickness, Fig. 17.15) to the existence of
impurity levels within the barrier.

Figure 17.16 illustrates the tunneling spectra for an MTJ with a 2.5 nm SnO2

barrier sandwiched between two epitaxial CrO2 layers. The nonlinear I−V char-
acteristics provide evidence of tunneling transport. However, the large temperature
dependence of the conductance indicates that the tunneling is dominated by mul-
tistep hopping instead of direct tunneling. Surprisingly, no MR has been observed
in these MTJs. On the other hand, a sample prepared in the same run, but with Co
as the top electrode, showed finite TMR at 10 K (Fig. 17.13b). The results are puz-
zling, and we believe part of the problem is in the rough/intermixed interfaces in the
all-heteroepitaxial structures. The deposition of the second CrO2 layer is performed
at an elevated temperature, which may introduce additional spin scattering centers
at the interfaces and also inside the barrier layer itself. High-resolution microscopy
images of the top interface in these epitaxial heterostructures are needed in order to
identify the influence of deposition of the top layer.

17.4.2 Epitaxial RuO2 Barrier Layer

Epitaxial RuO2 thin films can also be deposited on TiO2 and CrO2 using CVD
methods [15, 35]. The lattice parameters of RuO2 (a = b = 0.4499 nm and c =
0.3107 nm) provide a better lattice match with CrO2 in the two in-plane directions
(1.8 and 5.0%, respectively) than with SnO2. For the growth of RuO2, we have
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Fig. 17.16 Tunneling spectroscopy measurements for a 100 nm CrO2/2.5 nm SnO2/200 nm CrO2

MTJ. The junction area is 35×7 μm2, and the measurement temperature T = 10 K

used tris(2,2,6,6-tetramethyl-3,5-heptanedionato) ruthenium(III) (Ru(TMHD)3) as
a precursor. RuO2 exhibits good metallic behavior, with room temperature resis-
tivity of ∼40 μΩ-cm, and can thus be used as a spacer layer in GMR structures.
CrO2 − RuO2 − CrO2 should be an “ideal” spintronic system based on electronic
structure. For parallel alignment of the magnetizations of the two CrO2 layers, the
resistance should be extremely small because of the close majority band matching
between CrO2 and RuO2. For anti-parallel alignment, however, the resistance should
be extremely high, giving ∼100% magnetoresistance for the ideal case.

The detailed structural and electrical properties of CVD-deposited RuO2 thin
films are provided in [15]. Using CrO3 as a precursor for the CrO2 growth, and
Ru(TMHD)3 for depositing RuO2, we have the advantage that the entire structure
can be grown under process conditions compatible with the growth and stability of
CrO2. However, although both films can be grown under similar conditions, it is still
necessary to stop the growth after each layer and exchange the precursors to grow
the next layer. This is because both of the precursors are solids at room temperature,
and there is no convenient scheme for switching from one to the other in situ using
our setup.

As the TEM micrograph in Fig. 17.17 shows, the RuO2 spacer forms a contin-
uous spacer layer in the heterostructure, but the RuO2/CrO2 interfaces are quite
rough and intermixed. Surprisingly, we find that that despite stopping the growth
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Fig. 17.17 HRTEM of a CrO2/RuO2/CrO2 heteroepitaxial structure. The right side figure shows
a high-magnification image of the interface intermixed region (adapted from Ref. [35])

and exchanging precursors after the CrO2 deposition, the typical Cr2O3 natural bar-
rier on the CrO2 surfaces is absent after the RuO2 deposition (similar to that of
CrO2 − SnO2 discussed previously). This yields a highly conductive interface that
has a resistance at least four orders of magnitude lower than if the Cr2O3 were
present. The high-resolution TEM (shown as an inset in Fig. 17.17) and electron
diffraction pattern at and around the CrO2/RuO2 interface reveals a highly inter-
mixed region ∼2 nm wide, with a lattice parameter between those of CrO2 and
RuO2. In our interpretation, this intermixed region results from the transformation
of a Cr2O3 surface layer formed after CrO2 deposition (but before RuO2 deposition)
into the rutile structure upon RuO2 deposition, giving a CrO2/RuO2 mixture.

So far, we have observed very limited MR in these heteroepitaxial structures
(Fig. 17.13c). At least part of the reason for the low MR might be from poor mag-
netic ordering and spin alignment at the mixed CrO2/RuO2 (001) interface. Pre-
liminary first principles calculations suggest that non-collinear spins resulting from
interface mixing may play a role. In these calculations, we find that the moments
of the Cr atoms prefer to align at an angle of ∼150◦, while the Ru atoms develop
a small moment that aligns opposite to that of the sum of two Cr atoms [36]. Such
non-collinear spin arrangements, which will depend on the details of the Cr and Ru
occupation of the disordered rutile structure, are expected to cause mixing of the
spin channels, drastically reducing the GMR effect.

17.4.3 VO2 Barrier Layer

VO2 is yet another rutile oxide that has been investigated extensively, primarily for
its unique metal–insulator transition occurring at around 340 K resulting in dra-
matic change in electrical resistivity. Because of the large change in the resistance
of the spacer layer at the transition temperature, a change in the magneto-transport
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characteristics from TMR to CPP-GMR would be expected in CrO2 − VO2 − CrO2

heterostructures. This may involve both changes in the MR magnitude as well as its
bias dependence, and could lead to novel effects to be exploited for new applications
for storage and memory devices.

Chemical vapor deposition can be used to grow VO2 thin films at relatively low
temperatures [37]. We have used vanadium (III) acetylacetonate as a precursor for
the growth of VO2 films. Above the transition temperature, VO2 has a rutile structure
(a = b = 0.4556 nm, c = 0.2859 nm), which matches fairly well with CrO2 (3.1 and
−2.0%). Below the transition temperature, VO2 has a monoclinic structure (a =
0.5743, b = 0.4517, c = 0.5375, and β = 122.6◦). Figure 17.18 shows the M−I
transition in an as-deposited epitaxial VO2 film (∼100 nm thick) on (100) TiO2

substrate. The high quality of the film is confirmed by the sharpness of the transition
and the associated hysteretic behavior. Vanadium has a number of stable oxidization
states, and different phase(s) of vanadium oxide (VO, V2O3, VO2, V2O5 can be
stabilized in thin film form, particularly when they are very thin. XPS result shows
that a 2−3 nm thick VOx film deposited on top of a CrO2 film is primarily V2O5

(Fig. 17.19), instead of the desired VO2 phase. Indeed, preliminary measurements
on MTJs fabricated using such a VOx barrier with Co counter-electrode did not
show any evidence of an M−I transition above room temperature. The TMR in
these junctions is negative, similar to that observed with a natural Cr2O3 barrier.
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Fig. 17.18 Metal–insulator
transition in an epitaxial VO2

film (∼100 nm)

17.4.4 TiO2 Barrier Layer

TiO2 is the most common rutile structure oxide. The name rutile comes from the
mineral composed mainly of TiO2. The lattice parameter of rutile TiO2 are a = b =
0.4594 nm, c = 0.2958 nm, providing a good match with CrO2 (3.9 and 1.4%).
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Fig. 17.19 XPS result for a thin VOx film deposited on top of a CrO2 film. Inset shows the O 1s
and V 2p spectra. Peakfit of the V 2p3/2 line suggest the presence of VO2 (23%) and V2O5 (77%)
states

Indeed, as a substrate material, rutile TiO2 provides an excellent template for the
epitaxial growth of CrO2 films as discussed earlier. We have used titanium(IV) iso-
propoxide as a precursor for the growth of TiO2 films. Although rutile TiO2 is the
most stable and abundant phase of TiO2, the primary challenge is to stabilize TiO2 in
its rutile structure at low enough temperatures on top of CrO2 since the latter readily
decomposes at temperatures much higher than 400◦C (see next section). At lower
temperatures, the anatase and brookite phases of TiO2 are formed, and they can be
converted to the rutile phase only at temperatures above 750◦C. Direct deposition
of rutile TiO2 films using CVD at temperatures as low as 490◦C has been reported
[38]. With plasma enhancement, it is possible to reduce the temperatures even lower
[39]. However, using standard CVD, we have thus far succeeded in only growing
the anatase phase of TiO2 at temperatures compatible with the stability of CrO2. To
the best of our knowledge, there have been no other reports in the literature on the
growth and transport measurements of heteroepitaxial CrO2/TiO2-based MTJs.

17.4.5 Cr2O3 Barrier Layer

Cr2O3, an antiferromagnetic insulator (TN = 307 K), is the most stable phase in the
Cr oxide family. The formation of the different phases of Cr oxide by CVD is depen-
dent on the deposition temperature, background pressure, and lattice mismatch with
the substrate [40]. The air-exposed surface of an as-grown CrO2 film tends to be
reduced to Cr2O3 forming a native insulating layer. This insulating layer can be uti-
lized as a tunneling barrier. From the STEM and EELS data shown in Fig. 17.20, the
thickness of the barrier is estimated to be ∼2 nm. An example of the TMR measured
in a CrO2/natural barrier/Co tunnel junction is shown in Fig. 17.12a, and the first
results on such junctions were reported in [41]. One striking feature of the natural
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Fig. 17.20 STEM image and EELS line scan data for a Co/natural barrier/CrO2 stack. The inter-
face chemical width, which includes the natural barrier, is about 2 nm. (Courtesy of M. Varela and
S. J. Pennycook, Oak Ridge National Laboratory)

barrier-based MTJs is the inverse sign of the TMR, which has been attributed to
the dominance of d-like tunneling electrons [23]. The thickness of the Cr2O3 can
be controllably increased by thermally annealing the CrO2 films. The transverse
susceptibility results on CrO2 films that have been partially converted to Cr2O3, by
annealing in an oxygen environment at 450◦C for different lengths of time, have
been reported in [42]. Figure 17.21a shows the XRD pattern for a 200 nm CrO2 film
after thermal annealing. Clearly the CrO2 peak intensity decreases with increasing
anneal time, with the emergence of the Cr2O3 (110) and (006) product peaks. The
corresponding magnetic hysteresis loops of the samples are shown in Fig. 17.21b,
confirming the decrease in magnetization with increasing anneal time.

Fig. 17.21 (a) XRD for CrO2 films partially decomposed into Cr2O3. The starting CrO2 film
thickness is around 200 nm, and the curves are systematically shifted upwards by a decade for
clarity. (b) Hysteresis loops for the samples with increasing anneal time
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Fig. 17.22 Variations in the coercive and anisotropy fields for thermally decomposed CrO2 −
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Large changes in the coercive and anisotropy fields are observed in these
CrO2−Cr2O3 bilayer structures. The anisotropy field, HK, increases monotonically
with increasing thickness of Cr2O3, while the coercivity, HC, exhibits an initial sharp
increase and then decreases slowly with further annealing (Fig. 17.22). The dramatic
changes in the film magnetic properties indicate the presence of exchange interac-
tions between the AFM Cr2O3 and FM CrO2. However, the exchange bias in such
an FM-AFM system is quite small. From the exchange bias measured for a 100 nm
CrO2 film that is 3/4th decomposed into Cr2O3, the exchange energy is estimated
to be only ∼0.028 erg/cm2 at 6 K, and the exchange field further drops to about
1/3rd its initial value after cycling through saturation ten times (the training effect).
From the decrease in the magnetic moment with anneal time (Fig. 17.22 inset), the
formation rate of Cr2O3 from CrO2 decomposition is estimated to be about 4 nm/h.
The TMR measured in junctions with thicker Cr2O3 barriers formed by annealing
still remains negative, and the junction resistance increases slowly. For example, for
a Cr2O3 layer thickness of 10 nm, the junction resistance is measured to be only
10 times higher than that for a natural barrier of 2 nm thickness. Furthermore, the
junction resistance is strongly temperature dependent. These results suggest that the
Cr2O3layer has a high concentration of defects, and the conduction through such a
barrier most likely involves multistep hopping instead of direct tunneling.
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