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Due to the popularity of the subject of lead-free elec-

tronic solders within the past decade, the number of

researchers active in this field has increased phenom-

enally, and the publications resulting from their studies

have exploded. These publications appear in more than

20 different scientific journals and several more

technical publications. As a consequence it has become

impossible to keep track of current status of under-

standing of a given issue. Many publications in

reviewed scientific journals are written by persons

active in different academic disciplines, such as mate-

rial science, physics, electrical engineering, mechanical

engineering, etc. Similarly, publications from industrial

counterparts often times do not indicate an awareness

of the academic research contributions in the area.

Hence it becomes necessary to provide a comprehen-

sive and interdisciplinary account of the current status

of various issues relevant to lead-free electronic

solders.

This book contains the papers that were invited for a

special issue of Journal of Materials Science: Materials

in Electronics. In this reviewed scientific journal pub-

lication there were 23 articles written by recognized

authorities in the field. Because this journal may not

be a regular source of scientific information for aca-

demic researchers in fields other than Materials Sci-

ence and those in industry, and to provide wider

awareness of the current status of lead-free electronic

solders to those persons active in the area but who are

not regular readers of the Journal of Materials Science:

Materials in Electronics, these articles are being rep-

rinted in this book.

In the last few decades, the effect of lead contami-

nation on human health has received significant

attention. Based on such concerns elimination of lead

from ceramic glaze, paint, plumbing etc. has been

legislated and implemented. However, till recently,

solders used in electronics, based on suitability and

knowledge-base developed over a long period of time,

remained lead-based. Successive rapid advances in

microelectronic devices in recent decades make them

obsolete within a very short period after their

introduction resulting in significant quantities of elec-

tronic wastes in landfills. Leaching of toxic lead from

such electronic wastes can result in contamination of

the human food chain causing serious health hazards.

As a consequence, several European and Pacific Rim

countries have passed legislations warranting elimina-

tion of lead from electronic solders by fast approaching

deadlines. Global economic pressures brought on by

such legislations have resulted in a flurry of research

activities to find suitable lead-free substitutes for the

traditional leaded electronic solders.

Inspite of the exhaustive number of studies over the

past two decades, no suitable drop-in substitutes have

been found for lead-based electronic solders. Among

the various lead-free solder alloys considered as po-

tential substitutes only a few, especially those based on

high tin, are emerging as leading candidates. Most of

these tin-based compositions are eutectics or modifi-

cations of the same. These solders are being investi-

gated, and their performances under thermal and

electrical excursions are being evaluated. In addition to

such an alloying approach where the intermetallic

K. N. Subramanian (&)
University Distinguished Faculty, Professor of Materials
Science, Department of Chemical Engineering and
Materials Science, Michigan State University, East Lansing,
MI 48824-1226, USA
e-mail: subraman@egr.msu.edu

Lead-Free Electronic Solders 1–2

123

Preface

K. N. Subramanian

Published online: 8 September 2006
� Springer Science+Business Media, LLC 2006



compounds play significant roles, composite solders

with intentionally incorporated inert, strongly bonded,

compatible reinforcements are being developed. This

latter approach provides a reinforcement that will not

coarsen during service and lose its effectiveness.

Solder joints are multi-component systems that have

several entities such as substrate, solder/substrate

intermetallic layers, solder present in the joint, and

intermetallics (and other reinforcements) within the

solder, etc. Such a complex system with its constraints

that will arise as a result of joint geometry, and severe

anisotropy of tin, poses significant complications.

The worldwide multi-facetted research efforts to

arrive at suitable solutions, especially as the deadline

for implementation of lead-free electronic solders

approaches, have resulted in an exhaustive number of

research papers in several reviewed scientific journals.

Similarly, there have been presentations in several

national and international meetings of various techni-

cal societies. It is impossible for any researcher or

student to be aware of all the materials that have been,

and are being, published in this area. So it becomes

essential to have most of the relevant and currently

available information in a single source such as in a

special edition of a reviewed scientific journal and/or a

book.

With this goal in mind the important issues that are

encountered in the lead-free electronic solder area

were identified, and researchers recognized for their

significant scientific contributions in those areas were

invited to write articles on those topics. They were

asked to address the importance of a given issue, the

current status of understanding and available solutions,

the problems that still need to be tackled and sugges-

tions for potential approaches to do so. Virtually all of

the invitees accepted the challenge and have provided

their diligently prepared papers for this special issue.

The papers that appear in this effort are arranged in

the following order. Thermodynamic and phase

diagram issues are presented in the first few articles.

They are followed by articles addressing lead-free

solder development and processing issues. Since solder

joints in modern electronic applications have to possess

structural integrity in addition to being electrical

connections, mechanical behavior and modeling are

addressed in the following articles. Since service envi-

ronments impose thermal excursions, Thermome-

chanical Fatigue (TMF) that results from Coefficient of

Thermal Expansion (CTE) mismatches of entities

present in the solder joints is discussed in the following

articles. Microminiaturization of electronic devices has

brought out the importance of high current density

with associated issues of electro-migration (EM), and

whisker growth (WG) to prominence in addition to

TMF. Following the papers on EM and WG, potential

implications of polymorphic transformation of body-

centered tetragonal tin into the diamond cubic struc-

ture at low temperatures (known as tin pest) on solder

joint reliability in low temperature service is addressed.

The last two papers are from researchers with exten-

sive industrial experience and are well known for their

contributions in this area. These papers deal with

lead-free solder implementation in consumer elec-

tronics, and in high-end electronic components that

warrant high reliability such as main-frame computers

and space applications.

These papers basically cover all aspects that are

relevant to lead-free electronic solder implementation

and hopefully provide an overall perspective of the

current status and issues to be addressed.
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Abstract Many of the existing and most promising

lead-free solders for electronics contain tin or tin and

indium as a low melting base alloy with small additions

of silver and/or copper. Layers of nickel or palladium

are frequently used contact materials. This makes the

two quaternary systems Ag–Cu–Ni–Sn and Ag–In–Pd–

Sn of considerable importance for the understanding of

the processes that occur during soldering and during

operation of the soldered devices. The present review

gives a brief survey on experimental thermodynamic

and phase diagram research in our laboratory. Ther-

modynamic data were obtained by calorimetric mea-

surements, whereas phase equilibria were determined

by X-ray diffraction, thermal analyses and metallo-

graphic methods (optical and electron microscopy).

Enthalpies of mixing for liquid alloys are reported for

the binary systems Ag–Sn, Cu–Sn, Ni–Sn, In–Sn,

Pd–Sn, and Ag–Ni, the ternary systems Ag–Cu–Sn,

Cu–Ni–Sn, Ag–Ni–Sn, Ag–Pd–Sn, In–Pd–Sn, and

Ag–In–Sn, and the two quaternary systems themselves,

i.e. Ag–Cu–Ni–Sn, and Ag–In–Pd–Sn. Enthalpies of

formation are given for solid intermetallic compounds

in the three systems Ag–Sn, Cu–Sn, and Ni–Sn. Phase

equilibria are presented for binary Ni–Sn and ternary

Ag–Ni–Sn, Ag–In–Pd and In–Pd–Sn. In addition,

enthalpies of mixing of liquid alloys are also reported

for the two ternary systems Bi–Cu–Sn and Bi–Sn–Zn

which are of interest for Bi–Sn and Sn–Zn solders.

1 Introduction

Joining by soldering in electronics can be considered as

a three step procedure:

• Melting of the solder alloy

• Contacting and solidification

• Aging of the solder joint during operation

The melting and solidification behavior as well as

the interfacial reactions occurring during soldering

and during operation highly influence the soldering

process and the performance and durability of solder

joints. Eutectic structures and solid solutions are

without doubt necessary for a good soldered joint to

form but the role of the intermetallics that are formed

is somewhat ambivalent. According to [1], the for-

mation of a thin layer of intermetallic compounds is

absolutely necessary, however, the formation of thick

layers of intermetallic compounds is frequently det-

rimental to the properties of the joint. As interme-

tallic compounds are usually brittle, they may be the

cause for cracks in a particular solder joint and, as a

consequence, be responsible for failure of the entire

electronic part.

For a comprehensive understanding of all these

processes information on the phase equilibria in the

intermetallic systems generated by soldering are

indispensable, and this should be supported by the

relevant information on thermodynamic properties.

Lead-free solders are binary but often also ternary or

higher-order alloys, and together with one or more

contact materials this results in multi-component sys-

tems. Any experimental study of such multi-compo-

nent systems is tedious and time consuming but the

H. Ipser (&) Æ H. Flandorfer Æ Ch. Luef Æ
C. Schmetterer Æ U. Saeed
Institut für Anorganische Chemie/Materialchemie,
Universität Wien, Währingerstrasse 42, A-1090 Wien,
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well-known CALPHAD procedure (see for example

Ref. [2] and references therein) provides a possible

way to calculate—or extrapolate—phase equilibria in

such systems based on reliable binary and ternary data.

This reduces the experimental effort considerably since

only a limited number of well planned key experiments

will be necessary.

Many of the existing and most promising lead-free

solders for electronics contain Sn or Sn and In as a low

melting base alloy with small additions of Ag and/or

Cu, whereas layers of Ni or Pd are frequently used

contact materials. This makes the two quaternary sys-

tems Ag–Cu–Ni–Sn and Ag–In–Pd–Sn of considerable

importance for the understanding of the processes that

occur during soldering and during operation of the

soldered devices. Thus the major aim of our series of

investigations was the determination of thermody-

namic properties and phase equilibria in these systems

as well as in several of the binary and ternary subsys-

tems. This should provide the basis for CALPHAD-

type optimizations as part of a Thermodynamic Data-

base [3]. Thermodynamic measurements included

enthalpies of mixing, DmixH, of liquid alloys in the

quaternaries themselves and in most of the constituent

ternaries. Binary liquid alloys were only investigated

where literature data were contradictory or incom-

plete. Extended calorimetric investigations at different

temperatures were performed for liquid Ag–Sn, Cu–

Sn, and Ni–Sn alloys since noticeable temperature

dependencies of the DmixH-values had been reported

for Ag–Sn and Cu–Sn [4]. In addition, enthalpies of

formation, DfH, of solid intermetallic compounds in the

systems Ag–Sn, Cu–Sn, and Ni–Sn were determined by

tin solution calorimetry.

As far as phase equilibria were concerned, literature

information was available for all binary subsystems.

Therefore, only a few samples were prepared to check

for consistency. Especially in one case, in the Ni–Sn

system, it was found that the published phase equilibria

[5] were obviously not correct and needed a detailed

re-investigation. The corresponding phase relations

and those in the ternary systems were investigated by

means of X-ray diffraction (XRD), thermal analyses

(DTA and DSC) and metallography including EDX

and EPMA.

Since small additions of Bi and/or Zn are frequently

used to adjust an appropriate melting regime of lead-

free solder alloys for different applications, an experi-

mental determination of thermochemical data (e.g. the

enthalpy of mixing) of relevant ternary systems was

started. First results for the ternary systems Cu–Bi–Sn

and Bi–Sn–Zn will be presented here.

In this sense, this paper is supposed to give an

overview over the series of investigations of thermo-

chemical properties and phase equilibria in our labo-

ratory within the last few years. Table 1 gives a full list

of investigated systems together with the references for

those cases that have already been published.

2 Literature data

A short literature overview is given for all those sys-

tems for which experimental results are reported here

that have not yet been published elsewhere. For a

detailed overview in all other cases the reader is

referred to the corresponding original references (see

Table 1).

2.1 Binary systems

2.1.1 Ag–Sn

The system Ag–Sn, now a key system for lead free

solder materials, has been extensively studied in the

past for various other reasons. Several experimental

data sets concerning phase equilibria and thermo-

chemistry are available, with first publications dating

back to the end of the 19th century. Thermodynamic

evaluations and assessments of the phase diagram

including thermochemical data were done by Karakaya

and Thompson [15], Chevalier [16] and Xie and Qiao

[17]. There is some evidence for a temperature

dependence of the enthalpy of mixing of liquid alloys.

Table 1 List of investigated systems together with references

System Calorimetric
measurements

Phase diagram
measurements

Ag–Sn This work Not investigated
Cu–Sn This work Not investigated
Ni–Sn This work This work
Pd–Sn [6] Not investigated
In–Sn [6] Not investigated
Bi–Cu This work Not investigated
Ag–Ni [7] Not investigated
Ag–Cu–Sn [8] Not investigated
Cu–Ni–Sn [8] Not investigated
Ag–Ni–Sn [7] This work
Ag–Pd–Sn [9] Not investigated
In–Pd–Sn [6] [10]
Ag–In–Pd Not investigated [11, 12]
Bi–Cu–Sn This work Not investigated
Bi–Sn–Zn [13] Not investigated
Ag–Cu–Ni–Sn This work Not investigated
Ag–In–Pd–Sn [14] Not investigated

4 Lead-Free Electronic Solders
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2.1.2 Cu–Sn

Experimental work on this important intermetallic

system (brass alloys) has started at the beginning of the

20th century. Extended experimental investigations

and a presentation of a phase diagram were published

by Raynor [18]. Existing phase diagram versions are

mainly based on his work. Thermodynamic evaluations

and assessments of the phase diagram including ther-

mochemical data were done by Saunders and Mio-

downik [19] and Shim et al. [20]. Again, there is

evidence for a temperature dependence of the

enthalpy of mixing in this system.

2.1.3 Ni–Sn

Comprehensive calorimetric investigations of this sys-

tem were presented by Haddad et al. [21]. According

to these results no significant temperature dependence

of the enthalpy of mixing could be observed. Thermal

analyses, XRD experiments and metallographic

investigations date back to the first half of the 20th

century, and the current version of the phase diagram,

as assessed by Nash and Nash [5], is mainly based on

these data. Further thermodynamic assessments and

phase diagram calculations were published by Nash

et al. [22] and by Ghosh [23]. Recently, Leineweber

et al. [24–26] presented detailed XRD investigations of

the various low-temperature modifications of Ni3Sn2.

2.1.4 Bi–Cu

Several calorimetric investigations and emf measure-

ments of Bi–Cu alloys can be found in the literature,

the first one dating back to 1930. The resulting

enthalpies of mixing of liquid alloys are generally

endothermic but not always in good agreement with

each other. There are two thermodynamic assessments

of the Bi–Cu system, from Niemelä et al. [27] and

Teppo et al. [28], both of the same research group. The

enthalpies of mixing were calculated based on an

optimized thermodynamic data set. In general, there is

no indication for a significant and systematic temper-

ature dependence of the enthalpies of mixing.

2.2 Ternary systems

2.2.1 Ag–Ni–Sn

Though being one of the constituents of the quaternary

Ag–Cu–Ni–Sn key system, literature on the ternary

Ag–Ni–Sn system is rather scarce. An experimental

isothermal section at 240�C was established by Chen

and Hsu [29], whereas calculated isothermal sections

are available from Ghosh at 230�C [30] and Chen and

Hsu at 240�C [29]. The Sn-rich part of the liquidus

projection has been suggested by Chen et al. [31]

mainly based on evaluation of primary crystallization

fields. Apparently due to experimental difficulties

caused by liquid demixing, they made no effort to

investigate the (Ag, Ni)-rich part. So far, no ternary

compound has been reported in this system.

2.2.2 Bi–Cu–Sn

To the best knowledge of the authors no experimental

thermochemical data for the Bi–Cu–Sn ternary system

are available from literature.

2.3 Quaternary systems

Experimental data on phase relations in the tin-rich

part of Ag–Cu–Ni–Sn, based on the observation of

primary crystallization, were published by Chen et al.

[32] and Chang et al. [33]. Otherwise, no data are

available in the literature for the two quaternary sys-

tems Ag–Cu–Ni–Sn and Ag–In–Pd–Sn.

3 Experimental procedures

A very brief and general description of the experi-

mental techniques is given below. For detailed infor-

mation on sample preparation, heat treatment and

specific experimental conditions the reader is referred

to the corresponding references [6, 8–14] which are

also listed in Table 1 and cited with the different sys-

tems in Chapter 4.

3.1 Sample preparation

All samples were synthesized from high purity ele-

ments: Ag (shot, 99.98%, ÖGUSSA, Vienna, Austria),

heated in a carbon crucible at 700�C for 10 min to

remove surface impurities; Bi (pellets, 99.999%,

ASARCO, South Plainfield, NJ, USA); In (rod,

99.9999%, ASARCO); Cu (wire, 99.98% Goodfellow,

Cambridge, UK), treated under H2 flow at 150�C for

2 h to remove oxide layers; Ni (sheet, 99.98% Alfa

Johnson–Matthey); Pd (sponge, 99.9 %, ÖGUSSA,

Vienna, Austria); Sn (rod, 99.9985%); Zn (shot,

99.999%; both Alfa Johnson–Matthey). The Zn was

melted under vacuum and filtered through quartz wool

for further purification.

Lead-Free Electronic Solders 5
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3.2 Calorimetric measurements

Calorimetric measurements were carried out in a Cal-

vet-type micro calorimeter (SETARAM, Lyon,

France) with a thermopile consisting of more than 200

thermocouples, wire wound resistance furnace, suitable

for temperatures up to 1000�C, automatic drop device

for up to 30 drops, control and data evaluation with

LabView and HiQ as described earlier by [34].

The experimental data were treated by a least

squares fit using the Redlich–Kister formalism for the

description of substitutional solutions. In the case of

ternary alloy systems the so-called Redlich–Kister–

Muggiano polynomial was used which takes the addi-

tional ternary interactions into account [35, 36]:

DHtern
mix ¼

X
i

X
j[i

xixj
X
m

L
ðmÞ
i;j xi � xj
� �m" #

þ xixjxk M
ð0Þ
i;j;kxi þM

ð1Þ
i;j;kxj þM

ð2Þ
i;j;kxk

� � ð1Þ

The Redlich–Kister–Muggiano formalism can also

be extended to describe quaternary systems by the sum

of the six binary terms, the four ternary terms and an

additional quaternary contribution (see, for example,

Fiorani et al. [37]):

DHquat
mix ¼

X
i

X
j[i

xixj
X
m

L
ðmÞ
i;j xi � xj
� �m" #

þ
X
i;j;k

Pi;j;kxixjxk þ Ci;j;k;lxixjxkxl

ð2Þ

where Pi,j,k = xi Mi,j,k
(0) + xj Mi,j,k

(1) + xk Mi,j,k
(2) is the

ternary contribution and Ci,j,k,l is the symmetric qua-

ternary interaction parameter.

3.3 X-ray diffraction

A Guinier–Huber film camera with Cu-Ka1 radiation

was used to analyze the phase composition of the

samples. The powdered samples were fixed on a plastic

foil, and pure Si (99,9999%) was used as an internal

standard. High Temperature XRD was performed on a

Bruker D8 powder diffractometer equipped with an

ultra-high speed Vantec 1 detector and with Cu Ka1

radiation. The heating device was an Anton Paar HTK

1200N chamber using Ar as inert gas.

3.4 Thermal analyses

Differential Thermal Analysis (DTA) was performed

on a Netzsch 404S Thermal Analyzer, equipped with

Pt/Pt10%Rh (S-type) thermocouples. Pieces of the

samples weighing 200 to 300 mg were used for the

DTA measurements. Differential Scanning Calorime-

try (DSC) measurements were done on Netzsch 404

DSC equipment using Pt/Pt10%Rh (S-type) thermo-

couples, with samples weighing between 100 and

150 mg. For increased sensitivity, a few Ni–Sn samples

were measured in a Setaram Multi-HTC instrument

equipped with a heat-flow DSC transducer using

Pt6%Rh/Pt30%Rh (B-type) thermocouples.

3.5 Metallography

Samples to be examined were embedded in a mixture

(1:2 volume parts) of Cu Powder and Resinar F (Wirtz/

Buehler, Düsseldorf, Germany). This mixture poly-

merizes by application of pressure and heat yielding a

solid block after cooling. Cu is added to obtain a

conductive material which is necessary for further

investigation by electron microscopy. After embedding

the samples were polished first with SiC discs with 600

and 1000 mesh and then with Al2O3 (1 lm).

Metallographic investigations were done with a

Zeiss Axiotech light microscope with magnifications of

50, 100, 200, 500 and 1000, equipped with a Sony DSC-

S75 digital still camera switched to full zoom. If nec-

essary the samples were etched using 1–5% Nital

solution (HNO3 in ethanol) in order to be able to

distinguish different phases from each other.

EPMAmeasurements were carried out on a Cameca

SX 100 electron probe using wavelength dispersive

spectroscopy (WDS) for quantitative analyses and

employing pure elements as standard materials. Con-

ventional ZAF matrix correction was used to calculate

the compositions from the measured X-ray intensities.

4 Results and discussion

4.1 Ag–Cu–Ni–Sn and subsystems

4.1.1 Calorimetry

4.1.1.1 Binary systems The integral enthalpies of

mixing, DmixH, of liquid binary Ag–Sn, Cu–Sn, and Ni–

Sn alloys were determined at different temperatures.

The results are presented in Figs. 1–3. The curve fitting

procedure and all extrapolations are based on the

Redlich–Kister polynomials for substitutional solutions

(see Chapter 3.2.); the corresponding interaction

parameters, L(t), are listed in Table 2.

All three systems show basically an exothermic

mixing behavior with exothermic minima in the Sn-

6 Lead-Free Electronic Solders
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poor sections. Depending on temperature, the minima

are at xAg = 0.75–0.8 and DmixH = – 3000 to – 4000 J/

mol for Ag–Sn, at xCu = 0.7–0.8 and DmixH = – 4000

to – 9000 J/mol for Cu–Sn, and at xNi=0.6 and

DmixH = – 20000 J/mol for Ni–Sn. These minima cor-

respond nicely to the compositions of the respective

most stable solid compounds, Ag3Sn, Cu3Sn and

Ni3Sn2. The minimum values become more negative in

the order Ag to Cu to Ni. Additionally, in the case of

Ag–Sn and Cu–Sn a significant temperature depen-

dence of these minima was found: the lower the tem-

perature, the lower (i.e. more exothermic) the

minimum value. In general, the temperature depen-

dence is significant close to the liquidus and becomes

very weak at higher temperatures. These results can be

explained according to the association theory for liquid

alloys (described in detail by Sommer [38]) by postu-

lating short range ordering in the liquid alloys which is

specially pronounced at lower temperatures close to

solidification. The compositions of the ‘‘associates’’

correspond to the concentrations of the minima of the

integral enthalpies of mixing.

Whereas DmixH in Ni–Sn is exothermic over the

entire concentration range, a slightly endothermic

behavior can be observed in the Sn-rich part of Ag–Sn

and Cu–Sn. The effect is rather weak in the case of Cu–

Sn but more pronounced in Ag–Sn, having a maximum

of approx. 800 J/mol at xAg = 0.3. For a more detailed

view on this behavior and especially the temperature

dependence of DmixH, the limiting partial enthalpies of

mixing, DmixH� for Ag, Cu and Ni, respectively, in Sn

were determined at 500, 600, 700 and 800�C. All results

are presented in Fig. 4, including literature values for

Cu in Sn according to Deneuville et al. [39]. As one

could expect, the values for Ni in Sn are strongly

exothermic, with approx. –60000 J/mol at 500�C. The
values show a clear temperature dependence, espe-

cially at lower temperatures. Above 800�C the positive

temperature coefficient becomes smaller which

explains the virtual absence of a significant temperature

dependence of DmixH at higher temperatures as seen in

Fig. 3.

For Ag in Sn, the partial enthalpy values are posi-

tive, with approx. 4300 J/mol at 500�C, showing a very

weak negative temperature coefficient.1 The values for

Cu in Sn are slightly positive, approx. 900 J/mol at

500�C, exhibiting a positive temperature coefficient.

The formation of clusters possessing short range or-

der in pure liquid Sn was described by Waseda [40],

based on synchrotron X-ray experiments at different

temperatures. The clusters disappear at temperatures

above 900�C and their structure is similar to that of

tetragonal solid Sn, revealing a covalent bonding char-

acter. According to the above mentioned association

theory Sn-clusters exhibiting a repulsive interactionwith

Fig. 1 Integral enthalpy of mixing of liquid Ag–Sn alloys at
different temperatures; reference state: Ag(l) and Sn(l)

Fig. 3 Integral enthalpy of mixing of liquid Ni–Sn alloys at
different temperatures compared with literature data. The solid
line shows a fit based on Eq. (1); reference state: Ni(l) and Sn(l)

1 The association theory postulates a positive temperature
coefficient of the enthalpy of mixing, but only for systems
exhibiting exo- or endo-thermic behavior over the entire con-
centration range.

Fig. 2 Integral enthalpy of mixing of liquid Cu–Sn alloys at
different temperatures; reference state: Cu(l) and Sn(l)
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free silver or copper atoms lead to the endothermic en-

thalpies of mixing.

In the case of additions of Ni to Sn the formation of

more stable Ni–Sn associates is favorable. Thus the

entire system shows an exothermic enthalpy of mixing.

The enthalpies of formation, DfH of the binary

intermetallic compounds Ag4Sn, Ag3Sn, Cu3Sn (e-
phase), Cu3Sn (d-phase), Cu6Sn5 (g-phase), Ni3Sn,

Ni3Sn2 and Ni3Sn4 were obtained from tin solution

calorimetry, applying the following equation:

DfH
298¼x �DsolH

1ðAÞþy �DsolH
1ðBÞ�DsolH

1ðAxByÞ
ð3Þ

where

• DfH
298 is the enthalpy of formation of the inter-

metallic compounds at 298 K referred to the solid

components

• x, y are the mole fractions of the components A and

B

• DsolH
1ðAÞ;DsolH

1ðBÞ; and DsolH
1ðAxByÞ are the

limiting enthalpies of dissolution of the solid com-

ponents in Sn.

All results are summarized in Table 3 including the

nominal compositions, heat treatments and a compar-

ison with available literature data.

Figure 5 shows the experimental data of the integral

molar enthalpy of mixing for liquid Ag–Ni alloys at

1500�C, measured in several runs from both sides, i.e.

starting from pure Ag and pure Ni. As expected for a

system with an extended miscibility gap in the liquid,

the enthalpy of mixing is positive for all compositions.

The curves show a kink at about 4.5 at.% Ni and

1.5 at.% Ag, resp., indicating demixing of the liquid.

The extrapolation of fitted experimental values gives a

maximum of about 13500 J/mol at approx. 40 at% Ag.

Using these results as input into a CALPHAD-type

calculation of the binary Ag–Ni phase diagram, the

critical temperature of the miscibility gap at 3800 K

[49] comes out in good agreement with theoretical

calculations of Colinet and Pasturel [50].

4.1.1.2 Ternary Systems Ag–Cu–Sn and Cu–Ni–

Sn The original experimental data of the measure-

ment series in the Ag–Cu–Sn system at 500, 700, and

Table 2 Interaction parameters in the system Ag–Cu–Ni–Sn

Interaction Parameter T [�C] m,a J/mol

LAg,Cu
(m) 0 17396*

1 2535*

LAg,Ni
(m) 1500 0 51381

1 – 20292
LAg,Sn
(m) 500 0 – 2612

1 – 21559
2 – 14243

700 0 – 3719
1 – 16793
2 – 10165

900 0 – 3831
1 – 15575
2 – 10888

LCu,Ni
(m) 1250 0 14027

1 – 427
LCu,Sn
(m) 500 0 – 23981

1 – 42563
2 – 18445

700 0 – 11093
1 – 23767
2 – 13720

900 0 – 8621
1 – 21742
2 – 13128

1250 0 – 9276
1 – 24839
2 – 13346

LNi,Sn
(m) 1250 0 – 80939

1 – 40849
MAg,Cu,Sn

(a) 500 0 – 195690
1 43555
2 – 27221

700 0 – 157414
1 – 164967
2 – 3843

900 0 – 127089
1 – 123769
2 9929

MAg,Ni,Sn
(a) 1000 0 – 235299

1 – 229480
2 – 31033

MCu,Ni,Sn
(a) 1250 0 – 155990

1 – 274441
2 – 19610

CAg,Cu,Ni,Sn 1000 – 471120

* Temperature independent data of different sources

Fig. 4 Partial enthalpies of mixing at infinite dilution for Ag, Cu
and Ni in liquid Sn as a function of temperature; reference state:
Ag(l), Ni(l) and Cu(l)
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900�C, resp., and in the Cu–Ni–Sn system at 1250�C
can be found in Ref. [8]. As the result of a least squares

fit, the ternary interaction parameters MAg:Cu:Sn
(a) and

MCu:Ni:Sn
(a) were established. All binary and ternary

interaction parameters can be found in Table 2.

Based on the Redlich–Kister–Muggiano polynomial

(1), iso-enthalpy curves of DmixH in the liquid state

were calculated and plotted on Gibbs triangles (see

Fig. 6 for Ag–Cu–Sn at 900�C and Fig. 7 for Cu–Ni–Sn

at 1250�C). The corresponding analytical functions

describe the enthalpy of mixing in the entire system,

but it has to be noted that the iso-enthalpy graphs can

only be experimentally determined at concentrations

where the alloy is completely liquid at the respective

temperature. All the other calculated values refer to

metastable supercooled liquid alloys. In the graphic

representation, the liquidus isotherms from the com-

pilation by Villars et al. [51] were included showing all

partially solid regions at the corresponding tempera-

tures shaded in gray.

The Ag–Cu–Sn iso-enthalpy curves are somewhat

more complicated than those of Cu–Ni–Sn. With

decreasing temperature the enthalpy of mixing of the

binary Cu–Sn system becomes significantly more neg-

ative. The minimum is situated around the binary

Cu3Sn compound, which is also the global minimum

for the Ag–Cu–Sn system (in our fit at xCu = 0.74 and

DmixH = – 9.4 kJ/mol at 500�C, xCu = 0.76 and

DmixH = – 5.0 kJ/mol at 700�C and xCu = 0.77 and

DmixH = – 4.3 kJ/mol at 900�C). A ‘‘valley’’ of nega-

tive DmixH values runs through the ternary system at

around 20 to 30 at.% Sn, connecting the Cu–Sn with

the Ag–Sn minimum. The maximum of the fitted sur-

face is positive and appears at the bordering Ag–Cu

Table 3 Enthalpies of
formation of binary
intermetallic compounds of
Ag–Sn, Cu–Sn and Ni–Sn

Compound Composition Annealing temp. [�C] DfH
298 [kJ/mol] Literature data

Ag3Sn (e) Ag0.744Sn0.256 340 –4.18(±1) –4.5(±0.25)723 K [41]
Ag4Sn (f) Ag0.848Sn0.152 640 –2.82 (±1) –2.5(±0.25)723 K [41]

–3.6(±0.10) 723 K [42]
Cu3Sn (e) Cu0.748Sn0.252 640 –8.22(±1) –7.81(±0.2),723K [43]

–7.53(±0.2), 723K [4]
–7.82(±0.2), 293 K [44]
–8.36, 723 K [61]

Cu41Sn11(d) Cu0.80Sn0.20 700 –5.68(±1) –5.45(±0.2), 723 K [43]
–5.46(±0.2), 723 K [4]

Cu6Sn5 ( g) Cu0.548Sn0.452 200 –6.11 (±1) –7.03 (±0.05) 273 K [45]
Ni3Sn (LT) Ni0.74Sn0.26 1050 –24.9 (±1) –26(±0.5), 1060 K [46]

–23.4(±4), 298 K [47]
–23(±0.28), 293 K [4]

Ni3Sn2 (HT) Ni0.577Sn 0.423 1050 –34.6(±1) –31(±0.28), 293 K [4]
–32(±0.5), 1060 K [46]
–39(±0.2), 1023 K [48]
–31.3(±4), 298 K [47]

Ni3Sn4 Ni0.42Sn0.58 600 –24(±1) –25(±0.5), 1060 K [46]
–33.7(±0.2), 1023 K [48]

Fig. 5 Integral enthalpy of mixing of liquid Ag–Ni alloys at
1500�C; reference state: Ag (l) and Ni (l)

Fig. 6 Integral enthalpy of mixing of liquid Ag–Cu–Sn alloys at
900�C; reference state: Ag(l), Cu(l), Sn(l). Values are in kJ/mol
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binary system. As the temperature decreases, the

liquid region in the Ag–Cu–Sn system gets significantly

smaller. At 500�C only a small portion in the Sn-rich

corner is still liquid, which is the region interesting for

lead-free solder materials.

The enthalpy of mixing for the Cu–Ni–Sn system at

1250�C shows a global minimum around the binary

Ni3Sn2 compound (in our fit at 0 at.% Cu and

60.8 at.% Ni, –21.4 kJ/mol). A ‘‘valley’’ runs through

the enthalpy surface connecting the binary minima in

the Ni–Sn and Cu–Sn system. Next to the binary

compound Ni3Sn2 and in the Ni-rich corner the system

is (partially) solid at this temperature. The maximum

of the enthalpy surface is positive and appears along

the bordering Cu–Ni binary system, far away from our

region of interest for lead-free soldering. Our results

for 1250�C are in good agreement with the results for

1307�C by Pool et al. [52].

The enthalpy of mixing of the ternary Ag–Cu–Sn

system shows a significant dependence on temperature.

The temperature dependence of the ternary interaction

parameters MAg
(a)

,Cu,Sn is illustrated in Table 2. To ob-

tain a general expression for the value of these

parameters as a function of the absolute temperature

(in K) they were fitted using a linear polynomial. The

results are as follows:

M
ð0Þ
Ag;Cu;Sn ¼ �326936þ 171:50 � T

M
ð1Þ
Ag;Cu;Sn ¼ �365395þ 205:99 � T

M
ð2Þ
Ag;Cu;Sn ¼ �97412þ 92:88 � T

Note that for the temperature dependence of the

parameter M(1) only the values for 700 and 900�C were

considered since its value at 500�C deviates consider-

ably from the linear trend and would require a much

more complicated equation. Therefore the equations

given above should only be used to calculate the ter-

nary interaction parameters for temperatures above

700�C, for lower temperatures the dependence might

be more complicated. With the combined results it is

now possible to calculate the enthalpy of mixing of

liquid Ag–Cu–Sn alloys for any desired ternary con-

centration at different temperatures.

4.1.1.3 Ternary system Ag–Ni–Sn In the ternary Ag–

Ni–Sn system the enthalpies of mixing were deter-

mined at 1000, 1220 and 1400�C. In one series of

experiments, pieces of pure Ni (20 to 40 mg) were

dropped into approx. 1 g of molten Ag–Sn alloys (10,

20, 30, 70, 80, and 90 at.% Sn), in another series, pure

Ag was added to liquid Ni–Sn alloys (10, 20, 30, 70, 80,

and 90 at.% Sn). From the composition dependence of

the integral enthalpy values and from the constant

values of the partial enthalpy, the concentration limits

of the homogeneous liquid phase and the type of the

second phase segregating from the liquid could be

deduced. It was either the primary crystallization of

solid Ni3Sn2 or the appearance of a second liquid phase

due to the extension of the liquid miscibility gap in the

ternary system. All these results are presented in

Fig. 8.

Applying the polynomial described above, iso-

enthalpy curves for liquid ternary Ag–Ni–Sn mixtures

at 1000�C are presented in Fig. 9. As in the other

Fig. 7 Integral enthalpy of mixing of liquid Cu–Ni–Sn alloys at
1250�C; reference state: Cu(l), Ni(l), Sn(l). Values are in kJ/mol

Fig. 8 Extension of the homogeneous liquid phase in the Ag–
Ni–Sn system at 1000�C (liquidus), 1220 and 1400�C (liquid
miscibility gap) from calorimetric measurement
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ternary systems, the plot refers to the metastable liquid

phase for all those compositions where the alloy is not

completely liquid at 1000�C.
It can be seen that DmixH is mostly negative except

in the region close to the Ag–Ni binary (where one can

find the global endothermic maximum of 13.5 kJ/mol)

and in the narrow region close to the Sn-rich part of the

Ag–Sn binary system. The enthalpy of mixing shows a

minimum of – 20 kJ/mol corresponding to the binary

minimum of Ni–Sn around 60 at.% Ni.

4.1.1.4 Quaternary System Ag–Cu–Ni–Sn In the

quaternary Ag–Cu–Ni–Sn system, the enthalpies of

mixing were determined at 1000�C along nine sections.

Starting with ternary Ag–Cu–Sn alloys (0.4 £
xSn £ 0.9) in the crucible, 15 to 18 drops of pure nickel

were added for each section. Figures 10 and 11 show,

as an example, the integral and partial liquid enthalpies

of mixing along one section, starting from Ag5Cu5Sn90,

in the quaternary Ag–Cu–Ni–Sn system at 1000�C. It
can be seen that the DmixH curve in Fig. 10 shows a

kink at approx. 28 at.% Ni which corresponds to a

jump in the partial enthalpy to a constant value of

approx. –25000 J/mol (Fig. 11). This is caused by the

primary crystallization of a solid phase, most probably

Ni3Sn2. Similar behavior was found in all other inves-

tigated sections.

The experimental enthalpies of mixing of the qua-

ternary Ag–Cu–Ni–Sn alloys were fitted based on Eq.

(2) (see Chapter 3.2). All the necessary binary and

ternary interaction parameter can be found in Table 2.

Following Luo et al. [53], the term for the ternary

interactions in Ag–Cu–Ni was skipped assuming ideal

mixing of the binary liquid alloys.

Usually, from a statistical point of view, the contri-

bution of quaternary interactions to the overall

enthalpy of mixing is expected to be small. Indeed, the

Fig. 9 Integral enthalpy of mixing of liquid Ag–Ni–Sn alloys at
1000�C; reference state: Ag(l), Ni(l), Sn(l). Values are in kJ/mol

Fig. 10 Integral enthalpy of mixing of quaternary liquid Ag–Cu–
Ni–Sn alloys along a section starting from ternary Ag5Cu5Sn90 at
1000�C; reference state Ag(l), Cu(l), Ni(l), Sn(l)

Fig. 11 Partial enthalpy of mixing of Ni in quaternary liquid Ag–
Cu–Ni–Sn alloys along a section starting from Ag5Cu5Sn90 at
1000�C; reference state: Ag(l), Cu(l), Ni(l), Sn(l)

Fig. 12 Ni–Sn phase diagram revised according to the results of
the present investigation, including data from Leineweber et al.
[24–26]
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resulting symmetric quaternary interaction parameter

of CAg,Cu,Ni,Sn = – 471120 J/mol is relatively small,

considering that it has to be multiplied by a factor xAgÆ
xCuÆ xNiÆ xSn: it gives a maximum contribution of 1840 J/

mol to the integral enthalpy at xAg = xCu = xNi = xSn.

In Fig. 10 the experimental values of a quaternary

section are compared with the calculated curve

including CAg,Cu,Ni,Sn (solid line) and without quater-

nary interaction (dashed line). Considering the esti-

mated errors of these calorimetric techniques it is clear

that CAg,Cu,Ni,Sn can be neglected, as has been shown

recently for the general case by Fiorani et al. [37].

4.1.2 Phase diagrams

4.1.2.1 Ni–Sn A new version of the Ni–Sn phase

diagram was established based on thermal analyses,

XRD techniques and EPMA on samples annealed at

various temperatures. Homogeneity ranges of inter-

metallic phases and reaction temperatures were mod-

ified according to our results.

The crystal structure of the HT-Ni3Sn phase was

found to be cubic (BiF3 type) using high temperature

XRD. This phase either undergoes martensitic trans-

formation to a b-Cu3Ti structure on quenching at very

high cooling rates or a massive transformation to the

hexagonal LT-Ni3Sn phase. The phase transition was

found to comprise a peritectoid and a eutectoid reac-

tion at 947 and 911�C, resp., which is in contrast to the

available literature [5]. Furthermore, the Ni3Sn2 region

was considerably modified: two incommensurate

Ni3Sn2 low temperature phases (LT¢ and LT¢¢), first
reported by Leineweber et al. [24–26], were included

as well as the rather complicated transition to the

Ni3Sn2 HT-phase. Figure 12 shows the modified Ni–Sn

phase diagram according to our results.

4.1.2.2 Ag–Ni–Sn This ternary system is dominated

by a liquid miscibility gap which extends from the

binary Ag–Ni system into the ternary up to about

35 at.% Sn. No ternary intermetallic compound has

been found in this system so far, and the binary phases

have very limited or negligible ternary solubilities.

Isothermal sections at 200, 450, 700 and 1050�C were

established based on results of EPMA and XRD for

more than 120 ternary samples prepared by different

methods and annealed at several temperatures. As an

example, the isothermal section at 450�C is shown in

Fig. 13. The liquidus was estimated from thermal

analysis and metallography. Certain phase fields

involving the various modifications of Ni3Sn2 have not

been clarified yet because of the complexity of the

involved phase transitions; any phase boundaries are

therefore represented by dotted lines.

The tentative liquidus projection shown in Fig. 14

was deduced from results of thermal analyses.

According to our experiments, the invariant reaction

U2 was placed at Ag64Ni1Sn35 and at a temperature of

570�C which is in contrast to previous work by Chen

et al. [31]. All invariant reactions are listed in Table 4.

The (Ag,Ni)-rich part of the liquidus projection

remains still somewhat unclear because of severe

experimental difficulties in that area.

4.2 Ag–In–Pd–Sn and subsystems

4.2.1 Calorimetry

The original experimental data of the measurement

series in the ternary systems In–Pd–Sn and Ag–Pd–Sn,

Fig. 13 Isothermal section of the Ag–Ni–Sn phase diagram at
450�C

Fig. 14 Liquidus projection of Ag–Ni–Sn phase diagram; fields
of primary crystallization are indicated
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and the quaternary system Ag–In–Pd–Sn can be found

in Refs. [6, 9, 14], respectively. All quaternary mea-

surements were performed at 900�C. The DmixH values

of the ternary liquid alloys were again fitted employing

Eq. (1). Binary and ternary interaction parameters are

listed in Table 5.

The resulting iso-enthalpy plots for In–Pd–Sn and

Ag–Pd–Sn are shown in Figs. 15 and 16, respectively.

In the diagrams, the estimated course of the liquidus

isotherm at 900�C is included, showing all regions

shaded in gray where the system is not totally liquid.

It can be seen that the enthalpy of mixing in the In–

Pd–Sn system is negative over the entire composition

range and shows a global minimum of –57.0 kJ/mol on

the binary Pd–Sn edge at 56 at.% Pd. In the Ag–Pd–Sn

system the enthalpy of mixing is negative almost over

the entire composition range, except for a very small

region along the Sn-rich part of the binary Ag–Sn

where one can find the global endothermic maximum

(DmixHm = + 256 J/mol at 21 at.% Ag). The enthalpy

of mixing shows again its minimum of – 57.0 kJ/mol

on the binary Pd–Sn edge at 56 at.% Pd.

The experimental integral enthalpy of mixing data

in the quaternary system Ag–In–Pd–Sn at 900�C were

fitted using Eq. (2), with the necessary interaction

parameters taken from Table 5. All those parameters

that have been determined at a different temperature

were assumed to be temperature independent. Multi-

plying the resulting value of CAg,Cu,Ni,Sn = – 351260 J/

mol by xAgÆ xInÆ xPdÆ xSn yields a maximum quaternary

contribution of 1372 J/mol at xAg = xIn = xPd = xSn.

Table 5 Interaction parameters in the system Ag–In–Pd–Sn

Interaction Parameter T [�C] m,a J/mol

LAg,In
(m) 1000 0 – 15443

1 – 12728
2 3844

LAg,Pd
(m) 1400 0 – 19141

1 – 15925
LAg,Sn
(m) 500 0 – 2612

1 – 21559
2 – 14243

700 0 – 3719
1 – 16793
2 – 10165

900 0 – 3831
1 – 15575
2 – 10888

LIn,Pd
(m) 900 0 – 202640

1 85610
LIn,Sn
(m) 900 0 – 1481

1 – 499
LPd,Sn
(m) 900 0 – 215814

1 – 126046
MAg,In,Pd

(a) 938 0 – 275878
1 66245
2 – 653632

MAg,In,Sn
(a) 727–980 0 32696

1 44749
2 10393

MAg,Pd,Sn
(a) 900 0 – 313084

1 – 422417
2 113838

MIn,Pd,Sn
(a) 900 0 156065

1 253787
2 211126

CAg,In,Pd,Sn 900 351260 Fig. 15 Integral enthalpy of mixing of liquid In–Pd–Sn alloys at
900�C; reference state: In(l), Pd(l), Sn(l), values are in kJ/mol

Table 4 Invariant reactions
in the system Ag–Ni–Sn

Reaction Type Temperature [�C]

This work Chen et al. [31]

L fi (Sn) + Ni3Sn4 + Ag3Sn E1 220 219
L + Ag4Sn fi Ni3Sn4 + Ag3Sn U1 485 488
L + Ni3Sn2 fi Ag4Sn + Ni3Sn4 U2 570 516.5
L + (Ag) fi Ag4Sn + Ni3Sn2 HT U3 725
L2 + Ni3Sn HT fi Ni3Sn2 HT + (Ag) U4 Unknown
L2 + (Ni) fi Ni3Sn HT + (Ag) U5 Unknown
L1 fi L2 + Ni3Sn HT + Ni3Sn2 HT E2 1130
L1 + (Ni) fi L2 + Ni3Sn HT U6 ~1135
Critical point C1 1130 < T < 1270
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This shows again that, within the experimental uncer-

tainty, this quaternary term can be neglected as in the

case of the Ag–Cu–Ni–Sn system (see above).

The enthalpies of mixing of quaternary Ag–In–Pd–

Sn alloys at 900�C along one selected section (pure Ag

dropped into molten In40Pd20Sn40), calculated from

Eq. (2), with the interaction parameters from Table 5

and with (solid line) and without (dashed line)

CAg:In:Pd:Sn = 351260 J/mol, are shown in Fig. 17. It can

be seen that the measured values are described well by

both fits.

4.2.2 Phase diagrams

4.2.2.1 In–Pd–Sn Ternary In–Pd–Sn alloys were

synthesized to evaluate the phase relations in that

system for Pd contents up to about 60 at.%. The phase

compositions of the annealed (180, 500, and 700�C)
and quenched samples were characterized by XRD

and—for a number of selected samples—also by

scanning electron microscopy. The original experi-

mental data can be found in Ref. [10]. Based on binary

data from Refs. [54] and [34] and the present results,

isothermal sections were constructed for 180, 500, and

700�C.
As an example, the isothermal section at 500�C is

presented in Fig. 18. The phase InPd, with an extended

homogeneity range in the binary (0.43 £ xIn £ 0.52),

dissolves up to 7 at.% Sn, whereas PdSn was found to

dissolve significant amounts of In (approx. 7 at.%); a

similar amount of In is dissolved in Pd20Sn13. The

phase PdSn2 shows an even larger solubility for In: Sn

can be substituted by In up to 22 at.% at constant Pd

contents. All samples in the composition range below

the [In7Pd3 + PdSn2] two-phase field were found to be

in equilibrium with the liquid. Our results are in gen-

eral agreement with results of Kosovinc et al. [55, 56]

who suggested a continuous solid solubility between

the isotypic orthorhombic compounds aInPd2 and

Pd2Sn. Although this has not been proven unambigu-

ously up to now it is in accord with our results.

4.2.2.2 Ag–In–Pd To obtain a first idea of the phase

relationships in the Ag–In–Pd system, a CALPHAD-

type calculation was employed and three isothermal

sections were calculated at 200, 500, and 700�C, based
on optimized versions of the binary systems only, taken

from the COST 531 Thermodynamic Data Base [3]. In

a next step, the three isothermal sections were inves-

tigated experimentally [11, 12] and, as an example, the

Fig. 16 Integral enthalpy of mixing of liquid Ag–Pd–Sn alloys at
900�C; reference state: Ag(l), Pd(l), Sn(l), values are in kJ/mol

Fig. 17 Integral enthalpy of mixing of quaternary liquid Ag–In–
Pd–Sn alloys along a section starting from ternary In40Pd20Sn40
at 900�C; reference state: Ag(l), In(l), Pd(l), Sn(l) Fig. 18 Isothermal section of In–Pd–Sn phase diagram at 500�C
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section at 500�C is shown in Fig. 19. As can be seen, a

ternary compound (T1) was identified with a crystal

structure of the HgMn-type which is related to the

structure of the binary compound InPd3 (Al3Ti type).

This structural relationship is probably the reason that

its homogeneity range, starting approximately at

Ag20Pd55In25, extends towards binary InPd3, ending

probably around Ag10Pd65In25 although the exact

position of the two-phase field is still not fully clear.

All experimental phase diagram data were taken

together with experimental values for the enthalpy of

mixing of liquid Ag–In–Pd alloys [14, 57], and a new

CALPHAD optimization of the ternary system was

performed [12]. Figure 20 shows the calculated iso-

thermal section at 500�C which can now be compared

with the experimental phase diagram in Fig. 19. It can

be seen that the agreement is good even if the calcu-

lated homogeneity range of InPd is smaller and the

ternary phase T1 is shown as a stoichiometric com-

pound.

4.3 Bi–Cu–Sn

The partial and integral enthalpies of mixing at 800�C
of liquid ternary Bi–Cu–Sn alloys were determined

along nine sections in a large composition range.

Additionally, binary alloys of the constituent system

Bi–Cu were investigated at 800 and 1000�C.
For Bi–Cu, the DmixH values are generally positive

as expected for this simple eutectic intermetallic sys-

tem with no mutual solid solubility of the constituents.

The maximum value of DmixH at 800�C is approx.

4000 J/mol at xBi = 0.55, whereas the measurements at

1000�C gave a maximum of DmixH = 5000 J/mol at

xBi = 0.50. This positive temperature coefficient of

DmixH is in agreement with the association theory for

liquid intermetallic alloys [38].

The integral enthalpy of mixing in the ternary sys-

tem Bi–Cu–Sn is presented as an iso-enthalpy plot in

Fig. 21. It was obtained by fitting our experimental

results applying the Redlich–Kister–Muggiano poly-

nomial (Eq. 1). The binary and ternary interaction

parameters are listed in Table 6. The minima and

maxima of the enthalpy surface correspond to the

binary minima and maxima in the systems Cu–Sn and

Bi–Cu, resp.

4.4 Bi–Sn–Zn

The original experimental data of the measurement

series in the Bi–Sn–Zn system can be found in Luef
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Fig. 19 Phase equilibria in the Ag–In–Pd system at 500�C based
on experimental results

Fig. 20 Phase equilibria in the Ag–In–Pd system at 500�C from a
CALPHAD-type calculation and comparison with experimental
results: s, single phase; h, two-phase; D, three-phase

Fig. 21 Integral enthalpy of mixing of liquid Bi–Cu–Sn alloys at
800�C; reference state: Bi(l), Cu(l), Sn(l), values are in J/mol
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et al. [13]. All measurements were performed at 500�C.
Again, the ternary experimental DmixH values of the

liquid alloys were fitted by means of Eq. (1), and the

obtained binary and ternary interaction parameters are

listed in Table 6. Figure 22 shows a corresponding iso-

enthalpy plot of the integral enthalpy of mixing. The

enthalpy of mixing is positive (i.e. endothermic) over

the entire composition range. The global maximum of

the Bi–Sn–Zn system can be found in the binary Bi–Zn

bordering system (DmixHm = 4523 J/mol at 44 at.%

Bi).

Liquidus temperatures and the temperature of the

ternary eutectic reaction EðL� ðBiÞ þ ðSnÞ þ ðZnÞÞ

were determined by DSC measurements of 32 samples

at constant Zn contents of 3, 5, and 7 at.%, annealed at

150�C. Three different heating rates (10, 5, and 1 K/

min) were employed and the thermal effects were lin-

early extrapolated to zero heating rate. The reaction E

was detected in all 32 samples at a temperature of

135.0 ± 0.5�C. This is 5�C higher than the value

reported by Muzaffar [58] and also higher than indi-

cated in the recent assessments by Malakhov et al. [59]

(126.1�C) and Moelans et al. [60] (131.2�C). From the

course of the liquidus temperatures in the three sec-

tions it can be estimated that the composition of the

liquid in the ternary eutectic reaction is approx.

41 at.% Bi, 57 at.% Sn, and 2 at.% Zn. This is shifted

slightly towards lower Zn and higher Sn contents as

compared to the values calculated in the two assess-

ments [59, 60].
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Abstract Replacing Pb–Sn with Pb-free solders is one

of the most important issues in the electronic industry.

Melting, dissolution, solidification and interfacial

reactions are encountered in the soldering processes.

Phase diagrams contain equilibrium phase information

and are important for the understanding and prediction

of phase transformation and reactive phase formation

at the solder joints. This study reviews the available

phase diagrams of the promising Pb-free solders, and

their related materials systems. The solders are Sn–Ag,

Sn–Cu, Sn–Ag–Cu, Sn–Zn, Sn–Bi, Sn–In and Sn–Sb.

The materials systems are the solders with the Ag, Au,

Cu, Ni substrates, such as Sn–Ag–Au, Sn–Ag–Ni, Sn–

Cu–Au, and Sn–Cu–Ni ternary systems. For the Pb-

free solders and their related ternary and quaternary

systems, preliminary phase equilibria information is

available; however, complete and reliable phase dia-

grams over the entire compositional and temperature

ranges of soldering interests are lacking.

1 Introduction

Soldering is the most important joining technology in

the electronic industries [1]. Solders are heated up and

melt first during the soldering processes. The molten

solders wet the substrates, and liquid (solder)/solid

(substrate) contacts are formed. The joints are then

cooled down, solders solidify, and solder joints are

formed. Since melting is required in the soldering

processes, solders are usually low melting point alloys.

Pb–Sn alloys are the most popular solders and their

properties are extensively investigated. However, due

to health and environmental concerns, the European

Union has made resolution prohibiting Pb usage in the

electronic products [2], and the electronic industries

are now shifting to Pb-free solders [3–5].

Soldering is conducted at the completely molten

state of solders, while the solder products are in use

with the solders at their solid phases. The primary

materials characteristics of solders are their liquidus

and solidus temperatures which define the temperature

boundaries of completely molten and completely solid,

respectively. Solders melt and wet the substrates at

temperatures higher than their melting points, and

there are dissolution of substrates and interfacial

reactions between solders and substrates [1, 4–6]. The

liquid phase then transforms to various solid phases

when the joints are cooled down. The different kinds

and relative amounts of the solid phases formed during

solidification are important for the solder joint prop-

erties.

Since solders are low melting point alloys, the

products’ operation temperatures are relatively high

temperatures and diffusion is significant for most sol-

ders. In addition, good wetting is required for good

solders, thus interfacial reactions with substrates are

usually significant not only at the liquid/solid contacts,

but at the solid/solid contacts at the operation tem-

peratures as well. Interfacial reactions at the solder

joints are the key reliability factor of electronic

products. Understanding and controlling of the inter-

facial reactions are important, because the interfacial
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reactions are more complicated with Pb-free solders

and with the emerging flip chip technologies which are

with more pronounced electromigration effects.

Solders are usually binary and ternary alloys. When

they are in contact with substrates, the materials sys-

tems are then ternary, quaternary or even of higher

orders. As mentioned above, phase transformation and

reactive phase transformation occurs at the solder

joints. Phase diagrams contain the basic phase equi-

libria and phase transformation information, such as

the solidus and liquidus temperatures of alloys.

Besides, the liquidus projection can be used for the

illustration of solidification path. Isothermal section is

crucial for the understanding of interfacial reactions.

Phase diagrams of Pb-free solders and their related

materials systems are important for the applications of

Pb-free solders.

Among various kinds of Pb-free solders, Sn–Ag, Sn–

Cu, Sn–Ag–Cu, Sn–Zn-(based), Sn–Bi, Sn–In and Sn–

Sb alloys are most promising. Ag, Au, Cu and Ni are

the most common substrates. This study reviews the

research status of the phase diagrams of these prom-

ising solders and the materials systems including sol-

ders and substrates, such as Sn–Ag–Au, Sn–Ag–Ni,

Sn–Cu–Au and Sn–Cu–Ni. Since interfacial reactions

are important for soldering applications, and they also

provide the phase formation information, interfacial

reactions literatures related directly with phase for-

mations are also included in this study, especially for

the materials system with no available phase equilibria

information.

2 Sn–Ag–Cu (Sn–Ag and Sn–Cu)

Eutectic and near eutectic Sn–Ag–Cu (SAC) alloys are

recommended by JEIDA and NEMI [7, 8]. Sn–

0.7wt%Cu (Sn–1.3at%Cu) and Sn–3.5wt%Ag (Sn–

3.8at%Ag) are also promising Pb-free solders. The

most important Pb-free solders are at the Sn-rich cor-

ner of the Sn–Ag–Cu ternary system composed of the

binary Sn–Cu eutectic, binary Sn–Ag eutectic and the

ternary Sn–Ag–Cu eutectic.

As shown in Fig. 1 [9] of the Sn–Ag binary system,

there are two intermetallic compounds, f-Ag4Sn and

e-Ag3Sn, two peritectic reactions, and one eutectic

reaction, liquid = Ag3Sn + Sn [9]. The eutectic com-

position is at Sn–3.5wt%Ag and its melting tempera-

ture is at 221�C. Kattner and Boettinger [10] have

thermodynamically modeled this system. They used

solution models for Ag, Sn, liquid, and the f phase, and
they assumed the e-Ag3Sn to be a line compound. The

calculated phase diagrams are in good agreement with

the experimental determinations, and the temperature

and liquid composition of the eutectic are at 220.9�C
and Sn–3.87at%Ag, respectively.

The binary Sn–Cu system is a complicated binary

system. As shown in Fig. 2, there are seven interme-

tallic compounds (b, c, f, d, e-Cu3Sn, g-Cu6Sn5 and g¢-
Cu6Sn5), and 13 invariant reactions [11]. For soldering

application purposes, phase equilibria at the Sn-rich

corner are more important, and there are 3 interme-

tallic compounds, e-Cu3Sn, g-Cu6Sn5 and g¢-Cu6Sn5,
one eutectic, liquid = Sn + g – Cu6Sn5, and one possi-

ble eutectoid, g-Cu6Sn5 = Sn + g¢ – Cu6Sn5. The liquid

composition and the temperature of the eutectic are at

Sn–0.7wt%Cu and 227�C. Shim et al. [12] and Boett-

inger et al. [13] have thermodynamically modeled the

binary Sn–Cu system. The f, d, e-Cu3Sn, g-Cu6Sn5 and
g¢-Cu6Sn5 are assumed to be line compounds. Solution

model and two-sublattices model are used for the b and

c phases, respectively. The calculated phase diagrams

are in good agreement with the experimental deter-

minations.

Gebhardt and Petzow [14] and Yen and Chen [15]

experimentally determined the isothermal sections of

the phase equilibria of the ternary Sn–Ag–Cu system.

No ternary compounds have been found. As shown in

Fig. 3a of the 240�C isothermal section, the e-Cu3Sn
phase has tie-lines with all the solid phases, and the

ternary solubilities of the binary compounds are lim-

ited. Gebhardt and Petzow [14] proposed a class II

reaction, L + g-Cu6Sn5 = e-Ag3Sn + Sn, at the Sn-rich

corner at 225�C. The experimental results of Miller

et al. [16] indicated a different result and the invariant

reaction should be a class I reaction L = g-Cu6Sn5 + e-
Ag3Sn + Sn at 216.8�C. The Sn–Ag–Cu liquidus

projection is shown in Fig. 3b. More recent phase

equilibria studies all agree that the invariant reaction at

the Sn-rich corner is a class I reaction [15, 17–19].

However, the exact composition and temperature of

the class I reaction, the ternary eutectic varied.

Loomans and Fine [17] reported the eutectic composi-

tion to be at Sn–3.5wt%Ag–0.9wt%Cu (Sn–3.81at%

Ag–1.66at%Cu). The liquid composition and temper-

ature of the ternary eutectic determined by Moon et al.

[18] are Sn–3.5wt%Ag–0.9wt%Cu and 217.2�C,
and are Sn–3.66wt%Ag–0.91wt%Cu (Sn–3.98at%Ag–

1.68at%Cu) and 216.3�C from their calculation. The

ternary eutectic is at Sn–3.24wt%Ag-0.57wt%Cu and

217.7�C as determined by Ohnuma et al. [19].

The materials systems consisting of the solders and

popular substrates, Au, Ag, Cu, Ni, are important for

soldering applications as well. Massalski and Pops [20]

and Evans and Prince [21] experimentally determined

the phase equilibria of the Sn–Ag–Au ternary system.
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Figure 4a is the phase equilibria isothermal section of

the ternary Sn–Ag–Au system at 200�C proposed

based on phase equilibria and interfacial reaction re-

sults [20–22]. No ternary compounds have been found.

Continuous solid solutions are formed between Ag and

Au, and the f phase in the Au–Sn and Ag–Sn systems.

The e-Ag3Sn phase has about 10at% Au solubility,

while the ternary solubilities of other Au–Sn binary

compounds are negligible. Figure 4b is the liquidus

projection of the Sn–Ag–Au system [21]. At the Sn-

rich corner, there is class I reaction, ternary eutectic

liquid = e-Ag3Sn + Sn + g-AuSn4, at 206�C. Chen and

Yen [22] examined the interfacial reactions in the Ag–

Sn/Au couples. Three binary phases, d-AuSn, e-AuSn2,

and g-AuSn4, were formed in all the couples. The

results are in agreement with the phase diagrams

studies that all the compounds do not have detectable

ternary solubility.

Interfacial reactions between Sn–3.5wt%Ag and Cu

substrates have been studied by various groups [23–27].

In agreement with the Sn–Ag–Cu phase diagrams [15,

17–19], no ternary compound is formed, and the reac-

tion products are binary e-Cu3Sn and g-Cu6Sn5 phase

in the temperature range between 70�C and 360�C. It
needs mentioning that although an order-disorder

transformation of the Cu6Sn5 phase reaction is

observed [11–13], the effect of this transformation has

not been discussed in either the ternary phase

Fig. 1 The Sn–Ag binary
phase diagram [9]

Fig. 2 The Sn–Cu binary
phase diagram [11]
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equilibria studies [14–19] or in the interfacial reaction

studies [23–27].

Hsu and Chen [28] and Chen et al. [29] experi-

mentally determined the isothermal sections and liq-

uidus projections of the Sn–Ag–Ni ternary system. The

phase diagrams of the ternary system were also cal-

culated using the binary thermodynamic models with-

out introducing any ternary interaction parameters

[28]. Figure 5a, b are the 240�C isothermal section and

the liquidus projection of the Sn–Ag–Ni ternary sys-

tem, respectively. No ternary compounds have been

found. The Ni3Sn2 phase is a very stable phase, and is

in equilibrium with Ag, f-Ag4Sn, e-Ag3Sn, Ni3Sn, and

Ni3Sn4 phases. It is also observed that all the ternary

solubilities of the binary compounds are negligible.

The liquid miscibility gap in the Ag–Ni binary sys-

tem extends into the ternary system as shown in Fig. 8

of the liquidus projection. It is also shown in

Fig. 5b that the class I reaction, ternary eutectic

liquid = Sn + Ag3Sn + Ni3Sn4, exists at the Sn-rich

corner at 212.3�C. The interfacial reactions between

Sn–3.5wt%Ag and Ni have been examined [28, 30–32].

In agreement with the phase diagram study [28], no

ternary compound is formed in the Sn–Ag/Ni couples,
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and Ni3Sn4 phase is the primary interfacial reaction

product with negligible Ag solubility. Interfacial reac-

tions with Ni are frequently examined because Ni is a

popular substrate. However, it is worthy noting that

Ni(P) and Ni–7wt%V substrates are often used in the

electronic products besides pure Ni, and it has been

found the interfacial reactions at the solder/Ni and

solder/Ni–7wt%V are different [33].

The 360�C isothermal section of the Sn–Cu–Au

phase diagram was determined by Karlsen et al. [34] as

shown in Fig. 6. Continuous solid solutions are formed

between Cu and Au and between the d-AuSn and

g-Cu6Sn5 phases. Three ternary intermetallic com-

pounds, designated as A, B, and C, were found. The

compositional ranges are Sn20Cu38Au42–Sn20Cu33Au47,

Sn20Cu69Au11–Sn20Cu42Au38, and Sn333Cu337Au330–

Sn333Cu297Au370, respectively. It can be noticed that all

the homogeneity ranges of the binary compounds and

the ternary compounds are all in the directions parallel

to Au–Cu side, indicating the Au and Cu atoms are

easier to interchange atomic sites with each other.

Peplinski and Zakel [35] investigated the Sn–Cu–Au

alloys by X-ray powder diffraction, and they reported

the existence of a ternary compound Sn4Cu8Au8 with

compositional ranging from Sn4Cu9Au7 to Sn4Cu7Au9.

This phase is in agreement with the A phase reported

by Karlsen et al. [34]. Luciano et al. [36] studied the

pseudobinary phase diagram, and they found the B

phase, a ternary compound, in the results by Karlsen

et al. is the ordered AuCu III’ phase. Although Au

surface is frequently encountered in electronic prod-

ucts, and the formation of the AuSn4 phase causes

various problems [37], no interfacial reactions studies

of the Sn–Cu alloy with pure Au substrate are avail-

able.

Lin et al. [38], Wang and Chen [39] and Chen et al.

[40] experimentally determined the phase equilibria of

the Sn–Cu–Ni ternary system. Figure 7a is the 240�C
Sn–Cu–Ni phase equilibria isothermal section. No ter-

nary compounds have been found. Cu and Ni form a

continuous (Cu,Ni) solid solution, and Cu3Sn and Ni3Sn

formed a continuous (Cu,Ni)3Sn solid solution [38]. It is

very distinguishable in the Sn–Cu–Ni system that the

binary compounds are with very extensive solubility,

but only along the direction parallel to the Cu–Ni side.

However, Murakami and Kachi [41] reported a phase

Ni 3Sn 4

Ni3Sn
Ag3Sn

ζ

0.0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8 0.9 1.0

0.0

0.1

0.2

0.3

0.4

0.5

0.6

0.7

0.8

0.9

1.0
0.0

0.1

0.2

0.3

0.4

0.5

0.6

0.7

0.8

0.9

1.0

Sn

Ag Ni

Ni3Sn2

Ni at%

A
g 

at
%

Sn
at%

-Ag4Sn

Ag

A
g

at
% S

n
at%

Ni at%

Ni 3 Sn4

Ni 3 Sn2

Sn

Ni
0 10 20 30 40 50 60 70 80 90 100

0

10

20

30

40

50

60

70

80

90

100
0

10

20

30

40

50

60

70

80

90

100

Ni3Sn

Ni

Ag3Sn

Sn

Ag

-Ag4Snζ

a b

Fig. 5 (a) The 240�C isothermal section of the Sn–Ag–Ni ternary system [28]. (b) Liquidus projection of the Sn–Ag–Ni ternary system
[29]

Sn

AuCu

B A

L

80604020

20

40

60

80

80

60

40

20

L

Au at%

C
u 

at
% Sn at%

C

a

e

h
d

z
b

a

Fig. 6 The 360�C isothermal section of the Sn–Cu–Au ternary
system [34]

Lead-Free Electronic Solders 23

123



Cu
0 10 20 30 40 50 60 70 80 90 100

100

100

90

90

80

80

70

70

60

60

50
50

40

40

30

30

20

20

10

10

0

0

Ni

Sn

Cu6Sn
5

Cu3Sn Ni3Sn

Ni3Sn2

Ni3Sn4

Ni at%

S
n

at%

C
u

at
%

0 10 20 30 40 50 60 70 80 90 100 Ni

Sn

0

10

20

30

40

50

60

70

80

90

100

Cu

0

10

20

30

40

50

60

70

80

90

100
(Cu,Ni)

(Cu4Sn,Ni 3Sn)

Ni3Sn 2

Ni 3 Sn4
Cu 6Sn5

Cu3Sn

Sn

ß

Ni at%

S
n

at%

C
u

at
%

a b

Fig. 7 (a) The 240�C isothermal section of the Sn–Cu–Ni ternary system [38]. (b) Liquidus projection of the Sn–Cu–Ni ternary system
[38]

Ag

Ni

Sn (L)

Cu

Cu6Sn5+Sn(L) Ag3Sn+Ni3S
n4

+Sn(L)

Cu6Sn5+Cu3Sn

Ni3Sn4 +Sn(L)

Ni3Sn4 +Ni3Sn2

a

Ni3S
n4

Ni3Sn2

Ni3Sn

Ni

Ni3Sn2

(Cu4Sn,Ni3Sn)

(Cu,Ni)

Cu3Sn

Sn

Ag

Ni

Cu

Cu6Snt

b

c dSn-5at%Cu

Sn-5at%Ag Sn-5at%Ni

C
u

at%

Ag
at

%

Ni at%

42 31

1

2

3

4

4

3

2

1

Cu6Sn5+L

Cu6Sn5+Ni3Sn4+L

Ni3Sn4+L
L

Sn-5at%Cu

Sn-5at%Ag

1

2

4

4

4

3

3

2

1

2

31 Sn-5at%Ni

Ni3Sn4Sn

Ag3Sn

Cu6Sn5

Ni3Sn2

Ni at%

C
u at%

Ag
 a

t%

Fig. 8 (a) The 250�C isothermal tetrahedron of the Sn–Ag–Cu–
Ni system [48]. (b) Liquidus projection tetrahedron of the Sn–
Ag–Cu–Ni system [49]. (c) The 95at%Sn isoplethal section of the

250�C isothermal phase equilibria tetrahedron of the Sn–Ag–
Cu–Ni system [50]. (d) The 95 at%Sn isoplethal section of the
liquidus projection of the Sn–Ag–Cu–Ni system [49]

24 Lead-Free Electronic Solders

123



transformation of this (Cu,Ni)3Sn solid solution. A

continuous solid solution cannot exist if there is a phase

transformation. Lin et al. [38] marked dashed lines on

the 240�C phase diagrams regarding the inconsistency.

Oberndorff determined the isothermal section at 235�C
[42], and they reported the formation of a ternary

compound with an average composition Sn44Cu27Ni29.

Fig. 7b is the liquidus projection of the Sn–Cu–Ni sys-

tem. At the Sn-rich corner which is of primary soldering

interests, there is a class I reaction, a ternary eutectic

liquid = Sn + Ni3Sn2 + Cu6Sn5 and a class II reaction,

liquid + Ni3Sn4 = Sn + Ni3Sn2.

Miettinen [43] is the only work that has thermody-

namically modeled the Sn–Cu–Ni system but only at the

Cu–Ni side. A good description of the thermodynamic

models at the Sn-rich corner which is interesting to the

soldering application is still lacking. The interfacial

reactions between Sn–Cu/Ni have been examined by

various investigators [40, 44–47]. No ternary com-

pounds have been observed. It is found that the inter-

facial products are sensitive to Cu contents. When the

Cu is less than 0.4 wt%, Ni3Sn4 phase formed, and the

product is the Cu6Sn5 phase when the Cu content is

higher. A peculiar interfacial reaction phenomenon has

been observed in the Cu/Sn/Ni type couples [40], and

the Cu6Sn5 phase is formed on both sides of the Sn

solder. As shown in Fig. 7a, the Cu6Sn5 phase has very

wide compositional homogeneity ranges, and thus the

Cu6Sn5 phase can be stabilized with addition of Ni. The

very significant Ni and Cu mutual solubilities in the

Cu6Sn5 phase and the Ni3Sn4 phase result in compli-

cated cross effects, and is the primary reason for the

complicated interfacial reactions in the Sn–Cu/Ni cou-

ples. It is worth mentioning that owing to the very large

mutual solubilities, some researchers use (Cu,Ni)6Sn5
and (Cu,Ni)3Sn4 for the Cu6Sn5 and Ni3Sn4 phases.

Chen et al. [48–50] determined the phase relation-

ship of Sn–Ag–Cu–Ni ternary system. A tetrahedron is

used for the description of the isothermal phase equi-

libria and for the liquidus projection as shown in

Fig. 8a, b. No ternary and quaternary compounds have

been found. Figure 8c,d are the 95at%Sn isoplethal

sections of the 250�C phase equilibria and the liquidus

projection, respectively. Since the Cu6Sn5 phase and

the Ni3Sn4 phases contain negligible Ag, while the

Ag3Sn phase contains negligible Cu and Ni, the

Cu6Sn5–Ni3Sn4edge of the four-phase tetrahedron is

very close to the Sn–Cu–Ni side of the Sn–Ag–Cu–Ni

tetrahedron, and the Ag3Sn corner is nearly on the Sn–

Ag–Ni side. The compositional phase regimes consist-

ing Ag phases are very small which indicates the phase

relationship in most compositional part is similar to

that of Sn–Cu–Ni.

Various investigators have studied the Sn–Ag–Cu/

Ni interfacial reactions [51–55]. In agreement with the

phase diagram studies, the interfacial reactions are

similar to those in the Sn–Cu/Ni couples [40, 44–47],

and the Ag does not actively participate in the inter-

facial reactions. The reaction products are sensitive to

Cu contents, and are either Cu6Sn5 or Ni3Sn4 phases.

Since Sn–Ag–Cu alloy is the most promising Pb-free

solder, phase diagram of the quaternary Sn–Ag–Cu–Ni

system is important for Pb-free soldering. For the

higher order materials systems, it is very difficult and

not practical to experimentally determine the phase

diagram through the whole temperature and compo-

sitional ranges. The CALPHAD (CALculation of

PHAse Diagrams) [56] approach combines thermo-

chemistry and phase equilibria. With the CALPHAD

approach, the phase diagram of the quaternary Sn–Ag–

Cu–Ni system can be calculated with the thermody-

namic models of their constituent ternary systems and

possible interaction parameters. The interaction

parameters can be determined with limited experi-

mental quaternary results [48–50]. Thermodynamic

models for the Sn–Ag–Cu, Sn–Ag–Ni, and Ag–Cu–Ni

are available [18, 19, 28, 57], and the only important

part that is missing is a good thermodynamic descrip-

tion of the Sn–Cu–Ni ternary system.

3 Sn–Zn

Although Sn–Ag–Cu alloys are the most promising Pb-

free solders, their melting points are much higher than

that of the conventional Pb–Sn eutectic which is at

183�C. Various efforts have been carried out to

develop Pb-free solders of more suitable melting

points. The melting point of Sn–Zn eutectic alloy is at

198.5�C [58] and is closer to that of the eutectic Pb–Sn.

Besides, Sn–Zn eutectic has good mechanical proper-

ties and low cost, and is likely a good candidate [59–

66]. It has been recognized that poor wetting properties

and serious oxidation problems are the obstacles for

industrial applications of the pure binary Sn–Zn

eutectic alloys. Improvements are achieved with

introducing alloying elements and the results indicate

the Sn–Zn-based alloys are promising low melting

point solders [60, 63, 66].

As shown in Fig. 9, the binary Sn–Zn system is a

simple eutectic system. The eutectic is at 198.5�C and

Sn–8.8wt%Zn (Sn–14.9at%Zn), and the mutual solu-

bilities of Sn and Zn are negligible [58]. Thermody-

namic assessments of the Sn–Zn binary system and

phase diagrams are calculated by Lee [67] and Ohtani

et al. [68]. The results by Lee [67] are satisfactory, and
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the calculated eutectic is at 198.25�C and Sn–

14.8at%Zn.

Ohtani et al. [68] carried out thermal analysis and

experimental phase equilibria studies of the Sn–Zn–Ag

ternary system. They also developed thermodynamic

models and calculated the isothermal sections at 420

and 190�C and the liquidus projection. Figure 10a is

the 190�C isothermal section calculated by Ohtani

et al. [68]. No ternary compounds have been found,

and ternary solubilities of all the binary compounds are

very limited. The calculated Sn-rich corner of the

Sn–Zn–Ag liquidus projection is shown in Fig. 10b.

The calculated ternary invariant reaction of the lowest

reaction temperature is a class II reaction, liquid + e-
AgZn3 = Sn + Zn, at 193.7�C. However, the binary

Sn–Zn eutectic temperature calculated by Ohtani et al.

[68] is at 181�C (as label on the figure, or at 191�C as

read directly from the figure) and is too low comparing

to the experimental value. The class II invariant reac-

tion might be a class I reaction if the binary eutectic

liquid = Sn + Zn is at 198.5�C. No interfacial reaction

studies between Sn–Zn alloys and Ag substrate are

available. Song and Lin [63] studied the solidification

behavior of the Sn–8.87wt%Zn–1.5wt%Ag (Sn–

14.99at%Zn–1.53at%Ag) alloy. They have found the

existence of c-Ag5Zn8 and e-AgZn3, and they also

conclude that the intermetallic compound solidified

first. These observations are in agreement with

sequence predicted from the liquidus projection.

However, the reaction temperatures are different.

More experimental efforts and thermodynamic

re-assessment are needed for the Sn–Zn–Ag system.

No phase diagram is available for the Sn–Zn–Au

ternary system. Binary Au–Zn compounds are found

from the interfacial reactions between Sn–Zn solder

and Au finish [64, 65], and to date no ternary Sn–Zn–

Au compounds are reported. Lee et al. calculated the

phase diagram of Sn–Zn–Cu [69] with very limited

experimental results. Chou and Chen [70] experimen-

tally determined the isothermal sections of phase

equilibria at 210, 230 and 250�C. Figure 11 is the Sn–

Zn–Cu 230�C isothermal section. No ternary com-

pounds have been found. However, in contrast to the

calculated results [69], the experimental results indi-

cate that Sn phase has tie-lines with the g-Cu6Sn5 phase
and all the binary Cu–Zn compounds at 230 and 250�C.
Thermodynamic re-assessment of the Sn–Zn–Cu ter-

nary system is needed, so that accurate phase diagrams
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can be calculated. Various groups have studied the

interfacial reactions Sn–Zn alloys reactions with Cu

substrate [59, 61, 62, 64–66, 71]. Even though the Zn

content is only 9 wt%, the interfacial reactions prod-

ucts are the Cu–Zn binary compounds with c-Cu5Zn8 is
the most dominating reaction phase.

No phase diagrams are available for the Sn–Zn–Ni

ternary system. c-Ni5Zn21 compound is the primary

interfacial reaction products in the Sn–Zn/Ni couples

substrates [61, 64–66, 71]. However, with 41 h reaction

at 280�C, besides the c-Ni5Zn21 phase, a layer of Sn–

30.9at%Ni–16.3at%Zn composition is formed and it is

likely to be the d-Ni3Sn4 phase with 16.3 at%Zn [71]. A

similar double layer formation is found in the Sn–

8wt%Zn–3wt%Bi/Ni couple reacted at 325�C, and be-

sides the c-Ni5Zn21 phase, a layer of Sn–35at%Ni–

22at%Zn is formed [72]. Phase diagram study of the Sn–

Zn–Ni system is needed to verify whether the com-

pound is a thermodynamically stable or meta-stable

phase and whether it is a binary or ternary compound.

4 Sn–Bi

Sn–Bi alloy is another low melting-point Pb-free sol-

der. As shown Fig. 12, similar to the Sn–Pb system, the

binary Sn–Bi system is a simple eutectic system without

any intermetallic compound [10, 73, 74]. The eutectic is

at 139�C and Sn–57wt%Bi (Sn–42.95at%Bi). Kattner

and Boettinger [10] and Lee et al. [74] have developed

thermodynamic models to calculate the Sn–Bi phase

diagram, and the calculated results are in good agree-

ment with the experimental determinations.

Various groups have determined the phase diagrams

of the the Sn–Bi–Ag system [10, 75, 76]. No ternary

compounds have been found, and all the binary com-

pounds have negligible ternary solubilities. Figure 13a,

b are the 230�C phase equilibria isothermal section and

liquidus projection, respectively [10]. The liquidus

projections obtained by three groups most recently [10,

75, 76] are similar. All of the results suggest there are

one class I reaction, liquid = Sn + Bi+e-Ag3Sn, and

two class II reactions. The temperatures of the class I

reaction determined by the three groups are similar as

well, and are 136.5, 138.4 and 139.2�C, by Kattner and

Boettinger [10], Hassam et al. [75] and Ohtani et al.

[76], respectively. However, the temperatures of the

class II reaction, liquid+f = e-Ag3Sn + Bi, are very

different at 238.6, 261.8, and 262.5�C, respectively.
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Partial isothermal sections of the Sn–Bi–Au ternary

system at 139, 160, 200 and 240�C and the liquidus

projection at the Sn-rich corner in the Sn–Bi–AuSn

compositional regime have been determined [77]. As

shown in Fig. 14a of the 200�C isothermal section, no

ternary compounds have been found in this tempera-

ture and composition regime. The Bi solubility in the

binary compounds, AuSn, AuSn2 and AuSn4 are neg-

ligible. Figure 14b is the partial liquidus projection,

and there is a class I reaction, liquid = Sn + Bi +

AuSn4, at the Sn-rich corner. Interfacial reactions be-

tween Sn–Bi and Au are examined in a new fluxless

bonding process in air using Sn–Bi with Au cap [78]. In

agreement with the phase diagrams, the intermetallic

compounds are Au–Sn binary compounds with almost

no detectable Bi [78].

Lee et al. [69] calculated the phase diagrams of the

Sn–Bi–Cu ternary system with the thermodynamic

models developed from extension of those of the

constituent binary systems without ternary interaction

parameter. Doi et al. [79] experimentally examined the

phase boundaries with DSC and developed thermo-

dynamic models with a ternary interaction parameter

of the liquid phase for the Sn–Bi–Cu system. No ter-

nary compounds are found, and all the binary com-

pounds are with negligible solubility [79]. Figure 15a, b
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are the 250�C isothermal section and the liquidus

projection [79]. A class I reaction, L = Sn + Bi + e is at
140.1�C and Sn–54.6wt%Bi–0.014wt%Cu (Sn–

40.6at%Bi–0.034at%Cu). Lee et al. [69] predicts the

interfacial reaction products between Cu and Sn–

58wt%Bi to be the g-Cu6Sn5 phase, which is in agree-

ment with the experimental determinations by Vianco

et al. [80] and Yoon et al. [81].

Figure 16 is a 300�C phase equilibria isothermal

section of the Sn–Bi–Ni system proposed by Lee et al.

[82] based on phase diagrams of the three binary

constituent systems and very limited phase equilibria

measurement. There have been no experimental phase

equilibria measurements available except the work of

Lee et al. [82]. No ternary compounds have been found

and the ternary solubilities of the binary compounds

are negligible. Ni3Sn2 phase has tie-lines with all the

other compounds and the liquid phase. The interfacial

reaction product in the Sn–58wt%Bi/Ni couples is the

Ni3Sn4 phase [81–83]. Lee et al. [82] studied the Sn–Bi/

Ni interfacial reactions at 300�C with Sn–Bi alloys of

various compositions, and they found that the NiBi3
phase would form when the Bi content was higher than

97.5 wt% (95.7 at%).

5 Sn–Zn–Bi

Sn–Zn–Bi alloys are also possible candidates as Pb-free

solders [84–86]. Malakhov et al. [84] carried out

thermodynamic assessment and calculated phase dia-

grams of the Sn–Zn–Bi system. Figure 17a, b are the

170�C isothermal section and liquidus projection,

respectively. There are no intermetallic compounds in

this system. Both Sn–Zn and Bi–Zn are simple eutectic

systems without binary compounds, and the Bi–Zn

system has a monotectic and a eutectic reaction [85].

As shown in Fig. 17b, the liquid miscibility gap of the

binary Bi–Zn system extends into the ternary system.

The class I reaction, liquid = Bi + Sn + Zn, is at 130�C
and at Sn–54.54wt%Bi–2.71wt%Zn (Sn–39.39at%Bi–

6.25at%Zn). As mentioned previously, the Sn–

8wt%Zn–3wt%Bi/Ni couple reacted at 325�C has been

examined. Besides the c-Ni5Zn21 phase, a layer of Sn–

35at%Ni–22at%Zn was formed as well [72].
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6 Sn–In

Sn–In alloys have low melting temperatures, high

ductility, low substrate dissolution, and good fatigue

properties [4, 87–90]. Even though In is expensive, Sn–

In alloys are used in various occasions, especially when

low soldering temperature is required. Okamoto [91]

had a review of the available experimental phase

equilibria. Lee et al. thermodynamically modeled the

binary Sn–In system and calculated the phase diagram

[74]. Figure 18 is the Sn–In binary phase diagram. Both

of the intermetallic compounds, b and c, are with large

compositional homogeneity ranges. Solution models

were used for the descriptions of these two compounds

[74]. The eutectic temperature and composition as-

sessed by Okamoto [91] and Lee et al. [74] are 120�C,
Sn–51.7wt%In (Sn–52.5at%In) and 118�C, Sn–

52.5at%In, respectively.

Korhonen and Kivilahti [92] and Liu et al. [93]

studied the Sn–In–Ag ternary system both experimen-

tally and by thermodynamic modeling. Most recently,

Vassilev et al. [94] experimentally determined the Sn–

In–Ag equilibrium phase relationship. Isothermal sec-

tions at temperatures varied from 113 and 400�C are

reported [92–94]. As shown in Fig. 19a of the 180�C
isothermal section, no ternary compounds have been
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found. A continuous solid solution is formed between

the f phase in the Ag–Sn and Ag–In systems. However,

except for the solid solution, all the other binary com-

pounds do not have significant ternary solubilities.

Figure 19b is the calculated liquidus projection. The

calculated invariant reaction with the lowest reaction

temperature is the class I reaction, liquid = Sn + c–In-
Sn4 + Ag2In, at 114�C and Sn–52.2wt%In–0.9wt%Ag

(Sn–52.98at%In–0.97at%Ag) [93]. The results are in

agreement with experimental determinations. Liu and

Chuang [95] and Cheng et al. [96] determined the

interfacial reactions between the Sn–In alloys and Ag

substrate. In agreement with phase diagram studies,

they reported the formation of the Ag2In and AgIn2 but

no ternary compound. Since AgIn2 phase is not stable

at most of the reactions temperatures, formation of the

AgIn2 phase is likely by precipitation from soldering

instead of by interfacial reactions.

Phase diagrams of the Sn–In–Au ternary system has

been experimentally determined and assessed [97]. A

ternary compound, Au4In3Sn3, with Pt2Sn3 has been

found. Liu et al. [98] developed thermodynamic mod-

els to calculate the phase diagrams at 27, 227, 427�C
[98]. As shown in Fig. 20 of the calculated 227�C
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isothermal section, two continuous solid solutions are

formed at the Au-rich corner, b-Au10Sn and a1-
Au88In12 and the f phase in Au–In and in Au–Sn sys-

tems. Liu et al. [98] also indicated that the Au4In3Sn3
was stable in the temperature range from 82 to 428�C,
and it melted congruently. Chuang et al. [99] examined

the Sn–49wt%In solder ball reactions with the Au/Ni/

Cu UBM. They found the interfacial reaction products

were AuIn2/AuIn when the temperature was below

170�C, an it transformed into AuIn2 when the tem-

perature was higher than 220�C. The reaction Au–In

compounds have significant Ni solubility. Kim and Tu

[100] examined the interfacial reactions of 77.2Sn–

20In–2.8Ag/Au at 200�C. An AuIn2 type Au3In5Sn

compound was formed, and after 60 s, the phase

decomposed and an Au2Sn7In phase was formed. Since

both compounds are not found in the Sn–In–Au phase

diagrams, they might be meta-stable phases.

Köster et al. [101] determined the phase equilibria

of the Sn–In–Cu ternary system at the Cu-rich side, but

the phase equilibria close to the In–Sn side which is of

primary soldering interests is lacking. At 400�C, two
ternary compounds and a continuous solid solution

formed between the g-Cu2In and the g-Cu6Sn5 phases

are observed. Liu et al. [102] determined the phase

equilibria of the Sn–In–Cu system both by thermody-

namic calculation and experimental determination.

They have found only one ternary compound,

Cu16In3Sn at higher temperature, and a ternary com-

pound Cu2In3Sn at 110�C. Liu et al. [102] also calcu-

lated the isothermal sections at various temperatures

using thermodynamic models developed by them. Lin

et al. [103] experimentally determined the phase dia-

grams. Figure 21a is the 250�C isothermal section of

the Sn–In–Cu system [103]. They confirmed the for-

mation of the continuous solid solutions; however, they

do not observe the formation of ternary compounds.

Significant solubilities are found for the e-Cu3Sn with

In and for the Cu7In3 with Sn. Figure 21b is its liquidus

projection determined by Lin et al. [103]. The result is

similar to that calculated by Liu et al. [102]. However,

the Sn–Cu phase diagram calculated by Liu et al. is

different from those by Shim et al. [12] and Boettinger

et al. [13]. The Sn–Cu phase diagram by Liu et al. does

not have the peritectic reaction, liquid + b = c, thus

the liquidus trough originated from this binary peri-

tectic is missing in the Sn–In–Cu liquidus projection

proposed by Liu et al.[102].

Romig et al. [104] studied the interfacial reactions of

the Sn–50wt%In/Cu couples at 70 and 90�C, and

Cu2(Sn,In) and Cu2In3Sn were found. Vianco et al.

[105] examined the Sn–50wt%In/Cu couples at tem-

peratures varied from 55 to 100�C, and they found the

formation of Cu26Sn13In8 and Cu17Sn9In24. It is pre-

sumed these two phases are the g-Cu6Sn5 with high In

solubilities, and CuIn2 with high Sn solubility. Chuang

et al. [106] studied the Sn–51wt%In/Cu couple at

150–400�C, and they found e-Cu3(In,Sn) and

g-Cu6(In,Sn)5. Sommadossi et al. [107] studied the

interfacial reactions of the Sn–52at%In/Cu couples.

They found the formation of g-Cu3Sn at 180�C, and
e-Cu3Sn and g-Cu6Sn5 at 290�C. The compositions of

these phases are Sn–27at%In–57at%Cu and Sn–

10at%In–77at%Cu, respectively. Kim and Jung [108]

studied the Sn–52at%In/Cu interfacial reactions at 70–

100�C, and they found the formation of the Cu(In,Sn)2
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and Cu6(In,Sn)5 phases. The reaction products can be

well interpreted with the isothermal section as shown

in Fig. 21a except for the CuIn2 phase. The CuIn2
phase is likely a metastable phase since it is not found

in the binary Cu–In system either [102].

Burkhardt and Schubert [109], Bhargava and Schu-

bert [110], and Shadangi et al. [111] determined the

phase relationship of the Sn–In–Ni ternary system at

higher temperature and at the Ni-rich corner. Burk-

hardt and Schubert [109] reported a continuous solid

solution formed by Ni3Sn and Ni3In. Bhargava and

Schubert [110] indicated the existence of the ternary

compound Ni6InSn5, and one more solid solution

formed by Ni3In2 and Ni3Sn2. Huang and Chen [112]

examined the phase diagram at lower temperature at

240�C. As shown in Fig. 22 of the 240�C Sn–In–Ni

isothermal section, they found the continuous solid

solution between Ni3In and Ni3Sn. They also found

most of the binary compounds have significant solu-

bilities but did not find the ternary compound. Huang

and Chen [112] examined the Sn–In/Ni interfacial

reactions at 160 and 240�C, and they found Ni3Sn4 is

the primary reaction products and the Ni28In72 phase is

formed only in the couples prepared with In-rich al-

loys. Kim and Jung [113] examined the intermetallic

compound layer growth between In and Sn–52at%In

with Ni/Cu substrate at 70–120�C. They found the

formation of In27Ni10 and Ni3(In,Sn)4 for indium and

the Sn–In alloy, respectively. The very extensive solu-

bility found in the Ni3Sn4 phase by Kim and Jung [112]

is in agreement with the phase diagram determination

[112]. Chuang et al. [114] studied the interfacial reac-

tions between the Sn–20wt%In–2.8wt%Ag with Ni

substrate, and they also found the formation of Ni3Sn4

phase. However, no significant In solubility in the

Ni3Sn4 phase was found.

7 Sn–Sb

Because of the requirements of step soldering, solders

of different melting points are needed. Although there

are very intensive studies of Pb-free solders for

replacing the low-melting-point eutectic Sn–Pb, very

few efforts are found for the replacement of high

temperature Sn–95wt%Pb and Sn–90wt%Pb solders.

Sn–Sb and Sn–Sb based alloys are promising Pb-free

solders. This is especially true of Sn–5wt%Sb

(Sn–4.53at%Sb), which is used as high temperature

solder [115–117].

Predel and Schwermann [118] carried out phase

equilibria study of the Sn–Sb system, and proposed the

diagram as shown in Fig. 23 based on their experi-

mental determinations and the phase equilibria results

in the literatures. There are three peritectic and one

eutectoid reactions. The temperature of the peritectic

reaction at the Sn side, liquid + Sn3Sb2 = Sn, is at

250�C. The Sn3Sb2 compound has negligible composi-

tional homogeneity and is stable only in a short tem-

perature range between 242�C and 324�C. Jonsson and

Agren [119] analyzed the experimental thermody-

namic and phase equilibria data and developed ther-

modynamic models. The intermetallic b phase has

large compositional homogeneity range and is

described by using two-sublattices models. The Sn3Sb2
is treated as a line compound. The calculated Sn–Sb

phase diagram using the developed models is in good

agreement with the experimental determinations as

shown in Fig. 23.

Oh et al. [120] and Moser et al. [121] thermody-

namically assessed the ternary Sn–Sb–Ag system, and

calculated the isothermal sections, isoplethal sections,

and liquidus projection. Figure 24a is the calculated

100�C isothermal section of the Sn–Sb–Ag phase

equilibria [121]. No ternary compounds have been

found. Two continuous solid solutions are formed, and

they are the f-Ag4(Sb,Sn) and the e-Ag3(Sb,Sn). Fig-

ure 24b is the calculated liquidus projection. The cal-

culation result is in agreement with the experimentally

determined liquidus projection by Masson and Kirk-

patrick [122]. The invariant reaction at the Sn corner

with the lowest reaction temperature is a class II

reaction, liquid + Sn3Sb2 = e-Ag3(Sb,Sn) + Sn. The

reaction temperatures and composition of the liquid

are 235�C and Sn–6at%Sb–5at%Sb and 231.5�C and

Sn–6.2at%Sb–3.4at%Sb as calculated by Oh et al.

[120] and Moser et al. [121], respectively.
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A thermodynamic assessment of the Sn–Sb–Au

ternary system was conducted by Kim et al. [123] and

they also calculated its isothermal sections, isoplethal

sections and liquidus projection. Figure 25a, b are the

isothermal section at 200�C and the liquid projection,

respectively. No ternary compounds have been ob-

served. The AuSb2 is with about 15at%Sn solubility;

however, the Sb solubility in AuSn2 is negligible. As

shown in Fig. 25b, the invariant reaction at the Sn-rich

corner with the lowest reaction temperature is a class II

reaction, liquid + Sb2Sn3 = Sn + AuSn4 at 491�C.
There are no phase equilibria studies of the Sn–Sb–

Cu system. Jang et al. [116] and Takaku et al. [124]

examined interfacial reactions of the Sn–Sb solders on

Cu substrates. They found the formation of e-Cu3Sn
and g-Cu6Sn5 phases. Jang et al. [116] also found the

formation of Sn3Sb2 phase in the Sn–15wt%Sb (Sn–

14.68at%Sb) couples. No ternary compounds were

reported in both studies [116, 124]. Available phase

diagrams of the Sn–Sb–Ni ternary system are all at the

Ni-rich corner and their temperatures are at 450�C and

500�C [125]. No phase equilibria information of the

Sn–Sb–Ni ternary system is at the temperature and

compositional ranges of soldering interests, and no

interfacial reactions studies of the Sn–Sb/Ni have been

found either.
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8 Conclusions

Phase diagrams are the roadmaps for the exploration

of materials technology. Bird’s-eye views of the phase

diagrams of Pb-free solders and their related materials

systems are mostly available. However, complete and

accurate phase diagrams are lacking for almost all the

ternary and quaternary systems. Experimental deter-

minations of the multi-component phase diagrams over

the entire compositional and temperature ranges of

soldering interests are extremely difficult if not

impossible. The CALPHAD approach which combines

thermodynamic models of constituent binary systems

and limited phase equilibria data of ternary and qua-

ternary systems is suitable for the phase diagram

determinations of higher order materials systems, but

the calculated phase diagrams cannot be accurate

without the input of reliable experimental values at

some critical points. Only after the first-step calcula-

tion, the critical points can be pointed out and exper-

imental efforts can be carried out with focus. Close

cooperation and interaction between phase diagram

calculation and experimental determination are crucial

for the determinations of Pb-free solders and their

related materials systems.

Acknowledgement The authors acknowledge the financial
support of National Science Council. (NSC94-2214-E-007-006).

References

1. R.J. Klein Wassink, in Soldering in Electronics, 2nd edn.
(Electrochemical Publications, Isle of Man, 1989)

2. Official Journal of the European Union, p. L 37/19-L 37/23,
13.2.2003

3. J. Bath, C. Handwerker, E. Bradley, Circ. Assembly 5, 31
(2000)

4. M. Abtew, G. Selvaduray, Mater. Sci. Eng. R 27, 95 (2000)
5. T. Laurila, V. Vuorinen, J.K. Kivilahti, Mater. Sci. Eng. R

49, 1 (2005)
6. D.R. Frear, W.B. Jones, K.R. Kinsman, in Solder Mechan-

ics: A State of the Art Assessment (Minerals, Metals &
Materials Society, Warrendale, Pa, 1991)

7. ‘‘Roadmap 2002 for Commercialization of Lead-free Sol-
der’’, Lead-Free Soldering Roadmap Committee, Japan
Electronics and Information Technology industries Asso-
ciation (JEITA) (2002)

8. ‘‘Lead-free Assembly Projects’’, National Electronics
Manufacturing Initiatives(NEMI) (1999)

9. I. Karakaya, W.T. Thompson, Bull. Alloy Phase Diagrams
8, 340 (1987)

10. U.R. Kattner, W.J. Boettinger, J. Electron. Mater. 23, 603
(1994)

11. N. Saunders, A.P. Miodownik, Bull. Alloy Phase Diagrams
11, 278 (1990)

12. J.H. Shim, C.S. Oh, B.J. Lee, D.N. Lee, Z. Metallkd. 87, 205
(1996)

13. W.J. Boettinger, C.A. Handwerker, U.R. Kattner, in The
Mechanics of Solder Alloy Wetting and Spreading (Van
Nostrand Reinhold, New York, 1993), p. 103

14. E. Gebhardt, G. Petzow, Z. Metallkd. 50, 597 (1959)
15. Y.W. Yen, S.-W. Chen, J. Mater. Res. 19, 2298 (2004)
16. C.M. Miller, I.E. Anderson, J.F. Smith, J. Electron. Mater.

23, 595 (1994)
17. M.E. Loomans, M.E. Fine, Metall. Trans. A 31, 1155 (2000)
18. K.W. Moon, W.J. Boettinger, U.R. Kattner, F.S. Bianca-

niello, C.A. Handwereker, J. Electron. Mater. 29, 1122
(2000)

19. I. Ohnuma, M. Miyashita, K. Anzai, X.J. Liu, H. Ohtani, R.
Kainuma, K. Ishida, J. Electron. Mater. 29, 1137 (2000)

20. T.B. Massalski, H. Pops, Acta Metall. 18, 961 (1970)
21. D.S. Evans, A. Prince, Met. Sci. 8, 286 (1974)
22. S.-W. Chen, Y.W. Yen, J. Electron. Mater. 30, 1133 (2001)
23. J. London, D.W. Ashall, Brazing Solder. 11, 49 (1986)

0 10 20 30 40 50 60 70 80 90 100

0

10

20

30

40

50

60

70

80

90

100

Sn

Au at%

Sb
at

%

Sb Au

Sn
at%

AuSb2

z

(Sn)

(Sb) z +(Au)+AuSb2

(Au)

h -AuSn4

e -AuSn2

d -AuSnb -SbSn

(Sb)+ b +AuSb2

z + d +AuSb2

e + d +AuSb2

b + e +AuSb2

h + e +b

h + b +(Sn)

0 10 20 30 40 50 60 70 80 90 100
0

10

20

30

40

50

60

70

80

90

100
0

10

20

30

40

50

60

70

80

90

100

Sn

Au at%

Sb
at

%

Sb Au

Sn
at%

AuSb2(Sb)

(Au)

SbSn

z

AuSn

Sb2Sn AuSn2

Au10Sn

AuSn4
(Sn)

U8

U7

U5

U6
U4

U2

E

U3 U1

a b

Fig. 25 (a) The 200�C isothermal section of the Sn–Sb–Au ternary system [123]. (b) The liquidus projection of the Sn–Sb–Au ternary
system [123]

Lead-Free Electronic Solders 35

123



24. P.T. Vianco, K.L. Erickson, P.L. Hopkins, J. Electron.
Mater. 23, 721 (1994)

25. S.-W. Chen, Y.W. Yen, J. Electron. Mater. 28, 1203 (1999)
26. S. Choi, T.R. Bieler, J.P. Lucas, K.N. Subramanian,

J. Electron. Mater. 28, 1209 (1999)
27. T.Y. Lee, W.J. Choi, K.N. Tu, J.W. Jang, S.M. Kuo, J.K.

Lin, D.R. Frear, K. Zeng, J.K. Kivilahti, J. Mater. Res. 17,
291 (2002)

28. H.F. Hsu, S.-W. Chen, Acta Mater. 52, 2541 (2004)
29. S.-W. Chen, H.F. Hsu, C.W. Lin, J. Mater. Res. 19, 2262

(2004)
30. H.D. Blair, T.Y. Pan, J.M. Nicholson, in Proceedings of the

48th Electronic Components and Technology Conference,
1998 p. 259

31. C.M. Chen, S.-W. Chen, J. Appl. Phys. 90, 1208 (2001)
32. C.E. Ho, R.Y. Tsai, Y.L. Lin, C.R. Kao, J. Electron. Mater.

31, 584 (2002)
33. C.C. Chen, S.-W. Chen, C.Y. Kao, J. Electron. Mater. 35,

922 (2006)
34. O.B. Karlsen, A. Kjekshus, E. Roest, Acta Chem. Scand.

46, 147 (1992)
35. B. Peplinski, E. Zakel, Mater. Sci. Forum 166–169, 443

(1994)
36. C.N.C. Luciano, K.I. Udoh, M. Nakagawa, S. Matsuya, M.

Ohta, J. Alloys Comp. 337, 289 (2002)
37. C.E. Ho, Y.M. Chen, C.R. Kao, J. Electron. Mater. 28, 1231

(1999)
38. C.H. Lin, S.-W. Chen, C.H. Wang, J. Electron. Mater. 31,

907 (2002)
39. C.H. Wang, S.-W. Chen, Metall. Trans. A 34, 2281 (2003)
40. S.-W. Chen, S.H. Wu, S.W. Lee, J. Electron. Mater. 32, 1188

(2003)
41. Y. Murakami, S. Kachi, Trans. JIM. 24, 9 (1983)
42. P. Oberndorff, PhD Thesis, Technical University of Ein-

dhoven, Eindhoven, Nerthelands (2001)
43. J. Miettinen, CALPHAD 27, 309 (2003)
44. J.K. Lin, A. De Silva, D. Frear, Y. Guo, J.W. Jang, L. Li, D.

Mitchell, B. Yeung, C. Zhang, in Proceedings of the 51st
Electronic Components and Technology Conference, 2001 p.
455

45. W.T. Chen, C.E. Ho, C.R. Kao, J. Mater. Res. 17, 263
(2002)

46. S.-W. Chen, S.W. Lee, M.C. Yip, J. Electron. Mater. 32,
1284 (2003)

47. C.H. Wang, S.-W. Chen, Acta Mater. 54, 247 (2006)
48. S.-W. Chen, C.A. Chang, J. Electron. Mater. 33, 1071 (2004)
49. C.A. Chang, S.-W. Chen, C.N. Chiu, Y.C. Huang, J. Elec-

tron. Mater. 34, 1135 (2005)
50. C.N. Chiu, Y.C. Huang, A.R. Zi, S.-W. Chen, Mater. Trans.

46, 2426 (2005)
51. A. Zribi, A. Clark, L. Zavalij, P. Borgesen, E.J. Cotts,

J. Electron. Mater. 30, 1157 (2001)
52. K. Zeng, V. Vuorinen, J.K. Kivilahti, IEEE Trans. Electron.

Packag. Manufact. 25, 162 (2002)
53. K.S. Kim, S.H. Huh, K. Suganuma, J. Alloys Comp. 352, 226

(2003)
54. M.D. Cheng, S.Y. Chang, S.F. Yen, T.H. Chuang, J. Elec-

tron. Mater. 33, 171 (2004)
55. W.C. Luo, C.E. Ho, J.Y. Tsai, Y.L. Lin, C.R. Kao, Mater.

Sci. Eng. A 396, 385 (2005)
56. U.R. Kattner, JOM 49(12), 14 (1997)
57. H.T. Luo, S.-W. Chen, J. Mater. Sci. 31, 5059 (1996)
58. Z. Moser, J. Dutkiewicz, W. Gasior, J. Salawa, Bull. Alloy

Phase Diagrams 4, 330 (1985)
59. K. Suganuma, K. Niihara, T. Shoutoku, Y. Nakamura, J.

Mater. Res. 13, 2859 (1998)

60. K.-L. Lin, T.-P. Liu, Oxid. Met. 50, 255 (1998)
61. Y.C. Chan, M.Y. Chiu, T.H. Chuang, Z. Metallkd. 93, 95

(2002)
62. I. Shohji, T. Nakamura, F. Mori, S. Fujiuchi, Mater. Trans.

43, 1797 (2002)
63. J.-M. Song, K.-L. Lin, J. Mater. Res. 18, 2060 (2003)
64. K.-S. Kim, J.-M. Yang, C.-H. Yu, I.-O. Jung, H.-H. Kim,

J. Alloys Compd. 379, 314 (2004)
65. M. Date, K.N. Tu, T. Shoji, M. Fujiyoshi, K. Sato, J. Mater.

Res. 19, 2887 (2004)
66. C.-W. Huang, K.-L. Lin, J. Mater. Res. 19, 3560 (2004)
67. B.-J. Lee, CALPHAD 20, 471 (1996)
68. H. Ohtani, M. Miyashita, K. Ishida, J. Jpn. Inst. Met. 63, 685

(1999)
69. B.-J. Lee, N.M. Hwang, H.M. Lee, Acta Mater. 45, 1867

(1997)
70. C.-Y. Chou, S.-W. Chen, Acta Mater. 54, 2393 (2006)
71. C.-Y. Chou, S.-W. Chen, Y. S. Chang, J. Mater. Res. 21,

1849 (2006)
72. M.Y. Chiu, S.S. Wang, T.H. Chuang, J. Electron. Mater. 31,

494 (2002)
73. H. Okamoto, in Binary Alloy Phase Diagram, 2nd edn.

(ASM, Metals Park, Ohio, 1990), p. 794
74. B.-J. Lee, C.-S. Oh, J.-H. Shim, J. Electron. Mater. 25, 983

(1996)
75. S. Hassam, E. Dichi, B. Legendre, J. Alloys Compd. 268,

199 (1998)
76. H. Ohtani, I. Satoh, M. Miyashita, K. Ishida, Mater. Trans.

42, 722 (2001)
77. A. Prince, G.V. Raynor, D.S. Evans, in Phase Diagrams of

Ternary Gold Alloys (Institute of Metals, London, 1990) p.
168

78. D. Kim, C.C. Lee, in Proceedings of the 53rd Electronic
Components and Technology Conference, New Orleans,
USA, May 2003, p. 668

79. K. Doi, H. Ohtani, M. Hasebe, Mater. Trans. 45, 380 (2004)
80. P.T. Vianco, A.C. Kilgo, R. Grant, J. Electron. Mater. 24,

1493 (1995)
81. J.-W. Yoon, C.-B. Lee, S.-B. Jung, Mater. Trans. 43, 1821

(2002)
82. J.-I. Lee, S.-W. Chen, H.-Y. Chang, C.-M. Chen, J. Elec-

tron. Mater. 32, 117 (2003)
83. W.H. Tao, C. Chen, C.E. Ho, W.T. Chen, C.R. Kao, Chem.

Mater. 13, 1051 (2001)
84. D.V. Malakhov, X.J. Liu, I. Ohnuma, K. Ishida, J. Phase

Equilib. 21, 514 (2000)
85. H. Paul, Solder. Surf. Mount Technol. 11, 46 (1999)
86. N. Moelans, K.C. Hari, P. Wollants, J. Alloys Compd. 360,

98 (2003)
87. Z. Mei, J.W. Morris Jr., J. Electron. Mater. 21, 401 (1992)
88. K. Shimizu, T. Nakanishi, K. Karasawa, K. Hashimoto, K.

Niwa, J. Electron. Mater. 24, 39 (1995)
89. N.C. Lee, Solder. Surf. Mount Technol. 9, 65 (1997)
90. A.T. Kosilov, G.L. Polner, I.U. Smurov, V.V. Zenin, Sci.

Technol. Weld. Joining 9, 169 (2004)
91. H. Okamoto, in Phase Diagrams of Indium Alloys and

Their Engineering Application, ed. by C.E.T. White, H.
Okamoto (ASM international, Materials Park, OH, 1992),
pp. 255–257

92. T.M. Korhonen, J.K. Kivilahti, J. Electron. Mater. 27, 149
(1998)

93. X.J. Liu, Y. Inohana, Y. Takaku, I. Ohnuma, R. Kainuma,
K. Ishida, Z. Moser, W. Gasior, J. Pstrus, J. Electron. Mater.
31, 1139 (2002)

94. G.P. Vassilev, E.S. Dobrev, J.-C. Tedenac, J. Alloys
Compd. 399, 118 (2005)

36 Lead-Free Electronic Solders

123



95. Y.M. Liu, T.H. Chuang, J. Electron. Mater. 29, 1328 (2000)
96. M.D. Cheng, S.S. Wang, T.H. Chuang, J. Electron. Mater.

31, 171 (2002)
97. A. Prince, G.V. Raynor, D.S. Evans, in Phase Diagrams of

Ternary Gold Alloys, ed. by A. Prince, V. Raynor, D.S.
Evans (The Institute of Metals, London, 1990), pp. 300–302

98. H.S. Liu, C. Liu, K. Ishida, Z.P. Jin, J. Electron. Mater. 32,
1290 (2003)

99. T.H. Chuang, S.Y. Chang, L.C. Tsao, W.P. Weng, H.M. Wu,
J. Electron. Mater. 32, 195 (2003)

100. P.G. Kim, K.N. Tu, Mater. Chem. Phys. 53, 165 (1998)
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Abstract Most lead-free solders comprise tin (Sn)

as the majority component, and nominally pure b-Sn
is the majority phase in the microstructure of these

solders. It is well established that nucleation of b-Sn
from Sn-base liquid alloys is generally difficult.

Delays in the onset of b-Sn formation have a pro-

found effect upon the microstructural development

of solidified Sn-base alloys. Utilizing stable and

metastable phase diagrams, along with solidification

principles, the effects of inhibited b-Sn nucleation on

microstructural development are discussed, employ-

ing the widely studied Sn–Ag–Cu (SAC) alloy as a

model system. This analysis shows that the main

effect of suppressed b-Sn nucleation on near-eutectic

SAC solders is to increase the number and/or volume

fraction of primary or primary-like microconstituents,

while simultaneously decreasing the volume fraction

of eutectic microconstituent. General strategies are

outlined for avoiding unwanted microconstituent

development in these materials, including the use of

metastable phase diagrams for selecting alloy com-

positions, employment of inoculants to promote b-Sn
nucleation, and utilization of high cooling rates to

limit solid phase growth. Finally, areas for future

research on the development of inoculated Sn-base

solder alloys are outlined.

1 Introduction

In the electronics industry’s ongoing search for a

standard lead-free solder formulation, tin-base alloys

stand at the forefront of all candidates. This position is

attributable to tin’s attractive combination of economic

advantages (wide availability, relatively low cost,

environmental benignity, a long history of use in sol-

ders, and availability of fluxes) and physical properties

(low melting temperature, high electrical conductivity,

and good wettability of common transition metals and

alloys) [1–4].

Most Sn-base lead-free solders contain only minor

amounts of alloying additions. For example, in the

widely studied Sn–Ag–Cu (SAC) alloy, more than 95%

of the solder is Sn, as measured by weight [5]. Owing to

this high Sn content, and to the generally low solid

solubilities of most elements in solid Sn [6], the

majority phase in most Sn-base solder joints is body

centered tetragonal Sn, or b-Sn. Moreover, this phase

may be present in several microconstituents simulta-

neously, ranging from b-Sn dendrites to eutectic or

eutectic-like microconstituents. As such, the overall

microstructure of a Sn-base solder is highly dependent

upon the details of the formation of the b-Sn phase

from the liquid.

It is noteworthy, therefore, that the kinetics of b-Sn
formation from most Sn-base liquid metal alloys are

unique among common metal alloys, in that hetero-

geneous b-Sn nucleation is unusually difficult (see, for

example, [7–9]). In turn, owing to the ubiquity of the

b-Sn phase in Sn-base solders, the inhibition of b-Sn
nucleation from the liquid results in the development

of nonequilibrium, and often non-uniform, microcon-

stituents within the microstructures of these solders.
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In this paper, the microstructural effects of b-Sn
nucleation difficulties are outlined, utilizing the SAC

alloy as a model system. Experimentally observed

microstructural anomalies in SAC solder joints are

rationalized using solidification principles and meta-

stable portions of the Sn–Ag–Cu phase diagram.

Subsequently, strategies for overcoming anomalous

microconstituent development are addressed, and

finally, suggestions are made as to areas for future

research on inoculant development for improved

SAC-based lead free solder formulations.

2 The nucleation behavior of b-Sn

Owing to its low melting temperature (Tm = 232�C, or
505 K) and low equilibrium vapor pressure (5.78 ·
10–21 Pa at Tm), Sn was among the first elements em-

ployed in fundamental studies of the solidification of

metals. The results of these early experiments [10, 11]

were used to extend the original theories of liquid phase

nucleation from the vapor [12, 13] to the liquid–solid

transformation [14, 15]. In these original investigations,

it was shown that liquid Sn may undergo substantial

undercooling prior to b-Sn nucleation. Maximum un-

dercoolings of 107 K and 120 K were reported by

Vonnegut [10] and Pound and LaMer [11], respectively,

corresponding to DT –
max = 0.22Tm. It was generally

assumed that these maximum observable undercoolings

represented conditions of homogeneous nucleation.

However, more recent work by Perepezko [16] has

demonstrated substantially greater undercoolings prior

to Sn solidification (in the vicinity of 190 K, or

DT –
max = 0.37Tm). Perepezko employed improved

sample preparation techniques over those utilized in the

earlier studies cited above, and his results indicated that

in all earlier investigations, heterogeneous rather than

homogeneous nucleation had been responsible for

solidification.

In all of these studies of Sn solidification [10, 11, 16],

special effort was made to avoid heterogeneous

nucleation by methods such as microdroplet dispersal

(whereby some droplets are unlikely to contain potent

heterogeneous nucleant impurities) and surface

encapsulation (in which the potency of surface nucle-

ation is reduced by replacing the liquid surface with a

liquid–liquid, liquid–solid or liquid–amorphous phase

interface). Nevertheless, even in typical laboratory and

industrial settings, where special precautions are ab-

sent, liquid Sn and Sn-base alloys may easily be un-

dercooled by 15–40 K prior to solidification [7–9]. This

degree of undercooling (up to DT –~ 0.08Tm) is well

beyond the DT –~ 0.02Tm typically observed for heter-

ogeneous nucleation in liquid metals [17].

The author is aware of no study that has focused on

rationalizing the relative difficulty of b-Sn nucleation.

However, the fact that such difficulties exist suggests

that common impurities, such as native oxide, are not

particularly potent heterogeneous nucleants for b-Sn.
(Indeed, it is noteworthy that both Vonnegut and

Pound and La Mer, previously cited [10, 11], deliber-

ately oxidized the surfaces of their Sn droplets prior to

solidification experiments so that the oxide would

prevent their coalescence during dilatometry charac-

terization.) Moreover, common alloying additions to

Sn-base solders, such as Ag, Cu, Ni, Bi, etc., form

oxides that are less thermodynamically stable than

SnO2, and would therefore be unlikely to form oxides

in the presence of excess Sn and small amounts of

oxygen [18].

Additionally, given that substantial liquid underco-

oling has been observed in Sn-base alloys containing

primary metallic phases, such as Ag3Sn and Cu6Sn5 in

the case of SAC alloys, many crystalline metals and

intermetallic compounds are also relatively ineffective

for catalyzing b-Sn nucleation. Finally, in the case of

microelectronics solder joints, the small dimensions of

the joints may reduce the likelihood of the presence of

a potent heterogeneous nucleation site within the joint,

since the probability of a heterogeneous nucleation

event is generally expected to scale with the surface or

interfacial area of material to be transformed [19].

3 Solidification of Sn-base solders in the absence

of the b-Sn phase

Whatever the specific reason for the suppression of

b-Sn nucleation in Sn-bearing liquid alloys, these

nucleation difficulties have a substantial effect upon

the microstructural evolution of Sn-base solders. In the

present paper, the SAC alloy system has been em-

ployed to illustrate these microstructural phenomena.

Many of the following points have been discussed

elsewhere in the literature with regard to SAC solders

(see, for example, [8, 9, 20–25]), but to date they have

not been presented together and in detail to give an

overall picture of the myriad microstructural effects of

b-Sn nucleation difficulties manifested in SAC solders.

3.1 Equlibrium solidification in the Sn–Ag–Cu

(SAC) alloy system

TheSACalloy system [2] is themostwidely studied lead-

free solder for use in microelectronics applications.
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SAC solders are located in the Sn-rich corner of

the Sn–Ag–Cu phase diagram, and lie within

the composition range Sn–(2.0–4.0 wt.%Ag)–(0.5–

1.0 wt.%Cu) [5]. This composition range was chosen

based on the existence of a ternary eutectic reaction:

L fi b-Sn + Ag3Sn + Cu6Sn5 that is located in this

compositional vicinity [2]. According to Loomans and

Fine [26] and Moon et al. [8], this ternary eutectic

reaction occurs at the composition Sn–3.5wt.%Ag–

0.9wt.%Cu and at a temperature of 217�C (490 K).

Figure 1a shows a portion of the Sn–Ag–Cu phase

diagram’s liquidus projection, as calculated by Moon

et al. [8] via phase diagram optimization, based on

experimental ternary phase diagram data and extrap-

olation of thermodynamic models of the constituent

binary systems. For near-eutectic alloys, seven different

microconstituents may develop during equilibrium

solidification, depending upon the overall alloy com-

position and the specific topology of the phase diagram.

In the Sn–Ag–Cu system, these microconstituents are:

(i) primary Ag3Sn, (ii) primary Cu6Sn5, (iii) primary

b-Sn, (iv) monovariant Ag3Sn + b-Sn, (v) monovariant

Cu6Sn5 + b-Sn, (vi) monovariant Ag3Sn + Cu6Sn5,

and (vii) eutectic b-Sn + Ag3Sn + Cu6Sn5. The com-

positional regions of formation of each of these mi-

croconstituents are labeled in Fig. 1a. Additionally,

isotherms are provided that show the temperature of

the surface at each overall composition.

A liquidus projection corresponds to intersecting

liquidus surfaces, a liquidus surface being the boundary

between the liquid phase and a two phase liquid plus

solid region. Because this portion of the Sn–Ag–Cu

phase diagram contains three solid phases, there are

three liquidus surfaces here. Each surface intersects the

other two surfaces individually along lines referred to

as liquidus valleys (in analogy to topographical maps)

and all three surfaces intersect at a single point corre-

sponding to the eutectic point.

Underneath each point on the liquidus surface is a tie-

line connecting the surface to a solid phase at a specific

composition (a two phase, or bivariant solid + liquid

equilibrium). Underneath each point on a liquidus

valley is a tie-triangle connecting the valley to specific

compositions of two different solid phases (a three

phase, or monovariant solid 1 + solid 2 + liquid

equilibrium). Underneath the eutectic point is a

two-dimensional tie-tetrahedron (the projection of one

vertex and three edges of a tetrahedron onto its opposite

face) connecting the eutectic point to specific composi-

tions of all three solid phases (a four phase, or invariant

solid 1 + solid 2 + solid 3 + liquid equilibrium).

During cooling under equilibrium conditions, solidi-

fication will commence when the alloy reaches the

temperature at which its overall composition intersects

the system’s liquidus projection.Once this occurs, one of

the solid microconstituents described above will form,

shifting the liquid to a new composition and a lower

temperature. This process continues, with the composi-

tion of the remaining liquid continually changing, its

volume fraction continually decreasing, and its temper-

ature continually decreasing as well. As the liquid

composition and temperature change, the microcon-

stituents that form will also generally change. Eventu-

ally, the composition of the remaining liquid will

correspond to the eutectic composition at the eutectic

temperature. Upon further cooling, this last liquid

presentwill solidify as ternary eutecticmicroconstituent.

In Fig. 1b, the liquid composition of an alloy of the

overall compositon Sn–5.0wt.%Ag–0.5wt.%Cu at

every point during solidification has been mapped onto

the Sn–Ag–Cu liquidus projection. Such a mapping of

liquid composition is referred to as a solidification

path. (This alloy composition was chosen for illustra-

tive purposes only. It resides outside the composition

range of interest for lead-free solder applications.)

Note that the solidification path intersects three mi-

croconstituent regions: primary Ag3Sn from approxi-

mately 243�C to 218�C), monovariant Ag3Sn + b-Sn
(from just under 218�C to 217�C) and eutectic

b-Sn + Ag3Sn + Cu6Sn5 (at 217�C, the ternary eutectic

temperature). This indicates that these three micro-

constituents would form from an alloy of this overall

composition when solidified under equilibrium condi-

tions, and demonstrates the utility of the liquidus

projection.

Two complicating factors should be mentioned here.

First, unlike the case of a binary phase diagram, where

the solidification path directly follows liquidus lines,

the solidification path is generally not evident on a

liquidus projection diagram, since no liquid–solid

equilibrium tie-lines are shown (indeed, tie-lines to

solid phases are ‘‘covered up’’ by the liquidus surfaces).

The solidification path may, however, be calculated

from a thermodynamic model of the system, such as

that of Moon et al. [8], or read from a series of detailed

ternary phase diagram isotherms.

Second, in actual solidification, even under nomi-

nally equilibrium conditions, liquids with compositions

near the liquidus valleys and near the eutectic point

may solidify directly as monovariant or eutectic

microconstituents. In other words, during actual

solidification the liquidus valleys are effectively regions

rather than lines, and the eutectic point is a region

rather than a point. This is due to kinetic factors rather

than thermodynamic factors; coupled or cooperative

growth of two or three phases is often faster than
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growth that involves back-diffusion of solute atoms

into the liquid, because the orderly configuration of

solid phases minimizes diffusion distances. Moreover,

coupled growth of faceting and nonfaceting solid pha-

ses is favored for off-monovariant and off-eutectic al-

loys, owing to unequal undercoolings required to drive

growth of faceted and unfaceted phases. This latter

phenomenon have been recognized for some time, and

was first clearly demonstrated by Mollard and Flem-

ings [27] for off-eutectic binary alloys. The reader is

directed to a more recent extension of this early

work to ternary systems [28] and related theoretical

treatments by Himemiya and Umeda [29] for further

information.

Commonly observed morphologies of microconstit-

uents present in SAC alloys include Ag3Sn plates,

hexagonal, hollow Cu6Sn5 needles and nonfaceted b-Sn
dendrites for the primary phases and in some instances

the monovariant microconstituents, and a b-Sn matrix

embedded with rodlike Ag3Sn and/or Cu6Sn5 particles

for the eutectic microconstituent and in other

instances, the monovariant microconstituents (see, for

example, [2, 8, 9, 20, 26]). Monovariant, two phase

microconstituents are often eutectic-like in appear-

ance, indicating coupled growth. However, kinetic

factors inhibit coupled growth when both phases show

strong faceting tendencies, as would be expected in the

case of monovariant Ag3Sn + Cu6Sn5 [30]; if growth is

not coupled, monovariant microconstituents may

resemble primary phases.

3.2 Nonequlibrium solidification in the Sn–Ag–Cu

(SAC) alloy system

For a near-eutectic SAC alloy, the example shown in

Fig. 1b and the discussion from the previous section

suggest that up to three microconstituents may form

during equilibrium solidification: one primary micro-

constituent, one monovariant two phase microconstit-

uent, and the ternary eutectic microconstituent.

Moreover, these microconstituents would not be pres-

ent in equal amounts; the lion’s share of the volume

fraction would be eutectic microconstituent, with sub-

stantially lesser amounts of primary and monovariant

microconstituents.

(If growth of the phases within the monovariant

microconstituent were uncoupled, and the solidifica-

tion rate were moderate, the phases within the mono-

variant microconstituent may grow to substantial

dimensions and become separated by liquid that ulti-

mately transforms to eutectic microconstituent [28–30].

Under these conditions, the monovariant microcon-

stituent might strongly resemble two primary phases,

one of which must be the same as the true primary

microconstituent. Whatever its morphology, however,

the volume fraction of monovariant microconstituent is

not affected, and would be very small for near-eutectic

alloys.)

Figure 2 shows an optical micrograph of a SAC

solder ball of the overall composition Sn–3.4 wt.%

Ag–0.9wt.%Cu that has been melted and cooled at a

rate of 0.25 K/s until it became solidified. The micro-

constituents present appear to be primary Ag3Sn (large

plates), primary Cu6Sn5 (large needles), primary b-Sn

Fig. 1 (a) Sn-rich corner of the Sn–Ag–Cu liquidus projection,
after Moon et al. [8], showing the seven different regions of
microconstituent formation. (b) The equilibrium solidification
path of an alloy of the composition Sn–5.0wt.%Ag–0.5wt.%Cu.
This path traverses portions of the Ag3Sn liquidus surface and
the Ag3Sn + b-Sn monovariant liquidus valley before terminat-
ing at the Ag3Sn + Cu6Sn5 + b-Sn ternary eutectic point
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(dendrites) and at least one multiphase microconstit-

uent, which could be a combination of monovariant

and eutectic microconstituents but is most likely pri-

marily eutectic microconstituent. This microstructure is

noteworthy, because it is inconsistent with the solidi-

fication principles described in Sect. 3.1. As was the

case in Fig. 1b, one would here expect the final

microstructure to consist primarily of ternary eutectic

b-Sn + Ag3Sn + Cu6Sn5, with small amounts of pri-

mary Ag3Sn and monovariant Ag3Sn + b-Sn micro-

constituents. Instead, the majority microconstituent is

clearly primary b-Sn, in amounts far too great to rep-

resent uncoupled growth of monovariant b-
Sn + Ag3Sn. Moreover, neither primary nor uncoupled

monovariant Cu6Sn5 could form from an alloy of this

overall composition, since both such regions lie outside

of its likely solidification path.

The observed microstructure may be rationalized

fully, however, if one assumes suppression of b-Sn
nucleation to a temperature substantially below the

ternary eutectic temperature. In order to elucidate this

statement, let us first consider the effect of suppressed

b-Sn nucleation on phase equilibria in the Sn–Ag–Cu

system. Under such a circumstance, metastable equi-

librium conditions will prevail, whereby the total Gibbs

energy of the system is minimized at each temperature-

composition pair in the absence of the b-Sn phase.

Another way to describe this situation is to imagine

‘‘removing’’ the b-Sn phase (and with it any multiphase

region that includes b-Sn) from the Sn–Ag–Cu phase

diagram, and then redrawing the diagram as though the

b-Sn phase did not exist. Figure 3a shows schematically

the topology of the Sn-rich corner of the Sn–Ag–Cu

liquidus projection in the absence of the b-Sn phase.

(NOTE: In principle, one may use the thermodynamic

model of the Sn–Ag–Cu system established by Moon

et al. [8] to calculate this metastable phase diagram,

although this has not been done in the construction of

Fig. 3a.)

Upon comparing Figs. 3a to 1a, one notices the

following differences: i.) there is no longer a region of

primary b-Sn formation; ii.) there are no longer

Ag3Sn + b-Sn and Cu6Sn5 + b-Sn liquidus valleys; and

iii.) there is no longer a ternary eutectic point. The

Ag3Sn and Cu6Sn5 liquidus surfaces occupy the com-

positional space previously held by the primary b-Sn

Fig. 2 Optical micrograph of a Sn–3.4wt.%Ag–0.9wt.%Cu sol-
der solidified at a rate of 0.25 K/s, showing the simultaneous
presence of at least four microconstituents: Ag3Sn plates,
primary-Cu6Sn5 needles, b-Sn dendrites and ternary eutectic.
(Scale marker equals 100 microns.) This microstructure cannot
be rationalized based on principles of equilibrium solidification

Fig. 3 (a) Metastable Sn–Ag–Cu liquidus projection, in the
absence of the b-Sn phase, showing the three regions of
microconstituent formation. (b) The metastable solidification
path of an alloy of the composition Sn–5.0wt.%Ag–0.5wt.%Cu.
This path traverses stable and metastable portions of the Ag3Sn
liquidus surface, and a portion of the metastable Ag3Sn + Cu6Sn5
monovariant liquidus valley before terminating at 187�C, the
temperature at which b-Sn nucleation occurs
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region, and the Ag3Sn + Cu6Sn5 liquidus valley ex-

tends downward toward the Sn corner of the diagram.

In Fig. 3b, the solidification path of an alloy of the

composition Sn–5.0wt.%Ag–0.5wt.%Cu is superim-

posed on the metastable phase diagram of Fig. 3a. This

alloy composition intersects the Ag3Sn liquidus surface

at a temperature of about 243�C. Below this tempera-

ture, primary Ag3Sn will form, with the liquid becoming

progressively more Sn and Cu-rich. Now, however, the

temperature range of primary Ag3Sn formation is

greatly extended over that of the equilibrium phase

diagram, shown in Fig. 1b, since the b-Sn + Ag3Sn liq-

uidus valley no longer exists. At a temperature of

approximately 205�C, the liquid composition will enter

the Ag3Sn–Cu6Sn5 liquidus valley. Note that this tem-

perature is below the equilibrium eutectic temperature

of the system (217�C), and that under equilibrium con-

ditions an alloy of the given compostion have solidified

prior to this point (see Fig. 1b). As the temperature

continues to decrease, Ag3Sn and Cu6Sn5 will form

simultaneously, and as discussed previously it is likely

that their growth is uncoupled, owing to their strong

faceting tendencies, which would make them resemble

primary Ag3Sn and primary Cu6Sn5 microconstituents.

Formation of monovariant Ag3Sn + Cu6Sn5 will

continue until the onset of b-Sn nucleation. Once b-Sn
nucleation occurs, the metastable phase diagram is no

longer applicable, and one must revert to the equilib-

rium phase diagram of Fig. 1a for guidance. Let us say

in this example that b-Sn nucleation occurs at an

undercooling of 30 K, corresponding to a temperature

of 187�C. At this temperature, Fig. 3b indicates that

the remaining liquid will have a composition of about

Sn–1.5wt.%Ag–0.25wt.%Cu and will be at a tempera-

ture that is approximately 39 K below the equilibrium

b-Sn liquidus surface. Hence, the remaining liquid is in

a state referred to as constitutional supercooling,

meaning that its composition and temperature place it

inside a two phase solid + liquid region of the phase

diagram. A constitutionally supercooled liquid will

solidify via dendrite formation, since a planar solid–

liquid interface is unstable [31]. Moreover, at such a

high liquid undercooling the growth rate of b-Sn is

expected to be extremely rapid [32]. Rapid growth of

b-Sn dendrites will have two additional effects. First,

since the b-Sn phase is nearly pure Sn, most remaining

Ag and Cu will be rejected into the liquid at the den-

drite/liquid interface, increasing the Ag and Cu content

of any remaining liquid substantially. Secondly, the

latent heat of b-Sn solidification will be released, rais-

ing the temperature of the remaining liquid. Together,

these effects begin to ameliorate the conditions of

constitutional supercooling.

Eventually, the remaining liquid will be sufficiently

Ag- and Cu-rich and at a high enough temperature for

the formation of monovariant and/or ternary micro-

constituents. Owing to the Sn-rich nature of the un-

dercooled liquid, if monovariant microconstituents

were to form they would likely comprise Ag3Sn + b-Sn
or Cu6Sn5 + b-Sn. Both monovariant reactions consist

of a faceting phase and a nonfaceting phase, and hence

coupled, eutectic-like growth would be most likely [30].

3.2.1 Enhanced primary phase formation due to the

suppression of b-Sn nucleation: intermetallic

phases

It is important to note that because the compositions of

Ag3Sn, Cu6Sn5 and b-Sn are nearly independent of

temperature [6, 8], the volume fractions of these three

phases are unaffected by nonequilibrium solidification

caused by the suppression of b-Sn nucleation. Rather,

what the suppression of b-Sn nucleation affects is the

volume fractions of microconstituents present. Specifi-

cally, the effect of suppressed b-Sn nucleation is the

redistribution of these three phases among the micro-

constituents present; to wit, the volume fractions of

primary phases (or primary-like microconstituents,

such as monovariant, uncoupled Ag3Sn + Cu6Sn5) are

dramatically increased, whereas the volume fraction of

eutectic microconstituent undergoes a corresponding

decrease. In the example shown in Fig. 2, Cu6Sn5 that

should have been present only as part of the eutectic

microconstituent, has formed as a primary-like phase.

The total volume fractions of primary or primary-like

Ag3Sn and in particular of b-Sn are much greater than

would otherwise be the case, and again their presence

as primary phases comes at the expense of formation of

eutectic microconstituent.

The increase in volume fraction of primary inter-

metallic phases may have deleterious effects on the

mechanical properties of SAC solder joints, potentially

affecting such important factors as thermal fatigue life.

A dramatic example of this has been discussed by

Lewis et al. [20], Henderson et al. [21], and Kim et al.

[33], who found that in many instances, particularly

under conditions of slow to moderate cooling, primary

or primary-like intermetallic microconstituents may

grow to very large dimensions. This is particularly true

for the Ag3Sn phase. Henderson et al. [21] found that

in some SAC solder joints, primary Ag3Sn particles

grew to be so large that they subtended the entire joint.

An example of such a large Ag3Sn plate, as observed

by Buckmaster et al. [22], is depicted in Fig. 4. In

principle, these large plates could have deleterious

effects upon the thermal fatigue resistance of SAC
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solder joints, since the interface between the particle

and the remaining solder provides a direct crack

propagation route across the entire joint.

Similarly, large Cu6Sn5 needles have been observed

in SAC solder joints. These needles, if oriented unfa-

vorably within a joint, might also have disadvantageous

effects upon joint properties such as thermal fatigue

resistance. However, this possibility has not been

investigated. Finally, the numerous primary b-Sn den-

drites have their own unique issues, as is discussed in

the following section.

3.2.2 Enhanced primary phase formation due to the

suppression of b-Sn nucleation: b-Sn dendrites

The most striking microstructural anomaly of under-

cooled Sn-base alloys is the large volume fraction of b-
Sn dendrites. Inspection of a typical SAC micrograph,

such as Fig. 4, suggests the presence of hundreds of

small, individual b-Sn dendrites within a SAC solder

joint. Surprisingly, however, it turns out that relatively

few of these dendrites are crystallographically distinct.

As was first shown by Telang et al. [34, 35], and later

investigated further by LaLonde et al. [23], Lehman

et al. [24] and Henderson et al. [25], what appear to be

myriad, small b-Sn dendrites within a solder joint are in

fact secondary and tertiary arms of relatively few

crystallographically distinct dendrites.

Figure 5a, b, taken from [23], shows a polarized light

microscopy (PLM) image (a) and an electron back-

scatter diffraction (EBSD) orientation imaging

map (b) of the same solder ball. These two techniques

are able to show contrast based on crystallographic

orientation of b-Sn. It is readily seen that the images

are comparable, and that only five regions of inde-

pendent crystallographic orientation are visible in this

900 micron diameter solder ball, even though optical

microscopy appears to show individual b-Sn dendrite

cells that are nominally 40 microns in size.

A detailed analysis by LaLonde et al. using both

EBSD and PLM showed that on average, one SAC ball

grid array (BGA) solder joint, comprising a 900 micron

diameter solder ball such as that shown in Fig. 5a, b,

would be expected to contain at most 8 individual b-Sn
dendrites, independent of cooling rate over the range

studied (0.35–3.0 K/s). The work of Henderson et al.

[25] yielded similar conclusions based on PLM analy-

sis. Additionally, LaLonde et al. measured the mis-

orientation between neighboring b-Sn dendrites for

more than 200 adjacent dendrites, and found that their

relative orientations were not random, an observation

consistent with the earlier work of Telang et al. [34,

35]. A histogram of misorientation angle between

neighboring dendrites is given in Fig. 6. The histogram

shows that about 60% of the relative misorientations of

adjacent dendrites lie within just three angle ranges:

5–15�, 20–25� and 55–65�. These results indicated that

even among the eight ‘‘independent’’ dendrites present

in a single SAC solder joint, many of these dendrites

are related by special crystallographic orientations,

suggesting that they may spring from a common origin

during solidification. Several mechanisms have been

reported in the literature for the bifurcation of den-

drites during solidification, including twinning, kinking

of primary dendrite arms due to void coalescence

and collapse into dislocation loops, and simple bending

of primary dendrite arms owing to impingement

[36, 37].

The paucity of independent Sn dendrites in SAC

solder joints is again consistent with inhibition of b-Sn
nucleation during solidification. Fundamental studies

by Rosenberg and Winegard [32] of the growth

velocity of elemental b-Sn dendrites from pure liquid

Sn have shown that the growth is extremely rapid, and

has an exponential relationship with liquid undercool-

ing. The data of Rosenberg and Winegard have been

fitted by Christian [38] to the relationship: v ~
0.7(DT –)1.8, where v is the growth velocity in cm/s and

DT – is the undercooling in Kelvins. In SAC alloys, the

b-Sn growth rate is undoubtedly lower than what

would be predicted by the preceding equation, owing

to the presence of Ag and Cu in the liquid phase.

Nevertheless, as discussed by LaLonde et al., given the

small dimensions of a typical solder joint (less than

1 millimeter), at undercoolings in the vicinity of 25 K,

Fig. 4 Optical micrograph of a Sn–3.4wt.%Ag–0.9wt.%Cu sol-
der solidified at a rate of 0.25 K/s, showing the formation of large,
primary Ag3Sn plates. (Scale marker equals 50 microns.) Note
that the plate in the lower section of the solder ball nearly
subtends the ball
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these data for the growth of b-Sn from pure liquid Sn

suggest that a dendrite could probably subtend

even a SAC solder joint in times on the order of

0.5 milliseconds. This implies that once b-Sn nucle-

ation commences, solidification is so rapid that there is

almost no time left for additional b-Sn nuclei to form.

Moreover, release of the latent heat of fusion during b-
Sn dendrite growth increases the temperature of the

remaining liquid, which reduces the thermodynamic

driving force for further b-Sn nucleation once a

nucleation event is initiated. Finally the rapidity of

solidification would also likely contribute to the gen-

eration of crystallographic ‘‘mistakes’’, such as twins,

that would contribute to dendrite bifurcation, consis-

tent with the preponderance of special misorientation

angles between adjacent b-Sn dendrites.

Because b-Sn dendrites comprise the highest volume

fraction of all microconstituents in a typical SAC sol-

der joint, one would expect them to have a substantial

effect upon the properties of the joint. Moreover, a

solder joint consisting primarily of a few unique b-Sn
dendrites should be more monocrystalline (aniso-

tropic) than polycrystalline (isotropic) in character. For

example, the thermal fatigue resistance of such a joint

might depend strongly on the crystallographic orien-

tation of the joint with respect to the applied stresses,

and disadvantageously oriented joints would be more

prone to early fatigue failure than would other joints.

Specific issues related to thermomechanical fatigue

mechanisms for monocrystalline-like b-Sn solders have

been discussed extensively by Telang and Bieler [34]

and Henderson et al. [25].

4 Strategies for minimizing microstructural
phenomena caused by the suppression of b-Sn
nucleation

Nucleation theory [14, 15] suggests that the rate of

nucleation depends upon both thermodynamic and

kinetic factors. It stands to reason, therefore, that

approaches to dealing with nucleation-related phe-

nomena might focus on either thermodynamics

or kinetics. Here, three strategies are presented for

ameliorating the microstructural phenomena related

to suppressed b-Sn nucleation: one based on thermo-

dynamics, and two based on kinetics. In the thermo-

dynamic approach, one may use the appropriate

metastable phase diagram and the known degree of

liquid undercooling to modify the solder composition.

This strategy will minimize the temperature range over

which primary or primary-like intermetallic phase

formation occurs, in turn minimizing the final volume

fraction of primary microconstituents. However, this

Fig. 5 (a) Polarized Light
Microscopy (PLM) image of
a Sn–3.4wt.%Ag–0.9wt.%Cu
solder joint, cooled at K/s,
and showing contrast based
on crystallographic
orientation of b-Sn dendrites.
(b) Electron Backscattered
Diffraction (EBSD) image of
the same solder ball, again
showing contrast based on
crystallographic orientation
of b-Sn dendrites. (Scale
marker equals 50 microns)
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Fig. 6 Histogram of
misorientation angle between
adjacent b-Sn dendrites,
based on EBSD data from
more than 40 solder balls and
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first approach cannot prevent the eventual develop-

ment of a high volume fraction of b-Sn dendrites. In

the second strategy, one may attempt to use a b-Sn
inoculant, whereby the undercooling prior to b-Sn
nucleation is greatly reduced. In principle, this strategy

should render the microstructure to be nearly the same

as that which would be expected under equilibrium

solidification conditions. In the third approach, one

may increase the cooling rate of the liquid. This will

have the effect of refining (reducing the phase dimen-

sions of) the microstructure by limiting growth times,

but may not eliminate nonequilibrium microconstitu-

ents. Each of these strategies is discussed below.

4.1 Modification of the solder composition based

on prevailing metastable phase equilibria

As discussed in Sect. 3.2, the simultaneous presence of

large, primary or primary-like Ag3Sn plates and

Cu6Sn5 needles in SAC solders is attributable to b-Sn
nucleation difficulties, and the liquid composition fol-

lowing metastable portions of the Ag3Sn liquidus sur-

face and Ag3Sn + Cu6Sn5 monovariant liquidus valley

until eventual b-Sn nucleation at high undercoolings. If

one cannot enhance b-Sn nucleation, one may still

avoid formation of these primary intermetallic parti-

cles by using the metastable Sn–Ag–Cu phase diagram

shown in Fig. 3a as a guide for alloy selection, rather

than the equilibrium phase diagram depicted in Fig. 1a.

Such an approach was first suggested by Henderson

et al. [21], whose main concern was elimination of

Ag3Sn plate formation.

Henderson et al. showed that primary Ag3Sn for-

mation may be avoided by substantially reducing the

Ag content of SAC alloys. It would stand to reason that

reducing the Ag content of SAC solders would reduce

the amount of Ag3Sn formed, since Ag3Sn is the only

Ag-bearing phase present in near-eutectic SAC alloys.

However, Henderson et al. were able to quantify the

required reduction in Ag content using the following

reasoning. It is known that SAC solders undercool

about 20 K below the eutectic temperature prior to b-
Sn nucleation. The amount of undercooling prior to

soldification is relatively insensitive to the solder

composition. Additionally, as may be seen in Figs. 1a

and 3a, both the stable and metastable portions of the

Ag3Sn liquidus surface decrease sharply in tempera-

ture with decreasing Ag composition. Therefore, if one

were to choose a SAC alloy composition for which the

metastable Ag3Sn liquidus surface was at least 20 K

below the equilibrium eutectic temperature, primary

Ag3Sn would be thermodynamically precluded from

forming prior to b-Sn nucleation, because the alloy

would lie within the metastable, single phase liquid

region of the phase diagram. In other words, Hender-

son et al. recognized the existence of a metastable

thermodynamic constraint on the system; for any phase

transformation, even a metastable phase transforma-

tion, to occur spontaneously, there must still be a

thermodynamic driving force, i.e., a lowering of the

Gibbs energy of the system.

Using the thermodynamic model of Moon et al. [8]

to extrapolate the position of the Ag3Sn liquidus sur-

face to metastable regions (similar to Fig. 3a), Hen-

derson et al. estimated that if the Ag3Sn content were

reduced to below 2.7 wt.%, the Ag3Sn liquidus surface

would reside at least 20 K below the eutectic temper-

ature. Their subsequent experiments using low Ag

content SAC alloys proved that by restricting the Ag

content to this level, Ag3Sn plate formation could be

avoided, regardless of cooling rate, because thermo-

dynamics would forbid primary Ag3Sn formation.

In principle, this strategy could also be utilized to

preclude formation of primary or primary-like Cu6Sn5.

However, no such investigations have been reported in

the literature. Additionally, as is confirmed via

inspection of the micrographs in Henderson et al.’s

paper, this strategy cannot be employed to prevent

primary b-Sn dendrite formation, since the b-Sn re-

mains highly constitutionally supercooled, as discussed

previously. Figure 7, from Buckmaster et al. [22], de-

picts a slowly cooled (0.25 K/s) Sn–2.5wt.%Ag–

0.9wt.%Cu alloy, which in agreement with Henderson

et al. has no Ag3Sn plates but is rife with b-Sn den-

drites.

Fig. 7 Optical micrograph of a Sn–2.5wt.%Ag–0.9wt.%Cu sol-
der solidified at a rate of 0.25 K/s, showing that Ag3Sn plates do
not form from low Ag content alloys, even at low cooling rates.
(Scale marker equals 50 microns.) It is noteworthy, however,
that reducing the Ag content of the alloy does not prevent
formation of Cu6Sn5 needles and b-Sn dendrites
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4.2 Addition of a b-Sn inoculant to promote

solidification at small liquid undercoolings

A second strategy for rendering the microstructure of

near-eutectic SAC alloys more like the expected

equilibrium structure would be to add a b-Sn inoculant

to the solder. An inoculant is a material that, even in

small quantities, promotes rapid heterogeneous

nucleation of solid phases from the liquid at low to

modest undercoolings. In practice, inoculants generally

take the form of insoluble, solid particles whose melt-

ing temperatures far exceed those of the liquid alloy in

which they promote nucleation. Inoculants are widely

used in the metal casting industry to refine the grain or

dendrite size of alloys. (For example, titanium is rou-

tinely used as an inoculant in Al-base alloys [39]).

Clearly, employment of a b-Sn inoculant is a

straightforward solution to the problems described in

the present paper, since they all stem from b-Sn
nucleation difficulties. However, inoculants are found

via trial and error, and their efficacies may be sensitive

to processing conditions. To date, only one study has

been reported in the literature pertaining to the

development b-Sn inoculants. Ohno and Motegi [7]

studied the effects of minor alloying additions on the

undercooling of high purity Sn prior to its solidifica-

tion. In their experiments, 0.1 wt.% of several ele-

ments was added individually to filtered, 99.999% pure

Sn (the impurities present were not specified) and the

undercooling of the melt was measured as a function of

superheating. Ohno and Motegi found that the ele-

ments Al, Sb and Zn were effective in reducing the

undercooling of high purity Sn from DT –~ 18 K to 3–

5 K, 3–7 K and 3–7 K, respectively, depending on the

amount of superheating employed prior to solidifica-

tion. They also observed that Sb and Zn became

ineffective as inoculants upon superheating beyond

500 K and 640 K, respectively, above the melting

temperature of Sn. This ‘‘fading’’ of inoculating capa-

bility may be attributable to preferential evaporation

of Sb and Zn at higher temperatures. The inoculating

effect of Al additions, on the other hand, was insensi-

tive to the degree of superheating over the entire

superheating range investigated (up to DT+ = 800 K).

Since the b-Sn phase in Sn–base solders is essentially

elemental Sn, it is reasonable to assume that Al, Sb and

Zn might also be effective inoculants when added to

alloys such as the SAC alloy, barring their strong

chemical interactions with other alloying additions

present. Indirect confirmation of this hypothesis could

be found in the lead-free solder literature. For exam-

ple, McCormack and coworkers [40, 41] modified the

Sn–3.5Ag binary eutectic solder with 0.5–2.0 wt.% Zn

additions, and noted substantial refinement of the

microstructure; in particular, they observed a decrease

in the incidence of b-Sn dendrites and an increase in

the fraction of eutectic microconstituent. These are

precisely the microstructural changes one would expect

if b-Sn nucleation were facilitated so as to occur at

small undercoolings. However, their investigations did

not incorporate studies of undercooling; rather, only

changes in melting temperature due to the Zn addi-

tions were noted.

Buckmaster et al. [22] and Kang and et al. [42] were

the first to attempt to correlate changes in undercool-

ing in Zn-modified SAC alloys with concomitant

changes in microstructure, using metallography and

thermal analysis. Figure 8 depicts differential scanning

calorimetry (DSC) data from Buckmaster et al., which

show the effects of an 0.1 wt.% Zn addition on the

undercooling and melting temperatures of several

near-eutectic SAC solder alloys, as well as on pure Sn.

The figure shows that these small Zn additions are

effective in reducing undercooling prior to solidifica-

tion over a wide range of SAC alloy compositions. The

undercooling prior to solidification was decreased from

25–30 K to 5–10 K. Additionally, it is noteworthy that

the cooling rates were relatively low in these DSC

experiments (about 0.25 K/s).

Figures 9a, b, again taken from Buckmaster et al.,

show the microstructure of a Sn–3.4wt.%Ag0.9wt.%Cu

alloy cooled at 0.25 K/s (a) and the microstructure of

the same alloy inoculated with 0.1 wt.% Zn and cooled

at the same rate (b). Upon inspection of these micro-

graphs, one may see that while Ag3Sn plates are

present in the ternary eutectic solder, they have not

formed in the Zn-modified solder. This absence of

Ag3Sn plate formation in Zn-bearing solders was ver-

ified by Buckmaster et al. based upon the metallo-

graphic observation of dozens of Zn-modified solder

joints solidified over a range of cooling rates.

Further comparison of Fig. 9a, b shows that the

volume fraction of ternary eutectic microconstituent

has been increased substantially upon addition of Zn to

the solder; in fact, the ternary eutectic has gone from

being a minority microconstituent in Fig. 9a to the

majority microconstituent in Fig. 9b. It must be

emphasized, however, in comparing these figures that

even in the presence of Zn inoculant, b-Sn dendrites

still persist, although the Zn addition has dramatically

reduces their volume fraction. This may be attributable

to the relatively high growth rate of b-Sn from the

melt, even at these reduced (5–10 K) undercoolings.

(Indeed, the data of Rosenberg and Winegard [32]

suggest that even at an undercooling of 5 K, the growth

velocity of a b-Sn dendrite would be more than 10 cm/s
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from pure Sn. Therefore, if growth velocities of b-Sn
dendrites in SAC solders are of similar magnitude, a b-
Sn dendrite could still traverse a ~1 mm diameter sol-

der joint in about 0.01 s.)

Additionally, the average b-Sn dendrite size appears

to be larger in the Zn-modified alloys than it is in the

unmodified alloys. This observation was also made by

Kang et al. [42]. However, as was discussed in Sect.

3.2.2, one should not rely upon metallography to

ascertain b-Sn dendrite size in these solders; instead,

one should utilize a technique such as EBSD that

identifies b-Sn dendrites based on crystallographic

orientation.

At present, it is unclear why Zn is an effective

inoculant for b-Sn. Given that Zn promotes heteroge-

neous nucleation equally well in both pure Sn and SAC

alloys, its inoculating effect is not attributable to

interactions between Zn and Ag or Cu. It is possible

that Zn, given its strong affinity for oxygen, forms ZnO

in the presence of liquid Sn or Sn-base alloys. ZnO has

a high melting temperature, and is likely to be insolu-

ble in Sn-base liquids at temperatures near the melting

point of Sn. Small, solid ZnO particles might act as

heterogeneous nucleation sites for b-Sn, owing to a low

liquid/ZnO interfacial energy. Whatever the physical

basis for its inoculating effect, Zn addition shows great

promise for promoting formation of the eutectic

microconstituent in SAC solders.

A related point of interest is the distribution of Zn

within the SAC solder subsequent to solidification. To

address this issue, Buckmaster et al. performed X-ray

mapping during scanning electron microscopy (SEM)

analysis of Zn-modified solders to pinpoint the distri-

bution of Ag, Cu and Zn within Zn-modified Sn–

3.4wt.%Ag–0.9wt.%Cu solders. A typical result is

shown in Fig. 10, which depicts a Cu6Sn5 particle

embedded in the b-Sn matrix. X-ray mapping shows

appreciable accumulation of Zn within the Cu6Sn5
phase, indicating a preference for Cu–Zn interaction.

No accumulation of Zn was observed within the Ag3Sn

phase (not shown) or the b-Sn phase. Preferential

interaction between Cu and Zn is of great practical

importance, given that Cu is among the most common

solder pad metals. Concerns related to Zn-(Cu pad)

interactions will be addressed at a later point in the

paper.

Transformation Temperatures for 0.1Zn additions
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Fig. 8 Melting temperatures
(Tm) and solidification
temperatures (Ts) of SAC
alloys of varying Ag content,
with and without 0.1wt.%Zn
alloying additions. Note that
Zn additions have a negligible
effect on Tm and a substantial
effect upon Ts

Fig. 9 (a) Optical micrograph of a Sn–3.4wt.%Ag–0.9wt.%Cu
solder ball, cooled at 0.25 K/s. (Scale marker equals 100 mi-
crons) Note the high volume fraction of b-Sn dendrites and the
presence of Ag3Sn plates. (b) Optical micrograph of a Sn–
3.4wt.%Ag–0.9wt.%Cu+0.1wt.%Zn solder ball, cooled at 0.25 K/
s. (Scale marker equals 100 microns.) In this Zn-modified solder,
fewer b-Sn dendrites are present, and no Ag3Sn plates are
observed
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4.3 Increasing the cooling rate to limit growth time

for primary phases

The final strategy for limiting nonequilibrium micro-

structural development due to suppressed b-Sn nucle-

ation is to increase the cooling rate of solders during

the solidification process. This approach has been

investigated by several researchers [9, 21, 33]. A higher

cooling rate might have two effects on the early stages

of solidification (e.g., those stages involving the for-

mation of primary and monovariant microconsituents).

First, a high cooling rate will limit, or possibly pre-

clude, the generation of stable nuclei during primary

and monovariant solidification. Second, for those sta-

ble nuclei that do form, a high cooling rate will limit

the time available for phase growth. Together, these

effects should reduce the volume fraction of primary

and monovariant phases present at the onset of b-Sn
nucleation; moreover, continued rapid cooling during

the b-Sn phase nucleation and growth should affect the

b-Sn phase in a similar manner. Ultimately, one would

anticipate a refinement of the microstructure under

conditions of sufficiently fast cooling.

This structural refinement effect has been observed

by Henderson et al. [21] and Kim et al. [33] in regard

to primary Ag3Sn plate formation. These investigators

found that at sufficiently high cooling rates, Ag3Sn

plate formation could be prevented, even from SAC

alloys of relatively high Ag content as shown in Fig. 11.

The most plausible explanation for their observations

is likely a growth limitation rather than a nucleation

limitation; in other words, a high cooling rate does not

allow sufficient time for primary Ag3Sn particles to

develop a large, plate-like morphology [21].

Fig. 10 Scanning electron
micrograph and X-ray
mapping of the Cu6Sn5 phase
in a Zn-modified solder ball.
(Scale marker equals
10 microns) This analysis
shows that Zn is
preferentially partitioned into
the Cu6Sn5 phase. No
accumulation of Zn was
observed in b-Sn or Ag3Sn

Fig. 11 Optical micrograph of a Sn–3.4wt.%Ag–0.9wt.%Cu
solder ball, cooled at 4.0 K/s. (Scale marker equals 200 microns)
At high cooling rates, Ag3Sn plates do not form; however, both
b-Sn dendrites and Cu6Sn5 needles are still observed
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Based upon metallography, these researchers also

noted a general refinement in the scale of all micro-

constituents, including b-Sn dendrites, for cooling rates

in excess of about 1.5 K/min. However, the work of

LaLonde et al. [23] showed that although b-Sn den-

drites appear to be smaller in rapidly cooled solder

joints, based on metallography, EBSD analysis proved

that fast cooling rates merely reduce the average pri-

mary and secondary dendrite arm dimensions, and do

not increase the number of crystallographically distinct

b-Sn dendrites present. This was proven true for

cooling rates of up to 3 K/s which encompasses the

rates studied by the researchers cited above.

While this strategy may be effective for eliminating

or reducing primary intermetallic phase formation, it

does have several disadvantages when compared with

the other strategies for minimizing the development of

nonequilibrium microconstituents. First, solidification

at increased cooling rates does not prevent b-Sn den-

drite formation, nor does it refine their true size.

Therefore, all potential problems related to b-Sn den-

drites outlined in Sect. 3.2.2 remain. Second, in many

instances it may prove impossible in practice to in-

crease the cooling rate during microelectronics

assembly to a level sufficiently high to affect the solder

microstructure. Typical cooling rates observed during

assembly processes range from 0.25–4 K/s [21], and

much of this range is too low to prevent Ag3Sn plate

formation, for example, based on the work cited above.

Finally, high cooling rates increase the likelihood of

thermal stress-related defects and failures, owing to

substantial differences in coefficients of thermal

expansion between board and card components.

Overall, then, this strategy is probably of limited utility

for microelectronics applications.

5 Suggested future work

Of the three strategies described in Sect. 4.0 for mini-

mizing the development of nonequilibrium microcon-

stituents in Sn-base solders, the most promising would

seem to be utilization of b-Sn inoculants. This strategy

directly addresses the root cause of nonequilibrium

microstructural evolution, namely, suppressed b-Sn
nucleation. Therefore, in principle one could modify

Sn-base solders to include inoculants and thus obtain

equilibrium microstructures under a variety of pro-

cessing conditions. In practice, however, many con-

cerns need to be addressed simultaneously when

reformulating solder compositions. In this section, such

concerns are outlined as they relate to inoculant

development. They include inoculant identification,

optimization of inoculant content, potential chemical

interactions between inoculants and metal solder pads

during reflow (melting and resolidification of the

solder) and use, and the effects of inoculants on the

microstructure of b-Sn dendrites. It is hoped by the

author that these discussions may serve as a basis for

future research pertaining to inoculant development

for Sn-base solders.

5.1 Inoculant identification

To date, only Zn has been studied as an inoculant for

SAC solders [22, 42]. Ideally, however, several possible

inoculants would be identified, a few of which would

likely prove superior to the others when one takes into

account additional considerations for alloy formula-

tion, such as those outlined in the remainder of the

present paper. As has already been mentioned, inoc-

ulants are found via trial and error. Nevertheless, data

that have already been reported in the literature sug-

gest directly or indirectly several alloying additions,

including Al, Ce, Co, Fe, La, Sb, and Zn, that are likely

to serve as b-Sn inoculants.

Ohno and Motegi [7] proved that Al and Sb act as

effective inoculants for b-Sn in pure Sn melts. Clearly,

both of these elements should therefore also be studied

as potential b-Sn inoculants for SAC solders. The

remaining evidence for alloying additions that serve as

b-Sn inoculants is less direct, and is based on several

reports of the effects of minor (generally less than

0.5 wt.%) alloying additions on the microstructures of

SAC alloys. These reports include Co(0.15–0.45 wt.%)

[5, 43], Fe(0.2 wt.%) [43], andCe + La(0.025–1.0 wt.%)

[44] additions. In each case, minor alloying additions

have been shown to provide substantial microstructural

refinement, and/or to eliminate or greatly reduce non-

equilibrium primary phase formation. Given that these

microstructural effects are the same as would be caused

by inoculation, it is possible that these alloying additions

are in fact effective b-Sn inoculants. However, studies

of solder undercooling with and without alloying addi-

tions, which would provide strong evidence of an inoc-

ulation effect, were not generally carried out in these

investigations. The sole exception is the work by

Anderson et al. [5], who used DSC to show that

0.45 wt.% Co additions to Sn–3.6wt.%Ag–1.0wt.% Cu

solder reduced the undercooling prior to solidification

by about 20 K when the solder was in the form of fine,

emulsified droplets of unspecified size.

It is also noteworthy that in Pound and La Mer’s

[11] nucleation studies of pure Sn, it was found that the

addition of Fe2O3 powder to an array of micron scale
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Sn droplets reduced the maximum observed underco-

oling prior to solidification by more than a factor of

two. That observation might suggest indirectly that Fe,

to the extent that the Fe2O3 was attacked and reduced

by the liquid Sn, acts as an effective inoculant for b-Sn
as well.

Overall, careful thermal analysis studies should be

undertaken on all SAC-related alloys containing minor

alloying additions, comparing melting temperatures

upon heating with solidification temperatures upon

cooling, to see whether undercooling has been reduced

over unmodified alloys.

5.2 Optimization of inoculant content

Once an inoculant is identified, the next question to be

addressed is the establishment of the appropriate

inoculant content. Buckmaster et al. [22] used DSC to

study the undercooling of Sn–3.4wt.%Ag–0.9wt.%Cu

solder as a function of Zn content, in order to ascertain

the minimum Zn content required for effective b-Sn
inoculation. The results of their investigation are

shown in Fig. 12. This figure indicates that once Zn

additions reach a level of about 0.1 wt.%, further Zn

additions do not have an appreciable effect upon the

level of undercooling prior to solidification. Therefore,

one would consider ~0.1wt.% Zn to be the optimal

inoculant content for this alloy.

However, the undercooling data in Fig. 12 are for

chemically isolated solders. Different results might be

obtained in actual solder joints, in which metal pad

materials undergo chemical reactions with the solder.

This was in fact shown to be the case by Kang et al.

[42], who investigated the microstructures of Zn-

modified Sn–3.8wt.%Ag–0.9wt.%Cu solders solidified

in contact with Cu pads. They found that subsequent to

one reflow at a cooling rate of 0.2 K/s, Ag3Sn plate

formation occurred in a solder containing 0.1 wt.% Zn,

along with a high volume fraction of b-Sn dendrites.

However, under identical reflow conditions, a solder

comprising 0.7 wt.% Zn contained no Ag3Sn plates

and had a high volume fraction of eutectic microcon-

stituent, in addition to lesser amounts of b-Sn den-

drites.

Kang et al. rationalized these observations based on

the concept of preferential reaction between Zn and

the Cu pads during reflow. The preferential partition-

ing of Zn within the Cu6Sn5 phase of SAC solder has

already been shown in Fig. 10, suggesting a strong

chemical affinity between these elements. Moreover,

the preference of Cu reaction with Zn over Sn has been

noted previously in the literature in studies of metal

pad reactions with Sn–Zn solders, which showed

Cu–Zn intermetallic formation during reflow (see, for

example, [45]). Given the small Zn content of the

0.1 wt.% Zn-bearing solder, Kang et al. postulated

that preferential Cu–Zn reaction depleted the solder of

Zn to a concentration that was no longer able to

inoculate b-Sn nucleation. Alternatively, while prefer-

ential Cu–Zn reaction also occurred in the solder joint

containing 0.7 wt.% Zn, subsequent to intermetallic

compound (IMC) formation the solder presumably still

contained sufficient Zn to provide the inoculation

effect.

During microelectronics assembly, multiple reflows

of solder joints are often required. Every reflow brings

with it the probability of further IMC formation

between the solder and metal pads. Therefore, in an

industrial setting an inoculated solder may have to

contain alloying additions far in excess of what would

be required to provide b-Sn inoculation during a single

reflow, if the inoculant reacts preferentially with metal

pad material. Therefore, once potential b-Sn inocu-

lants are identified, systematic tests should be con-

ducted in which SAC alloys containing various

amounts of inoculant are reflowed numerous times

when in contact with all common metal pads (Cu, Ni,

Au, Pd, etc). Such a test matrix may elucidate required

inoculant contents for various numbers of solder

reflows.
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Fig. 12 Melting temperature
(Tm) and solidification
temperature (Ts) of Sn–
3.4wt.%Ag–0.9wt.%Cu as a
function of Zn alloying
addition. Zn additions beyond
0.1 wt.% appear to have little
additional effect upon the
undercooling prior to b-Sn
nucleation
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5.3 Intermetallic phase formation during reflow

and aging

Preferential reaction between inoculants and metal

pad materials may have a substantial effect upon IMC

formation, both during reflow and in the course of

subsequent aging of solder joints, when compared with

IMC formation in unmodified solders. These effects

fall into three related categories. First, such interaction

may alter the diffusion path (i.e., the sequence of

phases formed as a function of time and temperature in

a diffusion couple subject to certain boundary condi-

tions; see, for example, [46]) of the joint. Formation of

different phases, or the same phase with a different

composition, may substantially alter the properties of a

solder joint.

Second, chemical interaction between inoculant

additions and pad metals may change the rate-limiting

step of IMC formation, which is typically tied to the

value of the chemical diffusivity of each phase [46].

Alteration of the rate limiting step may be good or bad,

depending upon whether it enhances or inhibits IMC

growth. In a qualitative sense, if inoculant additions

decrease the chemical diffusivities of IMC’s below

their values in unmodified solders, the rate of IMC

formation will decrease consequently the lifetime of a

solder joint will increase, all other factors being equal.

For example, Lin and Hsu [47] modified eutectic Sn–

9wt.%Zn alloy with an 0.45 wt.% Al addition. When

they reflowed this solder on a Cu pad, they found that

the Al reacted preferentially with the Cu to form a

ternary IMC, Al4.2Cu3.2Zn0.7. During subsequent

150�C aging experiments, they observed the additional

formation of Cu–Zn IMC’s. Thus, a minor Al addition

changed both the diffusion path and most likely the

rate limiting step of IMC formation.

Finally, interaction between inoculant additions and

metal pads may change the morphologies of IMC lay-

ers. A classic example of such a morphological change

is the switch between a planar reaction layer interface

and a nonplanar reaction layer interface [48]. Drastic

changes in IMC layer morphology have been observed

after minor alloying additions to SAC solders.

Anderson et al. [43] observed that the replacement of

0.3 wt% Cu with 0.3 wt.% Co in Sn–3.7wt.%Ag–

0.9wt.%Cu solder led to a change in Cu6Sn5 IM for-

mation from a scallop-like morphology to a fine, coral-

like morphology. Chuang and Lin [49] observed that

minor (0.07 wt.%) Ni additions to Sn–3.5wt.%

Ag0.5wt.%Cu solder increased the Cu IMC growth

rate substantially during reflow over that of the base

SAC solder, and also changed its morphology to be

more coral- or worm-like. In both studies, no new

phases were found to form; however, the Cu6Sn5 IMC

phases exhibited solubility of the minor alloying ele-

ments.

The results described above highlight how minor

changes in solder alloy composition can have a dra-

matic effect upon chemical reactions between the sol-

der and metal pad materials. Investigators seeking to

establish workable inoculant additions for SAC solders

must be cognizant of this important issue.

5.4 Crystallographic analysis of b-Sn dendrites

in inoculated SAC solders

Finally, it is of interest to determine whether, even if

the microstructure of a eutectic SAC solder can be

fabricated as pure eutectic microconstituent, the b-Sn
matrix is highly polycrystalline and refined, or if it is

more monocrystalline in character, as has been found in

highly undercooled SAC alloys containing a large vol-

ume fraction of b-Sn dendrites. As was mentioned in

Sect. 3.2.2, this subject is of utmost importance for

interpreting and predicting the mechanical properties

of SAC solder joints. Unpublished, prelimary data by

LaLonde et al. [23] involving EBSD data on Zn- and

Fe-modified SAC solders suggested that even in

nominally 100% eutectic b-Sn + Ag3Sn + Cu6Sn5
microstructures, there are still relatively few crystallo-

graphically independent b-Sn dendrites. However,

EBSD analysis is of such solders was extremely diffi-

cult, since the dimensions of the b-Sn regions were

found to be on the order of the minimum specimen area

from which diffraction data could be collected with the

equipment LaLonde et al. had available. It may be that

extensive transmission electron microscopy (TEM)

analysis will prove necessary to resolve this issue.
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Abstract The global electronic assembly commu-

nity is striving to accommodate the replacement of

Pb-containing solders, primarily Sn–Pb alloys, with

Pb-free solders due to environmental regulations and

market pressures. Of the Pb-free choices, a family of

solder alloys based on the Sn–Ag–Cu (SAC) ternary

eutectic (Teut. = 217�C) composition have emerged

with the most potential for broad use across the

industry, but the preferred (typically near-eutectic)

composition is still in debate. This review will attempt

to clarify the characteristic microstructures and

mechanical properties of the current candidates and

recommend alloy choices, a maximum operating tem-

perature limit, and directions for future work. Also

included in this review will be an exploration of several

SAC + X candidates, i.e., 4th element modifications of

SAC solder alloys, that are intended to control solder

alloy undercooling and solidification product phases

and to improve the resistance of SAC solder joints to

high temperature thermal aging effects. Again, pre-

liminary alloy recommendations will be offered, along

with suggestions for future work.

1 Introduction

The replacement of Sn–Pb solders for assembly of

electronic systems is being driven by impending

environmental regulations [1–3] and global market

pressures to utilize Pb-free solders. During this major

transition involving substitution for a near-universal

joining material system, eutectic or near-eutectic Sn–Pb

solder, there is also the opportunity to make a major

improvement in joint reliability for challenging operat-

ing environments, i.e., high temperatures and stress

levels, as well as impact loading situations. To help

realize this opportunity, investigations into a promising

alloy ‘‘family’’ of eutectic and near-eutectic Sn–Ag–Cu

(SAC) solders [4, 5] have increased at many different

laboratories, worldwide [6–9]. Since the Sn–Ag–Cu

ternary eutectic temperature of 217�C is significantly

higher than 183�C for Sn–37Pb (wt.%), it should be said

that Pb-free SAC solder is not a ‘‘drop-in’’ replacement

for Sn–Pb in the highly refined electronics assembly se-

quence, e.g., for surface mount technology (SMT) [2, 9].

While the enhanced reflow temperatures of 235–255�C
for SAC near-eutectic solder, compared to approxi-

mately 220�C for Sn–Pb eutectic, are within the capa-

bilities of current reflow ovens, some of the component

packages and circuit board materials, primarily poly-

meric, need to be upgraded to withstand these higher

processing temperatures. In addition, the transition

must be made to an alternative Pb-free component lead

coating to replace Sn–Pb. Also, a Pb-free high/low

temperature solder hierarchy pair, to replace Sn–95Pb/

Sn–37Pb, needs to be developed that includes (pre-

sumably) SAC solder and another Pb-free alloy to per-

mit effective multi-chip module assembly [2, 9]. In spite

of these complications, the electronics industry has

seized the challenge and is proceeding forward rapidly to

develop the assembly techniques and to generate the

reliability data for Sn–Ag–Cu as a preferred Pb-free

solder in many electronic assembly applications [2, 9].
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Compared to Sn–Pb solders that have been limited

typically to low stress joints and reduced temperature

service because of the soft Pb phase that is prone

to coarsening and ductile creep failure [10], the high

Sn content and strong intermetallic phases of a well

designed Sn–Ag–Cu alloy solder can promote enhan-

ced joint strength and creep resistance [11], and can

permit an increased operating temperature envelope

for advanced electronic systems and devices. Results of

SAC alloy development have demonstrated increased

shear strength at ambient and elevated temperatures,

e.g., 150�C, resistance to isothermal fatigue [12], and

resistance to thermal aging during temperature excur-

sions up to about 150�C, the current test standards for

under-the-hood automotive electronics [13]. In terms

of mechanical properties, shear strength [14], rather

than joint tensile strength, will be the focus of the

property characterization results that are included in

this review due to the importance of shear failures in

electronic systems with mismatched coefficients of

thermal expansion [2, 15]. Also, early tensile failure

studies showed that essentially all solder joints with Sn-

based solders would exhibit the same type of localized

parting at fairly low stress of the solder matrix and

the Cu6Sn5 intermetallic layer, with little possibility

of discriminating between solder alloy effects [10].

Although important for reliability testing of specific

electronic assembly applications [16], thermal–

mechanical fatigue analysis results also will not be in-

cluded in this review since many of the novel SAC

alloying concepts, with some exceptions [16], have not

been tested for TMF, but typically have been tested in

shear. In the expanding world of portable electronics

and miniaturization of electronic devices, the ability

of circuitry to remain undamaged after a drop impact

[9, 17–21] is becoming another key objective for SAC

solder joint microstructure design. Modified Izod

impact test results will be reviewed because such

impact testing is simple to practice and very useful

for quantitative ranking in alloy design and thermal

aging studies [17, 18], compared to board level drop

testing [20].

Superior levels of these solder joint mechanical

properties can be accomplished by microstructural

control approaches, starting with the as-solidified sol-

der joint [8, 22–28], i.e., tailoring of the as-solidified

intermetallic interface with the substrate and control-

ling of solidification nucleation for the solder matrix.

While substrate/solder interface tailoring is practiced

by alloy additions to the SAC solder or metallization

(coating) of the substrate, the issue of nucleation

control for the solder matrix has been addressed by

both SAC alloy variations and by fourth element

additions. It should be noted that the solidification

microstructures of Sn–Pb eutectic and near-eutectic

solders are not nearly as sensitive to cooling rate and

composition variations as the near-eutectic Sn–Ag–Cu

solders [9]. This sensitivity is due primarily to the

characteristic of Sn and Sn-enriched alloys for high

undercooling prior to solidification [9]. It should be

noted that a significant portion of the fundamental

research on microstructural control of SAC solder

joints has been done for the general case of bonding to

Cu conductors and this review will be limited to the Cu

substrate case. The common industrial case of solder

bonding to one of several types of multi-layer metal-

lization surfaces and the consequences of multiple

reflow cycles has also been studied in detail, but has

been covered in other reviews [29–34].

Another focus of this review will be on microstruc-

tural control for the thermally aged solder matrix/

intermetallic interface region of SAC solder joints, in

particular. Motivation for these recent studies was

provided [20, 35, 36] by reported problems with pore

development/coalescence and brittle fracture along the

intermetallic (Cu3Sn) interface with a Cu substrate.

Recent studies [9, 35, 36] on accelerated aging of SAC

alloy joints report that the suppression of voids, and

especially suppression of void coalescence, in the

intermetallic interfacial region is promoted by fourth

element additions, eliminating an apparent embrittle-

ment precursor in coarsened SAC solder joints. Inter-

estingly, some of the same fourth element additions

have been useful for both nucleation control and for

resistance to aging effects.

2 Ternary Pb-free solder joint microstructures
and mechanical properties

A closely related set of Sn–Ag–Cu near-eutectic alloys

have risen through the ranks of many experimental

studies to stand as the most likely candidates for

widespread replacement of Sn–Pb solders [9, 26, 37].

As an improvement over the previous Sn–Ag eutectic

solder in Pb-free electronic assembly applications, the

Sn–Ag–Cu solders offer a reduced melting tempera-

ture (about 4�C lower) and additional tolerance for

variations in cooling rate after reflow [9, 26, 37]. Prior

calorimetric studies [26] revealed the very similar

melting behavior of several closely related Sn–Ag–Cu

alloys, consistent with the phase diagram studies [6] on

this system. Compared to other common choices, the

Cu alloy addition to Sn–Ag is abundant and low cost,

e.g., lower cost than In, is an aid to wetting and does

not increase drossing, unlike Zn [29], is compatible
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with common no-clean paste fluxes [38], and is not a

by-product of Pb mining, e.g., unlike Bi and Sb [29].

As an indication of the Sn–3.5Ag (wt.%) baseline

solder alloy joint characteristics, Fig. 1a shows a low

magnification optical micrograph of an etched cross-

section [39]. Sn dendrites appear to extend directly

across the full 70 lm width of this joint with a sec-

ondary dendrite arm spacing (SDAS) of about 5 lm.

Optical microscopy seems to be better suited than

SEM for revealing a long range dendritic solidification

morphology in these joints, clarifying the distinctions

between cells and dendrites [39]. The typical Cu6Sn5
intermetallic phase at the interface of the Cu substrate

and the solder matrix exhibits some faceting and a

thickness of approximately 2 lm, as revealed in

Fig. 1b, consistent with previous results [26].

2.1 Solidification microstructures and shear

strength for near-eutectic SAC solders

In comparison to Sn–Pb solders, a successful Sn–Ag–

Cu alloy solder should exhibit enhanced shear strength

at ambient temperature. Perhaps more importantly,

the Sn–Ag–Cu solder should display improved creep

strength and resistance to thermal–mechanical fatigue

during temperature excursions up to about, e.g., 150�C,
the current maximum operating temperature limit of

under-the-hood automotive electronics [13]. This can

be accomplished by microstructural strengthening

approaches for the solder matrix. Essentially, the ma-

trix strengthening strategy is to avoid or refine Sn

dendrites, to minimize or refine any pro-eutectic

intermetallic phases, and to increase the fraction of fine

eutectic in the as-solidified joint [40]. To implement the

matrix strengthening approach, four Sn–Ag–Cu solder

alloys were selected for a previous study [39] which fall

in a composition region that includes and closely sur-

rounds the calculated ternary eutectic composition [6]

of Sn–3.7Ag–0.9Cu (wt.%), as shown in Fig. 2. Two

alloy choices, Sn–3.0Ag–0.5Cu (outlined by a triangle

in Fig. 2) and Sn–3.9Ag–0.6Cu (outlined by a circle in

Fig. 2), were chosen to correspond to alloys being

studied actively by JEIDA and NEMI [37], respec-

tively. Another alloy, Sn–3.6Ag–1.0Cu (outlined by a

hexagon in Fig. 2), was included to provide a corre-

spondence to other previous studies [26]. The melting

behavior of three of the four alloys (excluding Sn–

3.9Ag–0.6Cu) was also studied by differential thermal

analysis [26] and was determined to be closely related,

with a clear eutectic melting onset at 217�C and a

slightly extended liquidus melting signal, consistent

with near-eutectic alloys.

It should be noted that the solidification micro-

structures of other ternary Sn–Ag–Cu alloys certainly

have been studied and some of these will be cited in

this review. However, this set of solder alloy joints

were prepared under identical conditions and were

intended as a representative survey of the different

relevant regions of the ternary phase diagram that are

likely to be used for solder applications. Although a

hand soldering technique [39] was used, the tempera-

ture ramp, peak temperature (255�C), cooling condi-

tions (1–3�C/s), and Cu substrates were intended to

simulate typical reflow parameters for common circuit

assembly practice, to provide a comparison of the

microstructure results with practical technological

value.

The optical micrographs [39] of Fig. 3 show the

significant effects on the as-solidified joint microstruc-

tures of fairly minor variations in Ag and Cu content in

the near-eutectic Sn–Ag–Cu solder alloys used to make

the joints. The rather coarse Sn dendrites for Sn–

3.0Ag–0.5Cu in Fig. 3a, with a secondary dendrite arm

spacing (SDAS) of about 6–10 lm, can be compared to

the extremely fine Sn dendrites for Sn–3.9Ag–0.6Cu in

Fig. 3b, with an SDAS of about 2 lm. Also, the Sn

dendrite pattern associated with Sn–3.7Ag–0.9Cu in

Fig. 3c has a very similar spacing to the Sn dendrites of

Fig. 2a, associated with Sn–3.5Ag. In contrast, the

Fig. 1 Cross-section
microstructure of as-solidified
solder joints made from Sn–
3.5Ag (wt.%), including, (a)
optical micrograph of joint
with Cu substrate on top and
bottom, (b) SEM micrograph
(backscattered electron
imaging-BEI) with Cu
substrate on bottom [39]
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solidification morphology associated with Sn–3.6Ag–

1.0Cu in Fig. 3d does not appear dendritic, certainly

not with any extended Sn dendrites. Moreover, the

large Ag3Sn ‘‘needle’’ phases in Fig. 3b, as confirmed

by energy dispersive spectroscopy (EDS) in the SEM,

that project from the upper intermetallic layer into the

solder matrix, distinguished this Sn–3.9Ag–0.6Cu

microstructure from the others in Fig. 3.

The higher magnification and atomic number

contrast of the SEM-BEI micrographs [39] in Fig. 4

provide additional information on the as-solidified

joint microstructures shown in Fig. 3. For example,

from Fig. 4d it seems that, rather than Sn, Cu6Sn5 is the

apparent primary (pro-eutectic) phase in the solidifi-

cation of Sn–3.6Ag–1.0Cu solder, as confirmed by EDS

in the SEM, followed by solidification of an extremely

fine ternary eutectic. Also, the coarser Sn dendrite

patterns of Fig. 4a (Sn–3.0Ag–0.5Cu) and Fig. 4c (Sn–

3.7Ag–0.9Cu) allow for wider regions of ternary

eutectic, compared to Fig. 4b (Sn–3.9Ag–0.6Cu). An

interesting difference in the intermetallic at the Cu/

solder interface is also apparent, where the partially

faceted Cu6Sn5 fingers of Fig. 4b (Sn–3.9Ag–0.6Cu)

and 4c (Sn–3.7Ag–0.9Cu) contrast with the finely

spaced rounded stubs of Fig. 4d (Sn–3.6Ag–1.0Cu) and

the widely spaced projections of Fig. 4a (Sn–3.0Ag–

0.5Cu).

Although the ternary eutectic alloy, Sn–3.7Ag–0.9Cu,

calculated from experimental and thermodynamic data

[6] would be expected to have an equilibrium structure

that consists of mixture of three phases: b-Sn, Ag3Sn,

and Cu6Sn5, with volume fractions consistent with the

phase diagram [6], the actual joint microstructure in

Figs. 3c and 4c is more complex. It appears that the

joint made from Sn–3.7Ag–0.9Cu exhibits Sn primary

dendrites with a fine uniform ternary eutectic structure

in the interdendritic regions. If the calculated ternary

eutectic composition is correct, the appearance of pri-

mary Sn dendrites in this alloy is evidence for some

significant undercooling of the solder joint [6], where

the Sn phase probably solidified at a temperature be-

neath the coupled eutectic growth region [41]. Some

studies on undercooling of bulk samples of similar

solder alloys, along with pure Sn and Pb, demonstrated

that a Sn–3.8Ag–0.7Cu near-eutectic alloy can under-

Fig. 2 The composition region that closely surrounds the
calculated ternary eutectic composition of Sn–3.7Ag–0.9Cu
(wt.%), as seen from the calculated liquidus surface [6, 39]

Fig. 3 Optical micrographs of
as-solidified solder joints
made from (a) Sn–3.0Ag–
0.5Cu, (b) Sn–3.9Ag–0.6Cu,
(c) Sn–3.7Ag–0.9Cu, and (d)
Sn–3.6Ag–1.0Cu [39]
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cool nearly 30�C before nucleation of solidification and

other similar SAC alloys had undercoolings from 18�C
to 35�C [42]. Moreover in the Sn–Ag–Cu (SAC) alloy

system, both intermetallic phases in the eutectic,

Ag3Sn and Cu6Sn5, are known to be faceted [41], which

would be expected to skew the coupled eutectic growth

region, promoting primary Sn phase nucleation and

growth for a eutectic alloy even at modest undercoo-

lings [6].

The tendency for high undercooling and Sn dendrite

formation of the ternary eutectic SAC alloy can be

contrasted with the observed solidification behavior for

the Sn–Pb solders, which do not undercool appreciably,

only 3–4�C, and exhibit a fairly uniform coupled

(irregular) eutectic structure over a wide range of

cooling rates [9]. Generally, in Sn–Pb alloys an

increased cooling rate during solidification results in a

refined eutectic microstructure with enhanced strength,

in a continuous trend. For eutectic and most near-

eutectic SAC solder alloys, instead of coupled eutectic

solidification, melt undercooling and the nucleation

and growth of Sn dendrites is a less controlled phe-

nomenon. However, it is generally true that rapid

cooling of SAC alloys (>5–10�C/s) typically will result

in a highly refined microstructure with fine dendrites

and interdendritic ternary eutectic that has significantly

enhanced strength [9]. On the other hand, slow cooling

of SAC alloys (< 1–3�C/s) will result in Sn dendrites,

probably with a larger dendrite arm spacing, and

interdendritic eutectic, but formation of massive

pro-eutectic intermetallic phases may precede Sn

nucleation, as will be discussed below. Thus, slow-

cooled SAC solder joints may be more ductile or more

brittle, depending on whether massive intermetallic

phases are able to nucleate and grow.

To illustrate the composition dependence of these

SAC solidification characteristics, three near-eutectic

SAC alloy were used to make solder joints that were all

cooled at the same rate, 1–3�C/s from the same reflow

peak temperature, 255�C. Melt undercooling and Sn

dendrite nucleation and growth appear to have af-

fected the solidification of two of the three near-

eutectic alloys shown above, Sn–3.0Ag–0.5Cu and Sn–

3.9Ag–0.6Cu in different ways, but not to the extent

that it changed the equilibrium primary (pro-eutectic)

phases expected from the calculated phase diagram in

Fig. 2 [39]. In other words, the Sn dendrites in Fig. 3a

are the predicted primary phase in Sn–3.0Ag–0.5Cu

and the coarse dendrite arm spacing implies that they

grew at a reduced velocity, consistent with a reduced

undercooling [39]. In addition, the Ag3Sn primary

phase plates in Fig. 3b also are the predicted primary

(pro-eutectic) phase for Sn–3.9Ag–0.6Cu, but the very

fine Sn dendrites in the majority of the solder matrix

are consistent with rapid growth from a highly under-

cooled melt. Although the undercooling could not be

estimated qualitatively from the microstructure for the

Sn–3.6Ag–1.0Cu alloy in Figs. 3d and 4d, the lack of Sn

dendrites and the formation of primary (pro-eutectic)

Cu6Sn5 phase particles, apparently randomly dispersed

Fig. 4 SEM micrographs
(BEI) of as-solidified solder
joints made from (a) Sn–
3.0Ag–0.5Cu, (b) Sn–3.9Ag–
0.6Cu, (c) Sn–3.7Ag–0.9Cu,
and (d) Sn–3.6Ag–1.0Cu [39]
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in a ternary eutectic matrix, is expected from the phase

diagram [39].

Based on this representative set of microstructure

observations, it is useful to compare the criteria

described above for ideal microstructural strengthen-

ing of the solder matrix to the results for the as-solid-

ified solder joints. To restate, the matrix strengthening

strategy is to avoid or refine Sn dendrites, to avoid or

refine any pro-eutectic intermetallic phases, and to

increase the fraction of fine eutectic in the as-solidified

joint. Of the four choices above, including the calcu-

lated eutectic composition, Sn–3.7Ag–0.9Cu, the most

promising appears to be Sn–3.6Ag–1.0Cu which has a

joint microstructure that is dominated by a highly

refined ternary eutectic and is decorated by small

(10 lm or less) pro-eutectic Cu6Sn5 phase regions. In

terms of microstructural strengthening, this type of

as-solidified microstructure would be expected to have

an enhanced shear strength that is dominated by the

fine eutectic and would tend to deform uniformly if

stressed beyond the yield point. In contrast, a joint

formed from Sn–3.0Ag–0.5Cu solder with coarse Sn

dendrites and interdendritic ternary eutectic would be

expected to have a reduced shear strength that is

dominated by the low yield point of the nearly pure Sn

phase and would deform in a ductile manner within the

dendritic regions.

A summary [39] of the ambient temperature shear

strength results for all of the alloys that are illustrated

above are shown in Fig. 5, along with the results from

two modified SAC alloys containing either Co or Fe

additions that will be discussed below. An indication of

the repeatability of the maximum shear strength values

is given by the narrow range ( ± 2.5–5 MPa) of the

standard deviation of the measurements, where at least

seven specimens were tested for each type of solder

joint. The weakest of the solder joints was made from

the Sn–3.0Ag–0.5Cu, while the strongest SAC solder

joints were made from Sn–3.6Ag–1.0Cu, consistent

with the predictions of the microstructural analysis

from above. The shear strength of the baseline Sn–

3.5Ag solder joints fell in the middle of the range of

values. This apparent strengthening may be due to the

sensitivity of the Sn–3.5Ag solder microstructure to

reflow and solidification conditions and the Cu disso-

lution phenomenon, as discussed below [26, 43–45].

The difference between the maximum shear strength

and the apparent yield strength is an indication of the

reasonable ductility exhibited by these samples,

although the yield strength values had an increased

standard deviation. It is also interesting to note that the

joints made with Sn–3.6Ag–1.0Cu also exhibited

the highest yield strength with the lowest scatter of the

data, suggesting a very consistent microstructure.

In addition to selection of a SAC solder alloy based

on as-solidified joint strength, where increased strength

is preferred within reasonable limits [16], another cri-

teria should be the type of joint failure mechanism,

where uniform yielding and ductile failure are pre-

ferred. It is important to note that the solidification of

relatively large plates of Ag3Sn in a Sn–Ag–Cu solder

microstructure was shown to be particularly detri-

mental to the fracture behavior and thermal-fatigue

life of solder joints, promoting brittle failure along

interfaces between Ag3Sn and b-Sn at reduced stress

and shorter joint life [42]. Motivated by these obser-

vations, an extensive effort has been devoted to

improved SAC solder alloy design to eliminate the

occurrence of Ag3Sn pro-eutectic nucleation [9, 42],

leading to a patent [46]. This effort quantified the

Fig. 5 Summary of
asymmetric four point bend
(AFPB) shear strength tests
at ambient temperature on as-
solidified solder joints made
from the alloys listed along
the x-axis. The number of
repeat samples for each alloy
is indicated in light contrast
on each set, along with the
standard deviation of the
values at the top of each bar
[39]
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effect of independent variations of Ag and Cu content

on the formation of Ag3Sn and used 3.8Ag and 0.9Cu

as maximum levels of each element [42]. In one part of

the study, the composition dependent solidification of

independent solder alloy balls was characterized and

the same solder balls were also solidified between Cu

substrates to form joints. From the results, some gen-

eral recommendations were to utilize a Ag content of

2.0–3.0 wt.% and a Cu content of about 0.7 wt.%,

which would suppress Ag3Sn formation and still

maintain a pasty range (difference between liquidus

and solidus temperatures) less than 3.5�C, i.e., near-
eutectic behavior [42]. For example, one SAC alloy

mentioned specifically was Sn–2.7Ag–0.7Cu as repre-

senting an upper limit (for Ag content) for possible

formation of Ag3Sn plates, even at extremely slow-

cooled conditions (0.02�C/s) [42]. From the position of

this alloy on the liquidus surface of the calculated

phase diagram (see Fig. 2), the solidified microstruc-

ture of a joint prepared from Sn–2.7Ag–0.7Cu in the

same manner as the ones shown in Figs. 2–4 should be

similar to Figs. 3a and 4a that were made from Sn–

3.0Ag–0.5Cu.

2.2 Preliminary recommendation for SAC solders

Thus, to avoid the formation of Ag3Sn plates according

to the findings of the previous extensive study [9, 42],

one must choose a solder joint of reduced strength,

perhaps Sn–2.7Ag–0.7Cu. Alternatively, to avoid

nucleation of massive Ag3Sn plates and to maintain

enhanced solder joint strength, a SAC composition of

Sn–3.6Ag–1.0Cu could be picked [39], which exhibits

pro-eutectic nucleation of a well distributed Cu6Sn5
phase, followed by ternary eutectic solidification,

effectively precluding nucleation of massive Ag3Sn

plates and long range Sn dendrites. However, it is

recommended that future work with this type of SAC

alloy should focus on a small composition region with

slightly lower Ag and Cu, perhaps Sn–3.5Ag–0.95Cu.

The advantage could be a similar joint solidification

path, a reduced amount of pro-eutectic Cu6Sn5, and a

significantly smaller pasty range. According to the

calculated liquidus surface in Fig. 2, Sn–3.6Ag–1.0Cu

has a pasty range of about 5�C, compared to about 3�C
for Sn–3.5Ag–0.95Cu, assuming a solidus temperature

that is equivalent to the ternary eutectic of 217�C.
If this apparent mechanism is used properly, it should

be possible to generate a very high fraction of ternary

eutectic structure from a very slightly off-eutectic

composition by accepting the inclusion of a small

fraction of well-distributed Cu6Sn5 pro-eutectic phase.

It should be noted also that the effect of Cu dis-

solution from the substrates on the solder matrix alloy

composition is not included in this discussion. Thus,

the possible precision for adjustment of Cu content in

some SAC alloy solders is open to question, i.e.,

precise control of the final joint composition. A pre-

vious estimate of the Cu dissolution effect was an

increase of roughly 0.5% Cu to the solder joint above

the initial alloy composition, depending on the reflow

conditions [47]. Some recent studies that involve the

Cu pick-up phenomenon in Sn-enriched solder alloys

have been reported [36, 45], but the difficulty of

probing this effect is well recognized, especially by

micro-analytical techniques [48]. One data point for

Cu solubility in Sn is the maximum level (2.2 wt.%)

that can be retained by rapid quenching, followed by

cryogenic X-ray diffraction of the structure [49].

Vianco reported [36] that a maximum local concen-

tration enhancement of about 2% was measured by a

wavelength dispersive spectroscopy (WDS) line scan

method with an electron microprobe using a highly

focused beam method, after soldering of Cu sub-

strates with Sn–3.9Ag–0.6Cu by reflowing at a peak

temperature of 260�C. This local maximum Cu con-

tent was reported to decrease continuously from the

inner edge of the typical Cu6Sn5 interfacial layer

toward the center of the joint, proceeding from about

2% to a baseline (nominal) value of about 0.6% over

a distance of about 10 lm [36]. Also, the existence of

interior Cu6Sn5 phases (within the joint matrix) was

also detected in the Cu and Sn line scans, as peaks

and valleys, respectively, by Vianco [36] and others

[35, 40]. In a microstructural sense, to measure the

true pick-up of Cu into the joint matrix region one

must include excess Cu dissolved in Sn and the inte-

rior content of Cu6Sn5, both as independent phases

and as part of the ternary eutectic structure. A broad

beam WDS method, most common in analysis of

geological specimens [50, 51], has recently been

applied to this difficult problem [45]. One encourag-

ing result from this study is that, although low Cu

content SAC alloys, e.g., Sn–3.0Ag–0.5Cu, may pick

up 0.5–0.7Cu, a solder joint made with Sn–3.7Ag–

0.9Cu did not have any significant change in Cu

content [45]. Thus, the prospect of closely controlling

the final composition (Cu content) of a joint made

with Sn–3.5Ag–0.95Cu appears more likely than that

of a joint made with a SAC alloy containing only

0.5–0.6Cu.

Lead-Free Electronic Solders 61

123



2.3 Thermally aged microstructures and shear

strength for near-eutectic SAC solders

The demand for some electronic assemblies to remain

reliable for extremely long times in harsh environ-

ments, particularly at high temperatures, is an acceler-

ating trend, e.g., the desired positioning of automotive

control systems immediately adjacent to the internal

combustion engines that they control [16]. In other

words, in these situations it is highly desirable for a

Pb-free solder to exhibit increased strength and suffi-

cient ductility, compared to Sn–Pb eutectic solder, at

temperatures in the neighborhood of 150�C, as men-

tioned above [13, 16]. To provide a preliminary test of

high temperature performance of a partial set of the

SAC solder joints that are included in the discussion

above, shear testing of such solder joint samples was

conducted at 150�C [39]. A comparison of the maxi-

mum shear strength values at ambient temperature to

the shear strength values at 150�C is shown in Fig. 6.

The results of this elevated temperature test indicated a

drop of at least half of the shear strength of the ambient

temperature measurements to a range between about

15 MPa and 20 MPa [39]. Due to the increased stan-

dard deviation of the measurements, no significant

differences can be observed between the elevated

temperature shear strengths of the solder joints made

from any of the alloys tested. Actually, the collapse of

all of the 150�C shear strength values to a single range

of 15–20 MPa suggests that the high temperature

mechanical properties probably are controlled by the

decreased strength of the Sn phase in the solder matrix

[39], related to Sn grain growth and Sn inter-granular

de-cohesion [52]. Any more detailed analysis of these

results is hindered by the dynamic nature of micro-

structural coarsening that must have occurred during

these high temperature tests. Thus, it was decided to

conduct future shear strength tests at ambient temper-

ature after fixed periods of high temperature aging and

to correlate these results to observations of the aged

solder joint microstructures.

As mentioned above, ambient temperature shear

strength provided a mechanical property test for

ranking of solder joints at two different stages of

accelerated (isothermal) aging at 150�C (approxi-

mately 0.86 Tm). A summary of the ambient temper-

ature shear test results for the 100 h and 1,000 h aged

solder joints of all seven alloys that were shown in

Fig. 7, compared to the as-soldered shear strength [35,

53]. In both the as-soldered and 100 h aged conditions,

the three weakest solder joints were made from Sn–

3.9Ag–0.6Cu, Sn–3.7Ag–0.9Cu, and Sn–3.0Ag–0.5Cu,

while the three strongest aged joints were made from

Sn–3.7Ag–0.6Cu–0.3Co, Sn–3.6Ag–1.0Cu, and Sn–

3.7Ag–0.7Cu–0.2Fe, with the joints made from Sn–

3.5Ag in the mid-range of shear strength [35, 53]. After

1,000 h of aging the weakest group still retained the

same ranking, but one of the strong alloys, Sn–3.7Ag–

0.6Cu–0.3Co, moved to the mid-range and the Sn–

3.5Ag results moved into the strong group. If all of the

alloy results in Fig. 7 are averaged, the maximum shear

strength of these Pb-free solder joints dropped about

20% from the as-soldered condition to the 100 h aged

condition, and dropped only another 16% from the

100 h aged condition to the 1,000 h aged condition

[35]. Thus, after 1,000 h of aging at 150�C, the average

maximum shear strength of the solder joints made

from all the alloys in this study retained about two

thirds of the as-soldered maximum shear strength. In

contrast to the previous 150�C shear testing [39],

careful control of the thermally aged microstructures

of these joint samples and the use of shear testing at

Fig. 6 Summary of
asymmetric four point bend
tests at ambient and elevated
(150�C) temperature on
solder joints made from the
alloys listed along the x-axis.
The number of repeat
samples for each alloy is
indicated in light contrast on
each bar, along with the
standard deviation of the
values at the top of each bar
[39]
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room temperature provided an improved opportunity

[35] to explore any measurable differences between

this fairly representative set of SAC solder alloys, given

the distinctions already noted in their as-solidified

microstructures and properties [39, 53].

To more fully understand the results for maximum

shear strength after aging, the load versus elongation

data was analyzed and correlated with the corre-

sponding solder joint microstructures and macroscopic

joint failure characteristics [35]. Further distinctions

between the joint sample microstructures were derived

from analysis in both the as-aged and post-shear test

conditions [35]. The strongest solder joints after 100 h

aging, e.g., made from Sn–3.6Ag–1.0Cu, exhibited

considerable ductility and plastic yielding before the

maximum shear strength level and considerable plastic

yielding after the maximum shear strength was reached

(see Fig. 8a). The companion post-shear microstruc-

ture in Fig. 8b shows that a significant amount of

homogeneous plastic flow had occurred in the solder

matrix, suggested by the apparent bending and align-

ment of the elongated intermetallic phases with the

plastic flow direction of the solder matrix [35].

On the other hand, the localized ductile shear

behavior of the ‘‘weak’’ class of joint samples, repre-

sented by the results for Sn–3.7Ag–0.9Cu in Fig. 7, was

typical of the less uniform ductile failure mechanism

displayed by many of the 100 h aged specimens, both

weak and strong [35]. The load versus shear elongation

data in Fig. 9a, shows only a small amount of elastic

deformation before plastic yielding at about 22 MPa

and maximum shear strength at about 32 MPa. As

reported by several investigators of shear failures in

aged and as-solidified SAC solder joints [11, 54, 55],

this non-uniform ductile shear displacement of the

solder joint matrix appears to be localized to a portion

of the continuous Sn phase that is immediately adja-

cent to the Cu6Sn5 intermetallic interface (see Fig. 9b).

There also appears to be some minor amount of

intermetallic cracking across projections of the Cu6Sn5
and along the interfaces between the Cu6Sn5 and the

Cu3Sn layer, which is well known to form during initial

aging at such high temperatures [36]. Thus, the failure

of both strong and weak solder joints does not seem to

involve fracturing of the Cu3Sn layer, although linking

of voids during crack propagation may contribute to

weakening of the Cu6Sn5/Cu3Sn interface [35].

In the initial analysis of solder joints after 1,000 h of

aging at 150�C there was noted an additional loss of

shear strength, averaged for all of the solder alloys

studied, of approximately 16% beyond the initial drop

after 100 h, as given in Fig. 7. Over the range of alloys

studied and within the uncertainty of the intermetallic

compound (IMC) layer measurement, neither the

thickness of the Cu3Sn layer nor the total thickness of

both intermetallic layers, Cu3Sn + Cu6Sn5, had any

apparent relationship to the ranking of maximum shear

strength after 1,000 h of aging [35], as reported in some

studies [36]. However, in contrast to the as-solidified

and 100 h aged results, two different types of mechan-

ical deformation behavior were observed for each alloy

in the 1,000 h aged results (e.g., Fig. 10a) in most cases,

leading to a greater standard deviation of the strength

data [35]. The strong joint exhibited almost the same

maximum shear strength, ductility, and plastic yielding

behavior as the 100 h aged sample in Fig. 8a. Also, the

post-shear microstructure in Fig. 10b and c revealed

that a significant amount of homogeneous plastic flow

had occurred in the solder matrix, similar to Fig. 8b,

along the entire length of the joint [35].

Fig. 7 Summary of maximum
shear strength from AFPB
tests at ambient temperature
on as-soldered and aged
solder joints made from the
indicated alloys [35, 53]
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On the other hand, the weaker example of the Sn–

3.6Ag–1.0Cu joints (in Fig. 10a) exhibits a higher

yield point than the joint made from Sn–3.7Ag–0.9Cu

(see Fig. 9a), but has an immediate drop in load

bearing capability, i.e., the maximum shear strength

equals the yield strength [35]. This mechanical

behavior is consistent with the obvious failure (see

Fig. 10d and e) of a long region of the Cu3Sn/Cu

interface, shortly after the crack enters through the

ductile matrix on both ends of the joint (see

Fig. 10e). The micrograph in Fig. 10d, taken from the

middle of the joint, shows no apparent signs of joint

matrix flow or intermetallic cracking in addition to

the obvious interface debonding at the bottom of the

micrograph [35]. This extreme debonding example is

actually fairly isolated and ductile failure of the SAC

alloy joints is the dominant observation. In other

words, localized ductile yielding was observed after

aging for 1,000 h in greater than 65% (on average) of

solder joint samples made from Sn–3.5Ag and all of

the SAC alloys [35]. Figure 11 reveals that although

the Sn–3.6Ag–1.0Cu solder joints had the most

observations of partial interface debonding (half of

the joint samples), the strength level of the joints

that failed in a ductile manner was high enough to

push it into the strong joint class of the 1,000 h aged

samples (see Fig. 7). Figure 11 also indicates that all

of the solder joints made from the Co- and Fe-

modified SAC alloys exhibited [40] a fully ductile

shear failure mode, as will be explained in the fol-

lowing section.

Fig. 8 Shear test (AFPB) results for a solder joint sample made
from Sn–3.6Ag–1.0Cu that had been aged for 100 h at 150�C,
showing: (a) the stress versus strain data, and (b) a post-AFPB
microstructure of a central region of the joint in cross-section
with the Cu substrates on the top and bottom [35]

Fig. 9 Summary of the shear
test (AFPB) results for a
solder joint sample made
from Sn–3.7Ag–0.9Cu that
had been aged for 100 h at
150�C, showing: (a) the stress
versus strain data, (b) a
central region of the joint in
cross-section that reveals the
localized shear failure mode
[35]
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Since the first reports of the phenomenon of

embrittlement in solder joints made from SAC solder

alloys after prolonged high temperature aging in 2003

[56], these thermal aging effects have been the subject

of some conflicting reports. Vianco et al. [36] reported

on a thorough, well controlled study of Sn–3.9Ag–

0.6Cu solder solidified on a Cu substrate, that was

subject to thermal aging at several temperatures (70,

100, 135, 170, and 205�C) for a series of prolonged

times (1–400 days) to study IMC formation and

growth. Earlier studies [36] on thermal aging by the

authors had included Sn–3.5Ag and Sn–0.5Ag–4.0Cu

solders and pure Sn, also solidified on a Cu substrate.

First, the Sn–3.9Ag–0.6Cu solder joint required an

aging temperature of at least 135�C to develop a

measurable layer of Cu3Sn between the Cu substrate

and the Cu6Sn5 IMC layer [36]. However, no void

formation at the Cu/Cu3Sn interface, a precursor

observation to embrittlement [35], was detected in

these samples even for aging times out to 350 days [36].

The onset of void formation at the Cu/Cu3Sn interface

was observed at 170�C after an aging time in excess of

Fig. 10 A summary of the
shear failure observations for
two solder joints soldered
from Sn–3.6Ag–1.0Cu,
showing: (a) the shear stress
versus elongation data for
both joints, (b) a cross-section
SEM micrograph of the
strong joint, (c) an SEM
macrograph of the full width
of the strong joint, (d) a cross-
section SEM micrograph of
the weak joint, and (e) an
SEM macrograph of the full
width of the weak joint [35]

Fig. 11 Summary of the
apparent failure mechanisms
in the shear test results of the
solder joints that were aged
for 1,000 h at 150�C, as
described in Fig. 7 [40]. Note
that the arrow points to the
data for the Fe- and Co-
modified SAC solder joints
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150 days (3,600 h) and was attributed to Kirkendall

porosity [57], where longer times and higher aging

temperatures promoted void growth and coalescence

[36]. Although thermal aging at 150�C was not studied,

the results for 170�C would have been expected to

exhibit pore formation at a shorter aging time, pre-

sumably less than 1,000 h, to be completely consistent

with the results in Fig. 11. However, the initial void

formation is difficult to detect by microstructural

observation alone, since metallographic preparation

methods can produce anomalous porosity [35]. Also,

shear testing was helpful in detecting the outcome of

void formation and, especially, void coalescence, since

the shear failure process tends to expose such joint

weaknesses [35]. These reasons again may explain why

a previous study [36] also failed to detect void forma-

tion at the Cu/Cu3Sn interface in similar samples made

from Sn–3.5Ag solder in variance with the results

summarized in Fig. 11, which found that 20% of the

Sn–3.5Ag joint samples exhibited noticeable embrit-

tlement [35].

For completeness, another study of Sn–Ag–Cu sol-

der joints with Cu also studied embrittlement induced

by thermal aging at several temperatures (100, 125,

150, and 175�C) for 3–80 days [20], but did not specify

the solder alloy or the reflow conditions of the solder

ball samples. Interestingly, this study used a type of

high strain rate (drop) tensile loading of components

on a board and rapid tensile (pull) and shear testing of

individual component (ball) joints to detect the onset

of the embrittlement, along with microstructure anal-

ysis to observe void development associated with the

IMC layers [20]. The authors reported a lack of cor-

relation of the mechanical tests of individual ball joints

with the board level failures due to the diversity of

loading modes of the joints. However, they did find a

consistent association between cross-section micro-

structure observation of advanced void coalescence at

the Cu3Sn/Cu interface and the percentage of ductile

(bulk solder) failure on fracture surface of solder ball

pull failures [20]. The void formation was attributed to

the Kirkendall effect [57]. The associated data showed

that aging conditions of at least 125�C and 20 days

(480 h) were needed to promote void coalescence into

continuous regions of interface separation and an

obvious drop of joint ductility. This thermal aging

threshold is lower than even the aging temperature

(135�C) for detection of significant Cu3Sn IMC layer

formation by Vianco et al. [36], adding some uncer-

tainty to the results, but the observation of Cu3Sn/Cu

void formation and coalescence is consistent with both

the results in Fig. 11 and the microstructure observa-

tions of Vianco et al. [36].

2.4 Impact strength of SAC solder joints

In another study of embrittlement of solder joints on

thermal aging [17, 18], Sn–9Zn and Sn–8Zn–3Bi solder

balls were reflowed three times onto two different

substrates, Cu and Au/Ni(P), and subsequently subject

to thermal aging at 150�C for up to 1,000 h. While

several aspects of this study were significantly different

than the other SAC solder studies described above, the

use of a well-instrumented (pendulum type) impact

tester is an important advance in the quantitative

testing of solder joints. The impact specimen was an

individual solder ball sample that was joined to a

substrate on the bottom only and the miniature

‘‘hammer’’ at the end of the pendulum struck the sol-

der ball below the mid-point of the sphere, in a pseudo-

Izod type of specimen geometry [17, 18]. Quantitative

energy absorption values were obtained for each

impact test and the substrate fracture surface of each

specimen was analyzed to categorize the fracture

mode, i.e., within the bulk (ductile), at the IMC

interface (brittle), or mixed, and the results were

strongly affected by void formation and IMC layer

formation and growth after thermal aging [17, 18].

While the actual results are not important for this re-

port, the use of an instrumented impact tester on an

Izod-type specimen to investigate the resistance of a

solder joint to impact loading, simulating an accidental

dropping incident, is a very worthwhile experimental

approach to study this type of reliability problem.

It should be noted that the miniature pendulum-type

impact tester discussed above is a custom laboratory

instrument [58] and is not broadly available. However,

commercial impact test instruments, normally used to

test small polymer specimens in an Izod configuration

(e.g., Tinius-Olsen model 92-T), are available of a

suitable load range to study small solder joint speci-

mens of the type that were used for the asymmetric

four point bend (AFPB) shear tests in Fig. 11 [59]. The

rectangular specimens (40 mm · 3 mm · 4 mm) were

notched only at the solder joint on the leading edge

(facing the hammer impact point) and tested at room

temperature, although an environmental chamber can

be fitted to the instrument to permit testing at sub-

ambient and elevated temperatures, similar to a recent

Charpy impact study of bulk solder specimens [21].

Some very recent results of such Izod impact testing

(see Fig. 12) were published on as-soldered SAC sol-

der and SAC + X joints (based on Sn–3.7Ag–0.9Cu)

with Cu [59], but more testing is on-going with ther-

mally aged joint specimens of these SAC joints and

some new SAC + X solder joint samples that will be

discussed below.
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2.5 Summary recommendation for SAC solders

In light of the expanding evidence of a reliability issue

after extensive aging at high temperatures for solder

joints made with SAC alloys, a modified recommen-

dation should be provided beyond the SAC alloy

composition, Sn–3.5Ag–0.95Cu, that was provided

above. This composition seems preferred based on

control of the joint solidification path, i.e., to avoid

nucleation of massive Ag3Sn plates and Sn dendrites

and to promote formation of a maximum volume

fraction of coupled ternary eutectic microstructure

(with an enhanced shear strength) over a range of

typical cooling rates. In addition to these highly

desirable characteristics for widespread use, some

limitations need to be placed on the upper operating

temperature of such SAC solder joints. From analysis

of all of the accumulated results on thermal aging, it is

reasonable to recommend that SAC solder joints (with

Cu substrates) of all common compositions should be

used for applications with typical operating tempera-

tures less than about 135�C. Actually, it is likely that a

higher upper use threshold temperature may be more

closely defined between 135�C and 150�C with more

study. In fact, it is well known that substrate metalli-

zation layers, e.g., Ni or Ni(P) [29] can extend the

upper use temperature and it was recently discovered

that minor alloying of SAC solders, producing

SAC + X solders, also can eliminate the embrittlement

problem observed at 150�C out to at least 1,000 h of

exposure, as described in the section below.

3 Quaternary Pb-free solder joint microstructures

and mechanical properties

In the section above, a thorough review was presented

of the use of composition modifications within the Sn–

Ag–Cu ternary system to control the solidification path

and product phases, especially in solder joints that join

Cu substrates. It was also stated that the least desirable

solidification product phase seems to be pro-eutectic

Ag3Sn in the form of massive plates or ‘‘blades,’’ since

it has been identified as a severe limitation on the

plastic deformation properties of SAC solder joints [8,

9]. Two basic SAC alloy design strategies to avoid this

problem were presented involving either solute-poor

(especially low Ag) or slightly hyper-eutectic (Cu-rich)

ternary solder alloys. A second problem with SAC

solder joints also was identified in the section above

that was related to partial embrittlement of joints after

extensive high temperature aging. Recognition of this

problem lead to the additional recommendation that

an upper limit on SAC solder joint temperature

exposure be set at approximately 135–150�C, particu-
larly for exposure times on the order of 1,000 h.

Therefore, the logic can be seen clearly for the devel-

opment of a third alloy design strategy involving minor

alloy additions to a baseline SAC solder to permit both

avoidance of Ag3Sn pro-eutectic and high reliability

use at increased temperatures, perhaps higher than

150�C for times exceeding 1,000 h. This section will

present a brief review of the so-called ‘‘SAC + X’’

alloy design strategies and the effects of alloy additions

on solidification (as-soldered) microstructures and

properties, as well as the alloy design efforts targeted

at the thermal aging problem.

3.1 Solidification microstructures for SAC + X

solders

High undercooling was recognized as a common

occurrence and a major influence on the solidification

microstructure of Sn–Ag–Cu alloys in bulk melts dur-

ing early work that explored the existence of a ternary

eutectic reaction [4, 7, 29] and in subsequent phase

diagram analysis work [6]. At the calculated ternary

eutectic composition of Sn–3.7Ag–0.9Cu, the difficulty

of nucleation and growth of a coupled ternary eutectic

structure has prevented its observation in as-solidified

Fig. 12 Summary of the Izod
impact strength results from
the as-soldered joints in this
study, where the standard
deviation is superimposed on
the bar for each alloy and the
number of repeat samples is
noted above each bar. The
SAC (305) notation, for
example, is for Sn–3.0Ag–
0.5Cu [59]
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ingots and solder joints [6]. In fact, the most common

as-solidified structure in near-eutectic solder ingots and

solder joints (see Fig. 3a–c) is a divorced eutectic

microstructure with Sn dendrites as the primary phase

and an interdendritic ternary eutectic that freezes

subsequently [6]. The high undercooling needed for

nucleation of the b-Sn phase in common near-eutectic

SAC alloys with reduced Cu (£0.9Cu) also presents the

opportunity for nucleation of Ag3Sn pro-eutectic plates

at a reduced undercooling, producing an undesirable

solder joint microstructure, as described above [8].

Thus, one approach to modification of SAC alloys

with minor 4th element additions was to minimize the

undercooling needed for nucleation of b-Sn phase. As

a basis for this recent work, it was noted that low level

additions (0.1 wt.%) of some elements, e.g., Zn, Al, Sb,

and Bi, had been observed previously to catalyze b-Sn
nucleation at significantly reduced undercooling in

otherwise pure bulk Sn melts [9, 60]. Of these,

SAC + Zn has been pursued aggressively [8] and a Zn

addition appeared to promote solidification of coarse

Sn dendrites at undercoolings of only 3–4�C in bulk

alloy samples, compared to approximately 30�C for the

unmodified Sn–3.8Ag–0.7Cu solder alloy. Moreover,

when two levels of the Zn addition, 0.1 and 0.7Zn

(wt.%), were added to the same SAC solder alloy, the

complete elimination of Ag3Sn plates was achieved for

the higher Zn level when the solder was applied to a

Cu substrate, even at a cooling rate as slow as 0.02�C/s
[8]. Another type of minor 4th element addition, a rare

earth (RE) like La or Ce, also seems to catalyze b-Sn
(undercooling was not reported), but its primary

function [61] was intended to be formation of RE-Sn

intermetallic compounds at the Cu interface for

improvement of creep properties [61].

Alternatively, some success at nucleation control of

a SAC + X solder alloy was achieved by using a Hume-

Rothery approach to design a series of possible 4th

element additions to a SAC solder alloy, initially Sn–

3.6Ag–1.0Cu, that was based on their ability to match

closely ( < 5% mismatch) with the atomic size of Cu

[26, 62]. Copper was selected as the object of substi-

tutional alloying because a Cu6Sn5 intermetallic com-

pound typically is formed first during SAC solder joint

solidification on a Cu substrate, usually as a substrate

interface layer. The original intent of the substitutional

element in SAC + X was both to modify the as-solidi-

fied morphology of the initial Cu6Sn5 interfacial layer

and to limit growth of the eventual Cu6Sn5 + Cu3Sn

interfacial layers under thermal aging conditions [25,

26]. Of the original ‘‘X’’ elements tested, two levels of

Co (0.15 and 0.45 wt.%) were added to Sn–3.6Ag–

1.0Cu and were found to produce an unusual ‘‘corral-

like’’ intermetallic (apparently Cu6Sn5) interface when

applied to a Cu substrate, as shown in Fig. 13 [26].

Other X additions to SAC + X solders that produce a

similar effect on the intermetallic interface when

applied to a Cu substrate include Fe, Ni, and Au [23,

25, 27, 28]. Solder joint solidification with SAC + Co

also resulted in formation of massive pro-eutectic

Cu6Sn5 phases within a complex ternary eutectic ma-

trix. Elemental mapping by electron microprobe indi-

cated that Co was segregated to the tips of some

massive pro-eutectic Cu6Sn5 phase particles within

the solder joint matrix, consistent with a nucleation

catalysis effect [22, 26] for Cu6Sn5. Subsequently, the

undercooling ability of the Sn–3.6Ag–1.0Cu–0.45Co

alloy was compared to Sn–3.6Ag–1.0Cu by a fine

droplet emulsion technique [26, 63] and was found to

decrease undercooling by about 15%, from 142�C to

122�C, confirming the ability of Co to reduce und-

ercooling. It should be noted that much larger under-

coolings typically are accessible in solder alloys by the

droplet emulsion technique, which may be desirable for

increased discrimination of alloy catalyst activity [63].

3.2 Preliminary recommendations for SAC + X

solders

Generally, the understanding of minor alloy additions

to control nucleation and the solidification pathway of

SAC solder alloys is still incomplete, including ques-

tions regarding the solidification catalysis mechanism

and the minimum required concentration of an active

addition. For b-Sn catalysts like Zn, the early forma-

tion of Cu–Zn [42] or Cu–Zn- -Sn compounds within

the solder melt or at a Cu substrate interface may

Fig. 13 SEM micrograph, using backscattered electron imaging,
showing Cu substrate (bottom), intermetallic Cu/solder inter-
face, and solder matrix microstructures at moderate magnifica-
tion of joint cooled at 1–3�C/s and made from Sn–3.6Ag–1.0Cu–
0.45Co [26]
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provide preferred sites for Sn nucleation and dendritic

growth. After initial Sn dendrite growth starts, the

interdendritic regions are filled with a ternary eutectic

microstructure. The addition of Si, Ti, Cr, Mn, Ni, and

Ge to a SAC solder also appear to promote the for-

mation of b-Sn in solder joints with Cu [35]. On the

other hand, Co appears to catalyze nucleation of

Cu6Sn5, presumably by the early formation of Co–Sn

or Co–Cu–Sn compounds that become a ‘‘seed’’ crystal

for Cu6Sn5 [26]. After the initial Cu6Sn5 (pro-eutectic)

particles form, the regions between Cu6Sn5 particles

are filled with a ternary eutectic microstructure. For

completeness, it should be noted that the initial work

on Co additions was performed with alloys containing

a sufficient excess of solute, i.e., Sn–3.6Ag–1.0Cu–

0.15Co (at minimum), to promote formation of mas-

sive Cu6Sn5 phase particles without a catalysis effect.

However, more recent work [35] focused on an alloy

closely correlated to the calculated ternary eutec-

tic, Sn–3.7Ag–0.6Cu–0.3Co. Without a Co addition

the base alloy (Sn–3.7Ag–0.9Cu) joint microstructure

exhibits Sn dendrites and interdendritic ternary

eutectic, as given in Figs. 3c and 4c. However, the joint

microstructure of the near-eutectic SAC + Co solder

joint is characterized by small pro-eutectic Cu6Sn5
phases and a complex ternary eutectic phase assembly,

as given in Fig. 14a and b [39]. Interestingly, the

intermetallic interface in Fig. 14a is also very similar to

that shown for a solder joint made from a Sn–3.6Ag–

1.0Cu–0.45Co solder alloy under equivalent solidifica-

tion conditions in Fig. 13. These microstructural effects

indeed are consistent with the catalytic action of the Co

addition, which seems to control the solder joint

solidification pathway at this reduced (solute-lean)

SAC solder composition. Although such interesting

observations have been made, much work remains to

determine the limits of both types of catalytic effects

and to understand their mechanisms, permitting the

maximum benefits for initial solder joint performance

and extended reliability. These experiments should

include other choices for a fourth element addition

(aiming at minimizing the required concentration),

extensive calorimetry experiments (to quantify the

undercooling effect), and detailed microstructural

analysis, including TEM of selected SAC + X solder

joints (to probe the nucleant identity and mechanism).

3.3 Thermally aged microstructures and shear

strength for SAC + X solders

As thoroughly described in the previous section,

mechanical (shear) testing of a series of SAC solder

joints and post-test microstructural analysis indicated

that after aging at 150�C for 1,000 h, the typical ductile

yielding behavior of SAC solder joints was accompa-

nied by observations of a finite probability of some

degree of embrittlement in samples made from Sn–

3.5Ag and all of the SAC alloys. Microstructural

analysis of as-aged (before shear testing) joint samples

revealed that Cu3Sn/Cu interface void coalescence

appears to be a precursor condition for the joint

embrittlement mechanism. However, the shear test

results in Fig. 11 also indicated that all of the solder

joints made from the Co- and Fe-modified SAC alloys

exhibited a fully ductile shear failure mode. Figure 15

shows an example [35] of the fully ductile shear failure

mode for a solder joint of reduced shear strength made

with the SAC + Co alloy after aging at 150�C for

1,000 h, which may be compared to the example of

SAC joint embrittlement in Fig. 10. This section will

summarize the alloy design strategy and beneficial

capabilities of these minor alloy additions (and others)

to SAC solders for thermal aging resistance.

To probe the mechanism that resulted in resistance

to thermal aging embrittlement, initial analysis [35] by

line scans with EDS in the SEM indicated that Co and

Fe preferentially segregated into the Cu3Sn and

Cu6Sn5 intermetallic layers between the solder matrix

and the Cu substrate. The preferential segregation was

confirmed later by WDS with measurements of

increased fidelity [40]. Thus, substitutional alloying of

Fig. 14 Microstructure of as-solidified solder joints made from
Sn–3.7Ag–0.6Cu–0.3Co, shown as (a) SEM micrograph (BEI),
and (b) optical micrograph [39]
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Co and Fe for Cu appeared to take place in these

intermetallic layers, either during joint solidification or

after aging. It should be noted that the apparent sub-

stitution of these elemental additions for Cu in the Cu-

based intermetallic layers was intended by the alloy

design approach, which was based on the Hume-

Rothery criteria for extensive solid solubility, i.e., the

atomic (metallic) radii mismatch of Fe and Co com-

pared to Cu [24] are – 0.3% and – 1.9%, respectively,

i.e., far less than 15% mismatch that is the criteria

maximum [62]. More specifically, the alloy design

objective was to use the enhanced lattice strain that

results from substitutional alloying into the intermet-

allics to reduce the (vacancy diffusion) rate for inter-

diffusion of Sn and Cu that is needed for coarsening of

the joint microstructure and for void formation and

coalescence. The void formation has been presumed to

be due to a Kirkendall mechanism [57], where the

diffusion flux of Cu is thought to be greater than that of

Sn to cause the Cu/Cu3Sn interface to be the preferred

location of the voids [9]. Consistent with this objective,

further analysis of the aged microstructures of these

joints revealed that both Co and Fe additions reduced

the growth rate of the Cu3Sn layer, although growth of

the combined (Cu3Sn + Cu6Sn5) intermetallic layer

seemed to be increased, as given in Fig. 16 [35].

Clearly, more study of the diffusion fluxes that cause

these apparently contradictory observations is

required. However, both of these alloying additions do

appear to minimize the formation and coalescence of

voids at the Cu3Sn/Cu interface after thermal aging,

preventing the interfacial weakening that is the pre-

cursor to joint embrittlement. These initial observa-

tions also motivated an extension of the study to look

for other additions that can suppress the embrittlement

precursor condition and to seek more understanding of

the Cu and Sn diffusion flux changes.

In one case, further systematic expansion of the list of

possible SAC solder additives that could suppress

thermal aging effects utilized a Darken-Gurry ellipse

[40] as a further refinement of the Hume-Rothery

criteria by adding close electronegativity agreement for

predicting considerable substitutional solid solubility

for Cu in the Cu3Sn and Cu6Sn5 phases. Thus, a new set

of fourth element additions to SAC solder alloys, i.e.,

SAC + X (X = Si, Ti, Cr, Mn, Ni, Ge, and Zn), were

selected on the basis of their predicted ability [40] to

substitute for Cu in the intermetallic phase layers that

form on a Cu substrate after thermal aging, as a direct

extension of the original reason for selection of Co and

Fe [24]. A second research effort [64] that sought to

address the thermal aging issue in SAC solder joints also

identifiedNi as a good candidate to add to a SAC solder.

However, this effort [64] suggested two criteria; (1)

‘‘relatively large’’ solubility in the Cu3Sn intermetallic

phase, as demonstrated by an existing Cu–Sn–X phase

diagram, and (2) the ability to increase the liquidus

temperature of the Cu3Sn phase with alloying, requiring

Fig. 15 A summary of the
shear failure observations for
two typical solder joints made
from Sn–3.7Ag–0.6Cu–0.3Co,
showing: (a) the shear stress
versus elongation data for
both strong and weak joints,
(b) a cross-section SEM
micrograph of a weak (but
ductile) joint, (c) an SEM
macrograph of the full width
(nearly) of the weak joint [35]
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also an existing Cu–Sn–X phase diagram. To begin a

broader test of the embrittlement suppression hypoth-

esis, the former research effort providedmicrostructural

measurements which indicated that all of the fourth

element additions, except Ge, did reduce the measured

thickness of the Cu3Sn layer after aging for 1,000 h at

150�C compared to the base SAC alloy, Sn–3.7Ag–

0.9Cu [40]. It should be noted that the previous report

did not include data for the growth from thermal aging

of the Cu3Sn layer in SAC + Zn solder joints. A follow-

up study [59] reported that these samples actually

exhibited no continuous Cu3Sn layer in the micro-

structure after 100, 1,000, or 2,000 h of aging at 150�C.
The second study [64] also showed microstructural evi-

dence that Ni ‘‘doping’’ (< 1 wt.%) to a different base

SAC alloy, Sn–1.0Ag–0.5Cu, suppressed growth of the

Cu3Sn layer on aging for 120 h at 150�C.
Further investigation by WDS in the former study

[40] was conducted of the segregation tendency of X in

some SAC + X joints (X = Ni, Mn, and Ge) that had

been aged for 1,000 h at 150�C to compare to the

segregation behavior in aged joints [35] made from the

SAC + Co and SAC + Fe solder alloys. The results of

WDS analysis of a SAC + Ni solder joint after exten-

sive thermal aging is shown in Fig. 17 [40]. A later

extension of this study also investigated the segrega-

tion tendency after thermal aging of Zn in SAC + Zn

joints, using the same SAC base composition [59], as

given in Fig. 18. As Figs. 17 and 18 demonstrate, both

the Ni and Zn additions to the base SAC solder alloy

exhibited strong segregation to the Cu/Cu3Sn interface

and into the Cu3Sn and Cu6Sn5 intermetallic layers,

similar to the segregation behavior of Co and Fe after

the same thermal aging treatment [35]. Figures 17b and

18b also illustrate the difference in the growth behavior

of the Cu3Sn intermetallic phase along the Cu substrate

interface after aging for 1,000 h at 150�C. The Cu3Sn

phase grows as an obvious layer in the SAC + Ni case

(Fig. 17b), but it grows as a series of disconnected

projections from the Cu interface in the SAC + Zn

case into the Cu6Sn5 phase layer. Also, the follow-up

study reported that 2,000 h of aging at 150�C was not

enough to promote growth of a continuous layer of

Cu3Sn in the SAC + Zn case [59].

A summary and complete discussion has been given

elsewhere [35] of the ambient temperature shear test

results for solder joints made with SAC + X solders

(X = Fe, Co, Si, Ti, Cr, Mn, Ni, Ge, and Zn), showing

the effect of thermal aging, compared to a represen-

tative set of SAC solder joints. The average shear

strength results generally fall within the range of the

data reported in Fig. 7 that includes two of the

SAC + X results. Extracted from the SAC + X data,

the shear test results for SAC + Ni and SAC + Zn

solder joints provided an interesting comparison,

where the stress versus elongation curves of joint

samples made from the two alloys showed a difference

in consistent ductility after the start of plastic defor-

mation. In other words, the SAC + Ni joints had a few

samples (one in particular) with less ductility than the

rest [40], while the SAC + Zn joints all displayed

extended plastic flow at a high stress level [59]. The

difference in shear failure behavior between these two

cases was illustrated clearly by cross-section micro-

graphs of post-shear test samples, with the least ductile

(and weakest) SAC + Ni joint given in Fig. 19 and the

least ductile SAC + Zn joint given in Fig. 20 [59].

Obviously, the SAC + Ni joint failed in a fairly brittle

manner, while the SAC + Zn joint exhibited fully

(localized) ductile shear [59].

Taking the observations in total, some general con-

clusions may be offered regarding the shear strength

behavior and microstructural coarsening and segrega-

tion effects after extended isothermal aging at 150�C of

solder joint samples (with Cu) made from SAC + X

alloys, where X = Co, Fe, Si, Ti, Cr, Mn, Ni, Ge, and

Zn. All SAC + X solder joints in the as-soldered, 100 h

aged, and 1,000 h aged condition, with the exception of

one SAC + Ni sample, experienced shear failure in a

ductile manner by either uniform shear of the solder

matrix (in the highest strength solders) or by a more

localized shear of the solder matrix adjacent to the

Cu6Sn5 interfacial layer, consistent with many other

observations on SAC solder joints [59]. After 1,000 h

of aging, some weakening of the Cu3Sn/Cu interface

seemed to occur in only one solder joint made with

SAC + Ni that lead to partial debonding during shear

testing [59]. Without this isolated observation, only

Fig. 16 Comparison of the Cu3Sn and total (Cu3Sn + Cu6Sn5)
intermetallic interface thickness measurements as a function of
isothermal aging time at 150�C for solder joints made from Sn–
3.7Ag–0.9Cu (a), Sn–3.7Ag–0.7Cu–0.2Fe (b), and Sn–3.7Ag–
0.6Cu–0.3Co (c) [35]
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ductile failure was observed in all solder joints made

from the SAC + X alloys after aging for 1,000 h.

Analysis of aged joint samples by WDS suggests that

substitutional alloying of the X addition into the

intermetallic layers takes place between the solder

matrix and the Cu substrate, with SAC + Ge as the

only counter example [35]. This apparent substitu-

tional alloying of the X element for Cu seems to

depress the diffusion rate of Cu (most likely) and to

minimize the formation and coalescence of voids at

the Cu3Sn/Cu interface, preventing interfacial weak-

ening. Thus, the strategy of modifying a strong (high

Cu content) SAC solder alloy with a substitutional

alloy addition for Cu seems to be effective for pro-

ducing a solder joint with Cu that retains both

strength and ductility for extremely long periods of

isothermal aging (to at least 1,000 h) at high tem-

peratures (to at least 150�C).

3.4 Impact strength of thermally aged SAC + X

solder joints

As with the SAC solder joint samples discussed

above, the need to add impact testing to the charac-

terization suite of new SAC + X solder alloys has

been demonstrated in some recent work [17–19] on

the effects of thermal aging on Pb-free solder joints.

In other words, to exhibit high reliability a Pb-free

solder joint should retain high impact strength and a

ductile failure mode after extensive use at high tem-

peratures. As described above, preliminary Izod

impact testing was performed [59] on joints samples

made from a reduced set of SAC + X alloys with

X = Si, Ti, Cr, Mn, Ni, Zn, and Ge and it provided

some interesting observations (see Fig. 21). Of these

samples, the most impressive were the results after

aging for SAC + Ni and SAC + Zn, which maintained

impact strength values above 1,500 J/m2. In fact, the

SAC + Zn joints lost only 3% of their as-soldered

impact strength after 1,000 h of aging at 150�C. The
impact strength retention of aged SAC + Ni joints

was not nearly as impressive, with a loss of about

40% of the as-soldered value (see Fig. 21). Broader

conclusions will be possible when additional results

are available from an increased set of SAC and

SAC + X solder alloys.

The Izod sample bar configuration [24] used for

the results in Figs. 12 and 21 places the solder joint

Fig. 17 Typical line scan
results for WDS
measurements of solder joint
made with SAC + Ni alloy
that had been aged for 1,000 h
at 150�C, showing (a) a
collection of individual
element concentration
profiles, and (b) an SEM
micrograph with a horizontal
white line that indicates the
transverse path of the
elemental scans. Note that the
calibration of the Ni
composition (right scale on
the y-axis) has not been
adjusted to zero, affecting the
absolute values of the
concentration [40]
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line well below the impact point of the pendulum

striker, which provides a combined tensile and shear

(mixed mode) loading along the joint at an extreme

strain rate. A machined notch, aligned on the joint

centerline, is also placed on the striker side of the

bar, as recommended for the typical Izod impact

sample [65] to localize the fracture initiation point.

Compared to impact testing of single BGA joints [17,

18], the current Izod sample configuration is more

representative of bulk solder joint properties in

realistic impact situations and can be practiced on

joints that have experienced a wide range of reflow

temperatures and cooling rates, simulating either

reflow oven practice (as in this study) or the slow

cooling of BGA reflow. However, the previous study

[17, 18] also accompanied the impact strength mea-

surements with a microstructural assessment of the

fracture surface type, i.e., either ductile, brittle, or

mixed, which provides a more complete character-

ization than the current study. Such an assessment is

recommended for further Izod impact studies of

solder joints.

Fig. 18 Typical line scan
results for WDS
measurements of solder joint
made with SAC + Zn alloy
that had been aged for 1,000 h
at 150�C, showing (a) a
collection of individual
element concentration
profiles, and (b) an SEM
micrograph with a horizontal
white line that indicates the
transverse path of the
elemental scans [59]

Fig. 19 SEM micrographs of post-AFPB solder joint made with
SAC + Ni that displayed reduced ductility, where (a) shows the
full joint width and (b) is a high magnification of the central joint
region [59]
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3.5 Summary recommendations for SAC + X

solders

Although interesting observations have been made on

the effects of minor 4th element additions, much work

remains to determine the limits of the types of solidi-

fication catalyst effects and to understand their mech-

anisms, permitting the maximum benefits for initial

solder joint performance and extended reliability. One

goal of this work could be to promote the initial

solidification of a high fraction of ternary eutectic

microstructure, i.e., minimizing extensive Sn dendritic

growth, which may enhance isotropic joint strength and

reliability. Of the choices studied, the Co addition and,

perhaps, Zn, seem to satisfy this objective. The chal-

lenges ahead include discovery of the minimum addi-

tion needed to catalyze the desired effect and

determination of whether the catalysis effect can per-

sist through multiple reflow cycles. For long-term joint

reliability, modifying a strong (high Cu content) SAC

solder alloy with a substitutional alloy addition for Cu

seems effective for producing a solder joint that retains

both strength and ductility after extreme (at least

1,000 h) aging at high temperatures (up to 150�C). Of

the choices tested, Co, Fe, and Zn substitutions for Cu

seem most attractive from the standpoint of the

microstructure (IMC segregation effects and suppres-

sion of Cu3Sn growth and Cu/Cu3Sn void formation/

coalescence) and mechanical properties (retained

shear strength and ductility). Although Ni has the same

strong interfacial segregation behavior of the others,

the discovery of a brittle failure case and the reduced

impact strength on thermal aging seem to take it out of

prime consideration. Both Fe and Zn have minimal

cost, but if reduced amounts of Co prove effective, it

may also have an acceptable cost. At this point only

anecdotal evidence can be reported of the good (suf-

ficient) solderability (wetting, oxidation, and melting

range) of Co, Fe, and Zn, but quantitative studies are

needed promptly to facilitate extensive application

testing. It is clear that Zn requires a reduced superheat

for alloying into a SAC + X solder. Also, Zn retained a

remarkable percentage of impact strength after ther-

mal aging, but aged impact results for SAC + Co and

SAC + Fe are still in-progress. Confirmation of these

preferences by further testing and analysis should be

completed to establish the final ranking of the

SAC + X choices. Especially if low level additions are

proven effective, an expanded testing program that

includes SAC + Co, SAC + Fe, and SAC + Zn seems

Fig. 20 SEM micrographs of post-AFPB solder joint made with
SAC + Zn that displayed minimum ductility, where (a) shows
the full joint width and (b) is a high magnification of the central
joint region [59]

Fig. 21 Comparison of the
as-soldered impact strength
results with the available
results from the 1,000 h aged
joints in the study, where the
standard deviation is
superimposed on the bar for
each alloy and the repeat
samples are noted above each
bar [59]

74 Lead-Free Electronic Solders

123



appropriate to evaluate the performance of these sol-

ders in many types of electronic assembly applications,

including BGA assemblies.
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Abstract The research in lead(Pb)-free solder alloy

has been a popular topic in recent years, and has led to

commercially available Pb-free alloys. Further research

in certain properties to improve aspects such as

manufacturability and long term reliability in many Pb-

free alloys are currently undertaken. It was found by

researchers that popular Pb-free solders such as Sn–

Ag, Sn–Cu, Sn–Zn and Sn–Ag–Cu had improved their

properties by doping with trace amounts of rare earth

(RE) elements. The improvements include better

wettability, creep strength and tensile strength. In

particular, the increase in creep rupture time in

Sn–Ag–Cu–RE was 7 times, when the RE elements

were primarily Ce and La. Apart from these studies,

other studies have also shown that the addition of RE

elements to existing Pb-free could make it solderable

to substrates such as semiconductors and optical

materials. This paper summarizes the effect of RE

elements on the microstructure, mechanical properties

and wetting behavior of certain Pb-free solder alloys. It

also demonstrates that the addition of RE elements

would improve the reliability of the interconnections in

electronic packaging. For example, when Pb-free-RE

alloys were used as solder balls in a ball grid array

(BGA) package, the intermetallic compound layer

thickness and the amount of interfacial reaction were

reduced.

1 Introduction

In recent years, many countries had introduced envi-

ronmental related regulations such as the restriction of

certain hazardous substances (RoHS) and the waste

electrical and electronic equipment (WEEE). Lead

(Pb) is one of the chemical elements in this category.

The anticipation to the imminent introduction of leg-

islations such as RoHS and WEEE had accelerated the

research and development activities in developing Pb-

free solders. As a result, a number of Pb-free alloys are

commercially available. Modern microelectronics

products demand for high reliability, and electronic

solder materials such as Pb-free alloys need to be

reliable over long term use. Although many of the

commercially available Pb-free solders possess good

attributes such as high strength, there is still room for

improvement in certain properties to improve manu-

facturability and long term reliability. For example,

improvements in wettability and creep properties in

many Pb-free alloys are desired.

The use of electronic solders is still one of the most

popular methods for the interconnection and packag-

ing of virtually all electronic devices and circuits. Pb-

bearing solders and especially the eutectic or near-

eutectic SnPb alloys have been used extensively in the

assembly of modern electronic circuits [1]. Due to the

mandatory requirements for Pb-free imports intro-

duced by countries such as Japan and those in the

European Union, many Pb-free solders were devel-

oped to replace Pb-containing ones. Recently, the

International Printed Circuit (IPC) association of the

US reviewed the availability of Pb-free solder alloys

and indicated two choices for electronics manufactur-

ers [2]. These two alloys are the Japanese adopted
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tin0–3.0 wt%silver–0.5 wt%copper (Sn–3.0Ag–0.5Cu)

alloy and the North American Electronics Manufac-

turing Initiative (NEMI) Sn–3.9Ag–0.6Cu alloy. The

Japanese and the US manufacturing associations both

believe that their particular choice is the best candidate

for replacing Pb-containing solders. Both of these

alloys as well as many others available commercially

have undergone significant research and development.

For example, the basic physical and mechanical prop-

erties have been studied, and long-term reliability tests

have been carried out. While these alloys have many

merits, there is still scope to replace them with better

alloys.

It is also clear that, apart from the development of

proper alloy compositions for the new solder systems,

suitable fluxes and assembly process for Pb-free solders

is also needed [3].

It has been known that the addition of a small

amount of rare earth (RE) elements in metals can

greatly enhance their properties. They have played an

important role in the development of magnetic mate-

rials, high temperature superconductors, hydrogen

storage alloys as well as in ceramics and glasses [4].

Due to the unique properties of RE elements, some

researchers have tried to improve the properties of

solders by adding RE elements. In this paper, we re-

view the recent developments in Pb-free solder alloys

doped with RE elements. The development includes

the effect on microstructure, tensile properties, creep

behavior and wetting performance. The mechanism of

the refinement of the microstructure is explained. To

indicate their potential of application in electronic

packaging, a review of the changes at the solder/sub-

strate interface is given. Other practical considerations

such as using these solder materials as ball grid array

(BGA) solder balls, and for the direct soldering onto

substrates which are regarded as difficult to be soldered

are also reviewed.

2 Melting behavior

When the addition of RE elements are mainly Ce and

La, the melting temperatures are 220.9 and 220.8�C for

SnAg–0.25RE and SnAg–0.5RE, respectively, as

compared with 221.4�C for eutectic SnAg [5]. It was

also shown in Ref. [6] that the addition of 0.5–2 wt% of

Lu did not significantly affect the melting point of the

eutectic SnAg alloy. It was found that the onset

transformation temperature for the exothermic descent

of the curve, which represents the onset of melting,

does not change markedly. It is understood that by

adding the Lu element the alloy composition has

moved away from the eutectic value, as shown by the

effect of melting point peak broadening from the DSC

results [6].

For SnZn–0.05RE and SnZn–0.1RE, their melting

temperatures are 198.7 and 199.0�C, compared with

198.9�C for SnZn without the addition of RE elements.

It was found in Ref. [7] that the addition of 0.25 and

0.5 wt% of RE elements to SnCu eutectic alloy did not

change the melting temperature. It stayed at the value

of 227�C.
The melting behavior of Sn–3.8Ag–0.7-xRE alloys

was studied in Ref. [8]. As shown in Table 1, the liq-

uidus was increased by less than 2�C when the amount

of RE elements is 0.1 wt%. When the RE content is

increased to 1 wt%, the liquidus was increased by 5�C.

3 Microstructural change of Pb-free alloys after

adding RE elements

Most of the Pb-free alloys developed were Sn-rich, and

alloyed with elements such as Ag, Cu, Zn, Bi, In and

Sb. The more popular binary eutectic Pb-free alloys are

SnAg, SnZn and SnCu [3, 9]. As for ternary alloys,

those in the SnAgCu system are preferred [10, 11]. It is

quite interesting to note that these solders are eutectic

alloys, or near eutectic ones, and have similar micro-

structures. Coarse b-Sn phase is formed at a cooling

rate of 15–20Ks–1 [5, 12].

From the melting temperature point-of-view, the

eutectic Sn–9Zn alloy is one of the best alternatives to

PbSn with a melting temperature of 199�C, as com-

pared with 183�C of PbSn. Its microstructure consists

of two phases: a body centered tetragonal Sn matrix

phase and a secondary phase of hexagonal Zn con-

taining less than 1 wt% Sn in solid solution. The

solidified microstructure exhibits large grains with a

fine uniform two-phase eutectic colony [3, 12, 13]. The

microstructure of Sn–9Zn and Sn–9Zn–0.05RE are

shown in Fig. 1a, b respectively. Figure 1a shows the

microstructure of Sn–9Zn under scanning electron

microscope (SEM) examination. The eutectic colonies

of Sn–9Zn consist of fine needlelike Zn-rich phase and

dark-colored b-Sn matrix phase. Figure 1b shows that

when 0.05% RE elements were added to Sn–Zn, the

Table 1 Melting Behaviors of Sn–3.8Ag–0.7–xRE alloys [8]

Amount of RE
elements, x (wt%)

0 0.025 0.05 0.1 0.25 0.5 1.0

Solidus (�C) 217.7 217.9 218.4 218.5 218.8 218.9 220.1
Liquidus (�C) 219.8 220.5 221.3 221.8 223.2 223.6 225.0
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coarse b-Sn grains disappeared and the shape of the

Sn-rich phase was rodlike. It is also noted that the

microstructure had become very uniform [12].

The eutectic SnAg alloy has a melting temperature

of 221�C. The microstructure consists of primary b-Sn
grains and an Ag3Sn intermetallic compound (IMC) in

the form of thin platelets, as shown in Fig. 2a [3, 5, 9].

With the addition of RE elements, the b-Sn grain size

decreases, but has little effects on the Sn–Ag inter-

metallics. In faster-cooled solder alloys, fine Sn–RE

IMCs can be found in the eutectic colonies. When the

amount of RE element addition is high enough and

with a low cooling rate during solidification, the small

RE-bearing IMC particles would agglomerate together

to form an island shape, as shown in Fig. 2b. In the

same figure the rod-like Ag3Sn phases can also be seen

to form uniformly in the b-Sn matrix. In [5, 11, 12, 14]

the microstructure of the samples are obtained at a

cooling rate of 15–20 Ks–1, which is close to that during

conventional soldering. From the phase diagrams of

Ce–Sn and La–Sn, the RE-bearing phase was a mixture

of CeSn3 and LaSn3[15, 16]. It was found that the RE-

bearing phase was quite hard. The average micro-

hardness of the phase in a slow-cooled alloy has a large

value of 48 HV, compared with the average micro-

hardness of the matrix of 13.5 HV [5].

The microstructure of SnCu alloy as shown in

Fig. 3a is similar to that of SnAg with a more elongated

Cu6Sn5IMC [14]. The additional of RE elements again

decrease the b-Sn grain size, as shown in Fig. 3b for

Sn–0.7Cu–0.25RE.

The SnAgCu Pb-free solders are quite important

because they are generally recognized as the first

choice for a Pb-free solder. The microstructure of chill

cast Sn–3.5Ag–0.7Cu, as shown in Fig. 4a, mainly

consisted of phases of b-Sn, Cu6Sn5 and Ag3Sn. Under

this cooling rate, the b-Sn phases were distributed in

the ternary eutectic region. The grain size of the b-Sn
phases was about 10–20 lm. In some regions, small

Ag–Sn IMCs coexisted with the b-Sn phases. When RE

was added, the b-Sn grain size decreased to 5–10lm, as

shown in Fig. 4b [11]. The RE-bearing phase could not

be detected due to the small amount of RE addition

and its fine dispersion.

4 Adsorption effect of RE

It was mentioned above that with the addition of trace

RE elements, the more uniform microstructures of

SnAg, SnCu, SnZn, SnBiAg, SnAgCu alloys have been

obtained [5, 8, 11, 12, 17–20]. The reason is due to the

unique properties of RE elements. As active elements,

RE will accumulate at the interface of IMC particles. It

is well known that the adsorption phenomenon plays

an important role during solidification processes of

alloys and would greatly affect their microstructures

[21].

Fig. 1 Secondary electron
micrographs of (a) Sn–9Zn;
(b) Sn–9Zn–0.05RE

Fig. 2 Secondary electron
micrographs of (a) Sn–3.5Ag;
(b) Sn–3.5Ag–0.5RE by slow
cooling
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The adsorption of surface-active elements at various

planes is different. The plane with maximum surface

tension grows the fastest, while the amount of surface-

active material adsorbed is maximized. The amount of

surface-active material adsorbed at plane L is [22] :

CL ¼ � C

RT

dcL

dC
ð1Þ

where GL is the adsorption of surface-active material at

plane L, C is the concentration of surface-active

material, R is the universal gas constant, T is the

absolute temperature, and cL is the surface tension of

plane L.

When the plane L adsorbs a layer of active material,

the surface tension can be deduced from the integral of

equation (1) :

cLC ¼ cL0 � RT

Zc

0

CL

C
dC ð2Þ

where cC
Lis the surface tension of plane L with

adsorption of active material, c0
Lis the surface tension

of the initial plane L without adsorption. Thus the

surface free energy of the whole crystal is :

X
L

cLCAL ¼
X
L

cL0 � RT

ZC
0

CL

C
dC

0
@

1
AAL ð3Þ

where AL is the area of plane L. Therefore, in order to

minimize the surface free energy,

X
l

AL

Z
CL

C
dC ! max: ð4Þ

The relation indicates that the plane with the largest

G L value plays the most important role in minimizing

the free energy of the entire interface. The nature of

metamorphosis is from the adsorption of active ele-

ments on certain planes. This adsorption will not only

decrease the difference of surface energy of the crystal,

but also prevent the latter from further growth on

these planes. In [5, 14], the addition of trace RE ele-

ments decrease the size of Cu6Sn5 and Ag3Sn IMC

particles and at the same time the b-Sn grains also

become finer. This uniform microstructure was then be

able to enhance the hardness, tensile and creep

properties.

5 Improvement of mechanical properties of solder

alloys and solder joints

With adequate design, Pb-free solders are capable of

withstanding normal operating stress and strain, and

creep deformation. The ultimate tensile strength

(UTS) is the maximum engineering stress which a

material can withstand in tension. It was shown in

Fig. 3 Secondary electron
micrographs of (a) Sn–0.7Cu;
(b) Sn–0.7Cu–0.25RE

Fig. 4 Secondary electron
micrographs of (a) Sn–3.5Ag–
0.7Cu; (b) Sn–3.5Ag–0.7Cu–
RE
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Section 4 that the microstructure was generally refined

when RE elements were added. With this microstruc-

tural change, it is foreseen that the tensile properties

will be improved.

The results of tensile tests on SnCu, SnCu–0.5RE,

SnAg, SnAg–0.5RE, SnZn and SnZn–0.5RE Pb-free

solder alloys are shown as Fig. 5 [5, 12, 14]. In these

cases the RE elements added were mainly Ce and La.

In Ref. [23], the UTS of SnAgCu–0.25RE was found to

be 64 MPa. In general, the tensile strengths are im-

proved by RE additions. However, if the amount of

RE elements added is increased, the elongation to

failure of the solder alloys becomes lower for SnAg,

SnCu and SnZn. This was not the case for Sn–3.5Ag–

0.7Cu–0.1RE and Sn–3.5Ag–0.7Cu–0.25RE, as their

elongations were higher than that of Sn–3.5Ag–0.7Cu

[23].

Figure 6 shows how a typical creep curve is modified

by adding RE elements, e.g. to SnCu [14]. The creep

curve is substantially improved in both creep time and

creep strain to failure. It may also be noticed that the

steady-state creep rate is substantially decreased. It can

be seen in Fig. 6 that the creep rupture time for 303 K

(30�C) at 16 MPa is about the same as that for 393K

(120�C) at 8 MPa.

For a low melting point alloy, its creep behavior is

important because it is used at high homologous tem-

perature. Creep data are generally analyzed by relating

the steady-state strain rate to the stress through a

power law relation. The stress exponent n and the

activation energy (Qc) for creep can be calculated from

the Dorn equation [24]:

e
� ¼ AGb

RT

r
G

� �n

exp
�Qc

RT

� �
ð5Þ

where Qc represents the activation energy for creep, n

is the power-law stress exponent, G is the temperature-

dependent shear modulus, b is the Burgers vector, A is

a material-dependent constant, R is the universal gas

constant and T is the temperature. The values of n and

Qc are representative of the dominant creep mecha-

nism.

For SnAg–RE, the Ag3Sn intermetallic particles

play two different roles. They may strengthen the alloy

matrix and prevent the formation of large dislocation

pile-ups at grain boundaries. On the other hand, the

higher the number of particles in a given matrix, the

more matrix/intermetallics interfaces it contains, lead-

ing to a higher likelihood of microcrack nucleation that

can speed up the failure process. In [25], the eutectic

SnAg alloy was investigated for its creep behavior at

three temperatures ranging from 303 to 393 K, under

the tensile stress range of r/E = 10–4–10–3. One of the

major results confirmed that the steady-state creep rate

of SnAg was controlled by the dislocation-pipe diffu-

sion in the Sn matrix.

The data of steady state creep under different tem-

peratures and stresses of SnAg, SnAg–0.25RE are

presented in Fig. 7 [5]. With the addition of the RE

elements of mainly Ce and La, the creep strain

decreased substantially. From Fig. 7, the stress expo-

nents, n, at 393, 348 and 303 K (120, 75 and 30�C) are
found to be 9.9, 11.3 and 12.3 respectively for SnAg. As

for SnAg–0.25RE, the n values are 9.1, 12.0, and 12.1

respectively. Large values of stress exponent have been

observed in dispersion strengthened alloys [24, 26] and

the same also applies to the cases in [5] at 303 and

348 K (30 and 75�C). A large n value obtained from a

low test temperature, e.g. 303 K (30�C), reflects that

the dispersion precipitation strengthening is more

dominant in this temperature range than at high tem-

peratures. It is well known that precipitation

strengthening can be sustained below 0.7Tm, which is

about 348 K (75�C) for SnAg. At 393 K (120�C, i.e.
Fig. 5 Tensile strength of various Pb-free solders with and
without addition of RE elements

Fig. 6 Creep curves of Sn–Cu and Sn–Cu–0.5RE alloys
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0.8Tm), when precipitation strengthening is not guar-

anteed, the value of stress exponents for both SnAg

and SnAg–0.25RE are found to be significantly lower

than those at 303 and 348 K (30 and 75�C). This shows
that the results in [5, 24, 26] are in good agreement for

dispersion strengthened alloys. Also, at a high tem-

perature such as 393 K (120�C), the improvement of

creep resistance at low stress is not significant when

compared with those at higher applied stresses.

The creep rate, c
�
, that relates to the microstructure

in alloys with precipitates can be expressed as [27] :

c
� ¼ bqk2

KDt
ð6Þ

where q is the dislocation density, L is the spacing of

obstacles along an arrested dislocation under stress, Dt
is the time required to by-pass an obstacle, and k2 is the
average area per particle on the slip plane and is

approximately the average area slipped per activated

event. With the addition of RE elements, there is no

doubt that the number of IMC particles would in-

crease. As discussed in Section 3, with 0.25% RE

addition for SnAg, a significant refinement of particles

is seen, leading to a sharp decrease of k. As the creep

rate is proportional to k2, the addition of RE elements,

which refines the particle size and spacing, has then

provided an alloy with high creep resistance. At the

same time, it is essential to minimize particle coars-

ening during prolonged exposure at elevated temper-

atures and to ensure that the finely dispersed IMC

particles are still stable at higher temperature, so as to

control the creep rate [5].

Figure 8 shows the effect of temperature on the

steady-state creep rate at 16 and 20 MPa. The activa-

tion energies were calculated from these data. The

results indicate that at both stress levels, the activation

energy increases with RE addition. There is a strong

indication that the improvement of creep behavior of

eutectic SnAg with 0.25% RE doping is due to an in-

crease in activation energy for creep.

It is well known that RE elements are active and

they like to agglomerate at the grain boundaries and at

the interfaces of phases. The energy of surface or grain

boundary will decrease after the addition of RE. Thus

the RE elements would play an important role on

preventing the movement of dislocations and the

nucleation of microcracks. Consequently the fine dis-

persive particles and the active properties of RE

improves the creep behavior of the SnAg alloy [5].

The Sn–3.8Ag–0.7Cu alloy was doped with 0.1% RE

elements in [8]. As a result, the creep rupture life of the

solder joint at room temperature increased by about 7

times. In [28], solder joints made up from Sn–3.8Ag–

0.7Cu–xRE solders were creep-tested. It was found

that Sn–3.8Ag–0.7Cu–0.1RE had the lowest creep

rupture time. For this solder at low stress, the true

activation energy indicates that creep deformation was

dominated by the rate of lattice self-diffusion, with

stress exponent of 8.2. At high stress, this solder had

stress exponent of 14.6, and the creep behavior was

dominated by the rate of dislocation-pipe diffusion.

6 Wetting enhancement

Researches have shown that the wettability of Pb-free

alloys on Cu is generally inferior to that of SnPb

[29–31]. Nevertheless, a successful Pb-free alloy should

have adequate wettability during hand soldering,

infrared reflow, convection reflow and wave soldering.

In other research work, the wetting behaviors of

Sn–37Pb solder and Pb-free solders with or without RE

Fig. 8 Effect of temperature on steady-state creep rate of Sn–Ag
and Sn–Ag–0.25RE

Fig. 7 Comparison of steady-state creep strain with creep time
for Sn–Ag and Sn–Ag–0.25RE
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addition were reported by using the wetting balance

method [5, 8, 11, 14, 18, 23, 32,33]. The results of these

wetting tests are compared in Table 2. In general, for a

given type of solder using a particular flux, the wetta-

bility is improved as the soldering temperature is in-

creased. The SnPb, SnAg, SnAg–0.25RE, SnAg–

0.5RE, SnCu, SnCu–0.5RE, SnAgCu, SnAgCu–

0.05RE, SnAgCu–0.1RE and SnAgCu–0.25RE, in

which the RE elements are mainly Ce and La, can all

be soldered successfully using the rosin mildly activated

(RMA) flux [5, 11, 14, 23, 32]. The SnZn solder, with or

without the addition of RE elements of mainly Ce and

La, can only be soldered using the rosin activated (RA)

flux [18]. The SnAg, SnCu and SnAgCu alloys would

perform adequately when soldering onto Cu. The SnZn

alloy has the worst wettability with Cu. The addition of

RE elements helps to reduce the wetting angle. It can

be seen that the amount of RE elements needs to be

optimized for the best wetting performance. For

example, the alloys with their corresponding best wet-

ting performance are SnAg–0.25RE (250�C), SnCu–

0.5RE (260�C), SnAgCu–0.1RE (250�C) and SnZn–

0.05RE (260�C) [5, 11, 18, 32].
The wettability of SnAg, SnCu, SnZn and SnAgCu

with and without the addition of RE elements is

compared in Table 2 [5, 11, 18, 32]. It can be seen that

the SnAg, SnAg–0.25RE and SnAg–0.5RE alloys have

roughly the same wetting time. The effect of adding an

appropriate amount of RE elements of mainly Ce and

La into the alloy is clearly demonstrated by noting that

the wetting force achieved by SnAg–0.25RE is very

close to that of SnPb. However, an excessive amount of

RE addition has the effect of lowering the wetting

force. This effect is confirmed by the wetting angle

Table 2 Results of wetting balance test from the literature

Solder Alloy Substrate Soldering
temperature (�C)

Fluxy Contact
Angle (�)

Wetting
time (s)

Wetting
force (mN)

Reference

Sn–37Pb Cu 215 RMA 22 [29]
Cu 215 WS 12 [29]
Cu 215 NC 31 [29]
Cu 220 RMA 12 [30]
Cu 235 RMA 35 0.7 5.9 [5]
Cu 260 RMA 17 [31]

Sn–3.5Ag Cu 245 RMA 41 [29]
Cu 245 WS 63 [29]
Cu 245 NC 39 [29]
Cu 250 RMA 47 0.7 5.0 [5]
Cu 254 RMA 27 [30]

Sn–3.5Ag–0.25RE Cu 250 RMA 43 0.7 5.7 [5]
Sn–3.5Ag–0.5RE Cu 250 RMA 54 0.75 4.3 [5]

Sn–0.7Cu Cu 260 RMA 49 1.05 4.7 [14]
Sn–0.7Cu–0.5RE Cu 260 RMA 42 0.7 5.9 [14]

Sn–3.5Ag–0.7Cu Cu 250 RMA 48 0.7 5.0 [32]
Sn–3.5Ag–0.7Cu Matte Sn on Cu 260 RMA very small [33]
Sn–3.5Ag–0.7Cu Bright Sn on Cu 260 RMA very small [33]
Sn–3.5Ag–0.7Cu SnBi on Cu 260 RMA very small [33]
Sn–3.5Ag–0.7Cu–0.05RE Cu 250 RMA 49 0.7 5.1 [32]
Sn–3.5Ag–0.7Cu–0.1RE Cu 250 RMA 40 0.75 6.0 [32]
Sn–3.5Ag–0.7Cu–0.1RE Matte Sn on Cu 260 RMA very small [33]
Sn–3.5Ag–0.7Cu–0.1RE Bright Sn on Cu 260 RMA very small [33]
Sn–3.5Ag–0.7Cu–0.1RE SnBi on Cu 260 RMA very small [33]
Sn–3.5Ag–0.7Cu–0.25RE Cu 250 RMA 48 1.05 5.05 [32]

Sn–9Zn Cu 245 RA 83 0.6 0.45 [18]
Cu 260 RA 77 [18]
Cu 290 RA 72 [18]

Sn–9Zn–0.05RE Cu 245 RA 68 0.45 2.3 [18]
Cu 260 RA 59 [18]
Cu 290 RA 56 [18]

Sn–9Zn–0.1RE Cu 245 RA 70 0.65 2.05 [18]
Cu 260 RA 65 [18]
Cu 290 RA 56 [18]

y RMA: rosin mildly activated; RA: rosin activated; WS: water soluble; NC: no-clean.
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results, such that SnAg–0.25RE has the lowest wetting

angle among SnAg, SnAg–0.25RE and SnAg–0.5RE,

as shown in Table 2.

The wettability of the SnCu alloy is improved with

the addition of 0.5 wt% of RE elements of mainly Ce

and La. In fact, the wetting time of the SnCu–0.5RE

alloy is smaller than that of SnPb, and its wetting force

is nearly the same as that of SnPb [32]. As for Sn–Zn,

the addition of 0.1 wt% RE elements has provided

good wetting time and force. The choice of flux be-

tween RA, RMA, R and volatile organic compounds-

free (VOC-free) is very important for this alloy, as

indicated in Figs. 9, 10, such that only the RA flux is

successful in providing wetting to the samples [18].

The SnAgCu alloy also has the same wetting

improvement with 0.1 wt% of RE elements addition.

As shown in Table 2, its wetting performance is then

comparable to that of SnPb [11].

This enhancement obtained by adding a proper

amount of RE can be explained through the effects of

RE on the interfacial tensions. According to the Ce–Cu

phase diagram [34], below the soldering temperature of

300�C, interaction between Ce and Cu is very low. It is

therefore impossible to reduce the interfacial tension

between the solder and the Cu substrate by the inter-

action of RE and Cu. On the other hand, as the same

type of flux and substrate are used in each test, the

interfacial tension between substrate and flux is a

constant. As RE is an active element, it is easier for it

to accumulate at the solder/flux interface in the molten

state, and subsequently, the interfacial surface energy

is decreased. Therefore, the interfacial tension be-

tween solder and flux, and thereby the contact angle

can be reduced. However, an excessive amount of RE

addition into the solder appears to lower the wetting

angle due to the increase in solder viscosity. This is

because RE elements tend to be oxidized easily during

soldering, and an excessive amount of these oxides

increases the surface tension of the solder bath and

inhibits the wetting behavior.

In protecting and enhancing the wettability of the

Cu traces on the printed circuit board (PCB), some

material is deposited onto the Cu traces as final surface

finishing. The currently available methods of PCB

surface finishing are hot air solder leveling (HASL),

organic solder protectants (OSP), immersion finishing

with Ag or Sn, and electroless Ni immersion Au

(ENIG) [35]. There also exist finishes with electro-

plated Sn (matte and bright) and Sn–x wt%Bi layers. It

is expected that the addition of RE elements in Pb-free

solder, or even including it in the surface finishes of

PCB will enhance wetting and reliability of electronic

assemblies. A study along this direction was carried out

with SnAgCu and SnAgCu–0.1RE alloys soldered onto

Cu. The Cu substrate contained surface finishing of

either matte Sn, bright Sn or Sn–3 wt%Bi (SnBi)

electroplated layer [33]. The results of this wetting test

can be found in Table 2. It was found that the wetting

angle between the substrate and solder was very small,

i.e. of the order of a few degrees.

7 Interfacial considerations

As metals are normally used on electronic circuits to

carry electrical signals and currents, it is necessary to

understand the interfacial reaction of solder alloy with

these metals. In many forms of interconnections such

as the surface mount technology (SMT) or BGA, the

electronic solder becomes the major component of a

solder joint. The solder alloy is required to provide

mechanical support and heat dissipation, and it is

required to have high reliability. The interaction be-

tween solder and substrate metal during soldering has

been studied during the last few decades. The major
Fig. 9 The contact angles of Sn–Zn–RE solders with using four
different types of flux

Fig. 10 The wetting forces of Sn–Zn–RE solders with using four
different types of fluxes
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issue in soldering is the formation and growth of IMC

particles between the solder and substrate [3]. Recent

investigations have reported that the growth of the

IMC layer (IML) would degrade solder joint reliability,

thermal fatigue life, tensile strength and fracture

toughness of solder joints [36, 37]. As Sn is the main

component in Pb-free solders, their Sn content tends to

react with the substrate material to form Cu6Sn5 and

Cu3Sn IMLs, especially during thermal aging. In this

sense the solder interface needs to be investigated

more systematically from the soldering stage to the in-

service stage.

The studies of the IML in SnAg–RE, SnCu–RE and

SnAgCu–RE solders were carried out in Refs. [38] and

[11]. Cu6Sn5 and Cu3Sn IMLs were confirmed to

present in SnAg–RE and SnCu–RE solders on Cu [38].

The cross sections of as-reflowed SnAgCu and SnAg-

Cu–0.25RE solders are shown in Fig. 11a, b, respec-

tively [11]. For these two solders, the Cu–Sn

intermetallic layer in the shape of scallops was formed

between the copper substrate and solder. This Cu–Sn

intermetallic was identified to be Cu6Sn5 by energy

dispersive x-ray (EDX) analysis. The Ag3Sn IMC was

also detected in the solder matrix.

One way to consider the long-term reliability of

solder alloys is by long-term thermal aging test. For

example, test coupons of SnAgCu–RE solders after

soldering were thermally aged at 170�C for 100, 200,

500, and 1,000 h [11]. The samples aged were also

cross-sectioned to investigate the IML thickness. After

100 h of aging, a layer of Cu3Sn was found between the

Cu6Sn5 layer and the Cu substrate. Many Kirkendall

voids were found between the Cu3Sn IMC layer and

the Cu substrate. The formation of these voids was due

to the different diffusion properties of Sn and Cu

during the aging process. Also, the scallop-shaped

Cu6Sn5 layer was changed into a layer with fairly

constant thickness during aging. Upon further aging

(for 200, 500, and 1,000 h), both the Cu6Sn5 and Cu3Sn

intermetallic layers increased their thicknesses with the

aging time. It was found that the coarsened Ag3Sn IMC

was embedded into the Cu6Sn5 layer. This observation

is consistent with that of previous studies [39, 40].

Fig. 11c, d are the cross-sections of aged 1,000 h

SnAgCu and SnAgCu–0.25RE solders, respectively.

Since the coarsened Cu6Sn5 IML was brittle, cracks

were easily initiated during mechanical grinding.

The as-soldered total IML thickness of the SnAg–

RE and SnCu–RE solders is nearly the same as their

counterparts without the addition of RE elements.

Then, by aging the samples, the total thickness of the

IML were increased. Figure 12 shows the variation of

total IML thickness with aging time for SnAg–xRE

solders. The same for SnCu–RE is shown in Fig. 13. It

is seen clearly that that the total IML thickness in-

creased as the aging time increased. Figure 14 shows

the variation of the total IML thickness with aging time

for SnAgCu–xRE. The same trends as those for SnAg–

RE and SnCu–RE were obtained. Further, it can be

seen that throughout the aging times considered, ie. up

to 1,000 h, the IML growth was inhibited as a result of

the addition of RE elements into SnAg, SnCu and

SnAg–RE solders. The linear relationship observed

from the aging curves suggested that a thermal

Fig. 11 BSE cross sections of
as-soldered (a) Sn–3.5Ag–
0.7Cu; (b) Sn–3.5Ag–0.7Cu–
0.25RE; and of aged 1,000 h
(c) Sn–3.5Ag–0.7Cu; and (d)
Sn–3.5Ag–0.7Cu–0.25RE
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activated diffusion process had taken place for the IML

growth in these Pb–free–RE systems.

The reduction of the IML thickness of Pb-free sol-

ders with RE addition is attributable to the fact that

RE reacts with Sn at the interface between solder and

the Cu6Sn5 IML. These Sn–RE compounds are very

fine in size and can only be observed and accumulated

under a slow cooling solidification. Tu et al. [41, 42]

pointed out that Cu is the dominant species in forming

Cu6Sn5 IML by marker displacement. This means that

the Cu–Sn IMC is formed by the transport of Cu atoms

across the Cu6Sn5 IMC. The reaction between Sn and

Cu takes place at the Cu6Sn5–Sn interface. Since the

activity of Sn at the interface of Cu6Sn5-solder is low-

ered by Sn–RE compound formation, lowering the

activity of Sn will subsequently depress the growth of

the Cu6Sn5 IML upon aging.

8 Electronic packaging considerations

In this section, the areas of potential applications of

Pb-free alloys with the addition of RE elements are

outlined.

In the area of microelectronics, interconnections are

applied on semiconductors (e.g. Si, GaAs, SiC, and

doped diamond), diffusion barriers (e.g. TiN and TaN),

dielectrics (e.g. SiO2, Ta2O5 and Si3N4), electrical

conductors (e.g. Al, W, Cu and CoSi2) and heat sinks

(e.g. Al, AlN, diamond). The reliability requirements

of the joints provided by the interconnection material

cannot be over-emphasized. For telecommunication

applications, materials need to be interconnected on an

assembly substrate with sub-micrometer accuracy and

stability in alignment to ensure maximum signal

transmission [43]. It would be convenient if Pb-free

solders could be developed to provide the above

interconnections. The surfaces of these materials con-

tain nitrides, carbides, oxides, etc., and they are known

to be very difficult to bond with solders. Although

certain electronic solders such as SnPb, SnAg, SnAu

and SnBi have been considered for these intercon-

nections, the results have not been satisfactory as their

direct bonding to oxides is poor. One approach is to

incorporate RE elements in solders to promote bond-

ing because RE metals have a stronger affinity for

oxygen than most metals and tend to reduce metal

oxides via formation of RE oxides. For example, it has

been proposed in [43, 44] that solders doped with RE

elements are useful for bonding microelectronic device

materials. As the researchers found that RE materials

can promote chemical reactions at the bond interface

and provide a very strong bond during soldering, RE

materials such as Lu, Ce and Er were used for their

studies. Two Pb-free solders Au-20 wt% Sn eutectic

solder and eutectic SnAg solder were selected to dope

with 2–2.5 wt% of RE elements of Lu, Er and Ce.

Fig. 12 Variation of Sn–3.5Ag–xRE total IMC thickness with
aging time

Fig. 13 Variation of Sn–0.7Cu–xRE total IMC thickness with
aging time

Fig. 14 Variation of Sn–3.5Ag–0.7Cu–xRE total IMC thickness
with aging time
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They synthesized these solders by employing a mag-

netic remote maneuvering device to plunge solid RE

into molten base solder under ~10–5 Torr vacuum. The

RE-bearing solders produce powerful bonding to var-

ious electronic materials and optical materials. The

shear stress for fracture was typically in excess of

6.9 MPa [6]. It was mentioned in [6] that solders con-

taining other RE elements such as Er and Ce can also

produce bond strengths comparable to those obtained

by the Lu-containing solders.

To demonstrate the suitability of the Pb-free-RE

allows for general electronic packaging applications,

SnAg–RE, SnCu–RE and SnZn–RE solders have been

formed as BGA solder balls and soldered onto Au/Ni/

Cu under bump metallization (UBM) for studies [45–

47]. The solder balls had diameter of ~760 lm. The pad

metallization was an electroplated Ni/Au layer under-

neath Cu trace with a Au and Ni thickness of about 1

and 6 lm, respectively. The interfacial microstructure

was investigated for the as-soldered samples. The

variation of ball shear strength with aging time was also

investigated.

At the interface of as-reflowed SnAg solder ball and

the UBM, a whole Au layer is completely dissolved to

the solder, and Ni–Sn IML is formed [45]. This IML is

identified as Ni3Sn4 layer, as shown in Fig. 15a. After

addition RE elements, Ni3Sn4 IML is also detected at

the interface, as shown in Fig. 15b. Both AuSn4 and

Ag3Sn IMCs in SnAg and SnAg–0.5RE solders are

dispersed in the same way what are observed in the

respective bulk solder ball. No Sn–RE phase is de-

tected at the interface and in the bulk SnAg–0.5RE

solder ball after bonding. Upon aging, (Au,Ni)Sn4
phases are found near the interface and Ag3Sn IMCs

increase their size in both solders. Fig. 15c, d illustrate

the aged 500 h SnAg and SnAg–0.5RE solders,

respectively. Insular Sn–RE phases consist of Sn, Ce

and La were detected in SnAg–0.5RE solder, close to

the Ni3Sn4 IML interface in the aged 500 h sample, as

shown in Fig. 15d. After 1,000 h aging, the micro-

structures of SnAg and SnAg–0.5RE solders are simi-

lar to the aged 500 h respective ones. Because of the

dissolution of the whole Au layer, Ni reacts with the

molten solder directly to form Ni3Sn4 layer at the

interface. With further aging, Ni atoms from interface

diffuse into the AuSn4 IMCs to form (Au,Ni)Sn4
compounds. Since (Au,Ni)Sn4 compounds were ob-

served in both Sn–3.5Ag and Sn–3.5Ag–0.5RE solders,

it means that the RE elements do not have any effect

on (Au,Ni)Sn4 compounds.

At the interface of as-reflowed SnCu and SnCu–

0.5RE solders with the UBM, the same Cu–Ni–Sn

ternary layer is formed, as shown in Fig. 16a, b,

respectively [46]. According to the atomic composition

of the Cu–Ni–Sn IML, it is regarded as the (Cu,Ni)6Sn5
layer [48–50], which has a structure based on Cu6Sn5
and verified by x-ray diffraction analysis [49]. The

(Cu,Ni)6Sn5 layer thicknesses are about 1.5–2.0 lm in

both solders. Cu6Sn5 and AuSn4 IMCs are distributed

near the interface. They have similar microstructure to

the corresponding bulk ones. With long time aging,

both coarsened AuSn4 and Cu6Sn5 IMCs are seen and

located near the interface. The (Cu,Ni)6Sn5 layer in

Sn–0.7Cu solder increases its thickness to 2–2.5 lm

Fig. 15 BSE micrographs of
interfacial microstructure (a)
as-reflowed Sn–3.5Ag; (b) as-
reflowed Sn–3.5Ag–0.5RE;
(c) aged 500 h Sn–3.5Ag; and
(d) aged 500 h Sn–3.5Ag–
0.5RE
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after 1,000 h aging, as shown in Fig. 16c. However, Sn–

0.7Cu–0.5RE solder has a lower IML thickness than

that of Sn–0.7Cu solder even under the same aging

time, as shown in Fig. 16d.

At the interface of the as-reflowed SnZn solder ball

on UBM, a smooth Ni–Zn–Sn IML was found with

thickness of about 1 lm, as shown in Fig. 17a [47].

AuSn4 IMCs were observed and were found to be

similar to those in the bulk microstructure. Further-

more, circular Au–Zn precipitates of 3–4 lm in size

were found near the interface. At the interface of the

SnZn–0.5RE solder after reflow, the AuSn4 IMCs and

Au–Zn phases were not found. Instead, a spalled 1.5–

2 lm thick Au–Zn layer above the Ni layer is seen, as

shown in Fig. 17b. This spalled layer is thicker than the

original Au layer just after reflow. It is interesting to

note that the weight percentage of the spalled layer is

similar to that of the Au–Zn phase found near the

interface in the Sn–9Zn solder. The gap seen between

the Au–Zn layer and Ni layer is found to be nearly

pure Sn.

During thermal aging of the SnZn solder ball on

UBM, the Ni–Zn–Sn IML begins to change, such that

the top part of the IML becomes the NiZn3 IMC,

which appears darker than the Ni–Zn–Sn IML under

SEM examination. The thickness of the NiZn3 IMC

increases with aging time. Also, the overall thickness of

the Ni–Zn–Sn/ NiZn3 IML increases from 1 to 1.5 lm
after 500 h aging, as shown in Fig. 18a. This shows that

the Ni layer is a good diffusion barrier layer for the Sn–

9Zn alloy. Elongated AuSn4 IMCs and coarsened Au–

Zn phase are also observed close to the interface. The

interfacial microstructure of the solder aged for 1,000 h

is similar to that aged for 500 h. Upon aging of the Sn–

9Zn–0.5RE sample, the spalled Au–Zn layer still exists

and did not dissolve in the bulk solder. Since the Au–

Zn layer is spalled from the Ni layer, the Sn–9Zn–

0.5RE solder reacted with the Ni layer directly. This

implies that the fine (Zn) phases are able to diffuse

through the spalled Au–Zn layer to react with the Ni

layer during thermal aging. As a result, a Zn-rich

NiZn3 layer forms on top of the Ni layer during the

Fig. 16 BSE micrographs of
interfacial microstructure (a)
as-reflowed Sn–0.7Cu; (b) as-
reflowed Sn–0.7Cu–0.5RE;
(c) aged 1,000 h Sn–0.7Cu;
and (d) aged 1,000 h Sn–
0.7Cu–0.5RE

Fig. 17 BSE micrographs of
interfacial microstructure of
as-reflowed (a) Sn–9Zn with
line scan; and (b) Sn–9Zn–
0.5RE
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aging process. The remaining Ni layer thickness is

about 5.5 lm after aging for 500 h, as shown in

Fig. 18b. This means that about the top 0.5 lm of the

Ni layer reacts with Zn to form the NiZn3 layer of

about 2 lm thick. After 1,000 h of aging, the spalled

Au–Zn layer starts to dissolve in the bulk solder, as

revealed in Fig. 18c. At this moment the averaged

NiZn3 layer thickness is more than 3 lm.

SnAg–RE, SnCu–RE and SnZn–RE solder ball

packages were heat treated in a furnace at 150�C up to

1,000 h. The heat-treated packages were tested with a

ball shear tester to determine the shear strength.

Fig. 19a–c show the variation of the ball shear force

with aging time for SnAg–RE, SnCu–RE, and SnZn–

RE, respectively [45–47]. Both SnAg–RE and SnCu–

RE solders have higher shear strengths than solders

without RE addition for all aging times. This is

attributable to the refinement of the microstructure of

SnAg–RE and SnCu–RE. On the other hand, the SnZn

solder alloy has higher shear strength than the SnZn–

RE solder alloy for all aging times. As mentioned be-

fore, there is no IML formation between the spalled

Au–Zn layer and the Ni layer in SnZn–RE after

bonding. Instead, a nearly pure Sn layer exists between

the Au–Zn layer and the substrate in the aged SnZn–

RE solder alloy. However, for the SnZn solder, a

NiSnZn ternary layer forms at the interface. This IML

is believed to play an important role in providing a

higher shear strength for SnZn than that of SnZn–RE.

It is worth noting that apart from the efforts above,

the microstructure of SnAgCu–RE solder joint was

studied in [51]. The research results indicate that when

the RE content is 0.1 wt%, the needle-like phase is

dominant in the eutectic like structure. However, when

the RE content is 0.05 wt% or 0.25 wt%, the lamellar

structure is the majority. It is predicted that these

microstructural changes will affect the creep properties

of SnAgCu–RE.

9 Concluding remarks and remaining issues

There have been a few advantages found with Pb-free

alloys doped with RE elements. These include the

improvement in tensile strength, creep strength and

wettability. The long-term reliability was predicted to

improve as interfacial studies reflected a more con-

trolled growth of IMC layer. Further, these RE-doped

alloys were seen to possess good interfacial behavior

when used in BGA balls, as well as solder for micro-

electronic materials which were regarded as difficult to

be soldered. With their excellent creep resistance and

improvement in wettability on difficult substrates, they

are seen to be viable for optoelectronic packaging

applications.

It is seen that Pb-free solder alloys doped with RE

elements are now ready for reliability studies to prove

their feasibility as working solders.

Just like other Pb-free solders, Pb-free-RE solders

need to undergo vigorous long-term reliability tests

before their introduction for field use. These include

the normally adopted thermal cycling and thermal

aging tests. As electronic components are getting

smaller and smaller, and at the same time the number

Fig. 18 BSE micrographs of
(a) Sn–9Zn at the interface
after 500 h of aging; (b) Sn–
9Zn–0.5RE at the interface
after 500 h of aging; (c) Sn–
9Zn–0.5RE at the interface
after 1,000 h of aging
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of inputs and outputs per unit area is increased, the

current density of many modern electronic intercon-

nections becomes high. Therefore, the electromigra-

tion effects due to high current density need to be

investigated. These tests are currently available, and

they can be adopted for tests on Pb-free-RE alloys.

In addition to long-term reliability, the more

immediate issues, i.e. their behavior when soldered

onto certain common surface finishing materials on

substrate metallizations for Pb-free soldering needs to

be studied.

At the same time, the potential problems that would

arise during production are required to be studied. For

example, the RE elements are known to be easily

oxidized. This effect on common soldering processes

such as SMT needs to be thoroughly understood.

Optoelectronic packaging activities have recently

grown substantially and there is a strong demand for

cheaper solder alloy than the currently used one, e.g.

SnAu, for optoelectronic packaging applications. The

development of Pb-free-RE solders for successful di-

rect bonding on optoelectronic materials would be

seen to be an important activity.
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Abstract Lead (Pb)-free, low melting temperature

solders are required for step-soldering processes used

to assemble micro-electrical mechanical system

(MEMS) and optoelectronic (OE) devices. Stress–

strain and creep studies, which provide solder

mechanical properties for unified creep-plasticity

(UCP) predictive models, were performed on the Pb-

free 97In–3Ag (wt.%) and 58In–42Sn solders and

counterpart Pb-bearing 80In–15Pb–5Ag and 70In–

15Sn–9.6Pb–5.4Cd alloys. Stress–strain tests were per-

formed at 4.4 · 10–5 s–1 and 8.8 · 10–4 s–1. Stress–

strain and creep tests were performed at –25, 25, 75,

and 100�C or 125�C. The samples were evaluated in the

as-fabricated and post-annealed conditions. The In–Ag

solder had yield stress values of 0.5–8.5 MPa. The

values of DH for steady-state creep were 99 ± 14 kJ/

mol and 46 ± 11 kJ/mol, indicating that bulk diffusion

controlled creep in the as-fabricated samples (former)

and fast-diffusion controlled creep in the annealed

samples (latter). The In–Sn yield stresses were

1.0–22 MPa and were not dependent on an annealed

condition. The steady-state creep DH values were

55 ± 11 kJ/mol and 48 ± 13 kJ/mol for the

as-fabricated and annealed samples, respectively,

indicating the fast-diffusion controlled creep for the

two conditions. The UCP constitutive models were

derived for the In–Ag solder in the as-fabricated and

annealed conditions.

1 Introduction

Currently, the electronics industry is being tasked with

developing lead (Pb)-free solders as alternatives to the

traditional tin–lead (Sn–Pb) alloys for second-level

(printed wiring assembly) interconnections. However,

there are also applications that require lower temper-

ature joining processes, which will also require Pb-free

solders. For example, some high-valued, high-reliabil-

ity military and space electronics are assembled with

low-melting temperature solders simply to minimize

damage to heat-sensitive components. On the other

hand, there are complex assemblies that require low-

temperature alloys as part of a multiple step-soldering

process. In addition, circuitry constructed of precious

metal conductors (e.g., hybrid microcircuits) use the

low-temperature solders to avoid the rapid dissolution

of conductor traces and pads that would occur with

molten (Sn-based) solders that require higher process

temperatures.

At present, there is a developing need for Pb-free,

low-temperature soldering methods for advanced

optoelectronic (OE), micro-electrical mechanical sys-

tems (MEMS), and micro-optical electrical mechanical

system (MOEMS) devices. These products are highly

complex, often having several devices in a single

package, and as such, require multiple attachment

steps. Also, a number of these components are
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of Energy’s National Nuclear Security Administration under
contract DE-AC04-94AL85000.
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heat-sensitive, thereby requiring the use of low-tem-

perature soldering processes.

Stringent package environments and device align-

ment requirements can be accommodated by the use of

low-temperature, Pb-free solders in OE, MEMS, and

MOEMS components. Low-temperature solders can

reduce the temperature excursions required to assem-

ble such packages. Also, they readily deform by creep,

thereby reducing the residual stresses that can build up

because of thermal expansion mismatches between

joined structures. These residual stresses can give rise

to the catastrophic failure of brittle components (e.g.,

GaAs laser diodes) immediately after assembly or

generate misalignment between components later on,

which degrades product performance in the field.

Lastly, because solder joints are often essential for

thermal management in OE packages, their integrity is

critical towards the long-term reliability of several

components (e.g., laser diodes).

Two low-melting temperature solders have been

used rather extensively for a number of applications,

including high-reliability printed circuit assemblies.

Those materials, together with their respective solidus

temperatures (Ts) and liquidus temperatures (Tl), are

the 80In–15Pb–5Ag (wt.%) alloy, Ts = 142�C,
Tl = 149�C; and the 70In–15Sn–9.6Pb–5.4Cd solder,

Ts = Tl = 125�C. The compositions were abbreviated

as In-Pb–Ag and In–Sn–Pb–Cd, respectively. These

solders are particularly suited for Au-based conductors

because the primary component, In, has a lower

dissolution rate for Au than do Sn-based solders. Also,

the In–Pb–Ag and In–Sn–Pb–Cd alloys exhibit excel-

lent solderability and have provided the required

service reliability.

Unfortunately, Cd and Pb have been targeted for

elimination from electronic products. Therefore,

Pb- and Cd-free alternative solders were sought for the

In–Pb–Ag and In–Sn–Pb–Cd alloys. Based upon the

need for similar liquidus and solidus temperatures, the

two Pb-free solders, 97In–3Ag (Ts = Tl = 143�C) and

52In–48Sn (Ts = Tl = 118�C), were identified to re-

place the In–Pb–Ag and In–Sn–Pb–Cd alloys, respec-

tively. Both alloys, which were abbreviated as In–Ag

and In–Sn, respectively, are eutectic compositions [1].

The microstructures and primary phases of the

In–Ag and In–Sn solders appear in Figs. 1 and 2,

respectively. All samples were cooled at 10�C/min. The

optical micrographs were digitally modified to enhance

the second phase particles due to the difficulty with

preparing In-based alloys for metallographic exami-

nation. In Fig. 1, the In–Ag alloy has a fine dispersion

of very small AgIn2 particles (light) within an essen-

tially 100% In matrix (dark). The In–Sn alloy solidified

into a more traditional lamellar microstructure. Each

of the In-rich b phase (dark) and Sn-rich c phase (light)
had relatively high solubility limits for the other ele-

ment—approximately 30 wt.% Sn and 23 wt.% In,

respectively.

A second requirement of the candidate Pb-free

solders was that they exhibit thermal mechanical fati-

gue (TMF) properties that were comparable to, or

better than, those of the Pb- and Cd-bearing materials.

Given the wide variety of potential applications of

these solders in OE, MEMS, and MOEMS technolo-

gies, it became apparent that predicting the long-term

reliability of the solder joints would require the use of

computational models. Only through such models

could the variety of solder joint geometries, substrate

materials, and service environments be addressed in a

timely and cost-effective manner. The basis of a TMF

computational model is the unified creep-plasticity

Fig. 1 Optical micrograph showing the In–Ag solder microstruc-
ture after solidification at 10�C/min. The image was digitally
modified to enhance the light, Ag3Sn particle phase against the
darker, In-rich matrix phase

Fig. 2 Optical micrograph showing In–Sn solder microstructure
after solidification at 10�C/min. The image was digitally modified
to enhance the light, Sn-rich lamellae phase against the darker,
In-rich matrix phase
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(UCP) constitutive model that combines creep and

plastic strain rates into a single inelastic strain rate.

Experiments must be performed at a variety of tem-

peratures and strain rates to obtain the material

parameters for such models.

Several studies have investigated the mechanical

properties of the low-temperature, Pb-free solders. Mei

and Morris examined the creep behavior of 52In–48Sn

alloy at temperatures of 20, 65, and 90�C, using a nine-

solder joint, double-lap shear specimen [2]. The applied

shear stresses ranged from 0.34 MPa to 6.9 MPa. The

authors fitted the steady-state shear strain rate values,

dc/dt, to the power law (stress) expression

Asn expð�DH=RTÞ where A is a constant; s is the

applied shear stress; n is the power law exponent; DH is

the apparent activation energy; R is the universal gas

constant; and T is temperature. The values of A, n, and

DH were 1.94 · 104 s–1, 3.2, and 96 kJ/mol, respec-

tively. The relatively high DH value suggested that bulk

diffusion was the active mechanism during creep.

Goldstein and Morris examined the shear stress–

strain and creep behaviors of the 52In48Sn eutectic

alloy using the double-lap shear (single joint) specimen

[3]. The creep tests were performed at temperatures of

0–75�C. The shear stress–strain tests were performed at

strain rates of 2 · 10–4 s–1 to 8 · 10–4 s–1; the creep

tests used stresses from 1 MPa to 12 MPa. Shear yield

stresses ranged from 7.8 MPa to 11.4 MPa between the

respective strain rate limits, when tests were performed

at 40�C. The stress–strain curves of these particular

tests exhibited strain-softening plastic deformation.

The creep parameters were determined according to

the power law expression. The value of n was 3.3,

which was very similar to that determined in [2]. The

DH was 70 kJ/mol, which was less than the value

obtained in that prior study, suggesting that a fast-

diffusion process (e.g., grain boundary diffusion)

contributed to creep deformation.

Hwang and Vargas examined the stress–strain and

creep properties of the 60In–40Sn off-eutectic compo-

sition (Ts = 122�C, Tl = 118�C) using bulk tensile test

samples [4]. The authors measured the room temper-

ature 0.2% yield strength, ultimate tensile strength,

and uniform elongation to be 4.6 MPa, 7.7 MPa, and

5.5%, respectively. (The authors did not note which of

the two cited strain rates was used to collect that data:

8.8 · 10–4 s–1 or 4.2 · 10–3 s–1.)

The TMF performance of the In–Sn solder was

documented with those of three other low-temperature

solders in a study by Seyyed [5]. The test methodology

was the thermal cycling of surface mount printed wir-

ing assemblies. The strength of the gull-wing In–Sn

solder joints exhibited a 75% decrease between 0 and

6,000 cycles (–10�C to 70�C; 1 min dwell; 20�C/min

ramps). Similar behaviors were observed with the

other low-temperature solders. The J-lead solder joint

exhibited very little degradation for the In–Sn as well

as the other solders. The strengths of the In–Sn solder

joints were generally one-half the strengths of the

baseline Sn–Pb solder joints.

It was concluded that there was insufficient stress–

strain and creep data on the In–Sn or In–Ag alloys in

the literature to develop the required UCP constitutive

models. Therefore, a series of constant strain-rate,

uniaxial stress–strain and creep compression experi-

ments were performed on these Pb-free alloys. Parallel

studies were also performed on the Pb-bearing coun-

terparts, In–Pb–Ag and In–Sn–Pb–Cd, respectively.

The yield stress and static elastic modulus were cal-

culated from the true-stress, true-strain curves. The

yield stress was also used to determine the applied

stresses for the creep tests.

The quantitative metric of the creep tests was the

minimum creep rate, de/dtmin, which characterizes the

secondary or steady-state creep stage. Regardless of

whether the exhaustion theory or the strain hardening

theory governs primary creep, it has been proposed

that similar deformation kinetics likely govern the two

regimes [6–8]. Thus, the rate kinetics, which were

based upon de/dtmin, could be used to predict both

primary and secondary creep through the UCP con-

stitutive model.

The UCP equation cannot address the tertiary creep

stage. This stage, which is marked by an accelerating

creep rate with time, results from the generation of

cracks that quickly lead to creep rupture. Nevertheless,

this study examined the strain–time curves for the

onset of tertiary creep.

The physical metallurgy of the solders is an impor-

tant facet of mechanical deformation. Microstructural

features such as grain boundaries and dislocation

structures determine the strain response of the material

to the applied stress. Also, an understanding of the

individual microstructures provides the means to more

fully understand the stress–strain and creep behaviors

of the solder. However, a detailed analysis of the

physical metallurgy of the candidate solders was not

performed in the current study. Solder microstructures

were examined when there was the need to confirm

tertiary creep behavior.

2 Experimental procedures

The solder compositions that were evaluated in this

study were: 52In–48Sn (abbreviated as In–Sn),
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70In–15Sn–9.6Pb–5.4Cd (In–Sn–Pb–Cd), 97In–3Ag

(In–Ag), and 80In–15Pb–5Ag (In–Pb–Ag). All com-

positions were given in weight percent. Liquidus and

solidus temperatures were cited in the Introduction

section. The alloys were tested in the as-fabricated (i.e.,

as-cast) condition as well as after one of the three

annealing treatments. The annealing temperatures

were 52�C for the In–Sn and In–Sn–Pb–Cd solders, and

67�C for the In–Ag and In–Pb–Ag alloys. The anneal-

ing times were 8, 16, and 24 h. The temperature values

were calculated, based upon approximately 82% of the

solidus temperatures (K) from the two alloy groups.

Imposing an annealing treatment prior to testing al-

lowed for an evaluation of the effects that microstruc-

tural stabilization have on the mechanical properties.

The compression test method was used to collect

stress–strain and creep data. The nominal dimensions of

the cylindrical samples were 10 mm diameter and

19 mm length. The stress–strain tests were performed at

one of two (engineering) strain rates: 4.4 · 10–5 s–1 or

8.8 · 10–4 s–1. These relatively low values were selected

to measure the deformation properties at strain rates

that were commensurate with typical TMF conditions.

The test temperatures were listed in Table 1 for each of

the solder compositions. Duplicate samples were tested

per each time, temperature, and annealing condition.

Further details of the experimental procedures have

been presented in previous publications [9, 10].

The stress–strain tests were analyzed to obtain the

following properties: (1) yield stress, (2) static elastic

modulus, and (3) yield strain. The yield strain data will

not be reported here. Engineering stresses and strains

were used to calculate the yield stress because they

were suitable approximations to true stresses and true

strains at these low strain values [11]. The yield stress

was determined, using the 0.2% offset method [12].

Error terms were based upon scatter of the load–dis-

placement curve at the intersection between the plot

and the 0.2% intercept line.

The static elastic modulus was calculated from the

linear portion of the stress–strain curve. A linear least-

squares fit provided the slope (Dload/Ddisplacement).

That slope value was multiplied by l0/A0 to determine

the static elastic modulus, where l0 and A0 were the

initial (gage) length and cross sectional area, respec-

tively.

Lastly, the load–displacement plots were converted

to true stress (r) and true strain (e) curves. The true

stress and true strain values were calculated from the

load–displacement data using Eqs. 1 and 2, respec-

tively, shown below [11]:

r ¼ ðL=A0ÞðDl=l0 þ 1Þ ¼ ðL=A0Þðl=l0Þ ð1Þ

e ¼ lnðl=l0Þ ð2Þ

Compression creep tests were performed, using the

same test temperatures as listed in Table 1. The sam-

ples were tested in the as-fabricated condition or after

annealing for 16 h at one of the two temperatures

noted above. The initial applied stresses were identi-

fied from the yield stresses measured at the slower

strain rate, 4.4 · 10–5 s–1, per each of the test temper-

atures. Specifically, those stress values were 20%, 40%,

60%, and 80% of the mean yield stress measured

between samples in both the as-fabricated and 16 h

annealing condition. The stresses are listed in Table 2

as a function of test temperature.

The creep experiments were allowed to progress

through the secondary or steady-state creep stage to

determine the minimum creep rate, de/dtmin. At very

low stress for which, primary creep occurred over a

longer time period, the test was concluded after

approximately 3300 min (2.3 days). In such cases, the

minimum creep rate was calculated from data taken at

the end of the test. The parameters de/dtmin as well as

the applied stress, r, and temperature, T, were

expressed by the sinh law creep equation (3) below:

de=dtmin ¼ f 0 sinh
pðarÞ expð�DH=RTÞ ð3Þ

where f0 is a constant (s–1); p is the sinh term exponent

(a constant also); a is the stress coefficient (MPa–1); DH
is the apparent activation energy (J/mol); R is the

universal gas constant (8.314 J/mol-K) ; and T is the

temperature (K). The applied stress was calculated

from cross section of the deformed sample, using Eq. 1.

The stress coefficient, a, is temperature dependent.

However, its dependence was sufficiently weak such

that it was considered a constant. (The product, ar, is
often referred to as an effective stress.) The sinh law

was selected because of its success for representing

secondary creep deformation in metals and alloys,

including solders, by avoiding the power law break-

down phenomenon encountered when attempting to

use the simpler power law representation over a

substantial stress range [13, 14].

Table 1 Compression test temperatures used for each solder
alloy composition

Solder Test temperature (�C)

In–Sn –25, 25, 75, 100
In–Sn–Pb–Cd –25, 25, 75, 100
In–Ag –25, 25, 75, 125
In–Pb–Ag –25, 25, 75, 125
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The values of f0, Q/R, and p were calculated, using a

multivariable, linear regression analysis that was

performed on the logarithm of equation (3). The

parameters 1/T and ln[sinh (ar)] were the independent

variables and ln(de/dtmin) was the dependent variable.

The regression analysis was performed for different

values of a . The value of a was selected, which maxi-

mized the square of the correlation coefficient, R2, at

the 95% confidence interval.

3 Results and discussion

3.1 In–Ag and In–Pb–Ag solders—compression

stress–strain data

Shown in Fig. 3 are the true-stress, true-strain curves

for the In–Ag solder. The plots represent the as-fab-

ricated condition and the annealing treatment of 16 h

at 67�C. The stress–strain curves, which corresponded

to the other annealing times, were omitted for clarity

as their trends were similar to those shown here. Both

strain rates, 4.4 · 10–5 s–1 (a, b) and 8.8 · 10–4 s–1 (c, d)

were represented in the plots. Under all conditions,

work hardening was most significant at –25�C and

then diminished with increased test temperature. At

the slower strain rate of 4.4 · 10–5 s–1, the as-fabricated

(Fig. 3a) and annealed (Fig. 3b) conditions resulted in

nearly identical stress–strain curves at each test

temperature. At the faster strain rate of 4.4 · 10–5 s–1,

the extent of work hardening was slightly greater, as

expected. Nevertheless, the as-fabricated samples

(Fig. 3c) and annealed samples (Fig. 3d) exhibited

similar degrees of work hardening.

Two general trends were observed in Fig. 3. First,

the degree of work hardening decreased with increas-

ing test temperature. This behavior resulted from

dynamic recovery and recrystallization processes

resulting from tests being performed at a high homol-

ogous temperature, Th, where Th = Ttest (K)/Tsolidus

(K). The value of Th was 0.60–0.96 for test tempera-

tures in the range of –25 to 125�C. The second trend

was the negligible effect of annealing treatment on the

stress–strain curves. This behavior indicated that the

In–Ag microstructure and responsible deformation

mechanisms were not affected by the relatively

‘‘impressive’’ annealing conditions.

The yield stress was plotted as a function of

annealing time in Fig. 4 for the In–Ag specimens tested

at a strain rate of 4.4 · 10–5 s–1. The open symbols

were the mean values; the corresponding solid symbols

were the minimum and maximum values. This plot

illustrated three points: First of all, as expected, the

yield stress decreased with increasing test temperature.

Second, there was a relatively small scatter between

the two yield stress measurements made per test

condition. The same two trends were observed in the

yield stress measured at the faster strain rate of

8.8 · 10–4 s–1. Third, the effect of the annealing treat-

ment time, which was to decrease the yield stress, was

significant only at the 25 and –25�C test temperatures.

At 25�C, the decrease of yield stress was observed only

after the 24 h annealing treatment. At –25�C, both 16

and 24 h heat treatments caused a drop of yield stress.

The 8 h heat treatment produced a slightly higher yield

stress than the as-fabricated condition. However, the

difference remained within experimental error. At the

fast strain rate, annealing treatment produced a

noticeable decrease of yield stress at 25 and –25�C, as
well, but only following the 24 h period.

The entire set of mean yield stress values obtained

for the In–Ag solder were plotted as a function of test

temperature in Fig. 5. Overall, the yield stress values

were in the range of 0.5–8.5 MPa and the plot shows

Table 2 Compression creep
stresses used for each
temperature and solder alloy
composition

Solder Annealing conditions Nominal stress (MPa) Test temperature (�C)

In–Sn 52,�C, 16 h 3.3, 6.7, 10, 13 –25
3.7, 5.6, 7.5 25
0.86, 1.3, 1.7 75
0.47, 0.71, 0.94 100

In–Sn–Pb–Cd 52�C, 16 h 5.4, 7.2, 11 –25
2.7, 4.0, 5.4 25
0.50, 0.70, 1.0 75
0.27, 0.41, 0.55 100

In–Ag 67�C, 16 h 1.2, 2.3, 3.5, 4.6 –25
0.75, 1.5, 2.3, 3.0 25
0.84, 1.3, 1.7 75
0.16, 0.33, 0.49, 0.65 125

In–Pb–Ag 67�C, 16 h 3.9, 7.8, 12, 16 –25
1.9, 3.7, 5.6, 7.4 25
0.50, 1.0, 1.5, 2.0 75
0.13, 0.27, 0.40, 0.54 125
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Fig. 3 Stress–strain curves for the In–Ag solder for the following combinations of sample condition and strain rate: (a) as-fabricated,
4.4 · 10–5 s–1; (b) annealed (67�C, 16 h), 4.4 · 10–5 s–1; (c) as-fabricated, 8.8 · 10–4 s–1; and (d) annealed (67�C, 16 h), 8.8 · 10–4 s–1
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the magnitude of the strain rate effect. Although the

slower strain rate produced a lower yield stress, that

difference became less significant with increased test

temperature. The trends observed in Fig. 4, regarding

the effects of annealing time on the yield stress at the

slow strain rate, were also observed at the fast strain

rate. In particular, there was the non-monotonic

dependence of yield stress on annealing time at –25�C
as well as the overall increasing insensitivity to

annealing treatment with higher test temperatures.

In summary, the In–Ag solder exhibited the

expected trends of decreasing yield stress with slower

strain rates and increasing test temperature. Only the

16 and 24 h annealing times (67�C) caused noticeable

changes of yield stress; moreover, those changes were

limited to decreased values at only the 25 and –25�C
test temperatures. This trend indicated that yield stress

was most sensitive to the starting microstructure, as

established by the annealing condition, at the lower

test temperatures (–25 and 25�C). The strain rate effect

became less distinct with increased testing

temperature.

Understanding the above trends provided insight

into the performance of the In–Ag solder in actual OE,

MEMS, and MOEMS application, albeit to a limited

degree because only the constant strain rate deforma-

tion has thus far been considered. In the foreseeable

future, OE and MEMS devices will be exposed to ser-

vice condition primarily in the low-temperature regime,

in the present case, –25 to 25�C. As noted above, the

stress–strain curves and, in particular, the yield stresses

were most sensitive to the initial microstructure, as

established by the annealing conditions in these

experiments (or the process cooling rate in actual

assemblies). The variability of the yield stress must be

considered when constructing the UCP constitutive

model, likely adding to the latter’s complexity. The

alternative approach is to define an ‘‘average’’ param-

eter and accept the possible loss of prediction fidelity.

The constant strain rate, uniaxial compression

experiments were also evaluated for the counterpart

Pb-bearing solder, In–Pb–Ag. At a strain rate of

4.4 · 10–5 s–1 and the as-fabricated condition, the In–

Pb–Ag stress–strain curves exhibited work hardening

only at –25�C. Work hardening was very minimal at

25�C. At 75�C or 125�C, the stress fluctuated with the

progression of deformation. The stress varied by

0.3 MPa, peak-to-peak, over a strain ‘‘period’’ of

0.05 at 75�C, as shown in Fig. 6. The fluctuations

diminished in magnitude at 125�C. At the faster strain

rate of 8.8 · 10–4 s–1, work hardening was recorded at

–25 and 25�C and a monotonic strain-softening

occurred at 75 and 125�C. The overall complex

stress–strain behavior of the In–Pb–Ag solder sug-

gested that it had a less stable microstructure during

deformation than did the In–Ag solder. Like the In–Ag

solder, the annealing treatments had a minimal effect

on the stress–strain curves.

The yield stress data were plotted in Fig. 7 for the

In–Pb–Ag solder. The yield stress was in the range of

1.0–23 MPa, which was nearly twice that of the In–Ag

solder (Fig. 5), indicating a greater temperature sensi-

tivity. The majority of that difference between the two

solders occurred at –25 and 25�C for either strain rate.

The two solders exhibited comparable yield strengths at

75 and 125�C. At the faster strain rate of 8.8 · 10–4 s–1,

the In–Pb–Ag solder was stronger than the In–Ag

solder at all test temperatures.
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The yield stress values of the In–Pb–Ag solder were

even less sensitive to the annealing treatments than

were those measured for the In–Ag solder. The 24 h

heat treatment caused a significant strength decrease,

but only at –25�C.
In summary, the yield stress of the In–Pb–Ag solder

exhibited many of the same general trends as were

noted for the In–Ag solder as a function of strain rate,

test temperature, and annealing treatment. The

differences rested primarily in the magnitudes of the

effects. The In–Pb–Ag solder was generally stronger

than the In–Ag solder, especially at the –25 and 25�C
test temperatures. Because that difference diminished

significantly at 75 and 125�C, the In–Pb–Ag solder

yield stress had a greater sensitivity to test temperature

than the In–Ag solder. On the other hand, the In–Pb–

Ag solder exhibited a lesser sensitivity to the annealing

treatment. If one were making a prediction of the

ability of the In–Ag versus In–Pb–Ag to relieve resid-

ual stresses at low temperatures ( < 75�C), based solely

on a lower yield stress, it would appear that the In–Ag

solder would be the better selection.

The static elastic modulus was determined from the

initial, linear segment of the compression stress–strain

curves. The linearity of that early portion of each curve

was confirmed by the R2 values of a linear regression

analysis, which were rarely below 0.95. The static

elastic moduli were plotted as a function of test tem-

perature in Fig. 8 for the In–Ag solder. The strain rate

was 4.4 · 10–5 s–1. The samples were tested in the

as-fabricated condition and following the annealing

treatment for 24 h. The large symbols are the mean

values; the smaller symbols are the individual mea-

surements. The purpose of this figure was to demon-

strate the scatter observed in these measurements. The

scatter was greatest with the as-fabricated specimens

and least with those annealed for 24 h. However, the

scatter did not monotonically decrease for 8 and 16 h.

The largest decrease in scatter occurred between the

16 h and 24 h time periods. Very similar trends were

observed for samples tested at the faster strain rate of

8.8 · 10–4 s–1. Therefore, variability of the static elastic

modulus values indicated that the 24 h heat treatment

was required to adequately stabilize the In–Ag micro-

structure.

It was observed in Fig. 8 that the static elastic

modulus values were nearly an order of magnitude

lower than those expected from solders or other metals

and alloys [15]. The same behavior was observed in a

study of the Sn–Ag–Cu solder [9]. In that study, an

exhaustive assessment was made to determine whether

the testing procedures were the source of the reduced

moduli. Factors such as load train compliance as well

as sample alignment and possible calculation errors

were ruled out1. Therefore, it was concluded that the

In–Ag solder exhibited either anelastic or significant

inelastic deformation that accompanied the purely

linear elastic response of the sample, at the initial, low

stress portion of the stress–strain curve.

Unfortunately, existing UCP models assume that at

low stress levels, the material response is linear elastic.

These models do not account for any anelastic or sig-

nificant inelastic strain at low stress levels. This model

deficiency could have a significant negative impact on

the accuracy of model predictions, especially in the

present circumstance of the material being used at a

high homologous temperature.

Next, the static modulus values of the In–Ag solder

were examined as a function of test temperature and

annealing time (67�C). The data were compiled in

Fig. 9a for the slower strain rate of 4.4 · 10–5 s–1. In

the as-fabricated condition, the samples exhibited a

maximum in the static elastic modulus at 25�C. This
same behavior was observed for the stress–strain data

of the Sn-Ag-Cu solder, using similar test parameters

[9]. For those samples annealed for 8 and 16 h, a sim-

ilar maximum was observed; but, it shifted to 75 and

125�C, respectively, albeit the latter case remained

somewhat tentative in the absence of data beyond

125�C. A monotonically decreasing modulus was ob-

served for those samples that were annealed for 24 h,
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Fig. 8 Static elastic modulus as a function of test temperature
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1 Tests were preformed on Sn–Ag–Cu samples at considerably
faster strain rates of up to 10–2 s–1 [16]. The static elastic moduli
values had similar magnitudes.
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implying that the maximum had been eliminated or

moved to a temperature beyond the current test

regime.

An analysis was also made of the In–Ag static elastic

modulus values measured at the faster strain rate of

8.8 · 10–4 s–1. The mean static elastic moduli were

plotted as a function of test temperature and heat

treatment in Fig. 9b. The values representing the as-

fabricated condition fluctuated very little versus tem-

perature when compared to the slower strain rate

(Fig. 9a). The 8 h annealing treatment resulted in a

maximum modulus between 25 and 75�C. The 16 h

annealing treatment resulted in a general decrease of

modulus with increasing test temperature, but with

an apparent maximum at 75�C. A monotonically

decreasing static elastic modulus was observed versus

test temperature for samples annealed for 24 h prior to

testing. However, the decrease was not as sharp as that

observed at the slower strain rate.

The presence of an anelastic or inelastic deforma-

tion concurrent with the linear elastic deformation was

further substantiated by the different behaviors

observed between Fig. 9a and b. Although the strain

rates differed by nearly an order of magnitude, such a

difference would not be expected to affect either the

magnitude, or the temperature dependence, of strictly

the linear elastic modulus to the degree observed in the

plots of Fig. 9.

In summary, the static elastic modulus was evalu-

ated for the In–Ag solder. It was concluded that the

unexpectedly low values (by nearly an order-of-mag-

nitude) indicated that anelastic or inelastic deforma-

tion must have accompanied the expected linear elastic

deformation in the stress–strain curve. The scatter of

the modulus values, as well as their test temperature

dependence, indicated that the 24 h annealing treat-

ment (67�C) was required to provide some stability to

the In–Ag microstructure, resulting in a monotonic

decrease of modulus with increasing test temperature.

Finally, the variations in the static elastic modulus

would complicate UCP model development. ‘‘Aver-

age’’ static modulus values could be used in the con-

stitutive equation to reduce model complexity, but with

a potential loss of prediction fidelity.

The static elastic modulus values were similarly

investigated for the In–Pb–Ag solder. Shown in Fig. 10

are the moduli measured at the slow strain rate of

4.4 · 10–5 s–1. The samples were tested in the as-fab-

ricated condition as well as after having been annealed

for the longest interval of 24 h (67�C). When compared

to similar data for the In–Ag solder (Fig. 8), the

0

500

1000

1500

2000

2500

-500 50 100 150

S
ta

ti
c 

E
la

st
ic

 M
o

d
u

lu
s 

 (
M

P
a)

Temperature  (°C)

As-fabricated
Annealed: 67°C ... 8 hrs.
Annealed: 67°C ... 16 hrs.
Annealed: 67°C ... 24 hrs.

0

500

1000

1500

2000

2500

-50 0 50 100 150

S
ta

ti
c 

E
la

st
ic

 M
o

d
u

lu
s 

(M
P

a)

Temperature (°C)

As-fabricated
Annealed: 67°C ... 8 hrs.
Annealed: 67°C ... 16 hrs.
Annealed: 67°C ... 24 hrs.

(a)

(b)

Fig. 9 Static elastic modulus (mean) as a function of test
temperature for the In–Ag solder. The samples were in the as-
fabricated condition as well as after having been annealed at
67�C for 8, 16, and 24 h. The two plots showed the moduli for the
two strain rates (a) 4.4 · 10–5 s–1 and (b) 8.8 · 10–4 s–1
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In–Pb–Ag values exhibited slightly less scatter,

particularly for the as-fabricated condition. At the

intermediate heat treatments and faster strain rate, the

In–Pb–Ag and In–Ag solders exhibited similar data

scatter.

A comparison of Figs. 8 and 10 revealed several

observations. First of all, the modulus values were

higher for the In–Pb–Ag solder at each of the tem-

peratures and both the as-fabricated and annealed

conditions. The stiffness difference was particularly

significant at the two lowest test temperatures of –25

and 25�C The higher modulus of the In–Pb–Ag solder

placed this alloy at a disadvantage vis-à-vis the In–Ag

solder in terms of its ability to relieve residual stresses

caused by thermal expansion mismatch between

materials in the joint, particularly at the low tempera-

tures. This detriment is especially important in the

low-temperature regime where creep mechanisms are

ineffective at relieving residual stresses.

Although the In–Pb–Ag solder showed a general

decrease of static elastic moduli with increased

temperature, the values appeared to be segregated into

two regimes: The high values at –25 and 25�C stepped

down to the low values at 75 and 125�C. This behavior
indicated that there was a transition in anelastic or

inelastic deformation that occurred simultaneously

with the linear elastic behavior. It was unlikely that

there was a change to the linear elastic deformation

because there were no phase changes reported to occur

in this material over this temperature regime.

It was observed in Fig. 10 that static elastic modulus

values of the In–Pb–Ag solder exhibited very little

difference between the as-fabricated condition and the

longest annealing time of 24 h (67�C). The absence of a
consistent dependence of the static elastic modulus on

annealing treatment was observed at both strain rates,

as can be observed in Fig. 11a (4.4 · 10–5 s–1) and 11b

(8.8 · 10–4 s–1). The static elastic moduli values were

plotted as a function of test temperature. In Fig. 11a,

the annealing times of 8 and 24 h indicated the step in

the modulus values between 25�C and 75�C. The

exception was the 16 h annealing treatment and,

specifically, 25�C datum. This step behavior appeared

to have shifted to the 75�C temperature at the faster

strain rate (Fig. 11b). The different trends observed

between the two strain rates—Fig. 11a versus

Fig. 11b—were likely caused by the anelastic or

inelastic deformation that combined with the linear

elastic deformation to form the initial linear segment of

the stress–strain curve.

In summary, the static elastic modulus was evalu-

ated for the In–Pb–Ag solder counterpart to the

Pb-free, In–Ag alloy. The modulus values were

generally higher than those of the In–Ag solder, par-

ticularly at the lower temperatures. Unlike the In–Ag

solder, the In–Pb–Ag alloy exhibited a step-wise

decrease of the modulus values as a function of test

temperature between 25�C and 75�C for the slower

strain rate. At the faster strain rate, the stepped

decrease of static elastic modulus occurred at 75�C.
With only a single exception, this behavior was inde-

pendent of annealing condition.

3.2 In–Sn and In–Sn–Pb–Cd solders—compression

stress–strain data

The yield stress and static elastic modulus properties

were examined for the Pb-free, lower melting temper-

ature In–Sn solder and the counterpart Pb-(and Cd-)

containing In–Sn–Pb–Cd alloy. Shown in Fig. 12a, b are

true-stress, true-strain curves representing the case of

as-fabricated samples tested at –25�C for the strain
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rates 4.4 · 10–5 s–1 and 8.8 · 10–4 s–1, respectively.

Three phenomenon were apparent in Fig. 12a. First,

there was the slow ramp-up in the stress with

increased strain. Sample misalignment was ruled out.

Secondly, the plot in Fig. 12a showed fluctuations in the

stress value as a function of deformation. Those

fluctuations were not caused by jitter in the test frame

nor by chatter in the electrical signal. Rather, this

behavior was caused by a ratcheting effect of the

deformation within the microstructure of the solder.

Third, post-yield stress deformation exhibited a sub-

stantial strain softening effect. The strain-softening

effect was noted in the shear stress–strain tests reported

by Goldstein and Morris [3]. There were no indications

that crack development was responsible for the

decreasing stress. These three phenomena were also

observed in samples exposed to one of the three

annealing conditions prior to testing at –25�C.
There were no consistent trends to suggest that these

behaviors had a significant dependence on the

annealing time at 52�C.

The stress–strain curve in Fig. 12b showed the effect

of the faster strain rate of 8.8 · 10–4 s–1 on the defor-

mation of the as-fabricated, In–Sn solder at –25�C. The
ratcheting effect was eliminated from the curve, albeit,

this particular plot did not show the deformation after

yield stress. The extent of the initial stress ramp-up

behavior was slightly reduced at the faster strain rate

and it exhibited no observable dependence on the

annealing treatment. Also, as was the case at the

slower strain rate, the stress ramp-up effect was unique

to the tests performed at –25�C. Tests that were

continued past the yield stress exhibited strain soften-

ing.

The ratcheting and slow stress ramp-up phenomena

were considered with respect to microstructural

mechanisms. The ratcheting behavior has typically

been associated with the start-stop movement of dis-

locations. The ‘‘stop’’ segment would also be a source

of work hardening in the material. At the relatively

high homologous temperatures at which these tests

were performed, thermal activation should allow dis-

locations to jump past barriers, thereby lessening the

likelihood for a ratcheting phenomenon. Moreover,

dynamic recovery/recrystallization process would be-

come apparent through strain-softening effects. This

discrimination between low and high homologous

temperature behaviors did not apply to the In–Sn sol-

der at –25�C since both phenomena—ratcheting and

strain softening—were observed in the samples.

The second phenomenon, the slow stress ramp-up at

the beginning of deformation, suggests that there was a

significant number of low-activation energy ‘‘defect

sites’’ that were associated only with anelastic or

inelastic deformation at –25�C. As the strain increased,

those sites were used up so that the higher activation

energy sites then contributed to the anelastic or

inelastic deformation prior to yielding, increasing the

slope of the plot. (Of course, the anelastic or inelastic

deformation was occurring simultaneously with the

linear elastic deformation.) At the faster strain rate

(and higher test temperatures where the phenomenon

was not observed), these low-activation sites would be

rapidly used up, resulting in a loss of the slow, stress

ramp-up effect. This mechanism would not be appli-

cable to linear elastic deformation, since the latter does

not occur by thermal activation, per se. Therefore, the

stress ramp-up phenomenon provided further evidence

that an anelastic or inelastic deformation mode

contributed to the initial, linear deformation of the

material before yielding took place.

The stress–strain curves were also investigated for

the higher test temperatures. In all of those cases, the

annealing treatments had very little impact on the
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Fig. 12 Stress–strain curve of the In–Sn solder, tested in the as-
fabricated condition at –25�C and strain rates of (a) 4.4 · 10–5 s–1

and (b) 8.8 · 10–4 s–1
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deformation performance. Also, the stress ramp-up

behavior, which was observed at –25�C, did not

reappear at the higher test temperatures. Shown in

Fig. 13 are the stress strain curves obtained from

as-fabricated specimens that were tested at (a)

4.4 · 10–5 s–1 and (b) 8.8 · 10–4 s–1. Significant strain

softening was observed after the yield stress in both

cases. In fact, the extent of strain softening appeared to

be greater at the faster strain rate, indicating that

dynamic recovery/recrystallization was overwhelming

work hardening in the solder. Similar behaviors were

observed at 75 and 100�C; the latter case being repre-

sented by the stress–strain curves in Fig. 14. The extent

of strain softening was greater at the faster strain rate.

As noted above, the annealing treatments did not

significantly change the stress–strain behavior of the

In–Sn solder.

The stress–strain curves in Figs. 12–14 and associ-

ated discussion indicated that the In–Sn solder expe-

rienced significant strain softening during stress–strain

testing. Strain softening can be taken into account in

the development of a constitutive model representing

the deformation map of this material. From the

applications point-of-view, strain softening provides a

mechanism to relieve residual stresses effectively in the

solder joint in the event that the solder surpasses its

yield stress in a particular application. It is not con-

clusive that, because of strain softening, the In–Sn

solder will have an inherently shorter cyclic lifetime.

Such a conclusion must await a more extensive pro-

gram of fatigue testing for this material.

The yield stress behavior was documented for the In–

Sn solder. The data scatter was very similar to that ob-

served for the In–Ag solder in Fig. 4 and, thus, will not

be discussed further here. The mean yield stress as a

function of test temperature was plotted in Fig. 15. Both

strain rates and all annealing times (52�C) were repre-

sented in the graph. As expected, the yield stress de-

creased with increased test temperature. Also, the

slower strain rate resulted in lower yield stresses than
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Fig. 13 Stress–strain curve of the In–Sn solder, tested in the as-
fabricated condition at 25�C and strain rates of (a) 4.4 · 10–5 s–1

and (b) 8.8 · 10–4 s–1
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Fig. 14 Stress–strain curve of the In–Sn solder, tested in the as-
fabricated condition at 100�C and strain rates of (a) 4.4 · 10–5 s–1
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the faster strain rate; that difference diminished with

increasing test temperature. The annealing time

appeared to have a significant effect on the yield stress

only for tests performed at –25�C. And, even in that sole

case, there was no consistent trend between annealing

time and yield stress value. In summary, the yield

stress of the In–Sn solder, like the stress–strain

deformation overall, was insensitive to the starting

microstructure of the solder as established by the

annealing conditions. The one possible exception, albeit

quite weak, was observed for tests performed at –25�C.
A comparison was made between the yield stress

values of the In–Sn solder (Fig. 15) and those of the

higher melting temperature, Pb-free In–Ag solder

(Fig. 5). At test temperatures of 75 and 100�C (In–Sn)

or 125�C (In–Ag), the two alloys exhibited very similar

yield stresses. However, in stress–strain tests at 25 and

–25�C, the In–Sn solder, in spite of its lower melting

temperature, had a higher yield strength than did the

In–Ag solder at both strain rates. This comparison

showed that the melting temperature was a poor indi-

cator of the stress–strain behavior.

The stress–strain curves were examined for the

In–Sn–Pb–Cd alloy. Although the topic of this paper is

Pb-free solders, it was interesting to note the stress–

strain curves from this particular alloy versus test

temperature, strain rate, and annealing time. Shown in

Fig. 16 is the stress–strain curve of the as-fabricated

sample tested at the fast strain rate of 8.8 · 10–4 s–1

and test temperature of –25�C. The plot began with a

stress ramp-up as was similarly observed for the In–Sn

solder tested under these conditions. After the yield

stress, the material exhibited work hardening, which

was contrary to the strain softening experienced by the

In–Sn solder. A plot that was nearly identical to that in

Fig. 16, was observed for the In–Sn–Pb–Cd solder

when tested at the slower strain rate, except for a

slightly reduced rate of work hardening. At both strain

rates, the annealing treatment did not significantly

affect the stress–strain response.

The stress–strain behavior of the In–Sn–Pb–Cd sol-

der changed when the test temperature was raised to

25�C. At both strain rates, the slow stress ramp-up prior

to linear deformation was lost. This observation was

illustrated in Fig. 17, which shows the stress–strain curve

of the as-fabricated sample tested at 4.4 · 10–5 s–1. It

was also noted in Fig. 17 that the post-yield stress

deformation began with a slight degree of strain soft-

ening followed with a small amount of work hardening.

At the faster strain rate, the entire plastic deformation
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Fig. 16 Stress–strain curve of an as-fabricated In–Sn–Pb–Cd
solder specimen tested at –25�C and at a strain rate of
8.8 · 10–4 s–1
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Fig. 17 Stress–strain curve of the as-fabricated In–Sn–Pb–Cd
solder tested at 25�C and a strain rate of 4.4 · 10–5 s–1
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regime exhibited work hardening, albeit, to a lesser

degree thanwas observed inFig. 16.At both strain rates,

the annealing times did not significantly affect the

stress–strain behavior of the In–Sn–Pb–Cd solder.

The stress–strain tests performed at 75�C resulted in

entirely different deformation behaviors. At the

4.4 · 10–5 s–1 rate, the as-fabricated specimens exhib-

ited fluctuations in the stress values as shown in

Fig. 18a. The peak-to-peak difference was 0.1 MPa and

the strain period was approximately 0.02. The magni-

tude of the fluctuations diminished with increased

annealing time, resulting in a stress–strain curve very

similar to that in Fig. 17. The stress–strain curve of the

as-fabricated sample tested at the faster strain rate of

8.8 · 10–4 s–1 was shown in Fig. 18b. A peak in the

stress was followed by strain softening, which in turn,

was followed by a strain hardening behavior. The

annealing treatment had no noticeable effect on the

stress–strain plot at the faster strain rate; all curves

were similar to Fig. 18b.

Lastly, the stress–strain curves were investigated for

the In–Sn–Pb–Cd solder exposed to tests at 100�C.
Plots representing the two strain rates and the as-fab-

ricated condition were provided in Fig. 19. Both curves

had generally the same shape except that the sequence

of a stress maximum and strain softening followed by

work hardening was clearly more distinct at the faster

strain rate (Fig. 19b). Very slight fluctuations appeared

in the curves generated by the annealed samples tested

at 4.4 · 10–5 s–1. At the faster strain rate, the annealing

treatments caused a decrease in the stress maximum

after yielding. These were the only effects manifested

by the annealing treatments on the In–Sn–Pb–Cd

stress–strain behavior.

In summary, the stress–strain behavior was exam-

ined for the In–Sn–Pb–Cd solder. A particular

emphasis was placed on this Pb-and Cd-bearing alloy

to illustrate the different deformation behaviors that

can occur with these more complex, low-temperature

metal alloys. It was fortuitous that such variable
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Fig. 18 Stress–strain curve of the In–Sn–Pb–Cd solder, tested in
the as-fabricated condition at 75�C and strain rates of (a)
4.4 · 10–5 s–1 and (b) 8.8 · 10–4 s–1
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Fig. 19 Stress–strain curve of the In–Sn–Pb–Cd solder, tested in
the as-fabricated condition at 100�C and strain rates of (a)
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behavior happened to a lesser degree with the Pb-free,

In–Sn solder, implying that the latter alloy had a more

stable microstructure. That stability will provide for a

more predictable response to an applied stress, which

facilitates the development of a higher fidelity com-

putational model. For either solder, it was interesting

to note that the annealing treatments had, in general,

very little effect on the stress–strain curve. This

observation showed that the individual solder micro-

structures that were generated by the casting process,

were relatively stable.

The yield stress values as a function of test tem-

perature and annealing treatment were compiled for

the In–Sn–Pb–Cd solder in Fig. 20. The trends were

unique vis-à-vis the other solders discussed, thus far.

The yield stresses were nearly identical at –25�C for

both strain rates and all annealing times (at 52�C).
Then, the yield stresses were more distinguished by

strain rate with increasing test temperatures. However,

that difference was greatest at 25�C; it then diminished

with the 75 and 100�C test temperatures. Also, at the

test temperatures of 25, 75, and 100�C, the yield stress

remained insensitive to annealing time.

The yield stress data for the In–Sn–Pb–Cd solder

were compared to the In–Sn solder (Fig. 15). The

aforementioned strain rate sensitivity of the In–Sn–Pb–

Cd solder, particularly at –25�C, was contrary to the

behavior of the In–Sn solder. The values of the In–Sn–

Pb–Cd solder were less than those of the In–Sn solder,

more so at the two lowest test temperatures of –25

and 25�C. On the other hand, both solders were similar

with respect to the absence of a sensitivity to annealing

treatment at test temperatures of 25, 75, and 100�C.

The static elastic modulus was also investigated for

the In–Sn and In–Sn–Pb–Cd solders. Shown in Fig. 21

are the modulus values as a function of test tempera-

ture for the In–Sn solder, representing the as-fabri-

cated and the 24 h annealing time (52�C). Figure 21

exemplified the scatter observed for the individual

values. The variability was greatest at 25�C; it was

slightly less at –25�C and became negligible at 75 and

100�C. The scatter was largely independent of the

sample annealing conditions. At the faster strain rate,

the maximum variability was observed at –25�C. The
scatter decreased with increasing temperature. Lastly,

differences of static elastic modulus between the two

strain rates decreased with higher test temperature.

Although difficult to explain from a microstructural

standpoint, it is clear that these trends reflect the

contribution of the anelastic or inelastic deformation

process. A more consistent behavior would have been

reflected in this data if only linear elastic deformation

were the controlling phenomenon. This point is further

evidenced in the following discussion.

The In–Sn static elastic modulus was plotted as a

function of test temperature in Fig. 22a and b for the

4.4 · 10–5 s–1 and 8.8 · 10–4 s–1 strain rates, respec-

tively. All of the annealing conditions were repre-

sented in the graph. In Fig. 22a, the modulus appeared

to be sensitive to the annealing time only at –25 and

25�C, but not in a consistent manner. All values were

nearly the same at the two highest test temperatures.

Overall, the modulus values did not change monoton-

ically with test temperature. In fact, the plot indicated

two regimes; the high modulus values for –25 and 25�C
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and low modulus values for 75 and 100�C. The same

trends were observed at the faster strain rate

(Fig. 22b). In the latter case, the modulus values were

slightly higher at each of the test temperatures.

The static elastic modulus values were also exam-

ined for the In–Sn–Pb–Cd solder. The scatter ranges

were similar to those observed for the In–Sn solder

except for less spread at 25�C. Shown in Figs. 23a and b

are the modulus values of the In–Sn–Pb–Cd solder for

the two strain rates. The trends and magnitudes

observed in Fig. 23a and b were nearly identical to

those observed for the In–Sn solder in the corre-

sponding Fig. 22a and b, respectively.

In summary, the yield stress and static elastic mod-

ulus values were compiled for the In–Sn and In–Sn–

Pb–Cd solders. Both solders exhibited a decreasing

yield stress with increased temperature and slower

strain rate. The In–Sn solder had higher yield stress

values than the In–Sn–Pb–Cd solder, particularly at the

two lowest temperatures. In both cases, the annealing

treatment did not have either a significant or consistent

effect on the yield stress. The static elastic modulus

values were lower by an order of magnitude than ex-

pected, due to the anelastic or inelastic deformation

mode that was hypothesized to have accompanied

linear elastic deformation. The modulus dependence

on test temperature exhibited two regimes, a low-

temperature regime of higher values at –25 and 25�C
and a high-temperature regime of lower values at 75

and 100�C. The step-wise temperature dependence was

more distinct at the slower strain rate. To within

experimental error, the modulus values were similar

between the two solders.

It was possible to hypothesize some approximate

effects of the solder deformation properties on inter-

connection reliability and the development of compu-

tational models for the In–Sn and In–Sn–Pb–Cd

solders. (The effects are only approximate in the sense

that creep deformation, which is discussed below, has

an important role, as well.) The static modulus values
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were generally comparable between the two solders at

each temperature so that both alloys have similar

capacities to relieve residual stresses by linear anelas-

tic/elastic deformation. Assuming that the stress levels

are sufficiently high so that inelastic deformation

occurs in the solders, the higher yield stress of the In–

Sn alloy would cause it to be less capable of relieving

those stresses than the Pb- and Cd-bearing counterpart

alloy, particularly at the lower temperatures.

Finally, it was observed that the yield stresses and

static elastic moduli were relatively insensitive to the

annealing treatments. This trend will improve reli-

ability predictions because the material properties are

less likely to depend upon the processing parameters

used to make electrical interconnections.

3.3 In–Ag and In–Pb–Ag solders—compression

creep data

Compression creep tests were performed on the

Pb-free, In–Ag solder and its Pb-bearing counterpart,

the In–Pb–Ag alloy. The strain-time curves of the

In–Ag solder have been summarized in Fig. 24a–d.

Only the creep curves representing the as-fabricated

condition were presented because the generalized

strain-time behavior was similar for those samples

exposed to the 67�C, 16 h annealing treatment before

creep testing. In a number of cases, in particular, the

reduced stresses at the lowest temperatures, the

positive creep strain was negligible. Therefore, the

associated strain-time curves were simply omitted from

the composite plots described below vis-à-vis the

targeted stresses listed in Table 2.

The purpose of discussing the curves in Fig. 24 was

to appreciate the long-term deformation behavior of

these solders. Recall that creep will comprise a large

part of the deformation that occurs during the service

life (and accelerated aging) of the solder joints. In

addition, the characteristics of the strain–time curves,

and the stability of those curves with respect to the

starting microstructure (annealing treatment), deter-

mine the complexity that is required of the UCP
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constitutive model to accurately predict the creep

component (‘‘C’’ in UCP) of the overall deformation

behavior.

It should be recalled that the applied stresses were

not selected arbitrarily. Rather, the stress values were

selected, based upon approximately 20%, 40%, 60%,

and 80% of the yield stress. Therefore, when the

material yield stress is used as an upper-limit design

criterion for mechanical strength, an interconnection

would be expected to experience stresses at levels that

are commensurate with those percentages in engi-

neering applications.

The In–Ag creep curves representing the tempera-

tures of –25 and 25�C were shown in Fig. 24a and b.

The strain–time plots showed both primary and sec-

ondary or steady-state creep stages. The primary creep

stage became a lesser proportion of the curves when

the test temperature was raised from –25 to 25�C. The
creep curves representing tests performed at 75 and

125�C were shown in Fig. 24c and d and indicated that

the deformation was largely steady-state creep. There

was very little contribution by primary creep except for

the 0.16 MPa test performed at 125�C. At 75�C
(Fig. 24c), the creep curves had a sigmoidal shape.

Sigmoidal creep indicates that there was initially an

insufficient quantity of defects present in the material

to support deformation, resulting in a delayed start of

deformation [7]. Therefore, it was necessary to first

generate the defects that could then respond to the

applied stress, resulting in the subsequent increase in

the strain rate.

Lastly, the creep curves in Fig. 24 did not show an

obvious tertiary stage. Tertiary creep, which is indi-

cated by an accelerating strain rate with time, occurs

when large-scale damage, i.e. cracks, have been gen-

erated in the microstructure. Although the current

methodology is based on compression testing, critically

resolved shear stresses (CRSSs) can prevail in the

specimen microstructure that are capable of creating

damage that culminates into crack development. Sim-

ilarly, diffusion-based mechanisms, primarily based on

the movement of vacancies, can form discontinuities

that develop into cracks, irrespective of the ‘‘sign’’ of

the applied stress. Therefore, the absence of a tertiary

creep stage in the deformation curves in Fig. 24 indi-

cated that large-scale damage was not generated in the

samples.

The minimum strain rate observed during steady-

state creep, de/dtmin (s
–1) was evaluated as a function of

temperature, T (K), and stress, r (MPa), per equation

(3). The resulting expressions for the as-fabricated and

post-annealed conditions are shown as Eqs. 4 and 5

below:

de=dtmin¼2:8�108 sinh3:2�0:5ð1:075rÞexpð�99�14=RTÞ
ð4Þ

de=dtmin ¼ 2:8 sinh1:1�0:4ð1:500rÞ expð�46� 11=RTÞ
ð5Þ

The R2 values for Eqs. 1 and 2 were 0.90 and 0.69,

respectively. The error terms represented the 95%

confidence interval. The reduced R2 value for the an-

nealed samples was somewhat unexpected. It was

anticipated that the annealing treatment would stabi-

lize the solder microstructure to produce a more con-

sistent creep behavior. It is evident that the aging

treatment had the opposite effect in this regard. All

parameters except for the stress coefficient, a, were

reduced by the aging treatment; the opposite trend was

observed in the case of a.
Some insight was sought into the possible physical

mechanisms active during creep from the sinh law

parameters. The sinh law exponent (p) values were

commensurate with those observed for the Sn–Pb

eutectic solder [14]. Unfortunately, only relative com-

parisons can be drawn between the values of p since

the latter has not been correlated to particular creep

mechanisms or microstructural features. A similar sit-

uation prevailed with respect to f0 and a.
On the other hand, the apparent activation energy,

DH, can provide some insight into the rate-controlling

mechanism of creep. It has been observed by other

investigators that, when lattice or bulk diffusion is the

controlling mechanism, DH will have values that are

typically 90–110 kJ/mol for metals and alloys [17, 18].

When the controlling mechanism is fast or short-circuit

diffusion, such as the movement of vacancies or

interstitials along grain and/or interface boundaries, the

value of DH is typically 0.4–0.6 of the bulk diffusion

value, or about 40–60 kJ/mol [19–21]. According to

these benchmarks, lattice diffusion controlled creep of

the as-fabricated In–Ag samples. On the other hand, the

annealing treatment caused the creep rate-controlling

mechanism to shift to short-circuit diffusion. Two

microstructural changes could have likely resulted from

the annealing treatment. (1) The annealing treatment

eliminated point and line defects such as vacancies and

dislocations, respectively, through recovery. Because

these defects supported lattice diffusion, the creep

deformation had to be carried by grain and phase

boundary processes. (2) The second hypothesis was

that the annealing treatment simply increased the

number of grain and phase boundaries through the early

stages of recrystallization in which newly created grains

have not yet begun to consume the older grains.
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The poor correlation accompanying Eq. 5 can often

be traced to a temperature dependence of the rate

kinetics. In order to test this hypothesis, the data set

was divided into two regimes, a low-temperature

regime comprised of the –25 and 25�C results and the

high-temperature regime that included the 75 and

125�C data. The resulting kinetics equations were

described by Eqs. 6a, b, respectively:

½�25; 25 �C� de=dtmin

¼ 0:19 sinh0:9�0:3ð1:500rÞ expð�37� 12=RTÞ ð6aÞ

½75; 125 �C� de=dtmin

¼ 3:6� 109 sinh1:8�0:6ð1:500rÞ expð�113� 23=RTÞ
ð6bÞ

For simplicity, the a value was allowed to remain

unchanged, since the prior analyses used to obtain

Eq. 5 showed a minimal degree of sensitivity to it. The

higher R2 values were 0.81 and 0.83, respectively,

indicating that the steady-state creep rate kinetics were

dependent on temperature. The data were also evalu-

ated by grouping the 25�C results together with the 75

and 125�C data. A low R2 value of 0.55 was obtained,

indicating that the 25�C data was better grouped with

the –25�C results and that the mechanism change

occurred between 25�C and 75�C.
A comparison of Eqs. 6a and b indicated that the

sinh term exponent increased from the low-tempera-

ture to the high temperature regime; however, the

difference was not statistically significantly. On the

other hand, the high-temperature regime exhibited a

higher apparent activation energy value, indicating that

bulk diffusion controlled the creep deformation. Fast-

diffusion remained the rate-controlling mechanism for

creep in the low-temperature regime. Similar trends of

DH have been observed in the creep behavior of other

engineering alloys [10].

The effect of the annealing treatment on steady-

state creep was illustrated by the plot in Fig. 25 that

shows the minimum strain rate calculated by Eqs. 4

and 5 over a 0–4 MPa stress range and concurrent test

temperatures. The annealing treatment caused the

strain rate to become less sensitive to temperature

because the curves were closer together in the vertical

direction. The strain rate was also less sensitive to the

applied stress after the annealing treatment as indi-

cated by the reduced slope of the curves. Beyond these

summarizations, the fact that, for the same test tem-

perature, the curves corresponding to the as-fabricated

and annealed conditions crossed one-another indicated

that no hard-and-fast rules could be formulated for

predicting, in general, the effect of annealing treatment

on the steady-state creep rate.

The strain-time creep curves are shown in Fig. 26 for

the In–Pb–Ag solder in the as-fabricated condition. As

was the case with the In–Ag solder, there was very

little primary creep exhibited for the applied stresses

and temperatures. Steady-state creep dominated

the deformation from the onset of testing for all, but

the –25�C experiments in which a slightly greater

proportion of primary creep was observed. Also, the

creep curves did not exhibit a tertiary stage that was

indicative of large-scale damage.

The creep behavior of the In–Pb–Ag solder was

compared to that of the In–Ag solder by examining

Figs. 24 and 26, respectively. The In–Ag solder expe-

rienced a greater degree of creep strain for the stress

range of approximately 3–8 MPa and comparable test

temperatures. The greater creep strain implied that the

In–Ag solder could more readily relieve residual

stresses in engineering structures than could its

Pb-bearing counterpart.

The strain rate kinetics of the In–Pb–Ag solder were

represented by the sinh law expression shown in Eq. 7

for the as-fabricated condition:

de=dtmin ¼ 3:3�109 sinh2:9�0:3ð0:050rÞexpð�74�5=RTÞ
ð7Þ

The R2 value of the regression analysis was 0.97

showing a very good correlation. For the sake of

brevity, this analysis was not discussed for the In–Pb–

Ag solder following the annealing treatment. A com-

parison was made between Eq. 7 and 4, the latter

representing the In–Ag solder in the as-fabricated

condition. The sinh term exponents were similar;
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however, the lower apparent activation energy of Eq. 6

indicated that short-circuit or fast-diffusion mecha-

nisms governed In–Pb–Ag creep in the as-fabricated

condition. Also, the stress coefficient, a , equal to 0.05

for the In–Pb–Ag alloy was nearly two orders of

magnitude less than 1.075 for the In–Ag solder.

A direct comparison was made of the sinh law strain

rate Eqs. 4 and 7 representing the In–Ag and In–Pb–

Ag solders, respectively, in the as-fabricated condition.

The corresponding plot is shown in Fig. 27. Because

the curves were closer together, the steady-state strain

rate of the In–Pb–Ag solder was less sensitive to test

temperature than was the In–Ag solder. Similarly, the

steady-state strain rate was less sensitive to stress as

was evidenced by the reduced slope at stresses greater

than 0.5 MPa. Overall, a comparison of creep behav-

iors between the two solders depends upon tempera-

ture and applied stress. At stresses below 2 MPa, the

In–Ag solder exhibited a lower strain rate than the In–

Pb–Ag alloy. The relative ranking went through a

transition in the stress range of 2–4 MPa so that, at

stresses greater than 4 MPa, the In–Ag solder clearly

had a faster strain rate than its Pb-bearing counterpart.
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Therefore, in terms of steady-state creep, which ap-

peared to predominate the creep curves of these two

alloys, the relative effectiveness of reducing residual

stresses in complex OE devices through creep defor-

mation will be a function of the residual stress level and

the temperature conditions.

In summary, the creep behavior was investigated for

the In–Ag and counterpart In–Pb–Ag solders. The

strain time curves of the In–Ag solder showed largely

the steady-state stage. Only a limited degree of pri-

mary creep was observed and the tertiary stage was

absent from the curves of both alloys. Similar strain-

time trends were also observed in the samples follow-

ing the annealing treatment. In the case of the In–Ag

solder, the decrease of DH after the annealing treat-

ment changed the creep mechanism from bulk diffu-

sion to a short-circuit diffusion mechanism. The creep

curves of the In–Pb–Ag solder exhibited the same

qualitative trends. It was clear that the degree of creep

strain exhibited by the In–Ag solder with respect to the

In–Pb–Ag solder depended upon the applied stress and

temperature conditions. It was safe to conclude that,

above 4 MPa, the In–Ag solder exhibited a greater

propensity for creep deformation than did its Pb-free

counterpart.

3.4 In–Sn and In–Sn–Pb–Cd solders—compression

creep data

The creep behaviors were examined for the two lower

melting temperature solders, In–Sn and In–Sn–Pb–Cd.

The strain-time plots of the In–Sn solder were shown in

Fig. 28. Creep deformation at –25�C (Fig. 28a) exhib-

ited very little primary creep; the deformation was

almost entirely steady-state creep. The plots repre-

senting the 10 and 13 MPa stresses showed a slight

up-turn that suggested the beginning of tertiary creep.

The appearance of tertiary creep, and whether it was

caused by the accumulation of large-scale damage or

was the result of more subtle changes within the In–Sn

microstructure—e.g., defect density and/or defect

velocity—will be explored below.
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Fig. 28 Creep curves of the In–Sn solder tested in the as-fabricated, representing the following temperature conditions: (a) –25�C;
(b) 25�C; and (c) 75�C, and (d) 100�C
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The creep curves obtained from tests at 25�C were

shown in Fig. 28b. Primary creep was nearly absent

from the plots; rather, there was a short duration of

steady-state creep followed by an extensive tertiary

stage. The creep curves obtained at 75 and 100�C are

shown in Fig. 28c and d, respectively. At 75�C, the

shapes of the creep curves were very similar to those

obtained at 25�C. There was an absence of significant

primary stage, a short steady-state creep regime, and a

significant tertiary creep stage. Unexpectedly, the tests

performed at 100�C (Fig. 28d) showed a reduced extent

of the tertiary stage. In fact, the tertiary behavior

appeared to diminish with increased stress. Because

primary creep was largely absent, these curves were

primarily the steady-state stage.

An extensive microstructure analysis of the solders

was not planned at the time of this study. However, the

prevalence of the tertiary creep behavior in the In–Sn

solder warranted an investigation of the In–Sn micro-

structure in order to determine whether large-scale

damage was responsible for this tertiary behavior.

Shown in Fig. 29 are low and high magnification opti-

cal micrographs of the as-fabricated In–Sn specimen

that was creep tested at –25�C and 13 MPa. Individual

cells, which are distinguished by different lamellae size

and/or orientations, were separated by coarsened grain

boundaries of both the In-rich b phase (dark) and

Sn-rich c phase (light). The coarsened boundaries were

denoted by the white arrows in Fig. 29a. The micro-

graph in Fig. 29a, as well as the higher magnification

image in Fig. 29b, clearly showed crack development

along those coarsened cell boundaries. There was no

evidence of phase boundary sliding or cracking within

the cells, themselves. Similar coarsened boundary

cracking was observed in the samples tested at 25 and

75�C, the latter case being shown in Fig. 30a. There-

fore, at each of the three temperatures of –25, 25, and

75�C, microstructural damage in the form of cracking

along coarsened, cell boundaries was responsible for

the tertiary creep behavior observed in Fig. 28a–c.

Recall that, in Fig. 28d, which represented the creep

tests performed at 100�C, tertiary stage was signifi-

cantly reduced or absent altogether. Shown in Fig. 30b

is an optical micrograph of the post-creep tested

Fig. 29 Optical micrographs showing the In–Sn solder micro-
structure after creep testing at –25�C and 13 MPa, using two
magnifications. The sample was tested in the as-fabricated
condition

Fig. 30 Optical micrographs showing the In–Sn solder micro-
structure after creep testing under the following conditions: (a)
75�C, 1.7 MPa and (b) 100�C, 0.94 MPa. In both cases, the
specimens were tested in the as-fabricated condition
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sample exposed to a stress of 0.94 MPa at 100�C (see

Fig. 28d). The coarsened boundaries were still present,

although, they were less distinguishable from the gen-

erally more coarsened intracellular microstructure.

Also, the extent of cracking in those coarsened

boundaries was significantly reduced as compared to

other temperatures. It was hypothesized that the

coarser cell (interior) microstructure had taken up a

greater share of the creep deformation, thereby

relieving the boundaries of the need to generate cracks

in response to the applied stresses.

The creep strain observed with the In–Sn solder

(Fig. 28) was compared to that of the In–Ag solder

(Fig. 24). The In–Sn solder exhibited a greater degree

of creep strain at the equivalent test temperature and

stress. This result was not surprising, given the In–Sn

alloy’s lower melting temperature.

The creep rate kinetics were also examined for the

In–Sn solder. Equations 8 and 9 below express the

minimum or steady-state creep rate as a function of

applied stress and temperature for the as-fabricated

and annealed (52�C, 16 h), respectively:

de=dtmin ¼ 5313 sinh1:7�0:4ð0:325rÞ expð�55� 11=RTÞ
ð8Þ

de=dtmin ¼ 687 sinh1:5�0:6ð0:295rÞ expð�48� 13=RTÞ
ð9Þ

The R2 values were 0.83 and 0.73, respectively. It

was interesting to note that the annealing treatment

did not significantly change the sinh law exponent or

the apparent activation energy. The value of a
decreased only slightly following the annealing

treatment; there was a greater decrease in the

pre-exponential coefficient, f0.

As was done in the case of the In–Ag solder, the low

R2 value of the annealed samples warranted further

analysis to address the possibility that the apparent

activation energy was dependent on temperature. The

a value was kept the same. The results, which were

very interesting, were presented by the three cases in

Eq. 10a–c:

½�25; 25 degC� de=dtmin

¼ 27 sinh1:5�0:6ð0:295rÞ expð�41� 13=RTÞ ð10aÞ

½75; 125 degC� de=dtmin

¼ 1:2� 1022 sinh4:3�1:7ð0:295rÞ expð�168� 73=RTÞ
ð10bÞ

½25--125 degC� de=dtmin

¼ 2:2� 1022 sinh3:2�1:0ð0:295rÞ expð�113� 35=RTÞ
ð10cÞ

The R2 values were 0.81, 0.74, and 0.73, respectively.

A higher correlation was obtained when the two lowest

test temperature data sets (–25 and 25�C) were paired

together. This was the same case for the In–Ag solder.

The kinetics parameters were very similar between

Eqs. 9 and 10a. On the other hand, very little

improvement was observed in the R2 value of the

Eq. 10b when the two higher test temperatures were

grouped together (75 and 100�C). By means of the

apparent activation energy, Eq. 10a and b indicated

that lattice diffusion controlled creep at the higher test

temperatures and fast-diffusion controlled creep at the

lower temperatures. However, from the viewpoint of

developing a UCP constitutive model, Eq. 9 would

provide a suitable representation of the creep behavior

of the annealed In–Sn alloy.

The creep kinetics described abovewere compared to

those obtained by Mei and Morris [2]. Although the

latter authors tested the In–Sn solder in shear and

described steady-state creep by a power law expression,

it was expected that the kinetics would be similar. Recall

that the cited tests were performed at 20, 65, and 90�C.
The stress exponent and apparent activation energy

values were 3.2 and 96 kJ/mol, respectively. These val-

ues were each considerably higher than those recorded

in Eqs. 8 or 9. However, when compared to Eq. 10c for

which, the –25�C data were eliminated, the kinetics

parameters were similar to those in [2]. This comparison

further substantiated the difference in creep mecha-

nisms between the low and high-temperature regimes.

Equations 7 and 8 were plotted as a function of

stress and temperature in Fig. 31. As expected, there

was very little difference in the predicted strain rate

between the as-fabricated and annealed conditions.

These trends were in sharp contrast to the In–Ag sol-

der for which, the annealing treatment caused a sig-

nificant change in the steady-state creep kinetics.

The values of DH in Eqs. 7 and 8 were commensu-

rate with grain or phase boundary (fast) diffusion

during steady-state creep. The optical micrographs in

Figs. 29 and 30 showed the extensive network of phase

boundaries that prevailed in the two-phase micro-

structure of each cell. Those intra-cell diffusion pro-

cesses culminated in the defects that accumulated at

the cell boundaries, resulting in the formation of cracks

that were the source of the pronounced tertiary creep

in the In–Sn samples.
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The strain-time curves for the In–Sn–Pb–Cd solder

appear in Fig. 32 for each of the four test temperatures.

At –25�C (Fig. 32a), there was significant primary creep

preceding steady-state creep at each of the applied

stresses. Although primary creep was also present in the

creep curves generated at 25�C (Fig. 32b), the extent of

primary creep diminished and the plots showed largely

steady-state creep with increasing stress level. This same

trend was observed at the test temperatures of 75�C
(Fig. 32c) and 100�C (Fig. 32d). At all test temperatures

and stresses, tertiary creep was not observed in the

strain-time curves.

A comparison was made between the strain-time

curves of the In–Sn solder (Fig. 28) and In–Sn–Pb–Cd

alloy (Fig. 32) for comparable stresses and tempera-

tures. At –25�C, the In–Sn solder shows slightly more

creep strain than did the In–Sn–Pb–Cd alloy. However,

at the three higher temperatures of 25, 75, and 100�C,
the In–Sn solder exhibited noticeably less creep strain,

in spite of the accelerated strain rate associated with

the tertiary creep stage. The difference was particularly

noticeable at 100�C where the tertiary stage was largely

absent from the creep response of the In–Sn solder.
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Fig. 32 Creep curves of the In–Sn–Pb–Cd solder tested in the as-fabricated, representing the following temperature conditions:
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Therefore, with the exception of tests performed at

–25�C, the In–Sn solder appeared to be more creep

resistant than its Pb-bearing counterpart.

The secondary creep rate kinetics of the In–Sn–Pb–

Cd solder were represented by Eq. 9 below:

de=dtmin ¼ 7:2� 106 sinh2:1�0:3ð0:182rÞexpð�66� 7=RTÞ
ð11Þ

The R2 value for the regression analysis was 0.97

demonstrating an excellent correlation between the

independent and dependent variables. The sinh law

exponent was slightly higher than the values calculated

for the In–Sn solder in Eqs. 8 and 9. Also, the apparent

activation energy in Eq. 11 was still commensurate

with a fast-diffusion mechanism.

A direct comparison was made of the steady-state

creep rates between the as-fabricated conditions of the

In–Sn solder [Eq. 8] and In–Sn–Pb–Cd alloy [equation

(11)]. The corresponding plot was shown in Fig. 33.

The In–Sn–Pb–Cd solder showed a slightly faster strain

rate than the In–Sn solder. That difference increased

with both test temperature as well as applied stress.

These results corroborated the earlier analysis of creep

strains, that the In–Sn solder was more creep resistant

than its Pb-bearing counterpart.

In summary, the compression creep behaviors were

evaluated for the low-melting temperature In–Sn and

In–Sn–Pb–Cd solders. The In–Sn solder creep curves

exhibited extensive tertiary stage behavior, which

correlated with the development of cracking along

coarsened cell boundaries. The annealing treatment

had very little effect on either the strain-time behavior

or the steady-state creep rate kinetics of the In–Sn

solder. With the exception of creep at –25�C, the In–Sn

solder was more creep resistant than was the In–Sn–

Pb–Cd solder. The apparent activation energy indi-

cated that the rate kinetics of creep for both solders

was controlled by a fast diffusion mechanism.

4 Applications note

The creep and plastic deformation properties were

evaluated for the two Pb-free solders, In–Ag and

In–Sn. These two alloys represented melting temper-

ature regimes that could be used to develop a step-

soldering process for the assembly of OE, MEMS, and

MOEMS devices. Several qualitative comparisons were

made with respect to relative abilities of the Pb-free

solders to deform when compared to the Pb-bearing

counterpart alloy—e.g., for relieving residual stresses.

In the case of the In–Ag and In–Pb–Ag solders, a

comparison of creep and plastic deformation proper-

ties indicated that, in general, the In–Ag solder would

deform to a greater degree than the In–Pb–Ag solder.

On the other hand, the In–Sn solder had the lesser

capacity to deform under an applied load versus the

In–Sn–Pb–Cd material.

Nevertheless, it has been recognized that, in most

applications, both plastic and creep deformation can

occur to varying degrees. Secondly, it is necessary to

have a quantitative prediction of the ensuing defor-

mation for engineering design and reliability analyses

as would be provided by the single UCP constitutive

model. Therefore, a long-range goal is to develop a

UCP constitutive model for each of the Pb-free solders

that would form the basis of a TMF predictive

(numerical) model. Of course, the UCP constitutive

equation would describe the deformation leading up to

crack initiation, only. At this stage, the equation would

not be capable of describing damage in the form of

crack propagation.

The associated constitutive equations were devel-

oped for the In–Ag solder, representing both the

as-fabricated and annealed conditions. This as-fabri-

cated case will be highlighted below. The one-dimen-

sional equation for the inelastic strain rate in the UCP

model is:

de=dt11

¼ f 0fsinhp½ðjr11 � B11j=aD�gðr11 � B11Þ expð��H=RTÞ
ð12Þ

where the subscript (11) denotes the uniaxial com-

pression direction; B11 is the directional hardening

which, at this point in the study, was taken to be a

constant; and D represents the internal state variable

of isotropic hardening/recovery, which is described by
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dD=dt ¼ f½A1jde=dt11j�=½ðD�D0ÞA3 �g �A2ðD�D0Þ2
ð13Þ

where A1, A2, A3, and D0 are material constants. These

material constants were initially constructed from the

steady-state creep equation and then adjusted to cali-

brate the model prediction with both creep and plastic

deformation experimental data. Thus, in Eq. 12, the

values of f0, a, p, and ÆH were the same as those

determined in Eq. 4, except that the value of a used in

Eq. 12 was approximated to 1.0.

The prediction capability of Eq. 12, when popu-

lated with the suitable parameters, was assessed using

the stress-stain behavior of the In–Ag solder. Shown

in Fig. 34 is a plot that shows the two experimental

stress–strain curves (symbols) for the as-fabricated

In–Ag solder per each test temperature. The strain

rate was 4.4 · 10–5 s–1. The model prediction was

represented by the solid lines. The UCP model

adequately represented the plastic deformation.

Similar correlations were observed at the faster strain

rate as well as for both strain rates after the In–Ag

solder in the annealed condition. Therefore, Eqs. 12

and 13 would be suitable for the UCP constitutive

model in a finite element computational model for

predicting the deformation behavior of In–Ag in a

solder joint.

5 Summary

1. Lead (Pb)-free, low melting temperature solders

are required for the step-soldering process used to

assemble complex micro-electrical mechanical

system (MEMS), OE, and micro-optical, electrical,

mechanical system (MOEMS) devices. Stringent

alignment protocols as well as the long-term

stability of component placement necessitate the

use of computational models to predict solder

deformation following the assembly process as

well as in response to anticipated service

conditions.

2. The development of suitable computational mod-

els for such solder joints, begins with constructing a

UCP constitutive model that describes both plastic

and creep deformation properties of the solder

alloy.

3. The stress–strain and creep properties were mea-

sured for the low-temperature, Pb-free 97In-3Ag

(wt.%) and 58In-42Sn solders using compression

testing techniques. The companion, Pb-bearing

solders, 80In–15Pb–5Ag and 70In–15Sn–9.6Pb–

5.4Cd, respectively, were similarly tested for com-

parison purposes.

4. Compression stress–strain tests were performed

at strain rates of 4.4 · 10–5 s–1 and 8.8 · 10–4 s–1

and temperatures of –25, 25, 75, and 100�C or

125�C. Compression creep tests were performed

at the same four temperatures. The minimum

strain rate at the steady-state creep stage was

represented by the equation: f0 sinhp (ar)
exp(-DH/RT). Samples were evaluated in the

as-fabricated (cast) condition and after thermal

annealing.

5. The stress–strain plots of the In–Ag solder exhib-

ited reduced strain hardening with increased test

temperature. The yield stress values were in the

range of 0.5 MPa to 8.5 MPa and decreased with

both test temperature and strain rate. The yield

stresses were sensitive to the annealing treatments

only at –25 and 25�C. The static elastic modulus

generally decreased with test temperature,

although not in a monotonic manner.

6. The values of DH for steady-state creep were

99 ± 14 kJ/mol and 46 ± 11 kJ/mol, indicating that

bulk diffusion controlled creep in the as-fabricated

samples and fast-diffusion controlled creep of the

annealed samples, respectively.

7. The stress–strain plots of the In–Sn solder showed

strain softening that resulted from dynamic

recovery/recrystallization process. The yield stress

ranged from 1.0 MPa to 22 MPa and decreased

with both test temperature and strain rate. The

annealing treatments did not significantly nor

consistently change the yield stress. Two temper-

ature regimes distinguished the static elastic

modulus values.
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8. The values of DH for steady-state creep were

55 ± 11 kJ/mol and 48 ± 13 kJ/mol for the as-fab-

ricated and annealed conditions, respectively,

indicating that fast diffusion, was the controlling

mechanism in both cases.

9. UCP constitutive models were derived for the In–

Ag solder representing the as-fabricated and 67�C,
16 h annealing conditions. The respective UCP

equations represented very well the stress–strain

behavior of the solder at both strain rates.
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Abstract Low temperature soldering is one of the key

technologies before the accomplishment of total lead-

free conversion in electronics industries. While Sn-Zn

eutectic alloy has excellent properties as low temper-

ature solder, it has some drawbacks. Damage by heat

exposure and corrosion in humidity are two of the

main concerns. Zn has an important role in chemical

properties. The material physical properties, wetting,

chemical stabilities and various reliabilities have been

well understood on this alloy system through the

numerous past works. The understanding of both

materials and processing aspects enables one to man-

ufacture sound electronic products without any serious

problems. The basic properties and the current

understandings on the limit of the application of this

solder are reviewed in this paper.

1 Introduction

Sn–Ag–Cu ternary alloys are known to possess good

solderability and mechanical property, and have been

widely used as reliable lead-free solder. Even though

these alloys can be applied to a wide variety of appli-

cations, high melting temperature of Sn–Ag–Cu ter-

nary alloys still limits the adoption of these alloys to

certain applications. It is required to establish reliable

low temperature soldering techniques, especially for

temperature-sensitive components, optoelectronics

modules, step soldering process and thin printed wiring

boards (PWBs) [1]. In addition, low processing tem-

perature is rather desirable even for many ‘‘heat-

resistant’’ components currently fabricated with Sn–

Ag–Cu because excess heating during reflow treatment

always induces some damage to electronic devices and

PWBs, which may influence the long–term lives of

assemblies. This also gives a reason for the adoption of

the low melting temperature alloys, i.e., Sn–Zn, Sn–

Ag–Bi, and Sn–Ag–In for reflow soldering. In fact, the

percentage of the production of these alloys against the

total lead–free solders exceeds 10% in Japanese elec-

tronic industries [1]. Among these alloys, Sn–Zn has a

significant benefit on cost as well as excellent

mechanical properties.

There have already been several publication

reporting on the various properties of the Sn–Zn alloys

[2–8]. The effort on the development of the suitable

flux for the Sn–Zn system achieved the practical

adoption of this alloy in the market. Since 1999, Sn–Zn

solder paste has been used in the actual production of

commercial products [9]. Figure 1 shows a typical

example of the PWB soldered with Sn–8Zn–3Bi alloy,

where the excellent wetting feature of this alloy is

clearly observed.

Besides the fascinating aspects of Sn–Zn alloy as

lead–free solder, it has some drawbacks such as poor

oxidation resistance in humid/high temperature con-

dition and poor compatibility with Cu substrate at

elevated temperature. The recent research and devel-

opment revealed the mechanisms of such degradation

or incompatible natures of these alloys. Although,

individual companies such as solder manufactures,

component suppliers and electronics equipment
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manufactures as they are doing, can overcome those

weak points systematically, certain kinds of standard-

ized testing tools, reliable database and process

guidelines will greatly help them to promote and

accomplish total lead–free conversion. In addition,

solving some of the critical issues requires the basic

understanding of the phenomena with the aid of sci-

entific experts. Thus, it is worthy to carry out a col-

laborative research under a national or worldwide

support to promote low temperature soldering. In the

current paper, the recent understanding on Sn–Zn

alloy system is briefly summarized.

2 Solidification and microstructure

Sn–Zn alloy is one of the typical eutectic alloys. The

eutectic composition is Sn–8.8 wt.%Zn (hereafter, the

unit ‘‘wt.%’’ is omitted) and both elements hardly

dissolve in each other. Bi is usually added to Sn–Zn

binary alloy in order to improve wetting property as

well as to lower melting temperature. Figure 2 shows

the Sn rich corner of the calculated phase diagram of

Sn–8Zn–xBi ternary alloy. Because the addition of Bi

enhances brittleness of Sn–Zn, the maximum content

of Bi should be kept below 6 wt.%. The composition of

the commercial Sn–Zn paste used currently is Sn–8Zn–

3Bi. By the addition of Bi, the pasty range becomes

wider and primary Zn phase will appear during solid-

ification. Table 1 summarizes some basic properties of

Sn–Zn–Bi alloys. As is expected from the phase dia-

gram, the microstructure of the alloy changes as shown

in Fig. 3. Zn phase disperses as platelet or fibrous

precipitates in the eutectic phase and large primary Zn

platelets appears with increasing Bi content. The pre-

cipitation of primary Zn degrades the mechanical

properties of Sn–Zn alloy because of the brittleness of

Zn phase. This solidification microstructure is greatly

influenced by cooling rate. Slow cooling enhances the

formation of primary Zn resulting in degradation of

mechanical property.

The undercooling of this alloy is not so large as

compared with Sn–Ag–Cu or Sn–Cu alloys. Figure 4

shows the undercooling temperature of Sn–Ag–xBi

and Sn–Zn–xBi alloys as a function of Bi content [7].

Though the Bi addition lowers undercooling tempera-

ture for both alloys, the Sn–Zn binary alloy has much

lower undercooling than Sn–Ag binary alloy.

3 Mechanical properties

Tensile properties of Sn–Zn alloys are excellent.

Figure 5 compares typical tensile properties of Sn–Zn

alloys as a function of Bi content up to 8 wt.% Zn. As

increasing Bi content, 0.2% proof stress and ultimate

tensile strength increases from 50 MPa at 0 wt.% Zn to

90 MPa at 8 wt.% Zn while elongation decreases

monotonously.

Strain rate dependence of proof stress is also real-

ized in Sn–Zn alloys. Figure 6 shows the strain rate

dependence of 0.2% proof stress [7]. The well known

power law, _e ¼ Arn exp � Q
RT

� �
, where _e is strain rate, A

is constant, r is 0.2% stress, Q is activation energy, R is

gas constant, and T is temperature, can be applied to

Fig. 1 Commercial notebook computer PWB soldered with Sn–
8Zn–3Bi
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Fig. 2 Sn rich corner of Sn–8Zn–xBi ternary calculated phase
diagram (Pandat/Adamis)

Table 1 Liquidus/solidus temperatures determined by DSC and
calculated density of selected alloys [7]

Alloys Liquidus (�C) Solidus (�C) Density g/cm3

Sn–9Zn 199 199 7.28
Sn–8Zn–1Bi 199 192 7.30
Sn–8Zn–3Bi 197 187 7.34
Sn–8Zn–6Bi 194 178 7.40
Sn–37Pb 183 183 8.64
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these alloys. n values are listed in Table 2 and com-

pared with those of other alloys. n values of Sn–Zn

slightly increases with increasing Bi content, which are

in a similar range of Sn–Ag–Cu.

It is well known that creep resistance and fatigue

resistance of Sn–Zn alloys are also excellent [2]. For

instance, the activation energy for Sn–9Zn eutectic

alloy as well as Sn–3.5Ag is close to 100 kJ/mole, which

is equivalent to that for Sn–Pb alloys, indicating matrix

creep mechanisms controlled by conventional disloca-

tion climb [3]. In fact, the excellent thermal and

mechanical fatigue resistance of chip scale package

(CSP) mounting can be noted in Fig. 7 [1].

4 Interface reaction and microstructure

Because of the high activity of Zn, Sn–Zn alloys

behave differently in interface formation with elec-

trodes. Zn reacts firstly at the interface. For instances,

on Cu substrate, c–Cu5Zn8 becomes the thick primary

layer and, beneath this compound, thin b¢–CuZn is

Fig. 3 Optical micrographs of
Sn–Zn–Bi alloys [7] (a) Sn–
9Zn, (b) Sn–8Zn–3Bi and (c)
Sn–8Zn–6Bi
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Table 2 Typical n values for various Sn solders obtained by
tensile test

Alloys n values References

Sn–9Zn 8.2 [7]
8.1 [3]

Sn–8Zn–3Bi 14.4 [7]
Sn–8Zn–6Bi 15.0 [7]
Sn–3Ag 12 [3]
Sn–3Ag–0.5Cu 12.5 [7]
Sn–3.5Ag–0.7Cu 9.1 [7]
Sn–3.9Ag–0.6Cu 12.5 [7]
Sn–0.7Cu 17.4 [7]
Sn–0.7Cu–0.5Ag 11.5 [7]
Sn–38Pb ~20 –
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formed adjacent to Cu [4]. The Cu–Zn intermetallic

compounds are not stable at temperatures as high as

150�C. At high temperatures, Zn continuously diffuses

toward interfaces or fillet surfaces because of its high

activity and high diffusivity in Sn matrix. At the same

time, Cu diffuses from the substrate to the Sn–Zn

solder, easily. The diffusion constant of Cu in Sn matrix

at 125�C is reported as 1.1 · 10–11 (m2/s) [10], while

that of Zn is as 1.7 · 10–15 (m2/s) [11]. During early

stages of high temperature annealing, Zn platelet dis-

persions formed in Sn matrix turn to be Cu5Zn8 while

the interface Cu–Zn intermetallic compound layer

becomes slightly thicker as shown in Fig. 8 [6]. When

all the Zn in the solder is consumed, Sn diffusion to-

ward Cu substrate through Cu–Zn intermetallic inter-

face layer becomes dominant resulting in Sn–Cu

intermetallic compound formation at the interface

between Cu substrate and Cu–Zn intermetallic layer.

Kirkendall voids are formed along the interface be-

tween the Cu–Zn interface layer and the solder. This

reaction sequence is schematically illustrated in Fig. 9

[5, 6]. Because of large void formation with interme-

tallic growth at the interface, this reaction degrades the

solder joints. Thus, one needs to know this interface

feature and some suitable treatment is required for

high temperature applications of this solder [5].

On thin Au/Ni–P plating, Zn reacts to form AuZn

compound at the interface after reflow treatment while

most of lead–free and leaded alloys react to form Ni–

Sn compounds after Au dissolution into solders [9].

When the Au layer becomes thick, the spalling of the

intermetallic layer occurs as shown in Fig. 10a. The

spalling does not influence the interface strength for

Sn–Zn alloys. The intermetallic compound is AuZn3 in

this reaction. Thus, the interface reaction is not uni-

form even in the same solder fillet. This is caused pri-

marily by the limited volume of a solder drop on the

limited substrate plating thickness. Figure 10 also

shows the difference in interface intermetallic com-

pounds depending on the position inside a solder drop.

5 Corrosion by humidity exposure

Due to its high activity, Zn is easily oxidized even in Sn

matrix when humidity in the environment is high

enough at elevated temperature. Zn diffuses toward

the surface of the solder fillet or the interface by

humidity/temperature exposure. Figure 11 shows the
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typical example. Though the mechanism of this oxi-

dation is not clear yet, it is easy to imagine that Gal-

vanic corrosion can occur at the Zn/Sn interface or at

the Cu5Zn8/Sn interface.

The exposure of Sn–Zn–Bi to humidity/heat condi-

tions of 85�C/85%RH for up to 1,000 h promotes Zn

and O segregation in the grain boundary while 60�C/
90%RH does not [9]. The addition of Pb or of Bi to

Sn–Zn alloys accelerates the change from eutectic Zn

phase into ZnO phase. Sn whiskers are sometimes

formed on the surface of Sn–Zn alloys during the heat/

humidity exposure. The formation of ZnO phases

along grain boundaries near the free surface of a solder

fillet generates compressive stress in/on a Sn grain,

and, as a result, Sn whiskers grow from the surface of

Sn grains to release this compressive stress. Such

Cu

Cu5Zn8
Cu5Zn8

Fine Zn dispersion

Cu diffusion

surface

Cu5Zn8 dispersionCu5Zn8 dispersion

Cu5Zn8 formationCu5Zn8 formation

Void growth

Cu6Sn5

Voids

Sn diffusionSn diffusion

Fig. 9 Schematic illustration
of heat exposure degradation
of Sn–Zn/Cu interface [5, 6]
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Fig. 10 Peculiar wetting
behavior of Sn–9Zn on thick
Au (0.25 lm)/Ni plating and
interface microstructures
(SEM). (a) Sn–Zn drop
appearance on Au/Ni plating
and interfaces of (b) central
region, (c) middle region and
(d) outer region
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oxidation-driven whisker formation has been also ob-

served not only for Sn–Zn alloy but also for Sn–Pb

alloys and Sn–Ag–In alloy [13]. At 85�C/85%RH

exposure, there is serious degradation of the joint

strength for Sn–Zn alloys due to the formation of ZnO

oxide at interface. Figure 12 shows the shear strength

change of surface mounted chip components by

humidity/heat exposure. It is apparent that Bi and Pb

enhance this degradation.

6 Summary and future

Sn–Zn solders posses several fascinating features such

as low cost as well as low reflow temperature of 220�C.
Due to the drastic improvement of flux technology for

Sn–Zn system, Sn–Zn–Bi solder pastes have been

widely applied in many products, i.e., notebook com-

puters, desktop computers, printers, TV tuners, elec-

tronics dictionaries, etc. For the practical uses,

unfortunately, one needs to think of several specific

phenomena caused by the high activity of Zn. The

formation of Kirkendall voids at the interface and the

corrosion in humid environment are two of the

important aspects. The condition, in which such serious

degradation occurs, it will be not practical. Even

though it is true, some accelerated tests to decide the

solder can be adopted or not for a given life time for a

product is still needed. The scientific information is still

lacking to understand these unsolved issues. Moreover,

one needs the prevention methods for those possible

degradations in the market.

In order to provide such useful information for Sn–

Zn as well as for the other low temperature solders; so

that one can utilize these solders with confidence, a

national project on the development and standardiza-

tion of low temperature soldering organized by JEITA

is now under the way. The main goal of the current

project is, of course, to provide useful information,

process knowledge, and tools for various reliability

evaluations to the database. The basic idea of this

project lies in the scientific understanding that will lead

to the practical solutions for industries.

From the other standpoint, the trend in electronic

packaging is also in seeking lowering process temper-

ature besides the lead-free soldering movement. Even

lower than 150�C can be required for high-density thin

silicon dies, thin foil applications, and flat panel dis-

plays in near future. For such value-added applications,

the R&D effort on low temperature soldering can

provide the first step to explore the future technology.
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Abstract Composite approaches have been devel-

oped in lead-free solder research in an effort to

improve the service temperature capabilities and

thermal stability of the solder joints. This article

overviews the background for composite lead-free

solder development, the roles of reinforcements and

their requirements, composite solder processing tech-

niques, as well as current status of composite solder

research. Examples of several representative lead-free

composite solders produced with various methods and

reinforcement types are presented. The effects of

reinforcement addition on processing and mechanical

properties are analyzed. Difficulties and problems that

exist in composite solder research are proposed and

tentative solutions are attempted with examples of

newly emerging novel lead-free composite solders.

1 Introduction

Several challenges are faced in the development of

lead-free solders since they are not just drop-in sub-

stitutes for traditionally used leaded solders. These

challenges may be related to the solder melt temper-

ature, processing temperature, wettability, mechanical

and thermo-mechanical fatigue (TMF) behaviors, etc.

Knowledge base on leaded solders gained by experi-

ence over a long period time is not directly applicable

to lead-free solders. As a result, a database for mod-

eling for reliability predictions of lead-free solders is

not currently available [1]. Most of the lead-free solder

developments for electronic applications are aimed at

arriving at suitable alloy compositions [2–5]. Sn-Ag

alloy system, with or without small alloy additions such

as Cu, is believed to have significant potential [2–6].

The binary Sn-Ag eutectic temperature is 221�C, and
the ternary Sn-Ag-Cu eutectic temperature is 217�C,
both being reasonably higher than the Sn-Pb binary

eutectic temperature of 183�C. Although the process-

ing parameters have to be modified to accommodate

this increase in eutectic temperature, use of such sol-

ders also provides higher service temperature capabil-

ity to the solder joints. Results of several typical studies

on such solders are recently reported in the published

literature [2–6].

1.1 Harsh service conditions

Solders in general operate at high homologous tem-

perature ranges. During turning on and off operations,

the electrical circuitry heats up or cools down, experi-

encing low cycle TMF due to stresses that develop as a

consequence of CTE mismatch between the solder/

substrate/components. Mechanical vibration of other

entities to which the electronic components are

mechanically attached, such as automotive engines, can

create higher frequency vibrational fatigue conditions.

When an automobile/tank hits a pot-hole/major

obstruction, or landing of an airplane, it can

impose impact loading on the solder joint. Although

fine-grained microstructure may be beneficial for
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mechanical fatigue considerations, it may not be ideal

for creep resistance since creep deformation at the

service temperature (high homologous temperature for

the solder alloys) will be by grain boundary sliding. In

addition to these opposing requirements, the highly

in-homogenous as-joined solder joint microstructure

coarsens during service. This aging process causes

growth of solder/substrate interface intermetallic layer

and coarsening of microstructural constituents within

the solder joint. Such evolving microstructure contin-

uously alters the mechanical properties of the solder

joint resulting in significant hurdles in reliability pre-

diction modeling. The presence of fine, stable, and

system-compatible dispersoids located at the grain

boundaries can retard coarsening, enhance mechanical

fatigue behavior, and reduce creep rate by decreasing

grain boundary sliding tendency. Dispersoids present

at a grain boundary represent obstacles which resist

sliding between grains which share the boundary.

None of the typical lead-free solder alloys can be

utilized at high service temperatures (~270�C) except

80Au-Sn solder, which would have a limited range of

applications, since it is expensive [7]. How to increase

the service temperatures which existing lead-free sol-

ders can endure, or arrive at new solder compositions

for such applications, is one of the serious problems

that had remained largely unaddressed. However, the

National Center for Manufacturing Systems (NCMS)

launched a lead-free solder program to explore their

use in applications with service temperatures up to

about 150�C [8]. For example, in automotive under-

the-hood applications, significant performance advan-

tages could be derived if electronic components/circuit

boards were mounted on the engine manifold. This

would significantly reduce the amount of wiring, and

minimize several complications in the electrical cir-

cuitry. Similar conditions also exist in aerospace and

defense applications. Although the processing param-

eters must be modified to accommodate the tempera-

ture increase, these solders may or may not provide

solder joints with a higher service temperature capa-

bility depending on TMF characteristics. The results of

several mechanical and thermal studies of solders

whose structures remain stabilized during elevated

temperature applications are reported in the literature

[9–13].

Solder joints experience even more severe condi-

tions in applications that combine both high current

densities [14, 15] and high temperatures as in applica-

tions such as automotive alternators or rectifiers. At

present there is no substitute, which is both suitable

and economical, for the high-lead/low-tin solders

used for these applications [16]. Typical solders based

on Sn-Au alloys that can withstand these service con-

ditions are cost prohibitive in large-scale automotive

type manufacturing situations. Given the need to sat-

isfy these design requirements, it is likely this issue will

be addressed in the near future. This aspect of lead-

free solders has not received much attention because

solder joints in consumer and hand-held communica-

tion electronics typically are not required to withstand

the harsh environmental conditions encountered in

automotive, defense, and aerospace applications.

1.2 Needs to develop composite solders targeting at

the improvement of the service temperature

capability of lead-free solders

Solders with intentionally incorporated reinforcements

are termed composite solders. Composite approach

was developed mainly to improve the service perfor-

mance including service temperature capability. In

other words, the basic purpose of this methodology is

to engineer and stabilize a fine-grained microstructure,

and homogenize solder joint deformation, so as to

improve the mechanical properties of the solder joint,

especially creep and thermo-mechanical fatigue resis-

tance. An important additional feature is that the

reinforcements do not alter the melting point of the

solder matrix, but may effectively increase the service

temperature of the base solder materials by improving

the creep or thermo-mechanical fatigue properties of

the solder matrix.

The methodology that will be employed to enhance

the service performance of the solder joint should not

affect the well laid out current metallurgical processes

in the electronic manufacturing. It is essential that the

incorporation of dispersoids does not significantly alter

the solderability, solder/substrate wetting characteris-

tics, melting temperature, etc.

Although one would prefer a strong solder joint for

creep resistance considerations, it may not be ideal in

electronic applications. If the solder in the joint is not

able to dissipate the stresses that develop, failure of the

electronic components will result. Therefore, a tradeoff

is required between a strong solder joint to provide

creep resistance but also one which is sufficiently

compliant to dissipate stresses which could damage a

device, that is, a solder joint must be capable of dissi-

pating induced stresses, while still maintaining electri-

cal functionality and mechanical integrity. Although

these two requirements appear to be mutually exclu-

sive, both of them can be satisfied by appropriate

microstructural engineering of solders with suitable

dispersoids.
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2 Composite solder fabrication

2.1 Selection of compatible

reinforcements—important considerations

Reinforcements added to a solder matrix should satisfy

certain conditions to enhance the service performance

of the solder. Reinforcing phases should bond to the

solder matrix, and the bonding can be weak or strong

depending on the requirements for the specific appli-

cation. Reinforcements must have minimal or no sol-

ubility in molten solder under normal reflow

temperatures to maintain stability of the reinforce-

ments during reflow. Reinforcements and the solder

matrix densities should be closely matched to facilitate

uniform distribution of the reinforcing phase through-

out the matrix. If the densities are not matched, settling

or floating of the reinforcements will cause the rein-

forcements to segregate within the solder, resulting in a

non-uniform distribution [17]. Good wetting between

the reinforcements and the solder matrix is also

essential, since the interfacial strength could signifi-

cantly alter the over-all mechanical behavior of the

composite solder. The size of reinforcing phases should

be optimal in order to stabilize the microstructure. It

has been determined that reinforcement particles of

size ~1lm or smaller tend to stabilize a very fine-

grained microstructure [18, 19]. Reinforcement parti-

cles should not be prone to significant coarsening

during reflow and service. Due to thermo-dynamic

considerations, fine particles tend to coalesce to reduce

the high interfacial energy associated with small par-

ticles. Finally, reinforcements should neither signifi-

cantly alter the processing temperature nor alter

solderability (i.e., wetting characteristics of a solder

with a chip carrier pad).

2.2 Fabrication techniques

Usually, reinforcement particles used in the composite

solder can be grouped into two categories. One kind of

reinforcement addition involves the intermetallic par-

ticles. These intermetallic reinforcements can be

incorporated to the solder matrix either by adding

preformed intermetallic particles (like Cu6Sn5, Cu3Sn,

or Ni3Sn4 [18, 20–27]) or by converting from elemental

particles (like Cu, Ni, or Ag [20–24]) by their reaction

with Sn during fabrication or the subsequent aging and

reflow process. Another kind of reinforcement addi-

tion involves those having a low solubility and diffu-

sivity in Sn, or even non-reactive with Sn. Examples of

such reinforcements could be Fe particles [28] or oxide

particles like Al2O3 or TiO2 [19]. Choices of such

reinforcements serve several purposes. Proper choice

of foreign reinforcement additions could desirably

introduce uniformly distributed intermetallic hard

particles or non-coarsening particles. Well-dispersed

reinforcements can serve as obstacles to grain growth,

crack growth, and dislocation motion, so as to

strengthen the solder against creep and fatigue

deformation [18].

Two possible ways to introduce the desired rein-

forcements to the solder matrix are the in-situ method

and the mechanical mixing method. In-situ method

refers to the technique by which reinforcing phases,

like Cu6Sn5 or Ni3Sn4 intermetallic particles, are

readily formed upon processing the bulk solder itself

[29–31]. Details of the procedures used to achieve such

in-situ composite solders are not available in the cur-

rent published literature, since the patent application

for the process by the inventors is still pending. The

mechanical mixing method is more related to extrin-

sically adding reinforcement particles into the solder

matrix, usually in the form of solder paste. The com-

posite solder paste is usually prepared by mechanically

blending the mixture for certain length of time to

achieve uniform distribution of the reinforcements.

After such significant mixing this mixture is melted to

produce the composite solder. Traditionally, the rein-

forcement is usually added to the molten solder to

produce the composite [20]. These reinforcements

could be stable intermetallics or metallic particles that

can form intermetallics during processing [17, 18, 21,

24, 26, 32, 33]. The main aim of these approaches is to

introduce compatible intermetallic reinforcements in

the solder matrix. It is essential that these reinforce-

ments do not significantly alter their size, shape and

volume fraction during service.

3 Current status of composite solder research and

development

3.1 Early Sn-Pb based composite solder

development

Very early efforts involved the research activities car-

ried out to improve the comprehensive properties of

lead-bearing solders using composite approach [18–28].

Microstructural analysis as well as mechanical testing

of such composite solders have been reported. Certain

composite solders did show improved mechanical

properties sought by electronic/automobile industries.

Marshall et al. were among the very first a few

groups in early 1990s that carried out studies in

microcharacterization of composite solders [20–24].
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Their composite solders were primarily prepared by

mixing Cu6Sn5 (10, 20, 30 wt.%), Cu3Sn (10,20,

30 wt.%), Cu (7.6 wt.%), Ag (4 wt.%), or Ni (4 wt.%)

particles with the eutectic Sn-37Pb solder paste. The

microstructure features of these bulk composite solder

specimens showed that Cu-Sn, Ag-Sn, and Ni-Sn

intermetallics were developed in the composite solders

around Cu, Ag, and Ni particles respectively. Cu6Sn5
layer formed around Cu3Sn particles in the Cu3Sn

reinforced composite solder, while no more new

intermetallic formed in the Cu6Sn5 particle reinforced

composite solder. The microstructural analysis showed

good bonding of the particulate reinforcements to the

solder matrix suggesting that the resulting composite

solders might exhibit enhanced strength. Intermetallic

formation at the solder/copper interface was studied

for the above composite solder samples aged at 140�C
for 0–16 days, as reported by Pinizzotto et al. [34].

Similar studies were carried out by Wu et al. with aging

temperatures of 110�C–160�C for 0–64 days [35].

Intermetallic formation near the Cu substrate was

found to be greatly affected by these particle additions.

Sn sink theory, i.e., the particles act as Sn sinks which

remove Sn from the solder and decrease the amount of

Sn for reaction at the interface, were proposed for the

effects of Cu-containing particles and Ag particles on

the kinetics of intermetallic formation.

Dispersion strengthened in-situ composite solders of

Sn-Pb-Ni and Sn-Pb-Cu alloys containing 0.1–1.0 lm
dispersoids/reinforcements were produced by induc-

tion melting and inert gas atomization, by Sastry et al.

[25]. It was found that, upon reflow of the solder

specimens, the fine spherical dispersoids in rapidly-

solidified Sn-Pb-Cu alloys coarsen to > 1 lm platelets,

however, the dispersoids in Sn-Pb-Ni alloys remain

spherical and be stable with a size of < 1 lm. The

difference in stability of dispersoids in Cu- and Ni-

containing solders was explained on the basis of the

difference in solubilities and diffusivities of Cu and Ni

in Sn-Pb matrix. These composite solders showed an

increase of 25–180% in yield stress and 20–80% in the

modulus values compared to eutectic Sn-37Pb solder.

Another type of dispersion strengthened composite

solder was formulated by Betrabet et al. by adding

2.2 wt.% of Ni3Sn4 intermetallic particles into the Sn-

40Pb solder matrix [18]. Mechanical alloying, a solid-

state high-energy milling process developed for

superalloy manufacture, provided the means to process

such dispersion strengthened solders. The presence of

Ni3Sn4 dispersoids resulted in a smaller grain size in

the as-cast microstructure and after aging at 100�C for

29 h. Their subsequent study of Cu9NiSn3 intermetallic

particles reinforced Sn-40Pb composite solder showed

an increase of the strain to failure in shear by 40%

while the ultimate shear strength essentially remained

unchanged [26]. They claimed this as an indication of

improved fatigue resistance because it was believed

that fine, uniformly dispersed phases would stabilize

microstructures by pinning grain boundary dislocations

and by restricting grain boundary motion.

Mavoori and Jin prepared their composite solders

by mixing 3 vol.% of 10 nm sized Al2O3 powders or

3 vol.% of 5 nm sized TiO2powders with 35 lm sized

eutectic Sn-37 Pb solder powder [19]. Nano-sized, non-

reacting, non-coarsening oxide particles formed

uniform coatings of solder after repeated plastic

deformation for rearrangement of the particles. Three

orders decrease in the steady-state creep rate was

achieved by this approach. Such composite solder was

found to be much more creep resistant than their

control sample, the eutectic Sn-80Au solder. This has

great significance in replacing the conventional high

melting point (278�C) Sn-80Au solder for its creep

resistant applications such as optical or optoelectronic

packaging.

Clough et al. reported that, with properly controlled

porosity, Cu6Sn5particle reinforced eutectic Sn-37Pb

solders exhibited twice the yield strength without sig-

nificant ductility loss [27]. Itwas also shown in their study

that the creep rate of the composite solder was nearly an

order of magnitude less than that of unreinforced sol-

ders. The boundary layer fracture behavior was studied

using single shear lap specimens using the same com-

posite solder. The specimens failed as shear fracture ran

in from opposite edges about 10 lm inside of the inter-

faces. These boundary layer fractures were character-

ized and a fracture model was developed. Composite

strengthening was shown to significantly improve the

ductility, creep life and properties associated with im-

proved reliability and creep-fatigue life [36].

The effects of phase additions on the microstructure,

wettability and other mechanical properties of the

composite solders have also been reported in other

studies [32, 37]. In general, composite solders tend to

render improved properties. All the reported investi-

gations were basically exploratory in nature, and the

extent of improvement must be weighed against envi-

ronmental and economic factors before widespread

adoption can be realized. However, studies on lead-

free Sn-Ag based composite solders have received

attention only recently.

3.2 Classic lead-free composite solders

Several lead-free solders such as binary Sn-Ag, Sn-Bi,

ternary Sb-Ag-Cu, etc. are being considered as
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potential alternatives for lead-bearing solders. Com-

posite approaches used in lead-bearing solders can also

be applied to lead-free solders. Although studies on

composite solders utilizing lead-free solders are

somewhat limited compared to those for solder alloys

themselves, development of lead-free composite sol-

ders is essential based on the reliability considerations.

The following sections present the effects of rein-

forcement addition in lead-free solders on the micro-

structure evolution, processing, and mechanical

properties of the matrix solder materials.

3.2.1 Microstructure modifications

Subramanian et al. have reported the microstructural

evolution in the Cu6Sn5 particle reinforced eutectic

Sn-3.5Ag based composite solders made by in-situ

method [29]. Figures 1 and 2 provide microstructures

of eutectic Sn-Ag solder joints containing Cu6Sn5,

Ni3Sn4, and Fe-Sn reinforcement particles in the as-

joined condition and after long-term aging [38, 39].

Intermetallic particles of Ni3Sn4 and Fe-Sn incorpo-

rated into the solder matrix by the in-situ method

were found to be relatively stable even after 1,400 h

of aging at 180�C as compared to Cu6Sn5 intermetallic

particles, an attribute desirable for a composite

approach. The Cu6Sn5 intermetallic reinforcements

were observed to coarsen under long-term conditions,

5,000 h at temperatures above 120�C. They did not

coarsen during short-term aging consisting of a few

hundred hours as shown in Fig. 3. This may indicate

different mechanism of coarsening at low and high

temperatures.

The effect of the Cu6Sn5, Ni3Sn4, and FeSn2 particles

on the solder/substrate interfacial intermetallic com-

pound (IMC) layer growth in the eutectic Sn-Ag

composite solder joints was investigated by carrying

out aging studies up to a few thousand hours at several

temperatures [38, 39]. Figure 4a shows an example of

the total growth of interfacial IMC layers (Cu6Sn5 and

Cu3Sn) during aging at 150�C up to 5,000 h. The solder

joints exhibited only Cu6Sn5 intermetallic layer at ini-

tial condition, and the Cu6Sn5 and Cu3Sn intermetallic

layers are clearly visible after aging as shown in Fig. 2.

The interfacial IMC layers normally exhibited rapid

growth at the initial stage of aging, but the growth rate

decreased as the layer thickness increased. The rein-

forcement particles were observed to affect the for-

mation of interfacial intermetallic layers during reflow,

resulting in a thinner initial interfacial layer compared

with the same solder without reinforcements. Fig-

ure 4b shows IMC layer growth rate constant of the

Cu6Sn5 intermetallic layer in the eutectic Sn-Ag and

Cu6Sn5 particulate reinforced Sn-Ag solder joints

during aging at 150�C up to 5,000 h at five tempera-

tures. The Cu6Sn5 particulate reinforced Sn-Ag solder

joints showed higher IMC layer growth rate constants

at temperatures above 120�C, while the IMC layer

growth rate constants were lower below 120�C. A

similar behavior was observed for Ni3Sn4 and FeSn2
particulate reinforced Sn-Ag solder joints. This was a

temperature dependent effect in that the reinforcement

Fig. 1 Scanning electron
microscope secondary
electron emission
photographs of the initial
microstructure of Sn-Ag
eutectic solder joints
containing 20 vol.% (a)
Cu6Sn5, (b) FeSn2, and (c)
Ni3Sn4 reinforcement
particles (After S. Choi et al.,
Refs. [38, 39], 1999/2000)
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particles were effective in retarding the interfacial

intermetallic layer growth at temperatures below

120�C, but not above this temperature, as shown in

Fig. 4b.

The stability of mechanically-incorporated metallic

reinforcement particles in the Sn-Ag composite solders

was examined after multiple reflows and during aging.

The composite solders were prepared by mechanically

blending nominally 15 vol.% of micron-sized Cu, Ag,

or Ni particles with eutectic Sn-Ag solder to form a

mixture with a uniform distribution of reinforcement

particles [40, 41]. Figures 5 through Fig. 7 illustrate the

microstructure of Cu, Ag, and Ni particles in as-fabri-

cated solder joints, after aging at 150�C for 500 h, and

after three reflows at 280�C, respectively.

The intermetallic layers formed around the particles

due to the reaction of Sn in the solder matrix with the

metallic particle during the first reflow can be seen in

Fig. 5. The Cu-Sn intermetallic layers consist of Cu3Sn

and Cu6Sn5 layers formed on the surface of Cu parti-

cles, and Ag3Sn intermetallic layer formed on the

surface of Ag particles. In contrast, a ternary Cu-Ni-Sn

intermetallic layer formed around the Ni particles. This

indicates that Cu diffused to Ni particles from the Cu

substrate during reflow, and participated in the for-

mation of the ternary Cu-Ni-Sn intermetallic layer. It

was also observed that binary Cu-Sn and ternary Cu-

Ni-Sn intermetallic layers were much thicker on Cu or

Ni particles than the Ag3Sn intermetallic layer on Ag

particles. Similar differences in the thickness of the

Fig. 2 Scanning electron
microscope secondary
electron emission
photographs of the
microstructure of in-situ
composite solder joints after
aging (a) Cu6Sn5 composite
solder at 150�C for 5,000 h,
(b) FeSn2 composite solder at
180�C for 1,400 h, and (c)
Ni3Sn4 composite solder at
180�C for 1,400 h (After S.
Choi et al., Refs. [38, 39],
1999/2000)

Fig. 3 Scanning electron
microscope secondary
electron images depicting
microstructural stability of
Cu6Sn5 particles during short-
term aging of a composite Sn-
Ag solder (a) before aging,
(b) after aging at 150�C for
100 h. (After A.W. Gibson
et al., Ref. [3], 1997)
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intermetallic layers around particles was also noted

after isothermal aging at 150�C, or reflow at 280�C as

shown in Fig. 6 and Fig. 7.

As noted in Fig. 6, the growth of intermetallic layers

around particles during aging was in the following

order: Ni particles > Cu particles > Ag particles. In the

study conducted by Guo et al. [40], Cu particles were

largely consumed by Sn in the solder matrix after aging

at 150�C for 1,000 h, while there were no significant

changes in the case of Ag particles under similar con-

ditions. In contrast, Ni particles were completely

converted to ternary Cu-Ni-Sn intermetallics after

aging for 500 h [41]. These studies attribute the dif-

ference in growth kinetics of intermetallic layers that

surrounded Ni, Cu, and Ag particles to their difference

in diffusion coefficients. The diffusion of Ni, Cu, and

Ag in Sn is in the following order: Ni > Cu > Ag under

the same conditions. This large difference in diffusion

capabilities may account for the observed difference in

intermetallic layer growth around reinforcement par-

ticles. Since Ag particles consume less amount of Sn, it

is expected that change in composition of solder matrix

would be least in Ag reinforced composite solders

compared to composite solders containing Cu and Ni

reinforcements. Ag particles also exhibit higher resis-

tance to coarsening than Cu and Ni reinforcement

particles due to its lower diffusion coefficient in a Sn

matrix.

On the other hand, Fig. 7 illustrates that the growth

of intermetallic layers around particles during multiple

reflow was: Cu particles > Ni particles > Ag particles.

The intermetallic layers present around metal rein-

forcement particles appear to control the growth of the

intermetallic layers under such conditions.

3.2.2 Processing properties

The methodology employed to enhance the service

performance of a solder joint should be compatible with

the standard processes and assembly procedures prac-

ticed by themicroelectronics industry. It is also essential

that the incorporation of dispersoids does not signifi-

cantly alter solderability, melting temperature, etc.

The wettability of in-situ composite solders was ob-

served not to degrade up to 20% volume fraction of

Cu6Sn5, the limit investigated [29]. The contact angle is

a measure of the wettability of solder to the substrate.

Several micrographs of the spherical caps of the solders

produced by reflow of disk shaped solder preforms on

Cu substrate were analyzed with PhotoShop� to arrive

at average contact angles [29]. The measured contact

angles for composite and non-composite solders on aCu

substrate are given in Table 1. The eutectic and com-

posite eutectic solders exhibited similar contact angles,

indicating no substantial difference in wettability.

The comparison of average wetting angles of

mechanically-incorporated Cu, Ni, Ag particle-rein-

forced composite solders measured after four reflows

are given in Table 2 along with the data for the eutectic

Sn-Ag solder, and in-situ Cu6Sn5 reinforced composite

solders [41, 42]. The wettability of composite solder

with 6 vol.% mechanically-incorporated Cu particles is

comparable to 15 vol.% Ag-particle reinforced com-

posite solder produced by a similar method, and
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Fig. 4 (a) Graph which depicts the effect of aging time at 150�C
on the total thickness of interfacial IMC layers (Cu6Sn5 + Cu3Sn)
for eutectic Sn-Ag and composite Sn-Ag solder joints which
contain Cu6Sn5 intermetallic particles introduced by the in-situ
method (After S. Choi et al., Ref. [38], 1999). (b) Graph which
depicts the IMC layer growth rate constants at five different
temperatures for the Cu6Sn5 intermetallic layer in the eutectic
Sn-Ag solder joints and Cu6Sn5particulate reinforced Sn-Ag
solder joints during aging at 150�C up to 5,000 h (After S. Choi
et al., Ref. [38], 1999)
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20 vol.% of in-situ Cu6Sn5-reinforced composite sol-

der. This was attributed to the fact that the volume

fraction of Cu-Sn intermetallics was nearly doubled

after four reflows, resulting in an increased solder vis-

cosity and wetting angle during reflow. On the other

hand, the wetting angle of the 15 vol.% Ni-reinforced

composite solder (12.5�) was comparable to eutectic

Sn-Ag solder (10.5�), but significantly better than

15 vol.% Ag (21.1�) and 15vol.% Cu (47.3�) reinforced
solders. The total effective volume fraction of Ni

reinforcements was observed to remain nearly

unchanged during multiple reflow processes.

3.2.3 Mechanical properties

As stated previously, certain composite solders have

exhibited enhanced strength and other desired prop-

erties sought by the electronics industry. Tensile, creep,

and stress relaxation behavior of lead-free composite

solder joints have been extensively investigated. Creep

properties are one of the most important properties

frequently reported in the literature in the develop-

ment of composite solders.

3.2.3.1 Tensile and steady-state creep properties Mc-

Cormack et al. have developed composite solders by

adding 2.5 wt.% of ~2 lm magnetic Fe powders into

pure Sn and eutectic Sn-Bi solder [28]. The idea of

adding Fe powders lies in the fact that Fe has low

solubility and diffusivity in Sn-based solder and thus is

impervious to coarsening. A fine, uniform dispersion of

particles was obtained by imposing a magnetic field

during the solidification process. The composite solder

made by adding 2.5 wt.% of Fe powders to pure Sn

exhibited ~60–100% higher ultimate tensile strength

than the dispersion-free solder materials. More

importantly, its creep resistance at 100�C showed an

increase by a factor of 20. Fe particles reinforced

eutectic Sn-Bi composite solder exhibited 10% higher

tensile strength and five times improvement in creep

resistance under similar conditions.

Fig. 5 Scanning electron
microscope secondary
electron images depicting the
as-fabricated microstructure
of Sn-Ag eutectic solder joints
with (a) Cu reinforcement,
(b) Ag reinforcement, and (c)
Ni reinforcement, which were
mechanically added. In (a) a
petal-like layer of CuSn IMC
with a light appearance
surrounding the dark
appearing Cu particles added.
In (b) the added Ag particles
have a gray appearance and
are surrounded by a thin layer
of light appearing Ag3Sn. The
Ni particles added in (c)
appear dark and are
surrounded by light appearing
Cu-Ni-Sn intermetallics
(After F. Guo et al., Refs. [40,
41], 2001)
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Results of creep testing performed on Sn-Ag com-

posite solder joints containing 20 vol.% Cu6Sn5 parti-

cles introduced by the in-situ method in as-fabricated

and pre-aged conditions for 100 h at various tempera-

tures, have been reported by Subramanian et al.,

and Choi et al. [29, 43]. Figure 8 illustrates creep

behavior of the composite solder joints in as-fabricated

and pre-aged condition along with data of eutectic Sn-

Ag solder joints from Darveaux et al., and McDougall

et al. The 20 vol.% in-situ Cu6Sn5 particle reinforced

composite solder has about two to three orders of

magnitude better creep resistance as compared to non-

composite solder at room temperature and lower

strain-rates, representing conditions that will exist

during lower temperature extreme in a thermo-

mechanical cycle. Although aging reduces the creep

resistance of these solders, the composite solder pos-

sesses better creep resistance as compared to the non-

composite solder even under aged conditions. At

higher temperatures and higher strain rates region, the

composite solder approaches the non-composite solder

in creep behavior. At higher temperatures, the ability

of dislocations to climb over particles is apparently fast

enough to render the particles as ineffective dislocation

barriers. At lower temperatures, the time needed for a

dislocation to climb around a particle (for a given

stress) is much longer, so the creep resistance is sig-

nificantly improved.

Choi et al. have performed constant-load creep tests

on composite solder joints containing 20 vol.% in-situ

Cu6Sn5, Ni3Sn4, and FeSn2 reinforcement particles

[44]. Figure 9 compares the normalized creep behavior

of eutectic Sn-Ag and each composite solder joint,

earlier creep data obtained from cyclic creep testing,

and the data of Darveaux and Banerji [45]. For the

eutectic Sn-Ag solder joints, the activation energy for

creep was determined to be 60 kJ/mol, which is about

half the activation energy for tin self-diffusion. This

suggests that grain boundary or dislocation pipe dif-

fusion may control deformation of Sn-Ag eutectic

solder joints. A value of 120 kJ/mol was found in

composite solder joints containing Cu6Sn5 or Ni3Sn4
reinforcements, but only 38.5 kJ/mol for composite

solder joints with FeSn2 reinforcements. Figure 9

Fig. 6 Scanning electron
microscope secondary
electron images depicting the
thermally-aged
microstructure of Sn-Ag
eutectic solder joints with (a)
Cu reinforcement, (b) Ag
reinforcement, and (c) Ni
reinforcement, which were
mechanically added. The
solder joints were aged at
150�C for 500 h (After F. Guo
et al., Refs. [40, 41], 2001)
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Table 1 Contact angle
measurements of Eutectic Sn-
Ag Solder and 20 vol.% in-
situ Cu6Sn5 Reinforced Sn-Ag
Composite Solders on a
copper substrate (After K.N.
Subramanian, Ref. [29], 1999)

Contact angle measurement Specimen Actual contact angle

Composite Sn/Ag solder 5-disk stack disk radius = 1500 lm
disk thickness = 165 lm

# 1 16.62, 17.15
# 2 21.17, 19.55
Average 18.63

Eutectic Sn/Ag solder 5-disk stack disk radius, = 1500 lm
disk thickness = 190 lm

# 1 18.52, 19.35
# 2 19.67, 19.62
Average 19.29

Fig. 7 Scanning electron
microscope secondary
electron images depicting the
multiple reflowed
microstructure of Sn-Ag
eutectic solder joints with (a)
Cu reinforcement, (b) Ag
reinforcement, and (c) Ni
reinforcement, which were
mechanically added. The
solder joints were reflowed
three times at 280�C with a
total time of about 30 s above
the melting point of eutectic
Sn-Ag (MP = 221�C) (After
F. Guo et al., Refs. [40, 41],
2001)

Table 2 Average wetting
angles of metallic particle
reinforced composite solders,
along with Eutectic Sn-Ag
Solder, and Sn-Ag In-Situ
composite solders after four
reflows on a copper substrate
(After F. Guo et al., Refs. [41,
42], 2001/2000)

Solders Methods M-Mech.
I- in-situ

Average wetting
angle after four reflows
on Cu substrate

Eutectic Sn-Ag Solder paste N/A 10.5�
Cu particle reinforced composite solder M 47.3� (15 vol.%)

18.0� (6 vol.%)
Ag particle reinforced composite solder
(15 vol.% Ag)

M 21.1�

Ni particle reinforced composite solder
(15 vol.% Ag)

M 12.5�

In-situ Cu6Sn5 Reinforced composite solder
(20 vol.% Cu6Sn5)

I 17.6�
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shows that Sn-Ag composite solder joints typically

exhibit the same properties as Sn-Ag eutectic solder

joints at elevated temperatures, but not at lower tem-

peratures. Cu6Sn5 and Ni3Sn4 composite solder joints

appear to be weaker at room temperature, while FeSn2
composite solder joints are effectively stronger than

the eutectic solder joints at equivalent normalized

stresses.

Data from Choi et al.’s prior work [43] on the same

in-situ Cu6Sn5 composite solder joints showed sub-

stantially better creep resistance even under pre-aged

conditions as shown in Fig. 9a. These data points were

obtained by unloading the specimen to obtain micro-

graphs of a particular scratch placed on a solder joint to

quantify the shear displacement. Recovery that can

occur during these periods of interrupted unloading

apparently reduce the mobile dislocation density

available for deformation on reloading the sample.

A summary of the creep properties of composite

solders reinforced with Cu, Ag, and Ni metallic ele-

ments introduced by mechanical mixing methods is

given in Table 3, as are eutectic Sn-Ag and in-situ

Cu6Sn5 composite solders for comparison [42, 46, 47].

Solder joints made with Cu-particle reinforced com-

posite solders are noted to exhibit a lower steady-state

creep rate at all testing temperatures compared with

Ag-particle reinforced composite solder joints. The

creep behavior of the Ag-particle reinforced composite

solder joints is comparable to eutectic Sn-3.5Ag solder.

Ni-particle reinforced composite solder joints are

about five times more creep resistant than composite

solder joints reinforced with Cu, and about 30 times

better than eutectic Sn-Ag and composite solder rein-

forced with Ag. Even at 105�C, the Ni-reinforced

composite solder joints were stronger than Cu and Ag-

reinforced composite solder joints.

3.2.3.2 The strain at the onset of tertiary creep The

strain at the onset of tertiary creep is another

important parameter investigated besides the steady-

state creep behavior. As indicated in Table 3, eutectic

Sn-Ag solder joints exhibited a significantly higher

strain for the onset of tertiary creep than all the

composite solder joints tested. Among the composite

solder joints, the tertiary creep of in-situ Cu6Sn5
composite solder joints occurred at strain value

comparable to eutectic Sn-Ag solder joints. The rel-

atively higher strain value required for the onset of

tertiary creep observed in in-situ Cu6Sn5-reinforced

composite solder joints is attributed to the weak

interfacial bonding between Cu6Sn5 particles and the

solder matrix identified from nano-indentation tests

[48]. It was concluded that the weak interface of

uniformly distributed Cu6Sn5 particles in the solder

matrix provided multiple initiation sites for deforma-

tion throughout an entire solder joint. This condition

promoted homogeneous deformation, leading to the

observed higher ductility of in-situ composite solders

as compared to composite solder joints prepared by

mechanical mixing.

3.2.3.3 The SGL parameter Use of reinforcement

particles did provide a viable means to improve the

creep properties and service temperature capabilities

of solders. However, neither the steady-state creep

rate, nor the strain at the onset of tertiary creep, can be

used as an independent criterion to evaluate the creep

properties of a solder joint, nor can they be used to

predict service life. Guo et al. recently proposed a

so-called ‘‘SGL parameter’’ for reliability predictions

of composite solder joint based on their creep prop-

erties [49]. The SGL parameter can use the local
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conditions, in addition to the global conditions, for

reliability predictions. The aim of creating the SGL

parameter is to find a single criterion so that creep

properties of a solder joint (not bulk solder) can be

assessed accordingly. Both steady-state creep rate and

strain for the onset of tertiary creep, as well as their

relation to the applied stress are taken into account

when this parameter is established. The definition of

the SGL parameter is

PSGL ¼ eIII
_e

� rm�n;

where eIII is the strain for the onset of tertiary creep

(note: the strain at failure for solder joint was not
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used), _e is the steady-state creep rate, r is applied

stress, m is the stress exponent in Norton’s equation,

and –n is the stress exponent relating the time at the

onset of tertiary creep and the applied stress. This

parameter can be comprehensively used to determine

which solder material has better creep property in the

joint configuration. Therefore, the single SGL param-

eter proposed, provides a means for lifetime predic-

tions of solder joints under realistic service condition,

provided the failure is dominated by creep.

4 Problems and solutions—newly emerged lead-free

composite solders

Several novel types of composite solders have emerged

based on various difficulties and problems encountered

in conventional composite solder research. Different

processing methods and choices of reinforcements

have been selected in an effort to tackle the problems.

4.1 Nano-sized particle reinforced composite

solders

As the development of nano technology has become

active lately, various nano-sized particles were chosen

as reinforcements in producing composite lead-free

solders. The nano-sized particles were added in the

hope that they could possibly be more effective, as

compared to the micron-sized reinforcements, in the

way they key the grain boundaries if they are located at

the Sn-Sn grain boundaries so as to serve as obstacles

to dislocation motion as well as the grain boundary

diffusion during creep.

Inspired by earlier studies adding stiffer materials to

conventional solder alloys to enhance their perfor-

mance, Zhong et al. recently reported the synthesis of

high strength lead-free composite solder materials

using nano Al2O3 as reinforcement [50]. Powder

metallurgy was used to synthesize the Sn-based

(91.4Sn-4In-4.1Ag-0.4Cu) composite solders contain-

ing different volume fractions of nano-sized alumina

particulates. The emphasis was placed on the effects of

increasing presence of nano Al2O3 reinforcement and

variation in extrusion temperature on the microstruc-

ture, physical, and mechanical properties of the solder

alloy matrix. The composite solders exhibited lower

density values and CTE values compared with the

unreinforced solder matrix. The presence of nano

Al2O3 particulates assisted in increasing both the

0.2%YS and UTS of the solder matrix all extrusion

temperatures employed.

In another recent research, nano-sized Ag rein-

forcement particles were incorporated into a promising

lead-free solder, Sn-0.7Cu, by mechanical means in an

effort to improve the comprehensive property of the

Sn-0.7Cu solder [51]. This investigation was aimed at

developing a series of composite solders with improved

mechanical, especially creep, properties, using a cheap

base materials and very small amount of reinforcement

additions. Ag particles, though relatively expensive,

were recognized as good reinforcements because of

their non-coarsening nature in the solder due to their

low inter-diffusion characteristics with Sn at service

temperatures [40]. Under such considerations, the low

cost advantage of the Sn-0.7Cu solder and its process-

ing properties are expected to retain in the composite

solders. Experimental results indicated that the

composite solders and their joints showed better wet-

tability, mechanical properties, as well as longer creep-

rupture lives than Sn-0.7Cu solder. The composite

solder with 1 vol.% Ag reinforcement addition exhib-

ited the best comprehensive properties as compared to

the composite solders with other reinforcement volume

Table 3 Summary of creep properties of Eutectic Sn-Ag and composite solders prepared by In-Situ and mechanical mixing methods
(After F. Guo et al., Refs. [42, 46, 47], 2000/2001)

Solders Steady-state creep rate (S–1) (at 17 MPa
nominal stress)

Average strain for the
onset of tertiary creep
(at 17MPa)

Methods M-Mech.
I-in-situ

25�C 65�C 105�C

Sn-3.5Ag solder paste 2.62 · 10–5 1.50 · 10–4 1.90 · 10–3 0.54 –
Cu particle reinforced
composite solder (15 vol.% Cu)

4.07 · 10–6 2.03 · 10–5 3.95 · 10–4 0.08 M

Ag particle reinforced
composite solder (15 vol.% Ag)

1.91 · 10–5 8.37 · 10–5 1.80 · 10–3 0.19 M

Ni particle reinforced
composite solder (15 vol.% Ag)

8.02 · 10–7 1.08 · 10–5 1.54 · 10–4 0.11 M

In-situ Cu6Sn5 reinforced
composite solder (20 vol.% Cu6Sn5)

7.6 · 10–6

(25 MPa)
85�C 125�C 0.45 I
9.8 · 10–5

(13 MPa)
5.8 · 10–4

(12 MPa)
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fractions. Significant enhancement of the creep-rupture

lives were found in the the 1 vol.% Ag reinforced Sn-

0.7Cu based composite solder joints under different

stress and temperature combinations as compared to

the Sn-0.7Cu solder joint.

4.2 Lead-free solders reinforced with shape

memory alloys

In response to damage accumulation existed in the

above traditional particle reinforced composite solder

joints, Dutta et al. reported their recent research effort

in developing ‘‘smart’’ or ‘‘adaptive’’ solder alloys

reinforced by NiTi shape-memory alloy (SMA) parti-

cles [52]. Such efforts were reported earlier by Silvain

et al. of incorporating NiTi SMA particles into SnP-

bAg matrix, in which they have shown that the concept

of incorporating SMA particles into solder alloys can

improve thermo-mechanical characteristics of the

solders [53, 54]. The purpose of such composite

approach was to fabricate NiTi particulate-containing

solder alloys with the objective of exploiting the

superelastic properties of austenitic NiTi (i.e., its abil-

ity to sustain large recoverable strains) to reduce the

stresses in the solder matrix immediately adjacent to

the reinforcements. Significant efforts were focused on

processing issues related to incorporating NiTi rein-

forcements in the solder, which has been very difficult

because of the poor wetting between NiTi and solder.

Copper coated NiTi SMA particles were incorporated

into Sn-3.8Ag-0.7Cu lead-free solder paste in order to

improve the mechanical performances of its solder

joint, reported by Fouassier et al. [55], at the same time

to improve bonding between the reinforcement and the

solder matrix. It has been noted that the wetting

characteristics deteriorate with time and temperature

exposure to the solder melt because of dissolution of

the coating [54]. This suggests that the coating

approach may not be suitable for microelectronic

applications, where multiple reflows are common.

Dutta et al. successfully fabricated a composite solder

paste from which adaptive solders with a uniform dis-

tribution of about 5 vol.% of NiTi particulates may be

produced [52]. The phase transformations occurring in

NiTi were observed to reduce the inelastic-strain range

to which a NiTi solder joint is subjected by ~25%,

without enhancing the resultant stress range (i.e.,

without making the joint stiffer). The TMF experi-

ments, in conjunction with DSC studies, clearly estab-

lished that the M fi A transformation occurring in the

NiTi fiber during the heating segment imposes a shear

strain opposite in sense to the applied shear stress on

the solder joint. Similar inelastic strain range reduction

was also reported for SMA wire reinforced Sn-3.5Ag

composite solder [56].

4.3 Development of nano-structured lead-free

solder materials

In the typical composite solder fabrication process

when intermetallic particles or metallic particles are

incorporated as reinforcements, size of the IMC rein-

forcements realized by both these methods tends to be

several microns. In addition, IMC reinforcements tend

to coarsen during service and deteriorate their effec-

tiveness. Service performance improvements achieved

by IMC reinforcements tend to be varied depending

on the type of the IMC reinforcement, method used

to incorporate, such reinforcements, and their

coarsening kinetics during service. As a consequence

IMC particulate reinforced composite solders have not

been implemented in the actual electronic solder

interconnects.

In another composite approach when inert particu-

lates are introduced to the solder matrix, one problem

with this methodology is the agglomeration of the

reinforcements. During the reflow process the partic-

ulates become large clusters with pores. Attempts such

as mechanical working by rolling to break up and dis-

perse these agglomerated particulates have been tried

with associated problems of interface cracking between

the reinforcements and the matrix [19]. Another seri-

ous problem associated with incorporation of such

inert reinforcements is lack of any chemical bonding

between the reinforcement and the solder matrix,

which makes them not very effective to enhance the

service performance. These extra manufacturing steps

increase the cost of the solder. Also these methods are

applicable for making solder preforms only, and thus

limiting its viability. As a consequence such composite

solders with inert reinforcements have not been

implemented in practice.

In microelectronic applications, as the current den-

sity increases, the migration of ions between electrodes

results in void formation which cause failure of the

solder joint [57, 58] Similar issues in computer industry

have been successfully tackled by incorporation of

copper atoms in the grain boundaries of aluminum

lines [59–61]. However, there is no known solution for

the same problem in the case of lead-free solders.

Therefore, a need for solders with sub-micron rein-

forcements becomes a necessity. These sub-micron size

reinforcements when present at the grain boundaries

can minimize grain boundary sliding, the predominant

mode of TMF damage that occurs during the high
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temperature dwell in a TMF cycle, by keying the grain

boundaries.

In order to provide possible solutions to the above

stated problems associated with composite solder

development, Lee et al. has incorporated surface

active, inert reinforcements in the solder matrix [62].

Such an approach will facilitate the initial bonding of

reinforcement with the matrix during reflow, and leave

the inert particulates from reacting with matrix any

further. The nano-structured materials technology of

polyhedral oligomeric silsesquioxanes (POSS�), with

appropriate organic groups, can produce suitable

means to promote bonding between nano- reinforce-

ments and the metallic matrix. Figure 10 shows a rep-

resentative 3-D structure of such molecular level

reinforcement. In the microstructural analysis of the

POSS� reinforced Sn-3.5Ag composite solder, shown

in Fig. 11, the sub-micron-size (about 50 nm) POSS

particulates were visibly well dispersed and were

present in higher concentration along the grain

boundaries. The results of mechanical and thermo-

mechanical study on the POSS�-solder composites

with various POSS� additions validated the concept of

using surface active, inert nano-structured chemical

rigid cages for pinning the grain boundary of solder

alloys, which lead to enhanced mechanical perfor-

mance at elevated temperatures and improved service

reliability. An example of shear strength improvement

in the POSS� reinforced Sn-3.5Ag solder joints is given

in Table 4.

5 Summary

Use of dispersoids is a viable means to improve the

properties and service temperature capabilities of sol-

ders to be utilized in microelectronic packages and

assembles. Composite approaches can provide

improvements without significantly affecting current

solder-joint fabrication practices. Dispersoids must be

compatible with the solder matrix material and remain

relatively stable when solder joints are in service.

Reinforcement materials can be introduced to the

solder by either in-situ methods or by converting

mechanically-mixed elemental metallic particles into

stable intermetallic compounds. The conversion into

intermetallics occurs due to a chemical reaction when

the solder is molten during solder joint formation or

during reflow. The presence of dispersoids aids in sta-

bilizing solder-joint microstructures by retarding the

aging process. All dispersoids tend to improve solder

creep strength by several orders of magnitude. An

ideal dispersoid should enhance solder ductility with-

out significantly strengthening it. Since the micro-

structure of solder joints typically is highly

inhomogeneous, the deformation within a joint tends

to be highly localized. Dispersoids such as the in-situ

Cu6Sn5 particles [29] create weakly-bonded heteroge-

neities which promote the initiation of deformation at

many locations within a solder joint, resulting in

deformation which is much more homogeneous than

similar non-reinforced solders. In other words, rein-

forcements aid in improving the overall ductility of a

solder joint. These features render solder joints more

compliant by increasing their capacity to accommodate

Fig. 10 Anatomy of POSS
trisilanol for use in
modification of solders.
(After A. Lee et al., Ref. [62],
2005)

Fig. 11 The SEM image reveals the dimensions of POSS
trisilanols and their distribution in eutectic Sn-Ag matrix. (After
A. Lee et al., Ref. [62], 2005)
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stresses by relaxation while delaying the onset of ter-

tiary creep. These factors can result in a significant

enhancement of TMF resistance of solder joints.

Reinforcements introduced by in-situ methods appear

to offer the best opportunity for achieving this goal.

When the current rush to identify suitable lead-free

solder candidates to replace Pb-based solders succeeds,

attention will be focused on improving their service

temperature capabilities. It is anticipated that activities

related to lead-free composite solders will increase

dramatically since they show promise in providing

properties difficult to achieve but necessary for high

temperature applications. Although there is sufficient

evidence at present to indicate the potential of these

composite solders, they have not received sufficient

attention. The technology to produce lead-free solders

with dispersoids, either by in-situ or mechanical means

already exists. However, implementation of these sol-

ders to produce joints in large-scale manufacturing

settings still needs to be developed. Also, compatible

no-clean solder flux to be used with these composite

solders needs to be identified. These solders conve-

niently lend themselves to be utilized in either a pre-

form or paste format. Atomization techniques must be

developed to convert in-situ composite solders into a

powder form to make paste. However, in the

mechanical mixing method, the particles can be added

to the metal powder during paste making process.

These hurdles are manageable, and lead-free compos-

ite solders are likely to gain initial importance for

solder joints that experience harsh environments, and

then perhaps move globally to provide enhanced fati-

gue resistance in high-reliability applications.
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Abstract The European requirement for lead-free

electronics has resulted in higher soldering tempera-

ture and some material and process changes. Tradi-

tional tin–lead solder melts at 183�C, where as the most

common lead-free alternatives have a much higher

melting temperature—tin–copper (227�C), tin–silver

(221�C) and tin–silver–copper (217�C). These have

challenged the ingenuity of the materials and process

engineers. This chapter will explore some of the issues

that have come up in this transition, and which these

engineers have understood and addressed. As we enter

the lead-free era, we see changes as printed wiring

board (PWB) substrates which were designed for lower

soldering temperatures are being replaced by newer

materials. Factors such as glass transition temperature

(Tg), decomposition temperature (Td) and coefficient

of thermal expansion must be considered. Many elec-

tronic components are made for lower peak tempera-

tures than those required by the new solders. Solder

flux chemistries are changing to meet the needs of the

new metal systems, and cleaning of flux residues is

becoming more of a challenge. Finally, there is a po-

tential reliability problem—an increased potential for

the growth of conductive anodic filament (CAF), an

electrochemical failure mechanism that occurs in the

use environment.

1 Introduction

The age of lead-free soldering for electronics is upon us.

Legislators in the EuropeanUnion have demanded this,

with fewexceptions.Whilemuch researchhas beendone

on the reliability of the new solder systems, little has

been said about the other materials which are affected.

This chapter will review the questions and issues that

must be understood relative to printed wiring substrate

materials, soldering fluxes and pastes, the soldering

process itself, the cleaning materials, and the changes

that must take place because of the higher soldering

temperatures required for most lead-free alternatives.

2 Alloy selection

The solder alloys most commonly used for electronics

assembly contain tin (Sn) and lead (Pb) with a standard

eutectic composition being Sn63Pb37. Compared to the

tin–lead solder alloy, most lead-free alloys melt at much

higher temperatures, while only a few melt at lower

temperatures. Some solder replacement candidates are

eutectic alloys melting at a single temperature, while

others are non-eutectic alloys that melt over a tem-

perature range. Table 1 lists the melting point or range

for Sn/Pb eutectic compared with the other major alloys

selected by most companies as the replacement.

3 Thermal processing requirements

Most lead-free alloys under investigation melt at tem-

peratures that are 30–40�C higher than that of eutectic

Sn/Pb solder. Several issues become important when
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these higher soldering temperatures are used. These

include the effect of these higher temperatures on

components, soldering flux or paste chemistry, clean-

ing, and substrate material properties.

3.1 Printed wiring boards

Traditionally, FR-4 epoxy/glass boards have been used

as the workhorse in the industry. Difunctional bromi-

nated epoxy-glass resins have a glass transition (Tg)

temperature of 125–135�C. The poly functional epoxy

has a Tg of 140–150�C, and the high temperature, one-

component epoxy system has a Tg of ~ 180�C. Newer

board materials [1] for lead-free soldering include FR-

4 with phenolic (Tg 180), modified FR-4 (Tg 190–220),

polyimide (Tg 250), polyphenylene oxide (Tg 180),

polyphenylene ether (Tg 180) and others. The higher

soldering temperatures required by lead-free processes

may necessitate the use of a higher Tg laminate in most

applications. These other substrate materials are

available, but cost more and have other electrical and

mechanical properties which provide renewed chal-

lenges.

Another property of the laminate that must also be

considered is the decomposition temperature (Td), a

measure of the actual chemical physical degradation of

the substrate system. Measured using a thermograva-

metric analysizer (TGA) Td is defined as the temper-

ature at which 5% of the mass of the sample is lost to

decomposition [2].

The soldering process creates a difference in the

expansion of the materials due to differences in their

coefficient of thermal expansion (CTE). This is the

fractional increase in length per unit length, over the

temperature excursion range required for lead-free

soldering. It is usually expressed as ppm/�C or 10–6/

K. The higher temperatures exacerbate those differ-

ences.

An electronic assembly contains a number of dif-

ferent components. The laminate is usually a com-

posite of polymer and e-glass. This creates a material

which is constrained in the X-Y direction (CTE

15–18), and thus expands in the Z direction upon

heating (CTE-45–60). The base metallization on the

board is copper (CTE-17), and this is also used in

plating holes and vias. The silicon chip with a CTE

of 2.6 may be packaged in an hermetic ceramic

package (CTE 4–8) or a non-hermetic plastic pack-

age using epoxy molding compound (CTE 14–20).

Alloy 42 which is used to connect the device elec-

trically to the board has a CTE of 43. If the device is

packaged as a BGA or micro-BGA, the CTE of the

alloy can range between 20 and 30. Often an

Underfill is used to mitigate the CTE mismatch be-

tween the chip, the package and the board. The

underfill CTE is designed to match that of the solder.

Table 2 lists the CTE of a few of the many materials

that become part of the electronic assembly. It is

clear that there are a number of thermal stresses that

take place during the manufacturing process and that

the higher soldering temperatures for lead-free

soldering exacerbate these stresses. An increased

scrap rate can be caused by board warpage, delami-

nation, and material degradation.

Higher process temperatures will result in an in-

creased scrap rate of FR-4 epoxy-glass printed wiring

boards due to board warpage, delamination and

material degradation (charring). In addition, boards

processed at higher temperatures are prone to con-

ductive anodic filament failure (CAF). In many cases

new chip carrier materials will be required.

Table 1 Melting temperature of SnPb and Pb-free solder alloys

Alloy Melting point (�C)

Sn–Pb37 183
Sn–Ag3.8–Cu0.7 217
Sn–Ag3.0–Cu0.5 217–220
Sn96.2Ag2.5Cu0.8Sb0.5 216
Sn–Cu0.7 227
Sn–Cu0.7 + Ni 227
Sn–Ag3.5 221
Sn–Zn9.0 198.5
Sn–Bi58 138

Table 2 Coefficient of thermal expansion values for a number of
materials used in electronic assemblies

Material Coefficient of thermal
expansion ppm/�C

Copper [3] 17
Alloy 42 [4] 4.3
Lead [3] 29
Sn [5] 23.5
Sn63Pb37 [6] 21.6–28.9
Sn98.8Cu0.7Sb0.5 [6] 17.4–22.1
Sn95.5Ag3.8Cu0.7 [6] 17.6–18.8
Sn96.2Ag2.5Cu0.8Sb0.5 [6] 26.9
Sn96.5Ag3.5 [7] 20.2–22.9
Sn99.3Cu0.7 (Nihon Superior,
private communication)

26.5

Alumina [3] 7
Silicon [3] 2.6
Epoxy molding compound [3] 14–20
Ceramic [8] 4–8
Underfill 20–29
Laminates [9] X, Y axis Z axis
Epoxy/e-glass 15–18 45–60
Polyimide/e-glass 15–18 45–60
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Engelmaier [10] has proposed a Soldering Temper-

ature Impact Index (STII) to take into account the

relative effect of these factors.

STII ¼ ðTg þ TdÞ=2�% Z-axis expansion ðDTÞ

where DT represents the temperature excursion during

the soldering process (50–260�C). Engelmaier proposes

a minimum index of 215 for lead-free applications.

Table 3 gives an example of eight commercially avail-

able substrate materials. It can be seen that the mate-

rials A, B, C and E fall below this value and would not

be suitable for lead-free applications.

Material A and B have significantly different index

values because of the improved Td for material B.

Material C has a low Tg but a high Td, while Material E

has a high Tg but poor Td. In both cases, this leads to a

low STII. Material D’s low Z-axis expansion and F’s

higher Td make these the highest rated materials.

Kelley [6] notes that materials that have high Td values

survive more thermal processing cycles.

Plated through holes, and vias become a concern as

well [11]. New laminate materials make processing

more difficult. In addition, it is more difficult to plate

the small vias used in today’s electronics. One material

supplier [12] has defined the difficulty factor in plating

vias as:

Difficulty Factor ¼ L2=D

where L is the board thickness andD is the diameter of

the hole.

Another factor is the thickness of the copper in the

hole or via. A minimum of 25 microns is essential to

insure that the via or barrel does not completely dis-

solve during the soldering process since the lead-free

alloys are high Sn materials and Cu dissolves in this

rapidly. Also, the thicker the multilayer board, the

greater the stress on the plated holes during the sol-

dering cycle, especially in the z-direction.

3.2 Surface finish

There are several laminate surface finishes available

for lead-free applications. These include organic solu-

bility preservatives (OSP), immersion silver, electro-

lytic nickel/gold, electroless nickel/immersion gold

(ENIG), and immersion tin. The surface finish chosen

should be compatible with the soldering flux.

3.3 Flux chemistry

Soldering [13] is defined as the process of joining

metallic surfaces with solder without the melting of

the basis metal. In order for this joining to take place,

the metal surfaces must be clean of contamination and

oxidation. This cleaning action is performed by the

flux [2] a chemically active compound which, when

heated, removes minor surface oxidation, minimizes

oxidation of the basis metal, and promotes the for-

mation of an intermetallic layer between solder and

basis metal.

Solder fluxes and pastes have gone through signifi-

cant evolution since the early 1980s. Before then, sol-

dering fluxes were traditionally rosin-based and they

conformed to military specifications and nomenclature:

R—rosin, RMA—rosin mildly active, RA—rosin

active and RSA—rosin super activated. The activation

levels were determined by an extract resistivity test

among others. There were also water soluble fluxes

used for some applications. In the past, most fluxes

contained 25 to 30% solids. Today, new flux formula-

tions use weak organic acids and have much lower

solids content (1.5–5 %). These low residue fluxes are

often not cleaned—thus the term No Clean Flux. In

North America about 70% of the fluxes are not

cleaned, 25% are water soluble and 5% are rosin based

for military applications [14].

The IPC J-STD-004 [15] for soldering fluxes defines

a series of test that are to be used to characterize

fluxes. These tests are designed to evaluate the corro-

sive characteristics of the flux and the flux residues.

Fluxes are then defined by their main constituent un-

der one of four categories: R0—Rosin, RE—Resin,

OR—Organic, and IN—inorganic. They are further

categorized as: L—low flux or flux residue activity,

M—moderate flux or flux residue activity and H—high

flux or flux residue activity with zero or one being

added to identify whether halide has been added to the

flux. Thus, an ROL1 flux is a rosin, low-activity flux

which contains some halide ( < 0.5%).

The role of the flux is to remove oxides and other

contaminants on the metal surfaces to be soldered. The

flux contains several ingredients:

Table 3 Comparison of the thermal property values of eight
commercially available laminate materials, with the calculated
value of their soldering temperature impact index (STII)

Material Tg�C Td �C % Z-axis Expansion STII

A 140 320 4.4 186
B 142 350 4.3 203
C 150 345 3.4 211
D 170 345 2.7 231
E 172 310 3.4 208
F 175 350 3.2 231
G 180 350 3.2 226
H 180 350 3.5 222
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• Activators—react with and remove the metal oxi-

des.

• Vehicle—coats the surface to be soldered, dissolves

the metal salts produced when the activator reacts

with the oxides, and provides a covering for the

cleaned metal surface to prevent further oxidation

until soldering takes place.

• Solvent—dissolves the activators and vehicle and

deposits them uniformly on the board and compo-

nent surfaces.

• Special additives—rheological agents and other

special ingredients are added to fluxes used in sol-

der pastes, paste flux, and cored wire flux.

The flux becomes active as it is heated. In traditional

flux chemistry for Sn/Pb solder, the assembly is pre-

heated to around 100–125�C to remove the solvent and

begin to activate the chemicals used to remove the

metal oxide. After this plateau, the temperature is in-

creased above the melting point of the solder (183�C)
to 240�C for sufficient time to reflow the solder paste,

and then the assembly is cooled, solidifying the solder

and creating a metallurgical bond between the board

metallization and the components. For lead-free sol-

dering the preheat plateau temperature is higher –

150–200�C – and the peak temperature is 245–260�C.
This requires solvents that evaporate at a higher tem-

perature, and activators that become chemically active

at a higher temperature. In addition, new activators are

needed to address the new metallurgy on board sur-

faces, and new lead-free solders containing Ag, Cu and

much higher levels of Sn.

3.4 Cleaning

For some applications, the removal of the solder flux

residues is essential, e.g. before conformal coating, or

for reasons of reliability. In the 1970s chlorinated sol-

vents such as perchloroethylene, trichloroethylene and

methyl chloroform were used to remove flux residues.

When they became suspect as potential carcinogens,

the chlorofluorocarbon (CFC) based solvents became

prominent, and surfactant based water cleaning pro-

cesses were used. The elimination of CFCs in 1994 let

to the prominent use of low solids/no clean fluxes.

Water soluble fluxes were cleaned with water, and

surfactants and semi-aqueous solvents were used to

remove rosin or resin flux residues. The challenge for

cleaning in the lead-free era comes from the higher

soldering temperatures that create residues that are

more difficult to remove. New cleaning agents are

being developed to address these issues.

3.5 Components

In manufacturing complex, printed wiring assemblies

(PWAs), the thermal process chosen must take into

account the thermal mass of the assembly, the com-

ponent density, the solder flux/paste characteristics,

and the maximum temperature limitation of the com-

ponents. Most of the components assembled to the

board in the soldering process, have a maximum tem-

perature of 240�C for traditional Sn/Pb soldering.

Some electronic components, such as electrolytic

capacitors and plastic-encapsulated components are

not rated to experience the high temperatures required

to process with lead-free solders. The resulting heat-

induced degradation can result in early field failures.

Also, the higher temperatures required for lead-free

solders are not compatible with many optoelectronic

components. The increased heat can cause a variety of

conditions with these components, among them: elec-

trical variances, changes in silver-epoxy die attach

properties, delamination between plastic and lead-

frame parts, deformation of plastic encapsulants and

plastic lenses, damage to lens coatings and changes in

the light transmission properties.

IPC/JEDEC [16] has developed a recommended

reflow profile for nonhermetic packaged semiconduc-

tor components. These are based on the temperature

taken at the top-side of the packaged device. These

recommendations are based on package volume

excluding external leads, or solder balls in the case of

ball grid arrays (BGAs), and non-integrated heat sinks.

Table 4 lists the recommended range for Sn/Pb and Pb-

free assemblies.

The maximum recommended temperature for the

package depends on the package thickness and vol-

ume. Table 5 lists the recommended reflow tempera-

tures for Sn/Pb processing while Table 6 lists the

recommendations for Pb-free processing.

Table 4 Reflow profiles recommended for Sn/Pb and Pb-free
Assemblies based on temperatures taken on the package body

Profile feature Sn/Pb
assemblies

Pb-free
assemblies

Average ramp-up rate 3�C/s max 3�C/s max
Preheat
- Temperature min 100�C 150�C
- Temperature max 150�C 200�C
- Time 60–120 s 60–180 s
Time maintained above
melting temperature

60–150 s 60–150 s

Time within 5�C of peak
temperatgure (Tp)

10–30 s 20–40 s

Ramp-down rate 6�C/s max 6�C/s max
Time 25�C to Tp 6 min max 8 min max
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4 Conductive anodic filament formation

One failure mode in printed wiring boards that is en-

hanced by the higher temperatures needed for lead-

free soldering is conductive anodic filament (CAF)

formation [17]. This failure mode was first reported in

1976 by researchers at Bell Labs [18]. It involves the

electrochemical growth of a copper-containing fila-

ment subsurface along the polymer-glass interface of a

PWB, from anode to cathode. A model developed by

the Bell Labs researchers [19] in the late 1970s [20]

details the mechanism by which CAF formation and

growth occurs. The first step is a physical degradation

of the glass/epoxy bond. Moisture absorption then oc-

curs under high humidity conditions. This creates an

aqueous medium along the separated glass/epoxy

interface that provides an electrochemical pathway and

facilitates the transport of corrosion products. A close

up of this phenomenon for a real assembly is shown in

Fig. 1.

Despite the projected lifetime reduction due to

CAF, field failures were not identified in the 1980s.

More recently, however, field failures of critical

equipment have been reported [21]. Factors that affect

this failure mode are substrate choice, conductor con-

figuration, voltage gradient, and storage and use envi-

ronment. Certain soldering fluxes [22] and HASL

fluids, high humidity either in the storage or the use

environment, and high voltage gradient enhance this

failure mechanism. A recent study indicates that the

higher reflow temperatures needed for lead-free sol-

dering will result in significantly higher incidents of

CAF in the future [17].

The objective of the study was to evaluate a series of

water-soluble fluxes for their propensity to enhance

CAF and to determine the effect of reflow temperature

on the number of CAF observed. Specifically, it looked

at 201�C as the peak temperature experienced by a

PWB during wave soldering with Sn/Pb solder versus

241�C peak expected with lead-free wave soldering.

The fluxes in this study contained 20 w% of one of the

following vehicles: polyethylene glycol [PEG], poly-

propylene glycol [PPG], polyethylene propylene glycol

MW1800 [PEPG 18] and polyethylene propylene gly-

col MW2600 [PEPG26], glycerine [GLY], octyl phenol

ethoxylate [OPE] and a modified linear aliphatic

polyether [LAP] dissolved in isopropyl alcohol (IPA).

Flux formulations containing 20 w% of the different

flux vehicles were also tested with 2 w% HBr or HCl

activators, to see what effects the presence of the ha-

lide had on CAF formation.

The test boards were IPC-B-24 boards (Fig. 2)

containing four comb patterns per board. Two boards

for each flux were processed and cleaned. The coupons

were placed in a temperature humidity chamber at

85�C and 85% RH, and surface insulation resistance

(SIR) measurements were taken for all the boards at

24-hour intervals, over a 28-day period. The SIR test-

ing was done using a bias voltage and a test voltage of

100 V and the same polarity. At the end of 28 days,

each board was examined under an optical microscope

using back-lighting and the number of CAF counted.

Figure 3 shows how the CAF appears as dark shadows

originating at the anode when viewed with back light-

ing.

Table 7 shows the average SIR levels at the end of

the 28-day test for boards reflowed at 201�C and at

241�C. Most of the electrical readings were the same

for both reflow temperatures. Exceptions to that in-

clude PEG/HCl and PEG/HBr which had acceptably

high SIR readings (high 108) for the 241�C reflow

Table 5 Recommended maximum package reflow temperatures
for Sn/Pb process

Package thickness Volume < 350 mm3 Volume ‡350 mm3

< 2.5 mm 240 + 0/ – 5�C 225 + 0/ – 5�C
‡2.5 mm 225 + 0/ – 5�C 225 + 0/ – 5�C

Table 6 Recommended maximum package reflow temperatures
for Pb-free process

Package
thickness

Volume
< 350 mm3

Volume
350–2000 mm3

Volume
>2000 mm3

< 1.6 mm 260 + 0�C 260 + 0�C 260 + 0�C
1.6–2.5 mm 260 + 0�C 250 + 0�C 245 + 0�C
‡ 2.5 mm 250 + 0�C 245 + 0�C 245 + 0�C

Fig. 1 Cross section of a PWB showing CAF growing along the
epoxy/glass interface
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conditions but failed electrically ( < 106) at the 201�C
reflow temperature. Additionally, glycerine (GLY)

gave slightly lower SIR readings (high 109 vs. >1010)

under the higher temperature reflow conditions. Ta-

ble 6 also shows the total number of CAF observed on

two boards for each flux chemistry under each of the

reflow conditions.

The following observations were made:

• PEG: CAF only forms when no halide activator was

present. Also, the numbers of CAF at the lower

reflow temperature were almost twice as many as at

the higher reflow temperature. For all PEG fluxes

the SIR levels were below the value of the limiting

resistor in the circuit, i.e. 106 indicating that they

have failed the SIR electrical test, except the halide

formulations at higher reflow.

• PPG: CAF was almost non-existent at the lower

reflow temperature. But many hundreds were ob-

served for all three flux formulations at the higher

reflow temperature.

• PEPG 18: There were 13–400 · as many CAF

caused by the higher reflow temperature. At the

higher reflow temperature the halide-free formula-

tion had the largest number of CAF. At the lower

temperature the pattern was: Cl– activated > Br–

activated. None were observed for the halide free

flux.

• PEPG 26: At the higher temperature the number of

CAF followed the pattern: Cl– activated > halide-

free > Br– activated flux. At the lower tempera-

ture the number of CAF followed a different pat-

tern: Cl– activated > Br– activated. None were

observed for the halide-free flux. Also, the total

number of CAF observed at both temperatures

were significantly less than those noted for the

lower molecular weight PEPG 18 flux formulations.

• GLY: CAF is predominantly associated at the

higher reflow temperature with Cl– activated >

Br– activated > halide-free. At the lower reflow

temperature, only the Br– activated gave a few

CAF.

• OPE: At the higher reflow temperature, Br– acti-

vated flux >> halide-free > Cl– activated. At the

higher reflow temperature the number of CAF was

4–300 · as many as at the lower reflow tempera-

ture. And, at the lower reflow temperature the Cl–

activated flux performed the worst.

• LAP: At the higher reflow temperature Br– acti-

vated > Cl– activated, whereas at the lower reflow

temperature only the Cl– activated flux showed

CAF and this was less than 10 · as many as for the

higher temperature.

It is clear from the above data that the interactions

of the flux and processing temperature with the test

boards is complex and needs further study. Diffusion of

polyglycols into the PWB substrate occurs during sol-

dering. Since the diffusion process follows Arrhenius

behavior, the length of time the board is above the

glass transition temperature will have an effect on the

amount of polyglycol absorbed into the epoxy and that

will, in turn, affect its electrical properties. Diffusion

will also depend upon the specific chemistry of the flux

vehicle and its interaction with the substrate. Brous

[23] linked the level of polyglycol in a board to surface

insulation resistance (SIR) measurements. Jachim re-

Fig. 2 IPC-B-24 Test Board

Fig. 3 Using back lighting CAF appears as dark shadows coming
from the copper anode to the cathode. The spacing between the
anode and cathode is 0.5 mm

152 Lead-Free Electronic Solders

123



ported on water-soluble flux-treated test coupons that

were prepared using two different thermal profiles.

Those which experienced the higher thermal profile

exhibited a SIR level that was an order of magnitude

lower than those processed under less aggressive

thermal conditions. It is clear that the higher the sol-

dering temperature, the greater the polyglycol

absorption. Similarly, for each thermal excursion that

occurs, the bonding between the epoxy and glass fibers

is weakened due to different coefficient of thermal

expansion characteristics of these two materials.

One way of quantifying the effect of the reflow

temperature on CAF is to examine the thermal strain

(e) associated with the difference in coefficient of

thermal expansion (DCTE) between the adjacent

materials. Table 8 details that comparison for copper

versus FR-4 substrate and e-glass versus epoxy where:

e ¼ DCTE DT

It is clear from this table that the higher reflow

temperature creates a severe strain on the epoxy/glass

interface, weakening the bond and in general,

enhancing the rate of CAF formation. This explains the

much higher level of CAF observed for the higher re-

flow temperature.

Higher board processing temperatures result in in-

creased numbers of CAF for most of the fluxes tested.

The 241�C peak temperature represents the wave sol-

dering peak temperature for a typical lead-free solder

alloy. Reflow temperatures for solder pastes will be

even higher.

5 Summary

The move to lead-free electronics involves a number of

material and process issues which are being addressed.

These issues are driven by the higher soldering tem-

peratures required for most lead-free solders. Tradi-

tional tin–lead solder melts at 183�C, where as the most

common lead-free alternatives have a much higher

melting temperature—tin–copper (227�C), tin–silver

(221�C) and tin–silver–copper (217�C). Other materi-

als are also affected. These include the printed wiring

board substrate, the components, the flux and cleaning

chemistries, among others.

A failure mode in PWBs that is enhanced by the

higher soldering temperatures, conductive anodic fila-

ment formation has been described and discussed. This

failure is due to electrochemical migration in the use

environment. The enhancement related to various flux

Table 7 Comparison of SIR levels and number of CAF associated with two different reflow temperatures

Flux SIR (W)
201�C reflow

SIR (W)
241�Creflow

#CAF at
201�C reflow

#CAF at
241�C reflow

Polyethylene glycol-600(PEG) < 106 < 106 90 55
PEG/HCl < 106 High 108 None None
PEG/HBr < 106 High 108 None None
Polypropylene glycol 1200 (PPG) >1010 >1010 None 455
PPG/HCl >1010 >1010 None 379
PPG/HBr >1010 >1010 1 423
Polyethylene propylene glycol 1800 (PEPG 18) High 109 High 109 1 406
PEPG 18/HCl High 109 High 109 10 135
PEPG 18/HBr 1010 High 109 9 279
Polyethylene propylene glycol 2600 (PEPG 26) High 109 High 109 None 91
PEPG 26/HCl High 109 High 109 6 218
PEPG 26/HBr 1010 High 109 None 51
Glycerine (GLY) >1010 High 109 None 56
GLY/HCl >1010 High 109 None 583
GLY/HBr >1010 High 109 3 104
Ocyl phenol ethoxylate (OPE) Low 109 Low 109 None 83
OPE/HCl Low 109 Low 109 14 62
OPE/HBr >1010 High 109 2 599
Linear aliphatic polyether (LAP) Low 109 Not Tested None Not Tested
LAP/HCl Low 109 Low 109 15 203
LAP/HBr Low 109 Low 109 None 272

Table 8 Thermal strain (·10–6) assuming an initial temperature
of 25 �C

Material DCTE
( · 10–6/K)

e at 201�C
reflow

e at 241�C
reflow

Cu/FR-4 2 352 432
e-glass/epoxy 15 2640 3240
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chemistries has been described. While the CTE mis-

match between epoxy and glass place stress on the

board, further work is in progress to understand the

complicated flux interactions.
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Abstract The interfacial reactions between Sn-based

solders and two common substrate materials, Cu and

Ni, are the focuses of this paper. The reactions between

Sn-based solders and Cu have been studied for several

decades, and currently there are still many un-resolved

issues. The reactions between Sn-based solders and Ni

are equally challenging. Recent studies further pointed

out that Cu and Ni interacted strongly when they were

both present in the same solder joint. While this cross-

interaction introduces complications, it offers oppor-

tunities for designing better solder joints. In this study,

the Ni effect on the reactions between solders and Cu

is discussed first. The presence of Ni can in fact reduce

the growth rate of Cu3Sn. Excessive Cu3Sn growth can

lead to the formation of Kirkendall voids, which is a

leading factor responsible for poor drop test perfor-

mance. The Cu effect on the reactions between solders

and Ni is then covered in detail. The knowledge gained

from the Cu and Ni effects is applied to explain the

recently discovered intermetallic massive spalling, a

process that can severely weaken a solder joint. It is

pointed out that the massive spalling was caused by the

shifting of the equilibrium phase as more and more Cu

was extracted out of the solder by the growing inter-

metallic. Lastly, the problems and opportunities

brought on by the cross-interaction of Cu and Ni across

a solder joint is presented.

1 Introduction

Soldering has been the key assembly and intercon-

nection technology for electronic products since the

dawn of the electronic age, and will remain so in the

foreseeable future. Solder joints have long been rec-

ognized as the weak links in electronic products, and

the reliability of each individual joint can control the

overall lifespan of an electronic product. Soldering by

definition involves the chemical reaction(s) between

the solder and the two surfaces to be joined together

[1], and consequently the importance of understanding

the chemical reactions between solders and bonding

surfaces cannot be overemphasized.

Figure 1 is a schematic illustration showing the key

elements of the solder joints in an up-to-date electronic

package. Here, the chip is connected to a ball grid

array (BGA) substrate through an array of solder

joints (flip-chip joints) with a diameter of around

90 lm. The BGA substrate is then connected to the

printed circuit board (PCB) through another array of

solder joints (BGA joints) that are one order of mag-

nitude larger in diameter. This one order of magnitude

difference in joint diameter actually translates into a

1,000 times difference in solder volume. Since the heat

transfer during soldering is not a weak function of

distance (and thus volume), the thermal histories of the

flip-chip joints and the BGA joints could be very
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different. This difference in thermal history could in

turn result in different extents of the chemical reaction,

and possibly different solidification microstructures if

both types of joints become molten during soldering.

This effect is just one of many reasons why electronic

soldering is becoming an ever more challenging

technology.

Those regions on the surface of a chip that are to be

in direct contact with the solders are the so-called un-

der bump metallurgy (UBM) regions. Copper is the

most popular choice for the surface layer of the UBM,

mainly due to its good wetting property with solders [2,

3]. In Fig. 1, Cu is selected for illustration as the sur-

face layer of the UBM, and the Ni layer beneath serves

as the diffusion barrier layer. During assembly or

normal service of the device, the Cu layer will be

consumed completely, exposing the Ni layer to the

solder. Those regions on the BGA and PCB substrates

that are to be in contact with solders are known as the

soldering pads, and the base metal of the soldering

pads is always Cu with a few rare exceptions. The Cu

base metal on the soldering pads of the BGA and PCB

substrates has to be coated with a surface finish (or

final finish) to preserve the wetting property during the

storage period before assembly. Popular surface fin-

ishes include Au/Ni, immersion Sn, immersion Ag, and

organic surface preservative (OSP). In the case of Au/

Ni, the Au layer will be dissolved into the solder

rapidly during soldering [4–15], exposing the Ni layer

below. In the cases of the other three surface finishes,

Sn, Ag, or OSP will be dissolved into the solder

(immersion Sn and immersion Ag) or be displaced

from the interface (OSP) during soldering, leaving the

Cu layer exposed to the solder. In Fig. 1, Au/Ni is used

as the surface finish for the BGA substrate, and OSP

for the PCB substrate. Summarizing all the popular

material choices for the UBM and the surface finishes,

one can expect that the most common material

sequences across a post-assembly solder joints are, Cu/

solder/Cu, Cu/solder/Ni, and Ni/solder/Ni. The Ni layer

here can be deposited by electroplating, electroless

plating, or sputtering. In the electroless process, a few

atomic percents of P are often co-deposited with Ni,

and the Ni layer is customarily labeled as Ni(P). In the

sputtering process, V is often added to the sputtering

target to ease off the Ni magnetic effect to enhance the

deposition rate, resulting in the co-deposition of one or

two atomic percents of V into the Ni layer. This type of

Ni layer is customarily labeled as Ni(V), or simply NiV.

The presence of P or V in the Ni layer do complicate

the chemical interactions between Ni and solders

[16–38], but these reactions still share enough common

features to allow a discussion of them together in this

paper.

Several good review articles for electronic solders

have been published in the past few years [3, 11, 29, 39–

44]. The intention here is not to duplicate their efforts.

The focus of this paper is to review and to present

original data on three key issues related to the inter-

facial reactions between common lead-free solders and

Ni, Cu, or Ni + Cu. The first issue is about the effect of

Ni on the interfacial reactions between solders and Cu

(Sect. 2). Recently, the formation of Kirkendall voids

during the solders/Cu reactions had been observed.

These Kirkendall voids have been attributed to being

the root cause for joint fracture during the drop test.

Chip
~90 µm

UBM

Pad

PCB

~760 µm

Pad

PadBGA substrate

Pad

Pad
Cu
Ni

Cu

BGA joint

Au

OSP

Pad

UBM
Cu
Ni

Cu

Flip-chip joint

Cu

Cu
Ni
Au

Fig. 1 Schematic drawing
showing two types of solder
joints, flip-chip joints and
BGA joints, used in
microelectronic packaging
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The addition of Ni into solders has a strong effect on

the Kirkendall voids in the solders/Cu reactions. The

second issue is related to the effect of the Cu concen-

tration in solders on the reactions between solders and

Ni (Sect. 3). The problem caused by the limited supply

of Cu, known as the solder volume effect, will also be

discussed. The third issue is about the cross-interaction

between Cu and Ni in Cu/solder/Ni sandwich joints

(Sect. 4).

2 Effects of Ni on the reactions between Sn-based
solders and Cu

Among all the binary systems, the Cu–Sn is the most

important one in many respects. Historically, Cu–Sn

alloys have been used as bronze for 6,000 years, and

soldering based on the Cu–Sn reaction for Jewellery

making has a history of over 4,000 years. Today, Cu–Sn

reaction is relied on for electronic interconnections

that involve electronic products with a total commer-

cial value second to none. It is no wonder that the Cu–

Sn reaction is probably the most extensively studied

one in binary metallic systems. Nevertheless, even for

such an important system with such a long history,

there are still many un-resolved problems. The brittle

fracture induced by the Kirkendall voids is one such

problem that recently is receiving significant attention.

2.1 Kirkendall voids formation in solders/Cu

reactions

It is well known that at temperatures greater than

50~60�C the reactions between Cu and Sn-based sol-

ders (pure Sn, eutectic PbSn, and SnAgCu, with the

exception of SnZn solders) will produce two reaction

products, Cu6Sn5 and Cu3Sn. At temperatures lower

than 50~ 60�C, only Cu6Sn5 is detected at the interface

[29]. The Kirkendall voids tend to form with Cu3Sn,

and the formation of Cu6Sn5 alone does not induce the

formation of such voids [29, 45–51]. Zeng et al. [50]

reported that a large number of Kirkendall voids

formed when electroplated Cu was reacted with

eutectic PbSn solder at 100–150�C. As shown in

Fig. 2(a), these voids located not only at the Cu/Cu3Sn

interface but also within the Cu3Sn layer. The forma-

tion of the Kirkendall voids is not limited to the

eutectic PbSn solder. The Kirkendall voids were also

reported to form when electroplated Cu was reacted

with SnAgCu solder [46], as shown in Fig. 2(b), or pure

Sn [29]. Without question, the rapid diffusion of Cu out

of the Cu3Sn layer was the major contributing factor

for the formation of these voids. It had been pointed

out that both Cu and Sn were mobile within Cu3Sn,

although the Cu flux was somewhat greater than that of

the Sn flux (three times greater at 200�C) [52].
The Kirkendall voids accompanying the Cu3Sn

growth raise serious reliability concerns because

excessive void formation increases the potential for

brittle interfacial fracture [45–47, 50]. The voids in

Fig. 2(b) had reached such a high population that they

almost aggregated into continuous regions. Such a

reliability threat is especially serious at high tempera-

ture because Cu3Sn only grows at temperatures greater

than 50~60�C. In brief, there is a need for ways to

reduce the Cu3Sn growth so that excessive Kirkendall

void formation can be avoided.

2.2 Ni addition to solders

It had been shown that Ni addition to Sn3.5Ag (3.5

wt.% Ag, balance Sn) in amounts as minute as 0.1

wt.% was able to substantially hinder the Cu3Sn

growth during soldering [53] as well as during the

sequential solid-state aging [54–57]. As shown in Fig. 3,

Kirkendall voids Cu

Eutectic PbSn(a)

Cu3Sn

Kirkendall voids Cu

SnAgCu(b)

Fig. 2 (a) Secondary electron image showing the Kirkendall
voids located within the Cu3Sn layer in the reaction between
eutectic PbSn and Cu at 125�C for 40 days [50]. (b) Secondary
electron image showing the continuously aggregated Kirkendall
voids in the reaction between SnAgCu and Cu at 125�C for
40 days [46]
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the Cu3Sn thickness remained very thin even after

aging at 150�C for 1,000 h [54]. As the growth of Cu3Sn

is the culprit for the formation of the Kirkendall voids,

the addition of Ni can therefore reduce the amount of

the Kirkendall voids. In fact, recently it had been

shown that the interfacial strength from drop test

indeed increase for solders joints with just a small

amount of Ni addition (< 1 wt.%) [56].

Figure 3 also shows that Ni addition increased the

amount of Cu6Sn5 at the interface compared to that

without Ni addition. In addition, the Cu6Sn5phase now

possessed a small amount of Ni, and became (Cu1-x
Nix)6Sn5. A close examination of Fig. 3(b) reveals that

there were two distinct (Cu1-xNix)6Sn5 regions [54].

The inner region was a dense layer of (Cu0.98-
Ni0.02)6Sn5, and the outer region was actually

composed of an aggregate of (Cu0.89Ni0.11)6Sn5 parti-

cles. The compositions noted were carefully deter-

mined by using the electron probe microanalysis

(EPMA). The space between these (Cu0.89Ni0.11)6Sn5
particles was occupied by the solder. It was proposed

that the inner region formed during the solid-state

aging period, and the outer region was the remains of

the (Cu1-xNix)6Sn5 formed during the reflow period.

This proposition was supported by the micrographs for

the as-reflow samples shown in Fig. 4 [54]. It can

be seen that Ni addition induced a thicker layer of

(Cu1-xNix)6Sn5 during the reflow stage. During the

solid-state aging, the region of the aggregate near the

Cu side was converted into the dense (Cu1-xNix)6Sn5
layer, and what was left of the aggregate showed up in

Fig. 3(b). The outer (Cu1-xNix)6Sn5 region in Fig. 4(b)

apparently served as a short cut for Sn diffusion, that

enhanced the Cu6Sn5 growth but inhibited the growth

of Cu3Sn. Consequently, the un-desirable growth of

Cu3Sn was hindered. Another possibility for the

shrinkage of Cu3Sn could be attributed to the substi-

tution of Ni into the Cu sublattice of Cu–Sn com-

pound(s), to reduce the interdiffusion coefficient [56].

The observation that Ni addition could induce a

larger amount of (Cu1-xNix)6Sn5 during reflow deserves

more attention. It is proposed that this phenomenon is

closely related to the Cu metastable solubility and the

Cu equilibrium solubility in the solder. Here, these two

types of solubility will be briefly discussed first. During

the reaction of Cu with molten solders, it is often

observed that in some regions bare Cu was in direct

contact with the molten solders without being covered

Cu
Cu3Sn

(a)  Sn3.5Ag

Cu6Sn5

4 µm

Sn rich

Cu

(Cu0.98Ni0.02)6Sn5

Cu3Sn (~1 µm)

(b) Sn3.5Ag0.1Ni

(Cu0.89Ni0.11)6Sn5

Sn rich

Ag3Sn

10 µm

Fig. 3 Backscatter electron micrographs for the Sn3.5Ag/Cu
interface (a) and the Sn3.5Ag0.1Ni/Cu interface (b) that had
been aged at 150�C for 1,000 h. [54]

Cu

Sn rich

Cu6Sn5

10 µm

Ag3Sn

(a)  Sn3.5Ag

Cu 10 µm

(b)  Sn3.5Ag0.1Ni

(Cu1-xNix)6Sn5

Fig. 4 Backscatter electron micrographs for the Sn3.5Ag/Cu
interface (a) and the Sn3.5Ag0.1Ni/Cu interface (b) after reflow
soldering at 240�C for 2 min. [54]
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by Cu6Sn5 or Cu3Sn. Under such circumstance, Cu is in

a local, metastable equilibrium with solders, and a

metastable solubility of Cu in solders will eventually be

established. According to thermodynamic arguments,

this metastable solubility is always higher than

the stable solubility of Cu in solders at the same

temperature. As had been pointed out by Laurial et al.

[29], it is the metastable solubility that determines the

dissolution rate of Cu into molten solders because

during dissolution bare Cu is in direct contact with the

solder. The metastable solubility cannot be determined

experimentally, and has to be calculated by approaches

such as the CALPHAD method [29]. As for the

equilibrium solubility, some experimental results are

available. Shown in Fig. 5 is the Sn-rich corner of the

Cu–Ni–Sn isotherm at 240�C. This isotherm is drawn

based on the previously published isotherms [19, 29,

41] and the solubility data from the Cu–Sn [58, 65] and

Ni–Sn [59] binary systems. This isotherm shows that

the addition of Ni into molten Sn can substantially

decrease the Cu solubility in Sn. While the equilibrium

solubility of Cu in Sn is sensitive to the presence of Ni,

the metastable solubility of Cu in Sn must be less

sensitive to minor Ni additions from the arguments of

the common tangent construction of the Gibbs free

energies of the phases involved. Under the assumption

that the Cu metastable solubility in Sn is indeed

insensitive to the presence of Ni, one can conclude that

the Cu dissolution rate into Sn is insensitive to the

presence of Ni. In other words, adding Ni to Sn will not

decrease the Cu dissolution flux into molten solders.

Because the Cu flux entering Sn does not decrease with

Ni addition and because the equilibrium Cu solubility

does decrease substantially with the Ni addition, the

amount of (Cu1-xNix)6Sn5 at the interface has to in-

crease as had been observed in Fig. 4.

The way Ni was introduced into the reacting system

did not seem to matter as far as hindering the Cu3Sn

growth was concerned. It had been reported that the

growth of Cu3Sn was hindered even if Ni-alloyed Cu

substrates were used. These substrates included Cu

alloyed with 6–9 wt.% Ni [60] and Cu alloyed with

15 at.% Ni [29]. This fact seems to support the view

that dissolution plays a very important role during li-

quid/solid reaction because Ni in Cu–Ni alloys must

dissolve into Sn first to function as an additive of the

solders.

3 Effects of Cu on the reactions between Sn-based

solders and Ni

According to the binary phase diagram [59], there are

three stable intermetallic compounds, Ni3Sn, Ni3Sn2,

and Ni3Sn4, in the Ni–Sn system. However, when Ni

reacted with Sn at temperatures relevant to soldering,

only Ni3Sn4 was observed [29, 61, 62]. The other two

compounds were observed only at higher tempera-

tures, outside the usual operating range of soldering

[29, 61, 62]. The reaction rate of Ni with solder is

roughly one order of magnitude lower than that of Cu,

and this is one of the reasons for Ni being a popular

diffusion barrier material [3].

By using the microstructure features of the grains, it

had been proposed that Ni was the dominant diffusing

species in Ni3Sn and Ni3Sn2, and Sn was the dominant

diffusing species in Ni3Sn4 [63]. A marker experiment

had been performed to verify if Sn was indeed the

dominant diffusing species in Ni3Sn4 [64]. In that study,

a layer of 2 lm Ti film was deposited on a Ni substrate.

The Ti layer was then patterned into 10 lm wide thin

strips to serve as the markers. As shown in Fig. 6(a),

the spacing between neighboring Ti strips was 40 lm.

The sample was then dipped into pure molten Sn at

250�C for 10 min to produce the diffusion couple

shown in Fig. 6(b). The resulting diffusion couple after

aging at 225�C for 1,000 h is shown in Fig. 6(c). From

the location of the Ti markers after aging, one can

conclude that Sn is indeed the dominant diffusing

species in Ni3Sn4.

Although the reaction between Ni and pure Sn only

produces Ni3Sn4 at temperatures relevant to soldering,

the reaction between Ni and Sn alloys with a small

amount of Cu is very complicated (see Sect. 3.1). Unfor-

tunately, the common lead-free solders recommended

by various national or international organizations all
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Fig. 5 Schematic drawing showing the Sn-corner of the Cu–Ni–
Sn isotherm at 240�C. This isotherm is drawn based on the
previously published isotherms [19, 29, 41] and the solubility data
from the Cu–Sn [58, 65] and Ni–Sn [59] binary systems
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have Cu as a minor constituent (Table 1), and the

allowance for the concentration variation for each ele-

ment is typically ± 0.2 wt.%, a customary adoption of

the practice from the eutectic PbSn solder. As will be

shown below, this ± 0.2 wt.%difference can change the

compound formed at the interface after reflow.

3.1 Uncomplicated Cu concentration effect

During the reflow of SnCu or SnAgCu solders over

those soldering pads that have the Ni, Ni(P), and Ni(V)

underlayer, the reaction product(s) at the interface are

very sensitive to the Cu concentration in the solders.

After the first report [73] of this Cu sensitivity a few

years ago, over forty papers had been published on this

subject. As summarized in Table 2, the results of these

studies as a whole are quite consistent, even though

different reflow conditions and different Ni substrates,

including Ni, Ni(P), Ni(V), or Au/Ni, had been used.

As shown in Table 2, when the Cu concentration was

low (< 0.3 wt.%), only (Ni1-yCuy)3Sn4 formed at the

interface. When the Cu concentration increased to

0.4–0.5 wt.%, both (Ni1-yCuy)3Sn4 and (Cu1-xNix)6Sn5
formed. When the Cu concentration increased above

0.5 wt.%, only (Cu1-xNix)6Sn5 formed. In a few specific

cases [28, 86, 89–91, 96, 104, 105], where the reported

results seemed to differ from the trend shown in

Table 2 at the first sight, the inconsistency in fact could

be attributed to the so-called ‘‘solder volume effect,’’

which is to be discussed in the next section.

To exclude other factors that may obscure the dis-

cussion, the reaction between a large amount of solder

and a piece of thick, high purity Ni substrate will be

examined first. Since the amount of solder was large,

one can then assume that the solder composition

remained constant during the reaction even though Cu

was being extracting out of the solder to be incorpo-

rated into the reaction product(s). In addition, since

the Ni substrate was thick, the Ni substrate was never

totally consumed. In some aspects, the system

approached the limit of classical infinite/infinite diffu-

sion couple. As shown in Fig. 7(a), the reaction prod-

uct at the interface was a continuous layer of (Ni1-y
Cuy)3Sn4 when the Cu concentration was 0.2 wt.%.

When the Cu concentration increased to 0.4 wt.%,

discontinuous (Cu1-xNix)6Sn5 particles began to form

over the (Ni1-yCuy)3Sn4 continuous layer, Fig. 7(b).

When the Cu concentration increased to 0.5 wt.%,

both (Cu1-xNix)6Sn5 and (Ni1-yCuy)3Sn4 were continu-

ous, Fig. 7(c). When the Cu concentration reached

0.6 wt.%, only a continuous (Cu1-xNix)6Sn5 layer was

present, Fig. 7(d). The crystal structures of the prod-

ucts had been verified by the X-ray diffraction (XRD)

patterns shown in Fig. 8 [73, 106]. To obtain such

40 µm10 µm 10 µm 40 µm 10 µm

NiNi Ti Ti TiNi Ni

(a)

(b)

Ti

40 µm 40 µm

(c)

Ni3Sn4

Ni 40 µm

Ni

Ti

Sn

Sn

Fig. 6 (a) Optical micrograph showing the plane-view of a Ni
substrate that had been deposited with Ti stripes as markers. (b)
Cross-sectional view of the Ni/Sn diffusion couple before aging.
(c) After aging at 225�C for 1,000 h. [64]

Table 1 Lead-free solders
recommended by various
national or international
organizations

a SnAgCu with additive(s)
b Under consideration

SnAgCu composition (wt.%) Recommending organizations

Sn-(3.5 ± 0.3)Ag-(0.9 ± 0.2)Cu NIST (ternary eutectic) [65]
Sn-(3.9 ± 0.2)Ag-(0.6 ± 0.2)Cu NEMI (N. America) [66]
Sn-(3.4~ 4.1)Ag-(0.45~ 0.9)Cu Soldertec-ITRI (UK) [67]
Sn-3.8Ag-0.7Cu IDEALS (EU) [68]
Sn-3.0Ag-0.5Cu JEITA (Japan) [69]
Sn-4.0Ag-0.5Cu –
aSn-2.5Ag-0.8Cu-0.5Sb AIM, CASTIN alloy [70]
aSn-3.5Ag-0.5Cu-1.0Zn NCMS [71]
bSn-3.0Ag-0.6Cu-0.019Ce China RoHS Standard Committee [72]
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patterns, the solders had to be etched away first by

using a proper etching solution, and the remaining

reaction products as well as the Ni substrate were then

subjected to the measurements. The amount of the

discontinuous (Cu1-xNix)6Sn5 particles in Fig. 7(b) was

too small to allow for a positive identification through

XRD, but the identity of these particles was estab-

lished by using the transmission electron microscopy

(TEM) shown in Fig. 9 [106]. The discontinuous (Cu1-x
Nix)6Sn5 particles in Fig. 7(b) and the continuous (Cu1-x
Nix)6Sn5 layer in Fig. 7(d) might have different for-

mation mechanisms. Those (Cu1-xNix)6Sn5 grains in

Fig. 7(d) formed through the direct reaction of Ni and

the solder, and accordingly these grains had a preferred

growth direction of 0001 as shown in Fig. 10 [106]. This

preferred growth direction had also been observed

during the reaction between Ni and the eutectic PbSn

solder with 0.5 wt.% Cu dopant [107]. On the other

hand, those discontinuous (Cu1-xNix)6Sn5 particles in

Fig. 7(b) did not show any preferred orientation.

To understand this strong Cu concentration depen-

dency, one needs to have the relevant phase diagram

information for the Sn–Ag–Cu–Ni system.AlthoughAg

is an important constituent controlling the solidification

microstructure of the solder itself [44, 93, 108–112], it

has been shown that Ag is inert as far as the interfacial

reaction is concerned [73, 75, 87]. Accordingly, the Sn–

Cu–Ni ternary phase diagram is sufficient for the

present purpose. The Sn–Cu–Ni isotherm had been

measured by two independent groups [113, 114], and the

results are reasonably consistent. The 240�C Sn–Cu–Ni

isotherm basing on these two studies is shown in Fig. 11.

The Sn-rich corner of this isotherm is shown in Fig. 5.

There is some evidence for the existence of a ternary

compound (Ni26Cu29Sn45, atomic percent) [115]. If

this compound is indeed stable, then the isotherm in

Fig. 11 is only a metastable isotherm [29, 41]. Never-

theless, as far as soldering is concerned, the isotherm

shown in Fig. 11 is still adequate, as results from most

soldering reaction experiments were observed to follow

the phase relationships shown in Fig. 11.

As shown in Fig. 5, the molten Sn phase (L) has a

phase boundary a–b–c, which is composed of two seg-

ments a–b and b–c. Along a–b, L is in equilibrium with

the Cu6Sn5 phase, and L is in equilibrium with Ni3Sn4
along b–c. The point b represents that L is in equilib-

rium with both Cu6Sn5 and Ni3Sn4. As indicated by the

dash line passing through b, b has a Cu concentration

of about 0.4 wt.%. In other words, when the Cu con-

centration in the solder is 0.4 wt.%, this solder is in

equilibrium with both Cu6Sn5 and Ni3Sn4. This

explains why both these two phases form as shown in

Fig. 7(b). When the Cu concentration is less than

0.4 wt.%, the solder in this range is in equilibrium with

only Ni3Sn4, and consequently only this phase forms as

shown in Fig. 7(a). When the Cu concentration is

Table 2 Summary of the reported reaction products between SnAgCu solders and various Ni-bearing soldering pads after reflow

Cu (wt.%) Ag (wt.%) Sn (wt.%) Base metal Intermetallic(s) References

0.0 3.5–3.9 Balance Ni and Ni(P) Ni3Sn4 [26, 74–77]
Au/Ni and Au/Ni(P) Ni3Sn4 [20, 22, 23, 25, 28, 31, 78–85]

0.1 0 Balance Ni Ni3Sn4 [86]
0.2 0–3.9 Balance Ni and Ni(P) (Ni,Cu)3Sn4 [32, 73, 75, 87, 88]
0.3 0–3.0 Balance Ni (Ni,Cu)3Sn4 [86, 89]
0.4 0–3.9 Balance Ni (Ni,Cu)3Sn4/(Cu,Ni)6Sn5 [75, 87–91]

Au/Ni(P) (Ni,Cu)3Sn4/(Cu,Ni)6Sn5 [33]
0.5 1.0–4.0 Balance Ni and Ni(P) (Cu,Ni)6Sn5 [89–91]

Au/Ni and Au/Ni(P) (Cu,Ni)6Sn5 [21, 25, 34, 82, 83, 85, 92]
Ni and Ni(P) (Ni,Cu)3Sn4/(Cu,Ni)6Sn5 [32, 75, 88]
Au/Ni and Au/Ni(P) (Ni,Cu)3Sn4/(Cu,Ni)6Sn5 [21, 28, 81, 93]

0.6 0–3.9 Balance Ni (Cu,Ni)6Sn5 [73, 75, 88–91]
0.7 0–3.8 Balance Ni and Ni(P) (Cu,Ni)6Sn5 [27, 32, 75, 86, 87, 94, 95]

Au/Ni and Au/Ni(P) (Cu,Ni)6Sn5 [19, 28, 30, 96–101]
0.75 3.5 Balance Au/Ni and Au/Ni(P) (Cu,Ni)6Sn5 [102]

Ni and Ni(P) (Cu,Ni)6Sn5 [22, 23, 81, 102]
0.8 0–3.9 Balance Au/Ni and Au/Ni(P) (Cu,Ni)6Sn5 [75, 88]

Ni (Cu,Ni)6Sn5 [25]
0.9 0 Balance Ni (Cu,Ni)6Sn5 [86]
1.0 3.5–3.9 Balance Ni and Ni(P) (Cu,Ni)6Sn5 [32, 75, 87]

Au/Ni (Cu,Ni)6Sn5 [103]
1.5 0 Balance Ni (Cu,Ni)6Sn5 [86]
1.7 4.7 Balance Ni (Cu,Ni)6Sn5 [103]
3.0 0–3.9 Balance Ni (Cu,Ni)6Sn5 [75, 94]

Au/Ni (Cu,Ni)6Sn5 [100]

Only those studies that used reflow conditions similar to the industry practices are included in this table
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higher than 0.4 wt.%, L is in equilibrium with only

Cu6Sn5, and only this phase can be immediately next to

L, as shown in Fig. 7(c) and (d).

3.2 Solder volume effect during reaction

with molten solders (reflow)

During reflow and the subsequent aging, Cu atoms are

incorporated into the intermetallic(s) [i.e., (Cu1-x
Nix)6Sn5 and (Ni1-yCuy)3Sn4] at the interface. As the

intermetallic(s) grow, more Cu atoms are being con-

sumed. The results presented in the previous section

were for the condition that the amount of the solder

was relatively large so that the supply of Cu was also

large. The average Cu concentration in the solder

could consequently remain nearly constant. The ther-

modynamic condition at the interface was thus static,

and the formation of one compound or another was

more or less dictated by the thermodynamics. For a

real solder joint in array–array packages, the supply of

Cu is actually very limited because the solder volume is

quite small in the first place, and secondly the

Cu concentration in SnAgCu solder is always less than

a few atomic percents (see Table 2). The Cu concen-

tration can decrease noticeably as the intermetallic(s)

grow [89–91]. As the Cu concentration changes,

the type of the equilibrium intermetallic at the inter-

face might also change. Now the condition at the

5 µm

5 µm

5 µm

5 µm

SnSn--richrich

AgAg33SnSn

(a) Sn3.9Ag0.2Cu

AgAg33SnSn

SnSn--richrich

5 µm

(Cu(Cu0.600.60NiNi0.400.40))66SnSn55

AgAg33SnSn

(Ni0.83Cu0.17)3Sn4

(Cu(Cu0.580.58NiNi0.420.42))66SnSn55

AgAg33SnSn

Ni5 µm

5 µm

5 µm

Ni

Ni

Ni

(b) Sn3.9Ag0.4Cu

(c) Sn3.9Ag0.5Cu

(d) Sn3.9Ag0.6Cu

(Cu(Cu0.580.58NiNi0.420.42))66SnSn55

(Ni0.84Cu0.16)3Sn4

(Ni(Ni0.860.86CuCu0.140.14))33SnSn44

Fig. 7 Micrographs showing
the Sn3.9AgxCu/Ni interfaces
after 250�C soldering for
10 min. The left column is
cross-sectional view, and the
right column is top view. The
reaction couples here
approached the classical
infinite/infinite diffusion
couples. [73, 75]
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interface becomes dynamic. The volume effect must

be considered as the volume of the solder determines

the total available Cu. As the size of the joints shrinks,

the supply of Cu becomes more limited, and the

decrease in Cu concentration becomes more critical.

Next, the combined effects of the limited Cu supply

(solder volume effect) and the Cu concentration (Cu

concentration effect) will be presented.

In the reaction between SnAgCu solder balls and

Ni substrate (Fig. 12), the original amount of Cu in the

solder ball before reflow equals the remaining Cu in

the solder plus the Cu which is incorporated into

the intermetallic(s). Neglecting the Cu atoms in those

intermetallic particles located inside the solder, one

can obtain the following equation [89–91]:

WCu �Wo
Cu ffi �40

d2pad

d3joint
TIMCðwt.%Þ ð1Þ

where WCu
o and WCu represent the Cu concentration

(in wt.%) in SnAgCu before reflow and the remaining

Cu concentration after reflow, respectively. The

symbols djoint and dpad represent the diameters

(in lm) of the solder ball and the pad’s opening of

the substrate, respectively. The symbol TIMC repre-

sents the thickness (in lm) of intermetallic compound

(IMC) at the interface. The compounds (Cu1-x
Nix)6Sn5 and (Ni1-yCuy)3Sn4 are the only two Cu-

bearing intermetallics that can be present at the

interface, and their compositions had been deter-

mined by EPMA to be around (Cu0.60Ni0.40)6Sn5 and

(Ni0.80Cu0.20)3Sn4 for those solders with Cu within

0.4–0.6 wt.% [73, 75, 87, 89–91]. Here, those Cu in

(Ni1-yCuy)3Sn4 could be ignored because the thickness

of this compound was thin and its Cu concentration

was low (~6 wt.%). The drop of the Cu concentration

according to Eq. 1 for several different ball/pad
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(Ni1-yCuy)3Sn4

(Cu1-xNix)6Sn5

Fig. 8 XRD patterns for the
reaction products in
Fig. 7(a)–(d). The Ni signals
originated from the Ni layer
beneath the intermetallic
compounds [73, 106]

Lead-Free Electronic Solders 163

123



combinations ranging from the BGA to flip-chip

dimensions is plotted in Fig. 13. For example, if 2 lm
(Cu1-xNix)6Sn5, which is the thickness commonly seen

in real solder joints, forms in the 100 lm/80 lm
combination, the Cu concentration will drop by as

large as 0.51 wt.%. Under such a condition, the resi-

due Cu concentration in solder will be less than

0.3 wt.% for most SnAgCu solder compositions listed

in Table 1. If the Cu concentration indeed become

less than 0.3 wt.%, then the Cu6Sn5/molten solder

interface is no longer thermodynamically stable

[020]

(Ni1-yCuy)3Sn4

300 nm

(c)

Ni

(a)

Solder

(Cu1-xNix)6Sn5

(Ni1-yCuy)3Sn4

Fig.9 (b)

3 µm

(b) (Cu1-xNix)6Sn5

3 µm

T

(2110)

(0111)

[0112]

Fig. 9 (a) Scanning electron image showing the reaction zone of
Sn3.9Ag0.4Cu/Ni after 250�C soldering for 10 min. (b) TEM
bright field image of (a) and selected area diffraction pattern of
(Cu1-xNix)6Sn5. (c) TEM bright field image of (a) and selected
area diffraction pattern of (Ni1-yCuy)3Sn4. [106]
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1]

(Cu 1-x Ni x)6Sn5
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T

(0110)

[2110]

T

(0002)

[0110]

(2110)

500 nm

Fig. 10 TEM bright field image and selected area diffraction
patterns for a (Cu1-xNix)6Sn5 needle shown in Fig. 7(d) [106]
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Cu Ni

Ni3Sn

Ni3Sn2

Ni3Sn4

Cu3Sn

Cu6Sn5

(240oC)

(at.%)

Cu6Sn5

Ni 3Sn4

L

+

+
Cu6Sn5

L
+

L
+

Ni 3Sn 4

Fig. 11 Cu–Ni–Sn isotherm at 240�C. This isotherm is re-drawn
basing on the literature data [113, 114]

Fig. 12 Schematic diagram showing a Sn3AgxCu solder ball
soldered onto a Ni/Cu pad

164 Lead-Free Electronic Solders

123



according to Fig. 5. There will be a huge driving force

for Ni3Sn4 [or (Ni1-yCuy)3Sn4] to form.

For BGA or flip-chip joints, the design rule usually

calls for the condition that djoint	 1.2dpad, therefore,

the following equation can be obtained from Eq. 1:

WCu �Wo
Cu 	 �28

TIMC

djoint
/ 1

djoint
ð2Þ

This joint size dependence can be clearly seen in

Fig. 14, where the drop of the Cu concentration is plot-

ted against the joint size. In short, the Cu concentration

drop rapidly increases as the joint becomes smaller.

Additional experimental evidence of the solder vol-

ume effect is presented in Fig. 15 [89–91]. The experi-

mental setup in Fig. 15 was used with dpad being kept

constant at 375 lm, and djoint being varied from 760 to

500, and to 300 lm. In other words, three different

djoint/dpad values were used. The solder used here was

Sn3Ag0.6Cu, and the samples had been reflowed with a

typical profile (235�C peak temperature, 90 s molten

solder duration). Using Eq. 1 and the (Cu1-xNix)6Sn5
thicknesses measured from the three cases shown in

Fig. 15 (1.2, 1.5, and 2.2 lm, respectively), one can

calculate the Cu concentration drops to be 0.02, 0.05,

and 0.48 wt.% for 760, 500, and 300 lm djoint, respec-

tively. As a result, the remaining Cu concentrations of

the solders after reflow were 0.58, 0.55, and 0.12 wt.%

for djoint = 760, 500, and 300 lm, respectively. As

expected, the intermetallic compound for the first

two cases shown in Fig. 15(a) and (b) was still

(Cu1-xNix)6Sn5. However, for the 300 lm case, the Cu

concentration was so low that a new layer of (Ni1-

yCuy)3Sn4 had nucleated beneath the (Cu1-xNix)6Sn5
layer that formed in the early stage of the reaction when

the Cu concentration was still high. In Fig. 15(c), a

series of voids can be seen, separating these two inter-

metallic compounds. As will be shown in the next sec-

tion, an advanced development, when the reflow time is

increased longer (see Fig. 18) or the solder joint is

shrunk even smaller (see Fig. 17), of this effect is the

total separation (spalling) of the upper (Cu1-xNix)6Sn5
layer from the interface. That is, the consequence of the

shifting equilibrium phase leads to the massive spalling

of (Cu1-xNix)6Sn5.

In summary, in the reaction between Ni substrate

and the SnAgCu solder with a small volume, the supply

of Cu becomes a problem. Under such conditions, the

Cu concentration is no longer constant during the

reaction. In fact, it is possible that the interface expe-

riences several phase equilibrium conditions during the

course of the reaction. This solder volume effect is

more severe for smaller solder joints and for joints with

a thicker (Cu1-xNix)6Sn5 at the interface (i.e., joints

with a longer reaction time).

3.3 Massive spalling of intermetallic compound

from the interface

Spalling refers to the detachment of a compound from

the interface into one of the reacting phases. One
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classical example, shown in Fig. 16, is the spalling of

Cu6Sn5 during the reaction of eutectic PbSn solder with

Au/Cu/Cu–Cr thin film [3, 116]. Spalling here was due

to the exhaustion of the Cu film, and the poor wetting

between Cu6Sn5 and the remaining Cr (or SiO2) caused

the compound to detach itself from the interface. The

‘‘massive spalling’ introduced in this section is not

caused by the exhaustion of a reaction layer. Instead, it

is caused by the consumption of one element inside the

reacting phase, as had been discussed in the previous

section. The shifting of the interfacial equilibrium

causes the product phase to separate itself from the

interface [89–91].

The massive spalling has a higher tendency to occur

in smaller joints because these joints will experience a

lager Cu concentration drop. Fig. 17 shows an example

of massive spalling in its early stage. The reflow con-

ditions were the same as those in Fig. 15, but dpad and

djoint were 175 and 200 lm, respectively. As can be

seen in Fig. 17, a new (Ni1-yCuy)3Sn4 layer had formed

over the Ni substrate, pushing the original (Cu1-x
Nix)6Sn5 layer away from the interface, and a gap had

appeared between these two layers. It should be

stressed again that even though the reflow conditions

were the same, such spalling did not occur for the

larger joints in Fig. 15(a) and (b). Longer reflow time

also favors the spalling, as shown in Fig. 18. Here, the

sample had the same configuration as that of Fig. 15(c),

but the reflow time was increased from 90 s to 20 min.

Longer reflow time had increased the separation

between (Ni1-yCuy)3Sn4 and (Cu1-xNix)6Sn5 from a

series of voids in Fig. 15(c) to a gap in Fig. 18.

A very revealing example of the massive spalling is

shown in Fig. 19, where a djoint/dpad = 760 lm/600 lm
joint had been reflowed at 235�C for 5 min. In this

(a) 760 mm-Sn3Ag0.6Cu

Ni

(Cu(Cu11--xxNiNixx))66SnSn55

SnSn--richrich

(b) 500 mm-Sn3Ag0.6Cu

5 µm

5 µm

Ni

SnSn--richrich

(c) 300 mm-Sn3Ag0.6Cu

Ni(Ni1-yCuy)3Sn4

SnSn--richrich

(Cu(Cu11--xxNiNixx))66SnSn55

(Cu(Cu11--xxNiNixx))66SnSn55

5 µm

Fig. 15 Micrographs showing the interface after a typical reflow.
The value of dpad was kept constant at 375 lm, and djoint was
760 lm (a), 500 lm (b), and 300 lm (c). The solder was
96.4Sn3Ag0.6Cu (wt.%). [89–91]

Cu6Sn5 compound

Fig. 16 SEM image showing the spalling of Cu6Sn5 during the
reaction between eutectic SnPb and Au/Cu/Cu–Cr substrate
[3, 116]

Ni
Cu

SolderSolder
maskmask

SolderSolder
maskmask

(Cu(Cu11--xxNiNixx))66SnSn55

(Ni1-yCuy)3Sn4 Ni

Fig.17 (b)Fig.17 (b)

30 µm

5 µm

(a)  200 µm-Sn4Ag0.5Cu

(b)  200 µm-Sn4Ag0.5Cu

Fig. 17 (a) Massing spalling of (Cu1-xNix)6Sn5 after a typical
reflow (235�C peak temperature, 90 s molten solder duration) in
a solder joint with djoint/dpad = 200 lm/175 lm. (b) Zoom-in
view of (a). [91]
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particular sample, a 1.2( ± 0.1) lm Au layer had been

coated over the Ni layer of the substrate before reflow.

The images in Fig. 19(a) and (b) were obtained from

the same specimen, but the solder in Fig. 19(b) had

been etched away. As can be seen here, the detached

Au-bearing (Cu1-xNix)6Sn5 layer was almost continu-

ously. The extensive spalling shown in this pair of

micrographs demonstrates the justification of naming

the phenomenon massive spalling. It should be pointed

out that our recent data suggests that Au does have the

effect of stimulate early massive spalling. More studies

are needed to clarify this effect.

There are two approaches to inhibit the massive

spalling during reflow. The first is to use solders with a

higher Cu concentration. The second method is to

provide an infinite Cu source, such as a thick Cu layer

on either side of a solder joint [89–91]. Our latest

results also supported this view.

3.4 Solder volume effect during reaction with solid

solders (aging)

The solder volume effect also plays an important role

during the solid-state aging. Fig. 20 shows the solder

joints with the same reflow conditions (235�C peak

temperature, 90 s molten solder duration), the same

aging conditions (160�C for 1,000 h), and the same

dpad value (375 lm), but with different djoint values

and different Cu compositions in solder. When the

joint was relatively large (760 lm), the only inter-

metallic compound at the interface was (Cu1-x
Nix)6Sn5 for all the solder compositions, as shown in

Fig. 20(a)–(c). This is due to the fact that the supply

of Cu was relatively abundant for the larger solder

joints.

For the solder joints with the medium diameter

(500 lm), the supply of Cu became somewhat limited.

There was still only the (Cu1-xNix)6Sn5 layer at the

interface if the joint’s Cu concentration was high

enough (0.5 and 0.7 wt.%), as shown in Fig. 20(d) and

(e). But when the applied Cu concentration became

very low (0.3 wt.%), as shown in Fig. 20(f), a layer of

(Ni1-yCuy)3Sn4 formed beneath (Cu1-xNix)6Sn5. Given

more time, the remaining (Cu1-xNix)6Sn5 will also dis-

appear, leaving (Ni1-yCuy)3Sn4 as the only layer. This is

because the Cu atoms in (Cu1-xNix)6Sn5 are extracted

out to form more (Ni1-yCuy)3Sn4.

When the solder joints became even smaller

(300 lm), the supply of Cu became very limited. For

Fig.18 (b)

Ni
Cu

Sn-rich
Ag3Sn

50 µm

(a)  300 mm-Sn3Ag0.6Cu

(b)  300 mm-Sn3Ag0.6Cu

Ni(Ni1-yCuy)3Sn4

(Cu(Cu11--xxNiNixx))66SnSn55

SnSn--richrich

AgAg33SnSn

(Cu1-xNix)6Sn5

5 µm

Fig. 18 (a) Massing spalling of (Cu1-xNix)6Sn5 after reflow at
235�C for 20 min in a solder joint with djoint/dpad = 300 m/
375 lm. (b) Zoom-in view of (a). [89–91]

50 µm

(b)  760 mm-Sn3Ag0.5Cu

Ni

(Ni0.78Cu0.22)3Sn4

(Cu(Cu0.590.59AuAu0.010.01NiNi0.400.40))66SnSn55

Cu

Fig.19 (b)

100 µm

(a)  760 mm-Sn3Ag0.5Cu

Sn-rich

Ag3Sn

Pad

Fig. 19 (a) Cross-section view of a solder joint that had been
reflowed at 235�C for 5 min. A 760 lm Sn3Ag0.5Cu sphere was
attached to a 600 lm pad with the Au(1.2 lm)/Ni surface finish.
(b) Zoom-in view of (a) after etching away the solder. This
micrograph had been tilted 45�
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the joint with the highest Cu concentration (0.7 wt.%),

shown in Fig. 20(g), the amount of Cu was still enough

to sustain a (Cu1-xNix)6Sn5 layer over the (Ni1-y
Cuy)3Sn4, as shown in Fig. 20(g). But when the Cu

concentration became lower (0.5 and 0.3 wt.% Cu),

shown in Fig. 20(h) and (i), the amount of Cu was not

enough to sustain the (Cu1-xNix)6Sn5 layer, and only a

(Ni1-yCuy)3Sn4 layer was present. It should be noted

that in these two cases (Cu1-xNix)6Sn5 did appear over

the (Ni1-yCuy)3Sn4 layer once during certain time

frame, but (Cu1-xNix)6Sn5 eventually disappeared and

be converted into (Ni1-yCuy)3Sn4. It can be anticipated

that the (Cu1-xNix)6Sn5 layer in Fig. 20(g) will also

disappear if this sample is subjected to longer aging.

From our recent study, the formation of both

(Ni1-yCuy)3Sn4 and (Cu1-xNix)6Sn5 layers at the

interface after aging has a negative impact on the

strength of the joints. The joints tend to fail along

the interface of these two compounds. This is

because both these two compounds are quite brittle,

and the interface between two brittle intermetallics

unfortunately tends to be weak, especially for two

compounds originate from two different binary sys-

tems. To avoid the formation of two compounds

simultaneously, both the Cu concentration effect and

the solder volume effect have to be taken into

account at the same time.

4 Cross-interaction between Cu and Ni across

a solder joint

In Sects. 2 and 3, the effect of Ni on the reaction

between Cu and solder and the effect of Cu on the

reaction between Ni and solder are discussed, respec-

tively. In this section, the interaction between Cu and

Ni across a solder joint will be considered. The

importance of such cross-interaction had been reported

in several publications available in the literature [53,

80, 117–120].

4.1 Cross-interaction during reaction with molten

solders (reflow)

To investigate the cross-interaction during the reflow

stage more carefully, the solder joints that were

assembled by two different paths are compared. As

illustrated in Fig. 21, in Path I, the solder (Sn3.5Ag)

was attached to the Cu substrate in the first reflow, and

then the Ni substrate was attached to the other side of

the solder joint in the second reflow. In path II, the

solder was attached to the Ni substrate first (the first

reflow), and in the second reflow Cu substrate was

attached to the other side of the solder joint.

Shown in Fig. 22 are the solder/Cu and Ni/solder

interfaces for Path I (left column) and path II (right

5 µm

5 µm

5 µm 5 µm5 µm

5 µm

5 µm 5 µm
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Fig. 20 Micrographs showing solder joints with the same reflow
conditions (235�C peak temperature, 90 s molten solder dura-
tion), the same aging conditions (160�C for 1,000 h), and the
same dpad value (375 lm), but with different djoint values and

different Cu compositions. Pictures in the first, second, and third
row have Cu concentrations equal 0.7, 0.5, and 0.3 wt.%,
respectively. Pictures in the first, second, and third column have
djoint equal 760, 500, and 300 lm, respectively

168 Lead-Free Electronic Solders

123



column) after the first reflow, and the second reflow.

For Path I, the solder/Cu interface after the first reflow,

Fig. 22(a), is typical of the reaction between Cu and

Sn-based solders: formation of Cu6Sn5 scallops along

the interface. A typical reflow actually dissolves a large

quantity of Cu from the substrate. Our own data shows

that as high as 7.5(±0.3) lm of Cu can be dissolved into

the Sn3.5Ag during a typical reflow (90 s reflow time

with a peak temperature of 235�C of a 760 lm BGA

joint, making the Cu concentration in solder become as

high as ~1.2 wt.%. These dissolved Cu atoms precipi-

tated out as long Cu6Sn5 rods inside the solder when

the solder solidified, as shown in Fig. 23. During the

second reflow of Path I, the dissolved Cu atoms had an

effect on the Ni/solder reaction. As shown in

Fig. 22(b), the reaction product under such conditions

was (Cu0.89Ni0.11)6Sn5. This microstructure shows

marked difference with that of Fig. 22(d), which shows

fresh Sn3.5Ag soldered over the Ni substrate. The

second reflow also influenced the solder/Cu interface.

As shown in Fig. 22(c), a small amount of Ni (~2 at.%)

can be detected in Cu6Sn5. The only Ni source was

from the Ni substrate. This result clearly shows that

during the second reflow Ni had the capacity to have

itself dissolved at the Ni/solder interface, migrate

across the solder joint, and incorporate itself into

Cu6Sn5. Nevertheless, the amount of Ni that was able

to reach the solder/Cu interface, it was apparently not

large enough to cause the effect described in Sect. 2.2.

In short, during the assembly of a Cu/solder/Ni solder

joint through Path I, the two interfaces can cross-

interact during the reflow stage.

For Path II after the first reflow, a thin layer of

Ni3Sn4 formed at the Ni/solder interface, as shown in

Fig. 22(d). A small amount of Ni also dissolved into the

molten solder. During the second reflow, the dissolved

Ni atoms had an effect on the solder/Cu reaction. As

shown in Fig. 22(f), the reaction product at the solder/

Cu interface had two distinct regions with their own

compositions, (Cu0.81Ni0.19)6Sn5 and (Cu0.93Ni0.07)6Sn5.

This microstructure is the same as that shown in

Fig. 4(b). Apparently, the reflow condition was suffi-

cient to dissolve enough amount of Ni into solder to

produce the Ni effect as discussed in Sect. 2.2. Quite

surprisingly, the dissolved Cu during its fist reflow (i.e.,

the second reflow in path II) was also high enough to

induce the Cu concentration effect. As shown in

Fig. 22(e), the outer intermetallic at the Ni/solder

interface had changed from Ni3Sn4 to (Cu1-xNix)6Sn5.

This fast transformation from one compound to

another in time as short as 90 s does not seem rea-

sonable. A careful cutting by using the focused ion beam

(FIB) technique was able to show that this transformation

was indeed fast, but was not complete. As shown in

Fig. 24, there was a very thin layer of (Ni1-yCuy)3Sn4
beneath the (Cu1-xNix)6Sn5 layer. The FIB technique

was also applied to other interface of Fig. 22, but only

one type of intermetallic was observed. As shown in

Fig. 25, the crystal structures of the Ni3Sn4 compound

and the Cu6Sn5-based compound in Fig. 22(d) and (e)

had also been positively identified by the glancing

angle XRD measurements.

Comparing Path I and II, one can conclude that

even the sequence of assembly has an effect on the

intermetallic microstructures.

4.2 Cross-interaction during reaction with solid

solders (aging)

Figure 26 shows the microstructures of the interfaces

in Fig. 22 after aging at 160�C for 1,000 h. The Ni/

solder interface and the solder/Cu interface that had

Fig. 21 Illustration showing the two sequences that the solder
joints were assembled
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been soldered only once and consequently had no

cross-interaction during aging were shown in the left

column for comparison. In the middle column and the

right column, the corresponding interfaces for the Path

I and Path II after aging are shown, respectively. It can

be seen that Cu3Sn in Fig. 26(d) and (f) are thinner

than that in Fig. 26(b). This is due to the Ni effect

presented in Sect. 2.2. Moreover, Cu3Sn in Fig. 26(f) is

also thinner than that in Fig. 26(d). This is reasonable

because in Path II more Ni was dissolved because Ni in

Path II went through one more reflow than in Path I. In

addition, no Kirkendall void was observed in Fig. 26(d)

and (f) even by the means of FIB sample preparation.

It should also be pointed that the cross-interaction

accelerated the consumption rate of the Cu substrate

and reduced the consumption rate of the Ni substrate

[120]. The Ni consumption rate decreased because the

growth of (Cu1-xNix)6Sn5 consumed a less amount of Ni

than did the growth of (Ni1-yCuy)3Sn4 [81, 107, 117,

120].

5 Summary

The addition of Ni to Sn, SnCu, SnAg, and SnAgCu in

amounts as minute as 0.1 wt.% is able to substantially

hinder the Cu3Sn growth in the reaction between these

solders and the Cu substrate. The growth of Cu3Sn

often accompanies the formation of Kirkendall voids,

which has been linked to the weakening of the solders

joints. Accordingly, Ni has been proposed as a useful

alloying additive to these solders.

Likewise, Cu has a strong effect on the reactions

between these solders and Ni-based substrates. When

the amount of solder is large so that the supply of Cu is

not an issue, the interfacial reaction is dictated by the

Cu–Ni–Sn phase equilibrium, and the types of the

reaction products formed depend on the Cu concen-

tration. Under such a condition, when the Cu concen-

tration is low (£0.3 wt.%), only (Ni1-yCuy)3Sn4 forms at

the interface. When the Cu concentration increases to

0.4–0.5 wt.%, both (Ni1-yCuy)3Sn4 and (Cu1-xNix)6Sn5
form. When the Cu concentration increases above

0.5 wt.%, (Cu1-xNix)6Sn5 forms. However, in BGA or

flip-chip solder joints, where the solder joints are small

and the Cu supply becomes limited, the solder volume

effect becomes important because the Cu concentra-

tion is no longer constant during the reaction. An

equation, Eq. 1, for the Cu concentration drop has

been derived as a function of the joint size and the

intermetallic compound thickness. As the Cu concen-

tration decreases, the equilibrium phase at the inter-

face may change, and the local thermodynamic

equilibrium at the interface is no longer static. The

Ni

(Cu(Cu0.890.89NiNi0.110.11))66SnSn55

Cu

(Cu(Cu0.960.96NiNi0.040.04))66SnSn55

Cu
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(Cu(Cu0.810.81NiNi0.190.19))66SnSn55
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(Cu(Cu0.790.79NiNi0.210.21))66SnSn55(Cu(Cu0.600.60NiNi0.400.40))66SnSn55
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CuCu66SnSn55

Ni

NiNi33SnSn44

AgAg33SnSn SnSn--richrich

(a)

(b)

(c)

(d)

(e)

(f)

5 µm
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5 µm 5 µm

Path I Path IIFig. 22 Micrographs showing
the solder/Cu and Ni/solder
interfaces for Path I (left
column) and path II (right
column) illustrated in Fig. 21.
The micrographs in (a) and
(d) had been tilted by 30�
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shifting of the equilibrium phase at the interface could

cause the massive spalling of the intermetallic from the

interface.

Lastly, the effect of cross-interaction of the Cu and

Ni substrate across a solder joint was highlighted. This

cross-interaction can occur during the reflow stage.

Consequently, the sequence of assembly has an effect

on the microstructure of the solder joints.
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Abstract The mechanical properties of Sn-rich solder

alloys are directly related to their heterogeneous

microstructure. Thus, numerical modeling of the

properties of these alloys is most effective when

the microstructure is explicitly incorporated into the

model. In this review, we provide several examples

where 2D and 3D microstructures have been used to

model the material behavior using finite element

modeling. These included (a) 3D visualization of the

solder microstructure, (b) 3D microstructure-based

modeling of tensile behavior, (c) 2D modeling of the

effect of intermetallic volume fraction and morphology

on shear behavior of solder joints, and (d) prediction of

crack growth in solder joints. In all these cases, the

experimentally observed behavior matches very well

with the microstructure-based models.

1 Introduction

Increasing concerns over the environmental and

health hazards of Pb–Sn solders, used in electronic

packaging, have prompted the need for Pb-free solder

alternatives [1–3]. The design and development of Pb-

free solders for electronic packaging requires a thor-

ough understanding, and careful control, of micro-

structure and its effect on properties [2–7]. This is

particularly challenging given the multiphase and

heterogeneous nature of most Sn-rich alloys. Tradi-

tionally, the mechanical behavior of materials has

been quantified by large and costly sets of experi-

ments. Experiments are and will always be an impor-

tant necessary part of research and development.

Nevertheless, modeling of the behavior of materials

can be used as a versatile, efficient, and low cost tool

for developing an understanding of material behavior.

The robustness and accuracy of the model used can

and should, of course, be verified by experimental

results.

A review of the literature (presented in the next

section) shows that current analytical and numerical

techniques simplify the heterogeneous microstructure

of multiphase solder materials. These simplifications

make modeling and analysis more efficient and

straightforward, but fail to accurately predict the

effective properties and local damage behavior which

are inherently dependent on microstructure. It follows

that accurate prediction of macroscopic deformation

behavior and modeling of localized damage mecha-

nisms can only be accomplished by capturing the

microstructure of the material as a basis for the

model.

This paper reviews a novel methodology that

addresses the critical link between microstructure and

deformation behavior, by using two-dimensional (2D)

and three-dimensional (3D) virtual microstructures as

the basis for a robust model to simulate damage caused

by deformation. Such an approach provides a unique

and compelling means for visualization, modeling of

damage, and prediction of the macroscopic stress–

strain behavior, using the microstructure of the mate-

rial as the basis for the model.

N. Chawla (&) Æ R. S. Sidhu
School of Materials, Fulton School of Engineering, Arizona
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2 Analytical and conventional numerical modeling

Modeling and predicting the macroscopic deformation

and local damage mechanisms of Sn-rich solders are

very complex problems. Analytical and empirical

models can provide an effective means of predicting

the effective macroscopic properties of solders (e.g.,

Young’s modulus). There is a considerable amount of

variability in the reported Young’s moduli of Sn-rich

solders [8–10]. Chawla et al. [11], showed that the

variability in modulus measurements was significantly

influence by porosity in the solder. They measured the

modulus by two techniques [11]: (a) loading-unloading

measurements in tension, and (b) non-destructive res-

onant ultrasound spectroscopy. The latter technique

was used since the linear elastic portion of the tensile

stress–strain curve, in most Sn-rich alloys, is quite

limited. Figure 1 shows the experimentally determined

Young’s modulus of a Sn-3.5wt%Ag solder. Both

techniques yielded similar values for the Young’s

modulus. As expected, a gradual decrease in modulus

was observed with increasing porosity. The analytical

model by Ramakrishna and Arunachalam [12] (R-A

model), was used to predict the Young’s modulus, E,

with a given fraction of porosity, p:

E ¼ EO
1� pð Þ2
1þ jEp

" #
ð1Þ

where Eo is the Young’s modulus of the fully dense

solder (taken by extrapolating the experimental data to

zero porosity ~50 MPa), and jE is a constant in terms

of the Poisson’s ratio of the fully-dense material, mo:

jE ¼ 2� 3mO ð2Þ

The results predicted by the R-A model are in rea-

sonable agreement with the experimental data at

porosity levels less than 1%, but show somewhat larger

deviations from the experiments at porosity levels

greater than 1%. This example helps to illustrate the

point that, while analytical solutions provide some

insight into macroscopic solder behavior, they cannot

predict the experimental behavior precisely due to the

simplifying assumptions of the microstructure; i.e., an

assumption of uniformly distributed regular shaped

spherical pores. Furthermore, an understanding of the

local stress/strain state cannot be obtained through

analytical solutions.

In multiphase materials, numerical modeling is often

more effective than analytical modeling since these

materials are not readily amenable to closed-form

theoretical analyses. Another advantage of numerical

modeling is that deformation and damage characteris-

tics, particularly on a local scale, can be revealed.

Several studies have utilized the finite element method

(FEM) to study complex states of stress at the solder/

substrate interface for flip chip and Ball Grid Array

(BGA) packages [13–28]. Kim et al. [14] correlated the

complex stress state in a solder bump and showed that

the highest region of plastic strain was near the surface

of the Ni–P bump. The plastic deformation was par-

ticularly noticeable in solder near the solder/metalli-

zation interface, parallel to the chip surface. The

modeled behavior also corroborated experimental

observations of fractured specimens. Non-linear FEM

analysis, using an elastic–viscoplastic constitutive

model, has also been used to study the effect of ball

shear speed on the shear forces of flip chip solder

bumps [17].

Finite element modeling has also been utilized

extensively to characterize damage arising from tem-

perature cycling conditions [20–28]. Zhai et al. [20]

used finite element analysis to study the effects of ramp

rate and dwell times on solder joint fatigue life. Chen

et al. [28] used both linear and non-linear numerical

methods to model deformation behavior of the pack-

age. They showed that since the underfill and solder

bump material properties exhibit large non-linearity at

higher temperatures (~125�C), using a linear elastic

assumption was not very accurate. They highlighted

this effect by comparing the differences in interfacial

stress and strain between the linear and non-linear

model, and highlighted the importance of elastic-plas-

tic analysis for these ductile materials.

All of the examples cited above focused on the

solder joint as a homogeneous material system, without

explicitly considering the microstructure of the solder
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or the nature of the intermetallic formed at the solder/

metallization interface. Thus, while some insight into

the general nature of damage accumulation was

obtained, the models were unable to accurately predict

the effective properties and local damage characteris-

tics that are inherently dependent on the complex

solder microstructure. In order to accurately predict

macroscopic deformation behavior and understand

localized damage mechanisms, a means of capturing

the microstructure of the material as a basis for the

model is essential. In the next few sections, we review

some methodologies for: (a) 3D microstructure visu-

alization of Sn-rich solders and (b) 2D and 3D micro-

structure-based finite element modeling of

deformation in Sn-rich solders.

3 Microstructure visualization and microstructure-
based modeling

3.1 3D Microstructure visualization of Sn-rich

solder alloys

Most eutectic Sn-rich alloys consist of a discontinuous

intermetallic phase embedded in a Sn-rich matrix. In

order to fully understand the physical, electrical, and

mechanical properties of the solder, it is necessary to

accurately characterize the intermetallic size, distribu-

tion, morphology and orientation within the Sn-rich

matrix. Ochoa et al. [6, 7], for example, determined

that cooling rate has a significant effect on intermetallic

size and morphology. At relatively fast cooling rates

(24�C/s), a fine distribution of spherical Ag3Sn particles

was observed. At slower cooling rates (0.08�C/s),
however, the intermetallic had a needle-like morphol-

ogy. Traditional methods of visualizing the micro-

structure, such as two-dimensional (2D) images, are

not fully representative of the three-dimensional (3D)

microstructure of the material. The size and aspect

ratio of spherical microstructural features can be

characterized adequately by 2D circles [29]. In the case

of needles, however, a 2D section perpendicular to the

major axis of the needle can significantly underesti-

mate the size and aspect ratio of the needle.

Clearly, a technique for 3D visualization is required

for accurate characterization of non-spherical features,

such as Ag3Sn needles in a Sn matrix. Serial sectioning

of 2D microstructural images with computer-aided

reconstruction and visualization has increasingly been

used as a technique for 3D visualization of micro-

structures [29–42]. Yamaguchi et al. [39] utilized a 3D

reconstruction technique to quantify pathogenic yeast

cells and reveal variations in their morphology before

and after freezing. In steels, Yokomizo et al. [35]

studied the 3D distribution, morphology, and nucle-

ation sites of intragranular ferrite and inclusions formed

in a Fe-0.1C-1.5Mn steel alloy. The technique has also

been utilized in composites, where in Chawla and col-

legues [30] used serial sectioning to visualize and model

the microstructure of SiC particles in an Al matrix.

Sidhu and Chawla [31] used serial sectioning to

reconstruct and visualize the 3D microstructure of Sn-

3.5wt%Ag solder. The specimens were heated to

240�C (approximately 20�C above the eutectic point

of the solder) and cooled at a rate of 0.08�C/s. This
cooling rate produced a nearly eutectic microstruc-

ture, consisting of Ag3Sn needle-like intermetallics in

a Sn-rich matrix [7]. A serial sectioning method was

employed to acquire 2D images of the microstructure

as a basis for reconstructing the 3D microstructure of

the solder. The basic steps of the serial sectioning

process and modeling consisted of sample prepara-

tion, fiducial marking by indentation, serial polishing,

imaging and image segmentation, image stacking and

visualization, Fig. 2. In general, selecting the region of

interest is relatively subjective. In their study, the goal

was to encompass a range of intermetallic colonies

that formed at different orientations. Thus, the size of

the microstructural region of interest was taken as

approximately 180 lm · 170 lm, and a depth of

approximately 60 lm. Fiducial marks were placed on

the sample to define the region of interest and to

measure the material loss during serial sectioning.

Fiducial marks were placed on the sample to define

the region of interest, to align the indentations during

reconstruction, and to measure the material loss

during serial sectioning. This method of quantifying

the material removal has been proven to be quite

effective, since the cross-sections of the indentations

are nearly square, making it relatively simple to

measure the length of the diagonals [30, 32, 34–36,

38]. The approximate depth (h) of the indentation

was determined by the following equation:

h ¼ D

2tan u=2ð Þ ð3Þ

where D is the average of the indentation diagonals

(D1 & D2) on a 2D projection and (u) is the angle

between the two diagonals. A removal rate of about

0.5 lm per cycle was sufficient to adequately describe

the morphology of the Ag3Sn particles. Details of the

indentation and polishing routine can be obtained

elsewhere [31].
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Optical micrographs were taken after each polishing

cycle and analyzed using conventional image analysis

software. The segmented serial sections were stacked,

and using a 3D reconstruction software called MIMICS

(Ann Arbor, MI), reconstruction was conducted and

visualization of the 3D virtual microstructure achieved.

The software enabled graphical analysis and viewing of

the 3D volumetric data by contouring individual serial

sections, meshing contours between these sections, and

generating a high-resolution 3D virtual microstructure.

Figure 3(a) shows a multi-needle reconstruction pro-

duced by MIMICS, where several of the needles are

aligned along given colonies. The reconstructed virtual

microstructure reproduces the actual size and mor-

phology of Ag3Sn very well. Table 1 shows the analysis

of the Ag3Sn volume fraction for the 3D virtual

microstructure versus 2D slices of the 3D microstruc-

ture, and that calculated from the equilibrium diagram.

The results show that the measurements from the 3D

virtual microstructure are closest to that predicted by

the phase diagram, while the 2D images either under-

estimate or overestimate the volume fraction. Over-

estimation of the volume fraction takes place when the

2D plane is taken parallel to the Ag3Sn orientation. If

the 2D image slice is normal to the needle’s long axis,

the fraction of Ag3Sn is underestimated.

The size and aspect ratios of the particles were

quantified using computer-aided design software,

allowing measurement of the length of the major axis

and minor axis (i.e., diameter) for individual particles.

These results were compared to 2D measurements of

size and aspect ratios of the Ag3Sn particles, shown in

Table 2. The distribution of aspect ratio measure-

ments, from 2D images and the 3D model, is shown in

Fig. 4. The 2D sections exhibited a broader distribu-

tion and higher distribution of needles with aspect

ratios between 1 and 4. This can be attributed to

measurements of ‘‘sliced needles’’ represented in a 2D

plane. The higher variability in the 2D measurements

can also be observed in the larger error in measure-

ments, shown in Table 2. The 3D model shows a nar-

rower distribution, with very few lower aspect ratio

needles, and thus, appears to yield a more accurate

representation of the Ag3Sn particles perpendicular

and parallel to the polishing plane, when compared to

the 2D analysis.

3.2 3D Microstructure-based modeling of tensile

behavior

While visualization of the 3D microstructure of the

material is important, prediction of the properties and

local damage characteristics of the material is equally

important. Recently, Chawla and co-workers [43–45]

have shown that 3D microstructures constructed from

serial sectioning can be incorporated into commercial

finite element method (FEM) codes to model the

deformation behavior of composites. By comparing the

3D microstructure-based modeling approach with

conventional unit cell modeling it was shown that the

virtual microstructure provided a superior quantitative

understanding of localized damage phenomena, as well

as excellent correlation to macroscopic behavior,

measured experimentally.

The 3D virtual microstructure described in section

3.1 was used as a basis for the finite element model.

The particles were imported into a dedicated meshing

program (HyperMesh�, Troy, MI) to mesh the parti-

cles and ‘‘create’’ the matrix surrounding the Ag3Sn

particles. The 3D meshed model was exported into a

finite element analysis program (ABAQUS/CAE,

version 6.4-1, HKS, Inc., Pawtucket, RI). Ten noded,

Fig. 2 Flow chart of serial
sectioning process for Sn-rich
solders
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modified quadratic tetrahedral elements were used to

conform to the irregular shape of the particles. A

typical number of elements in the 3D model was about

95,000 elements. The Ag3Sn needles were modeled as

linear elastic and Sn-rich matrix modeled as an elastic-

plastic material, using the experimentally determined

stress–strain behavior of each phase [46].

Three models (60 lm · 60 lm · 60 lm models

with approximately 100 particles each) were built from

three different regions of the microstructure of the

material (Fig. 3b), to quantify the extent of micro-

structural variability on both local and macroscopic

stress–strain behavior. These models were compared

with conventional 3D unit cell model where the Ag3Sn

intermetallic was modeled as a single sphere. The local

stress state of the Ag3Sn needles for the three virtual

microstructures is inherently different, and is inti-

mately linked to the relative orientation of the particles

(Fig. 5a). In general, the needles aligned parallel to the

loading axis carried a higher load. The distribution of

von Mises stress in the Ag3Sn needles and equivalent

plastic strain in Sn matrix is shown in Fig. 5(b, c) (the

histograms are obtained from stress/plastic strain in the

elements of the models). The microstructure that

exhibited greater alignment of needles along the

loading axis, i.e., Region 2, had a higher fraction of

elements with higher stress. The distribution of the

equivalent plastic strain in the elements in the matrix,

Fig. 3 3D microstructure reconstruction from serial sections: (a)
3D model of the microstructure (180 lm · 170 lm · 60 lm),

(b) Three random regions of interest used for FEM modeling
(60 lm · 60 lm · 60 lm)

Table 1 Predicted volume fraction from the 3D virtual
microstructure and 2D sections in comparison to experiment

Volume %
of Ag3Sn Particles

Experimental 4.7
3D Virtual Microstructure 4.7
2D – View 1 5.2 ± 2.2
2D – View 2 3.3 ± 2.4
2D – View 3 3.9 ± 1.6

Table 2 Summary of the quantitative microstructure characterization

# of particle measured Mean diameter (lm) Mean length (lm) Mean aspect ratio

2D section 250 1.4 ± 0.3 6.5 ± 6.9 4.9 ± 4.7
3D parallel 90 1.9 ± 0.2 15.6 ± 4.0 8.0 ± 2.0
3D perpendicular 15 2.1 ± 0.2 12.5 ± 2.2 6.1 ± 1.1
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for Region 2, also shows a correspondingly lower

fraction of strain than the other two regions. The local

plastic strain in the matrix (Fig. 6) shows that defor-

mation is greater in Sn-rich regions. Sn matrix regions

between agglomerates of Ag3Sn were more con-

strained, which resulting in a lower plastic strain in

these regions.

The advantage of using a 3D microstructure-based

model is shown by a comparison of the overall stress–

strain curve of the 3D virtual microstructure simulation

with experiment, as well as unit cell simulations, shown

in Fig. 7. The microstructure-based model predicts the

experimental behavior quite well, while the spherical

unit cell model predicts lower strength than the

experiment. More importantly, the localized plasticity

that results from the needle-like Ag3Sn intermetallics,

can only be captured in the microstructure-based

model. A similar analysis conducted by Chawla et al.

[44, 45] on particle reinforced metal matrix composites

showed that the 3D virtual microstructure provided the

most accurate representation of the experimental

behavior. The predicted Young’s modulus of the sol-

der, once again, shows that the microstructure-based

model prediction is closest to the experiment [7],

yielding a modulus of 51.5 GPa (Table 3).

3.3 Modeling of intermetallic morphology and

thickness on deformation behavior and crack

growth in Sn-rich solder joints

An important component of solder joint deformation is

the intermetallic layer that forms between the Sn-rich

solder and the Cu substrate. This is particularly

important in Sn-rich solders, relative to Pb–Sn solders,

because of the larger amount of Sn, which has a higher

affinity for reaction with Cu. In recent years, a funda-

mental understanding of the nature and growth

mechanisms of interfacial products formed between

Sn-rich alloys and Cu has been developed [47–55]. The
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reaction between Sn and Cu generally results in the

formation of two types of intermetallics: Cu6Sn5 (g)
and Cu3Sn (e) [50, 56, 57]. The Cu6Sn5 phase is typi-

cally formed above the melting point of the solder,

Fig. 8, while the Cu3Sn phase is generally produced

during low temperature thermal aging (100–175�C) by
diffusion between Cu and Cu6Sn5 [48, 49].The thick-

ness of the intermetallic layer increases with an

increase in thermal aging time and/or an increase in

aging temperature [58–61]. A similar dependence of

intermetallic thickness has been observed with

increasing reflow time [47, 50–55]. Increasing the re-

flow temperature, reflow time, and/or the number of

reflow cycles results in an increase in the intermetallic

thickness [47, 50–55]. The morphology and thickness of

the intermetallics are also influenced by the cooling

rate of the joint [49]. Deng et al. [49] showed that at

faster cooling rates, a thinner and more planar inter-

metallic morphology was obtained, while slower cool-

ing rates yielded a thicker and more nodular

intermetallic morphology. Cooling rate also has a sig-

nificant influence on the solder microstructure since a

faster cooling rate produced a finer microstructure,

while slower cooling rate resulted in a coarser solder

microstructure [6, 7, 49].

Although a thin layer of intermetallic between sol-

der and Cu substrate is beneficial to wettability and

bonding between solder and substrate [59, 62], thicker

intermetallics may have a negative effect on the

toughness of solder joints [2, 63, 64]. Several authors

have investigated the effect of the intermetallic com-

pounds on the shear behavior of solder/Cu joints [58,

59, 65, 66]. Tu et al. [66] studied the shear fatigue

behavior of 63Sn-37Pb solder/Cu joints after aging at

150�C for various times. They concluded that the low

fracture toughness of the brittle intermetallic layer,

which grew thicker with time, decreased the lifetime of

the joint. Similarly, Lee et al. [58] showed a decrease in

the shear strength of solder joints (Sn-4.11Ag-1.86Sb)

with increased aging time and temperature. They

concluded that the degradation in mechanical proper-

ties was a result of increased roughness of the solder/

intermetallic interface during intermetallic growth.

Fig. 6 Evolution of
equivalent plastic strain in the
3D virtual microstructure
(region 1, 60 lm ·
60 lm · 30 lm) showing
the plasticity within the
Sn-rich matrix. Regions
where the particles are more
closely spaced, exhibit lower
plasticity due to the higher
degree of constraint on the
matrix
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Fig. 7 Comparison of stress–strain predictions from unit cell and
3D microstructure models with experiment. The 3D virtual
microstructure is most accurate in predicting the experimentally
observed behavior

Table 3 Young’s modulus predicted by the finite element
models compared to experiment

Type of model Young’s modulus (GPa)

Experiment [7] 51.3
3D Microstructure 51.5
Unit Cell – Sphere 48.6
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It is clear that the mechanical behavior of the joint is

dependent on the characteristics of both the interme-

tallic and the solder. Deng et al. [67] used finite ele-

ment analysis to model the effects of intermetallic

thickness, morphology, and solder yield strength. They

used a two dimensional (2D) model, shown in Fig. 9,

that consisted of the two Cu bars, and a Sn-3.5Ag

solder interlayer. The size of the model conformed to a

typical lap shear sample (b = c = 6.35 mm, and

t = 250 lm). The load was applied through a dis-

placement on right end of the copper substrate, while

the constraint was applied to the left end of the other

substrate. The displacement in the direction marked ‘2’

is equal to zero, which is an accurate representation of

the experimental behavior in the lap shear test. Shear

strain was taken as the displacement on the right end of

the copper substrate divided by solder thickness. Shear

stress was measured by the load on the right end of the

copper substrate divided by solder/Cu interface area.

Quadrilateral elements were used to mesh the solder

region and a triangular mesh was used for the Cu bar.

A very fine mesh was employed at the solder/Cu

interface to ensure accuracy of the numerical simula-

tion. The mesh size was refined to minimize stress

singularities and to achieve convergence. Mesh

refinement was conducted until the overall shear

stress–strain curve output from the model was un-

changed. The Young’s moduli for Cu and solder were

taken as 114 GPa [46] and 50 GPa [7] respectively. Cu

was assumed to be linear elastic in the simulation. To

include work hardening of the solder, experiments

from tensile tests of bulk Sn–Ag solder [7] were used

for the constitutive behavior of the solder.

The effect of intermetallic thickness and interme-

tallic morphology was examined, while keeping the

solder properties constant. Figure 9(b, c) shows the

intermetallic morphologies employed in this investi-

gation: Nodular and planar. The volume fraction of

intermetallic with respect to the total solder joint was

varied from 0 to 0.2 by tailoring the ratio of interme-

tallic thickness ti to the total solder joint thickness, tj. In

this study, Cu6Sn5 was modeled as linear elastic, and

the intermetallic was assumed to be homogeneous (the

presence of Cu3Sn was neglected since the elastic

plastic properties of Cu6Sn5 and Cu3Sn are similar

[68]). The intermetallic layers and Cu substrates were

defined as pure elastic materials, since no appreciable

plastic deformation occurs in either Cu or the inter-

metallic layer [46]. The solder in these simulations was

assumed to behave as elastic–plastic material as

determined from experiments. The boundary condi-

tions used in the FEM are shown in Fig. 9a.

Figure 10 shows the effect of intermetallic thickness

and morphology on the lap shear behavior. The influ-

ence of both intermetallic thickness and morphology is

quite significant. For both planar and nodular inter-

metallics, the larger intermetallic thickness leads to

higher shear stress at the same shear strain. The nod-

ular morphology of intermetallic results in a higher

shear strength than planar intermetallics at the same

intermetallic thickness. It should be noted that the

experimental data shows that an increase in interme-

tallic thickness decreased the shear strength to some

degree. This difference between FEA and experiment

is due to the fact that FEA analysis presented here

does not consider fracture, and is based on defect-free

solder joints. In reality, the density of processing-in-

duced defects (pores, voids, etc.) may increase with the

reflow time and may have contributed to crack for-

mation, decreasing the shear strength significantly.

Figure 11 shows the equivalent plastic strain

(PEEQ) in solder joints at 15% nominal shear strain.

For the solder joints with negligible intermetallic, a

maximum in plastic deformation occurs at the corner

of solder joint, which is the most likely site for crack

nucleation. For both the solder joints with thin and

thick planar intermetallics, the plastic deformation is

uniform along the solder/Cu interface. The solder

joints with nodular intermetallics, however, exhibited a

more complex plastic strain distribution. It is interest-

ing to note that plastic deformation in the solder in

‘‘intermetallic valleys’’ is absent. Thus, the plastic

deformation in the solder region occurs only above the

nodular peaks of the intermetallic, so the nodular

intermetallics reduce the ‘‘actual’’ volume of solder

that undergoes plastic deformation region. Thus, an

increase in nodularity will increase the work hardening

rate in the solder and contribute to early strain locali-

zation and crack formation. Figure 12 shows the sig-

nificant effect of intermetallic morphology on the stress

Fig. 8 Microstructure of Sn-3.5Ag/Cu joints, showing nodular
Cu6Sn5 layer formed at the Sn-rich/Cu interface
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concentration within the solder joints. Compared with

the planar intermetallic, the nodular intermetallic had

a significantly higher stress concentration at the nodule

valleys, which likely contributed to the onset of crack

initiation between intermetallics observed in experi-

ments.

The microstructure of Ag3Sn particle in the Sn

matrix can also be incorporated in the model, Fig. 13.

Here a representative micrograph of the solder joint is

used as a basis for the model. The microstructure is

segmented and duplicated several times, to obtain a

larger, more realistic model. This model is then meshed

and the analysis conducted. Notice that while the stress

contours were relatively homogeneous, when the sol-

der is modeled as a homogeneous solid, the Ag3Sn

particles significantly ‘‘disrupt’’ the contours,

Fig. 13(c). This can be rationalized by the fact that

Ag3Sn particles are much stiffer than pure Sn

(~90 GPa for Ag3Sn [46] versus 50 GPa for Sn [11,

46]). This can be seen in part (d) of Fig. 13, which

shows a 3D plot of the stresses in Ag3Sn, which are

much higher than that in the Sn matrix.

3.4 Modeling crack growth in Sn-rich solder joints

Crack growth in Sn-rich solder alloys can also be

modeled numerically. Crack propagation in two-

dimensional structures can be modeled by finite

element analysis using a specialized package called

FRANC2D/L (Manhattan, KS) [69, 70]. In FRANC2D/

L, crack growth can be achieved by a nodal release and

re-meshing method, Fig. 14. The re-meshing method is

better suited for Sn-rich alloy systems since the crack

path is not known priori. Linear elastic fracture

Fig. 9 (a) Lap shear
configuration, morphology of
intermetallics at solder/Cu
joints, (b) planar and (c)
nodular intermetallics, and
(d) mesh detail used in finite
element simulations
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mechanics (LEFM) principles were used to propagate

the crack and obtain the stress state in the microstruc-

ture. Two parameters are required in LEFM for the

prediction of crack growth: (a) the stress intensity factor

(SIF) that governs the fracture process and (b) the

direction of crack propagation. FRANC2D/L is capable

of computing the stress intensity factors by three

methods—Displacement correlation method, Modified

crack closure integral method, and the J-integral

method. Modified crack closure integral method [71]

was used in this study as the primary method for com-

putation of stress intensity factors. This is an indirect

method in which the SIF values (K) are computed after

computing the strain energy release rates ( 1),
Fig. 15(a). The strain energy release rate in Mode I, 1I,
then, is given by:

1I ¼
K2

I

E
b ð4Þ

where b = 1 for plane stress and b = 1 – m2 for plane
strain. Numerically, 1I can be evaluated by the fol-

lowing equation:

1I ¼ lim
Dc!0

1

2Dc
�Fc � ðvc � vdÞ ð5Þ

where Fc is the force at the nodes, Dc is the crack growth

increment, and vc and vd are the node displacements at

the crack tip. The principle behind this method is that

when a crack extends by a small amount Dc, the energy

absorbed in creating the new crack surface is equal to

the work required to close the crack to its original

length. The advantage of this method is that both mode

I and II stress intensity values can be computed from a

single analysis. Crack propagation direction was

computed using the maximum circumferential tensile

stress theory (rh max) [72]. This theory states that the

crack will grow from the tip in a radial direction along

which rh is a maximum and s rh is zero, Fig. 15(b). This

criterion is suitable for tensile dominated fracture, i.e.,

Mode I situation, and can handle localized mixed mode

stress intensity factors. The equations for the stress

components at the crack tip are given as follows:

rr ¼ 1

2rð Þ1=2
cos

h
2

k1 1þ sin2
h
2

� �
þ 3

2
k2sinh� 2k2tan

h
2

	 


ð6Þ

rh ¼ 1

2rð Þ1=2
cos

h
2

k1cos
2 h
2
� 3

2
k2sinh

	 

ð7Þ

srh ¼ 1

2 2rð Þ1=2
cos

h
2
k1sinhþ k2 3cosh� 1ð Þ½ � ð8Þ

The methodology used for modeling microstruc-

ture-based crack growth in Sn-rich alloys was as

follows. The first step is to obtain a micrograph of

high resolution to delineate reinforcement particle

morphology. Optical micrographs were imported into

a mesh generating software. After the geometry was

discretized into a grid of finite elements, it was

converted to be readable by FRANC2D/L. Material

properties were defined, boundary conditions were

applied and finite element analysis was performed. A

crack was initiated at the tip of a notch, which was a

stress concentration point. Equilibrium was estab-

lished and the new stress state was obtained. The

crack was propagated based on fracture mechanics

principles and continued until the final desired crack

Fig. 11 Equivalent plastic
strain distribution in Sn-3.5Ag
solder/Cu joint, with different
intermetallic morphology and
volume fraction, (a) planar,
4%, (b) planar, 20%, (c)
nodular, 4%, and (d) nodular,
20%. The volume fraction of
intermetallic is relative to the
solder region. The contours of
plastic deformation apply to
the solder only (the
deformation of intermetallic
and Cu are assumed to be
elastic)
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length was obtained. A similar approach was used

when modeling crack growth in particle reinforced

metal matrix composites [73].

Figures 16 and 17 show predicted crack paths in a

solder/Cu joint, with a Cu6Sn5 intermetallic formed

between solder and Cu. When a single crack is

initiated at the tip of the joint (the point of highest

stress concentration in the lap shear geometry, as

shown in Fig. 12), the crack propagates parallel to the

solder/Cu interface. This correlates very well with the

Fig. 12 von Mises stress
distribution in Sn-3.5Ag
solder/Cu joint, with 20%
intermetallic of varying
intermetallic morphology, (a)
planar and (b) nodular. The
volume fraction of
intermetallic is relative to the
solder region. Note that stress
concentrations in the nodule
are observed, which likely
serve as cites for crack
initiation
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experimentally observed behavior by Kerr and Cha-

wla [5], Figs. 16(b) and 17(b). In some cases, experi-

mental observations show that the crack propagates at

an angle. This can be rationalized by a model where

the crack tip initiates at both tips of the joint, on

opposite sides. Here the cracks propagate at an

angle and meet in the center of the joint, as shown

experimentally.

Fig. 13 Microstructure based
finite element modeling (2D):
(a) scanning electron
micrograph, (b) meshed
model microstructure, (c)
equivalent plastic strain in lap
shear (d) von Mises stress
distribution in lap shear
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Active Layer : 1 Active Layer : 1 Active Layer : 1

TIP  1 TIP  1 TIP  1 

(a) (b) (c)

Fig. 14 Crack growth using the re-meshing methodology. (a) elements in the vicinity of the crack tip are deleted (b) crack-tip is
extended and rosette is formed (c) trial mesh is inserted

Fig. 15 (a) Finite element
nodes near the crack tip using
the Modified Crack Closure
Integral method [71], (b)
stress components near the
crack tip in cylindrical
coordinates [72]

Fig. 16 (a) Crack profile
predicted by FEM for single
crack initiation, (b)
experimental single crack
initiation results in crack
propagating close to the
solder/intermetallic interface
and around the Ag3Sn
particles
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4 Summary

The mechanical properties of Sn-rich solder alloys are

directly related to their heterogeneous microstructure.

Thus, numerical modeling of the properties of these

alloys is most effective when the microstructure is

explicitly incorporated into the model. This review,

provides several examples where 2D and 3D micro-

structures have been used to model the material

behavior using finite element modeling. These included

(a) 3D visualization of the solder microstructure, (b)

3D microstructure-based modeling of tensile behavior,

(c) 2D modeling of the effect of intermetallic volume

fraction and morphology on shear behavior of solder

joints, and (d) prediction of crack growth in solder

joints. In all these cases, the experimentally observed

behavior matched very well with the microstructure-

based models.
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Abstract Plastic deformation, creep and deformation

twinning of b-tin and some tin alloys related to Pb-free

solder applications are reviewed. The results are sum-

marized and evaluated among conflicting findings and

conclusions. The studies are helpful for the search of

the best Pb-free solder with reliability and long service

life. The areas which need more information are

pointed out.

1 Allotropic forms, bct unit cell, slip systems, elastic

constants and self-diffusion

1.1 Allotropic forms

Tin can exist in 3 allotropic forms, a the gray diamond

cubic tin, b thewhite tetragonal tin and c the rhombic tin.

Asmentioned byTyte [1] the transition between the first

two is at 18�C and that between the latter two is at

202.8�C. However, the Wikipedia (http://www.en.wiki-

pedia.org/wiki/Tin) listed the first transition at 13.2�C.
The transition from white tin to gray tin upon cooling is

called ‘‘tin pest’’ or ‘‘tin disease’’ which can beprevented

by adding impurities such as Sb or Bi. The effect of cyclic

deformation on the b fi a transformation was investi-

gated by Löhberg and Moustafa [2] with decreased

incubation time and increased growth rate and trans-

formed area. For solder applications, the bct (body

centered tetragonal) b tin is the most important.

1.2 The bct unit cell

The bct unit cell is shown in Fig. 1 taken from Chu and

Li [3]. The dimensions are a = 0.58194 nm and

c = 0.31753 nm (c/a = 0.54564). In addition to the 8

atoms at the corners and one at the center, there are 4

more atoms on the four faces with locations such as [0,

1/2, 3/4] and [1/2, 0, 1/4]. So there are 4 atoms per unit

cell. Each atom has 4 nearest neighbors at 0.30160 nm,

2 next nearest neighbors at c = 0.31753 nm and 8 third

nearest neighbors at 0.44106 nm. The lattice is a dis-

torted diamond cubic lattice (see [4]). When c=a ¼ ffiffiffi
2

p
it is equivalent to the diamond cubic lattice.

1.3 Thermal expansion

Subramanian and Lee [5] quoted from Barrett [6] the

coefficient of linear thermal expansion as 15.4 · 10–6 in

the a direction and 30.5 · 10–6 in the c direction. They

believe that this difference in thermal expansion will

cause internal stress to develop in solders from thermal

excursions.

1.4 Slip systems

As shown in Fig. 1 there are a total of 6 possible

common families of slip systems [7] and [8]:

ðaÞ ð110Þ½�111� ðbÞ ð110Þ½001� ðcÞ ð100Þ½010�
ðdÞ ð100Þ½001� ðeÞ ð101Þ½�101� ðfÞ ð121Þ½�101�
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However from the slip line observations around an

indenter, Chu and Li [3] showed that only the first 3 are

possible. Tyte [1] mentioned some earlier work of Mark

and Polanyi [9] who found that type (b) was the most

frequent but all others were possible. Obinata and

Schmid [10] repeated their experiments and found

types (b) and (d) are most frequent but types (e) and (f)

are also possible. Weertman and Breen [11] observed

type (c) in tensile creep of [110] single crystals. Kir-

ichenko and Soldatov [12] did tensile creep at below

78 K for single crystals oriented near [110] and found

types (a), (c), (e) and (f) slip systems operating. Ojima

and Hirokawa [13] found the slip system of type (c)

operating in a tensile test of single crystals. They found

that these dislocations can form polygonized walls at

15�C. Nagasaka [14] showed in a tensile test of single

crystals slip systems for types (a) and (c). From X-ray

topography, Fiedler and Lang [15] found dislocations in

bct tin with only [001] and 0.5[111] types consistent with

the calculations of Fiedler and Vagera [16] that these

two types have the lowest energy based on Stroh’s [17]

anisotropic elasticity results. More recently Duzgun

and Aytas [18] summaried previous results including

the work of Honda [19–21] with 6 more possibilities:

ðgÞ ð100Þ½011� ðhÞ ð101Þ½11�1� ðiÞ ð101Þ½010�
ðjÞ ð001Þ½100� ðkÞ ð001Þ½110� ðlÞ ð121Þ½1�11�

However, their own observation included only

(c), (f) and (g) types. Nagasaka [14] also observed

the (g) types. For the size of the Burgers vec-

tor, b[111] = 0.4411 nm, b[001] = 0.3157 nm, b[100] =

0.5819 nm and b[101] = 0.66293 nm. Hence it is likely

only the first 3 families of slip systems and the type (g)

are operating at low temperatures and the rest at high

temperatures and/or high stresses.

1.5 Elastic constants

The Young modulus of polycrystalline tin is given by

Rotherham et al. [22]:

EðMPaÞ ¼ 76087� 109TðKÞ ð1Þ

More recently Fraizier [23] used laser ultrasonics to

determine the adiabatic moduli of tin at different

temperatures and presented the following results in

GPa between 305 K and 501 K:

B ¼ 70:5� 15:6T=Tm E ¼ 71:0� 32:4T=Tm

G ¼ 26:5� 12:6T=Tm

ð2Þ

where Tm is the absolute melting temperature,

505.08 K, B is the bulk modulus, E is Young’s modulus

and G is shear modulus. They also presented the fol-

lowing densities for solid and liquid tin in kg/m3

between 100 K and 500 K:

qS ¼ q0=½1þ athðT � T0Þ�3
qL ¼ 6980� 0:61ðT � TmÞ

ð3Þ

where T0 is 293 K and q0 is 7,282 kg/m3. The density of

liquid tin is from Takamishi and Roderick [24].

Mathew et al. [25] calculated the 2nd and 3rd

order elastic constants for bct tin from deformation

theory and compared with experimental results. His

results for the 2nd order elastic constants are given

below in GPa:

c11 ¼ 73:5ð73:5; 83:7Þ c12 ¼ 44:2ð23:4; 48:7Þ
c13 ¼ 40:7ð28; 28:1Þ c33 ¼ 103:0ð87; 96:7Þ
c44 ¼ 38:3ð22; 17:5Þ c66 ¼ 42:8ð22:65:7:41Þ

The experimental results are in the parentheses in

which the first one is from Mason and Bommel [26] and

the second one is from Bridgeman [27]. The 3rd order

elastic constants in GPa are:

c111 ¼ �410:0ð�410Þ c112 ¼ �246:9ð�553Þ
c113 ¼ �202:3ð�467Þ c123 ¼ �100:2ð128Þ
c133 ¼ �259:4ð�156Þ c144 ¼ �76:0ð�162Þ
c155 ¼ �208:1ð�177Þ c166 ¼ �242:3ð�191Þ
c333 ¼ �929:5ð�1427Þ c344 ¼ �200:4ð�212Þ
c366 ¼ �72:2ð�78Þ c456 ¼ �72:2ð�52Þ

The experimental values in the parentheses are from

Swartz et al. [28]. Based on finite strain elasticity the

pressure derivatives of the 2nd order elastic constants

are:

Fig. 1 The unit cell of bct tin and some common slip systems,
Chu and Li [3]
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dC0
11=dp ¼ 3:32ð7:49; 6:48Þ dC0

12=dp ¼ 3:46ð6:71; 5:61Þ
dC0

13=dp ¼ 3:04ð��; 2:96Þ dC0
33=dp ¼ 5:68ð9:87; 8:87Þ

dC0
44=dp ¼ 1:68ð3:22; 2:22Þ dC0

66=dp ¼ 2:30ð1:61; 1:61Þ

The values in the parentheses are from Swartz et al.

[28] measured experimentally and from Rao and

Padmaja [29] calculated using the same equations.

Since c33 is greater than c11 the bindings between atoms

in the ab plane are somewhat weaker than along the c

direction. Furthermore, since c333 has a higher magni-

tude than others, it shows a greater anharmonicity

along the c axis.

1.6 Self-diffusion in b-Sn

Self-diffusivities in b-Sn were measured first by Fen-

sham [30] using a radioactive isotope Sn113 which had a

half life of about 100 days. During preparation of the

isotope by neutron irradiation, another radioactive

species Sn125 was formed also which decayed in 9 min

to become Sb125 by emitting a b ray. This impurity

Sb125 must be carefully removed by precipitation.

Single crystals of pure tin (99.998%) were grown, cut

into samples and annealed at 150�C for a few hours.

One face of the crystal was electro-polished before the

application of the isotope layer. Their results showed

the self-diffusivity in the c direction 2–3 times higher

than that perpendicular to the c direction. This is

inconsistent with the fact that binding in the c direction

is stronger than that perpendicular to the c direction.

The activation energies are 25 kJ/mol in the c direction

and 44 kJ/mol perpendicular to the c direction. These

energies did not agree with the activation energies for

high temperature creep.

In view of these discrepancies, Meakin and Klok-

holm [31] repeated these experiments. Contrary to

earlier findings, they found the self-diffusivity in the c

direction only about 50% of that perpendicular to the c

direction. The activation energies were 107 J/mol in the c

direction and 98 J/mol perpendicular to the c direction.

These are more consistent with atomic bindings and

creep data. However in the same year, Chomka and

Andruszkiewicz [32] reported diffusivities of Sn, Zn

and Co in single and polycrystals of b-tin. While they

did not differentiate between c and a directions, they

found self-diffusivity of Sn in polycrystals slightly lar-

ger (about 50%) than that in single crystals. But the

activation energy was 45 kJ/mol, more in line with

Fensham’s data perpendicular to the c direction. So the

discrepancy remained.

In 1964, Coston and Nachtrieb [33] determined the

activation volume for self-diffusion of Sn by measuring

the self-diffusivity under high pressure. They grew large

single crystals of pure tin (99.999%). The quality was

checked with amodified Laue back-reflection technique

with a beam large enough to cover a 1 cm2 area. Only

crystals showing nearly perfect spots were used. They

found that the self-diffusivity in the c direction is about

45% of that perpendicular to the c direction. This ratio

appeared independent of pressure up to 10 kbars for

about 30 measurements. The activation energies were

107 kJ/mol in the c direction and 105 kJ/mol perpen-

dicular to the c direction. These findings were consistent

with those of Meakin and Klokholm [31].

However in 1967, Pawlicki [34] studied self-diffusion

in polycrystals of tin by measuring continuously the

radioactivity on the other side of the specimen without

sectioning. The sample was a thin disk of 2 cm diam-

eter and 0.1 mm thick. The starting grain size was

0.5 mm but annealing for 4 h at 200�C made them

grow to about 1 mm. Thus the grains were much larger

than the thickness of the specimen implying only one

grain through the thickness. The activation energy was

found to be 32 kJ/mol.

In an attempt to understand the discrepancies

among the various measurements, all the published

data are plotted in Fig. 2. While Pawlicki [34] claimed

that his activation energy agreed with earlier results

of Fensham [30] and Chomka and Andruszkiewicz

[32] by ignoring the work of Meakin and Klokholm

[31] and that of Coston and Nachtrieb [33], his dif-

fusivities were an order of magnitude higher than

earlier results. It is likely that Pawlicki was measur-

ing the self-diffusivity in the grain boundaries which

traversed the thickness of his specimen. On the other

hand, the results of Meakin and Klokholm [31]

agreed very well with those of Coston and Nachtrieb

[33] both in the c direction and perpendicular to the

c direction. Both sets of data covered a large tem-

perature range with a single activation energy. The

crystals were nearly perfect in both cases, especially

those of Coston and Nachtrieb [33] who took special

caution to make sure nearly perfect crystals by X-ray

inspection of a large area.

The other sets of data did not agree with each other

except those of Chomka and Andruszkeiwicz [32] for

single crystals whose high temperature data seemed to

approach those of Meakin and Klokholm [31] or those

of Coston and Nachtrieb [33]. The high temperature

data of Fensham [30] perpendicular to the c direction

behaved similarly. Such behavior is typical of two

parallel processes with different activation energies

taking place simultaneously (see [35]). One of them is

the lattice self-diffusion and the other is most likely the

self-diffusion along individual dislocations or along the
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subboundary dislocations. The transition temperature

will depend on the density of these short-cut paths. For

the case of Chomka and Andruszkeiwicz [32] and the

case of Fensham [30] perpendicular to the c direction,

the density of fast paths was low so that the transition

temperature was about 500 K. However, for the case of

Pawlicki [34] and the case of Fensham [30] along the c

direction, the density of fast paths was high so that the

transition temperature was even higher than 500 K.

We suggest that the diffusion experiments for single

crystals be repeated with different levels of dislocation

densities.

Our conclusion is that the best set of lattice self-

diffusion data is those of Coston and Nachtrieb [33]

who showed that the self-diffusivities along the c

direction were about 45% slower than those per-

pendicular to the c direction for all temperatures

and pressures. The activation volume is about a

third of atomic volume, 5.3 ± 0.3 cc/g-atom, inde-

pendent of temperature. This activation volume

agrees with that for creep as measured by DeVries

et al. [36] (see Section 3.6 later). The activation

energy is about 106 kJ/mol for both directions which

agrees with that obtained for high temperature

(>150�C) creep.

2 Low temperature deformation

Natsik et al. [37] studied tensile creep of single crystal

b-Sn in the temperature range of 0.45–4.2 K for the slip

system of type (c) (see Section 1.4 above) and con-

cluded that below about 1 K, the flow stress is athermal

at about 10 MPa. They thought that the nucleation of

kink pairs occurs by a quantum tunneling effect

through the Peierls barrier. The deformation was in a

normal state (rather than superconducting) by using an

above-critical longitudinal magnetic field. By examin-

ing the logarithmic creep behavior, the mechanism

above 1 K appeared different from that below 1 K and

could be the thermal nucleation of double kinks. The

estimated energy barrier was 0.005 eV or 480 J/mol.

The effect of superconducting transition on the

creep behavior was reported by Soldatov et al. [38].

Briefly when a normal conducting single crystal b-Sn
was creeping under stress at 1.6 K, a transition to

superconducting by removing the magnetic field caused

a sudden increase in creep strain of about 0.5% which

decreased with increasing prior strain. They claimed to

have 3 stages and discussed some more in a subsequent

publication [39]. Nothing happened in the reverse

transition from superconducting to the normal state.

Earlier Kirichenko and Soldatov [12] made tensile

creep measurements at 1.5–78 K for single crystals of

pure (99.9995) tin near [110] orientation with possible

slip systems of types (c) and (f). They showed loga-

rithmic creep at each temperature and different

amounts of prior strain at the same temperature. The

temperature dependence of flow stress had a sudden

drop at 65 K. Later Kirichedo et al. [40] showed solid

solution hardening with Cd up to 0.53 at.% with the

sudden drop disappeared completely at this concen-

tration. More recently Diulin et al. [41] studied

deformation of Sn single crystals with Cd, In and Zn

impurities between 1.6 K and 150 K with the slip sys-

tem of type (c) operating. The extra hump at about

60 K in the yield stress–temperature relation found in

pure tin still existed for alloys of low concentration

even though the yield stress for alloys was lower (solid

solution softening). However, the hump disappeared

when the concentration of impurity was sufficiently

high, 0.53 at.% for all three alloys. The stress depen-

dence of activation strain volume had a peak at about

6 K for pure tin. This peak shifted to higher tempera-

ture for low concentration alloys and disappeared for

alloys of sufficiently high concentration, 0.53 at.% for

all three alloys.

Fujiwara and Hirokawa [42] deformed single crystal

of 2 · 5 · 75 mm3 of 99.999%Sn in tension at 288 K

with the 75 mm direction parallel to [110] and the

5 · 75 face parallel to (001). The (001) surface was

etched after deformation to count the dislocations.

Then a layer of the surface (10–20 lm) was removed

by chemical polishing and etched again to reveal the

dislocations inside the crystal. They found that the

density of dislocations was high near the surface than

in the interior by a factor or 10 or more. The ratio was

less if the deformation took place in a chemical pol-

ishing solution which removed the surface at 250 nm/

min. The dislocation density on the surface was higher
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Fig. 2 Self-diffusion of b-Sn [30–34]
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for higher applied stress. The surface hardening layer

was about 60–80 lm. This implies that the dislocations

are initiated from the surface sources and any inden-

tation test especially nano indenters will sense only the

surface layer with high dislocation densities.

Fujiwara [43] made indentations on (001), (554) and

(110) surfaces of tin (99.999%) by conical, Vickers and

a wedge shaped indenters. For the conical indenter,

they observed possible active slip systems of types (b)

and (d) on (001) and (554) surfaces and of types (a), (c)

and (g) on (554) and (110) surfaces. For the Vickers

indenter on the (110) surface, the slip systems did not

seem to change with the orientation of the indenter.

For a wedge shaped indenter on the (110) surface, the

slip systems just under the indenter seemed to be of

types (c) and (g) and those near the pileup surface type

(a). The slip systems changed when the indenter sank

further into the surface.

Nagasaka [14] showed tensile stress-strain curves at

1.7 · 10–5/s for 3 different orientations of single crystal

tin between 77 (liquid nitrogen) and 435 K. In one

crystal, the slip systems were of type (g) at 77 K but

changed to type (c) at 200, 295 and 435 K. For another

crystal oriented at [100] the slip system was of type (g)

at 77 K but changed to type (a) at 160, 295 and 435 K.

The slip system of type (a) appeared to have the

strongest temperature dependence. The critical re-

solved shear stress changed from 11 MPa at 160 K to

50 KPa at 435 K. Later Nagasaka [44] studied the

strain rate (4 · 10–5 – 4 · 10–3/s) and temperature

(200–500 K) dependences of yield stress for a single

crystal of [100] orientation. The slip system of type (a)

was found operating. He reported two yield points

below 300 K, the first appeared to arise from a sudden

multiplication of dislocations and the second the dis-

sociation of the cell structure. The strain rate ( _c) and
temperature (T) effects gave the following stress

exponents n and activation energy Q:

Note that Q was obtained by plotting logð _cTÞ versus

1/T.

Ekinci et al. [45] showed stress–strain curves in a

tensile test at 293 K for single crystals of 3 different

orientations [001], [110] and [ 1�10] in a range of strain

rates between 1 · 10–4/s to 4.5 · 10–3/s. From the strain

rate dependence of yield stress a stress exponent of 4.5

can be obtained for the [001] orientation. The slip lines

were observed but no slip systems determined.

3 Creep deformation

3.1 Uniaxial creep

Tyte [1] conducted the constant-load creep test of tin

wire in the stress range of 0.73–12.83 MPa and the

temperature range of 292–480 K. A constant rate of

extension was observed in the small strain range at each

stress and temperature. A plot of the log rate of exten-

sion versus load showed two straight line portions with

different temperature dependences. His empirical

equations relating creep rate with stress and tempera-

ture did not yield any quantities with physical meaning

since at the timeour understandingof creepwas still very

limited. Using Tyte’s data Breen and Weertman [46]

found that the activation energy was around 31 kJ/mol

at low temperatures (below about 150�C).
Breen and Weertman [46] reported the constant-

stress creep test of polycrystalline tin in the stress range

of 4.34–9.61 MPa and the temperature range of

294.1–497.5 K. The composition of the specimen was

99.9%Sn, 0.01%Cu, 0.01%Pb, 0.01%Bi, 0.01%Fe. Two

groups of specimens were used with different grain

sizes, 53.0 grains/mm2 and 715 grains/mm2. Little

transient creep was observed. The creep rate of the fine

grain tin was much higher than that of the coarse grain

tin. They demonstrated the difference between the

constant-load creep and constant-stress creep. Clearly,

there was no steady state creep for the constant-load

creep due to the change of cross-sectional area. From

the creep rate at different temperatures and tensile

stresses, they were able to determine the temperature

dependence of the steady-state creep. Two activation

energies were obtained of 46 kJ/mol at low tempera-

tures and 109 kJ/mol in the temperature range of 363–

433 K. The stress exponent was 4.6 at low temperatures.

Using the constant-stress creep under tensile load-

ing, Weertman and Breen [11] determined the activa-

tion energy of the creep deformation for a series of tin

single crystals oriented with the specimen axis close to

a [110] direction in the temperature range of 304–

492 K and the stress range of 0.6–6 MPa. Specimens

oriented with the specimen axis near a [110] direction

deformed by extensive double slip at all temperatures

on the two type (c) slip systems. Two activation ener-

gies were found. One was 92.1 kJ/mol for temperature

above 403 K, and the other 46.1 kJ/mol for tempera-

ture below 403 K. The stress exponent varied from

Temperature (K) First yield point Second yield point

n Q, kJ/mol n Q, kJ/mol

200–250 4.2 48 – –
250–480 3.8 48 3.9 48
480–500 3.8 128 3.9 128
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3.6 to 5.1. Later, Weertman [47] studied the compres-

sional creep of tin single crystals and obtained similar

results. There were two activation energies, one was

102.6 kJ/mol for temperature above 393 K, and the

other 50.2 kJ/mol for temperature below 393 K.

Frenkel et al. [48] evaluated the creep deformation

of tin under constant load in the temperature range of

298–478 K. They obtained the activation energy of

87.9 kJ/mol, which was close to the activation energy,

80.4 kJ/mol, of the grain boundary shearing given by

Puttick and King [49].

Using the technique of temperature changes during

a creep test, Wiseman et al. [50] determined the acti-

vation energy of the creep deformation of tin in the

forms of single crystals and polycrystals. The testing

temperatures were in the range of 351–394.7 K for

single crystals and 320–325 K for polycrystals. Both

single crystals and polycrystalline tin had the same

activation energy of 96.2 kJ/mol. They suggested that

the creep deformation was controlled by the grain-

boundary shearing arising from crystallographic

mechanisms of deformation in the vicinity of the grain

boundaries, since the activation energy was closer to

the activation energy, 80.4 kJ/mol, of the grain

boundary shearing in tin.

Bonar and Craig [51], using the cycling of tempera-

ture and the constant-stress creep, studied the creep

behavior of tin in the temperature range of 300–350 K.

Spectrographically pure tin (98.998%) and zone-refined

tin (99.999%+) were used in the tests. The zone-refined

tin had higher creep rate than the spectrographically

pure tin. Both had the same activation energy of

37.7 kJ/mol for the creep deformation. They concluded

that the activation was not measurably affected

by minor impurities, as pointed out by Sherby and

Dorn [52].

To determine whether cross-slip or other non-dif-

fusional controlled processes are the rate controlling

mechanisms in the creep deformation of tin, Suh et al.

[53, 54] used X-ray diffraction to study the misorien-

tation of subgrains during the creep of tin single crys-

tals. The creep tests were performed on pure tin single

crystals with the [100] direction as the tensile axis in

the temperature range of 303–473 K and the constant

stresses of 1 MPa and 1.57 MPa. Two activation

energies were observed with the transition temperature

of 423 K. Above the transition temperature the acti-

vation energy of the creep deformation was 98–118 kJ/

mol, which was very close to the activation energy of

self-diffusion in tin. Below the transition temperature,

the activation energy was 40–52 kJ/mol, which was

about one half of that of the self-diffusion. They found

that the average subgrain misorientation angles for

specimens crept at 303 K and 373 K increased contin-

uously with the creep strain. No abrupt change of angle

was observed at the transition temperature. They

concluded that a cross-slip controlled mechanism can

not control the creep deformation below the transition

temperature and dislocation climb likely controls the

creep of tin both above and below the transition tem-

perature. They proposed that dislocation pipe diffusion

might involve in the control of the creep deformation.

One of the problems involving the dislocation pipe

diffusion is that there have no direct experimental re-

sults on the measurement of diffusivity for the dislo-

cation pipe diffusion.

Adeva et al. [55] used the technique of constant

strain rate of 0.1/min to do tensile test of polycrystal-

line tin in the temperature range of 20–190�C. The wire
sample had a diameter of 3 mm and a gage length of

2 cm. The sample annealed and deformed at 20�C had

a grain size of about 0.3 mm but that annealed and

deformed at 190�C had a grain size of 0.7 mm. The

fracture was of chisel point type at 20�C and of shear

type with cracking along a shear band at 190�C. The
low temperature deformation had higher ductility with

double elongation to fracture. The authors thought it

was due to more grains in the cross section for the low

temperature specimen. In situ tensile deformation of a

thin film specimen (40 lm thick, 3 mm wide at a strain

rate of 0.02/min) in the SEM showed that the prevail-

ing mechanism is slip. Grain growth was evident at

190�C but dynamic recrystallization was not important

in controlling the deformation. They used the change

of strain rate to determine the stress exponent which

was about 6 in the stress range of 1.8–18 MPa. An

activation energy of 35 kJ/mol was obtained in the

temperature range. They suggested that the slip pro-

cess was controlled by dislocation pipe diffusion.

McCabe and Fine [56] studied the creep behavior of

tin (99.86%) using the constant stress creep and

stepped stress tests. The tensile stress was in the range

of 2–78 MPa, and the temperature in the range of

123–175�C. Two regions of different stress expo-

nents and activation energies were observed. They

obtained a stress exponent of 8.6 and an activation

energy 73 kJ/mol at intermediate stresses while they

found a stress exponent of 6 and an activation energy

36 kJ/mol at the high stresses. Their results differed

from most reported in the literature probably due to

the impure tin they used.

Mathew et al. [57] recently determined the charac-

teristics of the creep deformation in tin in the tem-

perature range of 23–200�C and the stress range of

1–30 MPa. The constant-load creep was used in the

tests. When a steady state was reached, the stress was
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increased to reach another steady state. A power-law

break down was observed in the high stress region at

room temperature. By using the Garofalo [58] empir-

ical relation, they were able to combine the low and

high stress data into a single power law relation of a

hyperbolic sine function of stress. They obtained a

stress exponent of 7.6 and an activation energy of

60.3 kJ/mol. Their results were compatible with those

of McCabe and Fine [56] at intermediate stresses. It is

unclear what purity of tin was used in their work.

3.2 Impression creep

Chu and Li [3] studied the impression creep of b-tin
single crystals in three orientations: [001], [100] and

[110] in the temperature range of 313–481 K and the

punching stress range of 7.53–47.7 MPa. They ob-

served two parallel processes in controlling the

impression creep of tin. The activation energy for all

three orientations at high temperatures was 104.7–

108.9 kJ/mol, and showed no obvious effect of stress.

The value was comparable to that for lattice diffusion.

For the deformation process at low temperatures, the

activation energy was stress dependent, which was

34.3 kJ/mol for the [001] orientation at 16–20 MPa,

41.9 kJ/mol for [100] at 12–16 MPa, and 39.4 kJ/mol

for [110] at 16–20 MPa. For all orientations and all

temperatures, the stress dependence of the impression

velocity followed a power law with stress exponents

between 3.6 and 5.0. Slip lines developed around the

impression were more numerous at low temperatures

than at high temperatures; and pencil slip was observed

at low temperatures. They concluded that the defor-

mation process at low temperatures was dislocation

slip and at high temperatures dislocation climb.

Park et al. [59] compared the impression creep and

compression creep of polycrystalline b-tin in the tem-

perature range of 323–423 K. The punching stress was

in the range of 10–50 MPa, and the compressive stress

in the range of 3–20 MPa. The tin sample had a grain

size of 20–30 lm. For impression test, the tungsten

carbide punch had a diameter of 100 lm. For com-

pression test the sample had 3 mm length and 3 mm

diameter. They found stress exponent 5 and activation

energy 43 kJ/mol for the impression test and stress

exponent 5 and activation energy 41 kJ/mol for the

compression test. These results are consistent with the

those given by Chu and Li [3] for the impression creep

of b-tin single crystals below 150�C. They concluded

that the deformation mechanism was dislocation core

diffusion. But the core diffusion is a climb process and

Chu and Li [3] observed extensive slip lines around the

impression below 150�C.

Long et al. [60] did finite element modeling of

impression creep and found the plastic zone was cen-

tered at about 0.5/ below the punch where / is the

punch diameter. The size of the plastic zone was about

3/. These findings are consistent with the observation

of etch pits in LiF reported earlier by Yu and Li [61].

The simulated stress exponent, 5.87–5.95 and activa-

tion energy, 56–60 kJ/mol for impression creep were

very close to the input values, 6 (stress exponent) and

61 kJ/mol for the deformation of each element. Similar

findings were reported earlier by Yu and Li [62] and

others, see a review by Li [63].

3.3 Indentation creep

Mayo and Nix [64] used a micro-indentation technique

to determining the strain rate sensitivity of tin at room

temperature. They defined the indentation stress as the

load divided by the projected contact area and the

indentation strain rate to be the indentation velocity

divided by its corresponding depth. They used constant

indentation loading rate in evaluating the stress

dependence of the strain rate. For indentations made

in the middle of large Sn grains the stress exponent was

11.4, which was much higher than the results reported

in conventional creep tests. They suggested that single

grain indentation tests were not equivalent to the

tension creep of single crystal, since several slip sys-

tems must operate during indentation. For the inden-

tations of small grained tin, the stress exponent was 6.3.

In view of the fact that impression creep requires some

time to reach steady state, indentation creep has the

risk of measuring transient rates all the time.

Differing from the approach used by Mayo and Nix

[64] in indentation test, Raman and Berrich [65] per-

formed constant load indentation test of polycrystal-

line Sn at room temperature. The variation of the

indentation depth with time was monitored, from

which the indentation strain rate (depth rate divided by

depth) was calculated. The stress exponent obtained

was in the range of 6.7–8.1. They also performed the

load change test and found larger changes of strain rate

compared to the individual tests. The results showed an

absence of the effect of grain size on the stress expo-

nent. They concluded that grain boundary sliding was

unimportant while dislocation creep was operative in

the nanoindentation creep of tin without characterizing

the temperature dependence of the indentation creep.

As mentioned earlier, the lack of steady state is a

problem with such tests.

Fujiwara and Otsuka [66–67] studied the indentation

creep of b-tin single crystal in the temperatures range

of 303–483 K and the indentation loads between 0.2 N
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and 0.49 N. The stress exponents obtained were 6.5,

6.1–5.2 and 4.5 for the temperature ranges of 303–403,

414–416 and 418–483 K, respectively. The activation

energies were 49 kJ/mol in the temperature range of

303–403 K and 110 kJ/mol in the high temperature

range of 418–483 K. They suggested that the pipe dif-

fusion was controlling in the low temperature region

and lattice diffusion dominated the indentation creep

in the high-temperature region. But core diffusion is a

climb process inconsistent with the observation of slip

lines. Here again since indentation creep shows no

steady state, it could be in the transient stage all the

time. The results must be compared with a tensile

creep test or impression creep test both of which show

steady states.

3.4 Shear testing and grain boundary sliding

It was demonstrated by Kê [68–71] that, in poly-

crystals of Al, the internal friction is low at low

temperatures, but increases rapidly to a maximum

with increasing temperature, then falls to low values

again with further increase in temperature. The peak

temperature depends on the frequency. However in

single crystals the internal friction steadily increases

with temperature at low values without any peak. Kê

concluded that the peak of the internal friction in

polycrystals is due to the grain boundary sliding

controlled by the viscous flow of the grain boundary

layer. Using the same internal friction technique,

Rotherham et al. [22] examined polycrystalline pure

tin crystals (99.992%) in the temperature range of

283–423 K. They obtained an average activation

energy of 80 kJ/mol. To extrapolate to the viscosity

of liquid tin at its melting point (232�C),
0.002 Pa.s, the thickness of the grain boundaries must

be assumed to be 0.6 nm using Kê’s equation or

0.4 nm using the modified equation used by Roth-

erham et al. [22]. Hence grain boundary fluidity is a

possible mechanism for creep at high temperatures.

Puttick and King [49] investigated the grain

boundary sliding in bicrystals of tin in the temperature

range of 453–498 K and the shear stress range of 0.049–

0.206 MPa for straight boundaries subjected to a pure

shear stress. They observed three types of relative

motion over the boundaries. For the motion of type A,

the displacement occurred relatively rapidly at first and

then slowed down continuously to become very small

after 30–40 h. The initial rate of the displacement was

of the order of 10 lm/h, and the initial portion of the

displacement versus time appeared to be linear. At

lower temperatures this initial steady state rate might

persist for some hours; at higher temperatures the

linear portion was not so clearly defined. For the

motion of type B, there was a short period during

which the displacement was a linear function of time.

For the motion of type C, the displacement started off

similar to that of the type A, after the initial rate

decreased for a certain time, the rate increased again,

only to decrease and then increase once more before

finally attaining a low value. At each temperature, they

observed that the displacement rate was proportional

to the stress (the stress exponent was one) and

obtained the activation energy of 80.4 kJ/mol consis-

tent with internal friction studies.

Mohamed et al. [72] used the double shear tech-

nique to study the creep deformation of pure tin

(99.999%) in the temperature range of 402 ~495 K and

the stress range of 0.034–0.69 MPa. They observed a

transition of the stress dependence from the stress

exponent of 6.6 at high stresses to 1 at low stresses.

The shear stress for the transition was 0.22 MPa at

495 K. The activation energy was determined to be

93.6 kJ/mol in the high stress region. The creep rate

was two orders of magnitude above the Nabarro–

Herring creep. They attributed the creep at low stress

levels to the Harper–Dorn creep which could have a

dislocation mechanism.

3.5 Torsional creep

Zama et al. [73] performed the torsional creep-test of

tin. The torsional test eliminated the variation of the

cross-sectional area during the test and simplified

the maintenance of a uniform temperature along the

length of the specimen. A constant torque was

applied to the specimen to create a constant angular

shear rate. At temperatures below ~488 K the steady-

state creep rate at constant torques gave the activa-

tion energy of 94.2 kJ/mol and the stress exponent of

4.5–5.0. The activation energy was consistent with

those reported by using tensile creep tests and the

shear creep tests. They suggested that, at high tem-

peratures, grain boundary slip could contribute to the

overall deformation. The problem with torsional test

is that the applied stress is not as uniform as in a

tension or compression test.

3.6 Bending creep under pressure

DeVries et al. [36] did bending creep of tin under

high pressure (up to 7 kbar) to obtain the activation

volume. The beam sample had 2.4 cm long, 0.275 cm

wide and 0.25–0.35 cm thick with a grain size of

about 0.1 mm. The loading of about 1.5 kg was at
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the center. The pressure medium was kerosene or

Dow Corning 200 fluid. The activation volume

obtained was about a third of atomic volume,

8.5 ± 2 Å3 or 5.1 ± 1.2 cc/g-atom in the temperature

range between 0 �C and 27�C. This agrees with the

activation volume for self diffusion determined by

Coston and Nachtrieb [33], 5.3 ± 0.3 cc/g-atom, for

both a and c directions in a single crystal, see Section

1.6 before.

4 Creep deformation of Sn–Ag based alloys

Due to the increasing environmental and health

concerns, many countries have regulated the use of

traditional tin-lead (Sn–Pb) based solders in micro-

electronic packaging and assembly [74, 75]. The tin-

silver (Sn–Ag) based alloys have become a possible

replacement of Sn–Pb based solders. In service, the

temperature of interconnection in microelectronic

devices and systems ranges between 293 K and 373 K,

corresponding to high homologous temperatures of

the Sn–Ag based alloys (0.6–0.8 Tm). In this temper-

ature range, the creep deformation is important for

structural integrity of microelectronic interconnec-

tions.

4.1 Uniaxial testing

Plumbridge and Gagg [76] performed tensile tests of

Sn3.5 wt.%Ag, Sn0.5 wt.%Cu and Sn37 wt.%Pb in the

temperature range of 263–348 K and the strain rate

range of 10–3~10–1 s–1. The Pb–Sn alloy exhibited a

cup-and-cone type of fracture, the Cu alloy failed in

shear and the Ag alloy produced a chisel type of pro-

file. They found that the strain rate hardening expo-

nent (1/n) saturated to a constant value at strains above

1%. The stress exponents were 10, 8 and 9 at – 10, 22

and 75�C respectively. These numbers were 25, 20 and

5 for the Pb alloy and 8, 13 and 14 for the Cu alloy. The

work hardening exponents were small, varying be-

tween 0.005 and 0.43 depending on both the tempera-

ture and strain rate.

Amagai et al. [77] did tensile tests on Sn3.5Ag0.75-

Cu and Sn2Ag0.5Cu alloys. The specimen had 1 cm

diameter and 5 cm gage length with a total length of

14 cm. The temperature range was – 25�C to 125�C
and elongation rate was 1, 10 and 100 mm/min. They

used a hyperbolic sine function raised to a power of

about 6 to describe the stress dependence of strain rate.

The activation energy obtained was about 70 kJ/mol

for both alloys.

Huang et al. [78] studied the constant-load tensile

creep of Sn3.5Ag alloy at three temperatures of 30, 75

and 120�C in the stress range of 8–40 MPa. The

microstructure of the as solidified eutectic Sn–Ag sol-

der consisted of dendritic b-Sn and spherical particles

(0.5 lm) of Ag3Sn finely dispersed in the matrix of

b-Sn. The Ag3Sn dispersed regions were separated

from b-Sn regions giving the appearance of a network

structure with the b-Sn elongated ‘‘grains’’ (10–20 lm)

surrounded by the dispersed regions (1–2 lm thick).

The weight fraction of Ag3Sn is about 4.8% and the

volume fraction, 4%. At 23�C and 0.3/min strain rate,

the UTS was 52 MPa and the 0.2% yield stress was

42 MPa, the elongation to fracture was 48% and the

reduction in area was 83%. There appeared to be a

power-law breakdown at high stresses – 23.5 MPa at

120�C, 27.3 MPa at 30�C and 24.5 MPa at 75�C. The
stress exponent at low stresses increased with

decreasing temperature and was 12.3 at 30�C, 11.0 at

75�C, and 10.1 at 120�C. The activation energy was

83 kJ/mol and 75 kJ/mol at constant stresses of

15.9 MPa and 20 MPa, respectively. They attributed

the higher values of the stress exponent to the

strengthening effect of the second phase, Ag3Sn, as

suggested by McCabe and Fine [56] in the study of the

creep behavior of Sb-solution-strengthened tin and

SbSn-precipitate-strengthened tin. Assuming that

the creep rate was controlled by detachment of

dislocations from particles, they expressed the steady-

state creep rate as (Cadek [79]):

_e ¼ aGb

kT

r� rth
G

� �n

exp � Q

RT

� �
ð4Þ

where rth is the threshold stress which was found to be

about 10 MPa at 30�C, 6 MPa at 75�C and 4.1 MPa at

120�C. These stresses did not scale with the shear

modulus. The stress exponent n was found to be 7.

They used the following equation to calculate the

‘‘true’’ creep activation energy, Qt,

Qt ¼ Q� nR
T2

E

dE

dT
ð5Þ

where E is Young’s modulus of the Sn3.5Ag alloy; and

they obtained ‘‘true’’ creep activation energy of 79 kJ/

mol at 30�C, 86 kJ/mol at 75�C, and 97 kJ/mol at

120�C. They concluded that the steady-state creep was

controlled by the dislocation-pipe diffusion.

Yu et al. [80] evaluated the constant-load tensile

creep rupture behavior of Sn3.5Ag based ternary alloys

at temperature of 373 K. From the stress effect of

minimum creep rate (n) and the stress effect of rupture
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time (m), their results for the various alloys are shown

in the following table:

The minimum creep rate and rupture time were

expresssed by:

_emin ¼ Brn tf ¼ Cr�m ð6Þ

The constant load creep curve was fitted by the

following equation:

e
ef
¼ 1� 1� t

tf

� �1� n
1þ/

ð7Þ

The 0.75% Cu alloy showed the lowest creep rate

and longest rupture time while the 10% Bi alloy

showed the highest creep rate and shortest rupture

time. The values of n and m are similar. The large n for

the two Cu alloys could be related to the finely

dispersed Cu6Sn5 particles. The rupture strain for the

Cu alloys was about 0.5 ± 0.15.

Kim et al. [81] used the constant-strain rate tensile

test to study the effects of cooling speed on the tensile

properties of Sn–Ag–Cu alloys at room temperature

and at three strain rates of 10–4, 10–3 and 10–2/s.

The compositions of the alloys were Sn3.0Ag0.5Cu,

Sn2.5Ag0.7Cu, and Sn3.9Ag0.6Cu. Three cooling rates

were used: 0.012, 0.43 and 8.3�C/s after casting. The

strain rate exponents were 12 for Sn3.0Ag0.5Cu and 12

for Sn3.9Ag0.6Cu. For Sn3.5Ag0.7Cu, the stress

exponent was 9 and 17 for the cooling rates of 8.3�C/s
and 0.012�C/s, respectively.

Vianco et al. [82–83] studied the compression creep

behavior of Sn3.9Ag0.6Cu in the as cast condition as

well as after aging. The sample was a cylinder of 1 cm

diameter and 1.9 cm long under a stress of 2–45 MPa

and at a temperature between – 25�C and 160�C. The
stress dependence of creep rate could be described by a

hyperbolic sine power law or just a power law. In each

case there appeared to have two processes involved.

For the hyperbolic sine power law, the exponent was

4.4 ± 0.7 and the activation energy was 25 ± 7 kJ/mol

for the low temperature process ( < 75�C) and 5.2 ± 0.8

and 95 ± 14 kJ/mol for the high temperature process

(>75�C). A threshold stress was not needed and grain

boundary sliding or decohesion was not observed.

However, while creep at low temperatures ( < 75�C)
did not change the microstructure, creep at 75�C pro-

duced a ‘‘boundary’’ of coarsened Ag3Sn particles with

depletion zones to either side of the boundary in which

the small Ag3Sn particles disappeared. Creep at higher

temperatures produced further coarsening of Ag3Sn

particles. A comparison of the microstructure after

annealing without creep indicated that creep enhanced

the coarsening process. For specimens aged at 125�C
for 24 h, the hyperbolic sine exponent was 5.3 ± 0.7

and the activation energy was 47 ± 6 kJ/mol at < 75�C
and 7.3 ± 1 and 75 ± 40 kJ/mol at >75�C. For speci-

mens aged at 150�C for 24 h, the hyperbolic sine

exponent was 4.5 ± 0.4 and the activation energy was

54 ± 7 kJ/mol at < 75�C and 5.9 ± 0.6 and 105 ±

10 kJ/mol at > 75�C. The aged microstructure

appeared stable during the creep deformation.

Earlier they [84] also measured the yield stress

(40 MPa at – 25�C to 10 MPa at 160�C) at a strain rate

of 0.15/h. The elastic moduli (Young’s moduli, shear

moduli, bulk moduli and Poisson ratios) and the

coefficient of thermal expansion were measured also as

a function of temperature. Vianco et al. [85] reported

the yield stress of Sn4.3Ag0.2Cu, Sn3.9Ag0.6Cu and

Sn3.8Ag0.7Cu by compression. The effect of micro-

structure was noted.

Wiese and Wolter [86] did tensile test on Sn–3.5Ag

using a dog-bone type specimen of 3 mm diameter

and 117 mm long under a constant load. The liquid

solder was solidified in an aluminum mould by cooling

the specimen slowly from one end to the other to

avoid cavities. They found two stress exponents, 3.5 in

the low stress region (below 10 MPa at 343 K and

13 MPa at 293 K) and 11 in the high stress region.

The activation energy was 53 kJ/mol in the low stress

region and 92 kJ/mol in the high stress region. They

also tested Sn–4Ag–0.5Cu in the same way and found

stress exponents 3 and 12 and activation energies

35 kJ/mol and 61 kJ/mol. They proposed two simul-

taneous processes taking place in each case. In addi-

tion, they also tested pin through hole and flip

chip solder joints of these two materials with varied

results.

El-Bahay et al. [87] examined the constant-stress

creep of Sn–3.5Ag alloy in the stress range of 4.7–

7.0 MPa and the temperature range of 453–493 K. The

stress exponent was 3.3–3.5 at low stresses from

4.47 MPa to 5.75 MPa and 6.3–9.3 at high stresses.

They concluded that the creep deformation was due to

viscous glide at low stresses and due to dislocation

Alloy B(MPa–n/1010s) n C(108s/MPam) m /

Sn–3.5Ag 3.24 4.5 8.9 4.9 6.6
Sn3.5Ag0.5Cu 0.08 5.9 0.154 5.9 7.4
Sn3.5Ag0.75Cu 0.126 7.6 121 5.3 9.1
Sn3.5Ag1.0Cu 1.00 4.2 81.7 3.9 5.0
Sn3.5Ag1.5Cu 6.27 3.9 6.26 3.5 6.8
Sn3.5Ag2.5Bi 9.33 3.8 9.9 4.5 7.9
Sn3.5Ag4.8Bi 10.7 4 10.9 4 6.9
Sn3.5Ag7.5Bi 33.9 3.4 3.0 3.4 5.7
Sn3.5Ag10Bi 661 2 0.522 3 2.4
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climb at high stresses. They observed the scattering of

the activation energy, which was 29.5 kJ/mol at

6.6 MPa, 26.6 kJ/mol at 5.8 MPa, and 73.3 kJ/mol at

5.1. The activation energy increased with the increase

in stress, which might be created by the presence of

Ag3Sn intermetallics.

Shohji et al. [88] investigated the tensile behavior of

Sn3.5Ag, Sn3.5Ag0.75Cu, and Sn3Ag2Bi in the strain

rate range of 1.67 · 10–4 to 1.67 · 10–2 s–1 and in the

temperature range of 233–393 K. They used both the

constant strain rate and strain-rate-change tests. The

stress exponents were 11–12 for Sn3.5Ag, 7.6–12 for

Sn3.5Ag0.75Cu, and 10–13 for Sn3Ag2Bi. The activa-

tion energies were 46.6, 47.3 and 61.6 kJ/mol for

Sn3.5Ag, Sn3.5Ag0.75Cu and Sn3Ag2Bi, respectively.

They concluded that the tensile deformation of all the

materials could be related to a slip creep mechanism

controlled by pipe diffusion.

Similar to the work of Shohji et al. [88], Lang et al.

[89] evaluated the effects of strain rate and tempera-

ture on the tensile behavior of Sn3.5Ag solder in the

strain rate range of 2.38 · 10–6 to 2.38 · 10–3 s–1 and in

the temperature range of 223–423 K. The stress expo-

nent was in the range of 12.5–14.9, which increased

slightly with temperature. The activation energy was

78 kJ/mol. They concluded that the tensile deforma-

tion of Sn3.5Ag was controlled by a pipe-diffusion

mechanism.

Lin and Chu [90] studied the constant-load creep

rupture of Sn3.5Ag and Sn3.5Ag0.5Cu solders in the

temperature of 293–363 K and in the stress range of 4–

30.3 MPa. They correlated the minimum creep rate

with the applied stress using the Dorn equation and

obtained the stress exponents of 5 for Sn3.5Ag and 6

for Sn3.5Ag0.5Cu at temperatures of 333 K and 363 K.

Higher stress exponents of 7 for Sn3.5Ag and 9 for

Sn3.5Ag0.5Cu at temperature of 293 K were obtained.

They suggested that the creep deformation of Sn3.5Ag

and Sn3.5Ag0.5Cu were controlled by the lattice-dif-

fusion controlled dislocation climb coupled with a

dispersion-strengthening mechanism at high tempera-

ture and by a dispersion-strengthening mechanism at

room temperature. The activation energies were

41.8–86.4 kJ/mol for Sn3.5Ag and 55.3–123 kJ/mol,

respectively, which was stress-dependent.

Mathew et al. [57] recently determined the charac-

teristics of the creep deformation in Sn3.5Ag alloy in the

temperature range of 296–473 K and the stress range of

1–30 MPa. The constant-load creep was used in the tests.

The stress exponent of 5 and the activation energy of

60.7 kJ/mol were obtained. They suggested that the

creep deformation was due to lattice-diffusion-controlled

dislocation climb.

4.2 Shear testing

Guo et al. [91–92] studied creep properties of eutectic

Sn–3.5Ag solder joints and those reinforced with 15

vol.% mechanically incorporated Cu (6 micron), Ag

(4 micron) or Ni (5 micron) particles by using a single

shear lap dog-bone-shaped specimen. The metal par-

ticles were mixed with the eutectic Sn–3.5Ag solder

paste prior to soldering the two half specimens

together. Creep tests were conducted at 25, 65 and

105�C. Steady state creep was found under a dead load.

The Ni composite showed the best creep resistance.

The next best was the Cu composite. The worst were

the Ag composite, Sn–3.5Ag eutectic and the Sn–4Ag–

0.5Cu alloy. These latter 3 showed similar creep resis-

tance. The activation energy for creep of the Ni

composite was 0.64 eV or 62 kJ/mol, somewhat higher

than that of Sn–3.5Ag (60 kJ/mol), the Cu composite

(54 kJ/mol), the Ag composite (53 kJ/mol) and the

Sn–4Ag–0.5Cu alloy (51 kJ/mol).

Jadhav et al. [93] studied stress relaxation on Sn–

3.5Ag eutectic solder and a composite with 20 vol-

ume%Cu6Sn5 using a single shear lap dog-bone-shaped

specimen. They found that the percentage of stress

relaxed depended on the prior strain and the measured

stress exponent was consistent with conventional creep

experiments. Later Rhee and Subramanian [94] stud-

ied further and found that grain boundary deformation

dominated at 150�C while shear banding took place at

lower temperatures. The residual stress after a fixed

relaxation period decreased with increasing test tem-

perature at a given strain, and increased with increas-

ing prior strain and the rate of prior straining at a given

temperature. In a tensile test performed in a RSAIII

using the same kind of specimen, Rhee et al. [95]

measured creep properties of the eutectic Sn–3.5Ag

alloy and found stress exponents between 10 and 12 in

the temperature range of 25–150�C and activation

energies between 65 kJ/mol and 90 kJ/mol in the stress

range of 15–60 MPa. They also reported from micro-

structual observations that creep in the region 125–

150�C was dominated by grain boundary deformation

(sliding, relief and decohesion) and at lower tempera-

tures by shear banding. The test was conducted at a

constant shear rate of strain. The shear stress reached a

maximum and then decreased. The peak shear stress

increased with shear strain rate and decreased with

increasing temperature.

Wiese et al. [96] designed a micro-shear tester to

evaluate the shear creep of SnAg and SnAgCu solders

in flip chip joints in the temperature range of 278–

323 K and in the stress range of 8–80 MPa. Using the

power law relation, they obtained the stress exponents
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of 11 for Sn3.5Ag and 18 for Sn4Ag0.5Cu. These were

much higher than 2 for the Sn37Pb solder in the low

stress region. The Sn4Ag0.5Cu alloy showed much

lower absolute creep rates than the Sn3.5Ag alloy,

which was due to tiny (5–50 nm) precipitates of

g-Cu6Sn5. The activation energies were 79.8 kJ/mol

and 83.1 kJ/mol for Sn3.5Ag and Sn4Ag0.5Cu,

respectively.

Guo et al. [97] studied creep behavior of several Sn–

Ag based alloys: (1) eutectic Sn–3.5Ag, (2) Sn–4Ag–

0.5Cu, (3) Sn–3.5Ag–0.5Ni and (4) Sn–2Ag–1Cu–1Ni.

At room temperature and 10 MPa, the creep resistance

increases in the order (4) < (1) < (2) < (3). They

used a single shear lap dog-bone-shaped solder joint

specimen under deadweight loading. At room tem-

perature and 20 MPa, the order is (2) < (3) <

(4) < (1). At 80�C and 6 MPa, the order is

(4) < (2) < (1) < (3). At 80�C and 12 MPa, the order

is (4) < (3) < (2) < (1). The microstructure consisted

of Sn cells surrounded by bands containing Ag3Sn

precipitates with other intermetallics dispersed for the

alloys such as Cu–Sn and Cu–Ni–Sn. They believe both

Ag and Ni are important for creep resistance.

Kerr and Chawla [98] used a microforce testing

system to study the shear creep of single solder ball of

Sn–Ag/Cu solder at 25, 60, 95 and 130�C. The micro-

structure consisted Sn rich dendrites surrounded by a

eutectic mixture of Sn and Ag3Sn particles which had

an average long dimension of 85 nm and a short

dimension of 58 nm. The average spacing between

particles was 140–200 nm. There appeared a well

defined low stress regime and a high stress regime. In

the low stress regime, a stress exponent of 6 was

obtained at 25�C and 60�C, while at 95�C and 130�C
the stress exponent was 4. In the high stress regime,

stress exponents of 13–20 were observed, which was

suggested to be caused by the resisting stress to dislo-

cation motion from the Ag3Sn particles and was

explained by the threshold stress. Applying Eq. (4) for

the creep deformation at high stresses, they then

obtained the stress exponent of 4–6. The analysis of the

threshold stress was supported by the observation of

bowed dislocation segments as shown in Fig. 3. The

threshold stress in the high stress regime was deter-

mined by plotting the strain rate raised to a power of 1/

n versus shear stress/shear modulus ratio on a linear

scale and extrapolate to zero strain rate. The stress

exponent n was adjusted to form a straight line. The

same threshold stress/shear modulus ratio was

obtained for all four temperatures, 25, 60, 95 and 130�C
and the value was consistent with the particle spacing.

Both provided strong support for the analysis. At high

temperatures the applied stress was lower than the

threshold stress in the low stress regime indicating a

climb controlled process bypassing the particles. The

activation energy was determined by two methods: (1)

single experiments at constant stress, where the tem-

perature was incrementally increased and the strain

rate measured, and (2) conventional constant stress,

constant temperature experiments. Method (1) gave

the activation energy of 58 kJ/mol in the low temper-

ature regime (25–95�C) and 120 kJ/mol at higher

temperatures (95–130�C). Method (2) gave 42 kJ/mol

at 25–95�C and 135 kJ/mol at 95–130�C. These are

consistent with the creep behavior of pure Sn.

More recently Subramanian and Lee [5] used a

single shear-lap configuration to study the damage due

to thermal excursions. They found internal stresses,

increase of electrical resistivity, surface modifications

and crack formation.

4.3 Impression and indentation testing

Lucas et al. [99] made nanoindentation studies on Sn–

3.5Ag base alloys reinforced with different particles.

An attempt to measure the hardness and modulus of

FeSn intermetallic compound showed a variation of

hardness from 0.37 GPa to 7.9 GPa and that of mod-

ulus from 45 GPa to 153 GPa depending on the loca-

tion of the indent. The most likely values for Ag3Sn

platelets were 3 GPa for the hardness and 90 GPa for

the modulus. In a creep experiment the stress exponent

varied from 11 to 37 due to the difference in micro-

structure under the indenter.

Dutta et al. [100] used the impression testing to

study the creep behavior of Sn3.5Ag, which was rapidly

cooled at a cooling rate of 31�C/s between 553 K and

463 K, and ~20 K/s between 463 K and 333 K. The

impression creep was performed in the temperature

Fig. 3 Dislocations pinned by Ag3Sn particles in the tin matrix
after creep deformation, Kerr and Chawla [98]
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range of 323–423 K and the punching stress range of

20–50 MPa. They obtained the stress exponent of 2.92–

3.04 in the low stress regime and 8.6–9.4 in the high

stress regime for temperatures between 323 K and

398 K. At 423 K, they obtained a stress exponent of 4.4

in the low stress regime. The activation energy was 43–

46 kJ/mol in the low stress regime and 65–66 kJ/mol in

the high stress regime. They concluded that the creep

deformation was controlled by two parallel mecha-

nisms, glide-climb with the rate of glide being limited

by diffusion of Ag through Sn at low stresses and

particle-limited climb by the interaction between dis-

locations and Ag3Sn particles with the emergence of a

threshold stress at high stresses.

Yang and Peng [101] studied the impression creep of

Sn3.5Ag eutectic alloy in the temperature range of

333–453 K and in the punching stress range of 3.4–

67.1 MPa. Using a power law between the steady-state

impression velocity and the punching stress, the acti-

vation energy increased with the punching stress from

44.7 kJ/mol at 6.7 MPa to 79.2 kJ/mol at 46.9 MPa and

the stress exponent changed from 1.03 (3.4–13.4 MPa)

to 5.9 (20.1–40.2 MPa). However, using a hyperbolic

sine function between the steady-state impression

velocity and the punching stress, they obtained an

activation energy of 51.0 kJ/mol, which was close to the

activation energy for grain boundary diffusion of Sn.

They suggested that a single mechanism of grain

boundary fluid flow is likely the controlling mechanism

for the time-dependent plastic flow of Sn3.5Ag eutectic

alloy under the testing conditions.

Dutta et al. [102] used the impression testing to

evaluate the effect of microstructural coarsening on the

creep response of Sn3.5Ag and Sn4Ag0.5Cu. They

observed that the creep rate increased proportionately

with the size of precipitates at low stresses and the

threshold stress for particle-limited creep was altered

at high stresses. For both materials, the stress exponent

was 6 and the activation energy was 61 kJ/mol.

5 Some other tin alloys

5.1 Sn37Pb eutectic alloy

Yang and Li [103] did impression creep and stress

relaxation of Sn37Pb eutectic alloy and used a hyper-

bolic sine law for the stress dependence of creep rate.

By using this law they found a single activation energy

of 55 kJ/mol. A mechanism of interfacial viscous

shearing between the two eutectic phases was pro-

posed. They also collected many earlier references and

mechanisms. More recently Wiese et al. [96] did a

micro-shear test on Sn37Pb. They also used a hyper-

bolic sine stress function with an activation energy of

45 kJ/mol. Plumbridge and Gagg [76] did tensile test

on Sn37Pb and found UTS at 22�C, 75 MPa at 0.1/s,

63 MPa at 0.01/s and 32 MPa at 0.001/s. At 0.001/s, the

UTS was 72 MPa at – 10�C, 32 MPa at 22�C and

15 MPa at 75�C. The strain rate effect of flow stress

showed a stress exponent of 5 at 75�C, 20 at 22�C and

25 at – 10�C. Amagai et al. [77] did a tensile test using

specimens of 1 cm diameter and 5 cm gage length over

a total length of 14 cm. The strain rate was 1, 10 and

100 mm/min. They used a hyperbolic sine function

raised to a power of about 3 to describe the stress

dependence of strain rate. They obtained an activation

energy of 78 kJ/mol for both Sn37Pb and Sn36Pb2Ag

alloys.

5.2 Sn–90Pb alloy

Pan et al. [104] designed and tested a miniaturized

impression creep apparatus for small solder balls (about

750 micron diameter) attached to a ball grid array

microelectronic packaging substrate. It used a 100 mi-

cron diameter cylindrical WC punch with a flat end to

be impressed on any one of these solder balls at a

temperature from ambient to 423 K. A video imaging

system allowed precise alignment between the punch

and the ball. The test required no special sample

preparation and could produce steady state in about

1–3 h for a total test time of 5–6 h. Multiple creep

curves could be generated from different solder balls

within the same substrate. For Sn–90Pb alloy they

found a stress exponent of about 4 within a punch stress

range of 0.002–0.01G (G is shear modulus) for all three

temperatures, 323, 343 and 373 K. An activation energy

of about 60 kJ/mol was obtained from these tests. This

activation energy is consistent with that for dislocation

core diffusion, 66 kJ/mol, reported for pure lead [105].

5.3 Sn–Sb alloys

Mahidhara et al. [106] did tensile test on Sn5Sb alloy

using a flat specimen of 1 mm thick and 1.24 cm gauge

length. The microstructure consisted of 10 lm equi-

axed grains with 2–5 micron SnSb intermetallic parti-

cles uniformly dispersed. In the low strain rate region,

a stress exponent of 3.2 and an activation energy of

18 kJ/mol were obtained. For the high strain rate re-

gion, these quantities were 7.0 kJ/mol and 39 kJ/mol.

McCabe and Fine [56] studied creep of Sn–Sb alloys.

Their results on pure tin (99.86%) below 101�C are

listed in Table 1. When Sb was in solid solution (up to

0.7 wt.%) the stress exponent was similar to that of Sn.
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For high concentration alloys (2.9–8.1 wt.%) the SbSn

precipitates were in the form of rectangular rods. One

kind had its length direction along [001] of tin and

other faces parallel to (100) of tin. The typical length

was 3–5 lm and width and thickness 126 nm. Another

kind had its length along [10�1] of tin and other faces

parallel to (101) or (100) of tin. The typical length was

5 lm and width and thickness 205–228 nm. The

volume fraction was about equal in all the possible

orientations. For such dispersion strengthened alloys

the stress exponent and activation energy are usually

high as shown in the following table:

A common way is to use an internal stress due to

the particles such as the Orowan stress needed for

the dislocations to bow between particles. This stress

is to be subtracted from the applied stress and the

difference is the effective stress to be used in

the power law equation. With this consideration, the

stress exponent in the high stress region was reduced

to 8.6 for all 3 alloys and the activation energies

were reduced to 77.3, 52.3 and 24.5, respectively.

However, the internal stress was found to vary with

temperature. Finally the authors combined the

internal stress effect with a composite effect in order

to describe the data.

Sadykov et al. [107] studied tin babbit (Sb, 10–

12 wt.%; Cu 5–6 wt.%). They reviewed some earlier

literature. The cast structure consisted of 3 phases, the

a phase of solid solution of Sb and Cu in tin having a

grain size of 0.5–1 lm, the b phase of SnSb hexagonal

crystal and small g phase of Cu6Sn5. A change of grain

size in the b phase affected both the yield stress and

elongation. The rolled alloy appeared to have lower

yield stress and better elongation than the case alloy.

Mathew et al. [57] also worked on Sn5Sb alloy. A

stress exponent of 5 and an activation energy of

44.7 kJ/mol suggested to them a low temperature vis-

cous flow mechanism. But their alloy should have SnSb

precipitates as found by McCabe and Fine [56] and

hence dispersion strengthening should be a part of

their interpretation.

5.4 Microstructural stability

Yomogita [108] showed the transient effect from one

steady state microsturcture to another. He did tensile

test of single crystals of Sn of [010] orientation with the

slip system of type (a) operating. In a stress relaxation

test the strain rate was proportional to the stress rate so

the strain rate could relate to the stress. A stress

exponent of 11–15 could be deduced. In a strain rate

change test, the stress for the second strain rate

depended on the duration at the unloading stress. This

transient effect depends also on the temperature. In a

stress change test, the second strain rate depended also

on the duration at the unloading stress but converged

to a new steady state value within about 5 min.

Table 1 Activation Energies
and Stress Exponents of
Creep of b-Tin

Investigator(s) and year Low temperature( < 150�C) High temper-
ature(>150�C)

Q kJ/mol n Q kJ/mol n

Tyte [1], re-plotted by Breen
and Weertman [46]

31

Breen and Weertman [46] 46 4.8 109
Weertman and Breen [11] 46 [110] 3.6–5.1[110] 92 [110]
Weertman [47] 50 [001] 103 [001]
Bonar and Craig [51] 38
Chu and Li [3] 37 [001], 4.1–4.4 [001] 105 [001] 4.0 [001]

42 [100], 3.9–4.5 [100] 109 [100] 3.6 [100]
39 [110] 4.7–5.0 [110] 109 [110] 4.5 [110]

Suh et al. [53] 55 128
Suh et al. [54] 59 [100] 128 [100]
Adeva et al. [55] 35 6
Nagasaka [44] 48 4.2, 3.8, 3.9 128 3.9
McCabe and Fine [56] 36 (high stress) 6 (high stress)

73(Low stress) 8.6 (low stress)
Ekinci et al. [45] 4.5
Mathew et al. [57] 60.3 7.6
Park et al. [59] 42 5

Alloy Low stress High stress

Q kJ/mol n Q kJ/mol n

Sn2.6Sb 101 4.7 117 11.2
Sn5.8Sb 95 5.3 85 11.6
Sn8.1Sb 61 5.6 49 9.8
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Mohamed et al. [109] studied the effect of micro-

structural changes on transient creep and activation

energy. They used a power function of time to fit the

transient creep curve:

etr ¼ Btm B ¼ B0ð_estÞc ð8Þ
and the constant B was found to be a power function of

the steady state creep rate. They calculated the acti-

vation energy Q from the following relation:

etr ¼ e0 þ tmexpð�Qtr=RTÞ ð9Þ

The behavior of the following alloys is reported:

(1) Sn0.5 wt.%Zn alloy: The time exponent m chan-

ged from 0.52 to 0.8 and the value B changed

from 0.011 to 0.045 at a transition temperature of

413 K. Across the same transition temperature

the exponent c changed from 0.26 to 0.42 and the

activation energy changed from 25.5 kJ/mol to

41.9 kJ/mol. Based on the binary phase diagram,

the Zn rich phase dissolves and disappears com-

pletely in the Sn rich phase above 413 K. This

provides the cause for the transition.

(2) Sn9 wt.%Zn alloy: The time exponent m changed

from 0.53 to 0.87 and the value B changed from

0.0014 to 0.03 at a transition temperature of

423 K. At the same time the exponent c changed

from 0.4 to 1.04 and the activation energy

changed from 22.5 kJ/mol to 31.4 kJ/mol across

the same transition temperature. Based on the

binary phase diagram, the eutectic mixture

changed relative proportions across 423 K.

(3) Pb10 wt.%Sn alloy: The time exponent m chan-

ged from 0.47 to 0.87 and the value B changed

from 0.0016 to 0.0256 at a transition temperature

of 423 K. At the same time the exponent c
changes from 0.45 to 0.67 and the activation en-

ergy changed from 16 kJ/mol to 27 kJ/mol. Based

on the binary phase diagram, the Sn rich phase

dissolves and disappears in the Pb rich phase

above 423 K.

(4) Pb61.9 wt.%Sn alloy: The time exponent m

changed from 0.63 to 0.96 and the value B chan-

ged from 0.3 · 10–5 to 4 · 10–5 at a transition

temperature of 403 K. At the same time the

exponent c changed from 0.7 to 0.85 and the

activation energy changed from 18 kJ/mol to

29.5 kJ/mol. Based on the binary phase diagram,

the relative proportion of the two eutectic phases

changes across 403 K.

Dutta et al. [102] studied the effect of microstruc-

tural coarsening on the creep response of Sn–Ag based

solders. They found at low stresses the creep rate

increased proportionally with the size of Ag3Sn parti-

cles and at high stresses, precipitate coarsening chan-

ged the threshold stress for particle-limited creep. It is

possible to have both thermal and mechanically

induced coarsening during service. They provided

some equations for static and strain enhanced coars-

ening kinetics for the growth of particles.

6 Summary on plastic deformation

This collection of experiments of Sn and its alloys

showed a diversity of results and a variety of proposed

mechanisms. Often there were disagreements and

inconsistency. The following represents our best

assessment of the situation:

(1) Below 1 K, b tin deforms by nucleation of dou-

ble kinks in a quantum tunneling effect through

the Peierls barrier. The flow stress is about

10 MPa independent of temperature.

(2) Between 1 K and 65 K, b tin deforms by ther-

mally activated nucleation of double kinks

through a small barrier of about 480 J/mol.

(3) Between 65 K and 291 K, b tin deforms by slip

probably through the nucleation of double kinks

also. More studies are needed.

(4) Between 291 K and 423 K, b tin and tin-rich

alloys deform by slip with an activation energy

of 40 kJ/mol and a stress exponent of 4–5.

(5) Between 423 K and 476 K, b tin and tin-rich

alloys deform by dislocation climb with an acti-

vation energy of 109 kJ/mol and a stress expo-

nent of 3.5–4.5.

(6) Impurities can modify the barrier height and the

stress exponent.

(7) When the stress range is large, a single power

law cannot fit the whole set of data. This may

give a false impression of multiple mechanisms.

A hyperbolic sine law should be tried instead.

For low stresses Harper–Dorn creep may appear

with a dislocation mechanism.

(8) Precipitates can introduce a threshold stress to

be subtracted from the applied stress resulting in

an effective stress which can be used in the

power law or hyperbolic sine law. However,

when the temperature is high, dislocation can

climb over particles so the threshold stress is

reduced or even disappears.
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(9) At high temperatures, intergrain fluidity could

be a mechanism for creep when the grain size is

small. More studies are needed.

(10) Microstructural changes during service should

be monitored and the effect on properties

controlled. More studies are needed in this

area.

(11) Localized and miniaturized tests are needed

for solders. Impression tests are recommended

since it is simple and gives steady state infor-

mation. Pan et al. [104] already developed an

apparatus using 100 micron WC cylindrical

punch showing steady state creep on 750 -

micron solder balls.

The understanding of the fundamental deformation

mechanisms will improve our capability of developing

new lead-free solders with better mechanical proper-

ties. It also provides us the basis to develop reliable

and applicable constitutive equations for simulating

the evolution of the stress and strain fields in micro-

electronic interconnections and to improve the design

of devices and systems for higher reliability and longer

service life.

7 Deformation twinning

The famous tin cry is a mechanical twinning effect. The

usual twinning plane is (301) and twinning direction is

[�103], see Clark et al. [110] for some early discrepan-

cies [111, 114]. Another possible twinning mode is in

the plane ( 10�1) along the direction [101], see Lee and

Yoo [115].

7.1 Twinning transformation

All atoms in the matrix before twinning will assume

new positions after twinning. Similarly any vector in

the matrix becomes a new vector in the twin. To figure

out the change, one can use the twinning transforma-

tion. The following is due to Ishii and Kiho [116]. Any

vector (hkl) expressed as Miller indices in the bct tin

crystal before twinning can be expressed in the

Cartessian coordinates (xyz) by multiplying with the

following matrix:

A ¼
a 0 0
0 a 0
0 0 c

2
4

3
5 ð10Þ

This vector can now be expressed in the Cartessian

coordinates (x¢y¢z¢) as shown in Fig. 4 by the following

transformation matrix:

R ¼
�cos2h 0 �sin2h

0 �1 0
�sin2h 0 cos2h

2
4

3
5 ð11Þ

where 2h is the angle between z and z¢ so that h is the

angle between z¢ or z and [ �103]. Hence

tanh ¼ a=3c

During twinning, the displacement of any point

(x¢y¢z¢) is equal to the twinning shear (strain) multi-

plied by the distance between (x¢y¢z¢) and the (301)

twin boundary. This displacement can be represented

by the following transformation:

S ¼
1þ esinhcosh 0 esin2h

0 1 0
�ecos2h 0 1� esinhcosh

2
4

3
5 ð12Þ

where e is the twinning shear:

e ¼ ða2 � 3c2Þ=2ac

Finally the coordinates will be changed back to the

Miller indices by using A–1. As a result the overall

transformation is:

T ¼ A�1SRA ¼ � 1

2

1 0 1
0 2 0
3 0 �1

2
4

3
5 ð13Þ

and its inverse is the same matrix.

Fig. 4 Coordinates of matrix and twin systems in b-tin, copied
from [116]
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7.2 Elastic strain energy of twinning

Since twinning is a shear transformation, a twin

embedded in the original matrix introduces some strain

energy into the system. Lee and Yoo [115] used the

Eshelby inclusion theory and calculated such strain en-

ergy. For the Eshelby theory see Eshelby [117] or Mura

[118]. For an ellipsoidal shaped twin of semiaxes a1, a2
and a3, the strain energy is about 1.18 le2V for a sphere

(a1 = a2 = a3) and 0.88 le2V for a circular cylinder

(a1 = ¥, a2 = a3) where l is the shear modulus

(17.93 GPa for tin at room temperature), e is the misfit

strain (0.0492 for tin) and V is the volume of the twin.

The energy is smaller for other shapes. For example, the

energy is 1.0 le2V (a1 = a2 = 2a3), 0.8le2V (a1 = ¥,
a2 = 2a3), 0.65 le2V (a1 = a2 = 5a3) and 0.5le2V (a1 = ¥,
a2 = 5a3). Applied stress can lower the total free energy

of the system if applied in the right direction. Hence it

can enhance or retard deformation twinning.

7.3 Dislocation-twin interactions

Dislocations in bct tin can have [001] and [101] type of

Burgers vectors. These dislocations after twinning will

change their Burgers vectors according to the trans-

formation just described. The change is summarized in

the following table:

The first 3 cases will leave some twinning disloca-

tions at the twin boundary before the dislocation is

embedded in the twin. The embedded dislocation is

also a slipping dislocation. The last 2 cases will not be

transformed into slipping dislocations in the twin.

These dislocations may dissociate into other disloca-

tions as shown. Such possibilities of dislocation-twin

interactions were compared (Ishii and Kiho, [98]) with

experimental observations of Clark and Craig [119],

Votava and Hatwell [120] and Fourie et al. [121].

7.4 Twinning mechanisms

Mechanical twinning takes place in three stages [122], a

nucleation stage in which a small twin appears due to

local stresses, a spreading stage in which the incoherent

twin boundaries move to cover the crystal or grain and

a thickening stage in which the coherent twin bound-

aries move perpendicular to the twinning plane, (301).

The thickening stage may take place by rotating a

partial dislocation around a pole dislocation with a

Burgers vector c. Ishii’s [122] model of amplitude

dependent internal friction was the loss of energy when

partial dislocations annihilate each other after one

revolution around the pole dislocation. The average

spacing between pole dislocations was estimated to be

3 microns and the thickening speed was about 2.3 cm/s.

Brunton and Wilson [123] estimated the thickening

speed to be about 10 m/s and a broadening (moving of

the incoherent boundary) speed of 800 m/s. They ob-

served also that a twin could disappear as fast as it

appeared. Mason et al. [124] showed that the twinning

dislocations may travel at the speed of sound. Ishii and

Kiho [125] provided some discussion on the stresses

needed for thickening of twin.

Ishii [126] used impact loading on tin single crys-

tals (a cylindrical specimen with its axis almost per-

pendicular to [001] impacting along the axis) found

the stress for twin initiation scattered between

7 MPa and 25 MPa but more consistently at 8 MPa

after indentation. The stress needed for thickening

was about 1–2 MPa. When the crystal was oriented

for slip, the critical shear stress for slip was about

9 MPa. Maruyama [127] found the shear stress nee-

ded for the initiation of twinning in a Sn single

crystal is about 5–10 MPa and that needed for

thickening is about 1–2 MPa varying not much be-

tween 0.025/min and 2.5/min strain rate and – 195�C
to 20�C. The thickening stress increases with the

thickness of the twin and with the amount of pre-

strain due to slip before the initiation of twinning.

The prestrain increases with deformation tempera-

ture. However when the crystal was twinned in ad-

vance by impact even at room temperature so the

prestrain was very small, the thickening stress had

the lowest value of 0.7 MPa. This thickening stress

appears consistent with that of Ishii [122] who found

that for a twinned single crystal the amplitude

dependent internal friction increases at a stress

amplitude of about 1 MPa. The initiation stress ap-

pears consistent with that found by Jon et al. [128]

using ultrasonic deformation, 8–11 MPa.

For Sn single crystal whiskers, Overcash et al. [129]

found the shear stress for initiation of twinning to be

74 MPa and that for propagation, 15 MPa.

For thin films, Fourie et al. [121] and Tu andTurnbull

[130–131] made interesting observations in the electron

microscope. But the stress was unknown and the rate

depended on the rate of stress buildup due to a

Burgers vector
in matrix

Burgers vector
in twin

Difference

[001] ½�101�=2 [101]/2 = bt
[�101] 2[001] ½�10�1� ¼ �2bt
[101] ½�10�1� [202] = 4bt
[011] ½ �121�=2 ¼ ½0�11� þ ½�10�1�=2
[0�11] ½�121�=2 ¼ ½011� þ ½�10�1�=2
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contamination carbon layer deposited on the specimen

surface. As a result quantitative information was absent.

7.5 Effect of straining and twinning

on superconductivity and resistivity

Rothberg [132] found that the superconducting tran-

sition temperature of [001] tin whisker increased by

about 0.5�C at zero magnetic field from 3.5 K to 4 K

after 1% elastic strain in tension. In the meantime the

critical magnetic field at 0 K increased by about 5 mt

(millitesla) from 35 mt to 40 mt. When the elastic

strain is relaxed by twinning, the transition became

normal, namely returned to the stress-free state unless

further elastic straining was applied to the twinned

crystal. An [001] whisker twinned to become [101]. The

effect of elastic strain on superconducting transition is

less for the [101] orientation than the [001] orientation.

Davis et al. [133] measured the superconducting

transition temperature and resistivity of tin whiskers of

[101], [100], [001] and [111] axial orientations as a

function of tensile strain. For the [001] whisker, the

transition temperature increased linearly to about

0.5�C for 1.2% axial strain. For a 0.4% axial strain, the

resistivity increased 2% at 300 K and 3% at 77 K. For

the [100] whisker, the transition temperature increased

0.4�C (purer) or 0.2�C (less pure) for a 1.7% axial

strain and the relation is not linear (slower in the

beginning). The resistivity of the less pure whisker

decreased about 2% at both 300 K and 77 K. These are

the extremes. The other orientation of whiskers

behaved in between.

8 Concluding remarks

8.1 Sn is an unusual metal

While Sn is a metal, it is not as simple as fcc, bcc or

even hcp metals. For example, each atom in fcc metals

has 12 nearest neighbors of equal distance with 12

possible equivalent Burgers vectors. Similarly an atom

in bcc metals has 8 nearest neighbors with 8 equivalent

Burgers vectors. Even in hcp metals, each atom has 6

equivalent neighbors in the basal plane and 6 more in

the next plane. However, for Sn, each atom has four

nearest neighbors, two next nearest neighbors and 8

third nearest neighbors. The common Burgers vectors

are not between the nearest neighbors. There are many

more different slip systems in Sn than in any other kind

of metals. This contributes to the complexity of plastic

deformation of tin.

8.2 Self-diffusion in tin is chaotic

Self-diffusion measurements are confusing as shown in

Fig. 2. There are strong short-cut paths such as grain

boundaries and dislocations. These fast paths affect

creep measurements in a variety of ways. For example,

lower temperature climb may take place by dislocation

core diffusion with a lower activation energy and

higher temperature climb may take place by lattice

diffusion with a higher activation energy. For poly-

crystals and eutectic mixtures, grain boundary or phase

boundary fluidity may play an important role in creep

deformation. As indicated in the self-diffusion mea-

surements, grain boundary diffusivity may be much

faster than dislocation core diffusivity. These provide

the sources for complexity in the creep measurements.

8.3 Allotropic forms are uncertain

Even though b-tin can be stable at low temperatures

below the transition temperature, 13.2�C, what hap-

pens after deformation is uncertain in view of the

internal stresses created. Some careful studies of

microstructure after low temperature deformation

should be made on both cubic and b-tin.

8.4 Future studies

To make an effective Pb-free solder more studies are

needed as indicated throughout this review. Due to the

complex crystal structure, multipaths of self diffusion

and allotropic transformations as just summariezed, Sn

is more complicated than a common metal and hence

needs more careful studies in order to be applied with

confidence in the electronic industry.

Acknowledgements We thank Professor K. N. Subramanian of
Michigan State for pointing out several problems related to tin.
We also thank Chenny Zhenyu Wang for creating Fig. 4.

References

1. L.C. Tyte, Proc. Roy. Soc. 50, 193 (1938)
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Abstract Recent fatigue studies of Sn-rich Pb-free

solder alloys are reviewed to provide an overview of

the current understanding of cyclic deformation, cyclic

softening, fatigue crack initiation, fatigue crack growth,

and fatigue life behavior in these alloys. Because of

their low melting temperatures, these alloys demon-

strated extensive cyclic creep deformation at room

temperature. Limited amount of data have shown that

the cyclic creep rate is strongly dependent on stress

amplitude, peak stress, stress ratio and cyclic

frequency. At constant cyclic strain amplitudes, most

Sn-rich alloys exhibit cycle-dependent and cyclic soft-

ening. The softening is more pronounced at larger

strain amplitudes and higher temperatures, and in fine

grain structures. Characteristic of these alloys, fatigue

cracks tend to initiate at grain and phase boundaries

very early in the fatigue life, involving considerable

amount of grain boundary cavitation and sliding. The

growth of fatigue cracks in these alloys may follow

both transgranular and intergranular paths, depending

on the stress ratio and frequency of the cyclic loading.

At low stress ratios and high frequencies, fatigue crack

growth rate correlates well with the range of stress

intensities or J-integrals but the time-dependent C*

integral provides a better correlation with the crack

velocity at high stress ratios and low frequencies. The

fatigue life of the alloys is a strong function of the

strain amplitude, cyclic frequency, temperature, and

microstructure. While a few sets of fatigue life data are

available, these data, when analyzed in terms of the

Coffin–Mason equation, showed large variations, with

the fatigue ductility exponent ranging from – 0.43 to

– 1.14 and the fatigue ductility from 0.04 to 20.9. Sev-

eral approaches have been suggested to explain the

differences in the fatigue life behavior, including revi-

sion of the Coffin–Mason analysis and use of alterna-

tive fatigue life models.

1 Introduction

In most modern electronic devices, a solder connection

provides both mechanical and electronic connections

between and within the many levels of an electronic

package. Notable examples are found in flip-chip and

ball grid array packages where solder bumps or balls

serve as the necessary leadless interconnections

between two separate electronic components. The sol-

der alloys used to make these interconnects are often

subject to cyclic loading resulting from repeated

mechanical actions or thermal cycling, leading to fati-

gue failures of the solder alloy and the interconnect.

With increasing device miniaturization and power

consumption, the solder alloy must withstand larger

fatigue loading and higher temperatures so that the

fatigue reliability of the solder alloy becomes a critical

issue in determining the lifetime of a functional device.

Since the fatigue of a solder alloy in an electronic

package may involve multiple deformation and
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fracture processes such as atomic diffusion, dislocation

motion, grain boundary activities, and development of

fatigue cracks, the life prediction for the solder joint or

the reliability control of the electronic device remains a

serious challenge.

For Pb–Sn solder interconnects, considerable

efforts have been made to address their fatigue

reliability [1–3], including fatigue testing of real

joints [4–17], constitutive modelling of stresses and

deformation in the joint [18–20], and bulk property

measurements on solder alloys [21–25]. While the

fatigue testing of real joints simulates closely the

service condition of the joint and is particularly

helpful in sorting out a number of critical issues in

the failure of the joint, the results of these tests tend

to be joint-geometry specific and have poor predic-

tive power. The constitutive modeling, when coupled

with experimental measurements of the solder

properties, has the predictive potential. However, its

proper implementation requires a clear mechanistic

understanding of the individual processes involved.

Even though the current understanding of those

individual time-dependent deformation and fracture

processes is still incomplete, the missing gaps for Pb–

Sn solder interconnects have been bridged by the

vast amount of testing and evaluation experience

accumulated over the past several decades. As a

result, these experimental and modeling efforts have

combined to achieve considerable success in ensuring

adequate fatigue reliability of Pb–Sn solder inter-

connects in many electronic packages.

As Pb–Sn solder interconnects are replaced by the

Pb-free solder systems, the differences in their fatigue

behavior must be examined and understood before

those approaches developed for Pb–Sn systems may be

adopted, especially when the design experience with

Pb-free solder interconnects is extremely limited. Some

of the differences are to be expected because of the

inherent differences between the Pb-free and Pb-

bearing solder alloys. For example, most of the leading

Pb-free candidates are highly rich in Sn and melt at

higher melting temperatures than the Pb–Sn eutectic

alloy [26–28]. At a given temperature, these Sn-rich

alloys are considerably harder than the PbSn eutectic.

Under the same strain, they will be subject to higher

stresses, therefore prone to stress-induced failures. The

low alloying concentration in these high Sn solders also

means that the alloy behavior will be largely deter-

mined by the Sn-rich phase, and the second phase and

phase boundaries generally would not play as signifi-

cant roles as in the PbSn eutectic.

In this article, the results from the fatigue studies of

Sn-rich Pb-free solder alloys are reviewed to gain an

overview of the current understanding of the fatigue

behavior of these Pb-free alloys. Since fatigue failure

results from complex loading conditions and involves a

series of complex processes, the review is divided into

five major sections, each dealing with one of the fatigue

damage processes, namely, cyclic deformation, cyclic

softening, fatigue crack initiation, fatigue crack growth,

and fatigue lifetimes. In each section, if the data or

observations are available, fatigue behavior is related

to cyclic stress amplitude, cyclic strain amplitude, the

number of fatigue cycles, stress ratio, frequency, tem-

perature, alloy composition and microstructure. When

possible, comparisons are made between Pb-free sol-

der alloys and the PbSn eutectic alloy.

2 Cyclic creep deformation

Under a constant cyclic stress amplitude, Sn-rich

solder alloys tend to undergo time-dependent creep

deformation. As shown in Fig. 1, the creep defor-

mation followed the typical three-stage behavior for

most metals, with an extensive steady-state stage. For

the same peak stress, the cyclic creep strain is much

smaller than the static creep deformation because of

repeated unloading of the alloy under cyclic loading.

At room temperature, the difference between the

static and cyclic creep varies greatly with the peak

stress level, stress ratio, and frequency of cyclic

loading. The creep rate is generally slower at lower

stress ratios and the dependence on the stress ratio

seems stronger for larger peak stresses (Fig. 1c).

With more frequent unloading, cyclic creep rate is

smaller at higher cyclic frequencies. At a stress ratio

of zero, the creep rupture strain is notably smaller

than that for the static creep.

The stress dependence of the secondary creep is

often expressed as a power-law function of the stress

for static creep. The same function may be used for

cyclic creep of Sn-rich alloys, as illustrated in Fig. 2 for

the Sn–3.8Ag–0.7Cu alloy at a stress ratio of zero. For

the static loading, the steady-state creep rate, e
�
s, can be

expressed as

e
�
s ¼ Crn ð1Þ

where r is the applied stress, and C and n are the fitting

constants. For Sn–3.8Ag–0.7Cu alloy, the exponent n is

equal to 10.8 at room temperature. The stress expo-

nent does not change much from the static loading to

the cyclic loadings at two different frequencies.

Assuming that the dominant creep mechanisms

remain the same under the static and cyclic loading, the
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cyclic steady-state creep rate, e
�
c, may be derived from

the static creep rate given in Eq. 1. For a triangular

waveform, the cyclic stress varies linearly with time, t,

as follows:

r ¼ 2mrpt ð0\t\1=2tÞ ð2Þ

where rp is the peak stress and t is the cyclic frequency.
Within a half cycle, the total creep strain accumulates

to

etot ¼
Z 1=2m

0

Cð2mrptÞndt ð3Þ

The average creep rate can then be obtained from the

ratio of the total strain in Eq. 3 and the half period, 1/

2t:

e
�
c ¼

Crnp
nþ 1

ð4Þ

or

e
�
s

e
�
c

¼ nþ 1

The calculated cyclic creep rate from Eq. 4 is

compared to the experimental results in Fig. 3. The

calculated creep rate ratio is 2–3 times larger than the

experimental values, indicating that the cyclic loading
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causes an acceleration of the creep process. The

acceleration means that cyclic loading introduces

additional mechanisms beyond those in the static

creep. Some of the cyclic damage mechanisms are

discussed in Sect. 3 below.

3 Cyclic softening

The low cycle fatigue behavior of solder alloys is often

examined by conducting fatigue studies at constant

strain amplitudes. Under most test conditions, Sn-rich

alloys tend to exhibit softening under cyclic loading

[29–36]. The softening behavior may appear as cycle-

dependent or cycling dependent, as observed in the

Sn–Pb eutectic alloy [22, 37].

The low cycle fatigue response of Sn-rich alloys is

determined by its microstructure. As shown in Fig. 4,

the eutectic or near-eutectic Sn-rich alloys tend to

solidify into two equiaxed or dendritic microstructures.

The equiaxed microstructures consist of equiaxed Sn-

rich grains and a dispersion of a second phase whereas

the dendritic microstructures include dendrites of b-Sn
surrounded by the fine two-phase eutectic mixture. The

dendritic microstructure may evolve into an equiaxed

microstructure upon recrystallization. In the dendritic

microstructure, cyclic deformation tends to concen-

trate in the dendritic phase, as shown by the numerous

slip bands in Fig. 5a). In equiaxed grain structure, slip

bands are also evident in the grains but grain boundary

sliding and microcrack develop early (<5% of the life)

in the fatigue life along the grain boundaries [36]

(Fig. 5b).

With the slip activities confined to the Sn dendrite,

dendritic microstructure maintains a steady cyclic

stress response under constant strain amplitudes, as

shown in Fig. 6a). The peak stress stays stable for a

great portion of the fatigue life before it falls rapidly

later in the fatigue life when fatigue crack growth

dominates the cyclic stress response. By comparison,

the peak stress in the equiaxed microstructure begins

to decay very early in the fatigue life and does not

recover to a steady-state, culminating in a cycle-

dependent softening behavior (Fig. 6b). Such a cycle-

dependent softening behavior is apparently more

pronounced in Sn–3.5Ag [31] and Sn–0.7Cu alloys [35]

where about 1=4 drop in the peak stress occurs in the

initial five percent of the fatigue life (Fig. 7).

The difference in the peak stress response also

extends to the other parts of a fatigue cycle [31, 35, 36].

As shown in Fig. 8, the hysteresis loops reach a stable

configuration for the dendritic microstructure in the

first 2,000 cycles. For the equiaxed microstructure, the

size and shape of the hysteresis loop after 10 cycles

already look quite different from the initial configura-

tion. As the number of fatigue cycles increases, the

hysteresis loop becomes smaller and smaller (Fig. 8b).

The contraction of the hysteresis loop is associated with

the reductions both in the plastic flow stress and in the

slope of the elastic segment of the stress–strain loop.

The difference in the cyclic behavior between the

dendritic and equiaxed microstructures is also evident
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in the cyclic stress–strain curves. As shown in Fig. 9,

the cyclic stress–strain curves of the dendritic micro-

structure appear very similar at 10% and 20% of the

fatigue lives [38]. Compared to the initial stress–stress

response, the dendritic microstructure showed a slight

cyclic softening. The steep rise of the cyclic stress–

strain curve at 10% fatigue life indicates that the alloy

has a strong tendency to work-harden under cyclic

loading. By contrast, the equiaxed microstructure

experiences significant cyclic softening; the cyclic

stress–strain curve varies greatly with the number of

fatigue cycles (Fig. 9b). The much shallower slopes of

the cyclic stress–strain curves point to a very weak

cyclic work-hardening. The work-hardening rate may

decrease further with increasing temperature [39] or

decreasing cyclic frequency [40] (Fig. 10).

The cycle-dependent softening has also been

observed in ferrous and aluminum alloys [41]. How-

ever, the behavior in those alloys is typically transient

in that it appears in the initial portion (a few hundred

cycles) of fatigue cycling after which the peak stress

becomes stable. In contrast, cycle-dependent softening

in equiaxed Sn-rich alloys persists over most of the

fatigue life until the final fracture. As a result, equiaxed

Sn-rich alloys demonstrate no steady-state cyclic

response and no unique relationship between cyclic

strain amplitude and cycle stress amplitude under

constant strain amplitude cycling. When such a cycle-

dependent softening is compared with the time-

dependent creep deformation under constant stress

amplitude cycling as discussed in Sect. 2, it is clear that

the relationship of cyclic stress amplitude vs. cyclic

strain amplitude is quite different between stress-con-

trolled and strain controlled fatigue loading.

The cycle-dependent softening rate of Sn-rich alloys

is strongly dependent on strain amplitude, temperature

and microstructure. As shown in Fig. 11, increasing the

strain amplitude leads to a faster softening rate and

ultimately a shorter fatigue life. At smaller strain

amplitudes (<1.0%), the softening proceeded slowly

initially so that the fatigue lifetime may be divided into

a slow damage accumulation step and a faster crack

growth process. At higher strain amplitudes, the soft-

ening is so fast that it is difficult to separate the two

fatigue processes. The dependence of the softening

Fig. 5 Cyclic deformation mechanism of Sn–3.8Ag–0.7Cu alloy:
(a) slip bands in b-Sn dendrite, and (b) grain boundary cracking
in equiaxed microstructure
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rate on temperature is presented in Fig. 12, where the

softening rate is seen to increase with temperature.

Again, the cyclic response at lower temperatures

(<60 �C) includes a slow damage accumulation stage

whereas no clear separation could be made between

the initial damage accumulation and final crack growth

at higher temperatures.

The effect of the grain size on cyclic softening is

given in Fig. 13, where a comparison is made in the

cyclic response between an as-cast and an equal

channel angularly pressed (ECAP) Sn–3.8Ag–0.7Cu

alloy. In the as-cast condition, the alloy has a coarse-

grained microstructure mixed with needle-shaped

Ag3Sn intermetallic phase. The ECAP results in both

grain refinement and breakup of needle-shaped Ag3Sn

intermetallic phase. At the same cyclic strain ampli-

tude, the peak stress of the ECAPed microstructure is

much higher initially but falls rapidly with fatigue

cycling. Eventually, the fine-grained microstructure

reaches a shorter fatigue life.

Although the cyclic deformation of Sn-rich alloys is

highly time-dependent as discussed in Sect. 2, Fig. 14

indicates that the cycle-dependent softening in the Sn–

3.8Ag–0.7Cu does not bear a clear relation with strain

rate within the range of 10–4/s to 10–2/s. At the high

strain rates, the softening is slightly faster at a higher

strain rates whereas a much lower strain rate appears

to accelerate the softening process.

The cycle-dependent behavior has been understood

in terms of the grain boundary microcracking model

shown in Fig. 15, where an equiaxed grain structure is

weakened by a distribution of microcracks along some

grain boundaries [36]. At a given microcrack density,

x, the elastic modulus and Poisson’s ratio of the solid

are reduced to �E and �t from the initial values, E0 and

t0[42]:

Fig. 7 Cycle-dependent softening of Sn-rich alloys: (a) Sn–3.5Ag
[31] and (b) Sn–0.7Cu alloy [35]
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�E ¼ E0 1� 16ð1� �t2Þð10� 3�tÞ
45ð2� �tÞ x

	 

ð5aÞ

x ¼ 45ðt0 � �tÞð2� �tÞ
16ð1� �t2Þ½10t0 � �tð1þ 3t0Þ� ð5bÞ

At a constant strain amplitude, the stress amplitude

will be reduced to �r from the initial reading of r 0 so

that

�r
r0

¼ 1� 16ð1� �t2Þð10� 3�tÞ
45ð2� �tÞ x ð6Þ

For a polycrystalline metal, fatigue damage accumu-

lation may be written as a power-law function of the

strain amplitude [43], resulting in:

�r
r0

¼ 1� 16ð1� �t2Þð10� 3�tÞ
45ð2� �tÞ AevaN ð7Þ

where ea is the strain amplitude, N, the number of

fatigue cycle, A and v, material constants [36]. A and v
are obtained from experimental measurements by

applying the percolation theory to the fatigue life data

[36, 44].

The predicted variations of the peak stress with the

number of fatigue cycles are shown in Fig. 16 for three
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Fig. 10 Cyclic stress–strain response of Sn–3.5Ag alloy: (a) at
different temperatures [39] and (b) at different frequencies [40]
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different strain amplitudes. Note that the model is

valid above peak stress ratio �r=r0 ¼ 0:84 where the

percolation threshold is reached. Within the experi-

mental errors, the model predictions agree closely with

the experimental results and thus capture the depen-

dence of the cycle-dependent softening behavior on

strain amplitude very well at room temperature.

When the model is applied to different tempera-

tures, the agreements with the experimental results at

low temperatures appear quite good (Fig. 17a and b).

However, at high temperatures, the model underesti-

mates the softening rate (Fig. 17c), indicating that

additional damage process may take place. Further

examinations of the high temperature fatigue sample

indicate that the alloy undergoes dynamic recrystalli-

zation during high temperature fatigue. In the recrys-

tallized regions, a much finer grain structure emerges

and many grain boundary cracks develop to weaken

the local microstructure.

The microcrack model is also useful understanding

the rapid cyclic softening observed in the ECAPed

microstructure. As shown in Fig. 18, the application of

the microcrack model to the ECAPed Sn–3.8Ag–0.7Cu

alloy results in close agreement with experimental

results. Therefore, the much faster softening of the

ECAPed microstructure shown in Fig. 13 can be

explained by the stronger tendency of grain boundary

cracking in fine-grained microstructure.

4 Fatigue crack initiation

The initiation of fatigue cracks in Sn-rich alloys bears a

close relationship with the alloy microstructure. In

dendritic microstructures, accumulation of cyclic
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deformation in the b-Sn dendrite leads to fatigue crack

initiation along the boundary between the b-Sn den-

drite and the eutectic mixture or inside the b-Sn den-

drite [38, 40, 45]. At low frequencies, fatigue cracks

tend to initiate at the phase boundaries, following the

outlines of the b-Sn dendrites (Fig. 19a). In the early

stage, the fatigue damage may consist of individual

cavities with a dimension of 2–3 lm at the interface

(Fig. 19b). The subsequent growth and coalescence of

the interfacial cavities culminate in formation of fati-

gue cracks along the interface. When the dendritic

microstructure is subject to high frequency loading,

fatigue cracks prefer to initiate in the b-Sn dendrite

along the subgrain boundaries [40].

In Sn-rich alloys with equiaxed microstructures,

fatigue cracks tend to initiate on the grain boundaries

[34, 36, 46] (Fig. 20) and prefer high angle grain

boundaries [47]. Early in the fatigue life, the individual

microcracks are isolated and widely separated. As the

density of microcracks increases with continued cycling

and approaches the percolation threshold, individual

microcracks may link together to form a fatigue crack

whose subsequent growth leads to eventual fatigue

failure of the alloy. As illustrated in Fig. 20, the fatigue

crack seems to seek out the recrystallized areas or

regions with fine grains or high density of grain

boundaries. The presence of elongated second phase

can provide an effective barrier to the linkage of the

microcracks (Fig. 20).

5 Fatigue crack growth

Fatigue crack growth in Sn-rich alloys depends on a

number of mechanical, microstructural, and environ-

mental variables, such as the fracture mechanics driving

force, stress ratio, cyclic frequency, and temperature.

Under small scale yielding condition, the linear elastic

fracture mechanics parameter, the stress intensity

range, DK, is often used as the driving force for fatigue

crack growth. For large scale yielding, the range of

J-integral, DJ, provides a better correlation with the
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fatigue crack growth. If the time-dependent creep

deformation is involved in the fatigue crack growth,

time-dependent integral, C*, may be used.

Since Sn-rich alloys are exposed to high homolo-

gous temperatures in microelectronic applications,

the contribution from the time-dependent deforma-

tion must be considered. Zhao et al. [48–51] have

shown that the time-dependent processes become

dominant at high stress ratios and low frequencies.

As illustrated in Fig. 21, on a stress-ratio versus

frequency diagram, the fatigue crack growth of Sn-

rich alloys may be characterized as either predomi-

nantly cycle-dependent or time-dependent [51].

In the cycle-dependent regime, fatigue crack

growth is well described by time-independent frac-

ture mechanics parameter, DK or DJ. On the other

hand, the time-dependent parameter, C*, must be

used in the time-dependent regime. The boundary

between the two regimes may shift with temperature

and strength of the solder alloy. Increasing the test-

ing temperature or reducing the flow strength of the

solder alloy expands the regime of the time-depen-

dent crack growth.
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The cycle-dependent fatigue crack growth behavior

of common solder alloys is shown in Fig. 22 as a

function of the effective stress intensity range, after

allowing for the crack closure at low stress ratios. The

data from both Pb-bearing and Pb-free solder alloys

fall into a narrow band despite the differences in alloy

composition and fatigue loading condition. The rela-

tionship between the fatigue crack growth rate, da/dN,

and the effective stress intensity range, DKeff, may be

expressed as [51]

da=dN ¼ 6:83� 10�2ðDKeff=EÞ4:05 ð8Þ

where E is the Young’s modulus of the solder alloy.

For time-dependent fatigue crack growth, the fati-

gue crack growth behavior is characterized in Fig. 23 in

terms of the crack velocity, da/dt, as a function of the

time-dependent fracture mechanics parameter, C*. For

comparison, the results from creep crack growth

(CCG) experiments are also included for the solder

alloys. The kinetics of fatigue crack growth appears

comparable to that of the creep crack growth. The

crack velocity can be expressed as a power-law func-

tion of C* [51]:

Fig. 19 Fatigue crack initiation sites in dendritic (a) Sn–3.8Ag–
0.7Cu alloy and (b) Sn–3.5Ag alloy [40]

Fig. 20 Fatigue crack initiation in equiaxed Sn–3.8Ag–0.7Cu
alloy. Note that linkage of the grain boundary cracks are blocked
by a needle-shaped intermetallic phase

Fig. 21 Schematic illustration of the dominant fatigue crack
growth process in solder alloys [51]

Fig. 22 Cycle-dependent fatigue crack growth in solder alloys
[51]
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da=dt ¼ 8:34� 10�8C
1:08 ð9Þ

for both Pb-bearing and Pb-free solders tested in the

study.

The relationship of fatigue crack growth path to the

solder microstructure is shown in Fig. 24 for a dendritic

microstructure. As discussed in Sec. 4, fatigue cracks

may initiate either inside, or along the phase boundary

of, the dendrite phase. They can propagate transgra-

nularly through the stronger eutectic mixture [40]

(Fig. 24). In the equiaxed microstructure, the initial

microcracks are concentrated on the grain boundaries

but the subsequent crack growth may follow a mixture

of transgranular and intergranular path. If the fatigue

crack growth is predominantly time-dependent, the

crack prefers an intergranular path (Fig. 25b). In con-

trast, more transgranular crack growth is observed for

cycle-dependent fatigue crack growth in Sn-rich alloys

[48] (Fig. 25a).

6 Fatigue Life

Fatigue life behavior of solder alloys is generally

characterized in terms of strain vs. life relationship

following the Coffin–Mason approach. Since Sn-rich

alloys have high ductility at high homologous temper-

atures, the sample may not break completely apart

under constant strain amplitude loading. Accordingly,

the fatigue life is often taken as the number of fatigue

cycles when the peak stress has fallen to a fraction

(e.g., 50% or 75%) of the initial value.

When the results of the low cycle fatigue tests are

plotted on a double-log diagram, fatigue life data tend

to scatter around a negatively sloped line, as shown in

Fig. 26 for the equiaxed Sn–3.8Ag–0.7Cu alloy. The

Fig. 23 Time-dependent fatigue crack growth in solder alloys
[51]

Fig. 24 Fatigue crack growth path in dendritic Sn–Ag alloy
along dendrite boundary (arrow A), subgrain boundary (arrow
B) and across the eutectic (arrow C) [40]

Fig. 25 Fatigue fracture surfaces in Sn–3.5Ag solder alloy [48]:
(a) transgranular and (b) intergranular
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fatigue life can be written in form of the Coffin–Man-

son equation,

Dep=2 ¼ e0fð2NfÞc ð10Þ

where Dep is the plastic strain range, e0f and c are

material constants, fatigue ductility coefficient and

fatigue ductility exponent, respectively.

Values of the fatigue ductility coefficient and expo-

nent are listed in Table 1 for a number of Sn-rich alloys

and SnPb eutectic alloy [32, 34, 35, 52]. Both materials

constants vary widely with the alloy composition and

testing condition. The exponent, c, ranges from – 0.43

to – 1.14 and the coefficient, ef
¢, from 0.04 to 20.9. The

ranges are much greater than the variations for ferrous

alloys where c is roughly equal to–0.6 and e0f correlates
well with the tensile ductility [41].

While some of the variations in c and e0f may be

related to the effects of alloy microstructure and

mechanical variables, considerable uncertainties may

have also arisen from lack of sufficient experimental

data. For example, it is uncommon to find that the

Coffin–Mason parameters have been obtained from a

line drawn from only three data points even though

fatigue data are well known to have a large scatter. In

the low cycle regime, the errors can be quite significant.

When the results from three different sources are

compared for Sn–3.5Ag alloy, the divergence is quite

significant except for the area around the point of 1%

strain amplitude (Fig. 27).

Despite those uncertainties, some general trends

emerge on the effects of microstructure and fatigue test

variables. Compared to the SnPb eutectic alloy, the

eutectic Sn–3.5Ag alloy provides a superior fatigue

resistance with roughly one order of magnitude longer

fatigue lives. The addition of a ternary element tends

to degrade the fatigue resistance [31, 32]. At concen-

trations of up to 2%, Cu, In and Zn only cause a slight

decrease in the fatigue life of Sn–3.5Ag% alloy.

However, significant reductions in fatigue resistance

follow the addition of Bi to the Sn–3.5Ag alloy. The

fatigue life decreases as Bi concentration increases so

that no more than 2% Bi should be recommended if

the Sn–Ag–Bi alloy is to maintain a fatigue resistance

comparable to that of the eutectic Sn–Pb alloy. The
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Fig. 26 Fatigue life behavior of Sn–3.8Ag–0.7Cu alloy with an
equiaxed grain structure

Table 1 The Coffin–Mason parameters for Pb-free solder alloys

Alloy c e0f Source

Sn–3.5Ag –0.50 0.6364 [32]
–0.93 20.8628 [34]
–0.70 3.1800 [50]

Sn–3.5Ag–0.5Cu –0.73 3.0685 [34]
–0.6659 2.2632 [50]

Sn–3.8Ag–0.7Cu –0.5279 0.9181 [38]
–0.44 4.84 [36]
–0.46 5.74 [36]

Sn–3.5Ag–1Cu –40.43 0.3031 [32]
Sn–3.5Ag–2Cu –0.44 0.2849 [32]
Sn–3.5Ag–2Bi –0.55 0.3441 [32]
Sn–3.5Ag–5Bi –0.60 0.1667 [32]
Sn–3.5Ag–10Bi –0.54 0.04362 [32]
Sn–3.5Ag–1Zn –0.55 0.6296 [32]
Sn–3.5Ag–2Zn –0.49 0.3933 [32]
Sn–3.5Ag–2In –0.50 0.4879 [32]
Sn–3.5Ag–5In –0.50 0.2970 [32]
Sn–3.5Ag–0.5Cu–1Bi –1.14 62.81 [34]
Sn–3.5Ag–0.5Cu–3Bi –0.96 5.5441 [34]
Sn–0.7Cu –0.973 20.9051 [35]

–0.8076 5.1546 [35]
–0.92 11.8352 [35]
–0.99 4.4409 [35]
–0.9022 9.3259 [35]
–0.7825 2.864 [35]
–0.7192 1.6298 [35]

SnPb –0.6083 1.2017 [50]
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Fig. 27 Comparison of strain-life behavior of Sn–3.5Ag alloy
from different sources
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detrimental effect of Bi is apparently related to the

decrease in the tensile ductility of the alloy with

increasing Bi concentration. As shown in Fig. 28,

modification of the Coffin–Mason equation by nor-

malizing the strain amplitude with the tensile ductility,

D, results in a unique description of the fatigue life

behavior of the ternary Sn–Ag–X alloys as following:

ðDep=2D �Nn
f ¼ CÞ ð11Þ

where a = 0.51 and C = 0.42 [32].

For the same alloy, the microstructure also plays a

significant role. As shown in Fig. 29 for the eutectic Sn–

Ag–Cu alloy, the dendritic microstructure is superior to

the equiaxed one, in consistent with the cyclic softening

caused by early grain boundary cracking in the equiaxed

microstructure. For strain rates between 10–4 to 10–2/s,

the room temperature fatigue life of the equiaxed Sn–

3.8Ag–0.7Cu is not strongly dependent on strain rate

(Fig. 26). However, the dendritic Sn–3.8Ag–0.7Cu and

Sn–3.5Ag alloy show strong frequency dependence as

shown in Fig. 30, where the fatigue life decreases with

decreasing cyclic frequency [40].

The influence of frequency on fatigue life can be

described in terms of a frequency-modified Coffin–

Manson relationship [35, 41, 53, 55]:

ðNfv
k�1ÞaDep ¼ h ð12Þ

where t is the cyclic frequency, k is frequency expo-

nent, and a and h are materials constants. For Sn–0.7Cu

alloy tested at 398 K, the frequency exponent, k is

equal to 0.91 [53]. As shown in Fig. 31 for Sn–0.7Cu

[35] and Sn–3.5Ag alloy [40], Eq. 12 provides excellent

correlation of fatigue life curves over a wide range of

cyclic frequencies.

Alternatively, the frequency dependence of the

fatigue life may be analyzed by a frequency-modified

Morrow energy model, where the fatigue life is corre-

lated with the plastic strain energy density, Wp [35, 53,

54, 56]. The Morrow model may be further modified by

normalizing the plastic strain energy density with the

flow stress, rf, of the solder alloy as following [53, 54,

56]:

ðNfv
k�1Þm Wp

2r f
¼ C ð13Þ

where m and C are constants. The flow stress is taken

as the average between the yield point and the highest

stress of the hysteresis loop. Since the flow stress of Sn-

rich alloys is highly dependent on strain rate and

temperature, in addition to the frequency dependence,Fig. 28 Effect of alloying additions of fatigue life behavior of
Sn–3.5Ag alloy [32]
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Fig. 29 Effect of microstructure on fatigue life behavior of Sn–
3.8Ag–0.7Cu alloy

Fig. 30 Effect of frequency on fatigue life behavior of Sn–3.5Ag
alloy [40]
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Eq. 13 also contains the dependence of fatigue life on

testing temperature.

The effect of testing temperature on the fatigue life

is shown in Fig. 32 for Sn–3.5Ag [39] and Sn–3.8Ag–

0.7Cu alloy. As temperature increases, the fatigue life

decreases. The slope of the strain-life diagram remains

nearly constant from room temperature to 393 K. For

the same temperature increase from room temperature

to 393 K, fatigue life is shortened nearly by one order

of magnitude for the Sn–3.8Ag–0.7Cu alloy and by

about half of an order of magnitude in Sn–3.5Ag alloy.

As shown by Fig. 33 [54], the temperature dependence

in the Sn–Ag alloy may be explained by Eq. 13.

However, application of Eq. 13 to the equiaxed Sn–

3.8Ag–0.7Cu alloy is problematic because no stable

hysteresis can be used to calculate the plastic energy

density, Wp, and the peak stress needed for computing

the flow stress in eqn. (13) decays rapidly with the

number of cycles at elevated temperatures (Fig. 12).

Moreover, examination of the fatigue sample tested at

temperatures above 373 K reveals that dynamic

recrystallization occurs during fatigue testing. As

shown in Fig. 34, the recrystallization results in a much

finer grain structure (1~2lm grain size) than the as-cast

microstructure and the recrystallized grains contain a

very low dislocation density. While the finer grain

structure is more susceptible to cyclic softening due to

grain boundary cracking, the low dislocation density in

the recrystallized grains means that cyclic deformation

should be much easier. Therefore, the recrystallization

is expected to make a significant contribution to the

much shorter fatigue life of the equiaxed Sn–3.8Ag–

0.7Cu alloy at high temperatures.

7 Concluding Remarks

The fatigue behavior of Sn-rich alloys has shown a

complicated dependence on alloy composition, micro-

structure, stress amplitude, strain amplitude, stress

ratio, cyclic frequency and testing temperature. At

Fig. 31 Correlation of fatigue life behavior by the frequency-
modified Coffin–Mason equation: (a) Sn–0.7Cu [35] and (b) Sn–
3.5Ag alloy [40]
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Fig. 32 Temperature dependence of fatigue life behavior in a)
Sn–3.5Ag [39] and b) Sn–3.8Ag–0.7Cu alloy
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constant cyclic stress amplitudes, the Sn-rich alloys

develop extensive creep deformation. The cyclic creep

rate follows a power-law function of the peak stress,

with a high stress exponent similar to that under static

loading. For a given peak stress, the cyclic creep rate

increases with stress ratio but decreases with cyclic

frequency. While the creep constitutes a major portion

of the cyclic deformation, repeated loading and

unloading accelerates the deformation process.

Sn-rich alloys with low alloying concentrations (each

element less than 2%) have better fatigue resistance

than the eutectic Sn–Pb alloy. However, like Sn–Pb

solder alloys, the Pb-free Sn-rich alloys tend to soften

cyclically. The softening is more pronounced in equi-

axed grain structure where grain boundary micro-

cracking develops early in the fatigue life. The rate of

microcrack-induced cyclic softening increases with

strain amplitude, testing temperature and grain

refinement. In Sn-rich alloys with dendritic micro-

structure, cyclic deformation is concentrated in the

dendrite phase and fatigue cracks initiate around the

phase boundary or in the dendrite. Subsequent growth

of the fatigue crack occurs intergranually at high stress

ratios and low cyclic frequencies. At low stress ratios

and high frequencies, fatigue crack growth is predom-

inantly transgranular.

Fatigue crack growth in Sn-rich alloys is

cycle-dependent at low stress ratios and high frequen-

cies but time-dependent at high stress ratios and

low frequencies. Increasing temperature and reducing

the strength of the solder alloy promote time-depen-

dent fatigue crack growth. For cycle-dependent fatigue

crack growth, the growth rate follows a unique power-

law function of the effective stress intensity range. In

the time-dependent fatigue crack growth, crack veloc-

ity correlates well with the time-dependent fracture

mechanics parameter, C*, and approaches the creep

crack growth rate.

Fatigue life behavior of Sn-rich alloys is well

described by the Coffin–Mason equation but the

materials constants, fatigue ductility coefficient and

exponent, vary widely with alloy composition,

microstructure, temperature, cyclic frequency, and

source of the data. The effect of minor alloying

addition may be rationalized by modifying the Cof-

fin–Mason equation with the tensile ductility of the

alloy. The difference between dendritic and equiaxed

microstructures is shown to arise from the difference

in fatigue damage mechanism, resulting in an inferior

fatigue resistance in the equiaxed microstructure. At

a given temperature, fatigue life decreases with

decreasing cyclic frequency. Such a frequency

dependence may be analyzed by either a frequency

modified Coffin–Mason equation or Morrow energy

model. As temperature increases above room tem-

perature, fatigue lives of Sn-rich alloys decrease and

show strong temperature dependence. While part of

the temperature dependence may be explained by

reduced flow stress, dynamic recrystallization also

contributes to the reduction in fatigue life especially

at higher temperatures.

Fig. 33 Correlation of fatigue life behavior in Sn–3.5Ag alloy by (a) frequency and (b) flow-stress modified Morrow energy model [54]

Fig. 34 Recrystallized grain structure in Sn-3.8Ag-0.7Cu alloy
after fatigue cycling under constant strain amplitude of 0.8% at
120�C
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Abstract The transition from lead (Pb) bearing sol-

der to Pb-free solder has arisen in response to gov-

ernment restrictions on the use of lead (Pb) by the

European Union. As a result, electronic manufactur-

ers have sought a material comparable to the con-

ventional 63Sn37Pb solder that has been traditionally

used to assemble electronic hardware. Based on

extensive review of various solder combination, the

majority of electronic manufacturers appear to be

adopting a tin–silver–copper (SAC) solder as a pop-

ular Pb-free solder replacement. Significant invest-

ments have been made by many researchers to

characterize the material behavior and durability of

this solder system. While the exact composition of the

SAC solder is still in question, it now appears that the

96.5Sn3.0Ag0.5Cu (SAC305) solder is gaining wider

acceptance as the favored Pb-free replacement, for

surface mount assemblies that are going to be sub-

jected predominantly to cyclic thermal environments.

This paper presents a review of our current under-

standing of the life expectancy of Pb-free SAC solder

interconnects for electronic hardware. To this end, the

paper focuses on material characterization of SAC

solder, as well as its temperature cycling and vibration

fatigue reliability. From this review, SAC solder

interconnects are shown to be suitable for providing

adequate life expectancies for temperature cycling in

electronic hardware. However, it is clear that there

are differences between SAC and the conventional

Sn37Pb solder, that need to be understood in order to

design reliable electronic hardware.

1 Introduction

As electronic equipment manufacturers transition from

the conventional Sn37Pb solder to Pb-free solders,

manufacturability and the impact on product reliability

have been significant concerns, especially in surface

mount assemblies. After reviews by multiple organi-

zations including National Center for Manufacturing

Sciences (NCMS), International Electronics Manufac-

turing Initiative (formally NEMI), and SOLDERTEC,

it appears that a tin–silver–copper (SAC) alloy will

become the primary replacement for the conventional

tin–lead solder used in assembly of electronic hard-

ware. At present, the most likely solder candidate for

thermal cycling environments will be Sn3.0Ag0.5Cu

(SAC305). The SAC305 alloy has a higher melt point

(~217�C) as compared to Sn37Pb (183�C). As a result

of this review process and selection, hundreds of

studies have been conducted to examine the perfor-

mance of SAC solders, in comparison to the Sn37Pb

solder. In addition, part manufacturers have had to

remove any Pb used in their packaging and verify that

their packages will handle the higher reflow assembly

temperatures.

In electronic hardware, solder usually provides a

mechanical and electrical connection. With regards to

this mechanical connection, the solder joints are sub-

ject to cyclic stress due to temperature excursions,
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vibration, and shock due to equipment operation and

use that can eventually degrade the joint and ulti-

mately result in failure. Failure of a joint causes elec-

trical disruptions that may result in loss of function and

product failure.

In general, the fatigue life of solder has been mod-

eled to be a function of the applied loading condition.

The loading condition is usually characterized by a

defined stress (or strain or energy) metric. In addition

to the cyclic loading condition, the stress (or strain or

energy) metric considers the package geometry and

material, the substrate material and geometry, and the

solder interconnect material and geometry. As a result,

fatigue life is usually plotted on a stress versus number

of cycles to failure or S–N curve. A typical fatigue

curve for solder is depicted in Fig. 1.

As in most metals the fatigue life of solder falls into

low cycle fatigue and high cycle fatigue categories. Low

cycle fatigue is usually associated with temperature

cycling loads, while high cycle fatigue is typically

associated with mechanical or vibration cyclic loads. In

both cases, the fatigue life is usually related to the

defined cyclic stress metric with a power law equation.

In reviewing the published literature, the majority of

Pb-free solder life tests have focused on the reliability

of solder joints under temperature cycling with only

limited attention paid to vibration and shock. With

regards to temperature cycling fatigue models, multiple

approaches have been proposed and used [1–6]. Pro-

posed temperature cycle fatigue models have used to-

tal strain range, inelastic strain range, total cyclic

energy, and partitioned cyclic energies, as the stress

metric. Others have simply defined the acceleration

factor (ratio of time to failure between test and field

conditions) [7].

The establishment of valid models is important in

predicting field life expectancies. In developing and

validating models, it is necessary to establish the

material response of the solder to loading that will

occur in test and in use, as well as determining the

reliability of the solder under test and field loads. This

paper provides a review of the fatigue life expectancy

of Pb-free SAC soldered interconnects in electronic

hardware. To this end, a discussion of Pb-free SAC

solder as compared to the conventional Sn37Pb solder

is provided. The discussion includes information re-

lated to material behavior under various mechanical

and temperature load conditions. In addition, the

temperature cycling and vibration fatigue life testing

results are presented.

2 Solder alloy characterization

To understand the fatigue life behavior of SAC solder,

it is necessary to first understand how the material

system responds to various loading conditions. This

behavior, termed constitutive behavior, has been

examined and reported by several researchers [8–12].

The constitutive properties include the stress–strain

response of the material under monotonic mechanical

loads. From the stress–strain response, the elastic and

plastic response of the material can be characterized.

In addition to the elastic and plastic response of the

material, the creep response of solder materials is also

important, particularly when examining the material’s

response to temperature cycle loads. The creep prop-

erties are characterized by monitoring the strain his-

tory under the action of a constant mechanical stress.

For the stress–strain response, controlled experi-

ments were conducted on samples of SAC

(Sn3.9Ag0.6Cu) and Sn37Pb solders [10, 12, 13]. In

these tests, a shear loading was applied to a specially

designed lap-shear specimen, over a set of tempera-

tures and strain rates. The resulting elastic–plastic

creep shear response of Sn37Pb and SAC solder sam-

ples are presented in Figs. 2 and 3, respectively. In

Fig. 1 Typical fatigue curve Fig. 2 Shear response of the Sn37Pb solder
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these figures, the discrete symbols represent experi-

mental data. The solid lines represent predicted stress–

strain curves at defined temperatures and strain rates,

based on the constitutive properties given in this paper.

From the shear stress–strain curves, the elastic

modulus of both the Sn37Pb and SAC solders was

estimated. For a strain rate of 10–1/s, the elastic mod-

ulus was found to be [10, 13]:

Sn37Pb : E(GPa) ¼ 18:9� 0:044Tð�CÞ

Sn3:9Ag0:6Cu : E(GPa) ¼ 18:6� 0:021Tð�CÞ

From Figs. 2 and 3, it can be observed that tem-

perature affects the modulus of Sn37Pb more than that

of SAC. This finding is somewhat counter to findings of

other researchers that have reported higher modulus

values [6, 8]. However, it may in part help explain the

finding that SAC Pb-free solders does not increase the

likelihood of flex cracking of multiple layer ceramic

capacitors (MLCCs) [14]. These elastic moduli, mea-

sured under relatively slow strain rates, are found to

describe solder deformation quite well for slow ther-

mal cycling loading. However, for rapid loading, as in

vibration or mechanical shock, a higher stiffness value

is appropriate.

In addition to the elastic response, the plastic

behavior is also important in determining the fatigue

resistance of a material, especially when the amount of

creep deformation is not very high at the test temper-

atures. This is particularly important in SAC solders

which are much more creep resistant than SnPb solder.

From the strain history response, the onset of plastic

deformation and the change in plastic response is a

function of temperature. Figure 4 depicts the plastic

shear response of both Sn37Pb and Sn3.9Ag0.6Cu

solders. From this plot, it is clear that plastic response

of Sn37Pb is more sensitive to temperature than that of

Sn3.9Ag0.6Cu. Our measurements reveal that under

shear loading, the SAC family of solders (including

several SnAgCu ternaries as well as the Sn3.5Ag and

Sn0.7Cu binaries) exhibits lower yield strength, lower

hardening, and lower ultimate strength than Sn37Pb

solder, under identical loading conditions. This finding

agrees with several sources in the literature [15–17] but

also differs from some others [18, 19].

In addition to the elastic and plastic response of the

solder, the creep behavior plays an important role in

determining fatigue resistance. With regards to tem-

perature cycle loading, the primary concern is sec-

ondary or steady state creep because the primary

transient creep is negligible in comparison, in slow

thermal cycling. For solders, the secondary creep can

be represented using several different models such as

Dorn’s model, Norton’s model, Weertman’s model or

Garofalo’s model. In this paper we report the model

constants for Garofalo’s hyperbolic-sine function be-

cause the data indicates a clear transition of the creep

mechanism within the stress ranges of interest. This

transition is manifested as a change in the slope of the

creep-rate versus stress curves (on a log–log scale). The

form of the equation for modeling steady-state creep is:

dcscr
dt

¼ A0½sinhðasÞ�n0expð� Q

RT
Þ

where: cscr is shear strain; t is time in seconds; Q is

the creep activation energy in J/mol; T is temperature

in K; R is the universal gas constant (=8.31451

m2kg/s2K mol); s is the shear stress (MPa), and A¢
(1/s), a (1/MPa), and n¢ are model constants (Table 1).

A plot of the secondary creep response is depicted in

Fig. 5. The test results were obtained using the same

lap-shear test setup discussed in Figs. 2–4.

Based on physical measurement, the Pb-free SAC

solder has been found to be significantly more creep

Fig. 3 Strain response of Sn3.9Ag0.7Cu

Fig. 4 Plastic shear response of solders (temperature is in
degrees Celsius)
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resistant than Sn37Pb at low stress levels, (1 MPa),

where the creep mechanisms are predominantly diffu-

sion-driven. However, at higher stress levels,

(10 MPa), creep mechanisms are predominantly dis-

location-driven, and both solders have comparable

creep. This finding, in part, explains the longer life

observed for the Pb-free SAC solder, in direct com-

parisons of temperature cycling test results between

SAC and Sn37Pb. This result also explains, in part, why

acceleration factors for accelerated thermal cycling are

higher for SAC solders than for SnPb solder. While the

material behavior of solder helps our understanding of

solder joint reliability, physical testing is necessary to

complete our understanding and ultimately develop

predictive reliability models.

3 Temperature cycling fatigue life

With regards to temperature cycling, the majority of

reported fatigue failure tests have applied standard

temperature cycling test conditions. The standard tem-

perature cycle test conditions are presented in Table 2.

In general, published test results have found the

SAC solder to be more fatigue resistant than Sn37Pb

under temperature cycle testing. In some cases, the

fatigue life of SAC solder was found to be 1.4– 2.3

times that of SnPb [20–24]. However, some test results

showed the fatigue life of SAC to be lower that SnPb

solder [25, 26]. Based on reviewing the test data, an

illustrated plot of the experimental test result is pre-

sented in Fig. 6.

As depicted in Fig. 6, the fatigue life of SAC is

found to be greater than Sn37Pb when the approxi-

mated cyclic strain range is lower than a critical value.

One observation from reported test results is that SAC

was only reported to have a lower fatigue life under

temperature cycling when the peak cycle temperature

was at to above 125�C and the package architectures

generally provided little or no compliance in the solder

interconnects. Interestingly, 125�C is above 0.8 melt

temperature of SAC (~119�C). Another finding has

been that the reduction in fatigue life of SAC solder

joints due to longer dwells (hold) times appears to be

larger than the reduction observed with Sn37Pb solders

[25]. The dwell time result has raised concern over the

appropriate dwell time that should be used in qualifi-

cation tests.

In a recently completed study [27, 28], a designed

experiment was conducted to examine the impact of

dwell time and the temperature extremes on the tem-

perature cycling fatigue life of Pb-free solders. In this

experiment, test specimens were assembled with

Sn3.87Ag0.7Cu and Sn37Pb. Each test specimen con-

sists of two 84 IO Ceramic Leadless Chip Carriers

(CLCC) and two 68 IO CLCC parts soldered to a

130 · 93 · 2.5 mm high temperature FR4 printed

wiring board. A photo of a test specimen is provided in

Fig. 7.

To examine the effect of dwell time and the tem-

perature extremes on the solder fatigue life, sets of test

coupons were subjected to the temperature cycle con-

ditions identified in Table 3.

Table 1 Creep model constants

Solder alloy A¢ a n¢ Q(J/Mol)

Sn37Pb 1.15E4 0.20 2.2 5.93E4
Sn3.9Ag0.6Cu 1.50E3 0.19 4.0 7.13E4

Fig. 5 Creep shear response of solders

Table 2 Standard temperature cycling test conditions

Minimum
(�C)

Maximum
(�C)

Dwell
(min)

Ramp
(�C/min)

TC1 0 100 5–15 10
TC2 – 40 125 5–15 10
TC3 – 55 125 5–15 10

Fig. 6 Illustrated plot of experimental test results
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For each test condition, eight cards for each solder

type were used. The parts on each board were elec-

trically monitored continuously during the test. Failure

was defined to occur when resistance spikes were ob-

served in ten consecutive temperature cycles. The time

of the first resistance spike in the observed failure

event was recorded.

After the tests were completed, the failure data was

processed and fit to two parameter Weibull distribu-

tions. A Weibull plots of the results from the test 1

condition and test 3 conditions are provided in Figs. 8

and 9, respectively.

In these plots, it is interesting to note that the Pb-

free solder on the 0–100�C temperature cycle was

superior to the Pb-based solder. Only when the tem-

perature cycle was raised to 25– 125�C did the Pb-free

solder demonstrate a lower reliability. This trend was

also observed with the longer 75 min dwell in tests 5

and 6. Based on the above mentioned test results [27,

28], it is unclear that longer dwell times are an efficient

approach to establishing solder interconnect reliability.

In general, the dwell time at the high temperature has

been considered influence fatigue life more that low

temperature dwell. However, Lee and Subramanian

[29] have reported a larger degree of material degra-

dation with longer low temperature dwell. Further

investigation is needed with regards to low tempera-

ture dwells to determine if the material degradation

results in earlier electrical failures.

4 Vibration fatigue life

With regards to vibration fatigue studies, only limited

testing has been reported in the open literature [30–33]

for Pb-free assemblies. Like the temperature cycling

testing, most reported vibration tests have generally

been a comparison of Pb-free assemblies subjected to

currently accepted product qualification test levels.

Unfortunately, the testing was time-terminated and not

run until a significant portion of part failures occurred.

For instance, Tzan and Chu [30] reported no failure on

similarly constructed Pb-free and Pb-based test speci-

mens subjected to a 2 g, 20–2,000 Hz, sine sweep test.

Similarly, Lee et al. [31] reported no failures on ran-

dom vibration testing of Pb-based and Pb-free based

ball grid array assemblies. Kim et al. [32] used inertia

loading to establish a power law relation between fa-

tigue life and shear stress for Pb-based (Sn36Pb2.0Ag)

and Pb-free (Sn1.0Ag0.5Cu) solders. For this work, it

was reported that Pb-free joints had a lower life than

SnPb joints at high stress, but longer life at low stress.

The fatigue curve was presented as a relationship be-

tween cyclic shear stress range and cycles to failure.

This stress-life fatigue curve for Pb-free solders was

found to have a smaller slope than Sn37 Pb solder, with

a cross-over point at intermediate stress levels. In a

recent study, Woodrow reported lower fatigue dura-

bility of Pb-free SAC assembled parts, compared to

similarly mounted parts assembled with SnPb solder, in

random-vibration step-stress tests, conducted as part of

the Joint Council on Aging Aircraft/Joint Group on

Pollution Prevention (JCAA/JGPP) Pb-free solder

study [33]. This study included Ball Grid Arrays

(BGAs), Quad Flatpacks (QFPs), Dual In-line Pack-

ages (DIPs), Ceramic Leadless Chip Carriers (CLCCs),

Thin Small Outline Packages (TSOPs), and leadless

resistors.

In quasi-static isothermal mechanical cycling dura-

bility studies of Pb-free SAC (Sn3.9Ag0.7Cu) solder,

Zhang [12] has reported that the fatigue curve of Pb-

free SAC obtained from lap-shear testing, has a smaller

slope than Sn37Pb solder. Thus, Sn67Pb was found to

be more robust at low load levels (high-cycle-fatigue)

while SAC was more robust at high load levels, with a

cross-over at intermediate stress levels. This trend in

slopes is the opposite of that presented in Kim’s stress

versus life fatigue plot [32]. It should be noted that

unlike Kim’s data, Zhang’s fatigue data was presented

Fig. 7 CLCC test specimen

Table 3 Temperature cycling test matrix

Test Min.
temp. (�C)

Max.
temp.(�C)

Temp.
range (�C)

Dwell time
at max
temp* (min)

1 0 100 100 15
2 – 25 75 100 15
3 25 125 100 15
4 – 25 75 100 75
5 25 125 100 75
6 0 100 100 75
7 15 85 70 15
8 15 85 70 75
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as a plot of the calculated work density versus fatigue

life, as shown in Fig. 10. Furthermore, the SAC in

these two references have significant differences in

composition.

To examine the vibration fatigue reliability of

assembled electronic hardware, researchers at CALCE

have conducted a mechanical cycling study. The test

boards utilized in this study consist of surface mount

resistors attached to a printed wiring board constructed

of FR4 with dimensions of 140 · 3.65 · 1.65 mm. A

sample test board is depicted in Fig. 11. Test boards

were assembled with SAC and Sn37Pb solders.

For the vibration loading condition, the test boards

were subjected to cyclic four point bending loads. For

each test, the strain range was fixed and the loading

was applied at a rate between 11 and 17 Hz. The

resistance of each resistor was electrically monitored

and the time to failure was recorded. With the four

Fig. 8 Weibull plot of CLCC
fatigue life under 0–100�C
temperature cycle

Fig. 9 Weibull plot of CLCC
fatigue life under a 25–125�C
temperature cycle
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point bend loading, all parts were assumed to be sub-

jected to the same strain level. As expected, the test to

failure resulted in a fair degree of scatter which is not

unexpected. A plot of the test results along with the

best fit curves is presented in Fig. 12. This plot depicts

the mean fatigue life of the surface mount resistors as a

function of board curvature for each test condition.

From Fig. 12, the fatigue life of SAC is found to be

lower than SnPb at lower stress levels. This result is

consistent with the material testing results provided by

Zhang [12].

From the results reported in this paper, it appears

that the SAC solder will be less reliable than Sn37Pb

under high cycle fatigue due to vibration loading con-

ditions upto moderate loading levels. While this finding

may cause some concern for the use of SAC in appli-

cations where moderate vibration loading is expected,

it should be remembered that vibration loading can

usually be mitigated by improved fixturing and elec-

tronic enclosure designs. However, more testing is

needed to resolve the inconsistency in results reported

in the literature and to have a better understanding of

SAC vibration fatigue reliability.

5 Summary and conclusions

For more than 20 years, eutectic Pb-based Sn37Pb

solder has provided excellent manufacturability and

has resulted in reliable electronic hardware. For a

successful transition from Pb-based to Pb-free solders,

it is critical that the selected Pb-free solder provide

equivalent manufacturability and reliability. Based on

the research conducted and sponsored by electronic

equipment manufacturers, it appears that a ternary tin–

silver–copper (SAC) solder alloy will be the most

widely used Pb-free replacement for Sn37Pb.

From this review, it has been shown that SAC solder

yields at a lower stress and has a higher creep resis-

tance than Sn37Pb. The higher creep resistance helps

explain the generally observed longer fatigue life of

SAC as compared with Sn37Pb under temperature

cycle loading. In the instances where SAC had a lower

life than Sn37Pb, the peak cyclic temperature was at

125�C and the package provided little or no compli-

ance in the solder interconnects. With regards to the

effect of dwell time during temperature cycling, SAC

appears to be slightly more sensitive than Sn37Pb.

However, it is unclear whether it is necessary to impose

longer dwell time in temperature cycle testing. With

regards to vibration, the earlier yield of SAC helps

explain its lower fatigue life. As discussed in the

vibration fatigue section, more research is need to

establish the vibration fatigue life and the low fatigue

life may not present a major problem if considered in

the design of the mounting points, stiffeners and elec-

tronic enclosure. A critical issue to remember when

conducting accelerated stress tests using either tem-

perature cycling or vibration, is that the acceleration

factors for Pb-free assemblies are going to be quite

different from Sn37Pb assemblies because of the dif-

ferences in the constitutive properties and in the slopes

of the fatigue curves. Generally, acceleration factors

for thermal cycling tests are larger for Pb-free solders.

Fig. 10 Isothermal mechanical cycling fatigue life

Fig. 11 Vibration test board

Fig. 12 Vibration fatigue life of BGA. Discrete symbols indicate
test data, while solid lines indicate a curve-fit to the data
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In vibration tests, the board and package design will

dictate whether the SAC interconnects or Sn37Pb

interconnects will have the higher acceleration factor.

From manufacturing and reliability test reports,

SAC solder appears to be a reasonable replacement for

Sn37Pb. However, it needs to be recognized that SAC

behaves differently than Sn37Pb and that our experi-

ence in manufacturing and using SAC is still limited.

As with Sn37Pb, our understanding of SAC will con-

tinue to improve through controlled research and use.
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Abstract Reliability of solder joints under thermal

excursions encountered in service depends on the sol-

der performance during each stage, its extent in each

cycle of temperature excursion, and the cumulative

effects of the same under repeated thermal cycling.

Extent of such field influence, and the resultant dam-

age, will also be significantly affected by the constraints

imposed by the solder joint geometry. Any realistic

evaluation of the solder joint behavior should account

for all of the above with specimen geometry, and

thermal excursion stages that are representative of the

actual conditions, encountered in service to arrive at

meaningful results. Findings based on studies carried

out to evaluate the roles of each of these, with speci-

mens possessing same geometry and prepared under

the same conditions, indicate the important contribu-

tions of each of the service and material parameters,

and the solder alloy composition, for reliability con-

siderations.

1 Introduction

One of the major causes for the failure of electronic

components placed in service is due to failure of solder

joints from Thermomechanical Fatigue (TMF) that

occurs due to stresses that develop due to thermal

expansion mismatches that exist between various

entities present in the joint [1–5]. Industrial qualifica-

tion tests for TMF, based on time constraints, usually

carry out accelerated thermal cycling (ATC) tests on

actual circuit boards [6–12]. Since such studies often

use actual components possessing complicated speci-

men geometry, they are not ideally suited for

mechanical or microstructural evaluations of TMF

damage accumulation or residual properties. Imposed

temperature profiles used in ATC tests, based on time

constraints, can not fully represent heating/cooling

rates and dwell-times at temperature extremes

encountered in actual service [6–12]. As a conse-

quence, analysis of results from such studies can not

provide any insight on the damage accumulation or

material responses contributing to catastrophic failure

of solder joints resulting from TMF. Results obtained

from extensive studies carried out to understand the

roles of various service and material parameters, by

subjecting specimens of realistic dimensions to tem-

peratures excursions representative of severe service

environments, are provided in this paper. General

trends observed are emphasized, instead of actually

measured values to provide an appreciation of issues to

be addressed.

All the specimens used in these studies had the same

single shear-lap geometry as shown in Fig. 1. These

specimens were made by joining long half-dog-bone

shaped copper strips with a solder area of 1 · 1 mm

and a thickness of about 100 lm. This joint geometry is

highly suitable to carry out shear testing, a method

employed in these studies to evaluate the residual

shear strength after thermal excursions. All these joints

were prepared under identical reflow conditions.

Details of the specimen geometry and reflow
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conditions employed are available in several publica-

tions [13–17]. Maintaining these fixed through out this

study facilitated a valid means to evaluate roles of

service and solder material parameters on solder joint

reliability. Prior to subjecting the specimens to TMF,

one side of the joint region was metallurgically pol-

ished so that damage resulting from TMF can be

assessed. Metallurgical preparation of specimen sur-

face or sectioning of the specimens after subjecting

them to TMF will completely destroy the true damage

features since solder is a very soft material.

2 Service parameters

Thermal excursions encountered by the solder joints

during service consist of several steps, in addition to

imposed temperature difference and the regime of

such temperature changes. These features are illus-

trated in Fig. 2. TMF studies discussed in this paper are

based on temperature excursions between – 15�C and

150�C. Due to Coefficient of Thermal Expansion

(CTE) mismatches, such a temperature change can

impose a thermal strain of about 0.001 between poly-

crystalline Cu and polycrystalline Sn, and 0.0–0.002

between adjacent Sn grains due to anisotropy of Body

Centered Tetragonal (BCT) Sn [18–20] It should be

noted that TMF corresponds to fatigue under constant

strain amplitude imposed under varying (increasing or

decreasing) temperature. Dwell time issues relate to

time duration over which the solder joint is held at the

temperature (upper or lower) extremes [21–23]. These

dwell times need not be equal at both temperature

extremes. For example the dwell at high temperature

and low temperature extremes experienced by elec-

tronic solder joints in the under-the-hood environment

of a long-haul truck or aero-planes during long-dis-

tance international flights, will be different from that in

an automobile used for commuting to work or in short

commuter flights. During the dwell periods stress

relaxation under constant strain will take place,

resulting in TMF damage repair by recovery/recrys-

tallization/crack healing, or additional crack growth

from residual stresses. Rate at which such events can

occur will depend on temperature since the mecha-

nisms operative will and could be different. Especially

at the low temperature dwell instead of realizing

damage repair, crack propagation can proceed from

the existing damage [24, 25]. A typical example illus-

trating such a crack growth during room temperature

storage of a joint that had undergone TMF is provided

in Fig. 3. In this article for convenience the term

‘‘dwell-ratio’’ will be used to represent ratio of dwell

time at high temperature extreme to that at the low

temperature extreme.

Supporting studies of isothermal cyclic straining

with dwell times at cyclic strain extremes were carried

out on eutectic Sn–Ag solder joint so as to understand

the dwell time issue [26–32]. Typical stress versus time

plot under such conditions illustrating cyclic strain

softening is provided in Fig. 4.

In order to differentiate the effects of cyclic strain-

ing as compared to that of typical stress relaxation after

single strain imposition, studies were carried out by

Fig. 2 Steps in TMF temperature profile. DT—temperature
difference, 1,2—temperature regimes, 3—dwell at high temper-
ature extreme, 4—dwell at low temperature extreme, 5—heating,
6—cooling

Fig. 3 Crack growth during storage in ambient conditions in a
surface mounted joint that had experienced TMF

Fig. 1 Schematic of single shear-lap solder joint specimens used
in this study
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imposing different cyclic strain amplitudes with dif-

ferent strain-rates at different temperatures. Results

based on this study are provided in Fig. 5.

These studies indicate that with low cyclic strain

amplitude imposed at a low strain-rate at high tem-

perature (150�C) the softening realized is similar to

that of stress relaxation after single straining. In other

words cyclic straining has no additional influence. This

may imply that cyclic straining at high temperatures

have a tendency to heal the damage encountered. On

the other hand, with large cyclic strain imposed at a

high strain-rate at low temperature (room tempera-

ture) cyclic straining causes more stress drop than

conventional stress relaxation after imposition of a

strain. Such an observation suggests that cyclic strain-

ing encountered in low temperature regime might

cause additional damage resulting in lower load car-

rying capability since these experiments were strain

controlled. The arguments are speculative since the

micro-cracks, if present, could not be seen due to res-

olution capabilities of the available techniques.

Another service parameter, ‘‘ramp-rate’’, repre-

senting rate of heating and cooling during temperature

excursions is extremely important since they will affect

the strain-rate at which the thermal strain is imposed

[33]. For example, imposition of a thermal strain

of 0.001 over realistic time duration of about 5 min-

utes (300 s) will correspond to a strain-rate of about

3 · 10–6/s. However, if one imposes the same thermal

strain by thermal shock (TS) like in ATC tests, the

strain-rate experienced by the solder joint will be ex-

tremely large. Since Sn-based solders exhibit significant

strain-rate sensitivity, ‘‘ramp-rate’’ warrants attention

for reliability considerations [34, 35]. Supporting

deformation studies have shown that for a given im-

posed shear strain, higher shear stress is realized with

higher shear strain-rate as shown in Fig. 6 [26–29]. It is

also important to realize that during these ramp peri-

ods the thermal strain is being accommodated over a

varying temperature and that the solder flow behavior

depends very strongly on the temperature. For exam-

ple, faster heating rate may not facilitate the joint to

adapt and reach the imposed temperature quickly, and

as a consequence low temperature deformation mode

may be more dominant in accommodating the thermal

strain. Similarly, in the case of faster cooling-rate the

high temperature deformation mode will be dominant

as illustrated in Fig. 7.

These studies have also shown that low strain-rate

and low temperature accommodate deformation by

shear banding, while the high strain-rate and high

temperature promote grain boundary sliding, as illus-

trated in Fig. 8.

Other considerations relate to the temperature dif-

ference (DT) to be imposed and the regime over which

such temperature change exists. Since the temperature

difference is directly related to the thermal strain that

will be imposed, larger temperature difference will

cause more damage and more associated deterioration

of properties as shown in Fig. 9.

Fig. 4 Shear stress versus time plot of isothermal cyclic straining
dwell times at strain extremes

Fig. 5 Effects of temperature, pre- and cyclic-strain amplitudes
and rates on stress relaxation. Solid lines correspond to stress
relaxation without imposed cyclic straining and dotted lines
correspond to those with cyclic straining

Fig. 6 Effect of strain rate on the peak stress and residual shear
stress due to relaxation under isothermal and fixed pre-strain
conditions. A: fast strain rate, and B: slow strain rate
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However, the effect of the temperature regime in

which the imposed temperature difference exists is

more complicated since the deformation mode of the

solder present in the joint will depend on the temper-

ature range over which the thermal strain is being

accommodated. This feature can be noted in Fig. 8.

Most of the studies on eutectic Sn–Ag solder joints

indicate that the transition between shear banding and

grain boundary sliding occurs at a temperature range in

the neighborhood of 125�C. In automotive under-the-

hood type of applications, which the author of this

paper was addressing, the upper temperature extreme

imposed was 150�C, and the lower temperature

extreme was – 15�C. As a consequence these solder

joints were undergoing both deformation modes and

the results obtained are based on a mix of both

deformation modes.

3 Eutectic Sn–Ag solder joint response under TMF

This section illustrates the damage accumulation and

the resultant deterioration of physical properties from

TMF in eutectic Sn–Ag solder joint. This solder alloy is

used as the basis for comparison in all these studies.

Surface manifestation of damage resulting from TMF

in solder joints occurs only after several hundred cycles

of thermal excursions [36]. However, the physical

properties such as residual shear strength and residual

electrical conductivity begin to decrease from very

early stages of TMF [37, 38]. Hence damage generation

and accumulation occurs from very early stages of

TMF, although their surface manifestations are not

obvious with the currently available microscopic

methodologies. Sectioning the specimens and prepar-

ing them for microstructure studies to observe

the interior damage will completely destroy the true

features providing false picture and associated false

Fig. 7 Stress as a function of time during heating and cooling
periods as compared to isothermal conditions at low and high
temperature extremes. A: at low temperature extreme, B: at high
temperature extreme, C: during cooling, and D: during heating.
[Note: Temperature ramp rate during heating and cooling are
assumed to be same in this figure for convenience. Such a
condition will result in same shear strain-rate in heating and
cooling parts of TMF]

Fig. 8 Effect of strain-rate
and temperature on
deformation mode of eutectic
Sn–Ag solder joints
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interpretations. Currently available non-destructive

methodologies do not possess sufficient sub-micron

resolution to observe the interior damage from TMF.

As a consequence one has to resort to indirect methods

such as residual shear strength and global conductivity

changes to characterize the TMF damage [37, 38].

Among these, conductivity changes are influenced by

most of the micro-cracks generated within the bulk of

the solder [38]. Residual shear strength is influenced by

the cracks that are properly oriented to affect the

failure propagation during shear testing. Hence,

residual conductivity decreases very fast from the very

first few cycles of TMF, while the residual shear

strength decreases more gradually. However, both

stabilize in their values, although the residual electrical

conductivity stabilizes within few cycles. Residual

shear strength, on the other hand, stabilizes after few

hundred cycles.

Schematic in Fig. 10 is provided to discuss the roles

of ‘‘dwell-ratio’’ and ‘‘heating-rate’’ issues on the

residual properties of eutectic Sn–Ag solder joints.

Plots A and B are used to illustrate the trends. In order

to evaluate the effect of either of these two, that

parameter has to be varied while the other parameter

is maintained constant. For example, A corresponds to

higher dwell-ratio, and B corresponds to lower dwell

ratio, when ramp rates are maintained fixed. Decrease

in dwell-ratio, where more dwell occurs at lower tem-

perature extreme (as compared to that high tempera-

ture extreme) causes more damage accumulation and

more decrease in residual shear strength. Similarly A

corresponds to higher heating-rate and B corresponds

to slower heating-rate, when the dwell-ratio was

maintained constant. Faster heating causes more

deterioration of the joint integrity. The experimental

set-up used for these studies did not have means to

alter the cooling-rate during TMF. It was maintained at

about 0.07�C/s in all these studies.

Using the experimental findings from the dwell-ratio

and heating rate, a parametric approach to assess sol-

der joint reliability has been proposed [39]. Studies

required for evaluation and utilization of such an ap-

proach to other solders and joint geometries are yet to

be carried out.

4 TMF performance of some other solders

This section compares the residual shear strength after

TMF in solder joints made with ternary alloy Sn–Ag–

Cu, quaternary alloy Sn–Ag–Cu–Ni, and composite

eutectic Sn–Ag reinforced with nano-strctured surface

active Si–O cages, with that made using eutectic Sn–Ag

[39–43]. The ternary and quaternary solders alloys

contained less than 1% Cu and Ni. The nano-struc-

tured Si–O cage material used for reinforcement was

polyhedral oligomeric silsesquioxanes (POSS) with

suitable organic groups [44–47]. Two to three weight

percent surface-active POSS tri-silanols were incorpo-

rated in the eutectic Sn–Ag solder [40]. Effect of TMF

on Normalized Residual Strength in solder joints made

with various solders is provided in Fig. 11.

The trends exhibited by the joints made with the

above solders as a consequence of increased ‘dwell-

ratio’, and ‘heating-rate’ during TMF are summarized

in Table 1.

Important points to be noted from Fig. 11 and

Table 1 are the following:

1. Joints made with Sn–Ag–Cu–Ni solder and POSS

reinforced solder do not exhibit significant loss of

strength due to TMF. This indicates that the

damage accumulation in these solders resulting

from TMF is minimal.

Fig. 9 Effect of the magnitude of imposed temperature differ-
ence (DT) on the residual strength. Note: A—smaller DT,
B—larger DT

Fig. 10 Effect of TMF parameters during service on residual
shear strength. A, B correspond to different service conditions
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2. Joints made with Sn–Ag–Cu solder tend to exhibit

more deterioration from TMF as compared to

those made with eutectic Sn–Ag solder.

3. Joints made with all the four solders deteriorate

more with increased heating-rate during TMF.

Among these, the one that deteriorates the most is

made using ternary Sn–Ag–Cu solder.

4. Joints made with ternary Sn–Ag–Cu solder dete-

riorate more with increase in dwell-ratio. Longer

high temperature dwell deteriorates this alloy

more than the others.

5. Joints made with Sn–Ag–Cu–Ni solder exhibits

better TMF performance (with less deterioration)

with increase in dwell-ratio. Among the binary,

ternary and quaternary alloys investigated this one

had the best performance with larger dwell-ratio.

6. Since POSS reinforced solders did not exhibit sig-

nificant damage from TMF, one can expect that

dwell-ratio and heating-rate will not have any sig-

nificant influences on its TMF performance.

5 Damage progression and failure

Grain boundary sliding is the commonly observed

damage from TMF in bulk Sn and bulk eutectic Sn–Ag

solder as shown in Fig. 12. Such damage in these bulk

specimens results from the severe anisotropy of BCT

Sn. Surface topographical observations of the bulk

specimens shown in this figure indicated that grain

boundary sliding normal to the surface that resulted

from the shear stresses acting on the boundary was

about 0.25 lm [38]. As can be noted in this figure, in

bulk specimens, normal stresses acting on the bound-

ary has caused cracks resulting in about 10 lm sepa-

ration between grains meeting at the boundaries [38].

Stresses that develop at the grain boundary regions due

to CTE mismatches of grains meeting at the boundary

cause such events. Residual property measurements

indicate that the deterioration experienced from TMF

by bulk Sn and bulk eutectic Sn–Ag solder is about the

same [38]. This observation is illustrated in Fig. 13.

Such observations indicate that presence of the Ag3Sn

IMC in the solder matrix has no obvious influence on

the damage accumulation from TMF. Such events

occur everywhere with no obvious fracture developing

from them.

However, when solder is present in the joint, dam-

age accumulates within the solder in regions very close

to solder/substrate interface IMC layer, due to the

constraints imposed by the substrate and the interface

IMC layer, as shown in Fig. 14.

As TMF progresses such damage becomes intensi-

fied in this region and the cracks generated at the grain

boundaries join together to form the catastrophic crack

that causes inter-granular fracture at about one grain

diameter away from the solder/substrate IMC. Under

such conditions, grain boundary sliding and crack

opening at the boundaries in ranges more than 10 lm
have been observed [19].

Damage accumulation in joints made with all the

four solders after 1,000 TMF cycles is illustrated with

micrographs given in Fig. 15. Better TMF performance

of quaternary Sn–Ag–Cu–Ni solder and POSS rein-

forced solder joints, and worse TMF performance of

ternary Sn–Ag–Cu solder joints, as compared to the

eutectic Sn–Ag solder joint can be explained using

these observations.

Lack of any observable surface damage in the qua-

ternary alloys even after 1,000 cycles provides the

reason for its better TMF performance as compared to

the eutectic Sn–Ag and the ternary Sn–Ag–Cu solder

joints. It can also be noticed in this figure that Sn–Ag–

Cu solder joint has experienced more extensive surface

Fig. 11 Effect of TMF on Normalized Residual Shear Strength
of joints made with various solders. A—Eutectic Sn–Ag, B—Sn–
Ag–Cu, C—Sn–Ag–Cu–Ni, and D—POSS reinforced

Table 1 Effects of ‘dwell-ratio’ and ‘heating-rate’ on Normalized Residual Strength in solder joints made with various solders

Service parameter Eutectic Sn–Ag Sn–Ag–Cu Sn–Ag–Cu–Ni

Increased/dwell-ratio +++ – – – – +
Increased heating-rate – – – – – – – – – –

Note: ‘‘+’’ indicates that the Normalized strength shows an increasing trend with the increase in the given service parameter, and their
number provides a feel for the extent of the change. Similarly ‘‘ – ’’corresponds to decreasing trend
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damage under similar conditions, thus providing the

justification for its poor performance as compared to

the eutectic Sn–Ag solder joint. POSS reinforced sol-

der joints exhibit features similar to that of the

quaternary Sn–Ag–Cu–Ni solder joints as illustrated in

Fig. 16.

Reasons for this observed TMF response of these

solders can be understood by noticing the particulates

that are present in these solders. In ternary Sn–Ag–Cu

solder, Cu6Sn5 IMC particles are present at the Sn

grain boundaries. In quaternary Sn–Ag–Cu–Ni solders

(CuNi)6Sn5 IMC particles are present at the Sn grain

boundaries. In POSS reinforced eutectic Sn–Ag sol-

ders, Si–O cages that are strongly bonded to Sn at the

Sn grain boundaries are present. Active radicals that

were present at the surface of such cages have been

utilized to strongly bond the Si–O cage to Sn, espe-

cially at the grain boundary locations. Such grain

boundary reinforcements improve the strength of the

solder.

Dwell times at high temperature extreme can cause

significant aging. During 1,000 TMF cycles used in

these studies, the solder joint experiences about

2,000 h of aging at 150�C. Effect of such aging on

Cu6Sn5 present in the Sn–Ag–Cu solder and

(Cu,Ni)6Sn5 are presented in Fig. 17.

As illustrated Cu6Sn5 present in Sn–Ag–Cu solders

coarsens significantly during TMF, and develops large

number of cracks. Such cracking at the grain bound-

aries will increase the damage accumulation during

TMF and deteriorate the residual properties [36, 37]

On the other hand (Cu,Ni)6 Sn5 does not appear to

coarsen during this aging process as shown in Fig. 18.

Exact reasoning for this is not known at present. A

possible explanation can be given on the basis that Cu

and Ni are ideally suited for substituting of each other.

Cu diffuses very fast, while Ni diffuses very slowly, in

Sn. As a consequence, growth of large Cu6Sn5 particles

at Sn grain boundaries will be easy, while the growth of

(Cu,Ni)6 Sn5 will be relatively slow due to very slow

diffusion of Ni. As a consequence, (Cu,Ni)6 Sn5
remains as an effective reinforcement preventing grain

boundary sliding even after 1,000 cycles of TMF. POSS

reinforcements are inert in Sn and have no way of

Fig. 12 Grain boundary
sliding from TMF observed in
bulk Sn and in bulk eutectic
Sn–Ag

Fig. 13 Electrical conductivity changes resulting from TMF
in bulk specimens of Sn and eutectic Sn–Ag

Fig. 14 Damage accumulation within the solder near solder/
substrate interface in eutectic Sn–Ag solder joint. Scallop shaped
IMC layer at this interface can be clearly seen in (a)
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coarsening during TMF. Hence they are also very

effective in retarding TMF damage accumulation.

6 Issues that need to be addressed

This article is meant to bring to attention the impor-

tance of service and material parameters that need to

be incorporated in any TMF reliability modeling.

Although this study was focused on using only few

solders to address the material response consider-

ations, such responses are highly dependant on the

service parameters encountered. For example this

study spanned over a severe temperature range where

the mode of deformation of Sn-based solders changes.

Such a change appears to be in the neighborhood of

125�C. If the temperature regime employed is low

enough to avoid such complications, the findings could

be different. Recent trend to carry out tests with a low

temperature extreme of – 55�C can create other issues

such as b to a transitions. Since a-phase is very brittle,

one could expect its influences on the reliability of the

solder joint. Also, as has been pointed out, the material

parameters and response play very significant roles.

Sn–Ag–Cu solder alloys that are being adopted by

industry have poor high temperature stability. In other

words, one solder alloy that performs extremely well

under one set of service conditions may not be suitable

Fig. 15 Damage resulting
from 1,000 cycles of TMF in
solder joints made with
eutectic Sn–Ag, Sn–Ag–Cu,
and Sn–Ag–Cu–Ni solders

Fig. 16 Lack of any surface damage accumulation in POSS
reinforced eutectic Sn–Ag solder joints even after 1,000 TMF
cycles

Fig. 17 Coarsening of Cu6 Sn5 particles during TMF and
formation of cracks in such particles
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for some other service environment. Material scien-

tists, who design and develop solders, do not have any

control on the service environment and joint geometry.

So, it becomes apparent that developing solders in

which the damage initiation from the intended service

environment is minimal should be the appropriate

approach. If damage initiation is minimized or avoided,

damage accumulation in any given location of a joint

geometry, to cause catastrophic failure, will not be-

come a concern.
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Abstract A series of electromigration (EM) tests

were performed as a function of temperature and

current density to investigate lifetime statistics and

damage evolution for Pb-free solder joints with Cu and

Ni under-bump-metallizations (UBMs). The EM life-

time was found to depend on the failure criterion used,

so the results were compared based on the first resis-

tance jump and conventional open-failure criterion.

Solder joints with Cu UBM had a longer lifetime than

Ni UBM based on the open-failure criterion, but the

lifetime with Ni UBM became comparable when the

first resistance jump criterion was applied. To deter-

mine the temperature in solder joints, the Joule heating

effect was investigated with experiments and finite

element analysis. The temperature of solder joints was

determined to be approximately 15�C higher than that

at the Si die surface when 1 A of current was applied.

With the appropriate temperature correction, the

activation energies and the current density exponents

were found to be Q = 1.11 eV, n = 3.75 and

Q = 0.86 eV, n = 2.1 based on the open-failure crite-

rion for solder joints with Cu and Ni UBM, respec-

tively. Based on the first resistance jump criterion,

Q = 1.05 eV, n = 1.45 for Cu UBM and Q = 0.94 eV,

n = 2.2 for Ni UBM, respectively. For solder joints

with Cu UBM, voids were formed initially at the

Cu6Sn5/solder interface while the final open failure

occurred at the Cu3Sn/Cu6Sn5 interface. For Ni UBM,

voids were formed initially at the Ni3Sn4/solder inter-

face leading to failure at the same interface. The for-

mation of intermetallic compounds (IMCs) was

enhanced under current stressing, which followed lin-

ear growth kinetics with time. The IMC growth was

accompanied by volume shrinkage, which accelerated

damage evolution under EM.

1 Introduction

With continuing demands to increase I/O density and

power requirement, electromigration (EM) failure of

solder joints raises increasing reliability concern for

plastic flip-chip packages. It is anticipated that flip-chip

solder joints will be subject to a current density in the

order of 104 A/cm2 in the near future [1]. Although this

current density level is still about two orders of mag-

nitude lower than that for Cu interconnects, EM

damage becomes a serious concern for solder joints

due to their low current carrying capability [2]. In

solder joints, the formation of intermetallic compounds

(IMCs) at the interface between the solder and the

under-bump-metallization (UBM) plays an important

role in controlling EM reliability [2]. Noble or near-

noble metals such as Cu or Ni in the UBM can diffuse

rapidly in Pb or Sn by an interstitial diffusion mecha-

nism [3–5], and react at a fast rate with Sn to form

IMCs [6]. The implementation of eco-friendly Pb-free

solders generates further interests in studying the effect

of UBM on EM reliability of solder joints. This effect is

expected to be more significant for Sn-based Pb-free
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solders. Since Sn is a major constituent of the IMCs, its

inexhaustible supply from the solder can greatly

enhance the IMC formation to degrade EM reliability

[6, 7].

This study investigated the effect of UBM on EM

reliability for Pb-free Sn-3.5Ag solder joints. The Cu

UBM was compared with the Ni UBM. Due to the

rapid reaction rate of Cu with Sn [7], the thick Cu

stud in the UBM was of interest. For Ni UBM, the

thin Ni film in the UBM was of primary interest due

to the slower reaction rate of Ni with Sn [8]. Samples

were tested under various temperature and current

conditions to obtain EM statistical data. The EM

lifetime was found to depend on the failure criterion

used, so the results were compared based on the first

resistance jump and conventional open-failure crite-

rion. In accelerated solder EM tests, approximately

1 A current is usually applied [6, 7, 9], which can

cause substantial Joule heating. Moreover, heat dis-

sipation in plastic packages is much less efficient than

in ceramic packages, so the Joule heating effect was

taken into account to deduce EM statistics by com-

bining experiments and simulation. EM damage evo-

lution and failure mechanism were investigated by

cross-sectional microscopy of solder joints, with

emphasis on the morphology changes of solder joints

with IMC growth.

2 Experimental

Figure 1 shows a schematic of the cross-sections of Sn-

3.5Ag solder joints with two types of UBM in plastic

packages. One had a 0.25 lm-TiW/18 lm-Cu UBM

and the other a 0.1 lm-Ti/2 lm-Ni UBM. Both Cu and

Ni UBM were electroplated after sputter deposition of

the seed layers. Thickness variations of Cu and Ni

UBM were ±4 lm and ±0.5 lm, respectively. The

passivation opening of the UBM was 50 lm in diam-

eter. On the substrate side, a 5 lm-Ni(P) was plated

electrolessly on the Cu metallization. The Pb-free Sn-

3.5Ag solder had a nominal diameter of 130 lm and a

height of 80 lm.

The resistance of a solder joint at room temperature

was only a few mW whereas that of entire circuitry of

the test sample was ~1.1 W. Thus it was difficult to

detect the resistance change of a solder joint before it

becomes significantly open [2]. To improve the sensi-

tivity to track the resistance change, this study

employed the Wheatstone bridge method. In one leg

of the Wheatstone bridge circuit, two pairs of solder

joints were connected in series, making the test

structure a two-link (N = 2) system. Each pair served

as one resistor unit of the bridge consisting of a

cathode joint and an anode joint. Here, the cathode

joint refers to a solder joint where electrons flowed

from the substrate side to the die side, and the anode

joint refers to one where electrons flowed in the

opposite direction. The other leg consisted of a fixed

and a variable resistor of the order of 103 W. In this

way, current flowed primarily through the solder

joints. To start the EM test, the off-balance voltage Vg

in the Wheatstone bridge circuit was set to zero by

adjusting the variable resistor. The value of Vg was

directly correlated with net resistance changes of

solder joints only. Thus the Vg traces enabled us to

detect the small resistance changes of solder joints

with high sensitivity as damage developed. A detailed

description of the Wheatstone bridge method can be

found in Ref. [6].

In the EM test oven, a set of samples were arranged

in a way that the Si backside of each sample was at-

tached to a Cu plate in order to minimize temperature

deviation of each sample and to facilitate Joule heat

dissipation in the test sample. Thermocouples were

sandwiched between the Si dies and the Cu plate to

monitor the Si backside temperature, which was gen-

erally higher than the oven temperature by 7–20�C
depending on the applied current.

To obtain statistical data, 12–15 samples (i.e. 24–30

pairs of solder joints) were tested in each run. The EM

lifetime was measured at 115, 130, 140 and 150�C with

1.01 A of current stressing. The current density

dependence was extracted from experiments at 140�C
with 0.81, 1.01 and 1.11 A, corresponding to current

densities of 4.12, 5.16 and 5.67 in units of 104 A/cm2,

respectively. Current density was calculated based on

the area of the passivation opening, and all the above

temperatures are referred to the surface temperature

at the backside of the Si die.

Sn-3.5Ag

Cu UBM

Organic Substrate

Cu

Si Die

Ni(P)
Sn-3.5Ag

Organic Substrate

Cu

Ni UBM

Cu trace

ILD

Sn-3.5Ag

Cu UBM

Organic Substrate

Cu

Si Die

Ni(P)
Sn-3.5Ag

Organic Substrate

Cu

Ni UBM

(a) (b)

ILD

Cu trace Si DieSi eDi

Fig. 1 A schematic diagram of cross-sectioned Sn-3.5Ag solder
joints with (a) Cu under-bump-metallization (UBM), and (b) Ni
UBM
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3 Results and discussion

3.1 Failure criteria

Figure 2 represents typical Vg traces of solder joints

with Cu and Ni UBM. Initially, Vg increased slowly.

Then an abrupt jump in Vg occurred with approxi-

mately 30–40 mV change, which was followed by

unstable fluctuations until the solder became electri-

cally open. The Vg increase was more gradual in Ni

UBM than Cu UBM. The unstable fluctuations were

attributed to simultaneous damage evolution and

recovery process in the solder joint, which eventually

led to an electrical open failure [10]. At this stage, a

solder joint became unstable and vulnerable to failure.

The period of unstable fluctuations lasted usually

longer for solder joints with Cu UBM than with Ni

UBM in this study, which could be related to their

thickness difference. Numerical analysis showed that a

30–40 mV change in Vg corresponded to approxi-

mately 90–95 % opening of the solder joint, as shown

in Fig. 3. This was confirmed by cross-sectional SEM

observation and will be discussed in Sect. 3.4. Based on

these findings, the first resistance jump was suggested

as an alternate failure criterion to supplement the

conventional open-failure criterion to evaluate EM

lifetime.

3.2 EM lifetime statistics

The cumulative distribution function (CDF) of solder

joints with Cu and Ni UBM at various temperatures

and currents are plotted in Figs. 4 and 5. The results of

EM lifetime statistics are summarized in Table 1. Since

each sample was a two-link structure (N = 2), CDF was

deconvoluted based on the weakest link approximation

to deduce the median-time-to-failure (MTTF) t50 for

single solder joints (N = 1) [11]. Based on the electrical

open criterion, the lifetime of solder joints with Cu

UBM was 1.5–4.0 times longer than that of solder

joints with Ni UBM. In contrast, when the first resis-

tance jump criterion was applied the lifetimes of solder

joints with Cu and Ni UBM became comparable. This

was attributed to the fact that the period of resistance

fluctuation in Cu UBM solders amounted to 36–75% of

the total lifetime whereas the period in Ni UBM sol-

ders amounted to only 7–27%. Considering that the

resistance fluctuation already corresponds to significant

opening of a solder joint, it is important to select a

proper failure criterion to evaluate solder reliability,

particularly for a thick Cu UBM.

From the lifetime data the EM activation energy

and the current density exponent for solder joints were

calculated using the Black’s equation [12]:

t50 ¼ Aj�nexp
Q

kT

� �
; ð1Þ

where t50 is the median-time-to-failure (MTTF), A is a

constant, j is the current density, n is the current den-

sity exponent, Q is the activation energy, k is the

Boltzmann constant, and T is the temperature. Based

on the open-failure criterion, activation energies of Sn-

3.5Ag solder with Cu and Ni UBM were 1.03 and

0.80 eV, with current density exponents 5.1 and 3.3,

respectively (Fig. 6). In comparison, based on the first

resistance jump criterion, the activation energies of the

solder with Cu and Ni UBM were 0.97 and 0.87 eV

(Fig. 7a), which are consistent with those from the

open-failure criterion. However, the current density

exponent was reduced significantly to 2.9 for the solder
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with Cu UBM while remaining about the same for the

solder with Ni UBM (Fig. 7b). This reflects that the

resistance fluctuation period for solders with Cu UBM

was substantially longer when the applied current was

small. Thus the first resistance jump criterion resulted

in more reduction of the EM lifetime at a lower current

density. Nevertheless, the current density exponent for

solder EM was in general higher than that for Cu

interconnects, which is usually between 1 and 2 [13].

This suggests a significant amount of Joule heating

during solder EM tests, which has to be properly taken

into account to ensure reliable EM parameters.

3.3 Joule heating measurement and simulation

Due to the large applied current (~1 A), the Joule

heating will increase the temperature of solder joints

under current stressing, although the solder tempera-

ture was often assumed to be the same as the tem-

perature at the backside of a Si die [9, 14]. To

determine the Joule heating effect, we measured

resistance changes as a function of temperature and

applied current, and supplemented the experimental

results with finite element analysis (FEA). First, the

temperature coefficient of resistance (TCR) was

determined by measuring the resistance with increas-

ing temperature at a minimal applied current (50 mA).

The TCR was found to be 3.6 · 10–3 (�C)–1 as shown in

Fig. 8a, which was between those for bulk Cu

(3.9 · 10–3 (�C)–1) and 0.5 lm wide Cu interconnects

(3.3 · 10–3 (�C)–1) [15]. Next, the oven temperature

was set to 120�C, and resistance changes were mea-

sured again with increasing applied current. The rela-

tionship between the applied current and the resistance

change was found to be DR/R0 = 0.158 · i2.165 from

Fig. 8b. When the oven temperature was set to 140�C
the difference in the result was negligible. Combining

this relationship with TCR, we found that the average

temperature of the test structure was ~30�C higher

than the Si backside temperature at 1 A applied cur-

rent.

To supplement the experimental results, the

temperature distribution inside the test structure was

calculated using FEA based on the dimensions and

configurations of the current path including the sol-

der joints, the Cu trace on the die side and the Cu

trace in the substrate. The calculated average tem-

perature in the test structure was force-fitted with the
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Fig. 4 (a)–(b) Temperature dependence, and (c)–(d) current density dependence of electromigration (EM) lifetime statistics of solder
joints (N = 1) with Cu and Ni under-bump-metallization (UBM), based on the open-failure criterion. (Note: TTF: Time to failure)
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experimental result. At 0.81, 1.01 and 1.11 A of the

applied current, the solder joint temperature turned

out to be higher than that at the Si backside by 10,

15 and 17�C, respectively (Fig. 9). The primary

source of Joule heating was the ~33 mm-long Cu

trace in the substrate, which resulted in the temper-

ature gradient in the solder as shown in Fig. 9.

Accordingly, the solder temperature in the substrate

side was ~3�C higher than that in the die side.

Correcting for the actual solder temperature, the

activation energies and current density exponents

were reanalyzed, and the refined results are summa-

rized in Table 2. The activation energies of EM were

then in good agreement with the results obtained

from Cu–Sn and Ni–Sn IMC growth in the literature

[16–19]. The current density exponents were reduced

considerably, although still higher than the typical

value for Cu interconnects.
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Fig. 5 (a)–(b) Temperature dependence, and (c)–(d) current
density dependence of electromigration (EM) lifetime statistics
of solder joints (N = 1) with Cu and Ni under-bump-metalliza-

tion (UBM), based on the first resistance jump criterion. (Note:
TTF: Time to failure)

Table 1 Electromigration (EM) lifetime statistics of Pb-free Sn-3.5Ag solder joints with Cu and Ni under-bump-metallization (UBM)
based on two kinds of failure criteria at various test conditions

Temperature* (�C) Applied
current (A)

Current
density (A/cm2)

Open-failure criterion First resistance jump criterion

Cu UBM Ni UBM Cu UBM Ni UBM

t50 (h) r t50 (h) r t50 (h) r t50 (h) r

115 1.01 5.16 · 104 1570 1.1 407 1.0 464 0.6 379 1.0
130 1.01 5.16 · 104 690 1.3 288 1.4 444 1.3 243 1.3
140 0.81 4.12 · 104 912 1.3 309 1.4 230 0.8 263 1.3

1.01 5.16 · 104 192 0.6 132 1.3 93 0.8 96 1.1
1.11 5.67 · 104 200 0.6 110 1.3 98 0.9 92 1.2

150 1.01 5.16 · 104 144 1.0 56 1.2 49 0.7 45 1.0

* Temperature at the backside of the Si die
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3.4 Failure analysis

3.4.1 Damage evolution in solder joints with Cu UBM

Due to the current crowding effect, EM failures were

always observed in anode joints where electron flux

flowed from the die side to the substrate side, consis-

tent with those reported in other studies [6, 7, 9]. Fig-

ure 10b–d show morphological changes evolved in

solder joints during EM test for 263 h at 140�C (Si

backside temperature). For comparison, a pristine

solder joint in the as-received condition was included

in Fig. 10a. A small number of Kirkendall voids

formed during solder reflow as can be seen between Cu

UBM and Cu6Sn5. The Cu3Sn phase should be present

between Cu UBM and Cu6Sn5 [20] although this layer

was too thin to be identified in Fig. 10a.

Although fatal EM damages developed only in the

anode joint (Fig. 10d), some microstructural changes

were observed in the joint without current stressing

and in the cathode joint. Without current stressing

(Fig. 10b), the number of Kirkendall voids increased in

solder and the scallop-shaped Cu6Sn5 phase became

flattened during thermal aging. This is because Cu is

the dominant diffusing species and the valleys in the

scallop-shaped Cu6Sn5 phase are the faster diffusion

paths for Cu atoms [20]. The increase of voids and

flattening process progressed further with longer aging

time and increasing temperature.

When an electric current was applied, additional

microstructural changes were observed. In the cathode

joint (Fig. 10c), (Cu,Ni)6Sn5 migrated from the sub-

strate side to the die side, where Cu atoms migrated

from the initial (Cu,Ni)6Sn5 phase formed on the Ni(P)
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exponent, n, deduced from the open-failure criterion
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Fig. 7 (a) Activation energy, Q, and (b) current density
exponent, n, deduced from the first resistance jump criterion

Table 2 Reanalyzed
activation energies and
current density exponents
based on finite element
analysis for solder
temperature

Open-failure criterion First resistance jump
criterion

Cu UBM Ni UBM Cu UBM Ni UBM

Activation energy (eV) 1.11 0.86 1.05 0.94
Current density exponent 3.75 2.1 1.45 2.2
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substrate finish layer during solder reflow, and Ni

atoms migrated from both the (Cu,Ni)6Sn5 phase and

the substrate finish layer. The Ni concentration de-

creased with distance from the Ni finish layer to the

IMC. Meanwhile, at the Cu UBM/Cu6Sn5 interface,

the Cu3Sn layer grew thicker under current stressing.

The density of Kirkendall voids also increased but the

density difference with and without current stressing

was not so clear. At this point, most of the Kirkendall

voids still located in the Cu3Sn layer near the UBM/

Cu3Sn interface while the Cu UBM continued to be

depleted as shown in Fig. 10c. This indicates that Sn

atoms were driven by current through the IMC layers

to react with Cu atoms while Cu atoms diffused into

solder in the direction opposite to the electron flow.

Without Sn diffusion, the additional depletion of Cu

UBM cannot be explained as compared with the case

without current stressing (Fig. 10b). Without Cu dif-

fusion, Kirkendall voids would have moved toward the

substrate side away from the Cu UBM/Cu3Sn inter-

face. Thus both Cu and Sn atoms interdiffused in the

cathode joint, but the diffusion of Cu atoms might be

somewhat suppressed due to the electron wind force.

At the anode joint (Fig. 10d), a significant amount

of IMC formation and damage evolution was

observed. Most of the Cu UBM was dissolved into

solder to form IMCs. A large domain of Cu6Sn5,

enhanced by the electron flow, was formed to de-

velop an extended morphology in concert with the

electron flux. In contrast, the Cu3Sn layer maintained

its parallel interfaces, i.e. the Cu UBM/Cu3Sn inter-

face and the Cu3Sn/Cu6Sn5 interface were almost

parallel to each other during Cu3Sn growth as shown

in Fig. 10d. The amount and location of Kirkendall

voids in the anode joint were similar to those in the

cathode joint. Interestingly, the Kirkendall voids

formed during solder reflow had very little to do

with EM-induced voids or failure even in the anode

joint as shown in Fig. 10d. However, the formation

of Kirkendall voids during thermal aging or under

current stressing can raise other reliability concerns

since they weaken the mechanical strength of solder

joints [20].

Figure 11 displays EM damage evolution in the

anode joint with Cu UBM. At an early stage, IMC

layers grew by consuming Cu UBM (Fig. 11a). The Vg

increase was negligible in this stage. Next, EM-in-

duced voids were initiated at the Cu6Sn5/solder inter-

face as shown in Fig. 11b. These voids grew

independent of Kirkendall voids in the Cu3Sn layer

observed after solder reflow. At this point, Vg was still

only a few mV but increased gradually, corresponding

to an increase of several mW in resistance [10]. The

current crowding effect on UBM consumption and

void initiation was weak due to the thick Cu UBM

structure. Figure 11c depicts a solder joint after an

abrupt jump to ~40 mV in Vg. At this point, sub-

stantial Cu6Sn5 growth was observed, and EM voids

were embedded in the Cu6Sn5 layer near the Cu3Sn/

Cu6Sn5 interface. Before discrete voids were con-

nected to each other (Fig. 11b), the region between

voids had a high current density, which further en-

hanced Cu6Sn5 growth with simultaneous void propa-

gation. The resistance increased abruptly when the

discrete voids became connected to form a global

crack, which could be driven by tensile stress devel-

oped during IMC formation. Note that the solder joint

was almost open at this stage as was expected based on

the result obtained in Fig. 3. At this stage, Cu6Sn5
grew preferentially through the region where solder

was still connected. When an open failure finally oc-

curred, an extensive formation of Cu6Sn5 was ob-

served connecting the IMC on the die side with that on

the substrate side as shown in Fig. 11d. The void size

increased further while the Cu3Sn layer grew but at a

lower growth rate compared with Cu6Sn5. This even-

tually led to crack that propagated through the Cu6Sn5
phase near the Cu3Sn/Cu6Sn5 interface.
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3.4.2 Damage evolution in solder joints with Ni UBM

Figure 12 shows the morphology of cross-sectioned

solder joints with Ni UBM after 150 h of an EM test at

130�C (Si backside temperature) with 1.01 A. A thin

Ni3Sn4 layer had been formed between the Ni UBM

and the solder during solder reflow, but little change

occurred in the solder without current stressing

Fig. 9 Simulated
temperature (in K) of the
anode solder joint under
current stressing of (a)
0.81 A, (b) 1.01 A, and (c)
1.11 A. Top: die side; bottom:
substrate side
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Fig. 10 SEM micrographs of (a) the joint with Cu under-bump-
metallization (UBM) in a pristine sample, (b) the joint without
current stressing at 140�C for 263 h, (c) and (d) the cathode joint
and the anode joint from the same sample in (b) with 1.01 A
current stressing

Fig. 11 Electromigration (EM) damage evolution in the anode
joint with Cu under-bump-metallization (UBM). (a) Initial stage
of Cu depletion, (b) void initiation prior to the resistance jump,
(c) crack propagation subsequent to the resistance jump, and (d)
final open failure
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(Fig. 12a). In the cathode joint (Fig. 12b), Ni atoms

from the substrate finish layer migrated toward the die

side to form Ni3Sn4 to sustain the growth of Ni3Sn4 on

the die side. In contrast, Ni3Sn4 growth on the substrate

side was enhanced at the beginning but subsequently

retarded as Ni in the substrate finish layer was de-

pleted. When Ni was sufficiently depleted, needle-like

fissures were found in the Ni(P) finish layer as shown in

Fig. 12b. This indicates the migration of Ni instead of

Sn during solid state reaction although Chen et al.

considered Sn to be the dominant diffusing species in

the reaction couple with Ni sandwiched in-between Sn-

based solder [21]. In the anode joint (Fig. 12c), EM-

induced voids formed at the Ni3Sn4/solder interface as

a result of enhanced growth of Ni3Sn4 by the current

flow. The growth of Ni3Sn4 was slower than Cu6Sn5,

resulting in a slower dissolution of Ni UBM than that

of Cu UBM.

Damage evolution in the anode joint with Ni UBM

is depicted in Fig. 13. At an early stage where the

change in Vg was negligible, initial voids formed at the

current crowding region as shown in Fig. 13a. Some

part of Ni UBM was dissolved into solder to form

Ni3Sn4. Continuing test led to the growth of voids,

which propagated through the Ni3Sn4/solder interface

(Fig. 13b). At this point, the IMC growth was not

substantial with a relatively small volume of void for-

mation. Although voids occupied over a half of the

interface, Vg was only a few mV. Compared with Cu

Fig. 12 SEM micrographs of (a) the joint with Ni under-bump-
metallization (UBM) without current stressing at 130�C for
150 h, and (b) and (c) the cathode joint and the anode joint from
the same sample in (a) with 1.01 A current stressing

Fig. 13 Electromigration (EM) damage evolution in the anode
joint with Ni under-bump-metallization (UBM). (a) Ni depletion
and void initiation, (b) void propagation along intermetallic
compound (IMC)/solder interface, (c) further IMC and void
growth, and (d) nearly open
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UBM, Ni UBM showed more regular void growth

through the Ni3Sn4/solder interface, which may ac-

count for the more gradual increase of Vg as seen in

Fig. 2. Further void growth increased local current

density, leading to accelerated IMC and void growth.

In Fig. 13c, the amount of Ni3Sn4 increased in the re-

gion where solder was still connected while voids be-

came much larger. This stage corresponded to ~10 mV

of Vg where voids occupied nearly 70% of the IMC/

solder interface. Figure 13d shows the EM damage

state of a solder joint when unstable resistance fluctu-

ation occurred. At this stage, the solder joint became

almost open with a large amount of IMC accumulated

on the substrate side. A number of solder joints were

melted after this stage due to the increase in Joule

heating prior to the final open failure.

3.5 IMC growth rate

Volume change due to IMC formation generated stress

within a solder joint. When Cu and Ni atoms react with

Sn atoms to form Cu3Sn, Cu6Sn5 and Ni3Sn4, the

overall atomic volumes decrease by 7.7, 5.1 and 11.4%,

respectively. This induces a tensile stress within the

solder joint, which can further degrade EM reliability

when combined with void formation due to current

enhanced IMC formation. Figure 14 plots nominal

thickness of each IMC in anode joints as a function of

time and temperature. The nominal thickness was

calculated by dividing the cross-sectional area of each

IMC with the original width of the corresponding

UBM. Areas of IMC in both the die side and the

substrate side were added since independently grown

Cu6Sn5 from each side would finally connect as shown

in Fig. 11d. Current enhanced IMC growth followed

linear growth kinetics as shown in Fig. 14. The growth

kinetics of IMC without current stressing had been

reported to follow a t1/2 or t1/3 dependence [17, 19].

With the passage of an electric current, Gan et al. re-

ported parabolic growth kinetics for IMC growth [22],

although the time dependency was not reported in

another study [21]. Recently we have formulated a

kinetic model verifying the linear growth of IMCs

when an EM driving force dominates the chemical

interdiffusion [23]. In this study, the IMC growth rate

was found to follow the order of Cu6Sn5 > Ni3Sn4 > -

Cu3Sn. Because Cu6Sn5 grew several times faster than

the other two IMCs, the overall tensile stress caused by

the formation of a large amount of Cu6Sn5 could be

significant although its molar volume change is the

smallest of three IMCs. In contrast, relatively small

amount of Ni3Sn4 formation would have a large effect

on EM damage since both the accompanying molar

volume shrinkage and its Young’s modulus

(133.3 GPa) [24] are the largest of the three IMCs.

Continuous growth of IMCs as enhanced by electric

current increased the tensile stress with time, leading to
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significant driving force for crack propagation. Thus

IMC growth is one of the key factors controlling EM

reliability of Pb-free solder joints.

4 Summary

EM studies were conducted on Pb-free Sn-3.5Ag sol-

der joints with Cu and Ni UBM in plastic flip-chip

packages. Si backside temperatures of 115, 130, 140

and 150�C were chosen for tests with 1.01 A current

stressing. Two more tests at 140�C were performed

with 0.81 and 1.11 A in order to determine the current

density exponent. To supplement the open-failure cri-

terion, a first resistance jump failure criterion was used

to analyze EM lifetime results. Solder joints with thick

Cu UBM had a longer lifetime than those with thin Ni

UBM, based on the open-failure criterion; however,

lifetime of Ni UBM solders was comparable if the first

resistance jump criterion was applied. This was due to

the longer resistance fluctuation period of solder joints

with thick Cu UBM. Numerical analysis of Vg and

failure analysis showed that solder was almost open at

the onset of unstable resistance fluctuations. Experi-

ments and finite element analysis were conducted to

determine the Joule heating effect and found the sol-

der temperature to be 10, 15 and 17�C higher than the

Si backside temperature at 0.81, 1.01 and 1.11 A.

Taking this into account, we obtained QCu = 1.11 eV,

nCu = 3.75 and QNi = 0.86 eV, nNi = 2.1 based on the

open-failure criterion. The correction for the Joule

heating effect resulted in a reduction of the current

density exponents. In solder joints with Cu UBM, EM

voids were found to initiate at the Cu6Sn5/solder

interface but voids for final failure moved near the

Cu3Sn/Cu6Sn5 interface. IMCs grew actively as voids

grew. The EM-induced voids evolved independently of

the initial Kirkendall voids in the Cu3Sn layer. In sol-

der joints with Ni UBM, the final failure was observed

at the Ni3Sn4/solder interface where voids initially

formed. EM damage evolution was expected to be

accelerated with IMC growth, which would induce

significant tensile stresses due to decrease in the overall

atomic volume. The enhanced IMC growth under

current stressing followed linear kinetics with time and

played an important role in controlling EM reliability

of Pb-free solder joints.
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Abstract As the microelectronic industry advances to

Pb-free solders due to environmental concerns, elec-

tromigration (EM) has become a critical issue for fine-

pitch packaging as the diameter of the solder bump

continues decreasing and the current that each bump

carries keeps rising owing to higher performance

requirement of electronic devices. As stated in 2003

International Technology Roadmap for Semiconduc-

tors (ITRS), the EM is expected to be the limiting

factor for high-density packages. This paper reviews

general background of EM, current understanding of

EM in solder joints, and technical hurdles to be

addressed as well as possible solutions. It is found that

the EM lifetimes of Pb-free solder bumps are between

the high-Pb and the eutectic composition under the

same testing condition. However, our simulation

results show that the electrical and thermal character-

istics remain essentially almost the same during accel-

erated EM tests when the Pb-containing solders are

replaced by Pb-free solders, suggesting that the melting

points of the solders are likely the dominant factor in

determining EM lifetimes. The EM behavior in Pb-free

solder is a complicated phenomenon as multiple driv-

ing forces coexist in the joints and each joint contains

more than four elements with distinct susceptibility to

each driving force. Therefore, atomic transport due to

electrical and thermal driving forces during EM is also

investigated. In addition, several approaches are pre-

sented to reduce undesirable current crowding and

Joule heating effects to improve EM resistance.

1 Overview of the background

Electromigration (EM) has been the most persistent

reliability issue in interconnects of microelectronic

devices [1]. It is the mass transport of atom driven by

combined forces of electric field and charge carriers.

As illustrated in Fig. 1, the drifting electrons collide

with atoms causing one of the atoms to exchange

position with neighboring vacancy during current

stressing. The necessary current density to initiate the

movement of atom is defined as the threshold current

density. Due to the relentless drive for miniaturization

of portable devices, the interconnects for those devices

are scaling down successively, whereas the required

performance continues increasing. As a result, the

current density in the interconnect rises continuously

with each generation, making the EM a critical reli-

ability issue ever. After stressing for extended time,

atoms in interconnects accumulate on the anode end

and voids appear on the cathode side, resulting in open

failure eventually. In general, the average drift velocity

of atom due to EM is given by Huntigton and Grone

[2]:

v ¼ J

C
¼ BeZ
qj ¼ D0

kT

� �
eZ
qj exp

�Ea

kT

� �
ð1Þ

where J is the atom flux, C is the density of metal ions,

B is the mobility, k is the Boltzmann’s constant, T is

the absolute temperature, eZ* is the effective charge of

the ions, q is the metal resistivity, j is the electrical

current density, Ea is the activation energy of diffusion,

and D0 is the prefactor of diffusion constant.

Recently, with stringent environmental regulation,

lead-free solders have been adopted to replace
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Pb-containing ones in microelectronics industry. Con-

currently, the flip-chip solder joint has assumed the

leadership role for high-density packaging in the

microelectronic industry as thousands of solder bumps

are fabricated into one single chip. To meet higher

demand for device performance, the input/output

numbers is expected to increase while the dimension of

each individual joint is shrunk accordingly. To date,

each bump measures at 100 lm or less in diameter.

The design rule of packaging dictates that each bump is

likely to carry current of 0.2–0.4 A [1], which amounts

to current density in the range of 2 · 103 A/cm2 to

1 · 104 A/cm2. During device operation, these solder

joints frequently reach a temperature as high as 100�C,
approximately 77% of the absolute melting tempera-

tures of most Pb-free solder candidate materials

including eutectic SnAgCu and SnAg. Understandably,

with such high current densities and operation tem-

peratures, facile diffusion of atoms in the lattice is

foreseeable. This renders EM a daunting reliability

issue for Pb-free implementation [3].

2 Current status

Previous studies on EM of flip chip solder bumps

focused mainly on eutectic SnPb solders. In 1998,

Brandenburg et al. first reported the failure of eutectic

SnPb solder joints under current stressing of 0.625 A at

150�C for 600 h [4]. Tu et al. performed systematic

studies and provided insightful reasoning on the EM in

Pb-containing solder. They identified that the Sn atoms

are the principal diffusion entities at room tempera-

ture, whereas Pb atoms dominate at 150�C [5, 6]. In

addition, they discovered that the effect for current

crowding is more pronounced in the flip-chip solder

joints for its unique line-to-bump structure [7]. They

performed two-dimensional simulation and the results

showed that the local current density at the solder near

the entrance of the Al trace was at least 10 times

greater than the average value, a number obtained by

assuming uniform current spreading in the passivation

opening or under-bump-metallization (UBM) opening.

This finding is significant in pinpointing possible loca-

tion for failure event in EM. Figure 2(a) depicts a

three-dimensional (3D) schematic for a solder joint

with line-to-bump structure consisting Al trace of

34 lm in width and 1.5 lm in thickness, solder bump

with a UBM opening of 120 lm in diameter, as well as

Cu line with 80 lm in width and 25 lm in thickness on

the substrate side. In this design the cross-section of the

Al trace is about 220 times smaller than that of the

UBM opening. When the joint was subjected to a

current of 0.567 A, the current density in the Al trace

reached 1.1 · 106 A/cm2, whereas the average current

density in the UBM opening was only 5.0 · 103 A/cm2.

However, our 3D simulation showed that in thin film

UBM configuration, close proximity to the entrance of

the Al trace the local current density of the solder

could achieve 1.24 · 105 A/cm2 [8], a value that is 24.8

times greater than the average 5.0 · 103 A/cm2 one

would expect. Among the possible materials used in

the joint, solder is considered to exhibit the lowest

resistance to EM [1]. Reasonably, we can conclude that

solder in this specific location experiences larger elec-

tron wind force at a relatively high temperature to its

Fig. 2 (a) The 3D schematic for a solder joint with the line-to-
bump structure with a 34-lm wide and 1.5-lm thick Al trace.
When the joint was applied by 0.567 A, the average current
densities in the Al trace, solder bump, and Cu line are shown in
the figure. (b) Tilt-view showing the 3D current density
distribution in the solder joint when it is powered by 0.57 A.
Current crowding occurred very seriously in the junction of the
Al trace and the solder bump

Fig. 1 Schematic diagram showing the diffusion process due to
wind force of electrons during EM test. The current density
should be high enough to trigger the diffusion process
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melting point. Therefore, flux divergence of mass

transport occurs substantially resulting in the forma-

tion of catastrophic voids which are directly responsi-

ble for interconnect failure.

Besides the current crowding effect, Joule heating

also plays a crucial role in the failure mechanism.

Recently, findings indicate that a hot-spot exists near

the entrance point of the Al trace due to localized

Joule heating effect [9]. The resultant temperature

difference between the hot-spot and the average tem-

perature in solder can reach 9.4�C under 0.8 A of

current flow as shown in Fig. 2(a). In 2003, Ye et al.

reported the observation of voids on the chip/anode

side [10], and they attributed the void development to

thermomigration (TM) as thermal gradient of 1500�C/
cm across the solder bump was established during

accelerated EM tests. Similarly, Huang et al. found

that Sn atom migrates towards the hot side but Pb

atom migrates to the cold end [11]. The occurrence of

TM during EM complicates the reliability issue. On the

other hand, the EM for compositions of the high-Pb

and eutectic SnPb solder joints with 5-lm Cu UBM

were studied and concluded that the dissolution of the

Cu UBM at the current crowding region was primarily

responsible for the failure of the joints [12, 13]. The

dissolution rate at the current crowding region was

accelerated because of higher wind force in combina-

tion with elevated temperature for facile diffusion.

Unfortunately, the mean-time-to-failure (MTTF)

for Pb-free SnAgCu and SnAg solders joints are

shorter than that of the high-Pb solders under the same

stressing conditions. Since high-Pb solders are cur-

rently adopted for high-density packages, such as

microprocessors, EM would be a critical issue for Pb-

free implementation. In 2004, Wu et al. demonstrated

that the MTTF of SnAg4.0Cu0.5 solder is about five

times longer than that of the eutectic SnPb solder, yet

is somewhat shorter than that of the high-Pb solder

[14]. Gee et al. and Choi et al. also reported that the

MTTF of eutectic SnAgCu solder joints was better

than that of eutectic SnPb solder joints with the same

UBM under the same stressing conditions [15, 16]. To

elucidate how the current density and temperature

distribute during current stressing, 3D electrothermal-

coupled modeling was performed on the solder joints

with identical configuration but with different solders

materials. They include eutectic SnPb, high-Pb SnPb95

and eutectic SnAg. Figure 3(a)–(c) shows the cross-

sectional schematics for these three models. The pas-

sivation opening was 85 lm in diameter and the UBM

opening was 120 lm in diameter. The dimensions of

the Al trace and the Cu line were consistent with those

in Fig. 2. Relevant materials characteristics of materi-

als used in this simulation are provided in Table 1. The

dimension of the Si chip was 7.0 mm · 4.8 mm with

thickness of 290 lm. The dimension of the bismalei-

mide triazine (BT) substrate was 5.4 mm in width,

9.0 mm in length, and 480 lm in thickness. The bottom

of the BT substrate was maintained at 70�C and the

convection coefficient was set at 10 W/m2�C in a 25�C
ambient temperature. Constant current of 0.6 A was

applied through the Cu lines on the BT substrate

[9]. Among these three solders, the Pb-free SnAg

possesses the lowest electrical resistivity and thermal

conductivity of 12.3 lW cm and 33 W/m K respec-

tively. Figure 4(a)–(c) displays the current density

Fig. 3 The cross-sectional schematic showing the three con-
structed models for electrical–thermal coupled simulation: (a)
Eutectic SnPb solder joint; (b) high-Pb solder joint; (c) Eutectic
SnAg solder joints. All the features remain are identical except
the solder materials
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distribution in the solder joints under the stress current

of 0.6 A. The distribution profiles remain essentially

the same. The maximum current density were

1.03 · 105 A/cm2, 9.42 · 104 A/cm2, 1.11 · 105 A/cm2

for the eutectic SnPb, high-Pb, and the eutectic SnAg

solders, respectively. The Pb-free solder exhibits the

highest current crowding effect because of its lowest

electrical resistivity. Figure 5(a)–(c) illustrates the

temperature distribution in the solder bumps. The

solders near the entrance point of the Al trace all show

higher temperature than the rest of the solder. Fig-

ure 6(a)–(c) shows the cross-sectional views for the

temperature distribution. The results indicate the

existence of hot-spots in these solder bumps. The hot-

spot temperature was 100.0�C, 103.6�C, and 105.4�C,
respectively, whereas the average temperature was

95.9�C, 99.2�C, and 98.9�C for the eutectic SnPb, high-

Pb, and the eutectic SnAg solder. The Pb-free solder

experienced the highest Joule heating effect, which

may be due to limited intrinsic capability for heat

dissipation and highest current crowding effect. Since

the majority of heat source was Al trace [17], lower

resistivity of the Pb-free solders did not necessarily

render a smaller Joule heating effect. The simulation

results are summarized in Table 2.

So far, our data demonstrate that the current

crowding and Joule heating effects in Pb-free SnAg

solder bump are marginally worse than those in

eutectic SnPb solder bump, as shown in Figs. 4 and 5.

Nevertheless, the Pb-free solder exhibits far better EM

resistance than that of the eutectic SnPb [18]. This

surprising improvement may be attributed to the re-

duced diffusivity for Pb-free solder as its melting point

is approximately 50�C higher than that of the eutectic

SnPb solder. As a result, the rate of void formation is

much lower than that in the eutectic solder. In addi-

tion, the highest MTTF for the high-Pb solder may be

Table 1 The materials
properties used in this paper

Materials Thermal conductivity
(W/m K)

Resistivity
(mW cm)

Temperature coefficient
of resistivity (K–1)

Al 238 2.7 4.2 · 10–3

Al/Ni(V)Cu 166.6 29.54 5.6 · 10–3

Cu6Sn5 34.1 17.5 4.5 · 10–3

Pb–5Sn 63 19 4.2 · 10–3

e-SnPb 50 14.6 4.4 · 10–3

SnAg3.5 33 12.3 4.6 · 10–3

Ni3Sn4 19.6 28.5 5.5 · 10–3

Ni 76 6.8 6.8 · 10–3

Cu 403 1.7 4.3 · 10–3

Si 147 – –
BT 0.7 – –
Underfill 0.55 – –
PI 0.34 – –

Fig. 4 The simulation results showing the current density
distribution under 0.6 A in: (a) Eutectic SnPb solder bump;
(b) high-Pb solder bump; (c) Eutectic SnAg solder bump
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mainly due to its higher liquidus temperature of about

320�C. For example, at stressing temperature of 150�C,
it is 93%, 86%, and 71% of the melting points for the

eutectic SnPb, eutectic SnAg, and high-Pb solders,

respectively. Typically, at melting point metal atoms

exhibit a diffusivity of 105 cm2/s to 107 cm2/s in nature.

Therefore, it is prudent to assume that the diffusivity of

the Pb-free solder would fall somewhere in between

these two Pb-containing solders. This is in accordance

to the findings that the EM resistance of Pb-free solder

is higher than that of the eutectic SnPb solder, but

lower than that of the high-Pb solder.

Likewise, interfacial metallurgical reaction becomes

crucial in Pb-free solder joints during current stressing,

especially at critical stressing conditions when the sol-

der and the UBM undergo a solid state aging process

during EM. It is reported that the Cu–Sn IMC may

grow over 13 lm for Pb-free SnAg solder after aging at

170�C for 1500 h [19]. Electron wind force is likely to

enhance the dissolution of the UBM materials on the

cathode end, and the erosion of the latter may lead to

the failure of the solder joints [12, 13]. Thus, the

interfacial reaction appears to be the critical factor for

the EM of Pb-free solders. Due to the spalling issue for

thin-film UBM in Pb-containing and Pb-free solders [3,

20], thick-film Cu or Ni UBM has been adopted for the

Pb-free solder joints. This not only solves the spalling

problem, but also prolongs the EM lifetime. This point

will be discussed later.

The interfacial reactions are accelerated by the

stressing current during EM. Chen et al. first investi-

gated the effect of electrical current on interfacial

Fig. 5 The simulation results showing the temperature distribu-
tion under 0.6 A in: (a) Eutectic SnPb solder bump; (b) high-Pb
solder bump; (c) Eutectic SnAg solder bump. A hot-spot exists
near the entrance point of the Al trace

Fig. 6 The cross-sectional view of the results in Fig. 5. (a)
Eutectic SnPb solder bump; (b) high-Pb solder bump; (c)
Eutectic SnAg solder bump under 0.6 A. The solder on the Si
side is hotter than that on the substrate side. Thermal gradient
was built across the solder bump
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reactions in solder systems in 1998 [21], and they found

that the flow of electrons may enhance or inhibit the

growth of the intermetallic compound. For SnPb solder

joints, the Pb atoms are the dominant diffusing species

when the joints are stressed above 100�C. Figure 7

depicts the schematic for two bumps with opposite

current directions. Hence, the Pb atoms move to the

chip/anode and substrate/anode sides during current

stressing. This phase segregation may enhance the

dissolution of the UBM in the chip/cathode end

because excess Sn atoms accumulate there. Yet, it

prevents the UBM on the chip/anode side from react-

ing with the solder as the Pb atoms are unlikely to form

IMC with Cu or Ni UBM. For Pb-free solders, the

interfacial reaction on the chip/anode side becomes

noticeable. Extensive IMC formation on the chip/

anode during stringent stressing conditions for SnAg

solder joints has been reported in literature [22, 23].

Nickel atoms on the substrate/cathode migrated to the

chip/anode side and subsequently formed IMC there, a

potential failure site. At a reduced stressing current

and temperature, the joints failed at chip/cathode side.

Unfortunately, the failure modes for thick-film Cu

(over 10 lm) or Ni UBM are not yet clear.

Under the electrical (EM) and thermal (TM) driving

forces, the diffusion of atoms in the solder joint are

rather complicated. Figure 8(a) illustrates the direction

of the movement of the atoms under these two driving

forces during an accelerated EM test. The simulation

assumes a Pb-containing solder in combination with Cu

and Ni serving as the UBM material in the chip side

and metallization material in the substrate side. In

addition, electrons drift upwards in Bump 1, whereas

they move downwards in Bump 2. Bump 3 acts as a

control sample without passage of current but it

undergoes the same thermal history as Bump 1 and 2.

During EM testing, the Si die is the hot end due to the

excessive Joule heating in the Al trace. For Pb-con-

taining solder bumps, open failure occurs in the chip/

cathode of Bump 2 since flux divergence takes place to

greater degree at this end. As shown in the Fig. 8(a),

due to the apparent current crowding effect in the chip

side [8], Sn, Pb, and Cu atoms will migrate away from

the chip/cathode end. Furthermore, the built-in ther-

mal gradient also drives the Pb atoms to the substrate

side [11]. On the other hand, only an opposite flux of

Sn due the thermomigration flows to the chip/cathode

end [11]. At testing temperatures above 100�C, Pb

atoms are the predominant diffusion species. Thus,

both EM and TM forces remove atoms from the chip

end to the substrate side in this bump with the net

result of void formation in the chip/cathode end. Also,

the Pb segregation in the substrate/anode side is quite

noticeable after current stressing for extended time

[24].

For Bump 1 with upward electron flow, SnPb solder

will migrate to the chip/anode side. However, the force

Table 2 The simulation
results on maximum current
density, hot-spot and average
temperatures, and thermal
gradient for the high-Pb,
eutectic SnPb, and SnAg
solders

Maximum current
density (A/cm2)

Hot-spot (�C) Average
temperature (�C)

Thermal
gradient (�C/cm)

Pb95Sn5 9.42 · 104 103.6 99.2 246.9
e-SnPb 1.03 · 105 100 95.5 259.2
SnAg3.5 1.11 · 105 105.4 98.9 398.7

Fig. 7 Schematic drawing showing the polarity effect of during
EM testing at temperature higher than 100�C. Lead atoms
accumulated on the chip/anode and substrate/anode ends

Fig. 8 Diffusion of atoms in solder bumps due to EM and TM
forces for: (a) Pb-containing solder bumps; (b) Pb-free solder
bumps

264 Lead-Free Electronic Solders

123



is negligible compared with that in Bump 2, since there

is almost no current crowding effect in the substrate

side due to the large cross-section of the Cu line in the

substrate [8]. In addition, Ni atoms in the substrate side

will migrate toward chip/anode side due to the EM

force [22, 23], and Sn atoms will also diffuse to the

chip/anode side under TM force. In contrast, the Pb

atoms will move to the substrate/cathode end due to

TM force. Thus, the EM and TM forces counteract

each other at higher stressing temperatures when the

Pb atoms are the dominant diffusion species. Huang

have et al. shown that a thermal gradient of 1000�C/cm
would provide comparable magnitude of driving force

to that of EM force, triggering notable thermomigra-

tion in the solder bump [11].

For Bump 3 without passage of any current, the

built-in thermal gradient may be close to those in

Bump 1 and Bump 2 if the Bump 3 is close to them.

Because the heat conduction of Si is appreciable, the

Bump 3 may experience similar amount of Joule

heating as Bump 1 and 2 do [25]. Hence, the temper-

ature of the solder near the Si die is expected to be

higher than that in the substrate side, causing a thermal

gradient across the solder joint even without current

passage. In addition, since EM force is absent in Bump

3 because there was no current passing through, it of-

fers a great opportunity to decouple the atom migra-

tion due to the EM and the TM forces [11]. As

depicted in Fig. 8(a), the built-in thermal gradient

drives the Pb atoms near the chip side to the substrate

side, whereas it triggers the Sn atoms in the substrate

side moving to the chip side. The migration of atoms in

this bump is mainly attributed to the TM force. It is

noteworthy that the current should be sufficiently high

to produce a steep thermal gradient across the solder

joint. Applied current larger than 1 A was used in

those studies that reported thermomigration so far [10,

11]. At lower stressing temperatures, Sn atoms are the

predominant diffusion species. For Bump 1, both EM

and TM forces propel the Sn atoms towards the chip/

anode side. For Bump 2, EM failure may be inhibited

to some extent since Sn fluxes due to the EM and TM

force are in the favorable direction.

As for Pb-free solder bumps including eutectic

SnAgCu and SnAg, Sn atoms are the leading diffusion

species during EM. Therefore, the diffusion behaviors

driven by EM and TM forces become relatively

straightforward, as shown in Fig. 8(b). For Bump 1,

both Sn and Ni atoms migrate to the chip/anode end

due to EM force, and the TM force also promotes the

Sn atoms to that end. As for Bump 2, The EM force

drives the Sn and Cu down to substrate/anode end,

whereas the TM force prods Sn atom in the opposite

direction. Therefore, the damage caused by EM dam-

age may be limited if the thermal gradient is sufficiently

large. In comparison, there is only one force acting on

the Bump 3 because it had no electrical current pass

through, and Sn atoms are driven toward the chip end.

Nevertheless, experimental results are unavailable for

thermomigration in Pb-free solders to date.

3 Problems that still need to be addressed and the

suggestions for solving them

3.1 Modification of MTTF equation

From engineering point of view, modification of MTTF

equation for the use of flip-chip in solder joints is

urgently needed. The equation of mean-time-to-failure

(MTTF) for Al and Cu interconnects is typically

expressed as below [26]:

MTTF ¼ A
1

jn
expðQ

kT
Þ ð1Þ

where A is a constant, j is the average current density, n

is a model parameter for current density, Q is the

activation energy, k is the Boltzmann’s constant, and T

is the average bump temperature. As stated above,

current crowding and Joule heating effect occurs

substantially in flip-chip solder joints, and the failure is

usually initiated at the current crowding region in sol-

der, which happens to be the hot-spot. Voids start to

form here, or the UBM dissolves quickly at the region.

Therefore, the equation should be revised to include

current crowding and Joule heating effects for consid-

eration during accelerated EM tests. Tu et al. proposed

that the term j–n in the equation needs to be revised to

(cj)–n in order to capture the high current crowding

effect in the solder joints [16]. Moreover, the temper-

ature factor is later adapted to (T + DT) to account for

appreciable Joule heating effect during the accelerated

EM test. Further effort is necessary to identify the

precise current density term. Since the hot-spot is

present, we suggest revising the temperature term to

use the hot-spot temperature in predicting the MTTF

of the solder joints. We believe that the Joule heating

effect needs to be measured with greater accuracy.

Otherwise, the MTTF would be underestimated.

3.2 Relieving current crowding and Joule heating

effects

Current crowding and Joule heating effects play vital

role in the failure of flip-chip solder joints. Hence,
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relieving of these undesirable influences is expected to

improve the EM resistance significantly. As delineated

by Black’s equation, reducing the local current density

by 50% may extend the MTTF by four times if we take

cj term to be the maximum current density and n to be

equal to 2. In addition, the MTTF increases exponen-

tially with decreasing bump/hot-spot temperature.

Several approaches have been proposed in a previous

publication to mitigate these two influences [27]. The

approaches will be summarized briefly in following

paragraphs.

3.2.1 Keeping the solder away from high current

density/hot-spot region

By adopting a thick Cu or Ni UBM, the solder is

positioned at far distance from the high current den-

sity/hot-spot region. As shown in Figs. 4 and 6, the

current density/hot-spot region extends several

microns toward solder. By using a Cu or Ni UBM of

more than 10 lm thick, the solder will be distant from

this region. However, this approach does not reduce

the current crowding and hot-spot temperatures in the

whole joint. Instead, the current crowding and hot-spot

occur in the thick Cu or Ni UBM, and the two metals

are much more resistive to EM than the solders are.

Our simulation results show that the maximum current

density in solder with a 20-lm-thick Cu UBM would be

reduced by at least 10 times than that with a thin-film

UBM. The hot-spot temperature will be reduced

greatly since the local current density in the solder is

alleviated and the solder stays away from the Al trace,

which is the major Joule heating source. Thus, the

MTTF would increase significantly.

3.2.2 Spreading the current uniformly by adding a thin

resistive layer

By adding a thin resistive layer between the UBM and

the Al trace, the current would be forced to spread

uniformly on the passivation opening. This approach

will reduce the current crowding effect to a quarter

when one adds a thin layer of material with a resistivity

of 3000 lW cm. Further, this approach could almost

eliminate the current crowding effect when the resis-

tivity is increased to above 30000 lW cm. Figure 9(a)

and (b) shows the current paths schematically with and

without this thin resistive layer. Without this layer,

majority of the current would drift down near the en-

trance point of the Al trace, whereas with this layer, it

will be forced to drift farther in the Al trace before

going down to the solder bump. Thus, the current

crowding effect could be greatly reduced with the

resistive layer. However, overlaying a resistive layer

would inevitably increase the bump resistance, raising

the Joule heating effect. Fortunately, the Joule heating

effect is not significant at stressing current less than

0.2 A.

3.2.3 Decreasing the passivation opening

With smaller passivation opening, the current is likely

to spread out rather uniformly before entering the

solder bump, since the cross-section of the Al pad

above the passivation opening is larger than that of the

Al trace. The current crowding effect can be relieved

by decreasing the diameter of the passivation opening.

However, the Joule heating effect is not reduced but

instead, it increases slightly because the current needs

to drift longer in the resistive Al trace.

3.2.4 Enlarging the cross-section of the Al trace

Since the Al trace is the major source for Joule heating

during accelerated EM test, enlarging its cross-section

would produce a lower resistance. The heating power

can be expressed as

P ¼ I2R ¼ j2qV ð2Þ

where P is the Joule heating power, I is the current, R

is the resistance, j is the current density, q is the

resistivity, and V is the volume. Therefore, the solder

joints with a wider or thicker Al trace is likely to have

lower Joule heating effect. Also, the current crowding

effect will be relieved to some extent. In addition, the

solder joint with a shorter Al trace will have lower

Joule heating effect. But the current crowding effect

remains the same. As the damascene Cu replaces Al

metallization, solder joints with Cu trace will be

Fig. 9 Schematic drawing showing the current path in the solder
joints: (a) without and (b) with a thin resistive layer between the
Al trace and the UBM
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implemented in high-end consumer electronic devices

shortly. It follows that the solder joints with the Cu

trace would have lower Joule heating effect than that

with an Al trace at identical configuration since the

resistivity of Cu is only 63% of that of Al [28]. Yet, the

current crowding effect remains almost unchanged

when the Cu trace replace the Al trace with the same

dimension.

Following the rational behind the discussion above

and the technology available, the ideal solution for EM

in solder joints would be Cu column [29]. Cu column

up to 80 lm thick can be fabricated as UBM in solder

joint. A thin layer of solder is still required for the

joint, as shown schematically in Fig. 10. Due the thick

Cu layer, the current spreads out uniformly before

reaching the solder. Therefore, there is almost mini-

mum current crowding in solder. In addition, hot-spots

in solder may also be eliminated completely due to

negligible current crowding effect and superb thermal

conductivity of Cu. Furthermore, during current

stressing the solder may react with the Cu to form Cu–

Sn IMCs. Since the amount of solder is much less than

the Cu, the Cu column is unlikely to be consumed

completely. Therefore, it may be one of the possible

solutions for solder joint EM.

3.3 Investigating failure mechanism for thick-film

UBM

Since thick Cu or Ni UBM have been adopted for Pb-

free solder joints, the EM behavior and failure

mechanism in those joints would be very important.

However, only few studies have been performed on

this topic [30, 31]. In particular, both electroplated and

electroless Ni have been used as UBM materials due to

their low reaction rate with solders [32]. Yet, the

activation energy for Pb-free solder on the Ni UBMs

has not been measured. Since the failure mechanism

for Pb-free solder is primarily attributed to the disso-

lution of the UBM materials, the use of Ni UBM shall

be able to inhibit the UBM dissolution rate, and thus to

prolong the EM lifetime.

3.4 Thermomigration in Pb-free solders

As stated in previous section, the occurrence of ther-

momigration in Pb-free solders necessitates further

investigations. As depicted in Fig. 8(b), the diffusion of

Sn atoms from the substrate/cathode end to chip/anode

end is enhanced by TM force for Bump 1. Possible void

formation in Bump 1 under thermomigration is an

interesting subject in our undergoing study.

3.5 Rotation of solder grains during EM

It has been demonstrated that Sn grains may rotate or

grow during current stressing in Sn films, because white

tin has anisotropic properties on electrical resistivity

[33, 34]. It has a body-center tetragonal crystal struc-

ture with lattice parameters a = b = 0.583 nm and

c = 0.318 nm, and its electrical resistivities are

13.25 lW cm and 20.27 lW cm, respectively. Thus, Sn

grains may rotate during EM testing to reduce the total

resistance of the Sn stripe. For Pb-fee solders, the

matrix consists of Sn grains. However, whether this

phenomena would occur in solder bumps is not clear so

far, and it needs further investigation.

4 Conclusions

Critical issues of EM in Pb-free solder joints have been

reviewed. Our simulation results demonstrated that the

distributions of current density and temperature

remain almost the same when Pb-containing solders

are replaced by Pb-free ones. Many researchers have

reported that the EM lifetime for Pb-free solder is

higher than that of the eutectic SnPb solders, but

shorter than that of high-Pb solders. The underlying

reason may be the low melting temperature, as elec-

trical and thermal characteristics of solder bumps

during EM testing, are quite similar. Several

approaches have been suggested to relieve the current

crowding and Joule heating effects in the solder bumps.

Among them, thick UBM may be the most effective

method to reduce the current crowding effect, whereas

the reduction in the resistance of the Al trace would

render significantly lower Joule heating. The solder

Fig. 10 Schematic drawing showing a solder bump with a Cu
column. This structure may be one of the solutions for EM in
solder joints
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joints with Cu column is likely to be the ideal structures

with highest EM resistance.
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Abstract Spontaneous Sn whisker growth is a surface

relief phenomenon of creep, driven by a compressive

stress gradient. No externally applied stress is required

for the growth, and the compressive stress is generated

within, from the chemical reaction between Sn and Cu

to form the intermetallic compound Cu6Sn5 at room

temperature. To obtain the compressive stress gradi-

ent, a break of the protective oxide on the Sn surface is

required because the free surface of the break is stress-

free. Thus, spontaneous Sn whisker growth is unique

that stress relaxation accompanies stress generation.

One of the whisker challenging issues in understanding

and in finding effective methods to prevent spontane-

ous Sn whisker growth is to develop accelerated tests

of whisker growth. Use of electromigration on short Sn

stripes can facilitate this. The stress distribution around

the vicinity and the root of a whisker can be obtained

by using the micro-beam X-ray diffraction utilizing

synchrotron radiation. A discussion of how to prevent

spontaneous Sn whisker growth by blocking both stress

generation and stress relaxation is given.

1 Introduction

Whisker growth on beta-tin (b-Sn) is a surface relief

phenomenon of creep. It is driven by a compressive

stress gradient and occurs at ambient. Spontaneous Sn

whiskers grow on matte Sn finishes on Cu [1–15].

Today, due to the wide application of Pb-free solders

on Cu conductors used in electronic packaging of

consumer electronic products, Sn whisker growth has

become a serious reliability issue since Pb-free solders

are Sn-based and very rich in Sn. Typically, the Cu

leadframe used on surface mount technology of elec-

tronic packaging are finished with a layer of solder for

surface passivation and for enhancing wetting during

joining the leadframe to printed circuit boards. When

the solder finish is eutectic SnCu or matte Sn, whiskers

of Sn are observed. Some whiskers can grow to several

hundred microns, which are long enough to become

electrical shorts between neighboring legs of a lead-

frame. The trend in electronic packaging technology is

to integrate systems in packaging, so that elements of

devices and parts of components are getting closer and

closer together and the probability of shorting by

whiskers is becoming much greater. Hence, how to

suppress Sn whisker growth, and how to perform sys-

tematic tests of Sn whisker growth in order to under-

stand the driving force, kinetics, and mechanism of

growth are challenging tasks in electronic packaging

industry today.

Due to the very limited temperature range of Sn

whisker growth, from room temperature to about 60�C,
accelerated tests are difficult. If the temperature is too

low, there is insufficient kinetics due to slow atomic

diffusion and if the temperature is too high, there is not

enough driving force because of stress relief.
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The whisker growth is spontaneous, indicating

that the compressive stress behind the growth is self-

generated; no external applied stress is required.

Otherwise, one can expect a whisker to slow down and

stop when the applied stress that is not applied con-

tinuously is exhausted. Therefore it is of interest to ask

where is the self-generated driving force coming from,

how can the driving force maintain itself to achieve the

spontaneous whisker growth, and also how large is the

compressive stress gradient needed to grow a whisker?

Spontaneous whisker growth is a unique creep pro-

cess inwhich both stress generation and stress relaxation

occur simultaneously at room temperature. The three

indispensable conditions of Sn whisker growth are (1)

The room temperature diffusion in Sn, (2) The room

temperature reaction between Sn and Cu to form

Cu6Sn5 and induce the compressive stress in Sn, and (3)

The stable surface oxide on Sn. The last condition is

needed in order to produce a stress gradient for creep.

When the oxide is broken, the exposed free surface is

stress-free, so a compressive stress gradient is developed

for creep or the growth of a whisker to relax the stress.

Reviews obtained from examining Sn whiskers by

using cross-sectional scanning and transmission elec-

tron microscopy of samples prepared by focused ion

beam thinning will be discussed in this paper [16]. Use

of X-ray micro-diffraction by synchrotron radiation to

study the structure and stress distribution around the

root of a whisker grown on eutectic SnCu will be dis-

cussed later [17].

The growth of a Sn whisker is from the bottom, not

from the top, since the morphology of the tip does not

change [12]. Many Sn whiskers have been found to

grow at room temperature and some of them are long

enough to short two neighboring legs of the leadframe

as shown in Fig. 1a. It is possible that when there is a

high electrical field across the narrow gap between the

tip of a whisker and the point of contact on the other

leg, just before the tip of the whisker touching the

other leg, a spark may ignite fire. The fire may result in

failure of the device or a satellite [18–21]. Even when a

whisker breaks, it could fall between two neighboring

conductors and bridge them.

2 Morphology of spontaneous Sn whisker growth

In Fig. 1b, an enlarged SEM image of a long whisker

on the eutectic SnCu finish is shown. The whisker in

Fig. 1b is straight and its surface is fluted. The crystal

structure of Sn is body-centered tetragonal with the

lattice constant ‘‘a’’ = 0.58311 nm and ‘‘c’’ =

0.31817 nm. The whisker growth direction, or the axis

along the length of the whisker, has been found mostly

to be the ‘‘c’’ axis, but growth along other axis such as

[100] and [311] has also been found.

On the pure or matte Sn finish surface, short whis-

kers or hillocks were observed as shown in Fig. 1c. The

surface of the whisker in Fig. 1c is faceted. Besides the

difference in morphology, the rate of whisker growth on

the pure Sn finish is much slower than that on the SnCu

finish. The direction of growth is more random too.

Comparing the whiskers formed on SnCu and pure

Sn, it seems that the Cu in eutectic SnCu enhances Sn

whisker growth. Although the composition of eutectic

SnCu consists of 98.7 atomic % of Sn and 1.3 atomic %

of Cu, the small amount of Cu seems to have caused a

very large effect on whisker growth on the eutectic

SnCu finish.

Fig. 1 (a) Many Sn whiskers have been found to grow at room
temperature and some of them are long enough to short two
neighboring legs of the leadframe. (b) An enlarged SEM image
of a long whisker on the eutectic SnCu finish is shown. (c) On the
pure or matte Sn finish surface, short whiskers or hillocks were
observed
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In Fig. 2a, a cross-sectional SEM image of a lead-

frame leg with SnCu finish is shown. The rectangular

core of Cu is surrounded by an approximate 15 lm
thick SnCu finish. A higher magnification image of the

interface between the SnCu and Cu layers, prepared by

focused ion beam, is shown in Fig. 2b. An irregular

layer of Cu6Sn5 compound can be seen between the Cu

and SnCu. No Cu3Sn was detected at the interface. The

grain size in the SnCu finish is about several microns.

More importantly, there are Cu6Sn5 precipitates in the

grain boundaries of SnCu. The grain boundary pre-

cipitation of Cu6Sn5 is the source of stress generation in

the CuSn finish. It provides the driving force of spon-

taneous Sn whisker growth [21, 22]. The critical stress

issue will be addressed later.

In Fig. 2c, a cross-sectional SEM image, prepared by

focused ion beam, of matte Sn finish on Cu leadframe

is shown. While the layer of Cu6Sn5 compound can be

seen between the Cu and Sn, there is much less Cu6Sn5
precipitates in the grain boundaries of Sn. The grain

size in the Sn finish is also about several microns. The

lacking of grain boundary Cu6Sn5 precipitates is the

most important difference between the eutectic SnCu

and the pure Sn finish with respect to whisker growth.

TEM images of the cross-section of whiskers, nor-

mal to their length, are shown in Fig. 3a, b together

with electron diffraction pattern. The growth direction

is the c-axis. There are a few spots in the images which

might be dislocations.

3 Stress generation (driving force) in Sn whisker

growth by Cu–Sn reaction

The origin of the compressive stress can be mechanical,

thermal, and chemical. But the mechanical and thermal

stresses tend to be finite in magnitude, so they cannot

sustain a spontaneous or continuous growth of whis-

kers for a long time. The chemical force is essential for

spontaneous Sn whisker growth, but not obvious. The

origin of the chemical force is due to the room tem-

perature reaction between Sn and Cu to form the

intermetallic compound (IMC) of Cu6Sn5. The chemi-

cal reaction provides a sustained driving force for

spontaneous growth of whiskers as long as the reaction

progresses with unreacted Sn and Cu.

Stress is generated by interstitial diffusion of Cu into

Sn and the formation of IMC in the Sn; it generates a

compressive stress in the Sn. When the Cu atoms from

the leadframe diffuse into the finish to grow the grain

boundary IMC, as shown in Fig. 2b, the volume

increase due to the IMC growth will exert a compres-

sive stress to the grains on both sides of the grain

boundary. As shown in Fig. 4, for a fixed volume V in

the Sn finish that contains an IMC precipitate, the

growth of the IMC due to the diffusion of a Cu atom

into this volume to react with Sn will produce a stress,

r ¼ �B
X
V

ð1Þ

Fig. 2 (a) A cross-sectional SEM image of a leadframe leg with
SnCu finish is shown. The rectangular core of Cu is surrounded
by an approximate 15 lm thick SnCu finish. (b) A higher
magnification image of the interface between the SnCu and Cu
layers, prepared by focused ion beam, is shown. An irregular
layer of Cu6Sn5 compound can be seen between the Cu and
SnCu. No Cu3Sn was detected at the interface. The grain size in
the SnCu finish is about several microns. More importantly, there
are Cu6Sn5 precipitates in the grain boundaries of SnCu. (c) A
cross-sectional SEM image, prepared by focused ion beam, of
matte Sn finish on Cu leadframe is shown. While the layer of
Cu6Sn5 compound can be seen between the Cu and Sn, there is
much less Cu6Sn5 precipitates in the grain boundaries of Sn
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where r is the stress produced, B is bulk modulus, W is

the partial molecular volume of a Cu atom in Cu6Sn5
(the molar volume change of Sn atoms in the reaction

for simplicity is ignored). The negative sign indicates

that the stress is compressive. In other words, an

atomic volume into the fixed volume is added. If the

fixed volume cannot expand, a compressive stress will

occur. When more and more Cu atoms, say n Cu

atoms, diffuse into the volume, V, to form Cu6Sn5, the

stress in the above equation of r increases by changing

W to n W.

In diffusional processes, such as the classic Kirken-

dall effect of interdiffusion in a bulk diffusion couple of

A and B, the atomic flux of A is not equal to the

opposite flux of B. Assuming that A diffuses into B

faster than B diffuses into A, a compressive stress in B

will be expected since there are more A atoms diffus-

ing into it than B atoms diffusing out of it. However, in

Darken’s analysis of interdiffusion, there is no stress

generated in either A or B or no analysis of stress was

given. Since Darken has made a key assumption that

vacancy concentration is in equilibrium everywhere in

the sample [23, 24]. To achieve vacancy equilibrium,

one must assume that vacancies (or lattice sites) can be

created and/or annihilated in both A and B as needed.

Hence, provided that the lattice sites in B can be added

to accommodate the incoming A atoms, there will be

no stress. The addition of a large number of lattice sites

implies an increase in lattice planes if one assumes that

the mechanism of vacancy creation and/or annihilation

is by dislocation climb mechanism. It further implies

that lattice plane can migrate, which means Kirkendall

shift, in turn it implies marker motion if markers are

embedded in the moving lattice planes in the sample.

In some cases of interdiffusion in bulk diffusion cou-

ples, vacancy may not be in equilibrium everywhere in

the sample, so very often Kirkendall void formation

has been found due to the existence of excess vacancies

[25].

To absorb the added atomic volume due to the

in-diffusion of Cu by the fixed volume of V in the finish

as considered in Fig. 4, it requires addition of lattice

sites in the fixed volume. Furthermore, allowance of

Kirkendall shift or addition of lattice plane to migrate

is necessary. Otherwise, compressive stress will be

generated. Since Sn has a native and protective oxide

on the surface, the interface between the oxide and Sn

is a poor source and sink for vacancies and furthermore

the protective oxide ties down the lattice planes in Sn

and prevents them from moving. Therefore, this is the

basic mechanism of stress generation. It is worth noting

that creep is driven by a stress gradient, not by a stress.

Typically creep is defined as a time-dependent defor-

mation under constant load. Actually the driving force

Fig. 3 TEM images of the cross-section of whiskers, normal to
their length, are shown in (a) and (b) together with electron
diffraction pattern

Fig. 4 We consider a fixed volume V in the Sn finish that
contains an intermetallic compound (IMC) precipitate, the
growth of the IMC due to the diffusion of a Cu atom into this
volume to react with Sn will produce a stress
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of atomic migration in creep is stress gradient as given

in the Nabarro–Herring model. Under a hydrostatic

tension or compression, there may be random walk of

atoms, but no creep. A uniform compressive stress will

not lead to creep, so we need a mechanism to produce

a compressive stress gradient in the Sn finish. It will be

discussed in next Section.

For the oxide to be effective in tying down lattice

plane migration, the finish cannot be too thick. In a

very thick finish, say over 100 lm, there are more sinks

in the bulk of the finish to absorb the added volume of

Cu. Whiskers is a surface relief phenomenon. When

bulk relief mechanism occurs, whisker will not grow.

There is a dependence of whisker formation on the

thickness of finish. Since the average diameter of

whiskers is about a few microns, whisker will grow

more frequently on a finish having thickness of a few

microns to a few times of its diameter.

Sometimes it is puzzling to find that Sn whiskers

seem to grow on a tensile region of a Sn finish. For

example, when a Cu leadframe surface was plated with

SnCu, the initial stress state of the SnCu layer right

after plating was tensile, yet whisker growth was

observed. Consider the cross-section of a Cu leadframe

leg coated with a layer of Sn as shown in Fig. 2a, that

experienced a heat-treatment of reflow from room

temperature to 250�C and back to room temperature.

Since Sn has a higher thermal expansion coefficient

than Cu, the Sn should be under tension at room

temperature after the reflow cycle. Yet with time, Sn

whisker grows, so it seems that Sn whisker grows under

tension. Furthermore, if a leg is bent, one side of it will

be in tension and the other side in compression. It is

surprising to find that whiskers grow on both sides,

whether the side is under compression or tension.

These phenomena are hard to understand until one

recognizes that the thermal stress or the mechanical

stress, whether it is tensile or compressive, is finite. It

can be relaxed or overcome quickly by atomic diffusion

at room temperature. After that, the continuing

chemical reaction will develop the compressive stress

needed to grow whiskers. So the chemical force is

dominant and persistent. In other words, the com-

pressive stress needed for the spontaneous whisker

growth on Sn is induced by chemical reaction between

Sn (or SnCu) and Cu at room temperature. Room

temperature reaction between Sn and Cu was studied

by using thin film samples for detection sensitivity

[14, 21].

The idea of compressive stress induced by the

growth of a grain boundary phase has a few variations.

One is the wedge model proposed by Lee et al. [26]

that the Cu6Sn5 phase between the Cu and Sn has a

wedge shape in growing into the grain boundaries of

Sn. The growth of the wedge will exert a compressive

stress to the two neighboring Sn grains, same as split-

ting a piece of wood with a wedge. So far, no such

wedge-shape IMC has been observed in XSEM, for

example, see Fig. 2b.

4 Effect of surface Sn oxide on stress gradient

generation and whisker growth

To discuss the effect of surface oxide, one can refer to

the effect on Al hillock growth. In an ultra-high vac-

uum, no surface hillocks were found to grow on Al

surface under compression [27]. Hillocks grow on

Al surfaces only when the Al surface is oxidized, and

Al surface oxide is known to be protective. Without

surface oxide, the free surface of Al is a good source

and sink of vacancies, so a compressive stress can be

relieved uniformly on the entire surface or the surface

of every grain of the Al based on Nabarro–Herring

model of lattice creep or Coble model of grain

boundary creep. In these models, as shown in Fig. 5,

the relaxation can occur in each of the grains by dif-

fusion to the free surface of each grain. The free sur-

faces are effective source and sink of vacancies.

Therefore, the relaxation is uniform over the entire Al

film surface; all the grains just thicken slightly. Con-

sequently, no localized growth of hillocks or whiskers

will take place.

A whisker or hillock is a localized growth on a

surface. To have a localized growth, the surface cannot

be free of oxide, and the oxide must be a protective

oxide so that it effectively blocks all the vacancy

sources and sinks on the surface. Furthermore, a pro-

tective oxide also means that it pins down the lattice

planes in the matrix of Al (or Sn), so that no lattice

plane migration can occur to relax the stress in the

volume, V, considered in Fig. 4. Only those metals

Al

Grain
Boundaries

σσ

Fig. 5 Nabarro–Herring model of lattice creep or Coble model
of grain boundary creep. A schematic diagram to show that when
the surface has no oxide, the relaxation of stress can occur in
each of the grains by atomic diffusion to the free surface of each
grain
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which grow protective oxides, such as Al and Sn, are

known to have serious hillock or whisker growth.

When they are in thin film or thin layer form, the

surface oxide can pin down the lattice planes in the

near-surface layer easily. On the other hand, it is

obvious that if the surface oxide is very thick, it will

physically block the growth of any hillock and whisker.

No hillocks or whiskers can penetrate a very thick

oxide or coating. Thus, a necessary condition of whis-

ker growth is that the protective surface oxide must not

be too thick so that it can be broken at certain weak

spots on the surface, and from these spots whiskers

grow to relieve the stress.

In Fig. 6a, a focused ion beam image of a group of

whiskers on the SnCu finish is shown. Figure 6b has the

image of the same area after the oxide on a rectangular

area of the surface of the finish was sputtered away by

using a glancing incidence ion beam to expose the

microstructure beneath the oxide. In Fig. 6c, a higher

magnification image of the sputtered area is shown, in

which the microstructure of Sn grains and grain

boundary precipitates of Cu6Sn5 are clear. Due to the

ion channeling effect, some of the Sn grains appear

darker than the others. The Cu6Sn5 particles distribute

mainly along grain boundaries in the Sn matrix, and

they are brighter than the Sn grains due to less ion

channeling. The diameter of the whiskers is about a

few microns. It is comparable to the grain size in the

SnCu finish.

In ambient, one can assume that the surface of the

finish and the surface of every whisker are covered

with oxide. The growth of a hillock or whisker is an

eruption from the oxidized surface. It has to break the

oxide. The stress that is needed to break the oxide may

be the minimum stress needed to grow whiskers. It

seems that the easiest place to break the oxide is at the

base of the whisker. Then to maintain the growth, the

break must remain oxide-free so that it behaves like a

free surface and vacancies can be supplied continu-

ously from the break and can diffuse into the Sn layer

to sustain the long range diffusion of the Sn atoms

needed to grow the whisker.

Figure 7 is an illustration in which the surface of the

whisker is oxidized, except at the base. The surface

oxide of the whisker serves the very important purpose

of confinement so that the whisker growth is essentially

a one-dimensional growth. The surface oxide of the

whisker prevents it from growing in lateral direction,

thus it grows with a constant cross-section and has the

shape of a pencil. Also the oxidized surface may

explain why the diameter of a Sn whisker is just a few

microns. This is because the gain in strain energy

reduction in whisker growth is balanced by the

formation of surface of the whisker. By balancing the

strain energy against the surface energy in a unit length

of the whisker, p R2e = 2p R c, providing

Fig. 6 (a) A focused ion beam image of a group of whiskers on
the SnCu finish is shown. (b) The oxide on a rectangular area of
the surface of the finish was sputtered away by using a glancing
incidence ion beam to expose the microstructure beneath the
oxide. (c) A higher magnification image of the sputtered area is
shown, in which the microstructure of Sn grains and grain
boundary precipitates of Cu6Sn5 are clear. The Cu6Sn5 precip-
itates are indicated by the arrows in the figure
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R ¼ 2c
e

ð2Þ

where R is radius of the whisker, c is surface energy per

unit area, and e is strain energy per unit volume. Since

strain energy per atom is about four to five orders of

magnitude smaller than the chemical bond energy or

surface energy per atom of the oxide, the radius or

diameter of a whisker is found to be several microns,

which are about four orders of magnitude larger than

the atomic diameter of Sn. For this reason, it is very

difficult to have spontaneous growth of nano-diameter

Sn whiskers.

5 Measurement of stress distribution by synchrotron
radiation micro-diffraction

The micro-diffraction apparatus in advanced light

source (ALS), at Lawrence Berkeley National Labo-

ratory, was used to study Sn whiskers grown on SnCu

finish on Cu leadframe at room temperature [28]. The

white radiation beam was 0.8–1 lm in diameter and the

beam step-scanned over an area of 100 lm by 100 lm
at steps of 1 lm. Several areas of the SnCu finish were

scanned and those areas were chosen so that in each of

them there was a whisker, especially the areas that

contained the root of a whisker. During the scan, the

whisker, and each grain in the scanned area, can be

treated as a single crystal to the beam. This is because

the grain size is larger than the beam diameter. At each

step of the scan, a Laue pattern of a single crystal is

obtained. The crystal orientation and the lattice

parameters of the Sn whisker and the grains of SnCu

matrix surrounding the root of the whisker were

measured by the Laue patterns. The software in ALS is

capable of determining the orientation of each of the

grains, and displaying the distribution of the major axis

of these grains. Using the lattice parameters of the

whisker as stress-free internal reference, the strain or

stress in the grains in the SnCu matrix can be deter-

mined and displayed. Figure 8 shows a low magnifica-

tion picture of an area of finish wherein a whisker is

circled and scanned.

Figure 9 shows the X-ray micro-diffraction analysis

result of stress distribution around whisker. The whis-

ker part is removed in order to observe the stress

around the whisker root more clearly. The absolute

value of stress in the whisker is higher than that in the

surrounding grains. If the whisker is assumed to be

stress-free, the surface of SnCu finish will be under

compressive stress. The study shows that in a local area

of 100 lm · 100 lm the stress is highly inhomoge-

neous with variations from grain to grain. The finish is

therefore under a biaxial stress only on the average.

This is because each whisker has relaxed the stress in

the region surrounding it. But, the stress gradient

around the root of a whisker does not have a radial

Fig. 7 A schematic diagram depicts that the surface of the
whisker is oxidized, except the base

Fig. 8 A low magnification picture of an area of finish wherein a
whisker is circled and scanned
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Fig. 9 In the figure, the whisker part is removed in order to
observe the stress around the whisker root more clearly. The
absolute value of stress in the whisker is higher than that in the
surrounding grains. If we assume the whisker to be stress-free,
the surface of SnCu finish is under compressive stress
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symmetry. The numerical value, and the distribution of

stress, are shown in Table 1, where the root of the

whisker is at the coordinates of ‘‘x = – 0.8415’’ and

‘‘y = – 0.5475’’. Overall, the compressive stress is

quite low, of the order of several MPa, however, one

can still see the slight stress gradient going from the

whisker root area to the surroundings. It means that

the stress level just below the whisker is slightly less

compressive than the surrounding area. This is because

the stress near the whisker has been relaxed by whisker

growth. In Table 1, the light-colored arrows indicate

the directions of local stress gradient. Some circles next

to each other in Table 1 show the similar stress level,

which most likely means that they belong to the same

grain.

The total strain tensor is equal to the sum of devi-

atoric strain tensor and the dilatational strain tensor.

The latter is measured from energy of Laue spot using

monochromatic beam and the former is measured from

deviation in crystal Laue pattern using white radiation

beam.

eij ¼ edeviatoric þ edilatational

¼
e011 e12 e13
e21 e022 e23
e31 e32 e033

�������
�������þ

d 0 0

0 d 0

0 0 d

�������
�������

ð3Þ

where the dilatational strain, d ¼ 1
3 ðe11 þ e22 þ e33Þ and

eii = e¢ii + d.
The measurements of these two strain tensors can be

explained as follows. The deviatoric strain tensor is

calculated from the deviation of spot positions in the

Laue pattern with respect to their ‘‘unstrained’’ posi-

tions. The latter is obtained from an ‘‘unstrained’’

reference. By assuming that the whisker is strain-free,

the Sn whisker itself can be used as the unstrained

reference and to calibrate the sample-detector distance

and the tilt of detector with respect to the beam. The

geometry is fixed. From the Laue spot positions of the

strained sample, any deviation of their positions from

the calculated positions if the sample has zero strain

can be measured. The transformation matrix which

relates the unstrained to the strained Laue spot posi-

tions is then calculated and the rotational part is taken

out. The deviatoric strain can then be computed from

this transformation matrix. Presence of more spots in

the Laue pattern will facilitate the deviatoric strain

tensor determination. The deviatoric strain is related to

the change in the shape of the unit cell, but the unit cell

volume is assumed to be constant and it consists of five

independent components. The sum of the 3 diagonal

components should be equal to zero.

To obtain the total strain tensor, the dilatational

strain tensor must be added to the deviatoric strain

tensor. The dilatational component is related to the

change in volume of the unit cell and it consists of a

single component of expansion or shrinkage, d, in the

last equation. In principle, if the deviatoric strain ten-

sor is known, only one addition measurement is nee-

ded, that is the energy of a single reflection is required,

to obtain this single dilatational component. The

monochromatic beam can be used to do this. The

energy of E0 for zero dilatational strain can be calcu-

lated from the orientation of the crystal and the devi-

atoric strain for each reflection. The energy can be

scanned by rotating the monochromator around this

energy E0 and watch the intensity of the peak of

interest on the CCD camera. The energy which maxi-

mizes the intensity of the reflection is the actual energy

Table 1 Stress distribution around the root of a whisker, which is at the coordinates of ‘‘x = – 0.8415’’ and ‘‘y = – 0.5475’’
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of the reflection. The difference in the observed energy

and the E0 gives the dilatational strain.

Since, r¢xx + r¢yy + r¢zz = 0 by definition, –r¢zz is a

measure of the in-plane stress (Note that for a blanket

film, with free or passivated surface, on the average the

total normal stress rzz = 0), from that rb (biaxial

stress)=(rxx + r yy)/2 = (r¢xx + r¢yy)/2 – r¢zz = – 3r¢zz/
2. This relation is always true on the average. A posi-

tive value of –r¢zz indicates a overall tensile stress

whereas a negative value indicates an overall com-

pressive stress. However, the measured stress values,

corresponding to a strain of less than 0.01%, are only

slightly larger than the strain/stress sensitivity of the

white beam Laue technique (sensitivity of the tech-

nique is 0.005% strain). No long range stress gradient

has been observed around the root of a whisker, indi-

cating that the growth of a whisker has released most

of the local compressive stress in the distance of several

surrounding grains.

6 Stress relaxation (kinetic process) in Sn whisker

growth by creep

Whisker growth is a unique creep phenomenon in

which stress generation and stress relaxation occurs

simultaneously. Therefore, one must consider two

kinetic processes of stress generation and stress relax-

ation and their coupling by irreversible processes [29].

About the two processes in whisker growth, the first is

the diffusion of Cu from the leadframe into the Sn

finish to form grain boundary precipitates of Cu6Sn5.

This kinetic process generates the compressive stress

in the finish. The second is the diffusion of Sn from

the stressed region to the root of a whisker which is

stress-free to relieve the stress. The distance of diffu-

sion in the second process is much longer than the first

and also the diffusivity in the second process is slower

too, so the second process tends to control the rate in

the growth of whiskers.

Since the reaction of Sn and Cu occurs at room

temperature, the reaction continues as long as there

are unreacted Sn and Cu. The stress in the Sn will

increase with the growth of Cu6Sn5 in it. Yet the stress

cannot build up forever; and it must be relaxed. Either

the added lattice planes in the volume, V, in Fig. 4

must migrate out of the volume, or some Sn atoms will

have to diffuse out from the volume to a stress-free

region.

Since room temperature is a relatively high homol-

ogous temperature for Sn, which melts at 232�C, the
self-diffusion of Sn along Sn grain boundaries is fast at

room temperature. Therefore the compressive stress in

the Sn induced by the chemical reaction at room

temperature can also be relaxed at room temperature

by atomic rearrangement via self grain boundary dif-

fusion. The relaxation occurs by the removal of atomic

layers of Sn normal to the stress, and these Sn atoms

can diffuse along grain boundaries to the root of a

stress-free whisker to feed its growth.

7 Accelerated test of Sn whisker growth

One of the most annoying behaviors of Sn whisker

growth is that it does not grow when it is needed but

grows when it is not needed. In order to predict the

lifetime of Pb-free solder finish without whisker

growth, one should conduct accelerated tests as in most

reliability problems. An accelerated test can be con-

ducted at larger driving force or faster kinetics, pro-

vided that the mechanism of failure remains the same.

Typically, tests at higher temperatures are performed

to obtain the activation energy of the rate controlling

process, which will enable the extrapolation of the life

time at the device operation temperature. For Sn

whisker growth, while it is possible to conduct the tests

up to 60�C, the rate of whisker growth is still quite slow

due to slow atomic diffusion. When the temperature

approaches 100�C, the diffusion is faster, yet the stress

will be relieved due to fast atomic diffusion. Hence,

competition between driving force and kinetics deter-

mines the rate of whisker growth. Although Cu can be

added to Sn to have a faster whisker growth as in

eutectic SnCu solder, the rate is still not fast enough.

Besides, the effect of Cu on whisker growth needs to be

isolated.

In 1954, Fisher et al. developed a method for

accelerated growth of Sn whiskers by using a metallo-

graphic clamp [30], and they reported the maximum

growth rates at clamping pressures of 7500 psi to be

about 10,000 Å/s. Compared with the spontaneous

growth rate of about few Å/s without external pressure

[31], the growth rate for accelerated growth is much

faster and the mechanism of growth might be different.

Lee et al. reported that Sn whiskers grew on the Sn

film plated with Cu concentration above 2% after high

acceleration stress test for 300 h. Arnold published a

paper in 1956 on investigating the methods to repress

the growth of whiskers [32]. He found that neutron

bombardment enhanced the growth of Sn whiskers.

When the plated Sn film was bombarded at a neutron

flux density of 1012 cm–2 s–1 for 30 days, dense whiskers

were found in the film. He also found that electrical

and magnetic fields had no effect on acceleration

effect.
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Liu et al. demonstrated that the growth of Sn

whiskers can be accelerated by electromigration [33].

When electric current is applied to leadframes or

continuous Sn films, it produces no back stress. The

sample that Liu et al. used was 5000 Å pure Sn film on

a Ti conducting layer, which is also known as Blech

specimen [34], as shown schematically in Fig. 10. The

resistance of the Ti layer is much higher than the Sn

film. Thus most of the electrons take a detour into the

Sn film on the cathode end (left side) of the Sn stripe,

and exit near the anode end (right side) of the Sn

stripe. Since the Ti layer has higher electromigration

resistance, the Ti atoms almost do not migrate during

the current stressing. In electromigration, Sn atoms

migrated from the left to the right, resulting in the

formation of voids on the cathode end and hillocks on

the anode end.

Due to current crowding induced flux divergence at

the lower corner of both ends of the stripe, a com-

pressive stress built up on the anode end and tensile

stress on the cathode end during current stressing, as

indicated in Fig. 10. At the anode, due to current

crowding, electrons exit at the lower corner, where the

compressive stress is the highest because Sn atoms will

be driven there. However, at the upper corner of the

anode, the compressive stress is low because of low

current density. Hence a vertical compressive stress

gradient is created and it will drive atoms to move up.

When the oxide at the upper corner is broken, the free

surface is stress-free and it enhances whisker or hillock

growth. In these samples, there were no reacting layers

under the Sn film, such as Cu or Ni. Thus, the driving

force for the whisker growth originated mainly from

the current stressing.

Figure 11 shows the plan-view SEM image for a

fabricated Sn stripe after the storage at room tem-

perature for two months. No obvious growth of Sn

whiskers was observed on the Sn film. However,

accelerated growth of Sn whiskers has taken place

when it was applied by a high current density, as

shown in Fig. 12a–f. The Sn stripe was 5000 Å thick

on a Ti layer of 700 Å thick. Current density of

1.5 · 105 A/cm2 was applied at room temperature.

After 10 h of the current stressing, a whisker started

to form on the anode end, as seen in Fig. 12b. As the

stressing time increased, more whiskers appeared and

they grew longer, as illustrated in Fig. 12c–f. The

growth rate was measured to be about 3 Å/s, which

was higher than that of the spontaneous growth

(about 0.1–1.0 Å/s) [35]. Yet, it was much slower than

that by using a metallographic clamp. However, this

technique of electromigration appears to be more

controllable. Sn whiskers grow on the anode end, and

the growth rate can be controlled by varying applied

current (driving force) and temperature (kinetics).

The grow rate increased as the applied current in-

creased, and it also increased to 7.7 Å/s at 50�C under

the same current density. In addition, the growth rate

was almost linear with the applied current, which is

similar to that obtained by Fisher et al. using a

metallographic clamp [30].

In using electromigration to conduct accelerated

tests of whisker growth and by measuring the growth

rate and the diameter of the whisker, the volume

change per unit time of the whisker can be obtained,

V = JAdt W, where J is the electromigration flux in

units of number of atoms/cm2-s, A is the cross-section

area of the whisker, t is unit time, and W is atomic

volume. On this basis

Sn
Ti 700Å 

5000Å  SiO2

e-

Probe

Compressive
stressTensile

stress

Fig. 10 The cross-sectional schematic drawing showing the
structure of the Blech Sn film. Most of the electrons drift in
the Sn film, as indicated by the arrow in the figure

Fig. 11 Plan-view SEM image of a pure-Sn Blech sample which was stored under room temperature without current stressing for over
2 months. No obvious Sn whiskers or hillocks were found
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J ¼ C
D

kT

drX
dx

þ Z
ejq
� �

ð4Þ

where C = 1/W in pure Sn, D is diffusivity, kT is ther-

mal energy, r is stress at the anode, dr/dx is the stress

gradient along the short stripe of Sn of length of dx, Z*

is the effective charge number of the diffusing Sn

atoms in electromigration, e is electron charge, j is

current density, and q is resistivity of Sn at the test

temperature. The stress at the cathode can be assumed

to be zero. r can be evaluated from the last equation.

By keeping the stripe dimension and the applied cur-

rent density unchanged, the activation energy of

whisker growth when the growth as a function of

temperature can be obtained.

In-situ stress distribution near the anode end of the

stripe can be obtained by micro-beam X-ray diffraction

in synchrotron radiation [36, 37]. The sample can be

scanned by the micro X-ray beam while a high current

density is passing through the sample. Furthermore,

using focused ion beam, the cross-section of the sample

can be prepared and studied by the micro X-ray beam

diffraction.

Figure 13 shows SEM image of whiskers at the

anode ends of a set of stripes of eutectic SnPb driven

by electromigration. The stripes were cut by focused

ion beam, and it was found that the cut has enhanced

whisker growth at the anode ends. Sn whiskers grew

even at temperature as high as 100�C. Thus accelerated
test at higher temperature can be performed using the

Blech specimens.

To control the diameter of a whisker growth at the

anode, a thin coating of quartz can be sputtered over

the entire Sn stripe with an etched hole of given

diameter at the anode, as depicted in Fig. 14. Driven

by an applied current density, a whisker can be pushed

out from the hole at the anode. The growth rate and

the volume of the whisker as a function of current

Fig. 12 SEM images showing
the growth of the Sn whiskers
driven by electric current.
The applied current was
40 mA at room temperature,
resulting in the current
density of 1.5 · 105 A/cm2 in
the Sn film. (a) 0 h, (b) 10 h,
(c) 30 h, (d) 70 h, (e) 140 h,
(f) 260 h
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density, temperature, and time in a controlled manner

can be measured with this technique. At the same test

condition, the Sn stripe can be replaced by an eutectic

SnCu stripe or a stripe of a bilayer of Sn/Cu for com-

parison. However, the accelerated test may not be

meaningful without a confirmation that the whisker

driven by electromigration has the same growth

behavior and mechanism as the whisker grown spon-

taneously on the Pb-free finish.

8 Prevention of spontaneous Sn whisker growth

On the basis of the analysis presented in the previous

Sections, there are three indispensable conditions of

spontaneous whisker growth; they are (1) The room

temperature grain boundary diffusion of Sn in Sn, (2)

The room temperature reaction between Sn and Cu to

form Cu6Sn5, which provides the compressive stress or

the driving force needed for whisker growth, and (3)

The stable and protective surface Sn oxide. A break of

the surface oxide produces the stress gradient needed

for whisker growth. If we remove any one of them, in

principle there will be no whisker growth. However,

synchrotron radiation study has shown that it takes

only a very small stress gradient to grow Sn whiskers,

hence it is difficult to prevent whisker growth. National

Electronics Manufacturing Initiative (NEMI) has rec-

ommended a solution to remove the condition (2) by

preventing Cu from reacting with Sn. To remove the

condition (3), no oxide or a very thick and unbreakable

oxide or coating are necessary, such a condition is

unrealistic. We propose here to remove the condition

(1) by blocking the grain boundary diffusion of Sn.

Furthermore, if one can remove both conditions (1)

and (2), it is even better.

Since Sn whisker growth is an irreversible process

which couples stress generation and stress relaxation, it

is essential to uncouple them in order to prevent Sn

whisker growth. In other words, both stress generation

and stress relaxation should be removed. Stress gen-

eration can be removed by blocking the diffusion of Cu

into Sn. The NEMI solution is to stop the diffusion of

Cu into Sn by electroplating a layer of Ni between the

Cu and the Sn solder finish. Ni serves as a diffusion

barrier to prevent the diffusion of Cu into Sn. One can

also use Cu–Sn intermetallic compound, instead of Ni,

as the diffusion barrier. An annealing of the plated

leadframe above 60�C will lead to the formation of

Cu3Sn, the Cu3Sn formed between the Cu leadframe

and the Sn finish can serve as diffusion barrier.

However, up to now, no solution to remove stress

relaxation is given. In other words, how to prevent the

creep process or the diffusion of Sn atoms to the

whiskers is unknown. This may be accomplished by

using another kind of diffusion barrier to stop the

diffusion of Sn. To block the diffusion of Sn atoms

from every grain of Sn in the finish is non-trivial. This

may be accomplished by adding several percentage of

Cu or another element into the matte Sn or the eutectic

SnCu solder. We recall that the Cu concentration in

the eutectic SnCu is only 1.3 atomic % or 0.7 wt%. We

shall add about several (3–7) wt% of Cu. We recall the

cross-sectional microstructure of the eutectic SnCu as

shown in Fig. 2 that Cu6Sn5 forms as grain boundary

precipitates. The reason to add a few more percentage

of Cu is to have enough precipitation of Cu6Sn5 in all

the grain boundaries in the finish, so that every grain of

Sn in the finish will be coated by a layer of Cu6Sn5.

Thus, the grain boundary coating becomes a diffusion

barrier to prevent the Sn atoms from leaving each of

the grains. When there is no diffusion of Sn, there is no

growth of Sn whisker since the supply of Sn is cut.

Figure 15 depicts a layered structure of a Sn–Cu finish

on a Ni diffusion barrier on a Cu leadframe. What is

the optimal concentration of Cu in the finish requires

Fig. 13 SEM image showing the growth of the Sn whiskers
driven by electric current in SnPb solder stripes. The applied
current was 61 mA at 100�C for 65 h

Fig. 14 Schematic drawing showing the controlled growth of Sn
whiskers from the drilled holes in the anode end
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more study. Cross-sectional SEM and focused ion

beam images of the samples should be obtained to

investigate the microstructure of electroplated Sn–Cu

finish, especially the distribution of grain boundary

phase of Cu6Sn5 in Sn as a function of Cu concentra-

tion from 3 to 7 wt%.

There are two key reasons of the selection of Cu (or

another element) to form grain boundary precipitate in

Sn. The first is that when the Sn has so much supersat-

urated Cu, it will not take more Cu from the leadframe.

The second is that the adding of Cu will not affect

strongly the wetting property of the surface of the finish.

This is an important consideration since without a good

property of wetting, it cannot be used as finish on the

leadframe. To plate the Sn finish with a few percent of

Cu is much easier than the plating of eutectic SnCu

which has only 0.7 wt% Cu. It is difficult to control the

concentration less than 1% in electroplating.

Whether the addition of several percent of Cu is

effective and whether there are other problems must

be studied. For example, whether the grain boundary

precipitate is brittle or not should be investigate. Per-

haps, it is the idea of how to prevent grain boundary

diffusion of Sn should be explored. Whether there are

other elements better than Cu for the purpose of

whisker prevention also remain to be studied. It is

known that the addition of several percent of Pb will

prevent Sn whisker growth since Pb is soft and it tends

to reduce the local stress gradients in Sn. Also because

Sn–Pb is a eutectic system, the eutectic microstructure

consists of two separated and intermixing phases, and

they block each other in terms of long range diffusion.

So, adding several percent of the other soft elements

that have eutectic phase diagram with Sn, such as Bi,

In, and Zn, may be good choice. If there is no Sn dif-

fusion, we expect no Sn whisker growth.
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Abstract Whisker growth from the solid state has

been documented in the public domain for more than

60 years. Unfortunately, a basic understanding upon

which a quantitative model, one which would provide a

means for predicting whisker growth and risk and

ultimate prevention strategies, remains elusive. This

paper is an attempt to critically review (hopefully with

minimal bias) the state of Sn-whisker growth and

mitigation. This is done by: (i) examining the existing

experimental data and the limitations of collecting such

data, (ii) analyzing the proposed driving forces,

mechanism and models for whisker growth, and (iii)

carefully evaluating the proposed mitigation strategies

and how subsequent assembly processes and device

applications may or may not impact these strategies. In

each area, the validity of the model and mitigation

strategy is examined by comparing it to existing

experimental data. Areas where the experimental data

is insufficient to adequately test the theory or predict

risk are identified. In addition, the areas where

experimental difficulties are found that could poten-

tially negatively impact data collection and analysis are

reviewed. The authors hope that at a minimum this

review will provide a starting point for discussion

between the users of the final products, the producers

of the final products and the electronic components

used in the final products on the topic of Sn-whisker

growth, and its mitigation and risk management. In the

best case scenario it could provide directions for the

advancement of both experimental work and theoret-

ical understanding of Sn-whisker growth and mitiga-

tion.

1 Introduction

Overmolded lead frame integrated circuit packages

have traditionally used tin–lead (Sn/Pb) alloys as the

surface finish of choice. However, the European

Restriction ofHazardous Substances (RoHS) legislative

requires the elimination of Pb fromelectronic devices by

July 2006 [1]. As such Pb must be removed from lead

frame finishes. Themost non-disruptive and economical

way of doing so is to replace the Sn–Pb finish with a pure

Sn finish [2]. Unfortunately, Sn-whiskers have been

found on pure Sn-plated Cu lead frames [3–15]. Figure 1

shows an example of one of the types of problems that

can occur with pure Sn finishes. The device is a 176 lead

thin quad flat pack with 400 lmpitch leads. As shown in

the inset, there is a high density of whiskers that are 10–

25 lm long and 4–8 lm in diameter. There is no ob-

servable corrosion anywhere along either lead. In addi-

tion there are three ‘‘needle-like’’ whiskers, two growing

from the right hand lead and one growing from the left

hand lead, that have grown across the gap toward the

adjacent lead. The three needle-like whiskers have

diameters between 0.5 and 1.0 lm and lengths between

100 to 150 lm. In this case, two whiskers from adjacent

leads are in contact with each other creating an electrical

short. The small diameter and long lengthmake this type

of whisker susceptible to fracture. If fracture occurs,
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then the whisker could interfere with the operation of

optical and mechanical devices. Clearly these types of

whiskers can lead to devices failure in a variety of ways

including but not limited to those discussed above.

The potential for whisker growth on pure Sn-finishes

establishes the importance of developing and imple-

menting a whisker inspection/acceptance procedure for

pure Sn plated devices. The inspection/acceptance

procedures have been developed and are defined in

two JEDEC standards, JEDEC22-A121 and JEDEC-

201 [16, 17]. In addition many system users have placed

additional inspection/acceptance criteria on compo-

nent suppliers. These inspection/acceptance proce-

dures require intensive-time consuming optical

microscopy inspection of many leads on many devices.

The optical inspection is often supplemented with

scanning electron microscopy (SEM) inspection of

some of the leads on some of the devices. Thus although

the manufacturing infrastructure (capital equipment,

plating process, and process flow), for both the com-

ponent and board assembly is essentially unchanged

with the transition from Pb/Sn to Sn, additional costs

are incurred with this transition because of the exten-

sive inspection/acceptance required to insure the pla-

ted films are in fact ‘‘whisker-resistant’’. Sn films that

do not show signs of whisker growth during the

acceptance testing are termed as ‘‘whisker-resistant’’

not ‘‘whisker-free’’ because, to paraphrase Brusse and

Leidecker [18], ‘‘the absence of evidence of whiskers is

not necessarily evidence of the absence of whiskers’’.

In fact, as shown in latter sections of this paper, the

statistical variations in the incubation time and the

density of whiskers measured on devices from different

Sn-plating lots made with ostensibly the same ‘‘whis-

ker-resistant’’-Sn bath and plating process grown on

the same substrate metal alloy, are sufficient to pro-

duce one lot of material that passes the criteria and a

subsequent lot that fails the criteria.

Whisker formation and growth is not unique to the

Sn–Cu system. Whiskers have been observed in other

metal systems including but not limited to Ag, Au, Zn,

and Cd. Both metallic and non-metallic whiskers can

and have been grown via vapor phase nucleation and

growth on metal and metal-oxide surfaces. Although

there may be similarities in nucleation and growth

mechanisms that control solid state whisker growth and

vapor phase whisker growth, as well as solid state

whisker growth in different metal systems, only solid

state whisker growth in the Sn–Cu and Sn–Ni systems

is considered in this paper. In particular, consideration

is given only to Sn-whiskers found on devices that are

operated under the typical environmental conditions

for which active electronic components are subjected

to. These environments typically do not include the

application of excessive external mechanical forces or

abrasion and wear. Furthermore, high vapor pressures

of Sn and or Cu are not usually present under typical

operating conditions.

2 General overview

A brief review of the literature to provide the basis for

the balance of the paper is given in this section. A

detailed review of the literature published on this topic

from the first publication by Cobb in 1946 on Cd

Fig. 1 Example of excessive
whisker growth on Sn on
400 lm pitch electronic
component. The inset is a
higher magnification
micrograph of the section of
the lead identified with the
box that shows a large density
of 4–8 lm diameter, 10–25 lm
long whiskers
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whiskers though that published in 2004 has recently

been published by Galyon [19]. The reader is referred

to this review and the articles referenced in the review

for more details on both the experimental and theo-

retical work done on this topic. Although Sn-whiskers

are typically single crystal metallic Sn-filaments, poly-

crystalline whiskers have also been reported. There has

been a report of a single whisker with both single

crystal regions and polycrystalline regions [20]. Typi-

cally, whiskers are found to spontaneously grow out of

electroplated Sn films on various Cu based substrates.

Here spontaneous is used to describe the phenomena

were at time, t, there are no indications of whisker nuclei

or whiskers, but at some later time, (t + Dt), whiskers
are observed. The incubation time, {t + (Dt – ¶t)},
could be a few tens of hours or tens of thousands of

hours. Similarly, the length and density of whiskers

could vary by orders of magnitude from one device to

another. Although there does not yet exist a quanti-

tative model that defines the mechanistics of whisker

nucleation and growth, it is known that the incubation

time depends upon bath chemistry, plating process,

base alloy, post-plate heat treatments, and ambient

conditions the device is exposed to.

Although Sn-whiskers have been known for more

than six decades, are technologically important and

scientifically intriguing, there is relatively limited lit-

erature in the public domain on Sn-whisker formation

and growth at least as compared to literature on other

technologically important topics pertaining to Pb-free

solder alloys and assembly of Pb-free electronics. For

example, the 2005 and 2006 IEEE Electronic Compo-

nents Technology Conference, ECTC, had more than

200 papers each year dealing with Pb-free solders in

electronic packaging. However, including the 1 day

Sn-whisker workshops held each year, there were less

than 25 combined Sn-whiskers papers given at these

two conferences. Similarly, the Pb-free sessions and

workshop of the 2006 Annual meeting of The Materi-

als, Minerals and Metals Society (TMS) had more than

200 papers dealing with different aspects of Pb-free

solders in electronics, but only four papers on Sn-

whiskers. In fact, during the past 10 years thousands of

papers dealing with Pb-free solders in electronics have

been published, and at least as many presentations in

conferences. In contrast, during the entire period of

about 60 years there have been a few hundred publi-

cations and talks on whisker growth in the public

domain. Furthermore, there are a significant number of

conflicting and sometimes contradictory results

reported in these whisker papers and talks, causing

various researchers to arrive at diametrically opposed

conclusions.

In spite of the limited data set, the apparent con-

flicting data, and lack of agreement on the detailed

mechanisms that are at the root of Sn-whisker forma-

tion and growth, it is generally agreed that whisker

formation and growth is influenced by a number of

variables including: (1) the intrinsic stress and stress

distribution in the as-plated Sn-film; (2) the extrinsic

stress arising from chemical reactions between the

Sn-film and the substrate alloy; (3) the purity of the Sn

plate; (4) the grain size and grain crystallographic ori-

entation of the Sn plate; (5) the lead frame surface

finish; (6) the pre-plate chemical treatment of the lead;

(7) the process used to form the lead, (8) the bend radii

of the lead; (9) the Sn-plating thickness; (10) the post-

plate thermal processing; and (11) the storage and

operating ambient. Unfortunately, a quantitative rela-

tionship between these variables and whisker growth

does not yet exist.

One of the reasons for the relatively small number

of publications and the lack of a quantitative under-

standing of whisker growth is undoubtedly related to

the fact that a simple solution to alleviate this problem,

namely the addition of Pb, was available and widely

used for more than five decades. With the implemen-

tation of the RoHS legislation in July 2006, this solu-

tion is however, no longer available. The RoHS

legislation is most probably the reason for the

increased number of publications and work by gov-

ernment laboratories, industry, academia, and stan-

dards groups on Sn-whiskers over the past decade.

Based on the authors own experience, another prime

reason for the lack of published work is the experi-

mental difficulties in carrying out the time-consuming

long-range experimental studies. The difficulties are a

result of both technical and practical limitations.

Excluding the difficulties associated with the identifi-

cation of whiskers by optical and scanning electron

microscopy inspection, four categories of limitations

which the authors have directly encountered in their

work are discussed below: (1) incubation time; (2)

statistical variations; (3) limited acceleration rates; and

(4) water condensation induced corrosion.

2.1 Incubation time

Figure 2 is a plot of the maximum whisker length

versus time at 60�C/93%RH for a number of different

Sn films on Cu-alloy CDA 7025. As shown the non-

whisker resistant film (6 lm-NA) begins to whisker

almost immediately after it is put on test, however, the

‘‘whisker-resistant’’ films do not begin to whisker until

they are subjected to 60�C/93%RH for 10–25 weeks

(3–6 months). Other films are even more whisker
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resistant (15 lm A) and do not begin to whiskers for as

many as 45–60 weeks (approximately 1 year). The

whisker novice might interpret this result as an indi-

cation that incubation time is a good measure of

whisker resistance of a particular film. Experience of

the authors of this paper indicates that this is true for

‘‘whisker-prone’’ films, i.e. films that readily grow

many whiskers quickly such as the 6 lm-NA film

shown in the figure. However, for the ‘‘whisker-resis-

tance’’ films this is not necessarily true. For example,

the non-reflowed film that did not whisker for close to

a year, when reflowed in component form began to

whisker in 10 weeks. In this case, reflow at the com-

ponent level reduced the whisker resistance of the

Sn-films [21]. Furthermore, the 10–25 weeks variation

in incubation time observed for the whisker resistant

films appears to be related to an incubation time dis-

tribution effect and may not be representative of a

difference in the whisker immunity, as illustrated in

Fig. 3. This figure is a plot of the whisker incubation

time at 60�C/93%RH for device taken from five dif-

ferent Sn-plating lots. All of the films were plated in

the same in-line plating system with the same com-

mercially available known whisker resistant MSA Sn-

plating bath. These five lots were plated at roughly

4 month intervals over a 1.5 year period of time. All

these lots were plated on CDA-7025 Cu-alloy. The

devices were either 132-lead or 176-lead quad flat pack.

After Sn-plating, the devices were subjected to a 1 h,

150�C anneal in dry air to stabilize the Sn film and

Sn–Cu interface. The devices were then loaded onto

JEDEC trays, baked in dry air at 125�C for 8 h after

which the trays and devices were sealed in dry bags.

After 1–3 months of storage at room temperature, the

devices were removed from the dry bags. Some of the

devices were subjected to a simulated board attach

Pb-free reflow process at a peak temperature of 260�C
in a dry nitrogen ambient. Others were not reflowed.

Trays of both reflowed and non-reflowed devices were

then placed into an environmental chamber pre-set at

60�C/93%RH. Periodically the devices were removed

from the chamber and inspected with an optical

microscope for whiskers. The optical inspection was

augmented with scanning electron microscope inspec-

tions. The details of the experimental procedure used

are given in reference [21]. As shown, the incubation

time for the reflowed devices ranged from 10 to

25 weeks, whereas for the non-reflowed devices it

ranged from 33 to 62 weeks. Note that there is no

correlation between the incubation time after reflow

and that observed on non-reflowed devices. Within the

measurement capability of the monitoring techniques

used to characterize the bath chemistry, plating

process, bake and bagging process, reflow process,
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stress test, and inspection procedures used, there were

no obvious differences between the conditions em-

ployed for these lots. Thus the stress test results indi-

cate that the whisker-incubation time can vary by a

factor of approximately 2–3 for films that are appar-

ently the same when they are exposed to 60�C/93%RH

for extended periods of time. In other words compar-

ison of an incubation time taken from a single lot of

‘‘whisker-resistant’’ Sn-films to another lot of ‘‘whis-

ker-resistant’’ Sn-films made by the same or different

processes, chemistries or suppliers is not necessarily a

measure of the level of whisker immunity of the par-

ticular Sn-film. In fact, this data indicates that a vari-

ation in incubation time for whisker growth in 60�C/
93%RH for two different Sn-films of less than

approximately 2–3 · means the different Sn-films may

have identical whiskers resistance.

2.2 Statistical variations

Figure 4 is a plot of the number of devices per total

number of packages in the cell that had whiskers versus

variables encountered in plating namely, vendor, plat-

ing-bath chemistry, plating-bath supplier with plating

lot, and exposure time as the parameters. Included in

this plot are data taken from devices that were initially

coated with a 15 and 7 lm thick film as denoted by the

numbers in the individual bars. Note that all of these

devices were subjected to a simulated board attach

reflow at 260�C peak temperature prior to subjecting

them to the accelerated aging test. Similarly, Fig. 5 is a

plot of the total number of leads with whiskers per

total number inspected versus plating-vendor, plating-

bath chemistry, and plating-bath supplier with plating

lot, and exposure time as the parameters. It should be

noted that 25–30% of the leads that had whiskers at the

15 week inspection point did not have whiskers at the

26 week inspection point. It is likely that the missing

whiskers were fractured when the devices were han-

dled.

The data in Figs. 4, 5 show significant variations in

the whisker response for devices plated in different

plating lots. The largest variation in whisker response

occurred between different lots of devices plated by

one supplier using the same plating bath and obses-

sively the same process. The implication of this result is

that the variation in whisker response of reflowed parts

may not fundamentally be controlled by the plating

chemistry, plating bath supplier, lead frame plating

supplier, or lead frame Cu-alloy but by some other yet

to be determined variable or variables. However,

independent of the mechanism/s responsible for the

statistical variations in whisker response, whiskers

were observed on at least one lead on at least one

device in the each and every plating lot of devices

subjected to a simulated solder reflow with a peak

temperature of 260�C, and extended exposure to

60�C/93%RH. The results indicate that the number of
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leads and possibly number of devices that must be in-

spected to insure that a ‘‘no-whiskers’’ found signature

is truly statistically meaningful should be sufficiently

large as to take care of the type of statistical variations

shown in Figs. 4, 5. This is especially true as processes

and chemistries are developed that lead to improve-

ments in the fundamental ‘‘whisker-resistance’’ of the

Sn film.

2.3 Difficulty in accelerating whisker growth

in non-condensing conditions

Figure 6 is a plot of the maximum whisker length

versus accelerated aging condition for a 6 lm-thick Sn-

films. With the exception of one sample (TF/NA) at

60�C/93%RH the whisker growth behavior appears to

be similar for all devices in all tests even after aging for

very long periods of time under stress. For all of the

acceleration tests used, except the 60�C/93%RH con-

dition, the whisker lengths are of the order of

40–60 lm. For thicker Sn films, the whisker lengths in

these tests tend to be less than 40 lm [21], which at

present is not considered problematic for most field use

conditions [17].

It is interesting and somewhat troubling that aging at

the highest acceleration condition, 85�C/85%RH for

0.5 years did not result in whiskers whereas whiskers

were found after 0.5 years at 90�C/93%RH or 1 year at

room ambient. This result clearly shows the difficulty in

accelerating whisker growth. It also shows that in a

highly humid ambient at 85�C whisker growth is sup-

pressed relative to that found at 60�C. This is consis-

tent with the literature which indicates 52�C may be

the optimal whisker nucleation and growth tempera-

ture [22]. The most probable reason for the reduction

in growth at higher temperatures is a change in

mechanism by which excessive system energy is

reduced. In particular, it appears that at low tempera-

tures, energy reduction is achieved by mechanisms that

lead to whisker growth, whereas at higher tempera-

tures, energy reduction is achieved by mechanisms that

do not lead to whisker growth but by those that lead to

more conventional grain growth and recrystallization.

This leads to a fundamental problem in designing

accelerated aging qualification/reliability tests for

whiskers. As shown, the maximum temperature where

whisker growth was found was 60�C. But 60�C is not

much different than the temperature that many devices

routinely experience during normal operation in the

field. Therefore, when a device is stressed at

60�C/93%RH, the relative humidity is the only accel-

erant. Unfortunately there are a number of issues

associated with high humidity testing. These limitations

will be discussed in the next section.

2.4 Water induced corrosion

To the authors’ knowledge, corrosion-assisted whisker

growth was first reported (at least implied) by Arnold

in 1966 [23], followed by Britton in 1974 [5]. Recently
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Barsom et al. have proposed a Sn-oxidation model to

explain this effect [24]. The authors have reported an

increase in whisker propensity when Sn-films were

exposed to high humidity in the absence of condensed

water [21]. Furthermore, the authors have reported

excessive whisker growth when samples with and

without Ni-underplate were exposed to a 60�C/
93%RH and intentional or unintentional water con-

densation [20]. Figure 7 shows an example of these two

effects. Sample 7A was exposed to 60�C/93%RH for

6,550 h. In this case, care was taken to avoid water

condensation during the test. Localized corrosion is

clearly observed as the dark spots (dark spot corrosion)

on the Sn finish on all the leads of this device, however,

no whiskers were observed on any of the leads at this

test point. Note that whiskers were observed when the

device was subjected to an additional 6 weeks, total of

7,550 h, of aging at 60�C/93%RH. In general, for 12–

15 lm thick Sn-films dark spot corrosion has been

found to occur after 5,000–9,000 h of exposure to

60�C/93%RH when water condensation is avoided.

Non-condensing black spot corrosion can occur in

2,000–4,000 h at 60�C/93%RH on thinner Sn-films. The

device shown in Fig. 7B was exposed to a

60�C/93%RH ambient for 2,500 h after intentional

water contamination. In this case both dark spot cor-

rosion and whiskers in and around the dark spot cor-

rosion can be observed. This result clearly indicates

that water condensation enhances localized corrosion

and whisker growth. This is consistent with recent work

by Oberndorff et al. [25], and Su and Chopin [26], who

reported whisker growth on corroded regions of sam-

ples when exposed to 60�C/93%RH for less than

2,000 h. Because water condensation leads to rapid

whisker growth, it is important to prevent water con-

densation from occurring in the field as well as in the

accelerated whisker testing.

Figure 8 is a plot of the local relative humidity as a

function of temperature change at the device surface

relative to the ambient temperature the device is ex-

posed to with ambient relative humidity as the

parameter. In this case the ambient temperature is

fixed at 60�C. The fit is made assuming constant pres-

sure [27]. The plot is read as follows: the ambient

humidity is that which occurs at (DT) = 0. For those

situations were the device is at a temperature below

ambient temperature, (DT) is negative. For those sit-

uations where the temperature of the device is greater

than ambient temperature, (DT) is positive. In those

situations where the (DT) is sufficient to drive the local

relative humidity to 100%, condensation will probably

occur somewhere on the device. This could be the case

for example when a portable electronic device (cell

phone, lab top computer, etc.) is taken from a cold

outdoor setting to a warm indoor setting. Thermal

mass, gaseous diffusion, and thermal conductivity ef-

fects, could also create a condensation situation when a

portable electronic device is taken from a warm humid

setting such as an office building to a cold outdoor

setting. The time for the device to reach the new

ambient condition is dependent upon many factors

including the thermal mass, air flow and geometry.

Here the most important geometry effects are those

related to thermal conductivity and gas exchange rates.

For accelerated testing the issue of condensation is

related to chamber control and device handling pro-

cedures. Note that when the chamber ambient is

60�C/93%RH a change in temperature somewhere in

the chamber of only –1.3�C causes the local relative

humidity in that region of the chamber to reach 100%.

Therefore, the temperature in every location in the

chamber must be within –1.3�C of the 60�C/93%RH

set point to insure water condensation does not occur.

For an ambient setting of 60�C/80%RH a temperature
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change of less than approximately –4�C insures water

condensation does not occur. In many humidity

chambers the temperature control is of order ±2–

2.5�C, making it impossible to prevent condensation

everywhere in the chamber when the relative humidity

is approximately 85%. Fortunately, the largest varia-

tion in the chamber temperature usually occurs near

the walls and door of the chamber. As such, condensation

can be prevented from reaching the device surface by

placing a moisture–permeable–condensed-water–

physical barrier between the devices and the chamber

walls. Careful experimental studies indicate that a

barrier is needed to prevent condensation from

occurring on devices placed in a humidity chamber set

at a relative humidity greater than 85%RH. In addi-

tion, condensation occurs when devices that are at

room temperature are inserted into a humidity cham-

ber pre-set at a higher temperature and humidity sig-

nificantly higher than the room ambient conditions. In

this case condensation occurs on the devices them-

selves as well as along the walls and exposed surfaces

when the chamber is opened. These two effects can be

avoided by loading the device into the humidity

chamber that is set at a temperature between 22 and

30�C and relative humidity less than 40–45%RH. After

the devices are inserted, the temperature can be

ramped to 60�C followed by a slow ramp of the

humidity to the level of interest. In this case the

humidity ramp has to be controlled to prevent over-

shooting. The procedure is then reversed when the

devices are removed from the chamber for inspection.

Implementation of such a procedure requires 6–8 h to

reach the elevated temperature and humidity condi-

tions and 6–8 h to ramp down to < 30�C/ < 50%RH.

Although this prevents condensation, there are often

times and equipment constraints that do not allow for

the implementation of such a process. Details of an

alternative procedure for minimizing the probability of

condensation on the devices is given in the following

section. Devices can be loaded into JEDEC trays and

covered with a moisture–permeable–condensed-water–

physical barrier shroud. The shrouded JEDEC tray can

be placed in contact with a plate that has a large

thermal mass such as a large piece of brass or steel (the

mass of the plate should be at least 5 kg). Pre-heat the

Fig. 7 Corroded regions on matte Sn on Cu–lead frame found
after 60�C/93%RH storage: (A) alloy-EFTEC-64T after expo-
sure to 60�C/93%RH for 6,550 h. In this case, care was taken to
avoid water condensation during the test. Localized corrosion is
clearly observed as the dark spots (dark spot corrosion) on the
Sn finish on all the leads of this device, however, no whiskers
were observed on any of the leads at this test point; (B) alloy-
7025 after exposure intentional water contamination and a 60�C/
93%RH ambient for 2,500 h. In this case both dark spot
corrosion and whiskers in and around the dark spot corrosion
can be observed
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entire assembly at 60�C/ < 10%RH and transfer it to

the humidity chamber that is preset at 60�C and the

humidity of interest. If the transfer takes less than 30 s,

condensation is essentially prevented. Similarly to

avoid condensation when the devices are removed

from the chamber, the removed devices should be

placed into a 60�C/,10%RH chamber for at least 1 h

within 30 s of removal from the 60�C/93%RH chamber.

Before concluding this section, it is appropriate to

discuss contamination enhanced corrosion and con-

densation. It is well recognized that atmospheric pol-

lutants can either be adsorbed, in the case of gaseous

pollutant, or deposited and ionized, in the case of

particle pollutants, onto metal surface. Typical air-

borne gaseous pollutants include: SO2; NO2; H2S; NH3;

and Cl2. Typical airborne particle pollutants contain:

sodium-, potassium-, calcium-, magnesium-, and

ammonium-based sulfates; nitrates; and chlorides. In

the presence of moisture these ionic contaminants

increase the metal corrosion rate [28–30]. Although,

outdoor environments contain significantly higher

concentrations of pollutants than indoor environments,

the contamination levels in indoor environments are

often high enough to cause increases in the corrosion

rate of metals. For some metals, such as Ag, there is

essentially no difference in the corrosion rate mea-

sured in an outdoor environment as compared to that

measured in an indoor environment. Rice et al. [28]

have defined the corrosion rate of metals in the pres-

ence of pollutants as the integrated effects of water

vapor, temperature, and pollutant concentration,

Corrosion rate ¼ Af ðRHÞf ðTÞf ðCÞ@RH@T@C;

where, f(RH) is the relative humidity dependence of the

corrosion rate, f(T) is the temperature dependence of

the corrosion rate, and f(C) is the pollution, contami-

nation dependence of the corrosion rate. The functions

f(RH), f(T), and f(C) have been experimentally deter-

mined for a number of pollutants for a number of metal

systems includingCu,Ni,Ag, andFe, unfortunately they

are not available at the present time for Sn.

In addition to enhancing the corrosion rate, ionic

substances that dissolve in water have a critical relative

humidity (CRH) that is below 100%. The CRH can be

defined as the equilibrium humidity above a saturated

water solution of the substance. Thus when an ionic

substance is exposed to an ambient humidity that is

equal to or greater than the CRH for that substance,

water will be absorbed until a saturated solution is

formed, i.e. a water droplet containing ionic species is

formed. For example, in high SO2 environments, nickel

sulfate is formed which has been reported to have a

CRH of approximately 68%RH at room temperature

[28]. Above this CRH there is a marked increase in its

corrosion rate, presumably due to water condensation.

In contrast, when copper is exposed to high SO2

environments there is no evidence of a CRH. The

nickel and copper examples were used here because

both are ubiquitous in the electronic industry as is the

presence SO2 in our environment (a byproduct of fossil

fuels) to illustrate the complex nature of pollution-

induced corrosion of metals. Based on an early study,

the authors of this paper have reported accelerated

growth of clusters of whiskers called flowers, shown in

Fig. 9. In the locations where flowers were observed, a

high concentration of sulfur was also noted along with

evidence of water condensation. It is possible that

condensation from the chamber walls fell onto the

exposed Sn-plated leads and that the chamber con-

densation lead to corrosion and accelerated whisker

growth. Other possible root causes include contami-

nation of the lead by sulfur bearing particles with a

CRH below 93%RH or the development of a Sn–sul-

fate complex on the Sn surface followed by water

condensation. Although sulfur is a common air born

pollutant, sulfur bearing moieties are contained in most

commercially available matte–Sn plating baths.

Therefore, it is possible that the plating process and

chemistry could play a role in whisker formation in

high humidity via a segregation or ion exchange/cor-

rosion mechanisms.

As discussed, Sn-corrosion in general, and conden-

sation induced corrosion in particular, significantly

Fig. 9 Flower clusters of Sn whiskers on two different leads of a
device after 672 h of exposure to 60�C/93%RH. In this case there
was evidence of water condensation sometime during the test.
Note that EDAX detected S in and around the cluster
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enhances Sn-whisker formation and growth. Therefore,

it is important to consider possible atmospheric pollu-

tion and plating contamination effects when Sn-whis-

ker risk assessments are made. Unfortunately, to the

authors’ knowledge, there is no literature in the public

domain on this topic.

3 Driving force and mechanisms

In spite of conflicting data and lack of agreement on

the detailed mechanisms that are at the root of

Sn-whisker formation and growth, it is generally

agreed that whiskers are a form of abnormal recrys-

tallization or crystal growth, not deformation and flow.

It is interesting that there have been and continues to

be disagreement about the role or lack there of dislo-

cations in whisker growth. Perhaps the best example of

this is in the work of Ellis [31, 32]; his 1958 paper

argued against dislocation mechanisms, whereas his

1966 a paper argued for dislocation mechanisms. The

early work on whiskers that ruled out dislocation

mechanisms was based on examination of the whisker

growth directions and angular bends in whiskers

showing that not all directions were low-indice glide

planes. More recent work clearly shows many, if not

all, whiskers do not grow by the addition of material to

the top of the whiskers, but rather by addition of

material to the base of the whisker, Fig. 10. This figure

shows a whisker with a segment on the top that has a

microstructure that is clearly different from the rest of

the whisker. The top has a larger diameter than the

bulk of whisker as evidenced by the over-hang. The top

has a distinctly different microstructure than the rest of

the whisker. The shape of the top appears to be a good

match to the shape of the surface depression in the Sn

film that is surrounding the whisker were it exits the

Sn-film surface. The surface of the Sn film appears to

be mechanically altered as evidenced by the apparent

surface tear. This type of structure is consistent with

whisker growth from its base towards the surface of the

Sn film. Such findings have been used to rule out most

dislocation mechanisms. This interpretation of growth

by dislocation mechanisms might be flawed as dis-

cussed below. There are three theories for the driving

force of whiskers: (i) surface energy effects [33, 34]; (ii)

stored strain energy [31, 35, 36]; and (iii) internal

mechanical stress [9, 12]. Independently, Eshelby [33]

and Frank [34] suggested that negative surface energy

was responsible for whisker growth. The localized

negative energy drives the formation of Frank–Read

emission of dislocation loops. The loops glide to the

surface where they create a whisker. In this model

material is added to the base of the whisker not the tip

of the whisker. Eshelby developed an expression for

the whisker growth rate that is proportional to j D,

where j depends upon the stress field and D is the Sn-

self diffusion coefficient. Using Eshelby’s estimate for

the constants in this whisker growth rate expression a

maximum whisker growth rate of less than 0.001 mm/

year can be calculated. This rate is significantly less

than 1 mm/year that has been measured [37]. Thus the

experimental findings do not support this model

assuming Eshelby’s estimates for the parameters used

in the negative surface energy model are correct. Fu-

ruta and Hamamura [35] advanced the original model

proposed by Ellis [31] and developed an expressions

for the growth rate of whiskers based on a balance of

the excess strain energy per unit volume of Sn with the

excess surface energy per surface area of Sn-whisker.

Using Furuta and Hamamura’s estimates for Sn diffu-

sion and excess strain energy, the model predicts

growth rates as high as 1 mm/year which is consistent

with the experimental data. Boguslavsky and Bush [36]

suggested that excess stain energy could lead to whis-

ker growth via a dislocation mechanism originally

proposed by Lindborg [38]. Lindborg proposed a two

stage model; in the first stage a Bardeen–Herring

source generates dislocation loops, and in the second

stage the dislocation loops glide towards the surface

creating whisker. Lindborg specifically states that

growth occurs by the pushing the whisker up one

atomic step at a time in the direction of the Burgers

vector, i.e. addition of material to the base not the tip

of the whisker. In this model, the whisker growth rate

is bounded by the generation rate of dislocation loops

and rate that these loops glide to the surface. Lindborg

Fig. 10 Whisker found after 1,000 temperature cycles. The Sn-
film was 15 lm thick. A 150�C/1 h post-plate anneal was applied
to the device within 12 h of Sn-plating. Note that the whisker top
appears to match almost perfectly the surface depression
surrounding the whisker. Furthermore, there appears to be a
tear in the surface layer of the Sn film near the edge of the
depression

292 Lead-Free Electronic Solders

123



derived a whisker growth rate expression of the form,

rate P rn, for this model where n = 1 if dislocation loop

generation is rate limiting effect and n > 10 if dislo-

cation glide is rate limiting. Clearly this model is con-

sistent both with incubation time effects as well as

discrete periods of time where rapid whisker growth

occurs.

The first direct evidence for stress induced whisker

growth can be found in the work of Fisher, Darken and

Carroll published more than five decades ago [37]. The

whiskers grown in this study as a result of the

mechanical stress had many of the same characteristics

that whiskers grown on a ‘‘non-externally mechani-

cally’’ stressed Sn film have; single crystal growths not

extrusions, a variable stress dependent incubation time,

a variable stress dependent growth rate, and the pos-

sibility of a threshold stress below which the whisker

growth rate becomes zero. Since this landmark publi-

cation there have been a number of other publications

that clearly show that stress does drive whisker growth

[39–42]. Although stress is the physical quantity that is

often related to whisker growth, thermodynamically it

is the excess energy that is fundamental to whisker

growth. For the majority of the cases where Sn-whis-

kers occur, the excess ‘‘stress’’ energy originates from

the application of strain not stress to the system. The

strain is resultant from things such as coefficient of

thermal expansion mismatches, reactions between the

base alloy and the Sn-film, and Sn-oxidation. Other

sources of excess energy are (i) grain boundaries, (ii)

dislocations, (iii) plating contamination such as

hydrogen, carbon, oxygen, etc., and (iv) porosity.

Although the driving force for whisker formation and

growth is excess energy, excess energy itself is not the

mechanism of whisker growth, i.e. stress is necessary

but not sufficient for whisker growth to be realized. At

least two additional constraints must be placed on the

system for solid state whisker growth to be realized: (i)

mechanisms that prevent the more commonly observed

energy relaxation mechanisms of grain growth and

recrystallization must be present, i.e. grain boundary

pinning mechanisms [37]; (ii) mechanisms that lead to

both whisker nucleation and growth must also be

present in the system.

The grain boundary pinning mechanism was first

proposed by Ellis [31]. In Ellis’s words ‘‘Substantial

grain boundary immobility is required to affect a de-

crease in free energy through the growth of a whisker,

rather than by migration of a grain boundary’’. He

proposed two possible pinning mechanisms: (1) impu-

rity segregation at the grain boundaries, and (2) surface

tarnish (oxidation). Boguslavsky and Bush [36] pointed

out that normal grain growth is inhibited or even

stopped when the grain size approaches the thickness

of the film. Note that a similar pinning constraint oc-

curs in the Al system when the film deposition condi-

tions are not sufficiently oxygen free to prevent oxide

growth at the grain boundaries of the film in the Al

system [43]. Boettinger et al. [44] have found that high

purity water was required in the Sn plating bath to

avoid whisker growth, and that the addition of Cu to

the Sn bath lead to whisker growth even in the pres-

ence of high purity water. Both of these results are

consistent with the concept of impurity pinning of the

grain boundaries. Kehrer and Kadereit [45] measured

the whisker propensity of evaporated Sn films on Cu.

The films that were evaporated at 10–4 torr background

pressure in the evaporation chamber whiskered

whereas those deposited at 10–6 torr background

pressure did not. This result is consistent with the

concept of tarnish induced grain boundary pinning

originally proposed by Ellis.

In 1994, 36 years after Ellis’s original publication,

Tu [12] further developed the tarnish theory and added

for the first time the concept that the non-planar

topology in the Cu–Sn intermetallic layer formed at

low temperatures as the primary source of excess

stress. Tu proposed that the reaction kinetics were such

that the CuSn–IMC would grow fairly rapidly even at

room temperature. Because of the exaggerated growth

along the grain boundaries, IMC growth leads to the

development of a non-uniform compressive stress in

the Sn film. Note that although Tu defined the physical

situation as compressive stress, the stress was devel-

oped as a result of differential strain not stress. The

strain induced excess energy in the system could not be

relieved by ‘‘normal’’ recrystallization mechanisms

because the system was pinned. However, Tu recog-

nized that the excess energy in the system could be

reduced if and when a source of vacancies became

available. He proposed that this could occur when

localized ‘‘weak’’ spots in the surface oxide (tarnish)

are breached. When such breaching occurs, ‘‘un-pinning’’

can occur via ambient introduced vacancies at these

oxide fracture points. This theory is often referred to as

the ‘‘cracked oxide theory’’. In the original formulation

Tu proposed that the crack would occur at those

locations were there was a ‘‘weakness’’ in the oxide. Tu

derived a whisker growth rate expression of the form,

where whisker growth rate is proportional to r D,

where, r is the stress level in the film and, D is the Sn

diffusion coefficient. Boettinger et al. [44], have

developed a model that indicates the stress is mainly

related to stresses in the as-deposited film plus that due

to precipitation of supersaturated impurities, with only

minor changes resulting from the Cu–Sn IMC growth
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over time. Galyon and Palmer [46] have argued that

the stress is mainly from the growth on IMC’s over

time. These issues are discussed in more detail later in

this paper.

Osenbach et al. [21] modified Tu’s model slightly

when they proposed differential oxidation of differ-

ently oriented grains on opposite sides of the grain

boundaries, not local ‘‘weak spots in the oxide’’, could

be responsible for oxide fracture. Osenbach et al. rec-

ognized other possible mechanisms could lead to oxide

fracture including, defects as per Tu, externally applied

stress, mechanical damage and other internally driven

stresses and strains. The two main sources of external

stresses are temperature cycling and externally applied

mechanical forces (e.g., such as connector matting).

Because Sn is anisotropic its thermo-mechanical

properties are orientation dependent [47]. The direc-

tionally dependent thermo-mechanical properties can

induce a differential stress response within the poly-

crystalline Sn-film when it is subjected to thermal

excursions. This differential stress could be sufficient to

cause the oxide to fracture at grain boundaries of dif-

ferently oriented grains. Additional stress would be

applied via the differential CTE’s of the substrate,

IMC, and surface oxide relative to the Sn film itself.

Scratch-induced mechanical deformation adds com-

pressive stress and a localized high radius of curvature

regions in the Sn. Scratches could also introduce con-

taminants into the system. These contaminates could

locally alter the oxidation kinetics and/or provide stress

risers in themselves or their Sn-reaction products.

Finally, mechanical damage may degrade any protec-

tive barriers, such as a Ni underlayer, that may be

present in the system. Thus mechanical damage is ex-

pected and sometimes found to be problematic from a

whisker growth perspective.

This model can be represented by an Arrhenius flux/

temperature plot, Fig. 11. The fundamental assump-

tions are: (1) Sn diffuses by a vacancy mechanism; (2)

Sn diffusion is required to reduce the excess energy

present in the system; and (3) the grain boundaries and

surfaces of the Sn film are pinned. The intrinsic Sn flux

as a function of temperature, assuming it is not vacancy

availability limited, is shown in this figure. In the

context of this paper flux is defined as the effective

mass transport coefficient, i.e. diffusion coefficient. The

approximate temperature ranges where the dominant

diffusion mechanism, surface, grain boundary, and
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Fig. 11 Schematic Arrhenius plot of the Sn and vacancy flux
versus normalized temperature in a system that is pinned. In this
plot Tmp is the melting point of Sn. Here it is assumed that the
limited vacancy supply is in part responsible for the pinning of
the system. The approximate temperature ranges were lattice
(bulk), grain boundary (gb) and surface diffusion dominate the
mass transport in the system are schematically shown. Also
shown is the ‘‘pinned’’ vacancy flux in the film itself. Note that
when the oxide that is present on the surface of the Sn-film is
breached, the air injects vacancies into the system until the
surface in this location is re-oxidized. It is assumed that these
vacancies can diffuse along the grain boundaries as a counter flux

to the excess Sn that is present in the system as a result of
compressive stresses. In this way the excess Sn can re-distribute
and relieve the stress. The Sn diffuses to a lower energy site in
the film were it can begin the whisker nucleation and growth
process. Each time the oxide is breached the air vacancy supply is
re-activated and vacancies are injected. This leads to addition Sn
mass transport that provides more stress relaxation and addi-
tional whisker growth. The process continues until the stress in
the system is relaxed. Note that whisker growth is only possible
when the system is pinned, when the temperature is high enough
the system becomes unpinned and other stress relaxation
processes begin to relieve the system stresses
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lattice, occur are shown. Because the system is pinned,

the actual vacancy flux may be many orders of mag-

nitude lower than the intrinsic Sn flux at all tempera-

tures where whisker growth occurs. Hence, the system

is pinned because the available vacancy supply is sig-

nificantly lower than that required to sustain intrinsic

Sn diffusion at that temperature. The pinning con-

straint is partially removed when vacancy supply is no

longer the rate controlling step in the stress relaxation

process. The dotted vertical lines represent the

instantaneous supply of vacancies that would be

injected into the system when the pinning constraint is

removed such as when an oxide fracture occurs. When

this occurs, Sn diffusion along these high diffusivity

paths is no longer constrained by the supply of

vacancies, and Sn diffusion along the high diffusivity

paths can and does occur in such a way as to relieve the

excess energy in the system. Because the grain

boundaries are pinned, when the vacancy supply is

injected into the system, energy reduction occurs by

whisker growth instead of by normal grain growth.

Note that one expects a similar oxide fracture mecha-

nism in the Pb/Sn system. However, the vacancy supply

and grain boundary mobility in the Pb/Sn film, even at

room temperature, appears to be sufficiently high for

stress reduction as evidenced by the observation of

grain growth in Pb/Sn systems at room temperature.

Presumably this is related to the low surface tension of

Pb. Thus during isothermal stressing, the vacancy

supply that is available when the oxide is fractured

apparently is not required for stress relaxation in the

Pb/Sn–Cu system. As such whisker growth in the Pb/Sn

system is not expected to occur except in those loca-

tions and or stress conditions where there is an insuf-

ficient supply of vacancies or grain boundary mobility.

One such case would be where the Pb is distributed in

such a way as to form a non-homogeneous film with

regions of Sn-only and other regions with both Pb and

Sn. The rapid application of differential stress such as

might occur during temperature cycling could also lead

to whisker formation in the Pb/Sn system. In this case

the strain-rate could exceed the time constant associ-

ated with energy reduction by the intrinsic vacancy flux

and grain boundary motion. Clearly this type of effect

would diminish as the strain-rate and magnitude of the

stress decreases or as the average temperature in the

system increases.

Figure 12 shows SEM micrographs of two whiskers.

Examination of these whiskers reveals circular stria-

tions at discrete points along the length of the whisker

along with the longitudinal striations. Careful exami-

nation of these whiskers, and literally hundreds of

others, indicated that in addition to the longitudinal

surface texture/striations, circular striations are also

present on most whiskers. This type of structure is

consistent with the model according to which whisker

growth could occur at discrete points in time between

oxide fracture and re-oxidation of the surface of the

Sn-film. This overall model appears to be consistent

with many of the observations of Sn-whisker growth

including; (1) it helps to elucidate why large variations

in whisker incubation times are possible; (2) why

whisker growth is found in both Sn on Cu and Pb–Sn

on Cu in temperature cycling tests but only in Sn on Cu

in isothermal tests (time constant driven); (3) why

humidity is an accelerant; (4) why whisker growth

propensity can be dependent on the Sn-film thickness;

(5) why whisker growth is suppressed at higher tem-

peratures; (6) why the post-plate anneal may increase

the incubation time but not necessarily provide whis-

ker immunity; (7) why whiskers are often found to

have features that appear to be consistent with an

Fig. 12 (A) Whisker found after 1,000 temperature cycles on a
MSA-based 15 lm thick Sn on Cu plus post-plate 150�C/1 h
anneal. (B) Whisker found after 1,000 temperature cycles on a
mixed acid-based 7 lm Sn on Cu plus no post-plate 150�C/1 h

anneal. Note the circular striations along the length of the two
whiskers. The striations appear to be perpendicular to the growth
direction
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extrusion like process; (8) why smaller grain size films

are more susceptible to whisker growth than larger

grain size films; (9) why contamination in the film can

significantly degrade whisker immunity; (10) why cer-

tain barrier layers and/or processes are found to pro-

vide significant, if not complete, whisker growth

immunity, and (11) why mechanical damage typically

reduces the film’s resistance to whisker growth inde-

pendent of base metal. Furthermore, it does not pro-

hibit the possibility of whisker growth by creep and or

dislocations.

4 Mitigation strategies

Although there have been a significant number of

investigations directed at identifying and eliminating

the driving force for whisker growth, relatively minimal

attempts are being made to directly identify the

mechanisms responsible for grain boundary pinning or

those required for nucleation and growth of whiskers.

The prevailing, but not universal, view is that stress is

the dominant driving force for whisker growth. Thus

identification and elimination of the sources of stress

has received most of the attention. The stress state of

the film is influenced by a number of sources including:

(1) pre-plate chemical treatment of the lead frame; (2)

plating process and bath chemistry; (3) film thickness,

grain size and grain crystallographic orientations; (4)

externally applied loads such as those that are

imparted during the trim and form process; (5) post-

plate heat treatments; (6) Cu–Sn IMC growth; (7) the

material Sn is plated onto (Cu, Ni, Ag, brass, alloy 42),

(8) CTE mismatches in the system; (9) board assembly;

and (10) oxidation and corrosion. Rosen documented

the influence of the plating chemistry on the propensity

for Sn-whisker growth in 1968 [48]. Zhang et al. [49]

evaluated the whisker propensity of films created from

five different Sn-plating solutions. They found that

films containing >0.2 wt.% carbon grew longer and a

higher density of whiskers than those containing

< 0.2 wt.% carbon. They also reported difficulty in

reflowing the higher carbon content films because of

discoloration and de-wetting. Although low carbon,

matte–Sn, has generally been found to have a lower

propensity for whisker growth than higher carbon

content, bright-Sn, Hilty has recently reported results

that indicate the opposite for connector applications

[50]. Moon et al. [51] showed that small amount of Cu

(0.8 ppm by mass) in the plating bath would enhance

the propensity of whisker growth and result in Cu6Sn5
precipitates in the Sn-grain boundaries of the plated Sn

film. They also noted that their results are in conflict

with commercial Sn-plating practice where electrolytes

containing up to 300 ppm Cu are considered accept-

able. Tu and Zeng evaluated the whisker propensity of

Cu–Sn eutectic plating on Cu. They also found Cu6Sn5
precipitation in the grain boundaries of the Sn plate.

They concluded the Cu6Sn5 grain boundary precipi-

tates enhanced whisker growth. In contrast, Schetty

et al. [52] found 6.4 wt.% Cu in the bath had a bene-

ficial effect of whiskers. Most of the commercially

available Sn-plating baths are formulated such that

dissolution of Cu and other metals such as Fe, Zn, etc.

is possible. Many of these metals are incorporated in

the growing Sn film during plating. This incorporation

tends to minimize the probability of excessive build up

of these contaminants in the plating bath. Thus care

must be taken to control the impurity concentration in

the plating baths during the plating process itself to

minimize the chance of ‘‘doping’’ the plated film with

unwanted unknown impurities. This is especially true

for those elements that can be incorporated into

interstitial sites in the Sn lattice. In the authors’ opin-

ion dissolution of the substrate and or hardware used in

the plating system may be one of the causes for con-

flicting whisker results. It is possible that the lot to lot

and lead to lead statistical variations in whisker per-

formance discussed previously is related to unwanted

uncontrolled localized bath contamination. These re-

sults and others clearly show whisker mitigation criti-

cally depends on control of the impurity level

(intentional and un-intentional) in the plating bath.

Glazunova and Kudryavtsev [53] studied the whis-

ker propensity as a function of Sn-thickness on a

variety of substrate materials including copper, brass

and steel. They found that whiskers did not grow on

films less than 0.5 lm. On Cu, the whisker growth rate

was maximum when the Sn-thickness was 2–5 lm,

whereas on steel it was maximum when the Sn-thick-

ness was 5–10 lm. For Sn-thicknesses greater than

20 lm, whiskers were suppressed on copper and steel,

but not on brass. They argued that reduction in the

whisker growth rate with increasing thickness was

probably caused by a reduction in the internal stress of

the film although no experimental data was given.

Others have reported increased thickness of the Sn

plate reduced the propensity of whisker growth. The

literature is clear that thicker Sn reduced the propen-

sity for whisker formation, or at least increase the

incubation time, such that whiskers are often not

observed in the standard whisker tests.

In 1962 Glazunova [54] reported the beneficial

effects of post-plate anneal on whisker propensity of

plated Sn films. In 1963 Glazunova and Kudryavtsev

reported the beneficial effects of post-plate heat
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treatment at temperatures between 100 and 180�C for

times ranging from 1 to 24 h on reducing the propen-

sity of whisker growth [53]. All of the heat treatments

improved the whisker resistance of the films. They

concluded that the role of heat treatment was one of

reduction of the internal stress in the film. Similar re-

sults were reported by Rozen [48] in 1968. Rozen also

noted that annealing changed the Cu/Sn IMC making it

more resistant to hydrochloric acid and increasing its

grain size. Brittan [5] found that annealing Sn on Cu at

200�C eliminated whiskers for up to 5 years at room

ambient. Britton also stated that a 150�C, 1 h anneal

had no beneficial effects on whisker growth. As poin-

ted out by Galyon, careful analysis of Britton’s data

indicate the 150�C, 1 h anneal delayed the onset of

whisker growth, by increasing the incubation time [19].

Ishii et al. [55] reported that a 2 h 150�C post-plate

anneal mitigated whiskers in ultra-fine lead frames.

Ditte et al. [56] reported that a 1 h post-plate anneal at

150�C was an effective whisker mitigation counter-

measure even for thin, 1.5 lm, films. They proposed

that the anneal led to a more planar Sn to IMC inter-

face and a reduction in the compressive stress of the

film. Figure 13 is a focused ion beam (FIB) micrograph

of a Sn-film on Cu-alloy 7025 that was post-plate

annealed within 2 h after plating at 150�C for 1 h. The

sample was then subjected to 2,500 h at 60�C/93%RH.

As shown, the IMC layer has significant surface

topology at Sn-grain boundaries and at the edge of the

lead frame. This is clear direct evidence that the post

Sn-plate 150�C/1 h anneal does not completely elimi-

nate localized thickness variations in the Cu/Sn IMC.

Osenbach et al. [21] reported improvements in the

whisker immunity for non-reflowed 1.5, 6, 10 and

15 lm thick Sn-films when they were subjected to a

post-plate 150�C, 1 h anneal. However, whiskers were

found on all but the thickest non-reflowed Sn films,

when exposed to 1,000 temperature cycles or thou-

sands of hours at 60�C/93%RH. All of the data to date

indicate that a post-plate anneal improves whisker

performance, however, it appears that the improve-

ment is resultant from an increase in incubation time

not necessarily complete immunity.

Although most results indicate that the stress state

of the system changes over time, to the authors’

knowledge except for Boettinger et al. [44], all litera-

ture on this topic states that the stress in the system

becomes more compressive with time due to the

growth Cu–Sn intermetallics. Boettinger et al. devel-

oped and applied a time varying four layer model (Sn,

Sn6Cu5, Cu3Sn, Cu) to their stress measurements and

found that the stress in the Sn film was not significantly

dependent upon the growing IMC layer. Here the time

dependence used was the IMC growth rate. Since it is

generally considered that whiskers are driven by excess

compressive stress in the Sn film, in the authors’

opinion, a similar multilayer analysis of all existing

cantilever beam-time dependent bow measurements is

needed to gain a better understanding of the funda-

mentals of stress versus time in the Cu/Sn system. Such

an analysis could help determine if there is a universal

stress dependence in the Sn–Cu system as the IMC

grows.

Galyon and Palmer [46] have proposed a model for

stress generation consistent with Tu [12] and Ditte [56]

proposal that the growing IMC is responsible for

increased compressive stress in the film. Based on the

movement W inert markers imbedded in a Sn/Cu dif-

fusion couple, Tu and Thomson [57] reported that Cu

is the primary diffuser in a Sn/Cu diffusion couple

when exposed to room ambient. This is the basis for

Galyon and Palmer’s model. Galyon and Palmer

FIB

5 um5 um

Note: the IMC is thicker at 

edge of lead

Note the IMC is not completely 
planar even though the sample was 
annealed at 150°C/1hr within 2 
hours after plating

TEM Pt
Fig. 13 Focused ion beam
(FIB) and transmission
electron microscope (TEM)
micrographs of a Sn-film on
Cu-alloy 7025 that was post-
plate annealed within 2 h
after plating at 150�C for 1 h.
The sample was then
subjected to 2,500 h at 60�C/
93%RH
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proposed that flux of Cu through the IMC is greater

than the flux of Sn though the IMC. As a result there is

a net loss of Cu in the Cu near the Cu/IMC-interface.

Galyon and Palmer further stipulate that the process

requires 6 Cu atoms to diffuse into the space occupied

by 11 Sn atoms or for a higher degree of reaction 12 Cu

atoms into the space occupied by 11 Sn atoms, leading

to a net volume expansion near the Sn/IMC interface

of 21 and 43%, respectively. Their final stipulation is

that the intermetallic region expansion will be limited

by the restraining forces of the overlying Sn and a

shrinkage zone in the Cu immediately adjacent to the

IMC interface. The Cu shrinkage zone is a direct result

of the Kirkendall effect. This model is qualitatively

consistent to the macroscopic stress measurements for

Sn on Cu and Sn on Ni bimetallic strips as well as

whisker propensity data.

Further evidence for the validity of this model are

the FIB micrographs taken by Galyon and Palmer of

porosity on bright Sn on Cu samples aged for 3–5 years

at room temperature immediately below whiskers [46].

This porosity is identify as Kirkendall voiding. In

investigations by the authors, void formation at the Cu

side of the joint in Sn/Cu–lead frame-alloy couples

after extended periods of time at room temperature

and 60�C has not been found. Figure 14 shows FIB

cross-sections of a Sn on Cu sample after exposure to

60�C for 2 years. No voids are observed at the Cu/IMC

interface even after 2 years of aging at 60�C. The au-

thors are not aware of any other direct observation of

Kirkendall voids on plated, non-reflowed, Cu/Sn sam-

ples aged at low temperatures, < 70�C. However, it

should be pointed out that the absence of such findings

in the investigations by the authors or others does not

disprove the Galyon–Palmer theory. It does however

indicate that at a minimum at least one additional

constraint must be placed on the system for Kirkendall

voiding to occur. This would be consistent with Galyon

and Palmer’s observations that voids are only observed

10–20% of the time. The question then is, what is this

additional constraint/s that when applied provides the

opportunity to directly observe Kirkendall diffusion

induced voiding. Often quoted as further evidence of

the Kirendall effect, not necessarily correctly so, is the

voiding that has been observed on solder balls con-

nected to Cu pads. In most, but not all studies the

solder ball data was collected at temperatures in excess

of 100�C. There have been a number of publications

that show Sn is the primary diffuser in the Cu–Sn

system at temperatures greater than 125�C [58–64].

Thus at the temperatures where most of the solder

balls ageing data was collected, one would expect void

formation on the Sn side of the joint not in the IMC/Cu

side of the joint if Kirkendall effects were playing a

role in void formation. This is in fact the opposite of

what is observed. The solder ball aging data is thus

ruled out as direct evidence of Kirkendall diffusion

induced voids in the Cu side of Sn–Cu joints formed at

low temperature. It is interesting that studies carried

out at high temperatures indicate Sn to be the primary

diffuser [58–64], whereas low temperature investiga-

tions indicate Cu to be the primary diffuser in the

Sn/Cu system [57]. This may indicate that there is a

change in dominant diffusion mechanism between

room temperature and 125�C. This is surprising since

reaction-rate data from 25 to 225�C appears to be well

Cu/Sn-IMC

10µm

Fig. 14 FIB cross-section of a
15 lm Sn over Cu-alloy
CDA-7025 after exposure to
2 years of 60�C/10%RH.
There are no void present in
this sample. In some regions
the entire thickness of the
Sn-film has been converted
into IMC, whereas in other
regions less than 30% of the
Sn film has been converted
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represented by one activation energy [21]. This is

clearly an area where there is a need for further work

on identifying the dominant diffusive species in the

Cu/Sn system from room temperature to 200�C.

5 Effectiveness of Sn on Cu mitigation strategies

over the product life cycle

This section mainly considers devices that are exposed

to board reflow. However, it will be obvious to the

reader how similar arguments could be applied to non-

reflowed parts. As discussed in great detail previously,

the as-plated Sn on Cu film is most probably not in a

stress-free (lowest energy) state. The stress state de-

pends on all of the materials and processes used to

create the Sn-plated Cu device. For simplicity, one can

assume the magnitude of the as-plated stress is non-

zero, either compressive or tensile, since these

assumptions have minimal, if any, effect on the analysis

to follow. The built-in excess energy can be reduced by

a post-plate anneal. The final stress state depends upon

the starting stress state, the anneal temperature and

time, the ramp-rates used for the anneal, the anneal

atmosphere (moisture content, oxygen content, etc.),

and possibly the anneal time-lag between plate and

annealing furnace temperature. During the anneal,

stress reduction occurs by standard grain growth and

recrystallization mechanisms. Thus the anneal can re-

duce or eliminate stresses due to non-planar IMC

growth, volume changes associated with IMC growth,

contaminants in the plating, grain orientation and grain

size, gas entrapment, oxidation, etc. Here it is assumed

that there is some combination of temperature, time,

ramp-rates, post-plate delay time, and anneal ambient

condition that could be found for each and every pla-

ted Sn on Cu film that would yield a stress-free Sn/Cu

system post-anneal. This anneal process may or may

not be the 150�C/1 h anneal process commonly used by

the industry for whisker mitigation. It is the authors’

opinion that it would be highly unlikely that one anneal

condition would produce stress-free material from all

suppliers given all of the variations in plating chemis-

try, Cu-alloys, pre-plate etch-time and etch-chemistry,

plating equipment, and plating process (time–temper-

ature–pH, deposition-rate, etc.) that is currently being

used by the industry. But to show that the stress state

of the device prior to board attachment does not nec-

essarily translate to the stress state of the device after

board assembly and field use, it is assumed that to first

order 150�C, 1 h air anneal is sufficient to produce a

nearly stress-free material from all suppliers. If this

condition could be maintained for the entire product

life cycle, then one would conclude, as has been sug-

gested by some in the literature, that the application of

a 150�C/1 h post-plate anneal to a Sn on Cu plated film

created from a ‘‘whisker-resistant’’ plating bath and

process would be whisker free for the entire life of the

product. Unfortunately, as is discussed below, even for

components starting life in stress free Sn state, sub-

sequent processing and field exposure will cause a

change in the stress state of the Sn film which could

lead to the nucleation and growth of whiskers.

Up until recently, the prevailing thought was after

reflow the Sn-film would be in an stress-free, equilib-

rium, state after reflow. And because stress, or more

properly excess energy, is required for whisker growth,

reflowed Sn would not whisker. As such, relatively

little attention was paid to reflow effects on Sn whis-

kers in recent years. The authors of this paper were

among the first to publish experimental data taken on

Sn-films produced with the new ‘‘whisker-resistant’’

plating bath chemistries that questioned this reflow

theory [21]. Since this publication, a number of other

publications and presentations have shown similar

effects, as did some older studies on films made from

less optimal plating chemistries [41, 65–67]. In fact

there is no physical basis for the belief that reflow

produces a stress-free, equilibrium state in the Sn film.

In the liquid state the film is most probably stress free,

but when it solidifies it is typically not. At temperatures

above the melting point of Sn (232�C) the dissolution

rate of Cu is at least 0.1 lm/s [68]. The solubility of Cu

in Sn at temperatures greater than 232�C is at least

0.7 wt.% and it increases with increasing temperature

[69]. The maximum Cu solubility will be influenced by

the solder paste alloy. Assuming uniform Cu dissolu-

tion into a 15 lm thick Sn film (typically the Sn film

thicknesses on electronic components is less than

15 lm), the equivalent Cu thickness required to reach

the saturation limit at 232�C is approximately 0.1 lm,

and at 260�C approximately 0.2 lm. If thinner Sn films

are used, the Cu thickness required to reach saturation

is less. Thus, the Sn film will always contain a Cu

concentration that is at least the equilibrium saturation

at the maximum temperature the device is exposed to

during reflow. In addition to Cu doping, additional

phenomena occur during reflow: incorporation of other

elements into molten Sn film, changes in the IMC

thickness and planarity, surface tension induced film

flow, solder wetting and flow, and Sn-oxidation. The

additional elements could come from the flux, the

solder paste, the board metallization, and board or

mold compound out-gassing. There are no require-

ments on concentration or spatial distribution of these

elements within the Sn-film except those related to

Lead-Free Electronic Solders 299

123



equilibrium solubility limits. It is likely that some

regions of the Sn film will contain solder alloy elements

whereas other may not. Furthermore, it is possible that

the spatial distribution of the additional elements will

vary within one lead as well as between leads, and from

device to device. The spatial distribution will be

dependent upon the reflow process, the lead and pad

geometry, the board thermal mass and mass distribu-

tion, and the solder paste volume. The IMC thickness

will increase and the interface between it and the Sn

will develop a scalloped-non-planar structure.

Depending on the reflow conditions, temperature–

time–ambient and flux, the solder paste thickness, and

the device geometry, the Sn film thickness can remain

the same, decrease, or increase during reflow. It is also

likely that there will be rather large spatial variations

in Sn-thickness within and between the leads of dif-

ferent devices. Given that thicker Sn films tend to be

more resistant to whisker growth than thinner Sn films

one needs to concentrate on those cases were the film

thickness decreases.

After the Sn and solder are melted, the device

temperature is reduced and the solder begins to

solidify. Because the cooling rate is typically signifi-

cantly faster than that required to maintain equilib-

rium, super saturation of Cu and possibly other

elements is expected to occur. The exact concentration

of excess Cu trapped in the Sn lattice and its spatial

distribution is dependent upon the cooling rate which

is dependent upon the flow dynamics of the reflow

oven, geometry of the board and device, and the

thermal mass of the device and the board. Thus there

will be design-to-design, device-to-device, and even

lead-to-lead variations in the Cu super saturation

concentration. It will also be dependent on the reflow

oven and ambient used. In general a slower ramp down

will lead to less super saturation, however, in all cases

some degree of super saturation is to be expected.

When the film solidifies, thin regions within the film, if

they occur, will occur at high radius of curvature

regions of the lead such as convex bends and edges. In

addition there may be thin regions where the lead

enters the molded body of a lead frame device. Fur-

thermore, if the solder paste volume is insufficient or

wetting is poor, then there will be a thin solder fillet

near the tip of the lead.

Over time, the super saturated Cu atoms will

migrate by diffusion to a lower energy state and

eventually nucleate and grow Cu6Sn5 intermetallics

within the Sn film. According to Boettinger et al. [44],

Sn super saturated with Cu occupies a smaller volume

than does a binary mixture of Sn and Cu6Sn5. Thus

when the supersaturated Cu begins to precipitate out in

the form of Cu6Sn5 the film will experience a volume

increase. This leads to a localized compressive stress in

the Sn film in the vicinity of the precipitate. This will

tend to increase the propensity for whiskering in the

film after reflow as compared to that observed prior to

reflow. This is in fact the argument put forth by the

authors in their original publication that for the first

time reported data showing an increased whisker pro-

pensity on Sn films that were reflowed as compared to

those that were not reflowed. Experimental evidence

supporting the discussion above is given in Fig. 15.

Figures 15A, B show the change in the Sn thickness

that occurs when a trim and formed lead frame is ex-

posed to simulated board attach reflow at a peak

temperature of 260�C. The reflow has resulted in a

Fig. 15 (A, B) Optical
micrographs taken from
mechanical cross-sections of
as-plated and post-simulated
component reflow at a peak
temperature of 260�C. (C)
FIB cross-section of a lead
taken from the device shown
in (B) showing Cu/Sn IMC
formation in the Sn film. (D)
SEM of whisker found on
samples whose cross-sections
are shown in (B, C) after
exposure to 10 weeks of 60�C/
93%RH
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significant redistribution of the Sn film. The thinnest

region of the film after reflow is approximately 3 lm
and occurs at the convex region of the lead. Figure 15C

is a FIB cross-section of a lead on a device stored at

room temperature for approximately 1–2 months after

exposure to a simulated board attach reflow at a peak

temperature of 260�C. The Cu6Sn5 precipitates are

readily visible in the Sn film. Figure 15D is a micro-

graph taken with a scanning electron microscope of a

lead on a device after reflow and exposure to 2,500 h of

60�C/93%RH. Whiskers are clearly visible on the lead

in and around the thinned region of the film. It should

be noted that there was no evidence of corrosion on

the Sn film indicating that corrosion was not the root

cause of whisker. Henshall [67] has recently reported

whisker growth on some devices but not others that

were reflowed to boards prior to an exposure to an

60�C/87%RH ambient for multiple thousands of hours.

The whiskers were found in regions of the lead that

had thin Sn, approximately 3 lm. In contrast, the de-

vices that did not whisker had thick Sn, at least 16 lm,

along the entire length of the lead.

Using the same logic that Boettinger et al. [44] ap-

plied to the Cu–Sn system, it is reasonable to conclude

that the volume of a Sn film super saturated with other

metal elements, Me, that are interstitial diffusers in Sn,

such as Ni, is smaller than a binary mixture of Sn and

the MeSn–IMC phase. Thus, if incorporated as a super

saturated species in a Sn film, metal interstitial diffus-

ers will eventually precipitate out in such a way as to

create a localized volume increase within the Sn film.

The super saturation concentration of any element is

dependent upon the solubility of the element at the

peak reflow temperature, the kinetics of dissolution,

and the reflow process. Given that Ni is expected to

behave similarly to Cu when incorporated as a super

saturated element, the question one is left with is, why

does Ni provide better whisker immunity post reflow

than Cu [21]. At 260�C the solubility of Ni in molten Sn

is significantly less than 0.1 wt.% closer to 0.01 wt.%

[70], 10 to 100 times less than that the Cu solubility

limit in Sn at the temperatures of interest. Thus the

probability of creating excessive stress in the film as a

result of Ni dissolution, super saturation, and precipi-

tation is significantly lower in the Ni–Sn system than in

the Cu–Sn. Figure 16 is a FIB cross-section of a Sn on

Ni on Cu–lead on a device stored at room temperature

for approximately 1–2 months after exposure to simu-

lated board attach reflow at a peak temperature of

260�C. The white haze covering most of the Sn is an

artifact of the FIB cross-sectioning process. As shown,

no Ni3Sn4 precipitates are observed in the Sn film.

Furthermore, the Ni3Sn4 IMC thickness is significantly

less and more planar than the Cu–Sn IMC after reflow,

as can be observed in Fig. 15. Finally, the solid state

reaction rate of Ni and Sn is at least one order of

magnitude lower than that of Cu and Sn. Therefore

independent of which element is the primary diffuser

in the IMC, increased stress as a result of IMC growth

during field use of the device will be significantly lower

Fig. 16 FIB cross-section of a
lead taken from the device
with Ni underplate after
exposure to simulated
component reflow at a peak
temperature of 260�C. Note
there are no Ni/Sn IMC
particles in the Sn film. The Pt
layer is deposited in the FIB
system prior to the FUB cut
to pressure the original
surface
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in the Ni–Sn system than in the Cu–Sn system. The

whisker data is consistent with this analysis in that the

whisker propensity was not found to be different in

reflowed and non-reflowed Ni–Sn devices [21].

This model is helpful in understanding why some hot

tin dipped devices are more susceptible to whisker

growth than others. The data and model discussed

above imply that hot-Sn dipping might lead to differing

whisker responses depending upon the volume of Sn in

the solder-pot, the age of the pot, shape and exposed

surface area of the lead, the temperature of the pot,

and the details of the dipping process used. This is

because every time metal containing Cu or other

metals that dissolve into the liquid Sn is dipped into the

pot some of the dissolved metal will be left behind in

the liquid Sn. Thus the concentration of foreign metals

increases with every dip. In the limit the metal con-

centration in the liquid Sn will reach its solubility limit.

Thus over time, the pot becomes less and less like an

infinite sink for the dissolved metal and more like a

mixture of Sn and the dissolved metal/s. When this

occurs the foreign metal is likely to be incorporated

into the solidified film in the form of a super saturated

solution. If this occurs, then the whisker propensity

increases.

After board attach the devices are then subjected to

field use. Environmental exposure to temperature,

relative humidity, cyclic temperature, air born con-

tamination, etc. will change the stress state of the film.

Figure 17 is an Arrhenius plot of the Cu diffusion

coefficients taken from or estimated by fitting a Fickian

diffusion model to reaction rate data in the literature

[71–76]. The data are identified as per the reference

they were taken from. Note that the data were taken at

temperatures between 25 and 404�C. The data above

170�C were taken from diffusion couples of Cu and

Cu6Sn5. The dash-dot line is the least square regression

fit to all of the data. As shown, when the data is treated

as a ‘‘black box’’, it is well represented by a single line

[D = 0.0169exp( –0.86 eV/kT)] with an R-square of

approximately 0.96. The best fit line can be used to

estimate the time constant required for Cu to diffuse

through either a single phase or multiphase IMC layer

at typical device operating temperatures. The dotted

lines represent the authors attempt to bound the
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Fig. 17 Arrhenius plot of the estimated Cu diffusion coefficient
through the Cu/Sn IMC as per the referenced data sets. The
dashed dotted line is the least square regression fit to all of the
data sets. The dotted lines bound the range of expected diffusion
coefficients at any temperature of interest

Fig. 18 FIB cross-section of
Sn/Cu couple after 1 h/150�C
anneal. Note that silver like
layer on top of the Sn film is
Pt. The Pt layer was deposited
in the FIB chamber prior to
the FIB cut. It is used to
identify the original surface of
the sample
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spread in the mass transport data. The two lines rep-

resent a constant slope, Ea = 0.86 eV, applied to the

outer most data in the figure. This presumably provides

a means for placing an upper and lower bounds on

incubation time improvement that any post-plate

annealing process might provide. The validity of this

empirical curve fitting procedure can be checked by

comparing the estimated reaction rates to those mea-

sured. Figure 18 is a micrograph showing a FIB cross-

section of a matte–Sn over Cu sample subjected to a

150�C/1 h post-plate anneal. The anneal was carried

out within 2 h after plating and the lead frame alloy

was 7025. In this case the measured IMC thickness is

approximately 1 lm. The calculated thickness based on

the best fit line in Fig. 16 is approximately 0.85 lm,

indicating the procedure is valid.

The estimated incubation time improvements that a

150�C/1 h anneal provides, assuming Fickian diffusion,

is shown in Fig. 19. Figure 19 is an Arrhenius plot of

the estimated time constants for Cu diffusion through a

1 lm thick IMC layer. Also shown in Fig. 19 are the

estimated time constants for Cu diffusion through a 2

and 3 lm thick Cu/Sn IMC. The estimated diffusion

coefficient at any temperature are within approxi-

mately one order magnitude of that given by the best

fit linear regression analysis, provided in Fig. 17.

Therefore, the time constant for Cu diffusion through

the IMC is within a factor of ± �10 of that shown in

Fig. 19. Thus even taking into account the possibility of

a decrease in mass transport of one order of magni-

tude, this analysis indicates that if the 150�C/1 h anneal

does in fact provide a whisker-free solution for devices

whose required lifetimes exceeds 5 years, then the

anneal must do more than just improve planarity and

reduced excess of Sn at the Sn–IMC interface.

The authors have recently reported an increase in

whisker propensity when Sn-films were exposed to high

humidity in the absence of condensed water [77]. Fig-

ure 20 is a plot of the maximum whisker length vs. time

with stress condition as the parameter. The data clearly

show whisker growth is strongly temperature and

humidity dependent between room temperature and

60�C, however at 85�C/85%RH no whiskers were ob-

served. The equation is the best fit to all the data taken

between room temperature and 60�C. Note in this case

the samples were as plated, not annealed or reflowed,

furthermore corrosion was not observed on any of the

samples. This results clearly shows that long-term

exposure to a non-condensing ambient can increase the

whisker propensity of an as-made ‘‘stress’’-free film.

There have been a number of publications over the

last decade demonstrating whisker growth under tem-

perature cycling. The density and length of whiskers

appear to be dependent upon the magnitude of the

difference in the coefficient of thermal expansion

(CTE) of the base metal and the Sn plate [42]. For

example the length is lowest for Sn on Cu

(DCTE~6 ppm/C), intermediate for Sn on Ni (DCTE
~11 ppm/C), and highest for Sn on alloy 42 (DCTE
~19 ppm/C). Fortunately, in the Sn on Cu and Sn on Ni
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system, temperature-cycle induced whiskers are typi-

cally less than 50 lm in length with a diameter of 5 lm
or more. In addition their length appears to saturate

after 1,000–2,000 cycles between –55 and +85�C. Thus
for most applications temperature cycling induced

whiskers do not pose great danger to the operation of

the device.

6 Summary

Whisker growth from the solid state has been docu-

mented in the public domain for more than 60 years.

Unfortunately, a basic understanding upon which a

quantitative model, one which would provide a means

for predicting whisker growth and risk and ultimately

prevention strategies, remains elusive. This paper is an

attempt to critically review the state of Sn-whisker

growth andmitigation.This is providedby: (i) examining

the existing experimental data and the limitations of

collecting such data, (ii) analyzing the proposed driving

forces, mechanism and models for whisker growth, and

(iii) carefully evaluating the proposed mitigation strat-

egies and how subsequent assembly processes and de-

vice applicationsmay ormay not impact these strategies.

The models for the most part are extensions of models

proposed at least 3–4 decades ago. Likewise, with the

exception of improved plating chemistry and possibly

pre-plate base alloy etch depth, the mitigation strategies

have been known for at least three decades. In each area

the validity of the model and mitigation strategy is

examined by comparing it to existing experimental data.

Areas where the experimental data is insufficient to

adequately test the theory or predict risk are identified.

In addition, the areaswhere experimental difficulties are

found that could potentially negatively impact data

collection and analysis are reviewed. The authors hope

that at a minimum this review provides a starting point

for discussion between the user of the final product, the

producer of the final product, and the producer of elec-

tronic components used in the final product on the topic

of Sn-whisker growth, mitigation, and riskmanagement.

In the best case, it should also provides direction for the

advancement of both experimental work and theoretical

understanding of Sn-whisker growth and mitigation.
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Abstract Tin pest is the product of the b fi a allo-

tropic transition at 13.2�C in pure tin. It is a brittle

crumbly material, often responsible for the total

disintegration of the sample. The transformation

involves nucleation and growth, with an incubation

period requiring months or years for completion.

Experimental observations reveal a substantial incon-

sistency and an incomplete understanding of the

process. Some alloy additions promote tin pest by

reducing the incubation time, whereas others retard or

inhibit its formation. Traditional solder alloys have

generally been immune to tin pest in service due to the

presence of lead, and bismuth and antimony as

common impurities. However, the new generation of

lead-free solders are more dilute—closely resembling

tin. A much debated question is the susceptibility of

these alloys to tin pest. Bulk samples of tin-0.5 copper

solder undergo the transition at – 18�C although not

at – 40�C after five years exposure. Other lead-free

alloys (Sn–3.5Ag, Sn–3.8Cu–0.7Cu and Sn–Zn–Bi) are

immune from tin pest after a similar period. Large

scale model joints exhibit tin pest but it appears that

actual joints may be resistant due to the limited free

solder surface available and the constraint of inter-

metallic compounds and components. It seems likely

that impurities are essential protection against tin pest,

but for long term applications there is no certainty that

tin pest and joint deterioration will never occur.

1 Introduction

The World’s largest industrial sector, Electronics, is

currently facing two major challenges. The first con-

cerns the demand for continuing miniaturisation of

equipment and the associated increase in density of

component packing and in functional efficiency. In this

case, maintenance of overall structural integrity and

avoidance of electrical contact (shorting) between

adjacent component parts are key criteria to be

achieved. The nature of the materials involved is of

secondary concern. In contrast, the second challenge is

material-centred, and relates to existing and proposed

legislation to remove toxic lead from solder alloys. The

damage to health from lead in items, such as paint and

piping, is well known and its presence has been elimi-

nated many years ago. Considerably more debate has

surrounded the possible hazards associated with the

disposal of goods containing lead in their electronics

systems, largely because of the much reduced volumes

involved. Nevertheless, the Environmental Lobby has

prevailed and, with the additional driver of potential

commercial profit, adoption of lead-free solder tech-

nology is well underway [1]. For example, in the

European Community, after 1st July 2006, lead-

containing solders were prohibited in the vast majority

of applications. This ban involved purchasers as well as

producers, so the ramifications for a global industry,

such as Electronics, are clear.

Soldering is the preferred method of joining

components to printed circuit boards (PCBs) in elec-

tronics. It is generally a relatively low temperature

( < 250�C) process, so avoiding thermal damage to the

polymeric materials of the PCB or the component. The

process involves the formation of an intermetallic
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compound (IMC) between the metallic materials

being joined. Unlike welding, no melting occurs. The

fundamentals and practicalities are described briefly in

Ref. [2].

Since antiquity, the most common forms of solder

have been based upon alloys of tin and lead—notably

Sn–37 mass per cent Pb, which is the eutectic compo-

sition and possesses the lowest melting point of the tin–

lead system. Further advantages associated with this

alloy are good fluidity, wettability, mechanical prop-

erties and a pleasant shiny appearance. It is an almost

perfect alloy for its purpose, and it was no surprise that

it assumed a dominant role in the production of

interconnections in electronics. Some two decades ago,

the toxicity problem surfaced, but the removal of lead

was resisted by commercial/industrial intransigence

and the highly satisfactory nature of the current Sn–

37Pb alloy. Irrespective of this, the search for new

solder alloys without lead had been triggered. Details

of the investigations are reviewed elsewhere [3, 4], but

the principal outcome was that there was no direct (or

drop-in) replacement of Sn–37Pb. The favourites were

again tin-based systems with a eutectic, and containing

silver, copper or zinc. More precisely, Sn–3.5Ag,

Sn–0.5Cu, Sn–3.8Ag–0.7Cu, Sn–8Zn–3Bi were popular

amongst those proposed. Small variations in

composition from those cited above may be found due

to patent restrictions or producer preference. While

these new alloys have been found to have properties at

least equal to those of Sn–37Pb [5, 6], all of them suffer

the disadvantage of a higher melting point (i.e. up to

223�C as compared with 183�C for the Sn–37Pb alloy).

This can impose significant constraint on processing

and PCB assembly. Another area of potential vulner-

ability of lead-free solders is the possibility of forming

tin pest on prolonged exposure to low temperatures.

The present review examines the available information

on tin pest in pure tin and its alloys, with particular

emphasis upon the new generation of lead-free solder

alloys and the likelihood of its appearance on actual

joints in service.

2 Tin and its alloys

For an engineering metal, tin has an uncommon crystal

structure which varies according to the temperature.

Between its melting point (232�C) and 161�C, c Sn

occurs with a rhombic crystalline configuration. Below

161�C and at room temperature, it exists in a body

centred tetragonal (bct) form as b, or ‘white’ tin.

However, it undergoes an allotropic transition at

13.2�C to a diamond cubic structure, known as a, or
‘grey’ tin which is a non-ductile semiconductor (Fig. 1).

The lattice parameters are: for b Sn, a = 5.831 and

c = 3.181 · 10–10m, and for a Sn, a = 6.489 · 10–10 m

[7], and a considerable volume change (~ 27 percent) is

associated with the transition. Consequently, localised

rupture occurs which is normally observed on surfaces

or corners of samples where constraint is a minimum.

The surface spots or eruptions (warts) are known as tin

pest or tin plague. The transition occurs by a process of

‘nucleation and growth’, and the incubation period

may be prolonged, ranging from a few months to

several years [8].

Tin pest was first reported more than 150 years ago

[9] and the vast majority of work on the b fi a
transition was performed over 50 years ago. In most

studies, the long and uncertain period of incubation

was substantially eliminated by inoculation, or seeding,

with grey tin particles, simply pressed into the white tin

surface. For example, by this approach it was possible

to achieve 100 per cent transformation in a few days, as

compared with the decades required in the original

Temperature 

231.913-273

Grey tin White tin 

Allotropic transformation 

27% volume change 

Body Centered Tetragonal (β )Diamond cube (α)

a=6.489  a=5.831 , c=3.181

5.77g/cm3 at 13  7.29g/cm3 at 15

Fig. 1 The allotropic
transformation in tin
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condition [10]. Consequently, the majority of the

available literature on tin pest relates to the growth

phase of grey tin following artificial nucleation. Its

relevance to the present day service situation is

therefore somewhat limited.

Once nucleated, subsequent growth is relatively

rapid [8, 11]. It was considered to be a diffusionless

transformation but the observational methods

available at the time were insufficiently sensitive to

confirm this [8]. The maximum rate of transformation

is reported to be at around – 40�C, associated with a

maximum linear growth rate of the grey tin phase of

0.06 mm per day [10]. At – 18�C, the growth rate is

about one third of this [8]. The process rarely goes to

completion [12, 13] and partial reversal can be

achieved by heating to about 60�C or above. A

potentially worrying scenario to the designer of

equipment likely to operate in conditions conducive to

tin pest formation is that of ‘self inoculation’ i.e. during

thermal cycles in service, if tin pest is nucleated during

the cold phase of one cycle, and the process is incom-

pletely reversed during the following warm phase, the

requirement for a prolonged incubation period in the

next cold phase will disappear. The tin is said to be

‘activated’ and significantly more tin pest will

form—and so on. No such event in service has been

reported to date, but as with most disasters, it is not

impossible that a combination of circumstances could

contrive to set up such conditions.

A key point emerging from a survey of the literature

from that period is the lack of consistency in the

findings—both in terms of the occurrence, or not, of

the transformation and the rate at which it proceeds

when it does. In particular, any quantitative observa-

tion is entirely specific to the conditions of the exper-

iment being described. This is in no way a criticism, but

rather a recognition of the enormous challenges

involved—the precise roles of composition, impurity

levels, strain effects and microstructure are not clearly

understood. This is well illustrated by an extensive

study at Battelle Laboratories [14, 15] on non-inoculated

tin samples stored at – 40�C. Twenty one varieties of a

commercially pure tin, with small amounts of Pb, Sb,

Bi, Cu, As, Fe as impurities, were exposed for ten years

and examined periodically. Only in one batch did the

majority (22 out of 24) cast samples transform in

periods of between 5 and 114 months, but following

cold rolling, 11 out of 12 of identical samples from that

batch did not transform after 10 years exposure.

Similar erratic behaviour was exhibited by four other

brands when less than 20 per cent of identical samples

transformed within the 10 year period. No tin pest

formed at all in any of the remaining brands. Chemical

analysis failed to resolve the matter. Further,

subsequent work indicates that cold work promotes

rather than retards the transformation [14, 16, 17].

It has been suggested that stress relaxation in the

white tin ahead of the interface plays an important role

in the growth of tin pest [18]. The high stresses that are

generated by the large volume change form a zone of

plasticity in front of the b/a interface, the rate of

migration of which is controlled largely by the average

stress level in its vicinity. Relaxation via point defect

creation, dislocation motion, twinning or crack

formation reduces these stresses and more rapid

growth occurs. This hypothesis can account for an

observed thickness effect on tin pest growth. With

reduced thickness, below 500lm, the plastic zone size is

less but the dislocation density within it is higher. This

hinders relaxation, maintains a higher local stress level

and favours slow growth of the interface. For foil

thicknesses above 500lm, stress relaxation occurs quite

rapidly and the thickness effect is not apparent (Fig. 2).

The controlling plastic zone size is generally much

smaller that the grain dimensions, so no grain size

effect is observed. A steady state balance between

work hardening and recovery is envisaged in the zone

ahead of the interface, and the activation energy for

growth is most closely associated with diffusion along

dislocation cores. Naturally, the balance between core

and bulk diffusion varies with temperature, and it is not

unusual for either mechanism to dominate according to

the temperature.
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TEM studies of the transformation are limited due

to the brittle nature of grey tin and the large volume

change involved. Some success has been achieved

by performing the transformation in samples

preprepared for TEM examination. Observations of

the b fi a transition in pure tin reveal a preferred

orientational relationship between the two phases [19,

20]. The (111) plane of grey tin is parallel to the (001)

plane of white tin, and the [211] direction is nearly

parallel to the [010] of white tin. The absence of grey

tin in foils thinner than 130 nm was attributed to

surface energy effects [19]. Overall, the available

evidence—the curved nature of the b/a interface, the

lack of a three-dimensional crystallographic relation-

ship between the phases and the retention of Xenon

cavities in both phases [21] —suggested that the

transformation was massive [22] rather than

martensitic [19]. It is suggested that the transforma-

tion occurs partly by mass transformation and partly

by atom motion that is massive in nature. There is a

hysteresis effect between the directions of the

reaction, with the a fi b transformation occurring

about 20�C above the b fi a transition [23].

3 Effect of alloying additions to tin

The difference between an impurity and an alloy

addition is a matter for academic debate, but there is

strong evidence that the presence of elements soluble

in tin, such as Pb, Bi, Sb suppresses the b fi a
transition by raising the transition temperature [10, 12,

16, 24] and that Cd, Au and Ag retard it [16, 25–27].

Extremely low levels of solute can be effective—as

low as 0.0035 mass per cent in the case of bismuth

[28]. In contrast, insoluble elements, such as Zn, Al,

Mg and Mn accelerate the transformation by lowering

the temperature at which it occurs [16, 29] while Cu,

Fe and Ni are reported to have little influence [16].

However, later work suggests that Cu and Zn promote

grey tin formation [27, 30] and it was suggested that

the influence of any alloy addition could be changed

by the presence of other elements [27] i.e. an element

could either promote or inhibit the transformation

according to the other elements present. From the

application perspective, consideration of the amounts

of second element addition reported in the literature

indicates that an overlap with commercial forms of

‘tin’ is possible (commercially pure tin contains typi-

cally up to 0.2 mass per cent impurities). This range of

compositions suggests one possible explanation for the

inconsistent and sometimes conflicting findings

reported.

The presence of copper (0.8 mass per cent) and

heavy cold work (up to 90 per cent) promotes tin pest

formation at – 30�C [17]. Incubation times are

reduced to less than 10 days and the transformation is

complete after 40 days. The effect was more marked as

the degree of cold work increased (Fig. 3). Tensile

pre-strain, rather than compressive, has been found to

promote tin pest on tin-coated steel [27]. Even in the

absence of prior deformation, as-cast samples trans-

formed in about six months—which is much more

rapid than generally observed. The composition of that

alloy was (mass per cent);

Cu; 0:8;Pb; 0:001;Fe 0:0003; Sb; 0:0002;As 0:0002;

Bi 0:0001:

In dilute Sn–Ge alloys, the temperature, Tc, of the

reverse transformation from grey to white tin is raised

by increasing the Ge content, according to the

expression [31]

Tc ¼ 32:0þ 51:8C0:33

where C is the amount of Ge in atomic per cent. For

example, the transition temperature for a Sn–0.5Ge

alloy is about 75�C. This effect is attributed to the

reduced mobility of the b/a interface. In Sn–0.6Si

alloys, grey tin remains stable on heating to 90�C [32].

The role of solute (or impurity) atoms was investi-

gated using germanium (0.1–0.3 at per cent) [18].

Within this range, the migration rate of the b/a inter-

face slowed with increasing Ge content (Fig. 4). This

was attributed to the solute atoms impeding dislocation

climb—the less mobile the solute, the stronger the

effect. Hence, stress relaxation was restricted and the

advance of tin pest retarded.
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External pressure has a significant effect on the

temperature of transformation and the rate at which it

occurs [23, 33, 34]. For example, in dilute Sn–Ge alloys

(0.1 to 0.5 mass per cent) the transition temperature is

reduced by 50 K per kbar.

An extensive and systematic study by Boremann [35]

confirmed the variability in the duration of the incubation

period for pure tin (99.9944 mass per cent) at – 100 F

( – 73.3�C). One of four samples in the non-inoculated

condition transformed after six months exposure, but

the remainder were unaffected after four years. Cold

worked pure alloys, after inoculation, exhibited tin pest

in Sn, Sn–40Pb and Sn–50Pb but this could usually be

prevented for at least four years by the addition of 0.1

Bi or Sb. Dilute binary and ternary alloys (Sn + Pb, Sb

and Bi), without inoculation were also studied.

Unfortunately, their initial condition differed from that

employed previously (a 2 h homogenisation anneal was

applied after cold working). However, it did indicate the

critical amounts of solute necessary to prevent tin pest

formation after 14 months at exposure at – 100 F.

These were 0.18, 0.047 and 0.27 mass per cent for Pb, Bi

and Sb respectively. The existence of intermediate

ranges of solute content below these levels in which the

transformation did occur highlights the difficulties

associated with this topic but nevertheless the study

provides an valuable source of experimental detail. It

was concluded thatPb, in the amounts generally found in

solders, will not prevent the transformation from

occurring. Small amounts of Bi or Sb are effective

inhibitors—more so when they are in combination.

It seems that the strength of the b Sn phase plays a

significant role, as the a Sn warts expand into it [18].

With increase in strength, tin pest growth is slowed.

For similar amounts, it is likely that elements soluble in

tin will make a greater contribution to solid solution

strengthening than insoluble atoms will enhance par-

ticle strengthening. This suggestion is in line with the

experimental observations. Elements soluble in tin,

such as Pb, Bi and Sb, suppress the transition by

producing a stronger b matrix around the tin pest

warts. Conversely, insoluble elements, such as Zn, Al,

Mg and Mn, have little effect on strength and appear to

promote the transformation. The role of prior defor-

mation is less clear, and this is probably due to it

having opposing effects on the initiation and growth

stages. In Sn–0.8Cu at – 30�C, it has been clearly

demonstrated that cold work reduces the incubation

period by up to an order of magnitude [17] whereas the

transformation rated is increased by around threefold.

With the exception of the Battelle study [14, 15], most

previous investigations concur that the transition is

promoted by cold work.

Tin pest has also been observed byOgden (R.Odgen,

Private Communication) in a reputedly Sn–3.0Cu solder

alloy after low temperature storage in a domestic freezer

(typical temperature a – 18�C approx) for 21 months.

None was apparent after 15 months.

4 Tin pest in modern electronics?

There are numerous applications in which the

electronics systems enter the domain of tin pest

formation. From the IPC categories of operating

conditions [37] aeronautical, aerospace and automobile

are obvious candidates. However, because lead and

impurities, such as Bi and Sb, suppress the b fi a
transition and because the vast majority of traditional

solders to date contain these elements, tin pest has not

been a problem. But the emerging generation of lead-

free solders are rather different; they are much more

dilute—up to a 70 · in the case of Sn–0.5Cu. Micro-

structurally, they comprise small intermetallic particles,

as opposed to substantial proportions of second phases

in the conventional Sn–Pb solder alloys, together with a

tin-rich solid solution. In other words, they resemble

pure tin more closely than traditional lead-containing

solders, so the key question is whether tin pest is more

likely to form in the new lead-free alloys?

Studies by the Solder Research Group at the Open

University, UK, were commenced about a decade ago

as a spin off from their evaluation of the mechanical

behaviour of solder alloys [38]. Due to their low
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melting point, room temperature represents a signifi-

cant homologous temperature (~0.65) for solders

which are microstructurally unstable under ambient

conditions. Common practice to preserve stability was

to store the as-cast test pieces in a freezer at – 18�C
prior to testing. After extended periods, tin pest warts

were observed on certain samples, and these findings

sparked more systematic investigations which are now

described [39, 40].

A range of lead-free alloys, including Sn–3.5Ag, Sn–

0.5Cu, Sn–3.8Ag–0.7Cu, and Sn–8Zn–3Bi, with Sn–

37Pb as a comparator, has been exposed to sub-critical

temperatures, (between – 18�C and – 40�C) for

periods up to 10 years. Details of their compositions

are given in Table 1. Most samples were in the form of

tensile test pieces (diameter 11.1, gauge length 60 mm)

in the as-cast condition and cooled by water quenching,

air or furnace cooling (cooling rates 20, 0.2 and 0.02�C
s–1 respectively). They were removed from storage and

examined periodically. Some specimens were aged or

subjected to monotonic or cyclic strain prior to low

temperature storage.

Of the alloys investigated, only Sn–0.5Cu aged at

– 18�C regularly exhibited tin pest formation. Surface

spotting occurred after a few months, followed by

surface eruptions, the development and growth warts,

severe cracking and eventually total disintegration of

the sample. Figures 5 to 8 show this sequence. Both the

individual warts and the transformation interface are

clearly visible (Fig. 5). The effect of surface strain,

induced in this case by machining the specimen heads

for gripping purposes, in promoting the transition is

clear. The head regions of the sample are virtually

covered with tin pest, whereas the specimen gauge

length which retains its original cast surface exhibits

isolated warts (Fig. 6). Spread of tin pest is largely a

surface event, although penetration into the interior of

the sample does gradually occur (Fig. 7). Electron

Backscatter Diffraction Analysis (ESBD) confirmed

that growth of tin pest occurred at the interface of the

a/b phases and also the absence of grey tin in the

interior of the sample (Fig. 8). Complete disintegration

of the sample eventually occurs as shown in Fig. 9.

Eventually, the sample fragments would become

powder. It is important to note that the above obser-

vations pertain to a single sample; while a substantial

proportion of Sn–0.5Cu specimens revealed tin pest

formation, they did so at different rates under identical

conditions. Moreover, in other samples of this alloy, no

tin pest was observed although their history was iden-

tical. This observation applied to all three cooling

rates. Tin pest was not formed after ageing at – 40�C
in the Sn–0.5Cu alloy, nor in any of the other alloys

examined, irrespective of prior treatment, after storage

at either temperature.

5 Discussion

The allotropic transformation from b to a at 13.2�C in

pure tin is well established, and there is substantial

evidence that a similar transition occurs in many dilute

tin alloys. Also mirroring the findings on tin, is the

inconsistency and variability of the process in the alloy,

with nucleation as the critical event. While

acknowledging that the exact mechanism of the

transition is unclear, the salient questions from the

electronics viewpoint are; (1) will tin pest form in other

lead-free solders? and (2) will tin pest form in actual

solder joints? These possibilities are now considered

further.

5.1 Formation of tin pest in other solder alloys

The efficacy of solute additions in inhibiting or

promoting the b fi a transition in tin was described

earlier. In terms of global composition, Pb, Bi and Sb

suppress the allotropic transformation whereas

elements insoluble in tin promote it. Much of the

published work involved very low solute concentra-

tions which could be effective in their actions. From

this, two aspects merit further consideration; the level

and type of impurities, and compositional variations

i.e. local composition effects.

A wide variation exists in the purity levels of com-

mercial lead-free solder alloys and few agreed limits

apply. Typical ranges for elements commonly found

are, in mass percent, R. Bilham (Private Communication);

Table 1 Composition of SRG alloys

Sn Pb Ag Cu As Bi Fe Al Sb Zn Others

Balance 37 – < 0.08 < 0.02 0.25 < 0.02 0.005 0.2 0.005 0.08
Balance 0.014 0.008 0.55 < 0.001 < 0.001 0.001 < 0.0002 0.012 < 0.001 < 0.003
Balance 0.04 3.47 0.003 < 0.001 < 0.001 0.007 < 0.0002 0.025 < 0.001 < 0.003
Balance < 0.1 3.8 0.7 < 0.03 < 0.1 < 0.02 < 0.001 < 0.1 < 0.001 < 0.2
Balance 0.081 – 0.006 0.001 2.92 0.002 – 0.005 7.89 –
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Pb ð0:03–0:07Þ;Bið0:003–0:030Þ;Cuð\0:01Þ
Zn, Cd, Alð� 0:001Þ;Fe, As, Nið0:003–0:01Þ:

The extreme values are roughly 0.04 to 0.12 mass per

cent when alloys have either a minimum amount or a

maximum amount of each impurity. These levels

overlap with compositions of the intentional alloys

made up to study the b fi a transition. For compari-

son, in the classic Batelle study [14, 15] of ‘pure’ tin, the

impurity levels of individual batches ranged from 0.002

to 0.246 mass per cent. The composition of the Sn–0.5

Cu alloy described previously (Table 1) coincides well

with the above bands, and in its entirety would be

regarded as a relatively pure alloy (total impurity

content ~ 0.04 mass per cent). Notably, the lead content

appears low. The significant point is the similarity in

levels of intentional addition in the published work on

tin pest in ‘pure’ tin and typical amounts of impurity

likely to be encountered in commercial lead-free alloys.

So, in present day commercial alloys, the impurity

levels could play a vital role in determining the

susceptibility to tin pest formation.

A dichotomy arises between the scientific require-

ment for total understanding and the engineering need

to evaluate the probability of tin pest formation in

service. The studies described previously on Sn–0.5Cu

involved a commercial alloy, the composition of which

was given in Table 1. Despite the presence of three

established tin pest inhibitors (Pb, Bi and Sb) the

transition occurred eventually in the majority of

samples. Detailed chemical analysis of individual

specimens has yet to be performed.

Of all the candidate lead-free solder alloys,

Sn–0.5Cu is the most dilute, i.e. it should resemble pure
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tin more closely than other selected systems. This is

borne out by its propensity for tin pest formation.

Approximately, one atom in every 100 in Sn–0.5Cu is a

copper atom; in the ternary Sn–3.8Ag–0.7Cu, one in

twenty is a solute atom, while in Sn–37Pb, one atom in

five is lead. In the case of tin pest formation in alloys,

two criteria are worthy of consideration; the proximity

of the solid solution composition to pure tin (the

Fig. 8 Electron backscatter
diffraction image of a/b
interface and the region
ahead of it
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proximity hypothesis), and the excess solute situation.

From the available evidence, additions that suppress

tin pest are soluble, thus affecting the solid solution

with little or no excess solute atoms. Elements insolu-

ble in tin are likely to be associated with excess solute

atoms which may cluster or form precipitates (IMCs)

and the conditions of instability conducive to the b fi
a transition. The solid solution will contain a limited

amount of solute, will approximate more closely to

pure tin and hence be more susceptible to tin pest

formation.

The discussion so far has largely focussed upon

global composition considerations, but the possibility

of local variations should also be considered. There will

be regions in the microstructure that more closely

resemble pure tin than indicated by the overall com-

position. Microstructure and local composition depend

upon initial cooling rate and any subsequent heat

treatment. For solders, room temperature represents a

significantly high homologous temperature for thermal

instability and continued changes in microstructure

and local composition—so storage periods should be

included. The equilibrium solid solubilities of Ag and

Cu in tin at the respective eutectic temperatures are

0.04 mass per cent (0.042 atomic per cent and 0.0063

mass per cent (0.012 atomic per cent) respectively [42].

Considerably higher values have been found in a

commercial version of the ternary Sn–3.8Ag–0.5Cu

alloy (0.1 mass per cent Ag and 0.16 mass per cent Cu)

[43], and this has been attributed to supersaturation

during non-equilibrium cooling during the casting

process [44]. This level of supersaturation was retained

subsequently, even after prolonged annealing at 150�C
and above [44]. In addition to the extent of solute

atoms in solution, the volume fraction of ‘tin’ dendrites

is likely to be sensitive to the cooling rate, if the

findings for the family of Sn–3.8Ag–0.7Cu [45] apply to

Sn–0.5Cu. With the eutectic composition, the volume

fraction of ‘tin’ regions (containing less than 0.1 mass

per cent Ag and 0.006 mass per cent Cu) varied from 5

per cent under slow cooling (1�C s–1) to 65 per cent

after rapid cooling (100�C s–1). The situation was

further complicated by sensitivity to the Ag and Cu

content—for hypoeutectic concentrations, an increase

in cooling rate increased the volume fraction of ‘tin’

dendrites, whereas the opposite occurred for hyper-

eutectic amounts of Cu and Ag. However, no effect of

cooling rate was observed in the study of tin pest in

Sn–0.5Cu described earlier.

The absence of tin pest on samples of Sn–0.5Cu aged

at – 40�C for up to five years is in contrast to the

earlier work on pure tin which suggested that the

maximum rate of formation was around this tempera-

ture. While the thermodynamic driving force will

undoubtedly be greater at the lower temperature,

irrespective of any change in transition temperature

induced by copper, the associated kinetics of the

transformation could be slowing the process to time-

scales beyond those in the present investigation.

Alternatively, this finding might be attributable to

differences between ‘pure’ tin and the Sn–0.5Cu alloy,

but since the latter comprises only one copper atom in

a hundred, such a key difference is not immediately

apparent. The absence of tin pest after exposure at

very low temperatures, when it forms at higher tem-

peratures, has been reported for Cd and Bi additions to

tinplate [27].

6 Tin pest in solder joints

The possibility if tin pest formation in solder joints was

suggested by Bornemann [35] and by Williams [30]

about half a century ago. Model joints, comprising

samples of copper soldered with pure tin, a high purity

Sn–Pb solder or a commercial solder, were exposed at

– 40�C after inoculation. No tin pest was observed in

the sample made using the commercial solder alloy—a

fact attributed to the Bi an Sb impurities present.

In addition to the compositional effects which

themselves may be distorted by conditions within the

joint, the dimensions, geometry and scale of an actual

interconnection may play a role in the formation of tin

pest. From a geometrical and mechanical perspective, a

soldered joint can be regarded a very thin layer of soft

material (the solder) covered on its upper and lower

surfaces by much harder materials (the intermetallic

layer and the component/substrate surfaces). As

miniaturisation proceeds, the solder layer is becoming

Fig. 9 Total disintegration of a Sn–0.5Cu test piece after
prolonged exposure at – 18�C

Lead-Free Electronic Solders 315

123



almost a plane, and the significance of the IMC layer

increases. Unlike the bulk solder samples described

earlier, the proportion of free surface area in a joint is

considerably limited.

Although tin pest forming on actual joints in service

is unknown to the Author, it has been observed on

relatively large model Cu/Sn/Cu joints in which the

degree of constraint is much less (Y. Kariya, Private

Communication). Figure 10 again demonstrates the

propensity for tin pest to form at free surfaces. A sol-

dered interconnection could contain several, if not all,

classes of material (metal, ceramic, polymer and com-

posite) each possessing quite disparate properties [47].

The mechanical response is then determined by the

entire structure rather than simply by the behaviour of

a single component in it. The constraint emanating

from the surface layers is likely to restrict the large

volume expansions associated with tin pest formation.

Some of the initial studies on pure tin showed that the

growth rate of the transformation product was halved

at high pressure (90 atmospheres) [33, 34], suggesting

perhaps that investigations of tin pest for aerospace

applications should involve a vacuum? Simple physical

constraint has been shown to inhibit the transformation

in regular-shaped samples of tin [48].

Returning to chemical factors, regions throughout a

soldered joint may experience quite different cooling

rates, either between different joints or within a single

unit. This will result in both microstructural and local

compositional variations as discussed previously, but in

a more complex manner. Similarly, initial or service-

induced stress or strain (e.g. thermomechanical cy-

cling) can also produce compositional changes which

might affect the propensity for tin pest formation.

With the transition to lead-free solders, it should not

be forgotten that other sources of lead (e.g. finishes

and terminations) exist and may constitute over half of

the lead available [49]. Implementation of lead-free

technology involves more than simply changing the

solder alloys.

It is hoped that the scenario envisaged by Lasky [50]

that ‘purification’ of solder alloys (i.e. reducing Sb, Bi

and Pb levels) might promote tin pest formation with

dire consequences will never take place. However, this

approach might be a valuable exercise in ‘closing the

door before the horse has bolted!

7 Areas for future investigation

Studies of phase transformations, such as the white-

to-grey in tin, are generally associated with the heyday

of X-ray crystallography and dilatometry. More than

70 years have elapsed since the fundamentals of the a/b

Cu Solder

Cu Solder Cu Cu

Sn

Fig. 10 Tin pest formation in
a model Cu/Sn/Cu joint[46]
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transition in tin, described earlier in this paper, were

identified. During that period, tin pest was never a

problem in solders because of the presence of lead and

other inhibitors in solder alloys. However, with the

advent of ‘lead-free’ solders and the findings of the

most recent investigations, a technological driving

force has been created and the subject merits

re-investigation. The variety and capacity of observa-

tional methods now available (SEM, TEM, neutron

diffraction, EPMA and so on) would have been

unimaginable in the early days of the investigations.

With this in mind, the following avenues seem worthy

of further study;

• Illucidation of the precise mechanism of the trans-

formation, particularly the nucleation stage and the

criteria for its onset. Detailed crystallography, ori-

entation relationships etc.

• Clarification of the roles of additional elements to

tin—and why some retard the transition and others

promote it. Considerable experimental evidence

exists on this but the underlying reasons for the

observed effects are unclear. Measurements of the

transformation temperature.

• Examination of exposed samples with identical

histories, only a proportion of which may exhibit tin

pest. Identification of chemical and microstructural

differences both globally and locally. Apart from

near-surface regions, determination of preferable

sites for nucleation.

• Evaluation of the kinetics of growth and its

activation energy.

• With respect to tin pest formation in actual joints,

determination of local microstructure and compo-

sition that will differ from that in bulk samples, and

to some extent will be joint specific.

• The role of mechanical constraint warrants further

investigation, and offers opportunity for modelling

and stress analysis.

While these aspects themselves represent a

formidable challenge, it is a salutary exercise to

consider the potential variables involved (Table 2).

Even inserting a minimal number in to the matrix

produces a dauntingly large number of combinations.

8 Conclusions

A survey of tin pest formation in pure tin and tin-based

alloys has indicated the following points relevant to

this re-emerging and sometimes controversial topic:

• Like the pure metal, bulk samples of several dilute

tin alloys experience the b fi a transition forming

tin pest after prolonged exposure at low tempera-

tures. Initial solidification rate appears to have little

significance. The process involves nucleation and

growth, with the former reaction being inconsistent

in terms of time and its actual occurrence. Such

sporadic behaviour is also found in pure tin. Due to

this, the initiation stage has often been circum-

vented by seeding, and subsequent studies have

been focused upon growth.

• A large volume change is associated with the b fi
a transition, and tin pest is formed on the sample

surface where constraint is a minimum. This

causes eruptions (warts), cracking and eventual

disintegration.

• The factors governing the allotropic change are

uncertain. Elements soluble in tin, such as Pb, Sb

and Bi, inhibit tin pest appearance, while insoluble

additions such as Zn, Al and Mg promote its for-

mation. Very small amounts appear to be influen-

tial, and it could be that impurities are unknowingly

beneficial in suppressing tin pest. In the Sn–0.5Cu

system, the addition of copper, at the level of one

atom in a hundred, overrides the presence of three

tin pest inhibitors, albeit in much smaller quantities.

• The exact criteria for initiation and the mechanisms

by which growth occurs are not well understood.

Both shear and massive transformations have been

proposed, although the latter is currently in favour.

Many of the experimental observations can be

explained in terms of the resistance to the volume

expansion emanating from either the strength of

the white tin phase or the presence of a mechanical

constraint.

• As well as global composition, local composition

and microstructure may be important, and these are

affected by cooling rate and the overall composition

with respect to the associated eutectic.

Table 2 Factors affecting tin pest formation

Composition Intended Impurities

Condition As cast Cold worked CW+ Annealed

(Cooling Rate) (% CW) (Annealing time, temp)

Exposure Inoculated Non-Inoculated Temperature Time
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• Tin pest formation in actual solder joints as they

become even smaller is likely to be limited by the

lack of free solder surface and the constraint

imposed by the intermetallic layer and the adjacent

component/substrate. The situation is further

complicated by the possibility of variable cooling

rates throughout the joint volume.

• An extensive investigation of the behaviour of

lead-free solder alloys (Sn–3.5Ag, Sn–0.5Cu, Sn–

3.8Ag–0.7Cu, Sn–8Zn–3Bi, with Sn–37Pb as a

comparator) at – 18 and – 40�C, for periods of up
to ten years, has shown that only the Sn–0.5Cu

solder is vulnerable to the appearance of tin pest.

To date, no tin pest has been observed in this alloy

after storing at – 40�C for periods up to five years.

• The timescales over which experimental data are

available are often shorter than required in some

applications. Acceleration of the complete

nucleation and growth process is difficult without

resorting to artificial inoculation. So, perhaps the

salient enquiry should not be ‘Does tin pest occur...’,

but ‘When does tin pest occur...’.
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Abstract Consumer electronic applications are the

primary target of the Pb-free initiative and package

assembly and performance is affected by the move

from eutectic Sn–Pb to Pb-free solder alloys. This

paper outlines the key issues and mitigation possibili-

ties for package assembly using Pb-free solders: High

temperature reflow, Interfacial reactions, and Reli-

ability. At the high temperatures required to reflow Pb-

free alloys, moisture absorbed into the package can

result in delamination and failure. The reaction of the

Pb-free solder with Ni and Cu metallizations results in

interfacial intermetallics that are not significantly

thicker than with Sn–Pb but provide a path for fracture

under mechanical loading due to the increased strength

of the Pb-free alloys. The reliability issues discussed

include thermomechanical fatigue, mechanical shock,

electromigration and whiskering. The Pb-free alloys

tend to improve thermomechanical fatigue and elec-

tromigration performance but are detrimental to

mechanical shock and whiskering. Design trade-offs

must be made to successfully implement Pb-free alloys

into consumer applications.

1 Introduction

Consumer electronic applications are now driving

packaging technology much in the same way computers

enabled new packages for the past 25 years. Consumer

electronic applications consist of typically hand-held

devices and home use products. Examples include: cell

phones, game controllers, radios, MP3’s and large

applications like televisions and smart appliances. The

trend of these devices is smaller, faster, less expensive

and built in high volume. The applications are also

becoming more diverse with mixed technologies that

include digital microprocessors (embedded and stand-

alone), memory, RF wireless and along features. In

many cases, especially RF applications, the package is

part of the electronic system and defines the perfor-

mance. The packaging trend for these applications is

moving to modules that are simpler to integrate and

create an electrical system but add to the packaging

complexity (i.e., multiple die and passive devices into a

single package). This results in an increasingly complex

package that is critical in system integration and cost.

Figure 1 is an example of the complexity of this pack-

aging in an integrated Radio Frequency (RF) module.

The interconnect material of choice for the inte-

grated consumer electronic system is solder. The solder

is used to join discrete packages or modules to boards

and is increasingly used to interconnect the semicon-

ductor die to the package through either die attach or

as a flip chip interconnect. The solder acts not only as

an electrical conduit but also as a thermal path and

mechanically holds the parts in place. Solder has

excellent electrical and thermal properties carrying

current and heat very well and has been used from the

very beginning in electronic systems.

The traditional solder material is a Sn–Pb alloy.

Sn–Pb solder is used because it has a relatively low

melting point, good wetting behavior, good electrical

conductivity and can be used in hierarchical soldering.

Hierarchical soldering is the utilization of a solder that
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has a lower melting temperature than all other solder

interconnects that precede it. The lower temperature

solder must have a working temperature sufficiently

low so that it does not melt a higher temperature

interconnect. The melting temperature range for

Sn–Pb solders is from 310�C for Sn–97Pb to 183�C for

eutectic Sn–37Pb. The basic requirement of the solder

interconnect is to form a reliable electrical and

mechanical connection that retains integrity through

subsequent manufacturing processes and service con-

ditions. The joints are also required to have the

capacity to dissipate strains generated as a result of

coefficient of thermal expansion mismatches under

service conditions over the lifetime of the assembly.

Recently, however, Pb has come under increasing

scrutiny as a heavy metal toxin that can damage the

kidneys, liver, blood, and central nervous system. The

voiced concern is that as the volume of electronics

increases in the waste stream that the Pb can leach

from landfills into the water table forming a potential

source of long-term contamination of soil and ground

water. International laws have recently been proposed

to expand control laws to limit or ban the use of Pb in

manufactured electronics products. The most aggres-

sive and well known effort is the European Union’s

Waste in Electrical and Electronic Equipment

(WEEE) and Restriction of Hazardous Substances

(RoHS) and the China RoHS directives propose a ban

on Pb in electronics by mid year 2006. The products

impacted most heavily by these laws are consumer

products (because they have a relatively short lifetime

and the volume of that will end up in landfill) are

significant. A comprehensive review of the status of

Pb-free solders can be found in this current publication

and in the literature [1–3].

Pb-free solders for electronic applications are based

on Sn-rich compounds that fall into a melting tem-

perature range 40�C or more above eutectic Pb–Sn

solder alloys (183�C). These include eutectic Sn–3.5Ag

with alloying elements of Bi, Cu, Sb, In, or Zn. Other

alloys based on the Sn–Cu, Sn–In, Sn–Sb, Sn–Bi and

Sn–Zn systems have also been proposed. A small two-

phase region (temperature difference between liquidus

and solidus) is desired because it prevents the joint

from moving and becoming disturbed during solidifi-

cation. Binary or ternary near-eutectic alloys are also

desired because simpler alloys reduce the potential for

compositional variations that affect the behavior of the

solder joint. A chart of the melting temperatures of

potential solder alloys is shown in Fig. 2. The Pb-free

solder alloys Sn–0.7Cu, Sn–3.5Ag, and Sn–3.8Ag–

0.7Cu are among the most promising based on the

criteria given above and Sn–Ag–Cu has the highest

degree of acceptance in the electronics industry. The

following section outlines the physical metallurgy of

Pb-free solders that forms the basis for how these

solders perform physically and mechanically.

Along with the increase in melting temperature, the

Pb-free alloys have differences in soldering perfor-

mance, intermetallic formation and mechanical

behavior compared to eutectic Sn–Pb. These differ-

ences contribute to a number of key challenges that

must be addressed for Pb-free solder to be successfully

implemented into consumer electronics applications.

These are listed below. The following sections of this
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paper go into the metallurgical details of each of these

challenges and how they can be addressed.

1.1 Key issues in consumer electronics applications

• Higher temperature reflow requirement

• Interfacial reactions (intermetallic formation)

• Reliability (thermomechanical fatigue, mechanical

shock (drop), electromigration, and whiskering)

2 Metallurgy of Pb-free solders

The microstructure of eutectic Sn–Pb and Pb-free sol-

ders are shown in Figs. 3–6. The microstructure defines

the behavior of the solder alloy. TheSn–Pbeutectic has a

structure of Sn-rich and Pb-rich phases that form as

lamella, Fig. 3. Similarly oriented lamella form cells,

or colonies, separated by slightly coarsened cell bound-

aries. This structure is known to be susceptible to het-

erogeneous microstructural evolution that concentrates

strain at the cell boundaries and causes them to further

coarsen and, eventually, be the site of failure [4].

Figure 4 shows the Sn–0.7Cu microstructure. This

solder is composed of large Sn-rich grains with a fine

dispersion of Cu6Sn5 intermetallics. The solder grains

form and grow out from the bond pad interfaces. The

grains are large; on the order of 20–50 lm in size.

The Sn–3.5Ag microstructure consists of a fine

structure of alternating Sn-rich/Ag3Sn intermetallic

lamella, Fig. 5. Grain colonies also form in this micro-

structure but the boundaries are not coarsened. In

addition to the fine Ag3Sn intermetallics, large needles

of Ag3Sn are present and are typically attached to one

of the bump pad interfaces. The Sn–3.8Ag–0.7Cu

solder microstructure is shown in Fig. 6 and is very

similar to that of the Sn–3.5Ag with the addition of dis-

crete Cu6Sn5 intermetallics throughout the bulk of the

solder.

3 Key issues in consumer electronics applications:
reflow temperature issues

The melting temperature of the Pb-free solder is higher

than the 183�C of eutectic Sn–Pb (see Fig. 2) and the

packages must reach the melting temperature plus at

least 20�C to achieve reflow. For Sn–Pb this reflow

temperature is typically 220�C. For Pb-free solders, the

reflow temperature is typically between 240�C and

260�C. The added temperature for Pb-free reflow is

needed because the solders do not wet as well as Sn–Pb

and the higher temperature is used for compensation.

This higher reflow temperature has a potentially sig-

nificant impact on commercial electronics.

Fig. 3 Optical micrograph of the microstructure of Sn–37Pb
solder on Cu

Fig. 4 Optical micrograph of the microstructure of Sn–0.7Cu
solder on Cu

Fig. 5 Optical micrograph of the microstructure of Sn–3.5Ag
solder in a flip chip bump on a Cu UBM
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The electronic packages for commercial applications

consist of many materials, and an increasing number of

polymer materials, and interfaces between these

materials. These polymers include glass/epoxy sub-

strate, organic die attach, solder masks, and mold

compounds (epoxy/silica composite). Figure 7 is an

illustration of a cross section of a module package that

shows these many interfaces. This is an issue because

polymers absorb moisture as can interfaces. Before

reflow, the packages are exposed to the environment

and will absorb moisture from the air. As the packages

undergo reflow, the moisture turns into steam and

expands creating an internal stress in the package. This

can result in interfacial delamination in the package

and electrical failure if interconnect lines are broken or

warpage of the package due to differential stresses.

This situation is exasperated by the higher reflow

temperatures of Pb-free solders. Figure 8 shows a

scanning acoustic microscope image of a module

package showing delamination (light areas in the im-

age). This is not as serious an issue for Sn–Pb eutectic

applications because the materials set in the lower

temperature reflow conditions were optimized for

Sn–Pb applications. The increase of 20–40�C for Pb-

free solder reflow has created this problem.

There is no simple solution to this issue. The higher

temperature reflow is required. The problem must be

addressed by improved adhesion of the materials in the

package and decreasing the water permeability of the

polymers. Increased adhesion can be achieved by

adding chemical bonding agents to the polymer mate-

rials and by increasing surface roughness of the mate-

rials to be joined thereby increasing the mechanical

adhesion. New mold compounds are needed with lower

water uptake and higher modulus (higher fill content),

with no change in manufacturability, to limit the

potential for steam generation in the package and

decrease the potential for warpage by making the

package stiffer (higher modulus).

4 Key issues in consumer electronics applications:

interfacial reactions

The transformation of solder-wettable coatings into

intermetallics by solid-state reactions can also degrade
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mechanical properties. The interfacial intermetallics

are brittle due to their complex crystal structures with

few crystallographic planes available to accommodate

stress and may fracture when strain is imposed, espe-

cially if the strain is tensile in nature. There is also a

concern that the growth of the intermetallics will be

accelerated in high Sn-content Pb-free solders. For

commercial electronics applications the interfacial

intermetallic structure can have a significant impact on

performance and this must be understood.

When the molten solders come into contact with the

Ni or Cu surfaces they wet and react to form interfacial

intermetallics. The intermetallics grow out into the

solder as rods, or plates, and continue to grow when

the solder is in the solid state. Even though all the

solders studied are Sn-rich, the morphology and reac-

tion kinetics differ between alloys. As will be discussed

later in this paper, the interfacial intermetallics play a

role in the reliability and mechanical behavior of the

solder interconnect. If the intermetallics grow too thick

they can consume the underlying metallization and fall

off. If too thick, the intermetallics can also be the weak

link in the joint and the fracture path under fast

loading conditions.

On Cu, Sn–37Pb forms a two-phase intermetallic of

Cu6Sn5 adjacent to the solder and Cu3Sn adjacent to

the Cu. The Cu3Sn is planar with a columnar grain

structure and the Cu6Sn5 consists of elongated nodules.

On Ni, eutectic Sn–Pb forms irregularly shaped Ni3Sn4.

The formation and growth of the interfacial intermet-

allics between Cu, Ni and eutectic Sn–Pb solder are

well known [5, 6]. The intermetallics follow parabolic

growth kinetics and do not extensively spall off into the

solder.

The intermetallic formation for the Pb-free solders

on Ni is shown in Fig. 9. Figure 9 shows the structure

of the interface on electroless Ni–P, but the same

observations were made for the electrolytic Ni UBM.

The intermetallic that forms is Ni3Sn4. The Ni3Sn4
intermetallic between Sn–0.7Cu and Ni is thin and

regular and is the most uniform of the Pb-free alloys.

The Sn–3.5Ag solder on Ni has a different intermetallic

Fig. 9 SEM micrographs of
the Pb-free solders on an
electroless Ni UBM showing
the morphology of the
interfacial intermetallics

De-lamination Voids in mold 
compound

Fig. 8 Scanning Acoustic image of a module package showing
evidence of delamination caused by water uptake then reflow
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morphology that consists of nodules and chunks of

Ni3Sn4 that spall off into the solder. This morphology

has been attributed to the lack of Cu in the solder. It is

hypothesized that the Cu acts to saturate the solder

with respect to the Ni and inhibits dissolution and

spalling of the intermetallic into the solder [7]. How-

ever, this mechanism remains to be fully understood.

The growth of interfacial intermetallics while the

solder is in the solid-state is of concern because if the

intermetallic layer coarsens significantly, it can con-

sume the solderable metallization and cause the joint

to dewet at the layer beneath the UBM. Also, the

intermetallic is brittle and if it becomes a significant

fraction of the solder joint it can act as a site for crack

initiation and propagation when the joint is deformed.

The consumption of the Ni layer by the formation of

Ni3Sn4 intermetallic during solid-state aging for each of

solder alloy is shown in Fig. 10 for 1000 h aging at 150�
and 170�C. Figure 10 shows results on an electroless

Ni–P/Au UBM (similar results were observed on the

electrolytic Ni UBM). For these solders, less than 2 lm
transformed into Ni3Sn4. The Ni reacts slowly with Sn-

based solders and is the reason why it is often preferred

as the metallization for Sn-rich solders. The Pb-free

solders consume more Ni and form more intermetallic

than Sn–Pb eutectic solder but this increase is rela-

tively small. The Ag3Sn intermetallic plates are at-

tached to the Ni3Sn4 interfacial intermetallics, similar

to that observed on the Cu UBM.

Figure 11 shows SEM micrographs of the solders on

a Cu. The intermetallic that forms is Cu6Sn5, no Cu3Sn

was found but it may have been too thin to be ob-

served. The interfacial intermetallic has the same

morphology for all the Pb-free alloys as for Sn–Pb

eutectic. The intermetallic consists of regularly spaced

nodules of Cu6Sn5. The Ag-containing solders all have

large Ag3Sn intermetallics that are attached to the

Cu6Sn5 interface. All three Pb-free alloys also have

small discrete particles of Cu6Sn5 present in the bulk

of the solder. For Sn–0.7Cu, the Cu is present in the

solder before joining to the UBM. For the Sn–3.5Ag

solder the Cu6Sn5 is present due to the dissolution of

some of the UBM into the solder. Spalling of the

interfacial intermetallics into the molten solder was not

observed and this is believed to be due to the presence

of Cu in each of the solders during reflow. The Cu

inhibits growth and spalling of the intermetallic be-

cause it saturates the solder [8]. Of the three Pb-free

alloys on Cu, the Sn–0.7Cu solder structure is the most

uniform, and has the thinnest intermetallic structure.

One of the concerns of using Sn-rich Pb-free solders

is the reaction of the Cu with the solders is feared to be

so fast that the UBM will dissolve during reflow. A plot

of the Cu consumed after 2 reflows for Sn–Pb and the

Pb-free solders is shown in Fig. 12. The Pb-free solders

consume only 10–20% more Cu than Sn–Pb and this is

less than 2 lm after 2 reflows. A plot of consumed Cu

during solid-state aging is shown in Fig. 11 for the

solders on Cu at 150�C for 500 and 1000 h. In the solid

state, the Cu was consumed at a slower rate in Pb-free

solders than for eutectic Sn–Pb. The Pb appears to play

a role in enhancing intermetallic growth, perhaps by

enhancing Sn diffusion to the intermetallic/solder

interface. Sn–0.7Cu had the slowest consumption rate

of the Cu UBM.

5 Key issues in consumer electronics applications:

reliability

The reliability of the commercial electronic system

includes everything that can happen to the package

after it is manufactured. The environmental stresses

that drive degradation of the package, such as tem-

perature, thermal cycling and passing electrical current

(electromigration) are typically externally imposed and

can not be controlled in commercial applications for

cost reasons. The following describes the issues asso-

ciated with thermal cycles, mechanical shock/drop,

electromigration and whiskers that can affect con-

sumer product reliability.

5.1 Thermal cycling

The solder joint is a mechanical interconnect that must

have sufficient strength to hold the joined component

in place but must also deform sufficiently so that

imposed strain is not translated to the joined compo-

nents. The shear strength of the Pb-free solder alloys

is shown in Fig. 13 as compared to eutectic Sn–Pb.

Sn–37Pb and Sn–0.7Cu solder bumps have similar

values of shear strength. The Sn–3.5Ag solder alloy

has the greatest shear strength at 25% greater than
Fig. 10 Thickness of consumed Cu for the solders on electroless
Ni–P/Au UBM after 1000 h aging at 150 �C and 170 �C
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Sn–0.7Cu with the Sn–3.8Ag–0.7Cu with a slightly

lower strength than Sn–3.5Ag. Eutectic Sn–3.5Ag has

shown susceptibility to brittle interfacial delamination

in surface mount interconnects [5].

Creep behavior is important for solder interconnects

because the solders deform to relax stress over time

when held at a constant strain. The creep rate of a

solder must be sufficiently fast so that the strain is

minimized in joined bulk components. However, the

creep rate must not be so fast that the components

move over time. The creep behavior of solders can be

summarized empirically using one of two equations:

dc=dt ¼ Arne�Q=RT ð1aÞ

dc=dt ¼ AsinhðarÞne�Q=RT ð1bÞ

where dc/dt is the creep rate in shear, A is a constant,

a is the stress constant, r is the flow stress, n is the

stress exponent, and Q is the creep activation energy.

Equation (1a) works well for creep mechanisms that

remain constant over all test temperature. Equation

(1b) is the Garofalo, or sinh, creep relation that

captures up to two different creep mechanisms in a

single formulation. Table 1 represents the fitted

Fig. 11 SEM micrographs of
the Pb-free solders on Cu
UBM

Fig. 13 Shear strength of solder alloys
Fig. 12 Consumed Cu thickness after 2 reflows for the solders on
a Cu UBM
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results of creep tests on Pb-free solders using these

equations. In general, the creep rate of Sn–Ag–X

solders is significantly slower than Sn–Pb. A faster

creep rate is desired because damage can be accom-

modated by the solder, rather than the more brittle

joined components. Furthermore, a faster creep rate

often translates into a longer thermomechanical fati-

gue lifetime.

Temperature variations encountered during use

conditions, combined with the materials of differing

coefficients of thermal expansion in the electronic

package, result in cyclic temperature and strain

on the solder joints (thermomechanical fatigue).

A diagram of thermal fatigue life versus strain range

for the Pb-free solder alloys is shown in Fig. 14,

The thermal fatigue data from Sn–0.7Cu is the

longest followed by Sn–Ag–Cu, Sn–Pb and then

Sn–Ag.

The Sn–37Pb flip chip interconnects fail by crack

formation and propagation through heterogeneous

coarsened bands near the UBM/solder interface as

shown in Fig. 15. The heterogeneous coarsened region

forms as a result of the strain concentrating at the weak

eutectic cell boundaries and cracks eventually form

at these boundaries [8, 13–14]. The Sn–0.7Cu solder

deforms in thermomechanical fatigue by grain bound-

ary sliding. The cracks were observed to propagate at

the grain boundaries significantly removed from the

UBM/bump interface, near the center of the joint. This

solder is the most compliant in thermal fatigue and

undergoes massive deformation before failing by crack

propagation. The failure behavior of Sn–3.5Ag solder

is similar to the Sn–3.8Ag–0.7Cu alloy with crack ini-

tiation and propagation through the intermetallics and

at the intermetallics/solder interface. The Sn–3.5Ag

solder has a shorter thermal fatigue lifetime than the

other Pb-free alloys. It is hypothesized that the large

Ag3Sn intermetallic plates strengthen the joint and

further reduce the compliance of the solder thereby

shortening the thermal fatigue life.

In summary, solder joint strength and creep behav-

ior has a direct correlation to fatigue performance. The

weaker, more compliant, and faster steady-state creep

rate solder (Sn–0.7Cu) has a longer fatigue lifetime.

Eutectic Sn–Pb has the same low shear strength as Sn–

0.7Cu but has a shorter thermal fatigue lifetime due to

heterogeneous coarsening. The Sn–0.7Cu alloy under-

goes massive deformation during thermal cycling. This

deformation protects the semiconductor device from

damage due to imposed strain. Interestingly, even with

significant surface deformation, the crack formation

takes longer in Sn–0.7Cu than the other solders that

had no surface deformation. The Sn–0.7Cu accommo-

dates the thermal strain by grain boundary sliding and

rotation. The self-diffusion of Sn to accommodate the

sliding and rotation is sufficient to delay the formation

of cracks. An additional positive aspect of the

Sn–0.7Cu solder is that failure is only observed in the

solder joint away from the brittle intermetallic/solder

interface.

5.2 Mechanical shock/drop

For consumer electronic applications, one of the

greatest challenges for the package assembly is to

survive a very challenging use environment that in-

cludes being dropped. For example, a cellular phone or

MP3 player is expected to work if it is accidentally

dropped while in use (e.g., surviving a fall of up to 2 m

onto a hard surface). This drop is a mechanical shock

loading condition and is increasingly recognized as a

significant reliability concern. Portable consumer

electronics are more likely to be dropped than affected

4

8

12

16

20

24

1 10 100

Thermal Fatigue Life, Nf 

Sn-0.7Cu on NiP/Au
and TiW/Cu 

Sn-3.8Ag-0.7Cu on TiW/Cu
Sn37Pbon NiP/Au 

Sn-3.5Ag on
NiP/Au

T
h

er
m

al
 S

tr
ai

n
 (

%
) 

Fig. 14 Plot of thermal fatigue life as a function of applied
thermal strain for the Sn–3.5Ag, Sn–37Pb, Sn–3.8Ag–0.7Cu and
Sn–0.7Cu

Table 1 Constitutive creep
relations

Alloy A (s–1) a n Q (kJ/mol) Ref

Sn-40Pb 2.48 · 104 0.0793 3.04 56.9 9
Sn–40Pb 1.1 · 10–12 6.3 20 10
Sn–3.5Ag 9.3 · 10–5 6.05 61.2 11
Sn–3.8Ag–0.7Cu 2.6 · 10–5 3.69 36 11
Sn–1Cu 1.41 · 10–8 8.1 79.4 12
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by changes in the temperature of the ambient envi-

ronment, reliability requirements have added

mechanical shock loading to the traditional moisture

sensitivity level, thermal cycling and power cycling

tests [15].

The literature on mechanical shock loading of

electronic packages and assemblies is starting to grow

[16–20]. The weak link in the package is the board level

solder interconnect between the package and the

printed wiring board. It has also been noted that

Pb-free solder interconnects are more prone to failure

in drop conditions than Sn–Pb solder.

At the time of impact, the mechanical shock is

translated into a rapid displacement in the board in the

form of a decaying sine wave. The board bends with

this wave rapidly putting the components alternatively

into tension or compression. Clearly, the peak strain in

tension is where the solder joints are most likely to fail.

The strain levels imposed on solder joints are complex

and are dependent upon the configuration of the

board, the board material and its thickness, the angle at

which the board hits the surface, the location of the

component on the board, the density of the solder

joints on the component and the height of the solder

joints. For example, a densely populated board would

be stiffer and have less strain imposed, a thicker solder

joint would experience more strain than a thinner joint,

etc. However, a typical shock of 1500 g would last 1 ms

at a drop height of 1.5 m. Depending upon the board,

component placement and angle of contact this trans-

lates into a strain of 2000–4000 l strain and a strain

rate of 102. There is very limited materials data at this

strain rate and strain range, particularly for solder

materials.

There are a variety of proposals on how to evaluate

drop performance of portable consumer electronics.

European cell phone manufacturers have a drop test

that involves dropping the finished cell phone 1.8 m

onto a linoleum covered concrete floor five times in

each of four different orientations and then verifying

the absence of cracking. The existing JEDEC drop test

method (JESD22-B111) is only a relative performance

tool. Both of these methods are pass/fail and provide

no fundamental data on solder joint performance.

Dynamic 3- and 4-point bend testing is currently pre-

ferred to characterize solder interconnects in drop [21].

This testing involves a soldered component on a board

that is placed in a 3- or 4-point bend fixture (compo-

nent down) and a weight or a load is dropped on the

board. The height at which the weight is dropped or the

rate of load displacement determines the level of

strain.

The failure of board-level solder interconnects in

drop tends to be more extensive in ball grid array

packages than land grid array because the joint is

thicker and more dynamic strain is imposed. Pb-free

solder joints fail at a lower level of strain than eutectic

Sn–Pb. The Sn–Ag and Sn–Ag–Cu solders have a

Fig. 15 Optical micrographs
of solder joint cross sections
of solder joints on Cu UBM/
Cu pads on organic substrates
after thermal cycling 0 �C to
100 �C
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higher strength than Sn–Pb. Rather than the solder

deforming during mechanical shock, the strain is

translated to the interface of the solder joint and cracks

form through the interfacial intermetallics. Figure 16

shows a SnAgCu solder joint after drop testing and a

crack has propagated through the interfacial interme-

tallic resulting in electrical failure of the joint.

There are a few ways to improve the drop behavior

of solder interconnects. The major issue with Pb-free

solders is that the strength is significantly increased

over Sn–Pb eutectic and this forces failure through the

more brittle interfacial intermetallics. This can be

alleviated by decreasing the strength of the solder

(perhaps by reducing the Ag and Cu content). The

issue with changing the solder alloy is that the higher

strength SnAgCu solders tend to have longer thermo-

mechanical fatigue lifetimes than the more compliant

solders so there is a trade-off in performance that

would have to be optimized. The other method to

improve drop performance is to minimize the strain

imposed on the interconnects by stiffening the board.

This can be done by adding more solder joints on the

component or adding ‘‘dummy’’ joints in the high

strain regions. From a system architecture point of

view, minimizing strain can also be accomplished by

designing the board layout to be stiffer (more soldered

components) in high strain regions.

5.3 Electromigration

In both Pb–Sn and Pb-free flip chip applications, the

size of the solder interconnect is decreasing to enable

higher i/o count. The small ball size has raised reliability

concerns, especially electromigration. Electromigration

is not an issue for board-level interconnects, they are

too large, but for flip chip this is becoming increasingly

significant. Current circuit design rules require that

each interconnect carry a current of up to 0.2 amp with

an increase to 0.4 amp in the near future. A current of

0.2 amp through an interconnect 50 lm in diameter

results in a current density of 1 · 104a/cm2. This is less

than that found in Al or Cu interconnects on semi-

conductor die (1 · 105a/cm2 or more) but the solder has

a much lower homologous temperature and, therefore,

has a greater atomic diffusivity at the device operating

temperature of ~100�C. The high current density and

low melting temperature—can result in the electromi-

gration of flip chip solder joints. Examples of published

work on electromigration of solders can be found in the

literature [22, 23].

For Sn–Pb solder, hillocks form on the anode side of

the solder ball and voids formed on the cathode side.

The anode becomes Pb-rich indicating Pb is the dom-

inant diffusing species. Microstructural evolution was

extensive in the solder induced by electromigration

where both Sn and Pb phases (and grains) coarsen

significantly. In Pb-free solders the electromigration

mechanism is different. Figure 17 shows a typical high

Sn solder bumps (Sn–3.5Ag) both anode and cathode

on Cu pads. The electromigration enhances the for-

mation of Cu–Sn intermetallics that react and across

the bump. Failure occurs when the Cu metallization is

consumed where electrons enter the interconnect and

voids form and joint together.

The electromigration of Pb-free solders is still being

investigated and the fundamental relationships are

being established. However, there is strong evidence

that Pb-free solders have a much longer mean time to

failure in electromigration than do Sn–Pb eutectic

alloys (on the order of twice the lifetime). This could

be due to the difference in damage accumulation in the

solders (Sn–Pb undergoes coarsening and failure in the

solder itself, Sn-rich solders fail by the dissolution of

the base metallization and intermetallic growth).

5.4 Whiskers

Solderable surfaces in an electronic package must have

metallization (surface finish) that is compatible with

Pb-free solders and can easily be wet by the solder.

Many current surface finishes are Sn–Pb based and

must be replaced with Pb-free alternatives. The two

surface finishes that have found the most widespread

use are Ni/Pd/Au and pure Sn. The Ni/Pd/Au is a

higher cost alternative and is more difficult to wet than
Fig. 16 SEM of a SnAgCu solder after drop test showing
interfacial cracking through the intermetallic
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Sn–Pb or Sn metallization so it is not applicable for

consumer applications. The Sn metallization is low cost

but can experience whiskering. Whiskers of Sn are

metallic crystals that grow out of the surface of the

metallization very rapidly and can be very long (several

mm). If the whiskers join across conducting contacts it

can result in an electrical short. A scanning electron

micrograph of a Sn surface with whiskers is shown in

Fig. 18. The mechanism of whisker growth is a time

dependent (creep) phenomenon and the driving force

is compressive stress in the Sn film [24, 25]. The

internal compressive stress in the film is generated

from the formation of the Cu6Sn5 intermetallic that

occurs at room temperature after the Sn is plated. The

whisker formation is creep in the film that occurs due

to the presence of a stress gradient that allows the

stress to be relaxed. In the Sn plating this gradient is a

crack in the Sn surface oxide. The whisker then grows

out of this discontinuity and the Sn diffuses via the

grain boundaries in the film.

Tu et al. [24, 25] propose that minimization of the

whiskering can be achieved by removing the internal

stress in the Sn film, reducing the internal diffusivity of

the Sn or eliminating the stress gradient. Eliminating

the stress gradient is exceptionally difficult because

only a very small gradient is required and modifying

the Sn oxide is difficult. Removing the internal stress

can be accomplished by stopping the formation of

Cu6Sn5 intermetallics by plating Ni on the Cu leads

prior to Sn plating. Alternatively, annealing the plated

film at 160�C allows Cu3Sn intermetallic to form (it

does not form at room temperature) and this will also

reduce the stress. Reducing the internal diffusivity of

Sn has not been demonstrated but could be achieved

by adding binary elements to the Sn film (such as Cu)

that could coat the boundaries and reduce Sn grain

boundary diffusion.

6 Summary

There is a strong effect on the performance of com-

mercial electronics caused by the move to Pb-free

solders. This is particularly true for thermomechanical

fatigue behavior, electromigration, mechanical shock

(drop) and whiskering. The Pb-free alloys are Sn-rich

and change the microstructure and mechanical behav-

ior of the interconnects. The Pb-free solder consist of a

Sn-rich phase with dispersed intermetallics of SnAg

and CuSn that result in a higher strength alloy than

Fig. 17 SEM micrographs of
Sn–3.5Ag solder bumps after
836 h at 115 �C. (a) No
current bump, (b) cathode
bump with 5.1 · 104 A/cm2,
(c) anode bump with
5.1 · 104 A/cm2

Fig. 18 SEM image of Sn whiskers forming on a Sn-plated
metallization
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eutectic Sn–Pb. This improves thermomechanical fati-

gue because there is no heterogeneous coarsening that

shortens the life of eutectic Sn–Pb. It also improves

electromigration performance because there is no

coarsening and lifetime is dictated by interfacial

intermetallic growth. However, the strength of the

solder combined with the interfacial intermetallics

detrimentally affects mechanical shock (or drop) per-

formance. (Note: of all the properties discussed in this

paper, mechanical shock is the one that must clearly be

addressed for consumer (portable) applications.) The

Pb-free solders also require a Pb-free surface finish

that is typically Sn-plating that can form whiskers that

can result in failures due to electrical shorts. The mit-

igation of these effects through metallurgical changes

in the solder result in trade-offs between properties

(e.g., improving drop performance by decreasing the

strength of the solder can degrade thermomechanical

fatigue performance). The best mitigation incorporates

the overall architecture of the package/board design

for optimal solutions.
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Abstract The European Union enacted legislation,

the ROHS Directive, that bans the use of lead (Pb) and

several other substances in electronic products com-

mencing July 1, 2006. The legislation recognized that in

some situations no viable alternative Pb-free substitute

materials are known at this time, and so provided

exemptions for those cases. It was also recognized that

certain electronic products, specifically servers, storage

and storage array systems, network infrastructure

equipment and network management for telecommu-

nication equipment referred to as high-performance

electronic products, perform tasks so important to

modern society that their operational integrity had to

be maintained. The introduction of new and unproven

materials posed a significant potential reliability risk.

Accordingly, the European Commission (EC) granted

an exemption permitting the continued use of Pb in

solders, independent of concentration, for high-per-

formance (H-P) equipment applications. This exemp-

tion was primarily aimed at assuring that the reliability

of solder joints, particularly flip-chip solder joints is

preserved. Flip-chip solder joints experience the most

severe operating conditions in comparison to other

applications that utilize Pb in electronic equipment.

This paper briefly describes the solder-exempted H-P

electronic products, their capabilities, and some typical

tasks they perform. Also discussed are the major

attributes that differentiate H-P electronic equipment

from consumer electronics, particularly in relation to

their operational and reliability requirements. Inter-

estingly, other than the special solder exemption

accorded to H-P electronic equipment, these products

must meet all the other requirements for ROHS

compliancy. The EC was aware that issues would sur-

face after the legislation was enacted, so it created the

Technical Advisory Committee (TAC) to review

industry-generated requests for exemptions. The paper

discusses three exemption requests granted by the EC

that are particularly relevant to H-P electronic prod-

ucts. The exemptions allow the continued use of lead-

bearing solder materials.

1 Introduction

The toxic effect of lead (Pb) is well documented and

widely reported to be related to numerous health risks.

Therefore, in the US the use of lead (Pb) has been

banned in such products as paint, solder for plumbing,

and as an additive in gasoline among others for

sometime. But its continued use in electronic assem-

blies has led to a global movement seeking to establish

a lead-free environment. In particular, it has been

noted that so-called electronic waste, consisting mostly

of consumer electronic products, is primarily disposed

of in landfills where it poses a serious potential health

risk. The concern is related to the possibility that

rainwater will leach lead (Pb) from the solder on

printed circuit boards (PCBs) and other parts con-

taining Pb, and that the leachate will seep into the

groundwater system and contaminate municipal water
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supplies. Based on these concerns the European Par-

liament and the Council of the European Union (EU)

passed legislation, ‘‘Restriction of the Use of Certain

Hazardous Substances (ROHS) in Electrical and

Electronic Equipment,’’ Directive 2002/05/EC effec-

tive July 1, 2006. The ROHS Directive defines the

requirements that each EU Member State must

embody in separate laws enacted and enforced by each

member country. Among these requirements is that a

maximum defined concentration of four metals (mer-

cury, lead, cadmium, and hexavalent chromium) and

two organic-based fire retardant substances not be

exceeded for certain products. This paper contains

references to ‘‘lead-free’’ solder alloys, which has

become an industry-standard term meaning the solder

alloy should contain less than the ROHS Directive

limit of 0.1 wt% (1,000 ppm) lead. It does not mean

the solder alloy will necessarily contain no lead at all.

The scope of the legislation essentially covers all

electrical and electronic equipment including con-

sumer electronics, information technology equipment

(e.g. laptop, desktop computers), electric light bulbs,

etc. There are some product categories that are outside

the scope of the legislation: medical devices, military

products and monitoring/control devices (under

review). Also, the ROHS Directive does not apply to

spare parts for the repair of electrical and electronic

equipment (EEE) placed on the market before July 1,

2006; or the reuse of EEE placed on the market before

that date. Lead is pervasively used in electronic prod-

ucts of all types. Among the allowable usages of lead

(Pb) are: glass in monitors, brass and aluminum hard-

ware, free-machining steel members, certain electronic

components (e.g. capacitors, piezo electric devices),

lead-acid batteries for operation or backup, cable

sheathing and solder for components and assembly to

PCBs. The quest to replace Pb-bearing solders is a

daunting task and is the largest and most costly effort

the electronics industry has ever undertaken. Lead

(Pb)-based solders have been utilized to assemble

circuit boards in electrical products for more then

50 years. The conversion to Pb-free technology has

raised some serious reliability concerns within the

industry. The European Commission (EC) recognized

that the introduction of a new material set in electronic

products posed risks, particularly as it relates to reli-

ability. Accordingly, some exemptions were granted

because Pb was used in some applications for which

there are no known suitable substitutes. For example,

the EC allowed the use of Pb in the glass screens of

cathode ray tube monitors to provide protection

from X-rays. An exemption was also granted for the

use of Pb in solder materials, but it only applied to

high-performance systems (servers, storage, network

infrastructure/telecommunication systems). These

electronic products are markedly different from con-

sumer products in almost every way. This paper briefly

describes those products that received the special sol-

der exemption and their capabilities because they per-

form mission-critical operations, a necessary element

of modern society. Reliability is the single most

important attribute that distinguishes so-called high-

performance (H-P) electrical equipment from con-

sumer products. It is imperative that H-P electronic

equipment possess the capability to operate success-

fully and uninterrupted for years on end to perform

their important tasks, as contrasted with the occasional

use of consumer electronics that provide entertainment

and convenience.

The European Commission (EC) further recognized

that issues would arise during the lead (Pb)-free

implementation process. Therefore, the EC created the

Technical Advisory Committee (TAC) to review

industry requests for exemptions (i.e. allow the use of

Pb) for specific applications. The requests were to

cover applications where there currently is no suitable

replacement for lead (Pb), or where the replacement

substance(s) posed a greater potential risk to human

health or the environment than lead. Several important

exemption requests were granted by the EC that have

particular relevance to high-performance products.

The exemptions allow the use of mixed solder joints to

attach chips; and the use of Pb for compliant pins, and

part of a thermal-dissipation subsystem. These

exemptions are all discussed in detail.

2 High-performance electronic systems

The European Union’s ROHS legislation expressly

grants an exemption for the use of lead (Pb) in solders,

regardless of composition in high-performance, high-

reliability systems specifically, ‘‘servers, storage and

storage array systems, network infrastructure equip-

ment for switching, signaling, transmission as well as

network management for telecommunications’’ [1].

But the intention is to phase out the exemption, and

conduct progress reviews every few years with the

initial review scheduled for 2008. These products have

several characteristics and requirements in common

that differentiate them from consumer-electronic

products. The most important characteristic is that they

all require a very-high degree of reliability since

they are relied upon to carry out mission-critical

operations and must virtually perform flawlessly over

their operational lifetime. Equipment failures could
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have severe societal or human life consequences.

A brief description of the high-performance systems

granted a special solder exemption and their reliability

requirements follows.

2.1 Solder-exempted systems and their functions

2.1.1 Server systems

Servers are often classified into three categories. (a)

Entry-level (Fig. 1 b, d) systems, which possess a very

significant processing capability and are utilized for a

variety of applications: management and integration of

small-to-large business operations, and optimized to

integrate network and distributed computing. They are

also used for specialized applications such as patient

monitors; and for (control) equipment in hospitals,

industry, etc. In some cases sophisticated desk-top

personal computer (PC) systems may possess similar

capabilities, but even so-called entry-level servers are

designed and tested to provide a very high level of

reliability not characteristic of PCs. (b) There are

several types of mid-range systems, some are archi-

tected to provide optimum management and integra-

tion of business operations (Fig. 1f); while others are

designed to maximize computing power for business,

government, and scientific applications with the ability

to model complex systems, perform detailed data

mining, etc. by reliably performing massive scalar-

integration operations (Fig. 1e). (c) High-end server

systems, often referred to as mainframe or enterprise

systems (Fig. 1c) are configured to provide unmatched

computing performance, data integrity, security, sca-

lability, and interconnection capability. Because of

these unique attributes they are used to provide mas-

sive, reliable computing power for such applications as

insurance, international banking, and airline reserva-

tions in the business arena; are the basis of national

security systems; perform operations at all levels

of government and military; research; development;

etc. [2].

2.1.2 Storage Systems

The storage function is an integral part of complex and

sophisticated information systems that store, provide,

and direct the flow of information to server systems.

Disk libraries (Fig. 2a) are large stand-alone systems

used to access frequently needed information. These

systems are faster than tape systems and typically

consist of more than 125 drives, where each drive

provides storage of more than 70 giga bits (GB) of

information. Tape systems (Fig. 2b) are also stand-

alone units with a capacity of about 6,000 tape car-

tridges, and with tape drives that can read and write

tape media. They provide long-term storage and access

libraries. Storage Area Network (SAN, Fig. 2c)

Fig. 1 The photograph depicts a range of IBM server systems.
(a) pSeries, intermediate high-end. (b) iSeries, low-end. (c)
zSeries, high-end. (d) xSeries, configurable blade server. (e)
pSeries, high-end server. (f) iSeries, mid-range server (courtesy
of M. Hoffmeyer, IBM Corporation)

Fig. 2 The photograph depicts a range of storage systems. (a)
Disc library. (b) Tape drive system. (c) Storage Area Network
(SAN). (d) Mid-range system. (e) Network Attached Storage
(NAS) (after Ref [2]) (courtesy of IBM Corporation)
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systems serve as a switch or a director of information

among servers and/or storage units. These units are

capable of very rapid data rates, e.g. 10 GB/s or more.

Mid-range Systems (Fig. 2d), so-called because they

are often utilized to support mid-sized businesses, are

rack-mounted units. They consist of a small number

(15 or so) of disc drives that provide a continuous flow

of data across storage networks. Network Attached

Storage (NAS, Fig. 2e) systems are also rack-mounted

units that contain a small number of disc drives and

configured to serve as an interface between a LAN and

SAN [2, 3].

2.1.3 Network infrastructure and telecommunications

equipment

The solder exemption granted for network infrastruc-

ture equipment specifically relates to routing, switch-

ing, signaling, transmission, network management or

security and telecommunications. Network infrastruc-

ture equipment consists of integral and complex

elements of information systems that provide mission-

critical support for communication networks.

2.2 High-performance systems vs. consumer

electronics

The requirements and characteristics of high-perfor-

mance electronic products are very different from

consumer electronics (Table 1). The PCBs are very

complex compared to consumer products and typically

consist of a large number and high mix of attached

components, with thousands of solder joints (Fig. 3).

High-end equipment is expensive, low volume, and

usually owned by corporations. The equipment is

sophisticated, requiring long development cycles to

assure the demanding functional and reliability

requirements are met. These products experience

continuous utilization over their operational life time,

with virtually no allowed down time. In some appli-

cations such as satellite systems there is no opportunity

for repair; while others must operate under harsh

environmental conditions, experiencing temperature

extremes between – 40 and 70�C [4]. The successful

operation of high-performance systems is absolutely

necessary, given their potential societal and life/death

consequences in the event of failure, compared to

annoyances of consumer-product failures. Changes

that have the potential of compromising reliability such

as the introduction of Pb-free solder joints cannot be

incorporated into high-performance systems until they

are demonstrated to pose a very low risk.

2.3 Reliability and operational requirements

The reliability and operational requirements of the

high-performance systems granted a solder exemption,

far exceed those of any other electronic equipment in

use today. For example, these systems are expected to

be capable of continuous operation 24 h per day,

7 days per week, for at least 10 years in most cases

[2, 3] and up to 25 years for some telecommunications

equipment. The allowed ‘‘downtime’’ for high-perfor-

mance systems varies from an average of 5.3 min per

year for network infrastructure equipment [5] to

essentially no allowable failures for mainframe com-

puter systems (Table 2) and the storage systems that

support them. For example, based on an average of 100

installed units, a mainframe computer typically only

experiences one incident repair action (IRA) in over

10 years of operation. However, the system is still fully

or partially functional so repairs can be made at the

Table 1 Typical characteristics and requirements of high-
performance systems vs. Consumer electronics

Characteristic/
Requirement

High-performance
systems

Consumer
electronics

Complexity High to very high Low
Development time 2–5 years 1–3 mos.
Owners Corporations Individual

end users
Product life Servers/Storage:

5–15 years
1–5 years

Network Infra. Equip:
15–20 years

Telecommunications:
up to 25 years

Utilization 24 h/day, 7 days/week
over product
life time

Intermittent
over life time

Volumes Very low Very high

Fig. 3 Photographs that illustrate the difference in complexity
between a telecommunications infrastructure product (high-
performance) PCB and a mobile phone PCB (consumer
product). The photographs are approximately to scale (after
Ref. [4]) (courtesy of Alcatel)
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user’s convenience. Sometimes no failures are in-

volved, but modifications made to update the system

such as installing a microcode patch, change a channel

card, etc. An actual system crash or so-called

unscheduled incident repair action (UIRA) typically

only occurs about once every 30 years or more, also an

average based on every 100 systems installed in the

field. The requirements for high-performance systems

far exceed those of consumer electronics, which are

only used occasionally and whose operational lifetime

is normally 1–5 years. Also, there are no particular

reliability norms associated with consumer-electronic

products.

2.4 Use of lead in high-performance electronic

systems

High-performance electronic systems typically are

complex. For example, a large-scale electronic pro-

cessor consists of 10,000 or more individual parts that

are combined into subassemblies that are themselves

combined into functional assemblies or systems,

e.g. power, memory, logic, cooling, etc. Many of these

contain lead (Pb). Individual parts, subassemblies, and

assemblies are categorized into subclasses to efficiently

manage parts purchasing, the vendor supply line, and

production. Although there are no industry standards,

some typical subclass categories that utilize lead and

common to many high-performance products are listed

in Table 3. Lead (Pb) is an ingredient in a variety of

materials utilized in electronic products including

cathode ray tubes, (CRTs) for shielding radiation, in

cables as a PVC stabilizer, in certain ceramic compo-

nents (e.g. capacitors, piezo electric devices), but pre-

dominantly in solders. It is estimated that over 200,000

electronic components contain lead-bearing solders.

Solders are literally the ‘‘glue’’ that hold electronic

products together and also possess the necessary elec-

trical, mechanical and thermal properties. Solder is

utilized as a coating material on the traces (i.e. copper

circuitry) of PCBs and component lead frames. Solder

is used for flip-chip solder bumps, and solder-ball

terminated components (BGAs, CSPs). It is also used

to attach all the circuit elements to PCBs (components,

connectors, passives, etc.), to form hermetic seals for

some components, etc. Eutectic (63Sn–37Pb) solder

has been universally used for the assembly of cards and

boards, but both low-Pb solders (85Sn–15Pb) and high-

Pb solders (97Pb–3Sn) are utilized in electronic prod-

ucts as well [6].

3 Exemptions important for high-performance

electrical systems

The ROHS legislation notes a variety of applications

(Table 4) where the use of lead (Pb) is permitted

regardless of the electronic product category since no

viable alternative materials are known. It is also stated

Table 2 Typical mainframe computer operational and reliability
capabilities

Feature/Aspect Capability

Typical field life 90,000–100,000 h
Lifetime operating percentage 99.9954%
Average total lifetime downtime Less than 4 h
Frequency of an Incident
Repair Action (IRA)*

> 10 years

Frequency of an Unscheduled
Incident Repair Action (UIRA)*

> 30 years

*Average based per 100 installed units in the field (after Ref. [3])

Table 3 Some lead (Pb) containing hardware categories
common to many high-performance electronic products

Part/Assembly
category

Lead (Pb)
utilization

Electronic functions Card/component lead finishes
Solder joints

Memory functions Component lead finishes
Logic functions Component lead finishes
Storage finishes Component leads/card

Solder joints
Power supply Components/solder/card/finishes
Voltage Reg. Modules Components/solder/card/finishes
I/O & system cards Surface finishes
Actives/Optics/Passives Lead finishes
Cables/Connectors Thermal stabilizer in cables

Connector finishes
Mechanical parts Metal joining (solder)
Black/Grey boxes Hard drives

Monitors
Power supplies

Table 4 ROHS Lead (Pb) exemptions for any electronic
product

Exemptions

Non-solder related
Piezo electric devices
All glass products

Cathode ray tubes, fluorescent tubes, filter glass
Lead utilized as an alloy with certain metals

0.35% in steel
0.4% in aluminum
4.0% in copper

Electronic ceramic components
Lead-acid storage batteries
Solder related
High-lead content solders, > 85% Pb
Two-element solders, > 80% Pb, but < 85% Pb
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in the Annex of the ROHS legislation that the use of

lead in solders is permitted (i.e. with no concentration

limitations) in servers, storage systems, and net-

work infrastructure/telecommunications equipment. It

should be noted however, that the use of lead in these

high-performance systems is also banned, except for

solder materials. The European Commission (EC)

never issued any guidance documents that defined the

term ‘‘solder’’, which has caused some controversy and

confusion in the industry. For many applications there

is broad agreement, while in others it is not clear if the

exemption applies. In any event, the general solder

exemption ( > 85% Pb), and the solder exemption for

high-performance systems were granted to assure the

reliability of solder joints, which will be discussed in

detail later in this paper.

The EC realized that as the electronics industry

pushed forward in implementing Pb-free technology

new issues were likely to arise. Accordingly, a proce-

dure was put in place whereby the EC’s Technical

Advisory Committee (TAC) reviews industry-gener-

ated exemption requests. Three exemption requests

granted by the EC that are of particular importance to

high-performance systems are: flip-chip mixed solder

joints, the use of Pb for compliant-pins, and for a C-

ring utilized in a cooling system.

4 Lead (Pb) use in solder exemptions
for microelectronic packages applications

4.1 Components with wirebonded chips

The ROHS Directive makes it necessary to eliminate

lead (Pb) (i.e. < 1,000 ppm level) in microelectronic

components utilized in electronic products that do not

qualify for an exemption such as personal computers

(PCs), personal data assistants (PDAs), camcorders,

digital cameras, and other consumer electronics

products. Although lead (Pb) is used internally for

some microelectronic components, it is most often

used for component terminations (i.e. lead-frame fin-

ish, or solder ball/bump) and the solder paste to

reflow attach components to the next level of

assembly, typically a printed circuit board (PCB). The

use of Pb for some major microelectronic package

types is illustrated in Fig. 4. A quad flat pack (QFP)

consists of a chip that is adhesively back-bonded to

the chip carrier. Thin gold or aluminum wires are

bonded to pads located around the periphery of the

chip that provide the electrical path between the chip

and plastic chip carrier. Lead–tin coated metal fingers,

called leads, extend beyond the molded plastic body

and are used to attach the package to the PCB. A Pb-

free lead finish (e.g. pure Sn) is used to render these

components ROHS compliant. This is also true for

solder-plated pads on quad flat non-leaded (QFN)

and bumped chip carrier (BCC) packages. They also

utilize adhesively-mounted wirebonded chips (Fig. 4b,

c). Plastic ball grid array (PBGA) components and

their enhanced versions EPBGA or HPBGA with

wirebonded chips (Fig. 4d, e) consist of an array of

solder balls on the under side of the plastic chip

carrier, used for attachment to a PCB. The standard

solder ball composition is typically eutectic Sn–Pb or

eutectic Sn–Pb with 2% Ag to help reduce leaching

Cu from terminal pads during reflow operations. Both

compositions are compatible for assembly with Sn–Pb

solder paste. ROHS-compliant versions are created by

utilizing Pb-free solder balls, usually a Sn–Ag–Cu

(SAC) solder alloy.

4.2 Components with flip-chips

4.2.1 Attributes of flip-chips

Flip-chips provide for large numbers (several thou-

sand) of tiny (about twice the diameter of a human

Die Heat Sink

Solder Ball LaminateLaminate Solder Ball

Epoxy Resin
Bump Terminal

Mould Resin     Die

Plated Pads 

Solder-Coated
Co er Lead

Copper Die 
Paddle

HPBGA
(d) PBGA/EPBGA

Wire Bond Mold Compound

(c)

(e)

BCC
(b)

QFN
(a) QFP

Wire Bond Mold Compound

Die

Fig. 4 Illustration depicting
several microelectronic
package types: (a) Quad flat
pack (QFP). (b) Quad flat
non-leaded (QFN). (c)
Bumped chip carrier (BCC).
(d) Plastic ball grid array
(PBGA)/enhanced plastic
ball grid array (EPBGA). (e)
High-performance ball grid
array (HPBGA) (after Ref.
[7])
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hair), densely-spaced solder bumps spread over the

entire active surface of the device. The solder bumps

are located below the chip allowing close chip-to-chip

spacings (typically referred to as brickwalling). Close

chip proximity is important since it allows for the

efficient use of chip-carrier real estate, but even more

important, it reduces the chip-to-chip distance, thereby

significantly increasing the circuit speed, i.e. perfor-

mance. Flip-chip interconnections also provide supe-

rior electrical performance (i.e. low inductance and

resistance) since they are very short, large-diameter

conductors compared to the wire interconnections

utilized for wirebonded chips. Flip-chip solder joints

have demonstrated a very high degree of reliability in

the field, the highest of any chip interconnection

technology. Their very-high interconnection density

capability, excellent electrical characteristics (even for

high frequency and multiple simultaneous switching

conditions), and high reliability are some of the major

reasons that flip-chips are so widely used in high-per-

formance, high-reliability electrical equipment. It is

also thought to be the reason the EC provided a gen-

eral exemption for solders with > 85% Pb, i.e. to

assure the integrity and desirable mechanical proper-

ties of solder joints, and those of flip-chips in particular.

4.2.2 Flip-chip solder joint requirements

Flip-chip solder joints serve several important pur-

poses: they provide both an electrical and thermal path

between the chip and next level of assembly, as well as

a mechanical attachment. Wirebonding only provides

an electrical path. Flip-chip solder joints must, there-

fore, maintain adequate mechanical properties, par-

ticularly the ability to withstand thermal fatigue.

Thermal fatigue is the result of a mismatch in the

coefficient of thermal expansion (CTE) between the

materials attached to the opposite ends of the solder

joint (i.e. the silicon chip and next level of assembly

material). Solder joints experience shear stresses when

exposed to temperature cycles that result from elec-

trical equipment being turned ‘‘on’’ and ‘‘off’’. Lead

(Pb) is almost unique in its ability to withstand failure

upon being bent back and forth during the course of up

to several thousand thermal cycles. That is, high-Pb

solders have the ability to relieve stress through plastic

deformation, in contrast to high-Sn solders where the

ability to undergo plastic deformation is considerably

more difficult. The ability to undergo plastic defor-

mation (i.e. be ductile) without undergoing failure is an

important characteristic for flip-chip solder joints.

High-Pb solder joints accommodate shear stresses

internal to the solder joint instead of ‘‘passing’’ the

stress on to the fragile, stiff and brittle silicon chip.

Finally, high-Pb, high-melting solders such as 97Pb–

Sn (MP = 322�C) often used for flip-chip solder bumps,

have the ability to withstand high current densities

over long periods without undergoing a degradation

process referred to as electromigration, discussed in

Part II.

4.2.3 Flip-chips mounted in BGA packages

Converting BGA microelectronic packages with

wirebonded chips to ROHS-compliant (i.e. Pb-free)

versions requires changing the solder balls to a Pb-free

solder. But the situation is more complicated in the case

of packages with flip-chip mounted semiconductor

devices. Consider for example a flip-chip with 97Pb–Sn

solder bumps reflow attached to a ceramic BGA chip

carrier, (Fig. 5a). Although the BGA solder balls are

90Pb–10Sn (Fig. 5b), the attached component may or

may not be ROHS compliant. The composition of the

flip-chip solder bumps are compliant. But the composi-

tion of the BGA solder joints may not be compliant

depending on the fraction of eutectic solder volume

comprising the joints. The component consists of

eutectic Sn–Pb solder fillets that attach the 90Pb–10Sn

solder balls to the CBGA. Depending on the eutectic

Silicon Chip(a)

97Pb-3Sn Solder bump

MetalPad

Ceramic Chip Carrier

63Sn-37Pb(exempt for
high-performance systems)
or  Pb-free solder (ROHS
compliant for all applications)

97Pb-Sn (>85% Pb,
exempt in all cases) 
90Pb-Sn (>85% Pb,
exempt all cases) 

Flip-Chip(b)

Printed Circuit Board (PBC)

Fig. 5 A flip-chip with high-Pb (97Pb–3Sn) solder bumps is
attached to a ceramic chip carrier that has high-Pb (90Pb–10Sn)
solder balls. (a) Photomicrograph of a vertical cross section of a
flip-chip solder bump directly reflow-attached to a metallized pad
on the ceramic chip carrier (after Ref. [8], courtesy of IBM
Corporation). (b) Sketch depicting two ways the ceramic BGA
can be attached to the PCB: with eutectic Sn–Pb (exempt for
high-performance systems) or Pb-free solder, which is ROHS
compliant but creates a mixed solder joint that is not forward
compatible
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Sn–Pb solder volume utilized to surface-mount attach

the component to the board determines if the lead

content in the CBGA solder joints are > 85% in order

to beROHS compliant. That is, if the amount of eutectic

Sn–Pb solder paste used to SMT-attach the CBGA

component is too great, the resulting lead (Pb) concen-

tration in the CBGA solder joints will be < 85%; and

therefore not ROHS compliant. Exempted high-per-

formance equipment (i.e. servers, storage and storage

array systems, etc.) are not affected by the eutectic Sn–

Pb solder volume issue since they can utilize any solder

independent of Pb content. Note that if the BGA com-

ponent with 90Pb–Sn solder balls is attached to the PCB

with a Pb-free solder, a mixed solder-joint condition is

created. Although ROHS compliant, it is considered a

reliability risk (i.e. not forward compatible) as discussed

in Part II.

The use of plastic BGA chip carriers has become

widespread owing to their reduced weight and lower

cost compared to ceramic BGAs. The flip-chip solder

bumps of some BGA part numbers may only be

available with high-Pb solders (i.e. 97Pb–Sn) that

require a 340�C or higher reflow temperature which is

much higher than plastic chip-carrier materials can

withstand. The chips are therefore attached with a low-

melting-point solder, usually eutectic Sn–Pb to

circumvent the problem. The use of a low-melt solder

to attach flip chips with high-melt solder bumps

(Fig. 6a) has recently been approved by the European

Commission. Although this combination consists of

two different solder compositions, they are both of the

same Pb–Sn solder family. The degree of high-Pb sol-

der dissolution into the low-melting eutectic Sn–Pb

solder is normally quite limited under standard

assembly reflow conditions. This solder combination

typically results in high-reliability solder joints because

most of the solder joint is high-Pb which characteris-

tically provides superior fatigue resistance. Flip-chips

with eutectic Sn–Pb solder bumps can be directly

reflowed to plastic chip carriers without the concern of

thermally degrading the carriers. These solder joints

are ROHS-compliant even though the Pb content is

less than 85%. The inherent thermal-fatigue resistance

of all-eutectic Sn–Pb flip-chip solder joints is less than

their dual-solder counterparts, i.e. 97Pb–3Sn solder

bumps mounted to a PBGA component with eutectic

Sn–Pb solder paste. However, the thermal fatigue

resistance of all-eutectic flip-chips with an underfill

mounted on PBGA chip carriers is equal to or exceeds

the fatigue resistance of dual-solder flip-chips. The use

of an underfill material becomes an issue in situations

where chip replacement (i.e. rework) may be neces-

sary, such as multichip modules, where it may become

necessary to replace one or more chips. Replacing

chips with underfills is time consuming, and a reliability

concern. It is not a recommended procedure for H-P

equipment. Plastic BGA components normally have

eutectic Sn–Pb (some contain 2% Ag) solder balls

(Fig. 6b) and are attached to the PCB with eutectic Sn–

Pb solder paste. This lead-containing BGA solder joint

is not ROHS compliant but is exempted (i.e. allowed)

for high-performance systems. It was the standard

surface-mount (SM) assembly process in use prior to

the ROHS legislation going into force.

5 Exemption for the use of Sn–Pb coated compliant

pin (push pin) connectors

Compliant-pin refers to an interconnection technology

that mechanically and electrically joins a connector to

a printed circuit board (PCB) without the use of a

solder process [9]. This technology has been widely

utilized in applications requiring high reliability such as

the telecommunications and defense industry for more

than 20 years [10, 11]. The most common designs are

illustrated in Fig. 7. Initially, solid pressed-fit pins were

utilized where the pin diameter was slightly greater

than the plated-through-hole (PTH) diameter, requir-

ing some deformation of the pin and hole material

Plastic Chip Carrier

Metal Pad

Low-melting Point
Solder (63Sn-37Pb) 

High-melting Point Solder
(97Pb-3Sn) Bump

Silicon Chip(a)

(b)

)63Sn-37Pb
97Pb-Sn

Combination is not ROHS compliant,
but exempt for high-performance
systems (i.e. servers, storage systems,
etc.)

Plastic ChipCarrier

Eutectic Sn-Pb 

Eutectic Sn-Pb/eutectic
Sn-Pb+2% Ag )

Combination is 
ROHS compliant

Flip-Chip

Fig. 6 A flip chip with a high-Pb (97Pb–3Sn) solder bumps is
attached to a plastic chip carrier that has low-melt solder balls
(eutectic Sn–Pb). (a) Photomicrograph of a vertical cross section
of a flip-chip solder bump attached to a metallized pad on the
plastic carrier with a low-melting point solder, eutectic Sn–Pb
(after Ref. [8]) (courtesy of IBM Corporation). (b) Sketch
depicting the attachment of the plastic chip carrier with eutectic
Sn–Pb solder paste forming an all-eutectic Sn–Pb solder joint
that is not ROHS compliant, but exempt for high-performance
systems
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when the pin was inserted into the hole. Very tight

tolerances of both pins and PTHs were required to

avoid damage upon pin insertion or extraction. Since

compliant pins compress, the allowed tolerances of

both pin and hole diameters is much greater than for

solid pins, and the insertion and extraction forces much

less compared to solid pins [13]. Compliant-pin con-

nections are widely used in high-performance systems

because they allow for very high-density and high

reliability designs (Fig. 8).

5.1 Advantages of compliant pins over soldered

connections

Compliant-pin connections have several important

advantages over soldered connections. In high-perfor-

mance systems it is often necessary to locate active

components on both sides of a PCB, thus installing

wave-soldered, through-hole components becomes

problematic since many active components cannot

withstand wave soldering temperatures. The situation

becomes even more aggravated in the case of high-

melting point Pb-free solders. Compliant-pin connec-

tions allow the attachment of large, high-thermal-mass

components, connectors or daughter cards to back-

planes without the complications inherent to solder

processes. Additionally, compliant-pin connections

provide the capability for very-high packaging density

due to the ability for connectors to share the same

contacts and stagger components or connectors on the

top and bottom of a PCB (Fig. 7a, b). Since there are

no minimum space limitations, as there are for sol-

dering processes, smaller plated-through-holes (PTHs)

can be utilized with compliant-pin systems which al-

lows for a higher signal line density between PTHs.

Signal integrity is also better in compliant-pin systems

Fig. 7 Illustration depicting
several compliant-pin designs.
(a) Eye of the needle. (b)
Tyco Electronics patented
‘‘Actin Pin’’. (c) Winchester
Electronics patented ‘‘C-
Press’’ (after Ref. [12])

(c)

Bottom Connector

PCB

Shared Contact 

Top Connector

No Solder, less 
Metal in Signal
Path – Enhances
Electrical
Properties

Solder in Signal Path 

Solder Tail Connections Compliant Pin 

(a) (b)Fig. 8 Illustration depicting
several advantages of
compliant-pin connections
over soldered connections.
(a), (b) higher packaging
density, thus enhanced
electrical performance. (c)
Enhanced signal integrity due
to interconnection features
(after Ref. [14], (courtesy of
P. Isaacs, IBM Corp.)
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compared to the configuration of soldered PTHs

(Fig. 7c). All of these factors contribute to provide a

superior electrical performance capability. Accord-

ingly, compliant-pin terminations have become the

predominant method of attachment for backplane

systems; providing reliable connections with high-per-

formance capability, i.e. signal integrity at multi-

megabit transmission rates [15, 16]. High-density,

compliant-pin connections are becoming even more

important because of greatly increased network band-

width and speed requirements. It is now a key con-

sideration given the ever increasing data-transfer rates

between a mother board and daughter cards in high-

performance systems [17].

5.2 Role of Sn–Pb solder coating

Compliant-pin connector systems depend on a very

thin (1.27–1.78 lm thick) tin–lead, solder-plated

coating with the lead content ranging from 3 to 10%.

The lead (Pb) acts as a lubricant to reduce the force

necessary for inserting components into a PCB. This

lubrication effect ensures that the PTHs in the PCB are

not damaged when inserting or removing high-pin-

count components. A typical insertion force ranges

between 4 and 10 lbs. per pin [18]. The Sn–Pb coating

aids in removal as well. However, the retention force

must be sufficient to maintain the integrity of the

connection [18]. Typical compliant-pin retention forces

vary between 2 and 10 lbs. per pin. The need for a

sufficient lead (Pb) content in the Sn–Pb solder coating

is illustrated in Fig. 9. In the case of high-pin count,

high-density boards utilized in mainframe computers, a

nominal 90Sn–10Pb composition is utilized (50–70 l
thick), with a minimum of 3% Pb as noted earlier. If

the Pb concentration is too low (approximately 2% or

less) the PTHs are observed to become damaged when

inserting or extracting components (Fig. 9b). When the

insertion and removal forces are excessive the plating

and hole shape of PTHs is damaged and so distorted

that reliable connections cannot be made [11]. Lead–

tin coatings also possess the necessary contact point

wiping characteristics. Surface oxides and other debris

are wiped away at both the pin and PTH surfaces when

the pin is inserted. The clean, fresh surfaces make

physical contact with each other, and provide the

optimum conditions to create an air-tight electrical

connection (Fig. 10).

5.3 Search for Pb-free solder coatings

Several studies were conducted investigating the effect

of various combinations of Pb-free solders utilized

(Table 5) with PTHs and eye-of-the-needle design

compliant pins [19–21]. It was determined that all

compliant pin and PTH combinations tested created

less than the maximum allowable hole distortion, and

left more than the minimum allowable plated thickness

remaining in the PTHs. Also, no cracks were observed

in the plating of the through-holes as required by IEC

60352–5 specifications [22] in an initial study [19]. A

subsequent re-evaluation [20] confirmed that all the

test combinations also conformed with a more strin-

gent PTH deformation requirement as set forth in R4–

10 of the Network Equipment Building System

(NEBS) Telcordia Specification, GR-78-CORE. An-

other test was conducted [21] with Au over Ni-coated

pins in addition to the Pb-free combinations listed in

Table 5 evaluated in the earlier tests. Based on the

combined results of these studies the effect of the

Fig. 9 Cross section of a
board (a) with a compliant-
pin connector that met the
solder-coating requirements,
therefore there is no damage
to the plated through hole
both during pin insertion
(top) and after extraction
(bottom). (b) A compliant-
pin connector whose Pb
concentration in the Sn–Pb
coating was below
requirements resulted in
damage to some PTHs after
the compliant-pin connector
was removed (courtesy of
IBM and Molex
Corporations)
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various pin coatings on insertion force are ranked as:

matte Sn > gold > bright Sn–Pb > bright Sn. In

general, the use of Pb-free compliant-pin finishes cau-

ses the insertion force to increase by approximately

15% compared to a Sn–Pb coating [23]. For high-pin-

count components, connectors, etc., this translates to a

significant increase in the total force applied to a card

or board. The impact of this increase must be well-

understood before Pb-free solders and coatings can be

utilized for compliant pins in high-performance, high-

reliability systems. Similarly the retention forces for

the pin finishes are ranked as: matte Sn > bright Sn–

Pb > bright Sn > gold. To determine the effect of

environmental factors the various Pb-free pin and PIH

combinations were exposed to three conditions: room

ambient (23�C, 30–50% RH/5,000 h), heat/humidity

(60�C/93% RH/5,000, 6,000 h), and thermal cycling

( – 40 to 85�C/air-to-air, 10 min dwell/2,500 cycles)

[21]. Tin whiskers were observed to nucleate and grow

on all three pin coatings even though a Ni undercoat

was used to mitigate their formation (Table 6). The

temperature/humidity condition had the greatest effect

in accelerating Sn-whisker formation and growth.

Based on the Sn-whisker sizes observed, both the

matte and bright-Sn pin coatings met the Class 2

acceptance criterion of the iNEMI Sn-whisker test,

i.e. < 40-lm size whiskers. The level of risk intro-

duced by whiskers of this size may be reasonable for

some applications, but not high-performance equip-

ment without a thorough investigation including

extensive qualification testing. This also includes the

use of gold finishes for compliant pins. Although Au

finishes eliminate the Sn-whisker issue, they never-

theless result in unacceptably high insertion forces, low

retention forces, and a very significant increase in cost.

The trade-off of adverse mechanical performance for

the elimination of Sn whiskers is also not acceptable.

The EC granted an exemption to allow the use of Pb

for compliant-pins, and in consideration of the issues

noted, for good reason. However, studies are contin-

uing in an effort to resolve the outstanding concerns.

6 Use of Lead (Pb)-coated C-rings: an important test
case

6.1 Single-user exemption request

All the exemptions granted when the ROHS legisla-

tion was enacted (Feb 13, 2002) pertained to practices

in common usage across the electronics industry.

Exemption requests were generally made through an

industry association and carried the unanimous con-

sensus of the association’s membership. The matter of

an exemption request that only affected the product(s)

of a single company first surfaced with an IBM request

for the use of lead rather than a lead (Pb)-free solder

for an application specific to IBM mainframe com-

puters.

6.2 Cooling requirements

All server products are designed to perform massive

computing tasks. Significant quantities of heat are

generated due to a high degree of integration for

numerous high-power devices. Each server has its own

unique heat-removal requirements. Even servers

manufactured by the same company, like IBM, often

utilize different hardware design concepts to achieve

the desired performance and reliability objectives

through custom designs that efficiently remove heat

from a particular platform. The architecture of IBM’s

very-high performance mainframe computers (i.e.

zSeries), results in the generation of significant quan-

tities of heat, the source of which is a unique processor

Fig. 10 Illustration depicting a compliant-pin with debris and
oxide wiped from the pin and PTH surfaces that are in contact
forming an optimum air-tight electrical connection (after Ref.
[12])

Table 5 Potential Lead-free alternatives evaluated

Compliant-pin coating Printed Circuit Board
Material (i.e. PTH)

Sn–Pb (benchmark) Electroplated Ni/Au
Pure Sn, matte Copper/OSP
Pure Sn, bright Immersion Tin (Sn)

Immersion Ni/Au
Immersion Ag

Table 6 Tin-whisker growth observed during testing

Compliant-pin finish Sn-Whisker
formation, Size (lm)

Ni/bright Sn–Pb Yes, 20–30
Ni/matte Sn Yes, 20–37
Ni/bright Sn Yes, ~20
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module referred to as a thermal conduction module

(TCM). This technology allows a large number of chips

to be placed in close proximity to each other on a

single ceramic chip carrier, which greatly enhances

both performance and reliability, but also localizes the

heat that the chips generate. IBM introduced the TCM

technology in its mainframe systems starting with the

3081 Processors (1981). At that time a combination of

118 closely-spaced logic and memory devices were

mounted on a 90-mm multilayer ceramic (MCM) chip

carrier. The TCM assembly was designed to maintain

the chip-junction temperature below 81�C with a

maximum thermal load of 4 watts per chip, and a

cooling capacity of up to 300 watts. Cooling was

achieved by a separate spring-loaded piston contacting

the back side of each chip (Fig. 11). The array of pis-

tons was contained in a housing that in turn contacted a

water-cooled cold plate that removed the heat. A key

aspect of the TCM’s design in meeting its heat-removal

requirements was charging the assembly with helium

gas to a pressure of 0.16 MPa (1.6 atm.) to minimize

the thermal resistances at the chip-to-piston and pis-

ton-to-housing interfaces [25]. But the TCM assembly’s

ability to meet its functional cooling requirements over

its operating lifetime depends on maintaining the

integrity of a seal created by a C-ring (Fig. 12).

The C-ring is clamped between the cooling housing

and a flange brazed to the ceramic chip carrier. Since

the computing power of mainframe computers has

steadily increased, correspondingly the TCM’s heat-

removal requirements dramatically increased as well.

By 1991, TCMs utilized in the IBM Enterprise System

9000TM family of processors had a heat dissipation

capability of 600 watts [26]. The number of chips

(typically about 16) mounted on TCMs utilized in

IBM’s current mainframe systems (i.e. eServer z990) is

much reduced due to very large scale integration

(VLSI) technology. However, these very complex

chips each possesses 10K or more I/O solder bumps

and dissipates 180–200 watts. Currently TCMs are re-

quired to dissipate between 800 and 1,200 watts

depending on the particular system. The current, more

compact and simplified TCM design (Fig. 13) utilizes a

thermal interface material (TIM) to provide a more

direct heat-removal path between a chip and the hat to

which an air-cooled heat sink is attached. Helium is

also charged into these TCM assemblies to provide a

benign internal atmosphere. The C-ring must prevent

oxygen or other gaseous species from entering the

TCM and degrading the TIM or chemically attack the

flip-chip solder joints.

6.3 C-Ring requirements

The C-ring core material is Inconel 718, 0.38lm thick

and has a 2.5lm non-compressed height. It is electro-

plated with pure Pb, 63–115 microns thick, resulting in

a deposited average weight of 3.1 g. The lead (Pb) is

overcoated with a very thin coat of a multi-component,

blended wax [27] (Fig. 14). The Pb coating exhibits

excellent sealing characteristics to both ceramic and

metal surfaces, to maintain near hermetic conditions

(i.e. a helium leak rate of 10–8 atm-cc/sec) over the

anticipated 10-year life of a TCM. The seal experiences

500 lbs. of force per inch of the seal. The Pb seal also

Fig. 11 Oblique-view photograph of the TCM assembly utilized
in IBM 3081 processors, with a cut-out section to make some
pistons and mounted chips visible (after Ref. [24])

Fig. 12 Illustration depicting the major elements comprising a
TCM assembly used in IBM 3081 processors (after Ref [25])
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provides excellent wear characteristics when exposed

to accelerated thermal cycle (ATC) stress testing,

eliminating the effect of C-ring motion resulting from

the coefficient of thermal expansion (CTE) mis-

matches between the C-ring and the materials it is in

contact with [27].

6.4 Lead-free alternatives

A number of solutions were evaluated, among them:

elastomer and metal O-rings; elastomer, metal, and

composite gaskets; and plated elastomers. Other plated

coatings were evaluated on the Inconel core in place of

Pb, among them: Au, Ag, Pb–Sn, and In. All those

potential solutions failed to meet the requirements.

Among the reasons were: high gas permeation rate,

high wear rate causing an unacceptable loss of normal

force, and poor ATC test performance [27]. Lead (Pb)

was the only material found suitable to meet the per-

formance requirements. In early 2004 the European

Commission (EC) granted an exemption for this

application.

Fig. 13 Major elements
comprising TCMs utilized in
IBM eServer z990 mainframe
computers. (a) Typical top
surface floor plan of chips and
decoupling capacitors
mounted on a 93 mm ·
93 mm ceramic chip carrier.
(b) Side-view schematic
depicting a TCM assembly
(after Ref. [27])

Fig. 14 Photomicrograph of a C-ring in cross-section, consisting
of a 0.015-in. thick Inconel core, electroplated with 0.002–
0.004 in. of lead (Pb) (after Ref. [28])
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This request served as an important test case. If

viable solutions exist to implement Pb-free technology,

it is generally understood that the EC requires that

those solutions be adopted, with cost only a minor

consideration from an EC perspective. However, this

case involves an important principal. Other mainframe

manufacturers have solutions that do not involve the

TCM approach, but have completely different archi-

tectures and methods of cooling. What is at issue here

is the impact that forcing ROHS compliance could

have on innovation, product competitiveness, and the

pursuit for optimum product quality and performance.

That is, IBM and its competitors each adopted a sys-

tem architecture and design in the belief it provided

the best approach to be competitive and provide the

highest performance products over time. These are

typically long-term strategies, as shown in IBM’s case.

If the EC had insisted that IBM abandon its TCM-

based approach, and acted similarly with other entities

in instances requiring a major design departure from

their products, these actions among other things would

only serve to have a serious adverse impact on tech-

nical innovation and progress, clearly not objectives of

the ROHS legislation. This unintended negative im-

pact was avoided by the granting of IBM’s exemption

request.

7 Summary/Conclusions

This paper has discussed the most important differ-

ences between consumer electronic products and those

high-performance products that the EC permitted the

continued use of lead (Pb) in its solder exemption. In

addition, the paper discussed three specific industry

exemption requests that have a particular importance

and relevance to high-performance equipment appli-

cations. It was concluded that:

(1) High-performance equipment differed markedly

from consumer electronics in several important

respects.

(a) High performance equipment is relatively

expensive and low volume. It has a 10-to-25-

year operational life, is often refurbished,

and those portions that are ultimately dis-

carded only represent a very small fraction

of the electronic waste in landfills.
(b) The complexity of high-performance equip-

ment is often orders of magnitude greater

than that of consumer electronics. Intro-

duction of new Pb-free assembly materials

makes the product assembly task more

difficult and that increased difficulty directly

translates into the creation of defects and a

corresponding reduction in reliability.
(c) The most important factors that differentiate

high-performance from consumer electronic

equipment are a demanding set of reliability

requirements. Among these are the ability to

operate continuously for 10–25 years with

virtually no downtime due to failures. Some

telecommunication equipment must meet

these requirements in harsh outdoor envi-

ronments or satellite systems in space envi-

ronments with little or no opportunity for

repair.

(2) Lead is an ingredient in a variety of materials

utilized in electronic products including batteries,

glass in monitors, cable sheathing, some ceramic

components, and in solders. Solders are used as a

coating material for PCBs, component lead

frames and solder bump/ball terminations; and

are universally utilized to attach components,

connectors, and other circuit elements to printed

circuit boards (PCBs). A main board in a high-

performance electronic product may have 10,000

or more attachments, resulting in the need to

create thousands of sound and reliable solder

joints.

(3) A variety of leaded chip and component termi-

nation combinations have been exempted (i.e.

allowed to be used) by the EC for high-perfor-

mance systems. It is permitted to attach a flip-chip

with high-Pb solder bumps to the next level of

assembly ( > 85% Pb) with eutectic Sn–Pb solder

( < 85% Pb). These high-Pb flip chip/eutectic

tin–lead solder joints typically exhibit good fatigue

properties since both solders are of the same sol-

der family (Pb–Sn), and also because most of the

high-Pb bumps remain undissolved in the eutectic

Sn–Pb solder. This was an important exemption

since the use of plastic over ceramic for BGAs is

increasing rapidly. A eutectic Sn–Pb attachment

provides a sufficiently low-reflow temperature to

preserve the integrity of plastic chip carriers.

Being ROHS compliant does not necessarily

qualify a solder joint for high-performance appli-

cations. For example, BGA components with

high-Pb solder balls ( > 85% Pb) reflow-attached

to PCBs with Pb-free solder paste, creating a joint

consisting of a solder mixture.

(4) A close proximity of components is necessary in

high-performance systems to reduce the delay
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time in transmitting information point-to-point.

Densification therefore plays a large part in

enhancing performance. The use of compliant-

pins is the preferred method of interconnection

in high-performance systems because they pro-

vide a much higher level of densification than

possible with soldered pin-in-hole (PIH) con-

nectors. It also avoids the processing problems

introduced by locally heating large and complex

assemblies. A Pb–Sn coating, with 3–10% Pb

has been the only known material that provides

the requisite combination of characteristics (i.e.

contact wipe, low insertion forces, and sufficient

retention force). All Pb-free materials, including

gold, were found not to be adequate for high-

performance systems. Very recent work utilizing

tin over a nickel underlay on top of a copper

substrate appears to provide an acceptable

combination of properties and is being imple-

mented by many of the major compliant-pin

manufacturers.

(5) IBM was granted a request to use lead (Pb) as

a coating for a C-ring that creates a seal that

prevents the oxidation of flip-chip solder joints.

It also prevents the degradation of a material

that provides the heat-removal path for chips

contained in an assembly central to the perfor-

mance of IBM’s mainframe computers. Lead

(Pb) is the only known metal that satisfies all

the requirements, although many others have

been investigated. Aside from the fact that the

request involved a significant percentage of the

world’s mainframe computing capacity, the re-

quest served as an important test case. By

granting the request, the EC indicated it would

consider the needs of even individual manufac-

turers, particularly in cases where forced com-

pliance clearly would result in impeding

progress and innovation.

In summary, it was absolutely necessary for the EC

to recognize that the integrity and reliability of high-

performance systems had to be preserved. Granting a

solder exemption was an important step in helping to

assure the reliability of H-P systems. But since even

high-performance systems are required to be ROHS

compliant, so it is likely that unanticipated issues will

continue to surface during the implementation process

and into the future. Three already have, as discussed in

this paper and the EC is already considering others.
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Abstract There are important logistical and techno-

logical issues that confront the electronics industry as a

result of implementing lead (Pb)-free technology to

comply with the European Union’s (EU) ROHS

Directive effective July 1, 2006. This paper focuses

on the technological matters that pose the greatest

potential risk to the reliability of so-called high-per-

formance (H-P) systems (i.e., servers, storage, network

infrastructure/telecommunication systems). The Euro-

pean Commission (EC) specifically granted a special

use of lead (Pb) in solder exemptions, independent of

concentration, for applications in H-P systems. The

intent was to preserve the reliability of solder joints,

particularly flip-chip solder joints. H-P systems per-

form mission-critical operations, so it is imperative that

they maintain continuous and flawless operation over

their lifetime. H-P systems are expected to experience

virtually no downtime due to system failures. This

paper discusses several major technological issues that

impede the implementation of Pb-free solders in H-P

systems. The topics discussed include solder compati-

bility and the reliability risks of mixed solder joints due

to component availability problems. The potential

effects of microstructural factors, such as the presence

of Ag3Sn platelets, and ways to eliminate them are

described. Also discussed are the effects that stress-test

parameters have on the thermal-fatigue life of several

Pb-free solders compared to eutectic Sn–Pb. Another

issue discussed involves the effect that tin’s body-

center tetragonal (BCT) crystal structure has on sol-

der-joint reliability, and the complete loss of structural

integrity associated with an allotropic phase transfor-

mation at 13.2�C, referred to as tin pest. Yet another

important consideration discussed is the tendency of

pure tin or tin-rich finishes to grow ‘‘whiskers’’ that can

cause electrical shorts and other problems. Finally, the

paper notes the potential for electromigration failures

in Pb-free, flip-chip solder joints. Based on the current

status of the issues discussed, it appears likely that the

exemption allowing the use of lead (Pb) in solder will

need to be extended by the EC when scheduled for

review in 2008, and perhaps well into the future.

1 Introduction

The European Union (EU) legislation, ‘‘Restriction of

the Use of Certain Hazardous Substances (ROHS) in

Electrical and Electronic Equipment’’ (Directive 2002/

95/EC) effectively bans the use of lead (Pb) and several

other substances in electrical products. This paper

contains references to ‘‘lead-free’’ solder alloys which

has become an industry-standard term meaning that

the solder should contain less than the ROHS Direc-

tive limit of 0.1 wt% (1,000 ppm) for lead (Pb). It does

not mean that the solder alloy will necessarily contain

no lead (Pb) at all. The worldwide effort to eliminate

the banned substances, particularly Pb, has surfaced

some significant logistical and technical challenges to
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the electronics industry. How to disposition Pb-bearing

inventory? How to easily distinguish and maintain

separation of converted and Pb-bearing parts to avoid

confusion and costly errors on the manufacturing

floor? What due diligence procedures should be fol-

lowed to assure compliance and avoid potentially

severe legal repercussions? How to establish the nec-

essary supply-line partnerships and controls to assure

the continuous availability of truly compliant parts?

While these logistical matters are important it is the

technology-based issues that pose the greatest concern

due to their potential impact on reliability. No widely

accepted ‘‘drop-in’’ Pb-free solder replacement for

eutectic Sn–Pb has been identified as yet. Only sparse

laboratory test data was initially available for the sev-

eral Pb-free solder candidates being evaluated across

the global electronics industry, and the melting point

for most of the lead-free solders is about 30�C higher

than the melting point of eutectic Sn–Pb. In addition, it

has not been possible to infer reliability performance

for the lead-free solders from the existing Sn–Pb reli-

ability data base because the metallurgical character-

istics of high-lead content and eutectic Sn–Pb solders

are significantly different compared to Pb-free solders.

Based on these considerations the EC provided several

solder-usage exemptions when the legislation was ini-

tially enacted and since then has granted several

additional exemptions requested by the electronics

industry. From the outset the EC recognized that there

was a special class of electronic products (e.g., servers,

storage, network infrastructure/telecommunications

equipment) used in mission-critical operations whose

operational integrity and reliability had to be pre-

served. Reliability greatly depends upon individual

solder joint integrity. Of particular concern are

flip-chip solder joints owing to their importance in

high-performance circuits and the harsh mechanical

conditions they must endure: e.g., exposure to repeated

shear stress fluctuations resulting from the coefficient

of thermal expansion (CTE) mismatches between the

materials on either side of the solder joint. The EC did

not provide a permanent exemption for the use of Pb

in solder for high-performance products, but did agree

to review the matter every 4 years starting in 2008.

Another reliability concern is associated with the

implementation of lead-free solder attachments in-

volves the mixing of leaded and lead-free solders.

During the initial transition phase it will be inevitable

that electrical components with leaded (Pb) solders

on their attachment points will be used in lead-free,

solder-attachment processes. Mixed-solder joints can

result in severe reliability problems. Several other

significant technical issues existed at the time the

legislation was enacted that also helped prompt the EC

to grant the continued use of lead (Pb) in solder

exemption. While progress has been made in some

cases, in others the problems are inherent and must be

sufficiently characterized in order to determine if a

‘‘safe’’ operating condition or window can be estab-

lished. For example, the wettability of all the most

popular Pb-free solder candidates is less than Sn–Pb.

There are solidification peculiarities associated with

Sn–Ag–Cu or SAC alloys that can result in the pres-

ence of large Ag3Sn platelets randomly oriented

throughout the microstructure under conditions similar

to those often encountered during manufacturing. The

thermo-mechanical fatigue characteristics for SAC

solders have been found to be very different compared

to Sn–Pb solders. There are several other lead-free

solder issues that did not exist with Pb–Sn solders

which are directly related to tin’s crystal structure.

Pure tin undergoes a phase change at about 13�C that

results in a condition called ‘‘tin pest’’ that literally

causes the tin to disintegrate structurally into a dust-

like powder. Still another very serious reliability con-

cern is the tendency for tin electroplated finishes to

form filamentary growths called whiskers. These

whiskers are conductive and have caused electrical

shorting in several mission critical applications

involving heart pacemakers, space capsules, and mis-

sile control systems. For many decades lead has been

added to electroplated tin finishes to mitigate or reduce

the tendency to form whiskers. The elimination of lead

will, unless otherwise mitigated, significantly increase

the risk of whisker shorting failures. Finally, solder-

joint electromigration resistance is becoming increas-

ingly more important due to increased electrical cur-

rent levels associated with high-performance electrical

circuits.

2 Mixed solder joints

2.1 Reliability implications due to parts availability

The ROHS lead elimination directive will have a sig-

nificant impact even for those manufacturers (e.g.

medical, military, server, telecommunication, storage)

whose products are permitted continued usage of lea-

ded (Pb) solders. Manufacturers who purposely choose

not to be compliant will also be impacted. The high

volumes associated with parts utilized in certain con-

sumer-electronic products will dictate that a particular

component is solely manufactured as a Pb-free version

[1, 2]. The demand for most Pb-free part numbers will

be so great in relation to their leaded counterparts

348 Lead-Free Electronic Solders

123



that many suppliers will elect not to support both lead

(Pb)-bearing and lead-free versions of the same parts.

Some suppliers (e.g., Infineon) have stated plans to

continue providing leaded products to customers

whose markets allow them to use lead-bearing parts

[3]. Shortages of some Pb-free part numbers are

anticipated early on presenting consumer-electronic

manufacturers with product development and market

introduction challenges that will eventually dissipate

[4]. More serious will be the unavailability of some key

Pb-bearing parts by manufacturers of high-perfor-

mance products who plan to invoke the exemptions

provided to assure the reliability of those products as

intended, or entities that simply wish to remain non-

compliant. Some degree of mixed (i.e., hybrid) metal-

lurgical solder joints raises the potential for serious

reliability problems. This situation is particularly ironic

because the reason for granting the lead-usage

exemptions was because of the uncertainty associated

with the reliability of Pb-free solder joints [5]. The

currently available reliability data base for hybrid sol-

der joints is even more scant than that for lead-free

solders.

2.2 Component and process compatibility

There are eight solder joint types that can be created

during solder reflow operations (Table 1) as a result of

solder composition variations between the component

attachment point (i.e., lead-frame finish or solder ball)

and the solder paste.

No compositional issues are introduced in cases

involving component lead finishes or solder balls and

solder paste of the same composition assuming the

solder joints are formed utilizing an adequate reflow-

temperature profile. A lead (Pb)-free component is

said to be backward compatible if it can be reliably

joined to a PCB utilizing eutectic Sn–Pb solder with a

standard Sn–Pb reflow-temperature profile. Similarly, a

Sn–Pb component is said to be forward compatible if it

can be reliably reflowed to a PCB using a Pb-free

solder paste and a Pb-free reflow temperature profile.

Both forward and backward compatibility can be

achieved for both Sn–Pb and Pb-free components

(Table 1) and such processes are practiced by many

major manufacturers [6, 7].

2.3 Forward compatibility

The forward-compatible lead-frame products with Pb-

based finishes are virtual drop-in replacements for their

Pb-free counterparts. But some caution must be exer-

cised. Pb-based components are designed to withstand

Sn–Pb reflow process temperatures, typically with a

maximum 230�C rating. Component manufacturers

have made appropriate material changes such that,

Pb-free components are capable of withstanding the

significantly higher Pb-free process temperatures. So

care must be exercised in assuring that the reliability of

a Pb-bearing component is not compromised when

subjected to the higher temperature (235–260�C) uti-

lized for a Pb-free reflow process. Care must also be

exercised in selecting a Pb-free solder paste that is

metallurgically compatible with lead (Pb) [8]. For

example, Pb-free solders containing bismuth (Bi) can

form a low-melting compound in the presence of Pb

that very significantly reduces the maximum-allowable

application temperature. Bismuth-containing solders

are successfully utilized by limiting the bismuth content

to about 5% maximum. Some manufacturers who fa-

vor bismuth solders due to their relatively low melting

points in comparison to the more commonly used SAC

solders. Lead-free solder paste compositions vary

considerably with respect to the various elements

combined with Sn, Cu, Ag, Bi, In, Bi and others.

2.4 Backward compatibility

2.4.1 Lead-frame components

Generally speaking manufacturers have found that

most lead-free surface finishes on lead-frame compo-

nents are fully backward compatible with Pb–Sn solder

and will not cause soldering or reliability problems [9]

in spite of their higher melting points. The thin plating

dissolves into the molten Pb–Sn solder volume,

providing backward compatibility. However, depend-

ing on the joint solder volume, it is sometimes necessary

Table 1 Solder joint
variations

Note: The reflow temperature
range for eutectic Sn–Pb is
typically between 220 to
235�C and 235 to 260�C for
Pb-free solder pa1stes

Component Solder paste and reflow utilized

Termination Solder Lead (Pb) free Tin–lead
Lead finish Sn–Pb Hybrid (forward compatible) Homogenous
Lead finish Pb-free Homogeneous Hybrid (backward compatible)
Ball Sn–Pb Typically not forward compatible Homogeneous
Ball Pb-free Homogeneous Typically not backward compatible
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to slightly increase the peak reflow temperature to

achieve good-quality solder joints [7]. Backward com-

patibility covers a variety of lead-frame components:

TQ, PQ, UQ, SO, VO, SOIC, PLCC, QFP, etc [10, 11].

It offers a valuable solution to manufacturers utilizing a

Sn–Pb assembly process who must incorporate one or

more lead-free components. They can do so with no

adverse affect on reliability with only minor changes in

the assembly process [10].

2.4.2 Solder ball terminals (ball grid arrays or BGAs)

As noted, the hybrid solder joints resulting from

plated lead-free lead-frame components are generally

considered a low reliability risk. But in the case of

Pb-free ball grid array (BGA) terminations the joint

reliability depends upon the homogeneity of the

microstructure as a result of the reflow conditions.

The issue here is that the melt temperature of the

Pb-free solder balls is significantly greater than that

for eutectic Sn–Pb solder paste. For example, Sn–

Ag–Cu (SAC 305) melts at approximately 217�C vs.

183�C for eutectic Sn–Pb. As a result, the solder

spheres either partially melt or do not melt at all

during the Sn–Pb reflow process [2]. In general, it

has been demonstrated that if the reflow results in an

inhomogeneous solder joint due to only a partial

melting of the solder ball, the solder joints exhibit a

much-reduced reliability compared to standard

eutectic Sn–Pb BGA solder joints [12–15]. Incom-

plete melting of the solder ball can cause poor self-

alignment, open solder joints, and latent defects [15].

Conversely it was demonstrated for a wide range of

components with Sn–Ag–Cu solder balls, if the peak

reflow temperature was > 217�C and the time above

liquidus (183�C) was sufficiently long, complete

melting and mixing was observed in the solder joints

of CSPs [12, 13], PBGA-196, 256 [15], and CBGA-

937 components [14, 15]. These studies have shown

that the reliability of some fully mixed and homo-

geneous solder joints are equivalent to or better than

comparable Pb–Sn joints. Although some joints were

observed to be statistically worse than their Pb–Sn

counterparts, they were judged to not pose a severe

reliability risk compared to the high reliability risk of

joints with partially melted Sn–Ag–Cu solder balls

[13]. Interestingly, the failure modes of both fully

and partially reflowed BGA solder joints in acceler-

ated thermal cycle (ATC) tests were observed to be

the same. Cracks initiated at the component/solder

interface and propagated through the region with

coarsened grains, i.e., areas of high stress concen-

tration. The lower fatigue life of partially mixed

solder joints was attributed to a reduced ability of an

inhomogeneous microstructure to dissipate the stress

[15]. Unfortunately, to achieve consistently homoge-

neous solder joints requires utilizing either a lead-

free or higher than normal tin–lead reflow profile.

The higher temperature itself has its own potential

for reliability problems associated with degraded

component and PCB materials.

Adjustments in reflow parameters may be neces-

sary based on ball size and composition since they

play a significant role in mixing kinetics. Large BGA

balls require longer times and higher temperatures to

adequately mix with Sn–Pb solder. SAC305 solder

balls require a 3–5�C higher reflow temperature than

SAC405 solder alloys. Under the same reflow

parameters (peak temperature, time above liquidus,

and solder paste/solder joint ratio) the mixed portion

of the solder joint is smaller in size for SAC305

compared to SAC405 [15]. In addition, excessive

voiding has been observed in BGA solder joints

based both on size and composition. For example,

voids were observed to occur within 1.0-mm and

finer pitch BGA balls, but to only occur minimally

with larger pitches (e.g., 1.27 mm). The cause of the

voids is not understood given that soak times of

60–120 s are normally ample to allow flux volatiles to

escape prior to solder reflow [9]. The incidence of

voiding was noted to be least for BGA solder

joints constructed from SAC405 solder balls and

paste, increasing with a mixture of SAC405 balls/

SAC305 paste, and worst for a mixture of SAC405

balls/Sn–Pb paste. The pure Pb-free joints were

reflowed at 235–245�C, while the mixed solder joints

were reflowed at a 220�C peak temperature [14].

2.5 Processing

2.5.1 Pb-free finished lead frame components

As indicated in Fig. 1, a standard Sn–Pb profile can be

utilized to reflow attach Pb-free finished lead-frame

components. The optimum profile depends upon

additional factors such as component mass and distri-

bution (i.e., layout) on a board, board size, geometry,

etc. Semiconductor suppliers (e.g., National Semicon-

ductor) are recommending that board-level assemblers

adopt J-STD-020C to establish an industry-wide reflow

standard [16]. Owing to their backward compatibility

Pb-free finished lead-frame components can be utilized

along with Pb-based components without the need to

alter the standard Sn–Pb assembly process [8].
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2.5.2 Pb-free solder ball (BGA) terminated

components

The predominant position in the industry has been not to

create mixed BGA solder joints consisting of Pb-free

solder balls and eutectic Sn–Pb solder paste, because as

has been noted earlier, the resulting inhomogeneous

solder joint created by standard Sn–Pb reflow conditions

exhibits unacceptable fatigue characteristics. However,

the realities are that in many instances it will be almost

impossible to avoid Pb-free BGA mixed solder joints in

an assembly. Although the options are limited, these

joints can bemade to be backward compatible. The most

desirable solution, although rarely available, is to reball

the components with Sn–Pb solder balls [9]. In the ab-

sence of that capability, steps must be taken to determine

theprofile conditions (peak temperature, dwell time) that

have the least detrimental effects on the assembly mate-

rials and still capable of producing fully mixed and

homogeneous solder joints. Acceptable ATC test results

must confirm the adequacy of the mixed solder joints.

High-performance systems manufacturers will in the

main continue to use eutectic Sn–Pb to assemble their

PCBs. It will be inevitable that some components are

only available with lead-free terminations. Lead-free,

lead-frame components generally are not a concern

since they can be assembled utilizing standard Sn–Pb

processes (i.e., they are backward compatible). But

lead-free BGA components will be a source for con-

cern since they are not backward compatible. In some

instances it will be possible to achieve compatibility

through process and material modifications, while in

other cases it may not be viable to do so.

3 Reduced wetting characteristics of Pb-free solders

A variety of Pb-free solders have been investigated as

replacements for eutecticSn–Pb solder.Noneof themcan

be consideredasa ‘‘drop-in’’ replacement foreutecticSn–

Pb. For reflowapplications the consensus lead-free solder

choice is a near-ternary eutectic Sn–Ag–Cu alloy with, in

some cases, relatively minor additions of other elements.

A comprehensive review of Sn–Ag, Sn–Cu, Sn–Ag–Cu,

Sn–Ag–Cu–X, and Sn–Ag–X solders and solder joints is

available in the literature [17, 18]. Some unique Sn–Pb

solder attributes have made the search for a Pb-free sys-

temwith similar characteristics difficult. Sn–Pb is a binary

eutectic system with only one chemically active constit-

uent, tin (Sn). All the chemical bonds that Pb–Sn solders

form do so by the creation of intermetallic compounds

(IMCs) containing only Sn.However, lead (Pb) does play

an important role byprovidingmoltenSn–Pb solderswith

a low surface tension value that is a major contributing

factor to the excellent solderability (i.e., wetting and

spreading) characteristics exhibited by Sn–Pb solders

[19]. For example, the surface tension of molten Pb is

450 dynes/cm (at Tmelt = 326�C), and molten Sn is

550 dynes/cm (at Tmelt = 232�C). The wetting character-
istics of eutectic Sn–Pb exceed those of all Pb-free solders

of current interest when soldered to the base metals

typically utilized in electronic assemblies (Figs. 2, 3).

Minor elemental additions of Ag, Bi, Cu, In, Sb, Zn, etc.

are used to lower the melt temperature and to enhance

the mechanical properties of many lead-free solders.

However, these alloy additions also significantly degrade

solderability characteristics. Consider for example the

binary solder Sn–58Bi utilized for applications requiring

good wettability and a low-melt temperature. As shown

in Fig. 4, a 1% addition by each of several alloying ele-

ments results in a moderate-to-significant loss in wetta-

bility (i.e., higher contact angle). The reliability

implications related to reduced wetting characteristics is

an unknown. This is just another example from a long list

of technology concerns associated with the implementa-

tion of lead-free solders for high-performance systems

assembly operations.

Fig. 1 Schematic depicting
temperature profiles for
reflow attaching Pb-free
finished lead-frame
components with either Sn–
Pb or Pb-free solders (after
Ref. [10])
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4 Solidification and microstructure of near-eutectic

Sn–Ag–Cu alloys

4.1 Highly non-equilibrium structure

The Sn–Ag–Cu eutectic composition is thought to be

Sn–3.5Ag–0.9Cu with a eutectic melting point at 217�C

[25, 26]. Some commercially available, near-eutectic

alloys are: Sn–4.0Ag–0.5Cu and Sn–3.8Ag–0.7Cu.

These near eutectic Sn–Ag–Cu alloys consist of three

phases (b-Sn, Ag3Sn and Cu6Sn5) that form immedi-

ately upon solidification from the liquid state. Both the

Ag3Sn plates and Cu6Sn5 rods formed are intermetallic

compound phases. However, none of the phases are

present in the amounts predicted by the equilibrium

phase diagram since they are not formed as an equi-

librium microstructure. The intermetallic compound

(IMC) phases nucleate and grow with minimal und-

ercooling. These pro-eutectic phases may undergo

excessive growth under slow-cooling conditions due to

the fact that they continue their growth from the liquid

state until the molten solder has been sufficiently un-

dercooled by 15–30�C. Undercooling is required to

nucleate b-Sn crystals from the liquid phase. By com-

parison tin–lead based solders only require a small

amount of undercooling to initiate solidification. Once

b-Sn nucleates solidification occurs very rapidly with a

dendritic morphology. A typical Sn–Ag–Cu solder

joint substantially solidifies in less than a second after

b-Sn nucleation commences and with b-Sn dendrites

forming more than 90 wt% of the solder joint [27]. The

eutectic intermetallic phases (Ag3Sn and Cu6Sn5)

nucleate simultaneously from the liquid located

between impinging b-Sn dendrites. These IMC phases

are manifested as fine-precipitate particles that outline

the dendritic b-Sn grain’s structure. The microstructure

of a slow-cooled BGA solder ball depicted in Fig. 5 is

typical of the highly non-equilibrium structure formed

as a result of the events described. The dendritic b-Sn
structure noted is very evident in Fig. 6. It was

observed that as-solidified BGA solder joints approx-

imately 900lm (0.035 in.) in diameter are typically

composed of 1–10b-Sn grains [28], with an average

of about eight grains. The small number of grains,

together with the anisotropy of b-Sn, are reasons to

anticipate mechanical property variations for Pb-free

solder joints. The reliability impact from these

mechanical property variations is, as yet, unknown.

4.2 Ag3Sn plates

4.2.1 Observed effects

The presence of Ag3Sn platelets were reported to have

adverse effects on the plastic deformation properties of

solidified solder joints [29]. Henderson et al. [28] sub-

jected BGA solder joints to thermo-mechanical testing

(0–100�C) and observed strain localization and large

strains due to grain boundary sliding at the boundary

between the Ag3Sn and b-Sn phases. The orientation
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of some plates were conducive to causing the top

portion of some solder joints to shift relative to the

lower portion as shown in Fig. 7. Strain localization at

the b-Sn/Ag3Sn boundary was also observed earlier by

Frear et al. [30].

4.2.2 Factors that control Ag3Sn plate formation

Extensive studies were conducted [28, 31, 32] to

determine the controlling factors for Ag3Sn platelet

formation in near-eutectic Sn–Ag–Cu solder alloys. Of

interest was the relationship between typical joint

assembly cooling rates (0.2–4.0�C/s) and Ag3Sn plate-

let formation. Results showed that cooling rate had a

significant effect on Ag3Sn platelet formation utilizing

0.88 mm diameter Sn–3.8Ag–0.7Cu BGA solder joints

mounted on electroless Ni/immersion Au-plated pads

on an organic chip carrier (Fig. 8). At low cooling rates

( < 1�C/s) Ag3Sn platelets grow large enough to span

the entire BGA cross-section. For cooling rates be-

tween 1.5 and 2.0�C/s the platelet size is much smaller

than the solder joint dimension, and at very fast cool-

ing rates ( > 3.0�C/s) platelet formation can almost be

completely suppressed [28]. By conducting similar

experiments with a hypoeutectic alloy, Sn–2.5Ag–

0.9Cu (Fig. 9), it was determined that Ag content has a

significant effect on Ag3Sn plate formation. Results

with this lower Ag content solder alloy showed that

Ag3Sn platelets rarely form, even at slow cooling rates;

but that large Cu6Sn5 IMC rods appear [28]. Copper

content was found to have only a minor effect on

Ag3Sn plate formation [31]. But lowering the Cu con-

tent is beneficial in reducing the so-called ‘‘pasty

range’’; the temperature range between the liquidus

and solidus temperatures, where the equilibrium

structure is a mixture of liquid and solid phases. Cop-

per concentrations above the eutectic composition of

0.9 wt% in SAC alloys increases the pasty range [32].

Reducing the pasty range typically results in fewer

solder joint defects, such as pad lifting of plated

through holes (PTHs). A reduction in silver (Ag)

Pb-free / Sample #2 – Sn-3.8Ag–0.7Cu BSE, 2100X 

Sn-Ag-Cu Ag
3
Sn

Sn-Rich

11µm

(a)

(b)

Fig. 5 SEM micrograph showing the typical microstructure of a
slow-cooled Sn–3.8Ag–0.7Cu alloy in a BGA solder ball at two
magnifications. The tin dendritic arms (light appearing phase) in
(a) are surrounded by Ag3Sn and Cu6Sn5 particulates as is clearly
evident in (b) that decorate the b-Sn phase (after Ref. [27])

Fig. 6 Scanning electron microscope (SEM) image of a slow-
cooled test sample of Sn–3.8Ag–0.7Cu solder alloy lightly etched
to reveal the dendritic growth structure of the b-Sn phase (after
Ref. [27])

20µm

200 µm

10 µm

(a)

(b)

Fig. 7 Vertical cross-section view of two solder joints that
exhibit large strains localized at the boundary between a Ag3Sn
plate and b-Sn phase subsequent to an accelerated thermal cycle
(ATC) test conducted at 0–100�C. The top portion of the solder
joint has shifted in relation to the bottom portion along the
Ag3Sn/b-Sn boundary in each of these joints (after Ref. [28])
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content is the current preferred method for eliminating

or minimizing Ag3Sn platelet formation. Rapid cooling

may not be possible or practical in a manufacturing

environment due to such things as large variations in

the size and thermal mass of components that result in

the introduction of excessive stresses in some assem-

blies and their solder joints.

5 Fatigue properties of Pb-free solders

5.1 Shear stresses due to CTE mismatch

Thermal–mechanical fatigue resistance is among the

most critical reliability concerns with the introduction

of lead-free solder joints. The ability to withstand

repeated deformations due to stresses generated by the

CTE mismatches between materials at the opposite

ends of solder joints is critical to the reliability of H-P

electronic equipment. Flip-chip and BGA solder joints

are particularly susceptible to thermal–mechanical

fatigue failure because there are some large CTE

differences amongst the materials that comprise these

assemblies (Table 2). For example, flip-chip solder

joints can experience moderate-to-severe thermally

induced shear stresses depending on whether they are

mounted on ceramic or organic (plastic) chip carriers.

The situation is similar for BGA solder joints where

the thermally induced stress levels also depend upon

whether the carrier material is ceramic or organic.

Thermal excursions result from machine power ‘‘on/

off’’ cycling and from operating between full and

reduced (i.e., sleep or rest) power modes utilized to

conserve power.

5.2 Parameters that affect fatigue life

Numerous fatigue studies have been reported covering

Pb-free solder joints for several types of mounted

components exposed to a variety of stress conditions.

Some studies show that Pb-free, solder-joint fatigue life

far exceeds the fatigue life for standard eutectic Sn–Pb

solder joints [33]. However, other studies show that

eutectic Sn–Pb has superior fatigue life in comparison

to lead-(Pb)-free solder joints. For example, the Sn–

Ag–Cu solder joints of a 48-I/O TSOP and 2512-sized

resistor cycled between 0–100�C, – 40–125�C, and

–55–125�C [34] had a fatigue life significantly less than

similarly tested eutectic Sn–Pb joints. Some of these

seemingly contradictory results in the literature may be

due to differences in the thermal-fatigue behavior of

near-eutectic Sn–Ag–Cu solder alloys compared to

eutectic Sn–Pb under various stress conditions. Such

differences were very apparent in a fundamental study

conducted by Bartelo et al.[35]. A comparison was

made between the thermo-mechanical fatigue life of

both Sn–3.8Ag–0.7Cu (SAC) and Sn–3.5Ag–3.0Bi

(SAB) compared to eutectic Sn–Pb solder that served

as a benchmark, using ceramic BGA modules attached

to an organic card as a test vehicle. The initial test cycle

investigated was 0–100�C and three cycle times: 30, 60,

and 120 min. The accumulative failures in each case

were plotted lognormally as a function of their ther-

mal-cycle life, and then replotted to normalize all the

data relative to the N50 value of the Pb–Sn solder

joints, made to equal 1 for ease of comparison purposes

(Fig. 10a). N50 represents the number of thermal cycles

at which 50 percent of the test population failed, and

was used as the comparison value among the three

Fig. 9 Microstructure of Sn–
2.5Ag–0.9Cu solder balls
cooled from a 240�C peak
reflow temperature at various
cooling rates. (a) 0.2�C/s, (b)
1.2�C/s, (c) 3.0�C/s (after Ref
[28])

Fig. 8 Microstructure of Sn–
3.8Ag–0.7Cu BGA solder
balls cooled from a 240�C
peak reflow temperature at
various cooling rates.
(a) 0.2�C/s, (b) 1.2�C/s,
(c) 3.0�C/s (after Ref. [28])
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solder compositions. For the 0–100�C/30-min. test

condition, both the SAC and SAB alloys exhibited a

fatigue life approximately two times better than Sn–Pb

(2.05 and 1.9, respectively). For the longer 240-min.

cycle the fatigue life of both Pb-free solders was

markedly reduced with SAC nearly equivalent

to Sn–Pb, and SAB only marginally better

(Fig. 10b). Subsequently, the temperature cycle was

altered to –40�C–125�C (a DT = 165�C instead of

100�C). Both Pb-free alloys experienced further

reductions in thermal fatigue life relative to Sn–Pb due

to the increased temperature deltas and become worse

with increased cycle time (see Table 3). For example,

the comparative fatigue life of both Pb-free solders for

the 240-min cycle time was SAC-73% and SAB-96%,

with 100% representing equivalence with Sn–Pb. A

final test was conducted to determine if an increased

temperature range and/or an increased peak tempera-

ture was responsible for the loss in fatigue life, since

both stress-test parameters were increased in the prior

test. In the final test all test conditions utilized a con-

stant cycle time = 30 min, and a constant temperature

range (DT) = 100�C, but the peak temperature varied

(60, 100 and 125�C). As noted on the right side of

Table 3 both the SAC and SAB solders suffer a dra-

matic reduction in fatigue life relative to eutectic Sn–

Pb with an increase in peak temperature.

5.3 Effect of cooling rate

Microstructure plays a significant role in determining

solder joint mechanical properties. As previously

Table 2 Coefficients of thermal expansion (CTE) values for materials of mounted BGA components

Material Approximate
CTE, ppm/oC

Silicon 3

Ceramic    6 
(Al2O3)

Plastic 16-22 

Epoxy/Glass 16-22 Printed Circuit Board 

Fig. 10 Accelerated thermal cycle (ATC) test results comparing
the thermo-mechanical fatigue life of two popular lead (Pb)-free
solders (Sn–3.8Ag–0.7Cu or SAC, and Sn–3.5Ag–3.0Bi or SAB)

in relation to eutectic Sn–Pb whose N50 was normalized to equal
1. The test conditions: 0–100�C cycle, cycle time (a) = 30 min,
(b) = 240 min. (after Ref. [35])

Table 3 Effect of temperature range, peak temperature, and cycle time on the fatigue life of two lead-free solders relative to Sn–Pb

Solder Fatigue life relative to Sn–Pb

– 40�C to 125�C, DT =
165�C

30 min, DT = 100�C

4 Min 240 min –40–60�C 0–100�C 25–125�C

Sn–Ag–Cu (SAC) 0.84 0.73 2.32 2.05 1.25
Sn–Ag–Bi (SAB) 1.21 0.96 2.93 1.90 1.12

Based on Ref. [35]
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discussed, the solidification cooling rate has a large

effect on the near-eutectic Sn–Ag–Cu solder micro-

structure. A study [36] addressed the effects these

microstructural changes have on the fatigue life of

SAC alloys. Ceramic BGA modules were mounted to

organic cards with Sn–4.0Ag–0.5Cu solder paste. The

Sn–Ag–Cu solder ball compositions ranged in Ag

content from 2.1 to 3.8%. Parts from all compositions

were cooled from a 240�C peak temperature at two

rates, 0.5�C/s (slow) and 1.7�C/s (fast). The actual Ag

composition of the reflowed solder joints was calcu-

lated to be slightly higher (by 0.15–0.2 wt%) than the

BGA solder ball composition owing to the higher Ag

content in the solder paste. Three ATC test conditions

(0– 100�C for 30 and 120-min. cycle times; – 40–125�C
for 42 min) were used. As a practical matter, the re-

sults of the 0–100�C ATC temperature range condition

was considered to be of particular significance because

it is the most widely used application range in com-

puter, storage and network infrastructure/telecommu-

nications systems which are the focus of this paper. For

the 0–100�C/30-min. cycle, the slow-cooled 3.8Ag alloy

exhibited the longest fatigue life, followed by the slow-

cooled 2.1 and 2.5Ag alloys. The fast-cooled 2.1Ag

joints exhibited the shortest fatigue life among the

conditions tested (see Table 4). For the 120-min. cycle

the trend was reversed, with the slow-cooled 2.1%-Ag

joints exhibiting the longest fatigue life, followed by

slow-cooled 2.5%-Ag and, fast-cooled 2.3Ag (and

0.2%-Bi) exhibiting the shortest fatigue life. In all

cases, the number of cycles to failure decreased upon

increasing the cycle time from 30 to 120 min, consistent

with the prior study. This points to the fact that near-

eutectic Sn–Ag solders require a much longer cycle

time (i.e., stress relaxation period) in order for the

maximum damage to occur, which is much longer than

required for Sn–Pb solder joints. Accordingly, if the

stress cycle used during ATC testing is too short, the

results are likely to be more optimistic than those

actually achieved under field conditions. It also implies

that longer test-cycle times are necessary for mean-

ingful Pb-free solder ATC testing in comparison to

Pb–Sn solders. The Pb-free solder fatigue life values

were even more drastically reduced for the – 40–

125�C, 42-min stress conditions (Table 4) due to the

larger temperature range (DT = 165�C compared to

100�C) and higher peak temperature (T = 125�C). In
essence, under these severe test conditions, the fatigue

life of each test cell (i.e., solder alloy at a specific

cooling condition) was observed to be only about 1/3 of

its 0–100�C, 30-min condition fatigue life. This study

further demonstrates the complexities involving the

reliability of Pb-free solders, particularly the fatigue

characteristics of near-eutectic Sn–Ag–Cu alloys. For

example, based on the ATC data low-Ag content sol-

der joints provide a superior thermal fatigue life in the

case of 0–100�C, long-cycle time (120 min.) stress

conditions, but not for short-cycle time, nor the – 40 to

125�C condition, for which the slow-cooled, high-Sn

(3.8%) alloy was noted to perform best. This is in spite

of the fact that the slow-cooled high-Sn joints were

observed to contain large Ag3Sn plates oriented in

random directions, suggesting that other factors, such

as the stress conditions may be more important than

the presence of Ag3Sn plates in determining solder-

joint thermal fatigue life. Nevertheless steps to remove

Ag3Sn plates from a solder joint microstructure should

be taken since their presence is believed to pose a

reliability risk.

5.4 Benefits of low Ag

The benefit of reduced Ag content to avoid the for-

mation of Ag3Sn plates remains unclear. However,

what is clear is that low-Ag joints have a much reduced

fatigue life sensitivity to increasing cycle times. It

Table 4 Average fatigue life (N50) determined from ATC failure data of Sn–Ag–Cu BGA solder joints and their ranking

Alloy composition (cooling rate) ATC stress conditions

0–100�C 0–100�C –40–125�C

(30 min) Rank (120 min) Rank (42 min) Rank

Sn–3.8Ag–0.7Cu (Slow) 1,408 1 1,012 4 452 1
Sn–3.8Ag–0.7Cu (Fast) 1,164 5 982 5 392 4
Sn–2.5Ag–0.9Cu (Slow) 1,212 3 1,108 2 446 2
Sn–2.5Ag–0.9Cu (Fast) 1,200 4 1,054 3 384 5
Sn–2.5Ag–0.5Cu–0.2Bi (Slow) 1,212 3 953 6 407 3
Sn–2.5Ag–0.5Cu–0.2Bi (Fast) 1,130 6 934 7 376 6
Sn–2.1Ag–0.9Cu (Slow) 1,224 2 1,188 1 372 7
Sn–2.5Ag–0.9Cu (Fast) 1,064 7 1,012 4 384 5

After Ref. [36]
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was observed that low-Ag solder joint fatigue life

decreased less with increasing ATC cycle time in

comparison to joints with higher Ag contents [36]. Low

Ag content does provide a microstructure considered

to be more favorable to enhancing fatigue life. Near-

eutectic Sn–Ag–Cu alloys with reduced Ag contents

have a lower volume fraction of eutectic constituents, a

higher volume fraction of the b-Sn dendrite phase, and

an increased Sn-dendrite size. These microstructural

changes have been observed to result in decreased

microhardness when Ag content is decreased [36]. The

creep deformation of near-eutectic Sn–Ag–Cu alloys is

understood to be mainly associated with the b-Sn phase

rather than the eutectic constituents [37]. A coarse

dendritic structure resulting from a reduced Ag con-

tent would be expected to exhibit an enhanced resis-

tance to the creep component of thermal-cycle tests

relative to similarly tested high-Ag joints.

In addition to being insensitive to cycle time, the

thermal-fatigue life of low-Ag solder joints was also

observed to be quite insensitive to cooling rate varia-

tions. This is a distinct advantage because they there-

fore are also less sensitive to variations in reflow

process conditions during manufacturing. High-Ag

content alloys such as Sn–3.8Ag–0.7Cu, exhibit high

sensitivity to cooling rate variations [36].

The above fatigue studies demonstrate that Pb-free

solder thermal fatigue behavior is very dependant on

the test stress conditions and much more so than sim-

ilarly tested Pb–Sn solders.

6 Tin crystal structure related anomalous behavior

There are fundamental crystalline structure differences

between Pb and Sn that directly effect physical prop-

erties. At room temperature Sn exists as a body-cen-

tered tetragonal (BCT) crystal structure, referred to as

white tin (b-Sn), compared to lead’s face-centered

cubic (FCC) structure.

The BCT Sn crystal structure is less symmetric than

the face-centered cubic Pb structure and is, therefore,

unable to as easily deform under stress. The BCT

asymmetry also results in anisotropic physical proper-

ties like the CTE. Differences in CTEs between adja-

cent tin grains create grain-boundary stress when

thermally cycled that can cause cracks to initiate at

grain boundaries and may result in solder joint failure.

Yet another difference between Pb-bearing and

pure Sn or some tin-rich solders is that the Sn-rich

alloys undergo a phase change at 13.2�C which is in the

middle of most ATC temperature extremes. When the

temperature dips below 13.2�C tin changes from BCT

white-tin (b-Sn), with essentially metallic properties, to

a diamond cubic (DC) structure gray tin (a-Sn) with

essentially semiconductor characteristics (see Fig. 11).

Because of the very brittle nature of gray Sn and the

21% increase in volume that accompanies the trans-

formation, the material suffers a severe loss in struc-

tural integrity, and loss of thermo-mechanical fatigue

resistance due to the build-up of internal stresses that

result in fractures [38]. However, an extended period

below 13.2�C is necessary to initiate the tin pest

transformation. Consequently rapid temperature

cycling does not result in transforming white Sn to gray

Sn. But the transformation can occur in areas such as

airplane storage areas where temperatures typically

range between – 40 and 60�C. The surface has a rough

appearance and contains many cracks (see Fig. 12).

The b-Sn to a-Sn transformation also results in an

approximately 25 times increase in electrical resistivity

which is sufficient to cause failure in many sensitive

high-performance electronic circuits. The adverse

physical changes that accompany white tin’s allotropic

phase change to gray tin is referred to as tin pest. Tin

pest has not been observed for all Pb-free solder can-

didates and finishes (e.g., the Sn–Ag–Cu alloys) but it

has been observed in Sn–0.7Cu [38]. Although Sn-rich

solders are prone to exhibit tin pest, minor additions of

certain alloying elements, particularly Bi and Sb, have

been proven to be effective in retarding the tin-pest

reaction. Tin pest is one of the new concerns brought

about by the use of Pb-free alloys that did not exist

(White Sn  β)                                                        Gray Sn (α )
                          Diamond Cubic (DC) 

Structure (see sketch) 

Solid State

   (13.2°C)

Metal Semiconductor

Cube Corner Atoms 
Cube Face Center Atoms
Small Cube Body Center Atoms 

c

Small Cube: side = a/2 

• An atom at each corner
• An atom in the center of the structure

b

a
a = b = c 

a = b < c 

Tin Allotropic Phase Transformation

 BCT Structure

Fig. 11 Illustration depicting an allotropic transformation from a
body-centered tetragonal (BCT) to diamond cubic (DC) crystal
structure at 13.2�C
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with the use of Sn–Pb solders in electronic products,

because Pb is among those elements that resist the tin-

pest transformation.

7 Tin-whisker issues and concerns

Metal whiskers are thin, hair-like single crystal fila-

ments that erupt from a metal surface (Fig. 13) and can

be straight, kinked and even curved. Some have a flu-

ted surface, while others do not. Most, if not all non-

noble metals grow whiskers under certain ambient or

near-ambient conditions. However, the greatest focus

is on whiskers that typically grow from tin-plated fin-

ishes due to their pervasive use in electronic assem-

blies. Whiskers grow in length over time, and can

become several millimeters long. Because they are

conductive, they can cause a number of failure condi-

tions. In high-impedance, low-current circuits a whis-

ker can cause a permanent short circuit which may

require as much as 50 mA to ‘‘burn out’’. But whiskers

can also cause temporary, or intermittent, shorts prior

to being vaporized. Whisker vaporization can also

cause serious problems. For example, in some space

applications a whisker’s vaporization can create a

plasma with a current-carrying capacity of hundreds of

amperes. Tin whiskers can also have an effect even

when not causing short circuits. For example, in high-

frequency RF ( > 6 GHz) or in fast digital circuits (rise

time < 59 ps), whiskers can act as a conductive stub

(i.e., antennae) affecting circuit impedance and causing

reflections. In electromechanical systems, such as disk

drives, whiskers may break off and cause head crashes

or contaminate bearing surfaces. Similarly they may

contaminate the optics in electro-optical systems and

reduce the effective isolation for high-voltage compo-

nents in power-supply systems [40].

7.1 Tin plating types

There are several types of pure-tin plated coatings or

finishes (Table 5). Each tin finish type has characteris-

tics that result from plating conditions and the chemi-

cals added to the plating bath. So-called bright tins are

highly reflective due to their smooth texture and small

grain size. They are often selected for connector

applications because they possess good abrasion resis-

tance and a lower coefficient of friction relative to other

tin coating types. However, bright tins have a relatively

high residual film stress and are more prone to whisker

growth so they tend to be long (up to 5000 microns in

length). Matte tins have a dull appearance because of

their rough surface texture and larger grain size (typi-

cally > 5 lm). Matte tins are often utilized for PCB

and component lead finish applications. Matte tins are

much less prone to whisker growth than bright tins and

rarely grow greater than 500 microns in length. Satin-

bright films are intermediate in their appearance

Fig. 13 A scanning electron microscope (SEM) image of a
whisker that grew from a bright-tin plated film (after Ref. [39])

White(β ) Sn Gray (α ) Sn

Gray ( α) Sn

(a)

(b)

Fig. 12 Scanning electron micrographs of the surface of a Sn–Cu
sample that has partially transformed from white (b) tin to gray
(a) tin. (a) Right side of the photograph shows the rough surface
of the transformed region (i.e., a-Sn) as contrasted with the
smooth surface of the untransformed b-Sn on the left side. (b)
An enlargement of the right side of (a), i.e., transformed to a-Sn
(courtesy of IBM Corporation)
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between matte and bright tins and are designed to have

a near-zero film stress. Tin plating has been the plating

of choice throughout the electronics industry since the

early 1950s. Around 1960 it became common practice

to add lead (Pb) to electroplated tin films to enhance

solderability and to mitigate whisker formation.

7.2 General areas of agreement

The European Union’s ROHS regulations require that

the lead (Pb) content be drastically reduced (to less

than 1,000 ppm) which exposes the end user to whis-

ker-related reliability failures due to whisker shorting.

These reliability concerns have caused a flurry of

research investigating whisker formation starting

around 2000 and still in progress today. Whiskers have

been a topic of scientific interest since about 1950 and

there are a significant number of whisker-related

studies described in the scientific literature [41]. The

great majority of the published research concludes that

compressive stress is the driving force for whisker

formation and that whisker formation is one of several

stress relieving mechanisms. The more recent research

does not contradict these historical findings relative to

compressive stress and the iNEMI (International

Electrical Manufacturer Initiative) whisker modeling

committee has taken the position that compressive

stress is, beyond any reasonable doubt, the driving

force for whisker formation and growth [42]. All pub-

lished works agree that diffusion is the mechanism by

which tin atoms move towards the whisker from adja-

cent regions, and most researchers believe that grain-

boundary diffusion is the specific diffusion mechanism

responsible for whisker growth. There is a (minority)

body of opinion that holds surface diffusion to be at

least partially responsible for some movement of tin

atoms towards the whisker-growth site. All published

researchers, without exception, acknowledge that

whiskers grow from the addition of tin atoms to the

base of the whisker and not from the addition of tin

atoms to the growth tip [43]. There is little or no

consensus on other aspects of whisker growth including

recrystallization, creep, grain boundary slip, and dis-

location mechanisms. Nevertheless, the basic tenet that

whisker growth is one form of stress relaxation is

generally accepted by the published research.

7.3 The role of recrystallization

Tin deformation has long been known [44] to acceler-

ate whisker formation, and if a deformation stress is

maintained through a clamping action the whisker

growth rate is accelerated by several orders of magni-

tude. A pure clamping action without deformation

does not appear to accelerate whisker formation [45].

When the clamping action results in plastic deforma-

tion it is observed that whiskers form at an accelerated

rate from the deformed material. Focused ion

beam (FIB) examinations of whiskers growing from

deformed material has shown that extensive recrystal-

lization occurs within the mass of the deformed mate-

rial and that whiskers grow from a grain (i.e., a whisker

grain) which is itself unique in morphology with

respect to both other recrystallized grains and the

parent grain structure of the as-deposited film [46].

This unique morphology can best be described as a set

Table 5 Common types of
pure tin finishes and their
characteristics

Sn plating Appearance Comments/characteristics

Matte tin Dull appearance
due to rough surface texture

Relatively large grains
Typically lm

Only Sn plating up to mid-1960s
Large polygonal grains
Usually extend through thickness of the film
Achieved by organic additions to the bath
Residual stress < bright Sn
Grows whiskers but < density and smaller
compared to bright Sn

Bright tin Bright, highly reflective
due to a smooth texture

Relatively small grain size
Typically < 1 lm

To achieve brightness add organic agents to
plating bath

Residual stress > matte Sn
Whisker growth more prolific than matte Sn,
longest whiskers

Satin bright tin Brightness intermediate
between matte and bright Sn

Stress is intended to be as close to zero
as possible

Lead-Free Electronic Solders 359

123



of oblique (i.e., at an angle), relatively straight-sided,

grain boundaries that intersect the surface at angles

between 30 and 60�. In cases involving deformed tin, it

is highly likely that whisker grains result from a

recrystallization event that itself was the result of tin

deformation. These straight-sided, oblique-angle

whisker grains are always observed with whiskers no

matter what the circumstances. However, for matte

and satin-bright tins without a clear deformation event

the oblique-angled whisker grains are not associated

with an obvious recrystallization event. Instead, the

matte/satin-bright whisker grains appear to form

directly from the columnar-grain structure of the

as-deposited tin. Most researchers acknowledge that

the deformation events and the whiskers that form

from very-bright tins involve a recrystallization event,

but there is no agreement on whether recrystallization

events play a role in whisker formation from matte and

satin-bright tin films.

7.4 Problematic conditions

A variety of practices and environmental conditions

have been identified that are known to exacerbate

whisker formation. For example, copper readily

co-deposits with electrolytic tin and forms Cu6Sn5
intermetallic particles that are dispersed throughout

the tin matrix. It has long been known that the

introduction of copper to a tin film in amounts

ranging upwards of approximately 100 ppm greatly

increases the tendency to nucleate and grow tin

whiskers. It appears that copper alloying increases the

built-in compressive stress state of the film and,

thereby, increases the probability of whisker forma-

tion [47]. Unfortunately, copper may be present in a

tin film even when it is not specifically requested. One

of the authors (G. Galyon) has dissected many sup-

posedly pure-tin films and found that they contain

significant amounts of copper. Invariably, these cop-

per-containing tin films were observed to have tin-

whisker formation problems. Temperature cycling is

also known to add stress to tin films and accelerates

whisker formation. In fact, many whisker researchers

utilize temperature cycling to induce whisker forma-

tion. The difference in the CTE between the depos-

ited-tin film and the base metal upon which it is

deposited (i.e. substrate) is the direct cause for the

stress buildup that occurs during temperature cycling.

Temperature-cycling induced stresses are particularly

problematic for tin films deposited on Alloy42

(Fe42Ni) substrates due to the large CTE differences

between film and substrate (23 vs. 10 ppm, respec-

tively). High-humidity environments (typically > 85%

RH) accelerate whisker formation. The iNEMI group

investigating Sn-whisker formation capitalized on the

concept by utilizing a combination of temperature

cycling and high humidity environments [48] to induce

whisker formation. Their analysis showed that high-

humidity environments not only increase the average

surface oxide thickness, but that the conversion to tin

oxide can, in some localized areas, extend from the

film surface down to the film/substrate boundary.

Oxide formation should, and apparently does (al-

though no direct data exists confirming this fact), add

to the compressive stress state and, thereby, acceler-

ates whisker formation. Interestingly, tin deposited on

copper or copper-alloy base metal surfaces that

experience temperature cycling or temperature stor-

age in the absence of high humidity results in the

formation of pedestals. Pedestals are individual grains

that are converted entirely to a copper–tin interme-

tallic compound (Cu6Sn5). Pedestal grains are

observed to be scattered throughout the matrix of

pure-tin, columnar-like grains. The pedestals form

because for some unknown reason(s) certain tin

grains appear to have anomalously high bulk diffusion

parameters for Zn, Cu, and oxygen so they are readily

oxidized or diffused. Consequently these ‘‘special’’

grains form what are termed as pedestals [46, 49].

Brass (Cu–Zn) surfaces are the most prone to tin

whisker formation. Zinc is an extremely fast diffuser in

tin and diffuses from the brass substrate to the tin-film

surface in significant quantities very soon after depo-

sition. A common mitigation practice for tin-plated

brass substrates is the use of a copper underlay

> 1.0 micron in thickness. However, the basis for the

effectiveness of a copper underlay is not understood

since there are no known studies that have addressed

this matter.

Tin-plated steel for cabinets and drawers is rela-

tively rare today. Zinc coatings are currently the

finish of choice for the steel sheet-metal industry. Tin

whisker formation is accelerated when steel sub-

strates are not adequately cleaned. The belief is that

a rusty (i.e., oxidized) steel surface induces stresses

within the deposited tin film to promote whisker

formation.

7.5 Mitigation practices

Whisker prevention (mitigation) in tin and tin-alloy

films is largely based on stress reduction. There are no

absolute preventative techniques. The objective is to

mitigate, or lessen the probability of whisker growth.

Several mitigation techniques that have been practiced

are noted in Table 6.
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These mitigation techniques are intended to modify

the tin stress state and so reduce and/or eliminate

tin-whisker formation. Each technique has some sup-

porting data. However, it is also true that not all the

experimental data supports the effectiveness of each

mitigation technique noted. Each mitigation technique

has its strength and weakness. The effectiveness of

several of these techniques is very dependent on

proper procedure and practice. Consider, for example,

underlays (whether copper, nickel, or silver) which

must be thick enough to provide good coverage of the

underlying base material. If the underlay is too thin the

tin film will come into direct contact with the copper

base metal at point locations, thereby negating the

mitigating effect of the underlay material. Typically

underlay thickness of > 1.0 micro meter are necessary

to be effective, a greater thickness may be necessary in

cases of surfaces with a high surface roughness.

The potential for tin whisker formation on tin-rich

finishes and the reliability risk they pose is too great to

recommend using these finishes in life-threatening

applications such as heart pacemakers or military avi-

onics. However, the reality is that manufacturers of

these and high-performance electronic products will

sometimes not have the ability to procure components

with non-tin based finishes. In these cases the authors

recommend that mitigation practices be adopted that

best minimizes the risk of whisker formation and

growth.

8 Electromigration concerns

There are several physical processes that can cause

solder joint mechanical and electrical properties to

degrade. One of these physical processes is electromi-

gration. Electromigration is a mass transfer phenome-

non resulting from the momentum-transfer between

moving electrons and the constituent atoms in the

conducting material. Electromigration is of particular

concern for flip-chip solder joints because of the strong

demand for continually increasing power levels and

ever-smaller solder joints. Current densities in flip-chip

solder joints are anticipated to soon reach

~2.74 · 103 A/cm2, a level at which there is concern for

failures due to electromigration [50].

Conducting electrons are believed to collide with

diffusing metal atoms that are then pushed in the

direction of the electron flow as a result of those col-

lisions. The phenomenon can occur with any current

carrying metal but it is usually negligible and can safely

be ignored. It becomes a consideration in cases where

the diffusion rates are relatively rapid and the current

density is high; conditions not unusual for advanced

semiconductor devices and their flip-chip terminations

as utilized in high-performance electronic equipment.

‘‘Effective charge’’ is a quantity that relates how dif-

fusing atoms interact with or absorb the impact of

conducting electrons, which itself is a complex function

of a metal’s atomic structure and is directly related to

the driving force for electromigration. For solder

materials, including tin, the effective charge is rela-

tively high [51]. Other important electromigration

factors are resistivity and current density. Conductor

lines or terminations consisting of material with a

combination of a high effective charge, one or more

fast diffusing elements, and experiencing a high current

density is a candidate for electromigration effects and

potential catastrophic failure.

8.1 Fast diffusers

Copper (Cu), silver (Ag), gold, (Au), and nickel (Ni)

are rapid diffusion elements in both Pb and Sn. These

elements are routinely utilized in electronic assemblies

for integrated circuits, printed circuit boards (PCBs),

and solder joint terminations including the under-

bump metallization (UBM) of flip-chip solder joints.

They also frequently form IMCs with Sn. Fast diffusers

occupy interstitial sites in the host-metal lattice. Lead

Table 6 Tin-whisker mitigation practices

Practice Comments

Alloying
With Pb Banned by EU as of 7-1-06
With Ag, Bi Rarely practiced,

supported by iNEMI
Fusing Melt the Sn film, slowly

cool to relieve stresses
Rarely practiced

Annealing Typically heat to 150�C, 1 h
Widely practiced, supported
by iNEMI

Use of underlay films Thin film between the base
metal and Sn-film layer

Nickel (Ni) Widely practiced by connector
companies, supported
by iNEMI

Silver (Ag) Rarely practiced
Copper (Cu) Rarely practiced

Utilized for Sn films deposited
on brass base-metal surfaces

Pure tin plated films
Matte Sn Widely practiced

Not supported by iNEMI,
controversial

Satin bright tin Rarely practiced
A lower stress variant of
bright Sn
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(Pb) has a close packed, FCC lattice, whereas tin’s

body-centered tetragonal lattice (BCT) is not close

packed. Both Pb and Sn are large atoms and conse-

quently contain relatively large interstitial sites that

easily accommodate the much smaller noble and near-

noble metal atoms. Accordingly, it has been deter-

mined that these smaller atoms diffuse interstitially in

Pb and Sn and do not require vacancies in order to

jump (i.e., diffuse) [51].

8.2 Electromigration failure in flip-chip solder

joints

Electromigration effects in flip-chip solder joints usu-

ally result from the mass transport of a major solder

species (i.e., Pb) or alloying element. It is also possible

to have electromigration failures due to the mass

transport of a minor, fast-diffusing species.

8.2.1 Solder-related failure

Flip-chip, solder-joint electromigration failures where

the mass transport involves a major constituent are

usually the result of void formation. Large voids cause

a significant increase in electrical resistance with an

associated increase in temperature eventually leading

to an open circuit. Surface extrusions can also be cre-

ated by electromigration that cause short circuits [52–

54]. A shallow void is often formed with a lenticular

shape (Fig. 14), located at the interface of the solder

and IMC associated with the UBM terminal metal. The

geometry of flip-chip solder joints at the capture pad

and narrow chip-via region (Fig. 15) causes current

crowding, resulting in high local current densities,

about 50 times greater than the solder bump [55, 56].

The condition also causes the generation of heat (i.e.,

increased temperature) that further exacerbates the

situation. This is the mode of failure often observed

when the direction of electrical current flow is from the

chip to the chip carrier (Fig. 16a). But if the current

density is sufficiently high when the direction of cur-

rent flow is from the chip carrier to the chip, failure can

occur at the chip-carrier side of the solder joint as well

(Fig. 16b).

8.2.2 UBM-related failure

Electromigration failures can also involve degradation

of the underbump metallurgy (UBM) structure for flip-

chip solder joints; particularly if fast-diffuser elements

are incorporated in the structure. Fast diffusers result

in UBM dissolution and stress generation due to

excessive IMC formation that causes interfacial frac-

ture, and ultimately circuit failure [55, 57].

8.3 Electromigration in lead (Pb)-free solders

Electromigration data related to Pb-free solders is

sparse. It is known that Sn acts much like Pb as a host

for fast diffusers. Metals that diffuse rapidly in Pb also

diffuse rapidly Sn. But there are some important dif-

ferences between Pb and Sn with respect to diffusion.

One of the most important differences is due to tin’s

BCT lattice structure which results in anisotropic

diffusion properties. For lead (Pb) the diffusion

Fig. 14 Scanning electron microscope (SEM) image that shows
the smooth surface characteristics of a lenticular-shaped void
that often involves the entire cross section of the chip via in
electromigration failures of flip-chip solder joints (after Ref.
[51])
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Pad Finish 

Terminal Pad

Solder Bump
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in the Chip 
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Chip Via 

Fig. 15 Illustration depicting some aspects often associated with
electromigration failures in flip-chip solder joints
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coefficient is independent of orientation, but not so in

tin where the diffusion coefficients are very different

for directions parallel (‘‘a’’ direction) and perpendic-

ular (‘‘c’’ direction) to the basal plane. This is also true

for self-diffusion. In the case of fast diffusers in tin, the

ratio of the a/c diffusion coefficient varies by a factor of

30–50 at 200�C [51]. A greater variation in electromi-

gration susceptibility may, therefore, be anticipated

among Pb-free solder joints due to these diffusion

coefficient orientation dependencies and the fact that

flip-chip solder joints typically consist of very small

numbers of individual grains (usually < 10). Electro-

migration test results for Pb-free flip-chip solder joints

have been quite favorable in comparison to eutectic

Sn–Pb. For example, in a test consisting of commer-

cially available electroplated Sn–Ag solder bumps with

a Ti/Cu/Ni UBM the data showed an electromigration

lifetime one order of magnitude greater in comparison

to eutectic Sn–Pb bumps at constant currents up to

800 mA and temperatures up to 165�C [58]. High-

performance electronic circuits utilize high-Pb (i.e.,

97Pb–3Sn) solder to benefit from both the superior

electromigration and fatigue resistances exhibited by

this material [59]. Another study was conducted [50]

comparing the electromigration resistance of Sn–3.5Ag

and 90Pb–10Sn flip-chip solder joints at similar current

density levels (3.5 and 4.1 · 104 A/cm2). However, a

different set of temperatures were selected close to the

melting temperature of the test solders in an attempt to

hasten the failure process (185 and 202�C for high Pb;

122 and 155�C for Pb-free). The high-Pb solder joints

exhibited an electromigration lifetime approximately

four times longer than the Pb-free joints in spite of

being tested at a much higher temperature. The

Pb-free solder joints performed better than the eutectic

Sn–Pb solder joints investigated in the study cited

earlier [59]. Flip-chip solder joint dimensions are

steadily decreasing in response to the need for higher

input–output (I/O) densities. At the same time, flip-

chip solder joints used in high-performance equipment

are experiencing ever higher current levels which are

soon expected to be 0.3–0.5 A or more per solder joint

[57, 60]. Although the available reliability data is

meager, what is available raises disturbing concerns as

to whether Pb-free solders possess the necessary elec-

tromigration (EM) resistance. Even at present current-

density levels it appears the reliability risk for lead-free

solders is too great. These reliability issues require a

much better understanding before Pb-free solders can

be relied upon to provide a safe level of EM resistance.

9 Summary/conclusions

This paper has discussed the major technological issues

impeding implementation of Pb-free solder materials

for high-performance electronic systems (i.e., servers,

storage, network infrastructure/telecommunications

systems) due to their potential negative reliability im-

pact. It was concluded that:

(1) The solder wetting characteristics of all the major

Pb-free solders currently under consideration are

worse than eutectic Sn–Pb; some of the Pb-free

solders are significantly worse than eutectic SnPb.

The actual reliability impact of lead-free solder

implementation is not well understood, but it is

generally agreed that sound solder joints can be

made with Pb-free solder. However, the process

window for the formation of acceptable Pb-free

solder joints is more restricted given the higher

melting points for most of these materials.

(2) The large degree of undercooling required to

nucleate the b-Sn phase in Sn–Ag–Cu alloys gives

rise to a highly non-equilibrium structure in

relation to that predicted by the phase diagram.

In addition, under slow cooling conditions from

Fig. 16 Photomicrographs of vertical cross sections of lead-free
flip-chip solder joints that have failed due to thermomigration
during testing. (a) Failure occurred near the chip via, the
direction of electrical current flow was from the chip to the chip

carrier. (b) Failure occurred near the chip carrier, the direction
of electrical current flow was from the chip carrier to the chip.
(Courtesy of H. Longworth, IBM Corporation)
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the melt, very large randomly oriented Ag3Sn

platelets are formed throughout the solder joint.

There is some controversy as to whether these

platelets have an adverse affect on reliability. It is

generally felt that the Ag3Sn platelets are a reli-

ability risk and their formation can be greatly

reduced and even eliminated by reducing the Ag

content to approximately 3% or less.

(3) The fatigue characteristics of the major Pb-free

solder candidates (SAC, SAB) are very depen-

dant upon test or application conditions (i.e.,

peak temperature, temperature range), and the

cooling rate during the solder attachment process.

Under some conditions the fatigue resistance of

SAB and SAC is superior to eutectic Sn–Pb; for

others it is approximately equivalent or markedly

worse. The stress-relaxation time constants for

SAC and SAB solders are far longer than those

for eutectic Sn–Pb. As a result, ATC tests whose

cycle times are too short will predict an overly

optimistic field life. It should be apparent from

these discussions that longer test times will be

required to adequately characterize Pb-free sol-

ders. Consequently, due to these additional

complications much more needs to be done to

fully understand the very important issue of

thermomechanical fatigue resistance in Pb-free

solder joints.

(4) Tin’s BCT crystal structure gives rise to aniso-

tropic properties including the CTE, which is

expected to have a negative impact on flip-chip

solder joint reliability because they consist of few

grains (~10). The BCT structure is also less

capable of dissipating stress compared to lead’s

FCC structure and so maintains higher stress

levels for longer periods of time. Tin also trans-

forms to a very brittle DC structure when cooled

below 13.2�C and this phase change results in a

complete loss of structural integrity and a large

increase in electrical resistivity. The condition is

known as tin pest and is one that pure tin and tin-

rich solders are particularly susceptible to, but not

Pb–Sn solders.

(5) Fine, hair-like filaments referred to as tin whis-

kers that can form on pure Sn or Sn-rich finishes

and often utilized on component lead frames can

cause electrical shorts and numerous other prob-

lems. Although the industry has defined several

mitigation practices that all serve to reduce risk,

none of them is an absolute guarantee to halt

whisker formation. Until one is determined, tin-

whisker formation will continue to be a major

concern for high-performance systems.

(6) With the continuous reduction in solder joint

cross sections, particularly those of flip-chip sol-

der joints, and the need for them to support

higher electrical current levels, resulting in higher

current densities, it is questionable whether Pb-

free solders are capable of reliably performing

their current-carrying task without degradation

due to electromigration. It is not sufficient that

they appear to possess better thermomigration

characteristics compared to eutectic Sn–Pb. Only

high-Pb solders appear to possess both the nec-

essary thermal fatigue and thermomigration

properties necessary to meet flip-chip solder joint

requirements.

In consideration of the findings in relation to all the

key issues discussed, it is concluded that the solder

exemption accorded to high-performance systems was

both necessary when granted by the EC and most

likely will require an extension when reviewed in 2008,

and perhaps well into the future.
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nickel underbumpmetallurgy, damage

evolution, 254–257

Flux chemistry, thermal processing, 149–150

Forward compatibility, ROHS directive effect, 349

Fourth elementmodification solders

solidificationmicrostructures for tin-silver-

copper, 67–68

strength, 69–72

tin-silver-copper with, recommendations, 68–69,

74–75

G

Grain boundary sliding

creep deformation, tin, alloys, deformation, 198

tin, alloys, 198

H

Harsh service conditions, composite lead-free

electronic solders, 129–130

High-performance electronic systems, ROHS

directive, 332–335

high-performance systems vs. consumer

electronics, 334

operational requirements, 334–335

reliability, 334–335

solder-exempted systems, 333–334

network infrastructure, 334

server systems, 333

storage systems, 333–334

telecommunications equipment, 334

Highly non-equilibrium structure, ROHS directive

effect, 352–354

Humidity exposure, corrosion by, tin-zinc low

temperature, 124–126

I

Impression creep, tin, alloys, 197

Indentation creep, tin, alloys, 197–198

Indium-lead-silver solder

compression creep data, 109–113

compression stress-strain data, 97–102

Indium-palladium-tin, phase diagrams, 14

Indium-silver solder

compression creep data, 109–113

compression stress-strain data, 97–102

Indium-tin-lead-cadmium solder

compression creep data, 113–117

compression stress-strain data, 102–109

Indium-tin solder

compression creep data, 113–117

compression stress-strain data, 102–109

Interfacial reaction, lead-free electronic solders,

155–174

cross-interaction between copper, nickel across

joint, 168–170

during reaction with molten solders, 168–169

during reaction with solid solders, 169–170

International Technology Roadmap for

Semiconductors, 259

Invariant reactions, silver-nickel-tin, 13

ITRS. See International TechnologyRoadmap for

Semiconductors

K

Kirkendall voids formation, solders/copper

reactions, 157

nickel, effects on reactions between tin-based

solders, copper, 157–159

nickel addition to solders, 157–159

reactions between tin-based solders, nickel,

effects of copper, 159–168

reaction withmolten solders, solder volume

effect during, 162–165

reaction with solid solders, solder volume effect

during, 167–168

spalling, intermetallic compound from interface,

165–167

uncomplicated copper concentration effect,

160–162

L

Life expectancies, tin-silver-copper solder,

electronic hardware, 229–236

National Center forManufacturing Sciences,

229
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solder alloy characterization, 230–232

standard temperature cycling test conditions,

232

temperature cycling fatigue life, 232–233

temperature cycling test matrix, 233

tin-silver-copper, 229

vibration fatigue life, 233–235

Low-temperature deformation, tin, alloys, 194–195

Low-temperature solders, 93–128, 194–195

M

Mechanical fatigue, tin-rich solder alloys,

211–228

Coffin-Mason parameters, 223

cyclic creep deformation, 212–214

cyclic softening, 214–218

fatigue crack growth, 219–222

fatigue crack initiation, 218–219

fatigue life, 222–225

Mechanical shock/drop, consumer electronics,

326–328

Metallography, thermal analyses, 6

Microelectronic packages applications, ROHS

directive, 336–338

flip-chips

attributes of, 336–337

components with, 336–338

joint requirements, 337

mounted in BGApackages, 337–338

wirebonded chips, components with, 336

Microstructural evolution, joints, beta tin nucleation

suppression, 39–54

future developments in, 51–53

nucleation , beta-tin, 40

Microstructure-basedmodeling, deformation in tin-

rich solder alloys, 175–190

analytical numerical modeling, 176–177

conventional numerical modeling, 176–177

crack growthmodeling, 183

intermetallic morphology, deformation,

181–183

microstructure-basedmodeling, 177–178

microstructure visualization, 177–178

tensile behavior, three-dimensional, 178–180

thickness, deformation, 181–183

three-dimensional microstructure visualization,

177–178

Mitigation practices, ROHS directive effect, 360–361

Mixed joints, ROHS directive effect, 348–351

N

Nano-sized particle reinforced composite

solders, composite lead-free electronic

solders, 141–142

Nano-structuredmaterials, composite lead-free

electronic solders, development of, 142–143

National Center forManufacturing Sciences, 229

NCMS. SeeNational Center forManufacturing

Sciences

Near-eutectic tin-silver-copper alloys, 62–66

ROHS directive effect, 352–354

shear strength, thermally agedmicrostructures,

62–66

shear strength for, 57–61

Nickel

copper, cross-interaction between, 168–170

during reaction with molten solders, 168–169

during reaction with solid solders, 169–170

effects on reactions between tin-based solders,

copper, 157–159

Nickel addition to solders, 157–159

Nickel-tin, 5

phase diagrams, 12

Nickel underbumpmetallurgy, plastic flip-chip

packages, 247–258

damage evolution in joints with, 254–257

electromigration tests, 247

experimental procedures, 248

failure analysis, 252–257

failure criteria, 249

IMC growth rate, 257–258

intermetallic compounds, 247

joule heatingmeasurement, simulation, 250–251

lifetime statistics, 249–250

Non-condensing conditions, accelerating whisker

growth, 288

Nonequilibrium solidification, tin-silver-copper alloy

system, 42–46

P

Package reflow temperatures, thermal

processing, 151

Parts availability, ROHS directive effect, 348–349

Phase diagrams

materials, 3–18

binary intermetallic compounds, enthalpies of

formation, 9

binary systems, 4–5

bismuth-copper, 5

copper-tin, 5

nickel-tin, 5

silver-tin, 4

bismuth-copper-tin, 15

bismuth-tin-zinc, 15–16

interaction parameters, 16

calorimetric measurements, 6

experimental procedures, 5–6

literature data, 4–5

quaternary systems, 5

sample preparation, 5

silver-copper-nickel-tin

interactiuon parameters, 8

subsystems, 6–12
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calorimetry, 6–12

binary systems, 6–8

copper-nickel-tin, 8–10

quaternary system silver-copper-nickel-tin,

11–12

ternary system silver-nickel-tin, 10–11

ternary systems silver-copper-tin, 8–10

phase diagrams, 12

nickel-tin, 12

silver-nickel-tin, 12

silver-indium-palladium-tin

interaction parameters, 13

subsystems

calorimetry, 12–14

phase diagrams, 12–15

indium-palladium-tin, 14

silver-indium-palladium, 14–15

silver-nickel-tin, invariant reactions, 13

systems bismuth-copper-tin, interaction

parameters, 16

ternary systems, 5

bismuth-copper-tin, 5

silver-nickel-tin, 5

thermal analyses, 4, 6

metallography, 6

X-ray diffraction, 4, 6

solders, 19–38

relatedmaterials systems, 19–38

tin-antimony, 33–35

tin-bismuth, 27–29

tin-indium, 30–33

tin-silver-copper, 20–25

tin-zinc, 25–27

tin-zinc-bismuth, 29–30

tin-antimony, 33–35

tin-bismuth, 27–29

tin-indium, 30–33

tin-silver-copper, 20–25

tin-zinc, 25–27

tin-zinc-bismuth, 29–30

Plastic deformation, tin, alloys, 205–206

Plastic flip-chip packages, copper, nickel underbump

metallurgy, 247–258

copper underbumpmetallurgy, damage

evolution, 252–254

electromigration tests, 247

experimental procedures, 248

failure analysis, 252–257

failure criteria, 249

IMC growth rate, 257–258

intermetallic compounds, 247

joule heatingmeasurement, simulation, 250–251

lifetime statistics, 249–250

nickel underbumpmetallurgy, damage

evolution, 254–257

Printed wiring boards, thermal processing, 148–149

Processing, ROHS directive effect, 350–351

PWB. See Printed wiring board

Q

Quaternary joint microstructures, 67–75

Quaternary system silver-copper-nickel-tin, silver-

copper-nickel-tin, subsystems, 11–12

Quaternary systems, 5

materials, 5

R

Rare-earth additions, lead-free electronic

solders, 77–92

adsorption effect, 79–80

electronic packaging, 86–89

interfacial considerations, 84–86

mechanical properties, improvement of, 80–82

melting, 78

microstructural change, 78–79

wetting enhancement, 82–84

Recrystallization, ROHS directive effect, role of,

359–360

Reflow temperatures, package, thermal processing,

151

‘‘Restriction of Use of Certain Hazardous

Substances in Electrical and Electronic

Equipment.’’ SeeROHS directive

ROHS directive, 331–365

backward compatibility, 349–350

ball terminated components, 351

component, process compatibility, 349

electromigration, 361–363

exemptions, 335–336

fast diffusers, 361–362

fatigue properties, 354–357

cooling rate, effect of, 355–356

fatigue life, parameters affecting, 354–355

low silver, benefits of, 356–357

shear stresses, fromCTEmismatch, 354

flip-chip joints, electromigration failure, 362

solder-related failure, 362

underbumpmetallurgy-related failure, 362

forward compatibility, 349

high-performance electronic systems, 332–335

high-performance systems vs. consumer

electronics, 334

operational requirements, 334–335

reliability, 334–335

solder-exempted systems, 333–334

network infrastructure, 334

server systems, 333

storage systems, 333–334

telecommunications equipment, 334

highly non-equilibrium structure, 352–354

lead-frame components, 349–350

lead-free coatings, search for, 340–341

lead-free finished lead frame components, 350

microelectronic packages applications, 336–338

flip-chip joint requirements, 337
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flip-chips

attributes of, 336–337

components with, 336–338

mounted in BGApackages, 337–338

wirebonded chips, components with, 336

mitigation practices, 360–361

mixed joints, 348–351

near-eutectic tin-silver-copper alloys, 352–354

parts availability, 348–349

processing, 350–351

recrystallization, role of, 359–360

silver3tin plate formation, factors controlling,

353

silver3tin plates, 352–353

solder ball terminals, 350

tin crystal structure, 357–358

tin-lead coated compliant pin connectors,

338–341

advantages over soldered connections, 339–340

C-ring requirements, 342–343

cooling requirements, 341–342

lead-free alternatives, 343–344

role, 340

single-user exemption request, 341

tin plating types, 358–359

tin whiskers, 358–361

wetting characteristics, 351–352

S

Search for lead-free coatings, in light of ROHS

directive, 340–341

Self-diffusion

beta-tin, 193–194

tin, 208

Severe service environments, thermomechanical

fatigue, tin-based joints, 237–246

damage progression, 242–244

eutectic tin-silver joint response, 240–241

failure, 242–244

service parameters, 238–240

thermomechanical fatigue, 237

Shapememory alloys, s reinforced with, 142

Shear testing

tin, alloys, 198

tin-silver based alloys, creep deformation,

201–202

Silver-copper-nickel-tin

interactiuon parameters, 8

subsystems, 6–12

calorimetry, 6–12

binary systems, 6–8

copper-nickel-tin, 8–10

quaternary system silver-copper-nickel-tin,

11–12

ternary system silver-nickel-tin, 10–11

ternary systems silver-copper-tin, 8–10

phase diagrams, 12

nickel-tin, 12

silver-nickel-tin, 12

Silver-indium-palladium, phase diagrams, 14–15

Silver-indium-palladium-tin

interaction parameters in system, 13

subsystems

calorimetry, 12–14

phase diagrams, 12–15

indium-palladium-tin, 14

silver-indium-palladium, 14–15

Silver-nickel-tin, 5

invariant reactions, 13

phase diagrams, 12

Silver-tin, 4

Silver3tin plate formation, ROHS directive effect,

factors controlling, 353

Silver3tin plates, ROHS directive effect, 352–353

Slip systems, 191–192

SMT. See Surfacemount technology

Solder ball terminals, ROHS directive effect, 350

Spontaneous tin whisker growth, stress analysis,

269–282

accelerated test, 277–280

beta-tin, 269

copper-tin reaction, stress generation, 271–273

morphology, 270–271

prevention, 280–281

stress relaxation, creep, 277

surface tin oxide, stress gradient generation,

273–275

synchrotron radiationmicro-diffraction,

275–277

Standard temperature cycling test conditions, tin-

silver-copper solder, electronic hardware, 232

Straining, effect on superconductivity, resistivity, tin,

208

Suppressed beta tin nucleation, microstructural

evolution, 39–54

aging, intermetallic phase formation during, 53

beta-tin dendrites, 45–46

in inoculated tin-silver-copper solders, 53

beta-tin inoculant, small liquid undercoolings,

48–51

crystallographic analysis, 53

future developments in, 51–53

inoculant content, optimization of, 52

inoculant identification, 51–52

modification of solder composition, metastable

phase equilibria, 47

nucleation, beta-tin, 40

reflow, intermetallic phase formation during, 53

solidification, tin-base solders in absence of

beta-tin phase, 40–46

enhanced primary phase formation, suppression

of beta-tin nucleation, beta-tin dendrites,

45–46

equilibrium solidification, tin-silver-copper

alloy system, 40–42
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nonequilibrium solidification, tin-silver-copper

alloy system, 42–46

suppression of beta-tin nucleation, enhanced

primary phase formation, 44–45

suppression of beta-tin nucleation, minimizing

microstructural phenomena caused by, 46–51

tin-silver-copper, 39

Suppression of beta-tin nucleation

beta-tin dendrites, 45–46

enhanced primary phase formation, 44–45

Surface finish, thermal processing, 149

Surfacemount technology, 55

Synchrotron radiationmicro-diffraction, tin whisker

growth, stress analysis, 275–277

System silver-copper-nickel-tin, interactiuon

parameters, 8

Systems bismuth-copper-tin, interaction parameters,

16

T

Temperature cycling fatigue life, tin-silver-

copper solder, electronic hardware, 232–233

Ternary joint, microstructures, 56–67

Ternary system silver-nickel-tin, silver-copper-

nickel-tin, subsystems, 10–11

Ternary systems, materials, 5

bismuth-copper-tin, 5

silver-nickel-tin, 5

Ternary systems silver-copper-tin, silver-copper-

nickel-tin, subsystems, 8–10

Tetragonal crystal structure, body-center, tin, 347

Thermal analyses, 4, 6

metallography, 6

Thermal cycling, consumer electronics, 324–326

Thermal expansion, 191

Thermal processing requirements, 147–151

cleaning, 150

components, 150–151

flux chemistry, 149–150

package reflow temperatures, 151

printed wiring boards, 148–149

surface finish, 149

Thermally agedmicrostructures, shear strength,

62–66

fourth elementmodification solders, 69–72

Thermally aged tin-silver-copper, impact strength of,

with fourth element modification joints, 72–74

Thermodynamics of materials, 3–18

binary intermetallic compounds, enthalpies of

formation of, 9

binary systems, 4–5

bismuth-copper, 5

copper-tin, 5

nickel-tin, 5

silver-tin, 4

bismuth-copper-tin, 15

bismuth-tin-zinc, 15–16

calorimetric measurements, 6

experimental procedures, 5–6

literature data, 4–5

quaternary systems, 5

sample preparation, 5

silver-copper-nickel-tin

interactiuon parameters, 8

subsystems, 6–12

calorimetry, 6–12

binary systems, 6–8

copper-nickel-tin, 8–10

quaternary system silver-copper-nickel-tin,

11–12

ternary system silver-nickel-tin, 10–11

ternary systems silver-copper-tin, 8–10

phase diagrams, 12

nickel-tin, 12

silver-nickel-tin, 12

silver-indium-palladium-tin

interaction parameters, 13

subsystems

calorimetry, 12–14

phase diagrams, 12–15

indium-palladium-tin, 14

silver-indium-palladium, 14–15

silver-nickel-tin, invariant reactions, 13

systems bismuth-copper-tin, interaction

parameters, 16

ternary systems, 5

bismuth-copper-tin, 5

silver-nickel-tin, 5

thermal analyses, 4, 6

metallography, 6

X-ray diffraction, 4, 6

Thermomechanical fatigue, 2, 237–246

tin-based joints, severe service environments,

237–246

damage progression, 242–244

eutectic tin-silver joint response, 240–241

failure, 242–244

service parameters, 238–240

Thick-film underbumpmetallurgy, failure

mechanism for, 267

Thin printing wiring boards, tin-zinc low

temperature solder, 121

Tin, alloys, deformation, 191–210

allotropic forms, 191

bct unit cell, 191

creep deformation, 195–199

bending creep under pressure, 198–199

grain boundary sliding, 198

impression creep, 197

indentation creep, 197–198

shear testing, 198

torsional creep, 198

uniaxial creep, 195–197

deformation twinning, 206–208

allotropic forms, 208
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dislocation-twin interactions, 207

elastic strain energy of twinning, 207

self-diffusion in tin, 208

straining, effect on superconductivity, 208

twinningmechanisms, 207–208

twinning transformations, 206–207

elastic constants, 192–193

low temperature deformation, 194–195

plastic deformation, 205–206

self-diffusion in beta-tin, 193–194

slip systems, 191–192

thermal expansion, 191

tin 37 lead eutectic alloy, 203

tin alloys, microstructural stability, 204–205

tin-antimony alloys, 203–204

tin-90lead alloy, 203

tin-silver based alloys, creep deformation,

199–203

impression testing, 202–203

indentation testing, 202–203

shear testing, 201–202

uniaxial testing, 199–201

Tin 37 lead eutectic alloy, 203

Tin-antimony, phase diagrams, 33–35

Tin-antimony alloys, 203–204

Tin-base solders in absence of beta-tin phase,

solidification, 40–46

beta-tin dendrites, 45–46

enhanced primary phase formation, suppression

of beta-tin nucleation, beta-tin dendrites,

45–46

equilibrium solidification, tin-silver-copper

alloy system, 40–42

nonequilibrium solidification, tin-silver-copper

alloy system, 42–46

suppression of beta-tin nucleation, enhanced

primary phase formation, 44–45

Tin-based joints, thermomechanical fatigue, severe

service environments, 237–246

damage progression, 242–244

eutectic tin-silver joint response, 240–241

failure, 242–244

service parameters, 238–240

thermomechanical fatigue, 237

Tin-based solders, nickel, 157–159

effects of copper, reactions between, 159–168

molten solders, reaction with, 162–165

solid solders, reaction with, 167–168

spalling, intermetallic compound from interface,

165–167

uncomplicated copper concentration effect,

160–162

Tin-bismuth, phase diagrams, 27–29

Tin crystal structure, ROHS directive effect, 357–358

Tin-indium, phase diagrams, 30–33

Tin-90lead alloy, 203

Tin-lead coated compliant pin connectors, ROHS

directive, 338–341

advantages over soldered connections, 339–340

C-ring requirements, 342–343

cooling requirements, 341–342

lead-free alternatives, 343–344

role, 340

single-user exemption request, 341

Tin pest issues, 307–318

alloying additions to tin, effect of, 310–311

future investigation, 316–317

in joints, 315–316

in modern electronics, 311–312

in other solder alloys, 312–315

tin, alloys, 308–310

Tin plating types, ROHS directive effect, 358–359

Tin-rich solder alloys

mechanical fatigue, 211–228

Coffin-Mason parameters, 223

cyclic creep deformation, 212–214

cyclic softening, 214–218

fatigue crack growth, 219–222

fatigue crack initiation, 218–219

fatigue life, 222–225

microstructure-basedmodeling, deformation,

175–190

analytical numerical modeling, 176–177

conventional numerical modeling, 176–177

crack growthmodeling, 183

intermetallic morphology, deformation,

181–183

microstructure-basedmodeling, 177–178

microstructure visualization, 177–178

tensile behavior, three-dimensional, 178–180

thickness, deformation, 181–183

three-dimensional microstructure visualization,

177–178

Tin-silver based alloys, creep deformation, 199–203

impression testing, 202–203

indentation testing, 202–203

shear testing, 201–202

uniaxial testing, 199–201

Tin-silver-copper

phase diagrams, 20–25

tin-silver-copper-X alloys, 55–76

fourth element modification solders, strength,

69–72

impact strength, tin-silver-copper joints, 66

near-eutectic tin-silver-copper solders, 62–66

shear strength, thermally agedmicrostructures,

62–66

quaternary joint microstructures, 67–75

shear strength for near-eutectic tin-silver-

copper solders, 57–61

solidificationmicrostructures, 57–61

solidificationmicrostructures for tin-silver-

copper, fourth element modification solders,

67–68

surfacemount technology, 55

ternary joint, microstructures, 56–67
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thermally agedmicrostructures, shear strength,

62–66

fourth elementmodification solders, 69–72

thermally aged tin-silver-copper, fourth element

modification joints, 72–74

tin-silver-copper solders

preliminary recommendation, 61

recommendations for, 67

tin-silver-copper with fourth element

modification solders

preliminary recommendations for, 68–69

recommendations for, 74–75

Tin-silver-copper joints, impact strength, 66

Tin-silver-copper solder, electronic hardware, life

expectancies, 229–236

National Center forManufacturing Sciences,

229

solder alloy characterization, 230–232

standard temperature cycling test conditions,

232

temperature cycling fatigue life, 232–233

temperature cycling test matrix, 233

tin-silver-copper, 229

tin-silver-copper solder, 229

vibration fatigue life, 233–235

Tin-silver-copper solders, recommendations, 61, 67

Tin whisker growth, 283–306

coppermitigation strategies, effectiveness of tin,

299–304

corrosion, water-induced, 288–292

EuropeanRestriction of Hazardous Substances

legislation, 283

incubation time, 285–287

mechanisms, 292–296

mitigation strategies, 296–299

non-condensing conditions, difficulty in

accelerating whisker growth, 288

statistical variations, 287–288

stress analysis, 269–282

accelerated test, 277–280

beta-tin, 269

copper-tin reaction, stress generation, 271–273

morphology, 270–271

prevention, 280–281

stress relaxation, creep, 277

surface tin oxide, stress gradient generation,

273–275

synchrotron radiationmicro-diffraction,

275–277

tin-lead alloys, 283

Tin whiskers, ROHS directive effect, 358–361

Tin-zinc, phase diagrams, 25–27

Tin-zinc-bismuth, phase diagrams, 29–30

Tin-zinc low temperature solder, 121–128

future developments, 126

humidity exposure, corrosion by, 124–126

interface reaction, 123–124

mechanical properties, 122–123

microstructure, 122–124

solidification, 122

thin printing wiring boards, 121

TMF. SeeThermomechanical fatigue

Torsional creep, tin, alloys, 198

Twinningmechanisms, tin, alloys, 207–208

Twinning transformations, tin, alloys, 206–207

U

Uniaxial creep, tin, alloys, 195–197

Uniaxial testing, tin-silver based alloys, creep

deformation, 199–201

V

Vibration fatigue life, tin-silver-copper solder,

electronic hardware, 233–235

W

Wetting characteristics, ROHS directive effect,

351–352

Whisker growth, 2, 269–282, 288, 341

X

X-ray diffraction, 4, 6

XRD. SeeX-ray diffraction
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