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4.1 Introduction

This chapter discusses diffusion phenomena in the semiconductors Si, Ge,
and GaAs. Silicon and GaAs are the two main materials used in fabricating
electronic and optoelectronic devices. Diffusion in Ge will also be mentioned
for the reason that it is the simplest case among semiconductors. Diffusion
processes are used in doping a semiconductor with n-type and p-type dopant
atoms to produce pn-junctions for device operations. The n- and p-type
dopants are specific kinds of substitutional impurity species producing the
electric carriers electrons (e) and holes (h), respectively, in a semiconductor.
Diffusion processes are also involved in the removal of detrimental metallic
impurities, in silicide formation and in thermal SiO2 growth in fabricating
devices using Si.

4.2 Diffusion Mechanisms and Point Defects
in Semiconductors

Impurity atoms may dissolve in a semiconductor by occupying interstitial (i)
or substitutional (s) sites, or both. As in metals (see Chap. 1), atoms of i
species in semiconductors migrate directly between the appropriate intersti-
tial sites, which is described well by Fick’s second law

∂C

∂t
= D

∂2C

∂x2
, (4.1)

where D is the diffusivity and C is the concentration. The diffusivity of an i
species is characterized by a single activation enthalpy.

The semiconductor crystal host atom self-diffusion and the diffusion of s
impurity species utilize native point defects. While the dominant native point
defect species in metals are vacancies (V ), both V and self-interstitials (I)
contribute in semiconductors. To diffuse, an impurity s atom may directly ex-
change or migrate as a pair or complex with an I or a V , but only the exchange
mechanism is operative for the host crystal atom self-diffusion, which is slower
than that of a s species utilizing the same point defect species as diffusion



166 Teh Yu Tan and Ulrich Gösele

vehicles via the pairing mechanism. Furthermore, in a semiconductor both
V and I can be in several different charge states with their concentrations
dependent upon the semiconductor doping level and temperature. These fac-
tors lead to complications in the Fick’s second law description of self-diffusion
and diffusion of substitutional impurities in that the diffusivity shall consist
of the contributions of all the involved point defect species which may not be
a constant at a given temperature, and may also not reveal a single activa-
tion enthalpy over a temperature range. Furthermore, some impurity species
are interstitial-substitutional (i-s) species which dissolve predominantly on
substitutional sites but their diffusion is actually due to the rapid migration
of those occupying interstitial sites and the interchange between atoms oc-
cupying the two different types of sites. The diffusivity in the Fick’s second
law description of the diffusion process of the i-s species is an effective diffu-
sivity Deff which may exhibit a strong dependence on its own concentration.
These aspects will be examined with the diffusion phenomena of the specific
semiconductor.

4.3 Diffusion in Silicon

Because of its use in fabricating integrated circuits, Si is the most important
electronic material presently used and is likely to keep that position in the
future. Diffusion processes are essential in the electronic device fabrication
processes. Figure 4.1 shows the diffusivities of the most important impurities
and that of Si self-diffusion. Borrowing the knowledge from metals, diffusion
in Si had been first thought to be dominated by V -related mechanisms. In
1968 Seeger and Chik [1] suggested that in Si both V and I contribute to
self- and dopant diffusion processes. The problem of the dominant point de-
fect species in Si constituted a controversy for more than 20 years. Finally,
during the 1980s [2], it was generally accepted that both I and V have to
be taken into account, so as to consistently interpret the results of a large
number of different experiments. The main indications for the involvement
of I came from experiments performed under non-equilibrium native point
defect conditions, such as the influence of surface oxidation or nitridation on
dopant diffusion. In this regard, diffusion of the i-s species such as Au or Pt
was also crucial. What is still uncertain is the diffusivity and the thermal
equilibrium concentration values of I and V , to be mentioned later.

4.3.1 Silicon Self-Diffusion

Because I and V both contribute, the transport of Si self-atoms under ther-
mal equilibrium conditions is governed by the uncorrelated self-diffusion co-
efficient

DSD = DIc
eq
I +DV c

eq
V , (4.2)
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Fig. 4.1. A survey
of diffusivity values of
the most important
impurities in Si and of
Si self-diffusion.

where DI and DV are respectively the diffusivities of I and V , and ceqI and ceqV

are respectively the I and V thermal equilibrium concentrations normalized
by the appropriate site densities into atomic fractions. As has been men-
tioned, native point defects may exist in several charge states. The observed
doping dependence of group-III and V dopant diffusion (Sect. 4.3.3) indicates
the contributions of neutral, positively charged, negatively and doubly neg-
atively charged native point defects, but it is not known whether all these
charge states occur for both I and V . Taking all observed charge states into
account we may write DIc

eq
I as

DIc
eq
I = DIoceqIo +DI+ceqI+ +DI−ceqI− +DI2−ceqI2− , (4.3)

and an analogous expression for V . The quantity DIc
eq
I comprises the sum of

the concentrations of self-interstitials in the various charge states according
to

ceqI = ceqIo + ceqI+ + ceqI− + ceqI2− . (4.4)

Therefore, the diffusivity DI is actually an effective diffusion coefficient con-
sisting of an weighted average of the diffusivities in the different charge states.
The same holds analogously for ceqV and DV .

Self-diffusion in Si is studied by measuring the diffusion of Si isotope
tracer atoms DT which differs slightly from DSD of (4.1), since it contains
the correlation factors fI and fV in the expression DT = fIDIc

eq
I +fV DV c

eq
V

(see Chap. 1 for details). In the diamond cubic lattice, fV = 0.5, and fI ≤ 1
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(depends on the unknown self-interstitial configuration). Measured results for
DT are usually fitted to the expression DT = Do exp(−Q/kBT ), where Do

is a pre-exponential factor, Q is the activation enthalpy, kB is Boltzmann’s
constant and T is absolute temperature. A summary of these results is shown
in Fig. 4.2 and elsewhere [3]. Tracer measurements do not allow to separate
I and V contributions to self-diffusion. Such a separation became possible by
investigating the diffusion of Au, Pt and Zn in Si, described in some detail
in Sect. 4.3.2. These experiments allowed a fairly accurate determination of
DIc

eq
I but only a crude estimate of DV c

eq
V derived from a combination of

different types of experiments [2, 3]. The results are

DIc
eq
I = 9.4 × 10−2 exp(−4.84 eV/kBT )m2s−1 , (4.5)

DV c
eq
V = 6 × 10−5 exp(−4.03 eV/kBT )m2s−1 . (4.6)

The values of (4.5) and (4.6) are within the experimental range of the mea-
sured Si tracer diffusion coefficient DT. The doping dependence of Si self-
diffusion [4] allows to conclude that neutral as well as positively and nega-
tively charged point defects are involved in self-diffusion, but the data are
not accurate enough to determine the individual terms of (4.3) or the anal-
ogous expression for vacancies. Since DT as well as DIc

eq
I and DV c

eq
V each

consist of various terms, their representation in terms of an expression of the
type of (4.5) and (4.6) can only be an approximation holding over a limited
temperature range. In Sect. 4.3.5 we will discuss what is known about the
individual factors DI , c

eq
I , DV and ceqV .

4.3.2 Interstitial-Substitutional Diffusion: Au, Pt and Zn in Si

Both Au and Pt can reduce minority carrier lifetimes in Si because their
energy levels are close to the middle of the band gap. They are used in power
devices to improve the device frequency behavior. In contrast, Au and to
a lesser extent Pt are undesirable contaminants in integrated circuits and
hence have to be avoided or removed. For these reasons, the behavior of
Au and Pt has been investigated extensively. Zinc is not a technologically
important impurity in Si, but scientifically it served as an example with
diffusion behavior in between substitutional dopants and Au and Pt in Si.

These impurities are i-s species dissolved mainly on substitutional sites
(As) but accomplish diffusion by switching over to an interstitial configuration
(Ai) in which their diffusivity Di is extremely high. The change-over from
i-site to s-site and vice versa involves native point defects. For uncharged
species the two basic forms of the i-s change-over processes are the kick-out
(KO) mechanism involving I [4, 5]

Ai ⇔ As + I , (4.7)

and the much earlier proposed dissociative mechanism or Frank-Turnbull
(FT) mechanism involving V [6]
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Fig. 4.2. Tracer self-diffusion coefficients of silicon as a function of reciprocal tem-
perature. Partly from [4].
1. R.F. Peart: Phys. Stat. Sol. 15, K119 (1966)
2. R.N. Ghostagore: Phys. Rev. Lett. 16, 890 (1966)
3. J.M. Fairfield, B.J. Masters: J. Appl. Phys. 38, 3148 (1967)
4. J.J. Mayer, H. Mehrer, K. Maier: Inst. Phys. Conf. Ser. 31, 186K (1977)
5. L. Kalinowski, R. Seguin: Appl. Phys. Lett. 35, 171 (1980)
6. J. Hirvonen, A. Antilla: Appl. Phys. Lett. 35, 703 (1979)
7. F.J. Demond, S. Kalbitzer, H. Mannsperger, H. Damjantschitsch:

Phys. Lett. 93A, 503 (1983)

Ai + V ⇔ As . (4.8)

Both mechanisms are schematically shown in Fig. 4.3. The KO mechanism
is closely related to the interstitialcy mechanism. The main difference is that
the foreign atom, once in an interstitial position, remains there for only one
step in the interstitialcy mechanism and for many steps in the KO mecha-
nism. In contrast, the FT mechanism and the vacancy exchange mechanism
are qualitatively different. For the vacancy exchange mechanism an increase
in V concentration enhances the diffusivity, whereas for the FT mechanism
an increase in V concentration rather decreases the diffusivity of the substi-
tutional species.

For a detailed description of i-s atoms diffusing via the KO or FT mecha-
nism, it requires to solve a coupled system of three partial differential equa-
tions describing diffusion and reaction of Ai, As and the native point defect
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(a) Frank-Turnbull Mechanism

(b) Kick-Out Mechanism

V

I

Ai A s

A i A s

Fig. 4.3. Schematic represen-
tation of the Frank-Turnbull
mechanism (a) and the kick-
out mechanism (b).

involved, V or I [4]. But for cases of in-diffusion from the surface the profile
shapes are described well by an effective diffusivity Deff obtained for use in
the Fick’s second law representation, (4.1), of the As diffusion process. This
requires to assume that the local equilibrium conditions in accordance with
reactions (4.7) and (4.8) are

CsCI/Ci = Ceq
s Ceq

I /Ceq
i , (4.9)

CiCV /Cs = Ceq
i Ceq

V /Ceq
s , (4.10)

where Cs and Ci are respectively the concentrations of the s and i atoms
of the i-s species, holds for the KO and FT mechanisms, respectively. For
the KO mechanism, if the in-diffusion of Ai is slow enough to allow the Is
generated to migrate out to the surface to keep their thermal equilibrium
concentration (i.e., DiC

eq
i � DIC

eq
I holds), then the effective diffusivity of

As is given by
Deff

(i) = DiCi/C
eq
s , (4.11)

provided Ceq
s 
 Ceq

i holds, which is generally the case. Here the lower index
in bracket indicates the rate limiting species. If on the other hand the in-
diffusion of Ai is so fast that the generated I cannot escape quickly enough
to the surface (i.e., DiC

eq
i 
 DIC

eq
I holds) a supersaturation of I will develop

and further incorporation of As is limited by the out-diffusion of the generated
Is to the surface. This leads to an effective As diffusivity Deff

(I) given by

Deff
(I) = (DID

eq
I /Ceq

s ) (Ceq
s /Cs)

2 . (4.12)

For the FT mechanism, sufficiently slow in-diffusion DiC
eq
i � DV C

eq
V leads

to the same Deff
(i) as given by (4.11). An effective As diffusivity Deff

(V ) controlled
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by the in-diffusion of V from the surface results, if DiC
eq
i 
 DV C

eq
V holds,

which reads
Deff

(V ) = DV C
eq
V /Ceq

s . (4.13)

The strongly concentration-dependent effective diffusivity Deff
(i) of (4.12) leads

to an As concentration profile so strongly deviated away from the erfc-type
that it is actually concave upward in logCs plotted as a function of 1/T. These
profiles can easily be distinguished from the erfc-type profiles which are asso-
ciated with Deff

(V ). This macroscopic difference allows one not only to decide
between different atomistic diffusion mechanisms of the specific foreign atom
involved but also to obtain information on the mechanism of self-diffusion.
The effective diffusivities given by (4.12) and (4.13) have been derived under
the assumption of dislocation-free crystals. The presence of a high density of
dislocations in an elemental crystal maintains the equilibrium concentration
of intrinsic point defects and thus an erfc-type profile characterized by the
constant diffusivity Deff

(i) of (4.11) will result even if DiC
eff
i 
 DIC

eq
I holds.

For compound semiconductors this statement does not hold in general, since
the presence of dislocations does not necessarily guarantee native point de-
fects to attain their thermal equilibrium concentrations. If I and V co-exist,
such as in the case of Si, the effective As diffusion coefficient in dislocation-free
material for DiC

eq
i 
 (DIC

eq
I +DV C

eq
V ) is given by

Deff
(I,V ) = Deff

(I) +Deff
(V ) . (4.14)

The in-diffusion profiles of both Au and Pt in dislocation-free Si show
the concave profile shape typical for the KO mechanism [4, 7, 8]. Examples
are shown in Figs. 4.4 and 4.5 respectively for Au and for Pt. From profiles
like these and from the measured solubility Ceq

s of Aus and Pts in Si, the
values of DIc

eq
I given by (4.5) have been determined. Diffusion of Au into

thin Si wafers leads to characteristic U-shaped profiles even if the Au has
been deposited on one side only. The increase of the Au concentration in the
center of the wafer has also been used to determine DIc

eq
I [6].

In heavily dislocated Si the dislocations act as efficient sinks for I to keep
CI close to Ceq

I so that the constant effective diffusivity Deff
(i) of (4.11) governs

the As profile, which is erfc-shaped. This has been observed by Stolwijk et
al. for Au [9]. Analysis of the resulting erfc-profiles yielded

Dic
eq
i ≈ 6.4 × 10−3 exp (−3.93 eV/kBT ) m2s−1 . (4.15)

This Dic
eq
i value turns out to be much larger than DIc

eq
I given by (4.5),

which is consistent with the observation that Aus concentration profiles are
governed by Deff

(I) in dislocation-free Si.
Zinc diffusion in Si has also been investigated [10]. In highly dislocated

material, an erfc-profile develops as expected. In dislocation-free material
only the profile part close to the surface shows the concave shape typical
for the kickout diffusion mechanism. For lower Zn concentrations, a constant
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Fig. 4.4. Experimental Au concentration pro-
file in dislocation-free Si (circles) compared
with predictions of the Frank-Turnbull and the
kick-out mechanism. From [7].

Fig. 4.5. Platinum concentra-
tion profiles in dislocation-free
Si. From [8].

diffusivity takes over. The reason for this change-over from one profile type
to another is as follows. In contrast to the case of Au, the Dic

eq
i value deter-

mined for Zn is not much higher than DIc
eq
I so that even in dislocation-free

Si only the profile close to the surface is governed by Deff
(I) of (4.12) which

strongly increases with depth. For sufficiently large penetration depths Deff
(I)

finally exceeds Deff
(i) and a constant effective diffusivity begins to determine

the concentration profile. A detailed analysis of this situation can be found
elsewhere [3]. The change-over from a concave to an erfc-type profile has also
been observed for the diffusion of Au either into very thick Si samples [11] or
for short-time diffusion [12] into normal silicon wafers 300–800µm in thick-
ness.

4.3.3 Dopant Diffusion

Fermi Level Effect

Dopant diffusion has been studied extensively because of its importance in
device fabrication. A detailed quantitative understanding of dopant diffusion
is also a pre-requisite for accurate and meaningful modeling in numerical
process simulation programs. It is not our intention to compile all available
data on dopant diffusion in silicon, which may conveniently be found else-
where (see [3] for a list of references). We will instead concentrate on the
diffusion mechanisms and native point defects involved in dopant diffusion,
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the effect of the Fermi level on dopant diffusion and on non-equilibrium point
defect phenomena induced by high-concentration in-diffusion of dopants.

The diffusivities Ds of all dopants in Si depend on the Fermi level. The
experimentally observed doping dependencies may be described in terms of
the expression

Ds(n) = D0
s +D+

s (ni/n) +D−
s (n/ni) +D2−

s (n/ni)2 , (4.16)

which reduces to
Ds(ni) = D0

s +D+
s +D−

s +D−2
s (4.17)

for intrinsic conditions n = ni. Depending on the specific dopant, some of the
quantities in (4.17) may be negligibly small. Ds(ni) is an exponential function
of inverse temperature as shown in Fig. 4.1. Values of these quantities in terms
of pre-exponential factors and activation enthalpies are given in Table 4.1.
Conflicting results exist on the doping dependence of Sb.

Table 4.1. Diffusion data of various dopants fitted to (4.17). Each term fitted to
D0 exp(−Q/kBT ); D0 values in 10−4 m2s−1 and Q values in eV

element D0
0 Q0 D+

0 Q+ D−
0 Q− D2−

0 Q2−

B 0.037 3.46 0.72 3.46 – – – –
P 3.85 3.66 – – 4.44 4.00 44.20 4.37
As 0.066 3.44 – – 12.0 4.05 – –
Sb 0.214 3.65 – – 15.0 4.08 – –

The higher diffusivities of all dopants as compared to self-diffusion re-
quires faster moving complexes formed by the dopants and native point de-
fects. The doping dependence of Ds(n) is generally explained in terms of the
various charge states of the native point defects carrying dopant diffusion.
Since both I and V can be involved in dopant diffusion each of the terms in
(4.17) in general consists of an I and a V related contribution, e.g.,

D+
s = DI+

s +DV +

s . (4.18)

Ds(n) may also be written in terms of I- and V -related contributions as

Ds(n) = DI
s (n) +DV

s (n) (4.19)

with

DI
s (n) = DIo

s +DI+

s (ni/n) +DI−
s (n/ni) +DI2−

s (n/ni)2 (4.20)

and an analogous expression for DV
s (n).

Contrary to a common opinion, the observed doping dependence ex-
pressed in (4.16) just shows that charged point defects are involved in the
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diffusion process, but nothing can be learned on the relative contributions of
I and V in the various charge states. Strictly speaking, in contrast to the case
of self-diffusion, the doping dependence of dopant diffusion does not necessar-
ily prove the presence of charged native point defects but rather the presence
of charged point-defect/dopant complexes. In Sect. 4.3.3 we will describe a
way to determine the relative contribution of I and V to dopant diffusion by
measuring the effect of non-equilibrium concentrations of native point defects
on dopant diffusion.

Influence of Surface Reactions

Thermal oxidation is a standard process for forming field and gate oxides, or
oxides protecting certain device regions from ion implantation in Si device
fabrications. The oxidation process leads to the injection of I which can en-
hance the diffusivity of dopants using mainly I as diffusion vehicles or retard
diffusion of dopants which diffuse mainly via a V mechanism. Oxidation-
enhanced diffusion (OED) has been observed for the dopants B, Al, Ga, P
and As, and oxidation-retarded diffusion (ORD) was observed for Sb [2–4].
OED is explained by the I supersaturation and that the dopants diffuse via
mainly the interstitialcy mechanism. On the other hand, ORD of Sb is ex-
plained in terms of the I-V recombination reaction I + V ⇔ φ, where φ is a
lattice atom, which leads to

CICV = Ceq
I Ceq

V , (4.21)

and that Sb diffuses mainly via the vacancy mechanism. The presence of an
I supersaturation leads to a V undersaturation as described by (4.21). The
oxidation-induced I may also nucleate and form I-type dislocation loops on
(111) planes containing a stacking fault and are therefore termed oxidation-
induced stacking faults (OSF).

The physical reason for the I injection during surface oxidation is as
follows [2]. Oxidation occurs by the diffusion of oxygen through the oxide
layer to react with the Si crystal atoms at the SiO2/Si interface. The oxidation
reaction is associated with a volume expansion of about a factor of two which
is mostly accommodated by viscoelastic flow of the oxide but partly also by
the injection of Si interstitials into the Si crystal matrix which leads to an I
supersaturation. Oxidation can also cause V injection provided the oxidation
occurs at sufficiently high temperatures (typically 1150◦C or higher) and the
oxide is thick enough. Under these circumstances, Si, probably in the form of
SiO [13, 14], diffuses from the interface and reacts with oxygen in the oxide
away from the interface. The resulting supersaturation of V associated with
an undersaturation of I gives rise to ORD of B and P diffusion [15] and OED
of Sb [16]. Thermal nitridation of Si surfaces also causes a supersaturation of
V coupled with an undersaturation of I, whereas oxynitridation (nitridation
of oxides) behaves more like normal oxidation. Silicidation reactions have
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also been found to inject native point defects and to cause enhanced dopant
diffusion [17, 18].

A simple quantitative formulation of oxidation- and nitridation-influenced
diffusion is based on (4.19), which changes with perturbed native point-defect
concentrations CI and CV approximately to

Dper
s (n) = DI

s (n) [CI/C
eq
I (n)] +DV

s (n) [CV /C
eq
V (n)] . (4.22)

For long enough times and sufficiently high temperatures (e.g., one hour at
1100◦C) local dynamical equilibrium between V and I according to (4.21) is
established and (4.22) may be reformulated in terms of CI/C

eq
I . Defining the

normalized diffusivity enhancement as ∆per
s = [Dper

s (n) −Ds(n)]/Ds(n), the
fractional interstitialcy diffusion component as ΦI(n) = Di

s(n)/Ds(n), and
the I supersaturation ratio as sI(n) = [CI − Ceq

I (n)]/Ceq
I (n), (4.22) may be

rewritten as [2, 13]

∆per
s (n) = [2ΦI(n) + SIΦI(n) − 1] /(1 + sI) (4.23)

with (4.21) holding. Usually (4.23) is given for intrinsic conditions and the
dependence of ΦI on n is not indicated. Equation (4.23) is plotted in Fig. 4.6
for ΦI values of 0.85, 0.5 and 0.2.

The left-hand side of Fig. 4.6, where sI < 0 (associated with a V su-
persaturation) has been realized by high-temperature oxidation and thermal
nitridation of silicon surfaces, as mentioned above. Another possibility to
generate a vacancy supersaturation is the oxidation in an HCl containing
atmosphere at sufficiently high temperatures and for sufficiently large HCl
contents [2]. As expected, sI < 0 results in enhanced Sb diffusion and re-
tarded diffusion of P and B. Arsenic diffusion is enhanced as in the case of
oxidation, which indicates that arsenic has appreciable components via both
V and I (ΦI ∼ 0.5).

Several different procedures have been used to evaluate ΦI for the different
dopants, resulting in a wide range of conflicting published ΦI values. With
the availability of oxidation for generating a self-interstitial supersaturation
(sI > 0) and of thermal nitridation for generating a vacancy supersaturation
(sI < 0), the most accurate procedure to determine ΦI appears to be the
following: check for the diffusion changes under oxidation and under nitrida-
tion conditions. If for sI > 0 the diffusion is enhanced and for sI < 0 it is
retarded (as for P and B) then ΦI > 0.5 holds. Based on the largest observed
retardation ∆per

s (min), which has a negative value, a lower limit of ΦI may
be estimated according to

ΦI > 0.5 + 0.5
[
1 −

(
1 +∆per

s (min)2
)]1/2

(4.24)

Analogously, an upper limit for ΦI may be estimated for the case when re-
tarded diffusion occurs for sI > 0 and enhanced diffusion for sI < 0, as in
the case of Sb. A different procedure is required for elements with ΦI values
close to 0.5, such as As.
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Fig. 4.6. Normalized diffu-
sion enhancement ∆per

s versus
self-interstitial supersaturation
sI = (CI − Ceq

I )/Ceq
I for differ-

ent values of ΦI . From [2,13].

Fig. 4.7. Interstitial-related fractional diffusion component φI for group III, IV and
V elements versus their atomic radius in units of the atomic radius rSi of silicon.
The values for carbon and tin are expected from theoretical considerations and
limited experimental results. From [3].

In Fig. 4.7 values of ΦI at 1100◦C are shown as a function of the atomic
radius rs of the various dopants for intrinsic doping conditions. Both the
charge state (group III or V dopants) and the atomic size influence ΦI . ΦI

has a tendency to increase with increasing temperature. Oxidation and ni-
tridation experiments and extrinsic conditions indicate a decreasing value of
ΦI for P with increasing n-doping, but both P and B still remain dominated
by I (ΦI(n) > 0.5).

Dopant-Diffusion-Induced Non-Equilibrium Effects

Non-equilibrium concentrations of native point defects may be induced not
only by various surface reactions, but also by the in-diffusion of some dopants
starting from a high surface concentration. These non-equilibrium effects are
most pronounced for high-concentration P diffusion, but also present for other
dopants such as B and to a lesser extend for Al and Ga. Phosphorus in-
diffusion profiles (Fig. 4.8) show a tail in which the P diffusivity is much
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higher (up to a factor of 100 at 900◦C) than expected from isoconcentra-
tion studies. In n-p-n transistor structures in which high-concentration P is
used for the emitter diffusion, the diffusion of the base dopant B below the
P diffused region is similarly enhanced, the so-called ‘emitter-push effect’.
The diffusion of B, P, or Ga in buried layers many microns away from the
P diffused region is also greatly enhanced. In contrast, the diffusion of Sb in
buried layers is retarded under the same conditions. The enhanced and re-
tarded diffusion phenomena are analogous to those occurring during surface
oxidation. As has also been confirmed by dislocation-climb experiments [19],
all these phenomena are due to a supersaturation of I, associated with an
undersaturation of V , induced by high-concentration in-diffusion of P. The
basic features of high-concentration P diffusion are schematically shown in
Fig. 4.9, which also indicates the presence of electrically neutral precipitates
at P concentrations exceeding the solubility limit at the diffusion tempera-
ture. A much less pronounced supersaturation of I is generated by B starting
from a high surface concentration as can be concluded from the B profiles
and from the growth of interstitial-type stacking faults induced by B diffu-
sion [20, 21].

Many models have been proposed to explain the phenomena associated
with high-concentration P diffusion. The earlier models are vacancy based
and predict a P-induced V supersaturation which contradict the experimental
results obtained in the meantime. In 1986, Morehead and Lever [21] presented
a mathematical treatment of high-concentration dopant diffusion which is
primarily based on the point-defect species dominating the diffusion of the
dopant, e.g., I for P and B and V for Sb. The concentration of the other
native point-defect type is assumed to be determined by the dominating
point defect via the local equilibrium condition, (4.21). The dopant-induced
self-interstitial supersaturation sI may be estimated by the influx of dopants
which release part of the I involved in their diffusion process. These self-
interstitials will diffuse to the surface where it is assumed that CI = Ceq

I

holds, and also into the Si bulk. Finally, a quasi-steady-state supersaturation
of self-interstitials will develop for which the dopant-induced flux of injected
I just cancels the flux of I to the surface. Figure 4.9 shows schematically the
situation.

4.3.4 Diffusion of Carbon and Other Group IV Elements

The group IV elements carbon C, Ge and Sn dissolve in Si substitutionally,
but knowledge on their diffusion mechanisms is incomplete. Ge and Sn diffu-
sion are similarly slow as Si self-diffusion, whereas C diffusion is much faster
(Fig. 4.1).

Germanium atoms are slightly larger than Si atoms. Oxidation and nitri-
dation experiments show a ΦI value of Ge around 0.4 at 1100◦C [24] which
is slightly lower than that derived for Si self-diffusion. Diffusion of the much
larger Sn atoms in Si is expected to be almost entirely due to the vacancy
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Fig. 4.8. Concentration
profiles of P diffused into
Si at 900◦C for the times t
indicated. From [22].

Fig. 4.9. A schematic P
concentration profile (CP)
and the normalized native
point-defect concentra-
tions CI/Ceq

I and CV /Ceq
V .

From [23].

exchange mechanism, similar as for the group V dopant Sb. Consistent with
this expectation, a nitridation-induced supersaturation of V increases Sn dif-
fusion [25]), but no quantitative determination of ΦI is available for Sn.

In-diffusion C profiles in Si are error function-shaped. Considering the
atomic volume, it can be expected that the diffusion of C atoms, which are
much smaller than Si, involves mainly Si interstitials. Based on EPR mea-
surements, Watkins and Brower [26] proposed 29 years ago that C diffusion
is accomplished by a highly mobile CI complex according to Cs + I ⇔ CI,
where Cs denotes substitutional C. This is consistent with the experimental
observation that I injected by oxidation or high-concentration P in-diffusion
enhance C diffusion [27]. Equivalently, we may regard C as an i-s impurity,
just as Au. That is, to regard the diffusion of C according to [28, 29]

Cs + I ⇔ Ci (4.25)
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where Ci denotes an interstitial carbon atom. Since whether Cs diffusion is
actually carried by CI complexes or by Ci atoms have not yet been distin-
guished on a physical basis, and the mathematical descriptions for both cases
are identical in form, we can regard Cs diffusion as being carried by Ci atoms
in accordance with the KO mechanism of the i-s impurities. Under this as-
sumption, diffusion of C into Si for which the substitutional C concentration
is at or below the solubility of the substitutional carbon atoms, Ceq

s , the sub-
stitutional C diffusivity Deff

s is given by the effective diffusivity DiC
eq
i /Ceq

s

where Di is the diffusivity of the fast diffusing Ci atoms and Ceq
i is the sol-

ubilities of the Ci atoms. Error function type Cs in-diffusion profiles obtain
under in-diffusion conditions, because

Deff
s Ceq

s = DiC
eq
i < DIC

eq
I (4.26)

holds. Under this condition, C in-diffusion induced Si interstitials migrated
rapidly out to the Si surface and hence the Ceq

I condition is basically main-
tained, in agreement with experimental observations [30, 31].

From the C in-diffusion data, the solubility of Cs is given by [30, 31]

Ceq
s = 4 × 1030 exp(−2.3 eV/kBT )m−3 (4.27)

and the diffusion coefficient of Cs is given by

Ds = 1.9 × 10−4 exp(−3.1 eV/kBT )m2s−1 . (4.28)

Interpreted in accordance with the i-s nature of C, we obtain

Ceq
i = 2 × 1031 exp(−4.52 eV/kBT )m−3 , (4.29)
Di = 4.4 × 104 exp(−0.88 eV/kBT )m2s−1 . (4.30)

For out-diffusion of Cs pre-introduced to high concentrations, however,
the situation is very different. For cases for which the Cs concentration sig-
nificantly exceeded its solubility, as pointed out by Scholz et al. [32],

DiC
eq
i > DIC

eq
I (4.31)

may be satisfied, leading to a severe undersaturation of I in the high Cs con-
centration region which significantly retard the out-diffusion of Cs atoms from
the region. Indeed, such phenomena have been observed by Rücker et al. [33]
and by Werner et al. [34]. These experiments were performed using molecular
beam epitaxy (MBE) grown Si layers containing regions with Cs concentra-
tions in the 1025 to 1026 m−3 range, and hence tremendously exceeded the
Cs solubility of the experimental temperature. A similar retardation of the
diffusion of other impurity species diffusing via primarily I, e.g., B, in the
same region is also expected. This is indeed the case of the experimental re-
sults of Rücker et al. [33], see Fig. 4.10. In order to highly satisfactorily fit
both the Cs profile as well as all the B spike-region profiles, Scholz et al. [32]



180 Teh Yu Tan and Ulrich Gösele

found that additionally the contribution of Si V must also be included. Va-
cancy contributes a component to Cs diffusion via the dissociative or FT
mechanism as given by reaction (4.8) and a component to B diffusion via the
vacancy-pairing mechanism. The V contribution to Cs diffusion is important
in regions outside the initial Cs high-concentration region and to B diffusion
in all regions.

Using similarly grown samples containing Cs and B spikes, ion implan-
tation induced Si interstitials were found to be substantially attenuated in
the Cs spike regions so that the diffusion of B buried beneath the Cs spikes
were severely retarded when compared to cases of having no Cs spikes [35].
The phenomenon was interpreted by the authors as due to the reaction
Cs + I ⇔ CI but with the so formed CI complexes assumed to be immobile,
which is in contrast to the suggestion of Watkins and Brower [26]. The as-
sumption that immobile CI complexes are responsible for the retarded boron
diffusion is not needed in the analysis of Scholz et al. [32]. It is expected that
ion implantation or oxidation induced Si I supersaturation will enhance the
diffusion of C and B with C in concentrations to a moderate level, e.g., in
the range of 1023 m−3.

4.3.5 Diffusion of Si Self-Interstitials and Vacancies

For Si, although the product DIC
eq
I is known and estimates of DV C

eq
V are

available, our knowledge of the individual factors DI , DV , Ceq
I and Ceq

V is
limited in spite of immense experimental efforts to determine these quantities.
These individual quantities enter most numerical programs for simulating
device processing and their elusiveness hinders progress in this area [36].

The most direct way of measuring DI is the injection of I (e.g., via surface
oxidation) at one location of the Si crystal and the observation of its effect
on dopant diffusion or on growth or shrinkage of stacking faults at another
location as a function of time and of distance between the two locations.
That is, the two locations may be the front- and the backside of a Si wafer.
Extensive experiments on the spread of oxidation-induced I through wafers
by Mizuo and Higuchi [37] have shown that a supersaturation of I arrives
at about the same time as a corresponding undersaturation of V . Therefore,
these kind of experiments at 1100◦C just give information on an effective
diffusivity of a perturbation in the I and V concentrations. This effective
diffusivity may be expressed approximately by [2]

Deff
(I,V ) ≈ (DIC

eq
I +DV C

eq
V ) / (Ceq

I + Ceq
V ) (4.32)

and probably corresponds to the diffusivity values of about 3× 10−13 m2 s−1

in the experiments of Mizuo and Higuchi at 1100◦C [37]. Much efforts had
been expended on this approach in the past but the results are inconsistent.

In most experiments aimed at determining DI it has not been taken into
account that I may react with V according to the reaction I + V ⇔ φ which
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Fig. 4.10. SIMS profiles of
a 300 nm thick carbon layer
with seven boron spikes [33].
Filled and open circles are
respectively data of as-grown
and annealed (900◦C/45 min)
cases. Dashed fitting lines are
those with only the kick-out
model, and solid lines are
those with the dissociative
mechanism also included.
From [32].

establishes local dynamical equilibrium condition given by (4.21). Based on
experiments on oxidation-retarded diffusion of antimony [18, 38] it has been
estimated that an astonishingly long time, about one hour, is required to
establish local dynamical equilibrium at 1100◦C. This long recombination
time indicates the presence of an energy or entropy barrier slowing down
the recombination reaction. At lower temperatures much longer recombina-
tion times can be expected. These long recombination times hold for lightly
doped material. There are indications that dopants or other foreign elements
may act as recombination centers which can considerably speed up the re-
combination reaction, but no reliable data are available in this area. The DI

values so determined (and therefore indirectly also of Ceq
I via the known prod-

uct DIC
eq
I ) were found to diverge over many orders of magnitude [3,39] and

with I formation enthalpies from ∼ 1 to 4 eV. This is clearly an unsatisfac-
tory situation. The problem is further complicated by the observation that the
measured effective diffusivity Deff

(I,V ) depends on the type of Si material used.
In the experiments of Fahey et al. [18] the transport of oxidation-induced Si
interstitials through epitaxially-grown Si layers was much faster than through
equally thick layers of as grown float-zone (FZ) or Czochralski (CZ) Si. This
difference has been attributed to the presence of vacancy-type agglomerates
left from the crystal growth process which might not be present in epitaxial
Si layers. These vacancy agglomerates would have to be consumed by the
injected I before further spread of interstitials can occur.
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Nonetheless, considering the recent development involving several differ-
ent categories of studies, we can now tentatively conclude that the migration
enthalpies of vacancies and self-interstitials in silicon, hm

V and hm
I respectively,

are relatively small while their formation enthalpies, hf
V and hf

I respectively,
are large. This means that the V and I are moving fairly fast while their
thermal equilibrium concentrations are fairly small. The most probable value
of hm

V is ∼ 0.5–1 eV while that of hm
I is ∼ 1 eV, and the corresponding most

probable values of hf
V is ∼ 3.5–3 eV while that of hf

I is ∼ 4 eV. Sinno et
al. [40] used values of 0.457 and 0.937 eV respectively for hm

V and hm
I to sat-

isfactorily model the formation of swirl defects (interstitial-type dislocation
loops and vacancy-type clusters) in FZ Si, including the defect location, den-
sity, size, and their dependence on the crystal growth rate and the thermal
gradient. Plekhanov et al. [41] used a hf

V value of ∼ 3–3.4 eV to satisfactorily
model the formation of voids in large diameter CZ Si. Moreover, in fitting
the C and B diffusion results of Rücker et al. [33], as shown in Fig. 4.10,
Scholz et al. [32] also needed to use hm

I and hm
V values smaller than 1 eV.

This knowledge is consistent with recent quantum mechanical calculations
which yielded fairly high hf

I and hf
V values and correspondingly low hm

V and
hm

I values [42–46]. With the present estimates, it becomes also possible to
connect in a reasonable and consistent way the fairly high diffusivities of na-
tive point defects found after low temperature electron irradiation [47] with
the much lower apparent diffusivities which appear to be required to explain
high-temperature diffusion experiments.

4.3.6 Oxygen and Hydrogen Diffusion

Oxygen is the most important electrically inactive impurity element in Si.
In CZ Si, O is incorporated from the quartz crucible and usually present in
concentrations in the order 1024 m−3. An O atom in Si occupies the bond-
centered interstitial position of two Si atoms and forms covalent bonds with
the two Si atoms. Hence, its diffusion requires the breaking of bonds. The
diffusivity of interstitial oxygen, Oi, has been measured between about 300◦C
and the melting point of Si and is in good approximation described by

Di = 0.07 exp(−2.44 eV/kBT )m2s−1 . (4.33)

The solubility Ceq
i of interstitial O has been determined to be

Ceq
i = 1.53 × 1027 exp(−1.03 eV/kBT )m−3 . (4.34)

Since in most CZ Si crystals the grown-in Oi concentration exceeds Ceq
i at

typical processing temperatures, Oi precipitation will occur in the interior but
not the surface regions (because of Oi out-diffusion) of CZ Si. This leads to the
important technological application of intrinsic gettering [48] for improving
the junction leakage and MOS capacitor charge holding time characteristics
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of integrated circuit devices fabricated using CZ Si, which is not available to
FZ Si.

Around 450◦C Oi forms electrically active agglomerates, called thermal
donors [49]. The formation kinetics of these agglomerates appears to require
a fast diffusing species, for which both Si I [50] and molecular oxygen have
been suggested [51]. The question of molecular oxygen in Si has not yet been
settled.

Hydrogen plays an increasingly important role in silicon device technology
because of its capability to passivate electrically active defects. The passiva-
tion of dislocations and grain boundaries is especially important for inex-
pensive multicrystalline Si used for solar cells. Both acceptors and donors
can be passivated by H which is usually supplied to Si from a plasma. H
in Si is assumed to diffuse as unbounded i atom in either a neutral or a
positively charged form. The diffusivity of H in Si has been measured by
Van Wieringen and Warmoltz [52] between 970 and 1200◦C, see Fig. 4.1.
Between room temperature and 600◦C H diffusivities much lower than those
extrapolated from the high-temperature data have been measured. Corbett
and co-workers [53] rationalized this observation by suggesting that atomic H
may form interstitially dissolved, essentially immobile H2 molecules. Appar-
ently, these molecules can then form plate-like precipitates [54]. As in the case
of oxygen, the existence of H molecules has not been proven experimentally.

4.4 Diffusion in Germanium

Germanium has lost its leading role for electronic devices about four decades
ago and is now mainly used as a detector material or in Si/Ge superlattices.
Therefore, basically no papers have recently been published on diffusion in
Ge. Another reason might be that diffusion in Ge can be consistently ex-
plained in terms of V -related mechanisms and no I contribution has to be
invoked.

Figure 4.11 shows the diffusivities of group III and V dopants and of Ge
in Ge as a function of inverse absolute temperature under intrinsic condi-
tions. The doping dependence of dopant diffusion can be explained by one
kind of acceptor-type native point defect. These native point defects have
been assumed to be V since the earliest studies of diffusion in Ge [1], but a
convincing experimental proof has only been given in 1985 by Stolwijk et al.
based on the diffusion behavior of Cu in Ge [55].

Copper diffuses in Ge via an i-s mechanism [6]. In analogy to the case of Au
and Pt in Si, its diffusion behavior may be used to check diffusion profiles for
any indication of an I contribution via the KO mechanism. A concentration
profile of Cu diffusion into a germanium wafer is shown in Fig. 4.12 [55]. The
dashed U-shaped profile which is typical for the kickout mechanism obviously
does not fit the experimental data. In contrast, the experimental profiles may
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Fig. 4.11. Diffusivities of
various elements (including
Ge) in Ge as a function of
inverse absolute temperature
[4].

be well described by the constant diffusivity Deff
(I,V ) given by (4.13). Values

of the vacancy contribution to Ge self-diffusion

DV C
eq
V = 21.3 × 10−4 exp(−3.11 eV/kBT )m2s−1 , (4.35)

as determined from Cu diffusion profiles, agree well with those measured from
tracer self-diffusion in Ge [3,55]. The kind of excellent agreement shows that
any Ge I contribution to the Ge self-diffusion process is negligible and hence
Ge self-diffusion appears to be entirely governed by V . It is unclear why I
play such an important role in diffusion processes in Si but no noticeable
effect in Ge.

4.5 Diffusion in Gallium Arsenide

Gallium arsenide is the most important base material used for optoelectronic
applications with diffusion processes essential in fabricating the devices. Self-
diffusion and diffusion of dopant and other important impurity species in
GaAs (and in other compound semiconductors) are governed by native point
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Fig. 4.12. Concentration profiles of Cu
into a dislocation-free Ge wafer after dif-
fusion for 15 minutes at 878◦C. The solid
line holds for the Frank-Turnbull and the
dashed line for the kickout mechanism.
From [55].

defects. Compared to that in Si, diffusion in GaAs exhibits a much more
prominent dependence on the Fermi-level effect, and it also shows a depen-
dence on the pressure of an As vapor phase. Moreover, the number of partici-
pating point defect species is more than that in Si. Vacancy, interstitialcy, as
well as i-s diffusion mechanisms are involved. Detailed reviews can be found
elsewhere [3, 56, 57].

4.5.1 Native Point Defects and General Aspects

The compound semiconductor GaAs has a thermodynamically allowed equi-
librium composition range around the Ga0.5As0.5 composition. In thermal
equilibrium coexistence with a GaAs crystal, there are four vapor phase
species: Ga1, As1, As2, and As4. In the crystal, there are six single point
defect species: vacancies of the Ga and As sublattices (VGa and VAs), self-
interstitials of Ga and As (IGa and IAs), and antisite defects of a Ga atom
on an As sublattice site (GaAs) and of an As atom on a Ga sublattice site
(AsGa). Any two single point defect species can form a paired species. There
is no convincing evidence of the involvement of paired point defects in diffu-
sion processes in GaAs, and the role of paired point defect species will not
be considered here. The sum of the thermal equilibrium concentrations of
the point defects constitutes the allowed GaAs crystal composition variation
within its thermodynamically allowed range. For instance, considering the
contributions of only the single point defects, the excess As concentration
(δCAs) is given by

δCAs =
[
Ceq

IAs
+ Ceq

AsGa
− Ceq

VAs

]
−

[
Ceq

IAs
+ Ceq

GaAs
− Ceq

VGa

]
, (4.36)

while δCGa = −δCAs is the excess Ga concentration, which is responsible for
the compound crystal composition deviation from the Ga0.5As0.5 stoichiom-
etry. In (4.36), the C are the various thermal equilibrium concentrations of
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K

Fig. 4.13. (a) The schematic phase diagram of GaAs, with the thermodynamically
allowed GaAs crystal composition range greatly exaggerated. (b) Partial pressures
of the Ga and As vapor phases in equilibrium with the most gallium rich GaAs
(a,a′) or the most arsenic rich GaAs (b,b′) [58].

the appropriate point defect species. Here the concentration of a point defect
species includes those in all charge states.

Clearly, the following three categories of quantities form a mutual depen-
dence, each of which may be regarded as the cause for the other two: (i) the
vapor phase pressures; (ii) the GaAs crystal composition; and (iii) the point
defect concentrations of the crystal.

To analyze experiments, it is convenient to regard the vapor phase pres-
sure as the cause and the other quantities as consequences. For III-V com-
pounds, the group V element vapor phase pressure are large, e.g., PAs4 and/or
PAs2 , and can be readily measured. Figure 4.13a shows the GaAs phase dia-
gram and Fig. 4.13b shows the vapor phase pressures [58]. Thus, for GaAs,
according to the pressure effect,

Ceq
I0
As

∝ 1/Ceq
V 0
As

∝ Ceq
V 0
Ga

∝ 1/Ceq
I0
Ga

∝ (PAs4)
1/4 (4.37)

holds for the four mobile point defect species in the neutral state. For GaAs,
explicit expressions for the thermal equilibrium concentrations of all neutral
single point defects have been obtained [59]. Such expressions should also be
applicable to other III-V semiconductors.

Diffusion of many elements in GaAs have been investigated, with most
of the studies focused on p-type dopants Zn and Be, on n-type dopants Si
and Se, and on Cr which is used for producing semi-insulating GaAs. Since
Zn, Be, Cr and a number of other elements diffuse via an i-s mechanism, this
type of diffusion mechanism has historically received much more attention in
GaAs than in Si and Ge. Similarly as for Si and Ge, it had been assumed for
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a long time that only vacancies need to be taken into account to understand
diffusion processes in GaAs, see the book of Tuck [60].

The compilation of earlier diffusion data in GaAs may be found else-
where [60]. Only a few studies of self-diffusion in GaAs are available, but with
advances in growing GaAs/AlAs-type superlattices using molecular beam epi-
taxy (MBE) or metalorganic chemical vapor deposition (MOCVD) methods,
Al has served as an important foreign tracer element for elucidating Ga self-
diffusion mechanisms. The observation that high-concentration Zn diffusion
into a GaAs/AlxGa1−xAs superlattice leads to a dramatic increase in the
Al-Ga interdiffusion coefficient [61] opened up the possibility to fabricate lat-
erally structured optoelectronic devices by locally disordering superlattices.
This dopant-enhanced superlattice disordering is a general phenomena occur-
ing for other p-type dopants, e.g., Mg, and for n-type dopants, e.g., Si, Se and
Te [57, 58]. The dopant-enhanced superlattice disordering also has helped to
unravel the contributions of I and V to self- and dopants diffusion processes
in GaAs. These superlattices with their typical period of about 10 nm allow
one to measure Al-Ga interdiffusion coefficients, which turned out to be close
to the Ga self-diffusion coefficient, down to much lower values than had been
previously possible for Ga self-diffusion in bulk GaAs using radioactive Ga
tracer atoms. The dependence of diffusion processes on the As vapor pressure
has helped in establishing the role of self-interstitials versus vacancies.

The diffusivity of a substitutional species in GaAs generally shows a de-
pendence on PAs4 , because the concentration of the responsible point defect
species is dependent upon PAs4 , (4.37). The diffusivity will also exhibit a
dependence on doping because of the involvement of charged point defects
whose concentration is influenced via the Fermi-level effect. Furthermore,
non-equilibrium concentrations of native point defects may be induced by
the in-diffusion of dopants such as Zn starting from a high surface concentra-
tion. Much less is known on the diffusion processes of atoms dissolved on the
As sublattice, but recent experiments indicate the dominance of As I on the
diffusion of the isoelectronic group V element N [62], P and Sb [63–65], and
the group VI n-type dopant S [66]. These results imply also the dominance of
As I on As self-diffusion, which is in contrast to the earlier As self-diffusion
results of Palfrey et al. [67] favoring the dominance of As V .

4.5.2 Gallium Self-Diffusion and Superlattice Disordering

Intrinsic Gallium Arsenide

The self-diffusion coefficient DGa(ni) of Ga in intrinsic GaAs has been
measured by Goldstein [68] and Palfrey et al. [69] using radioactive Ga
tracer atoms. This method allows measurements of DGa(ni) down to about
10−19 m2/s. Measurements of the interdiffusion of Ga and Al in GaAs/
AlxGa1−xAs superlattices extended the range to much lower values [70–74].
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Fig. 4.14. Plot of available
data on Ga self-diffusion in
GaAs and data on Ga/Al in-
terdiffusion in GaAs/AlGaAs
superlattices under intrinsic
conditions together with DGa

derived [75] from the data of
Mei et al. [87].

The various data points have been approximately fitted by Tan and Gösele
[75, 76] to the expression

DV
Ga(ni, 1 atm) ≈ 2.9 × 104 exp(−6 eV/kBT )m2s−1 , (4.38)

see Fig. 4.14. Equation (4.38) is valid for the As4 pressure of 1 atm or for GaAs
crystals with compositions at the As-rich boundary shown in Fig. 4.13a, and
the superscript V in the quantity DV

Ga specifies that the quantity is due to the
Ga sublattice V contribution to Ga self-diffusion. This is because, at ∼ 1 atm,
the disordering rate of the GaAs/AlxGa1−xAs superlattices increases as the
ambient As4 pressure is increased [77,78]. The corresponding DV

Ga values for
GaAs crystals at the Ga-rich boundary is then

DV
Ga(ni,Ga-rich) ≈ 3.93 × 108 exp(−7.34 eV/kBT )m2s−1 . (4.39)

For (4.38) and (4.39), it turned out that the responsible vacancy species is
the triply-negatively-charged Ga vacancies V 3−

Ga , to be discussed in the next
paragraph. However, the Al-Ga interdiffusion coefficient also increases for
very low arsenic vapor pressures [77, 78], indicating that DGa is governed by
Ga I for sufficiently low As vapor pressures [57]. The role of Ga V and I will
become clearer when Ga diffusion in doped GaAs/AlxGa1−xAs superlattices
is considered and when diffusion of the p-type dopant Zn and Be is consid-
ered. Combining the Al-Ga interdiffusion data of Hsieh et al. [79] obtained
under Ga-rich ambient conditions, and the deduced Ga self-diffusion coeffi-
cients from analyzing Zn diffusion [80] and Cr diffusion [81], Tan et al. [82]
summarized that

DI
Ga(ni,Ga-rich) ≈ 4.46 × 10−8 exp(−3.37 eV/kBT )m2s−1 (4.40)
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holds for the Ga I contribution to Ga self-diffusion in GaAs crystals with
composition at the Ga-rich boundary shown in Fig. 4.13a. The corresponding
values for GaAs crystals with composition at the As-rich boundary shown in
Fig. 4.13a is then

DI
Ga(ni, 1 atm) ≈ 6.05 × 10−4 exp(−4.71 eV/kBT )m2s−1 . (4.41)

For (4.40) and (4.41), it turned out that the responsible point defect species
is the doubly-positively-charged Ga self-interstitials I2+

Ga , as will be discussed
in Sect. 4.5.2.

However, as has been first noticed by Tan et al. [83], under intrinsic condi-
tions, for a number of Al-Ga interdiffusion studies [70,84,85] and two recent
Ga self-diffusion studies using stable Ga isotopes [83,86], the results are fitted
better by

DGa(ni, 1 atm) ≈ 4.3 × 10−3 exp(−4.24 eV/kBT )m2s−1 (4.42)

instead of by (4.38). Figure 4.15 shows the values per (4.38) and (4.42) and
the associated data. There has yet to be a satisfactory explanation of the
discrepancy between these expressions. On the one hand, (4.42) does offer
a better fit to the more recent data, but on the other, it does not seem to
be consistent with the Al-Ga data of Mei et al. [87] under Si doping which
are associated with a 4 eV activation enthalpy. In accordance with the Fermi-
level effect, the Ga diffusion activation enthalpy decreases by about 2 eV in
n-doped materials [57], which would mean that (4.38) is more reasonable. A
number of reasons, however, could affect the accuracy of the experimental
results. These will include accidental contamination by n-type dopants in the
nominal intrinsic materials, band off-sets in the case of Al-Ga interdiffusion,
and the fact that the materials did not have the As-rich composition to start
with and the experimental temperature-time was not sufficient to change the
materials into As-rich for most part of the experimental time.

Doped Gallium Arsenide

No studies of Ga self-diffusion in doped bulk GaAs have been reported,
but a wealth of data on Al-Ga interdiffusion in both n-type and p-type
doped GaAs/AlxGa1−xAs superlattices is available. These interdiffusion ex-
periments were triggered by the observation of Zn in-diffusion enhanced su-
perlattice disordering due to Laidig et al. [61]. A number of disordering mech-
anisms have been proposed [61, 88–90] for a particular dopant, but none is
general enough to account for the occurrence of an enhanced Al-Ga interdiffu-
sion rate for also other dopants. The observed dopant enhanced interdiffusion
appears to be due to two main effects [75, 76]: (i). The thermal equilibrium
concentration of appropriately charged point defects is enhanced by doping,
i.e., the Fermi-level effect. In the case of the n-type dopant Si, mainly the
presence of the dopant is of importance, but not its movement. Compensation
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Fig. 4.15. Data and fitting lines for the intrinsic Ga or Al-Ga diffusivity under
1 atm of As4 pressure. The 6 eV line is that given by (4.38) and the 4.24 eV line that
given by (4.42). All Ga data are directly measured ones using norminaly intrinsic
GaAs. The Al-Ga data include directly measured ones using norminaly intrinsic
GaAs/AlxGa1−xAs superlattices as well as those deduced [75] from the Mei et al.
data [87] obtained using Si doped GaAs/AlxGa1−xAs superlattices.

doping, e.g. with Si and Be, should not lead to enhanced Al-Ga interdiffusion,
in agreement with experimental results [91, 92]. (ii) For a dopant with high
diffusivity and solubility, non-equilibrium native point defects are generated.

Depending on whether a supersaturation or an undersaturation of point
defects develops, the enhanced disordering rate due to the Fermi level effect
may be further increased or decreased. Irrespective of the starting material
composition, such non-equilibrium native point defects drive the dopant dif-
fused region crystal composition first toward an appropriate allowed GaAs
crystal composition limit shown in Fig. 4.13a. When the super- or undersatu-
ration of point defects becomes so large that the crystal local region exceeded
the allowed composition limit, extended defects form to bring the composi-
tion of the region back to that composition limit. Afterwards, this permits
the diffusion processes to be described by an equilibrium point defect process
appropriate for the crystal local region which is at an appropriate allowed
composition limit. The crystal is in a non-equilibrium state because of the
spatially changing composition. The diffusion of high-concentration Zn and
Be in GaAs [80,93] and their effects on GaAs/AlxGa1−xAs superlattices [94]
appear to be such cases. Interdiffusion of Al-Ga in n-type GaAs/AlAs su-
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Fig. 4.16. The (n/ni)
3 depen-

dence of the Al-Ga interdiffu-
sion data of Mei et al. [87], with
DV

Ga(ni, 1 atm) given by (4.38).
The data cannot be analyzed to a
similar degree of satisfaction via
the use of (4.42) to a power law
dependence on n/ni. Redrawn
from [75].

perlattices will be first discussed. This concerns with the case of Si-doped
GaAs which allows to identify the type and the charge state of the native
point defect dominating Ga self-diffusion in n-type GaAs. In Fig. 4.16, the
enhanced Al-Ga interdiffusion coefficients under Si-doping are plotted in a
normalized form as a function of n/ni of the appropriate temperature. These
data, obtained by Mei et al. [87], show a clear doping dependence [75, 76]

DAl−Ga(n, 1 atm) = DGa(ni, 1 atm)[n/ni]3 (4.43)

with DV
Ga(ni, 1 atm) given by (4.38). Equation (4.43) indicates the involve-

ment of a triply-negatively-charged native point defect species. Based on
the pressure dependence of the interdiffusion coefficient of n-doped superlat-
tices [56, 78] this defect has to be the gallium vacancy V −3

Ga , as predicted by
Baraff and Schlüter [95]. Values of DV

Ga(ni, 1 atm) calculated from the Mei
et al. data and shown in Fig. 4.14 are in good agreement with values ex-
trapolated from higher temperatures. Thus, including the As vapor pressure
dependence, we may write the Ga self-diffusion coefficient in n-type GaAs as

DGa(n, PAs4 ) = DV
Ga(ni, 1 atm)[n/ni]3[PAs4 ]

1/4 (4.44)

where DV
Ga(ni, 1 atm) is given by (4.38). The much later claim that these

Si-doping induced Al-Ga interdiffusion data show a quadratic dependence on
n [96] is erroneous, because of the use of the room temperature ni value as
that for high temperature ones by the authors. Furthermore, the statement
that there is no Fermi-level effect [97] bears little credence, for it is based on
Al-Ga interdiffusion results with extremely low Si doping, which are thresh-
old phenomena that may be influenced by many other uncontrolled factors.
Tellurium-doped GaAs based superlattices show a weaker dependence of the
Al-Ga interdiffusion coefficient on the Te concentration than expected from
(4.44) [98], especially at very high concentrations. The probable cause is that,
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Fig. 4.17. Fits of some of the
available p-dopant enhanced
Al-Ga interdiffusion data,
with DI

Ga(ni, Ga-rich) given
by (4.40). The data exhibit
an approximately quadratic
dependence on p/ni, indicating
that the dominant native point
defect is I2+

Ga . From [94].

due to clustering, not all Te atoms are electrically active to contribute to the
electron concentration [99].

The available Al-Ga interdiffusion data in p-type GaAs based superlattices
[61, 91, 100–104] had been first thought to be not analyzable in a manner
analogous to that done for the n-doping effect [75,76]. As shown in Fig. 4.17,
however, some of these data has been later approximately fitted by [94]

DAl−Ga(p,Ga-rich) = DI
Ga(ni,Ga-rich)[p/ni]2 (4.45)

where DI
Ga(ni,Ga-rich) is given by (4.40). Equation (4.45) shows that the

dominant native point defects under p-doping to a sufficient concentration
are IGa species, and the p2 dependence of DAl−Ga(p,Ga-rich) shows that the
IGa are doubly-positively-charged. The data shown in Fig. 4.17 [91,100,103,
104] are those under the dopant in-diffusion conditions, while the rest are
those under the dopant out-diffusion conditions involving grown-in dopants
without an outside dopant source. Under out-diffusion conditions, the dopant
diffusivity values are too small to be reliably measured. The fit shown in
Fig. 4.17 is seemingly satisfactory but nowhere near that for the Si-doping
case (Fig. 4.16). Even if the fit were perfect, the essential native point defect
equilibrium situation implied by Fig. 4.17 is only an apparent phenomenon,
for it applies only to the p-dopant diffusion front region while the whole
crystal is having a spatially varying composition. This point is most obvious
in the data of Lee and Laidig [100] which were obtained in a high As4 vapor
pressure ambient.

The grossly different results for in- and out-diffusion conditions is due
to non-equilibrium concentrations of native point defects induced by high-
concentration diffusion of Zn or Be. Both Zn and Be diffuse via an i-s mecha-
nism as will be discussed in more detail in the subsequent section. Historically,
most authors [60] considered that diffusion of p-type dopants is governed by
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the Longini mechanism [105] involving Ga vacancies

A+
i + V 0

Ga ⇔ A−
s + 2h , (4.46)

where h is a hole and the interstitial species of the dopant is assumed to
be positively charged, A+

i . The Longini mechanism is the same as the FT
mechanism, except it deals with charged species. The superlattice disordering
results indicate that for these dopants, the KO mechanism [106] involving Ga
self-interstitials

A+
i ⇔ A−

s + I2+
Ga (4.47)

is operating instead. This also indicates that Ga self-diffusion is governed
by Ga I under p-doping conditions. Within the framework of the kickout
mechanism the dopant in-diffusion generates a supersaturation of IGa with a
corresponding increase of dopant diffusion and the Ga self-diffusion compo-
nent involving Ga I. Because of the IGa supersaturation, the dopant diffused
region tends toward the Ga-rich composition. In the case of Zn in-diffusion
to very high concentrations, it will be discussed in detail that the IGa super-
saturation is so large that in a small fraction of the diffusion time extended
defects form [93,107], resulting in that the Zn diffused region composition is
at the thermodynamically allowed Ga-rich composition limit, and is associ-
ated with the appropriate thermal equilibrium point defect concentrations.
This is the reason for the satisfactory fit shown in Fig. 4.17.

In the case of grown-in dopants without an outside source the KO mecha-
nism involves the consumption of IGa which leads to an IGa undersaturation
with a corresponding decrease in dopant diffusion [108–111] and the Ga self-
diffusion component involving IGa. The results of the superlattice disordering
experiments are consistent with the expectations based on the KO mecha-
nism. In contrast, the Longini mechanism predicts an undersaturation of V
for in-diffusion conditions and a supersaturation for out-diffusion conditions
with a corresponding decrease and increase of a V dominated Ga self-diffusion
component, respectively. Since the predictions based on the Longini mecha-
nism are just opposite to the observed superlattice disordering results, it can
be concluded that: (i) Zn diffusion occurs via the KO mechanism, and (ii)
Ga self-diffusion in p-type GaAs is governed by IGa.

In contrast to the group II acceptors Zn and Be, the group IV acceptor
carbon (C) occupying the As sublattice sites diffuses slowly. This allows the
native point defects to be maintained at their thermal equilibrium values.
The effect of C on the disordering of GaAs/AlxGa1−xAs superlattices [112]
is described well by

Deq
Al−Ga = DI

Ga(ni)[p/ni]2 , (4.48)

where DI
Ga(ni) is given by (4.40) and (4.41) respectively for data obtained

under Ga-rich and As-rich ambient conditions.
The pressure dependence of disordering of p-doped superlattices confirms

the predominance of Ga I in Ga self-diffusion [56]. The magnitude of the
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enhancement effect, its restriction to the dopant-diffused region and the im-
plantation results of Zucker et al. [104] indicate that a Fermi level effect has
to be considered in addition to non-equilibrium point defects.

Combining the results for the p-type and the n-type dopant induced disor-
dering including an I supersaturation sI defined as sI = CI(n(p))/Ceq

i (n(p)),
and an analogous V supersaturation sV defined as sV = CV (n(p))/Ceq

V (n(p)),
where (n(p)) indicates doping conditions, we may express the Ga self-diffusion
coefficient approximately as

DGa (n(p), PAs4) = DI
Ga(ni, 1 atm)[p/ni]2P

−1/4
As4

sI

+ DV
Ga(ni, 1 atm)[n/ni]3P

1/4
As4

sV . (4.49)

In (4.49) the quantities DV
Ga(ni, 1 atm) and DI

Ga(ni, 1 atm) are given respec-
tively by (4.38) and (4.41). In writing down (4.49), the As-rich GaAs, des-
ignated by PAs4 = 1 atm, is chosen as the reference material state, and
with GaAs crystals of all other compositions represented by an appropriate
PAs4 value. Equation (4.49) describes all presently known essential effects on
GaAs/AlxGa1−xAs superlattice disordering. In the case of non-equilibrium
Ga V injected by a Si/As cap [113], sV > 0 holds. In the case of ion-
implantation, both sI > 0 and sV > 0 may hold and both quantities will
be time dependent. In the case of diffusion-induced non-equilibrium point
defects the presence of dislocations will allow local equilibrium between in-
trinsic point defects to establish in the two sublattices. In this way a large
supersaturation of IGa in the Ga sublattice may lead to an undersaturation
of IAs or a supersaturation of VAs in the As sublattice.

4.5.3 Arsenic Self-Diffusion and Superlattice Disordering

Since there is only one stable As isotope, 75As, As self-diffusion in GaAs can-
not be studied using stable As isotopes. In intrinsic GaAs, however, three
arsenic self-diffusion studies have been conducted using radioactive trac-
ers [62, 63, 67]. In the experiment of Palfrey et al. [67], the As4 pressure
dependence of As self-diffusion indicated that VAs may be the responsible
native point-defect species. This is, however, in qualitative contradiction to
the conclusion reached recently from a large number of studies involving As
atoms and other group V and VI elements that the responsible native point-
defect species should be IAs. The latter studies include: (i) As-Sb and As-P
interdiffusion in intrinsic GaAs/GaSbxAs1−x and GaAs/GaPxAs1−x type su-
perlattices for which x is small so as to avoid a large lattice mismatch [63–65];
(ii) P and Sb in-diffusion into GaAs under appropriate P and As pressures so
as to avoid extended defect formation which leads to complications [63–65];
(iii) an extensive analysis of the S in-diffusion data in GaAs [66]; (iv) out-
diffusion of N from GaAs [62]. A plot of the relevant data is shown in Fig. 4.18,
from which the lower limit of the As self-diffusion coefficient, assigned to be
due to the As self-interstitial contribution, is determined to be
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Fig. 4.18. Data on As self-diffusion coefficient, obtained using radioactive As trac-
ers (open squares), the group V elements N, P, and Sb and the group VI donor S
(filled symbols). The dashed fitting line is given by (4.50), and the solid line is a
better overall fitting. From [64].

DI
As(ni, 1 atm) ≈ 6 × 10−2 exp(−4.8 eV/kBT )m2s−1 . (4.50)

For P-As and Sb-As interdiffusion as well as P and Sb in-diffusion cases
[63–65], the profiles are error function shaped. With P and Sb assumed to be
i-s elements, such diffusion profiles are described by an effective diffusivity of
the type

Deff
s = DiC

eq
i /Ceq

s (4.51)

under native point defect equilibrium conditions, which is satisfied by either
the KO mechanism involving IAs or the Longini (or FT) mechanism involv-
ing VAs. The conclusion that IAs is the responsible species is reached for this
group of experiments because the diffusion rate increases upon increasing the
ambient As vapor pressure. IAs should be the responsible species in the N
out-diffusion experiments [62] because the N profile is typical of that due to
the KO reaction (4.47) under the condition of an IAs undersaturation, which
is qualitatively different from those obtainable from the dissociative reaction
(4.46). IAs should also be the responsible species in the S in-diffusion exper-
iments because the S profile [66] is typical of that due to the KO mechanism
reaction S+

i ⇔ S+
s + I0 under the condition of an IAs supersaturation, which

is also qualitatively different from those obtained from any possible reactions
of the FT or Longini mechanisms. It is seen from Fig. 4.18 that the available
As self-diffusion data lie close to those deduced from the P, Sb, N, and S
studies, and it may thus be inferred that As self-diffusion has a component
contributed by IAs.
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There are yet no doping dependence studies using the isoelectronic group
V elements N, P, and Sb, and hence the charge nature of the involved IAs has
not yet been determined. However, S is a group VI donor occupying the As
sublattice sites. In analyzing S in-diffusion [66], it was necessary to assume
that neutral IAs species were involved, which is therefore a most likely species
responsible for As self-diffusion.

There is also a study on the disordering of GaAs/AlxGa1−xAs superlat-
tices by the group IV acceptor species C [112] which occupy the As sub-
lattice sites. While there is no information obtained from this study on As
self-diffusivity, satisfactory descriptions of the C diffusion profiles themselves
were obtained also with the use of a kickout reaction involving neutral As self-
interstitials, discussed later. This lends further support to the interpretation
that neutral As self-interstitials are responsible for As self-diffusion.

4.5.4 Impurity Diffusion in Gallium Arsenide

Silicon

For GaAs the main n-type dopant is Si. It is an amphoteric dopant mainly
dissolved on the Ga sublattice but shows a high degree of self-compensation
at high concentrations due to an increased solubility on the As sublattice.

The Si diffusivity shows a strong dependence on its own concentration,
which had been modeled by a variety of mechanisms [113–115]. Apparently, Si
diffusion is dominated by negatively charged VGa and that its apparent con-
centration dependence is actually a Fermi level effect. Results on Si diffusion
into n-type (Sn-doped) GaAs confirm the Fermi level effect [115] and con-
tradict the other models, e.g., the SiGa-SiAs pair-diffusion model of Greiner-
Gibbons [114]. In the Fermi-level effect model, Yu et al. [115] used mainly V 3−

Ga

to fit the Si in-diffusion profiles, and more recently Chen et al. [116] found only
V −3

Ga is needed to fit these profiles. This is in consistency with the fact that
V 3−

Ga dominating GaAs/AlAs superlattice disordering under n-doping condi-
tions. In the work of Chen et al. [116] the Si source material and the GaAs
crystal are regarded as forming a heterostructure so that electrical effects due
to the heterojunction are also accounted for. In these analyses [115,116], the
diffusivity of the Si donor species Si+Ga satisfies

DSi(n) = DSi(ni)(n/ni)3 , (4.52)

which indicates that V 3−
Ga governs the diffusion of Si+Ga. Satisfactory fits of the

experimental data of Greiner and Gibbons [114] and of Kavanagh et at. [113]
were obtained using (4.51) with

DSi(ni) = 5.2 exp(−4.98 eV/kBT )m2s−1 (4.53)

in the work of Yu et al. [115], while DSi(ni) values 10 times larger than that
given by (4.53) were needed in the analysis of Chen et al. [116].
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In a set of Si out-diffusion experiments, You et al. [117] found that the Si
profiles also satisfy (4.52) but the needed DSi(ni) values are

DSi(ni, 1 atm) = 6.67 exp(−3.91 eV/kBT )m2s−1 , (4.54)
DSi(ni,Ga-rich) = 9.18 × 104 exp(−5.25 eV/kBT )m2s−1 , (4.55)

respectively, for experiments conducted under As-rich and Ga-rich ambient
conditions.

The DSi(ni) expressed by (4.54) and (4.55) are larger than those of (4.53)
by several orders of magnitude at temperatures above ∼ 800◦C, which in-
dicates the presence of an undersaturation and a supersaturation of V 3−

Ga ,
respectively, under the Si in- and out-diffusion conditions [117]. For the in-
diffusion case, the starting GaAs crystal contains V 3−

Ga and the neutral Ga
vacancies V 0

Ga to the thermal equilibrium concentrations of those of the in-
trinsic material. Upon in-diffusion of Si atoms, V 3−

Ga (and hence also V 0
Ga) be-

come undersaturated relative to the thermal equilibrium V 3−
Ga concentration

values appropriate for the n-doping conditions, which can only be alleviated
via inflow of V 3−

Ga from the interface of the Si source material and the GaAs
crystal. The reverse analogy holds for the Si out-diffusion case. Since V 3−

Ga

diffusion should be much faster than that of the Si+Ga atoms, in either case
there shall be no substantial spatial variations in the distribution of the V 0

Ga

species while the spatial distribution of V 3−
Ga follows the local n3 value.

Diffusion of Interstitial-Substitutional Species

Carbon

The group IV element carbon (C) occupies the As sublattice sites in GaAs
and is a shallow acceptor, designated as C−

s to emphasize that it is most likely
an i-s species. By in-situ doping during MBE crystal growth, C−

s reaches high
solubilities [118] and diffuses slowly [119], which are attractive features when
compared to the main p-type dopants Zn and Be in GaAs. The measured C−

s

diffusivity values of a few groups obtained under As-rich annealing conditions
[112,118–122] are fitted well by the expression

Ds(1 atm) = 4.79 × exp(−3.13 eV/kBT )m2s−1 . (4.56)

The corresponding Ds values under Ga-rich conditions should therefore be

Ds(Ga-rich) = 6.5 × exp(−4.47 eV/kBT )m2s−1 . (4.57)

These fits are shown in Fig. 4.19. In the work of You et al. [112] the C−
s

diffusivity data were obtained by the individual fittings of C−
s profiles which

are not quite error function shaped. In order to fit these profiles well, together
with a carbon precipitation process, it was also necessary to use the kickout
reaction
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Fig. 4.19. Available carbon
diffusivity data and fittings in
GaAs. From [112].

C−
s + I0

As ⇔ C−
i , (4.58)

where C−
i is an interstitial C atom which is also assumed to be an acceptor,

and I0
As is a neutral As self-interstitial. Later, Moll et al. [123] identified the

nature of the precipitation process as that of graphite formation. The As
self-interstitials are maintained at their thermal equilibrium values during C
diffusion, because of the low diffusivity value of C.

Zinc and Beryllium

The main p-type dopants in GaAs based devices, Zn and Be, diffuse via
an i-s mechanism in GaAs as well as in many other III-V compounds. In
most works Zn and Be diffusion have been discussed in terms of the much
earlier suggested FT or Longini mechanism [60], but only the KO mechanism
involving IGa is quantitatively consistent with the superlattice disordering
results as well as with Zn diffusion results [80, 93].

Isoconcentration diffusion of Zn isotopes in GaAs predoped by Zn showed
error function profiles [124, 125] with the substitutional Zn diffusivity values
of

Ds(p, 1 atm) = Ds(ni, 1 atm)(Cs/ni)2 (4.59)

for As-rich GaAs and an analogous expression for Ga-rich GaAs. At suffi-
ciently high Zn concentrations, since the GaAs hole concentration p equals
approximately the Zns concentration (p ∼ Cs), (4.59) shows that the respon-
sible native point defect species can only be the doubly-positively-charged
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Ga self-interstitials or vacancies, I2+
Ga or V 2+

Ga . Under high-concentration Zn
in-diffusion conditions, the GaAs/AlxGa1−xAs superlattices disordering rates
are tremendously high, indicating the presence of a high supersaturation of
the responsible point defects. Thus, the native point-defect species respon-
sible for Zn diffusion, and also for Ga self-diffusion and Al-Ga interdiffusion
under p-doping conditions, is I2+

Ga according to reaction (4.47), and not V 2+
Ga

according to reaction (4.46). In the latter case only an undersaturation of
V 2+

Ga can be incurred by Zn in-diffusion which should then retard Al-Ga in-
terdiffusion rates in superlattices, in contradiction with experimental results.
In the Zn isoconcentration diffusion experiments, a non-equilibrium I2+

Ga con-
centration is not involved. Similarly, for Zn diffusion to low concentrations
below the ni value, a non-equilibrium concentration of I2+

Ga is also not present,
and the Zn diffusivity values may be represented by that under the intrinsic
conditions, Ds(ni). As analyzed by Yu et al. [80], Zn isoconcentration exper-
iments and Zn in-diffusion experiments at high concentrations yielded the
value range of

Ds(ni, 1 atm) = 1.6 × 10−6 exp(−2.98 eV/kBT )m2s−1 , (4.60a)
Ds(ni, 1 atm) = 9.68 × 10−3 exp(−4.07 eV/kBT )m2s−1 . (4.60b)

The two analogous expressions for Ga-rich materials are respectively

Ds(ni,Ga-rich) = 1.18 × 10−10 exp(−1.64 eV/kBT )m2s−1 , (4.61a)
Ds(ni,Ga-rich) = 7.14 × 10−7 exp(−2.73 eV/kBT )m2s−1 . (4.61b)

The values of (4.60ab) and (4.61ab) and the associated data are plotted in
Fig. 4.20.

The correspondingly deduced I2+
Ga contribution to Ga self-diffusion has

been included in (4.38) and (4.39). Because of the lack of a proper Be source
for in-diffusion studies, and in Be out-diffusion studies with Be incorporated
using MBE or MOCVD methods the Be diffusivity is too small, there are no
reliable Be diffusivity data.

Out-diffusion of Zn or Be in GaAs doped to fairly high concentrations
during crystal is associated with a high I2+

Ga undersaturation, leading to Zn
or Be out-diffusion rates orders of magnitude smaller than those under in-
diffusion conditions [109,110,126]. In-diffusion of high concentration Zn into
GaAs induces an extremely large I2+

Ga supersaturation, because the condition

DiC
eq
i 
 DSD

Ga(p) (4.62)

holds. As first noted by Winteler [107], this I2+
Ga supersaturation leads to the

formation of extended defects. In recent works three kinds of extended defects
have been characterized and their formation process analyzed [57,93,127]: (i)
interstitial-type dislocation loops, which degenerate into dislocation tangles
in time; (ii) voids; and (iii) Ga precipitates co-existing with neighboring voids.
For diffusing Zn into GaAs in a Ga-rich ambient, a Zn diffused GaAs crystal
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Fig. 4.20. The substitu-
tional Zn diffusivity values
under intrinsic and 1-atm
As4 pressure conditions.
From [80].

region with compositions at the allowed Ga-rich boundary shown in Fig. 4.13a
is obtained, irrespective of the GaAs starting composition. The fact that the
Zn diffused region is indeed rich in Ga is evidenced by the presence of Ga
precipitates in the voids [93]. Formation of these defects ensures the Zn in-
diffusion profile to be governed by the thermal equilibrium concentrations of
native point defects of the Ga-rich GaAs crystal, and the profile is box-shaped
which reveals the p2 (or C2

s ) dependence of the substitutional Zn diffusivity
Ds. Such a profile is shown in Fig. 4.21 together with an illustration of the
involved extended defects. It is, however, noted that the crystal is in a highly
non-equilibrium state, for two reasons. First, extended defects are generated.
Second, the starting material may not be rich in Ga and hence the crystal will
now contain regions with different compositions which is of course a highly
non-equilibrium crystal.

For diffusing Zn into GaAs in an As-rich ambient, the situation is more
complicated. After a sufficient elapse of diffusion time, the crystal surface re-
gion becomes As-rich because of the presence of a high ambient As4 pressure.
But, since

DiC
eq
i 
 DSD

As (p) (4.63)

holds in the Zn diffusion front region, it is Ga-rich. Thus, the high-concen-
tration Zn in-diffusion profiles are of a kink-and-tail type resembling those of
high concentration P in-diffusion profiles in Si, see Fig. 4.22. The kink-and-tail
profile develops because the Zns solubility value in the As-rich and Ga-rich
GaAs materials are different [93]. In the high Zn concentration region the
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Fig. 4.21. (a) Zn in-diffusion
profiles obtained at 900◦C un-
der Ga-rich ambient conditions.
Squares are the total Zn concen-
tration and crosses are the hole
or Zns concentration. The higher
total Zn concentration indicates
formation of Zn containing pre-
cipitates caused by the use of a
non-equilibrium Zn source mate-
rial which diffused Zn into GaAs
exceeding its solubility at 900◦C.
(b) A schematic diagram indicat-
ing the morphologies and distri-
butions of voids (open) and Ga
precipitates (filled), indicated by
also v[p]. The presence of dislo-
cations is not shown. From [93].

Ds(ni) values are those given by (4.60a) and (4.60b), while in the tail or Zn
diffusion front region theDs(ni) values are those given by (4.61a) and (4.61b).
These profiles cannot be modelled with a high degree of self-consistency, be-
cause the extended defect formation process cannot be modelled without the
use of some phenomenological parameters [80]. The evolution of the extended
defects, as suggested by Tan et al. [57] and Luysberg et al. [127], are as fol-
lows: (i) to reduce I2+

Ga supersaturation, they form interstitial type dislocation
loops containing extra GaAs molecules, with the needed As atoms taken from
the surrounding As sites which generates a VAs supersaturation; (ii) the su-
persaturated VAs collapses to form voids, each of an initial volume about that
of a neighboring Ga precipitate formed from Ga atoms lost the neighboring
As atoms to the formation of the dislocation loops. The voids will be rapidly
filled by subsequently generated Ga self-interstitials due to further Zn in-
diffusion. For cases of diffusing Zn into GaAs in a Ga-rich ambient, the voids
contain Ga precipitates throughout the Zn in-diffused region, but for cases
of diffusing Zn into GaAs in an As-rich ambient, the surface region voids are
empty.

Chromium

Chromium is a deep acceptor occupying Ga sites and is used for fabricating
semi-insulating GaAs. In undoped GaAs, diffusion of Cr involves no charge
effects. In-diffusion profiles of Cr are characterized by a kickout type profile
from the crystal surface to a substantial depth and an erfc-type profile deeper
in the material near the diffusion front [60, 128]. Out-diffusion profiles are
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Fig. 4.22. (a) Zn in-diffusion
profiles obtained at 900◦C un-
der As-rich ambient conditions.
Squares are the total Zn concen-
tration and crosses are the hole
or Zns concentration. The higher
total Zn concentration indicates
formation of Zn containing pre-
cipitates caused by the use of a
non-equilibrium Zn source mate-
rial which diffused Zn into GaAs
exceeding its solubility at 900◦C.
(b) A schematic diagram indi-
cating the morphologies and dis-
tributions of voids (open) and
Ga precipitates (filled). The pres-
ence of dislocations is not shown.
From [93].

characterized by a constant diffusivity which is much lower than that for in-
diffusion. The existence of the two types of profiles needs the description of the
i-s diffusion mechanism in terms of the KO mechanism Cri ⇔ Cs + I2+

Ga + 2e
and/or the Longini mechanism Cri + V 3−

Ga ⇔ Cs + 3e, where e denotes an
electron.

Tuck [60] and Deal and Stevenson [128] have discussed Cr diffusion in
terms of the Longini mechanism. The satisfactory treatment of the diffusion
behavior of Cr in intrinsic GaAs [81], however, includes the co-existence of
VGa and IGa, the dependence of Ceq

s and Ceq
i on the outside Cr vapor pressure,

and a dynamical equilibrium between the native point defects in the Ga and
the As sublattice at the crystal surface region. In-diffusion of Cr turned out
to be governed by the effective diffusivity Deff

surf = (DIC
eq
I /Ceq

s )(Ceq
s /Cs) in

the surface region, which is concentration dependent, and by the much faster
constant diffusivity Deff

tail = DiC
eq
i /Ceq

s in the tail region. The deduced DIC
eq
I

value from Cr in-diffusion profiles [81] were included in (4.40).
In the case of out-diffusion the Cr vapor pressure is so low that, similarly

to the case of out-diffusion of Zn, a much lower diffusivity prevails. This slower
out-diffusion turned out to be dominated either by the constant V -dominated
diffusivity Deff

s = DV C
eq
V /Ceq

s or the constant Si dominated diffusivity Deff
s =

DiC
eq
i /Ceq

s , whichever is larger for low outside chromium vapor pressure.

Sulfur

The group VI donor S occupies As sites. With lower surface concentrations,
the S in-diffusion profiles [66,129,130] resemble the erfc-function, but a con-
cave shape develops in the surface region for higher concentration cases. The
latter cases are indicative of the operation of the KO mechanism for an i-s
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impurity. The available S in-diffusion profiles have been quantitatively ex-
plained [66] using the KO mechanism assuming the involvement of the neutral
As self-interstitials, I0

As. The deduced DI
As(ni, 1 atm) values were included in

(4.50).

4.5.5 Diffusion in Other III-V Compounds

Gallium arsenide is certainly the one III-V compound in which self and
impurity diffusion processes have been studied most extensively. The avail-
able results on self-diffusion in III-V compounds have been summarized by
Willoughby [131]. The Group III and the Group V diffusivities appear to
be so close in some compounds that a common defect mechanism involving
multiple native point defects appears to be the case, although no definite con-
clusion has been reached. There are hardly any experimental results available
which would allow one to draw conclusions on the type and charge states of
the native point defects involved in self-diffusion processes. Zinc is an impor-
tant p-type dopant also for other III-V compounds and its diffusion behavior
appears to be governed by an i-s mechanism as well. No information is avail-
able on whether the FT mechanism or the KO mechanism is operating. It
can be expected that dopant diffusion induced superlattice disordering may
rapidly advance the understanding of diffusion mechanisms in other III-V
compounds similarly as has been accomplished in GaAs.

4.6 Conclusion

Diffusion phenomena in semiconductors are now understood to a high de-
gree of consistency, mainly due to progresses during the last 20 years or so.
In semiconductors, the lattice vacancies and self-interstitials both contribute
to the crystal host atom self-diffusion and to the diffusion of substitutional
impurity atoms. Often the point defects are charged which leads the diffu-
sivity of the diffusing species to be dependent upon the crystal Fermi-level.
In compound semiconductors, the diffusivity of the diffusing species will fur-
ther depend on the ambient pressure of an appropriate vapor phase. The
i-s diffusion mechanism appears to govern the diffusion processes of many
impurities.

Notation

Ai interstitialy dissolved atom of species A
AsGa the antisite defect of an As atom occupying a Ga-sublattice

site
As substitutionally dissolved atom of species A
C carbon
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C concentration
Ceq

x or ceqx actual or normalized thermal equilibrium concentration of
species x

D or Dy diffusivity (diffusion coefficient) or diffusivity of species y
Deff effective diffusivity
Deff

(j) effective diffusivity of a species controlled diffusion of
species j

Ds diffusivity of species s
DSD self-diffusion coefficient
DI

SD or DV
SD I or V contribution to the self-diffusion coefficient

DT tracer self-diffusion coefficient
D0 pre-exponential factor of DT or DSD

Dper
s or ∆per

s actual or normalized s diffusivity perturbed by non-equi-
librium point defect concentrations

e the electrical carrier electrons
fI or fV tracer diffusion correlation factors or interstitialcy or va-

cancy mechanism
GaAs the antisite defect of a Ga atom occupying an As-sublattice

site
h the electrical carrier holes
hf

I or hf
V formation enthalpy of I or V

hm
I or hm

V migration enthalpy of I or V
i interstitialy dissolved impurity
i-s interstitial-substitutional impurity
I self-interstitials
IGa or IAs Ga or As self-interstitials
I2+
Ga doubly-positively-charged Ga self-interstitials
I0, I+, I−, etc. neutral, singly-positively-charged, singly-negatively charged

I, etc.
kB Boltzmann’s constant
n donor doped or electron concentration of a semiconductor
ni intrinsic carrier concentration
p acceptor doped or hole concentration of a semiconductor
P pressure
Q activation enthalpy
s substitutionally dissolved impurity
sI or sV self-interstitial or vacancy supersaturation ratio
T absolute temperature
V vacancies
VGa or VAs Ga- or As-sublattice vacancies
V 3+

Ga triply-negatively-charged Ga-sublattice vacancies
V 0, V +, V −, etc. neutral, singly-positively-charged, singly-negatively charged

V , etc.
ΦI interstitialcy fraction of the Si self-diffusion coefficient
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Schröter (Wiley-VCH, New York 2000) pp 231–290
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5. U. Gösele, W. Frank, A. Seeger: Appl. Phys. 23, 361 (1980)
6. F.C. Frank, D. Turnbull: Phys. Rev. 104, 617 (1956)
7. N.A. Stolwijk, B. Schuster, J. Hölzl, H. Mehrer, W. Frank: Physica B+C 116,

335 (1983)
8. S. Mantovani, F. Nava, C. Nobili, G. Ottaviani: Phys. Rev. B 33, 5536 (1986)
9. N.A. Stolwijk, M. Perret, H. Mehrer: Defect and Diffusion Forum 59, 79 (1988)

10. M. Perret, N.A. Stolwijk, L. Cohausz: J. Phys.: Condens. Mater. 1, 6347 (1989)
11. F.A. Huntley, A.F.W. Willoughby: Phil. Mag. 28, 1319 (1973)
12. C. Boit, F. Lay, R. Sittig: Appl. Phys. A 50, 197 (1990)
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28. U. Gösele, A. Plössl, T.Y. Tan. In: Electrochem. Soc. Proc. 96–4, (Elect-
cochem. Soc., Pennington 1996) pp 309–323
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