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Molecular View of Properties of Random
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Abstract The yield behavior during uniaxial drawing of isotactic random copol-

ymers of propene with ethylene (iPPEt), 1-butene (iPPBu), 1-pentene (iPPPe),

1-hexene (iPPHe), and 1-octadecene (iPPOc) is analyzed within the framework of

our current understanding of deformation properties of semicrystalline polymers,

that is, the intrinsic stability of lamellar crystals and related polymorphism phe-

nomena, along with the ability of entangled amorphous chains to transmit stress.

The samples selected for analysis were synthesized using single-site metalorganic

catalysts, are highly stereoregular, and contain small amounts of regiodefects

caused by secondary 2,1 erythro units. Moreover, the interchain and intrachain

distribution of comonomeric units is uniform. In the case of iPPEt copolymers,

samples containing �3.5 mol% stereodefects were also studied. The yield behavior

of these samples depends on the kind and concentration of defects, and is directly

related to the level of inclusion in and exclusion from crystals of the comonomeric

units. Apart from iPPBu copolymer samples with high butene content, the yield

stress of all samples increases with the thickness of lamellar crystals according to a

common trend, regardless of comonomer. In the case of iPPBu copolymers

containing a high concentration of butene units, the yield stress decreases with

increasing lamellar thickness. The increase in yield stress with lamellar thickness is

rationalized in terms of the micromechanical model of crystallographic slips, based

on thermal activation of screw dislocations. The parameters of the model describing

the yield behavior are the critical free energy required to form a screw dislocation

and the shear modulus associated with the slip planes of the dislocations. These

were set as identical to those deduced for isotactic polypropylene homopolymer

samples (iPP) crystallized under different conditions. Study of the yield behavior of
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these copolymers extends the use of the dislocation model to a set of samples

crystallized under similar conditions but characterized by differences in

comonomeric unit, degree of crystallinity, lamellar thickness, polymorphism, and

intrinsic flexibility of the chain backbone. The results indicate that for a homoge-

neous class of propene-based copolymers, namely crystallized in the α-form of iPP

under similar conditions, lamellar thickness controls the level of plastic resistance

provided that the concentration of structural irregularities in the crystals is not too

high. iPPBu copolymers with high comonomer concentration do not obey this rule

because of the high level of inclusion of comonomers in the crystals, which induces

an increase in lamellar thickness but also a decrease in crystal stability.

Keywords Random copolymers • Yield behavior • Crystallographic slip process •

Dislocation model • Polymorphism
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1 Introduction

The uniaxial deformation of semicrystalline polymers having spherulitic or lamel-

lar morphology transforms an initially isotropic material into oriented fibers. In

semicrystalline polymers, the complex interwoven structure of amorphous and

crystalline phases that are tightly intermingled [1] entails that the deformation

process is complex [2, 3, 4, 5–9]. Deformation involves movement of atoms or

groups of atoms, both in the crystalline and amorphous phase, in a cascade of events

over different length scales. These range from the length scale of monomeric units,

unit cells, and coils to the thickness of lamellar crystals, assembly of lamellae in

stacks separated by amorphous phase, and spherulites [5, 7, 10–19]. The move-

ments follow a common scheme during uniaxial stretching and involve both elastic

(reversible) deformation and plastic (permanent) deformation as a result of viscous

flow activated by the stress field [3, 5–7, 20, 21].

At low strains, the stress increases linearly and the polymer sample responds to

the applied strain elastically, obeying Hooke’s law [22]. The main mechanisms

behind the Hooke regime of deformation occurring at the subnanometric length

scale are the deformation of covalent bonds and valence angles, librational motion

of internal rotation angles, and reversible deformation of unit cell axes [22, 25]. By
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releasing the tension, the sample recovers its initial shape and dimensions. The

proportionality constant between stress and strain is the Young’s modulus, which

depends mainly on the intrinsic flexibility of the chains and the volume fraction of

the crystalline phase [22–24].

With further increase in strain, the stress within the polymer increases to reach the

yield point. The highmobility achieved at the yield point initiates plastic (irreversible)

deformation in the material, at a rate equal to the applied strain rate. After yielding,

strain softening takes place, leading to strain localization and subsequent necking.

From now on, plastic deformation dominates until break [5, 7, 26, 27].

The molecular mechanisms involved at yield and during plastic deformation up

to the break point depend on the deformation rate, temperature, and crystallization

conditions of the sample [5, 7, 27, 28]. Possible mechanisms associated with

yielding behavior and plastic deformation of a polymer are partial melting and

recrystallization [29, 30], thermal activation of screw dislocations with the Burgers

vector parallel to the chain axis [6, 8, 14–19, 25, 31, 32], cavitation, and

micronecking [3, 20, 21].

The concept that yielding and successive plastic deformation are the result of

strain-induced melting of crystals followed by recrystallization into new crystals in

adiabatic conditions (mechanical melting) was suggested by Yoon and Flory [29]

on the basis of speculative considerations and not on experiments. According to this

concept, the melting of initially unoriented crystals followed by recrystallization of

the molten material into new crystals with a predominant chain orientation induced

by strain is the thermodynamic driving force for plastic deformation, because it

would allow reduction of the local stress level during drawing. Although this

mechanism can explain the decrease in thickness and lateral dimensions of lamellar

crystals during drawing, and the high degree of orientation achieved in a fiber, it

does not account for the yielding process. Indeed, only after yielding does the

stress-induced melting–recrystallization mechanism play some role in the plastic

flow of a polymer [5–7]. The new crystals may either correspond to the same

polymorph initially present in the sample or to a completely different polymorph

[33–44]. It has been shown that occurrence of stress-induced polymorphic transi-

tions during stretching produces a neat increase in ductility, because this provides a

mechanism for conversion of mechanical energy into latent heat of fusion, which

induces local melting of the crystals followed by recrystallization into a new phase

[40–43].

By contrast, the crystallographic model based on thermal activation of screw

dislocations is the most general and important micromechanical model of plastic

deformation in polymers [23, 24, 31, 32, 35–37]. The mechanism of thermal

activation of screw dislocations becomes effective from the yield point through

occurrence of crystal slip processes, assisted by interlamellar slip in the amorphous

layers. Moreover, for some polymers, additional twinning modes or stress-induced

polymorphic transformations can also occur at high deformations [45–52].

Stress-induced phase transition, in turn, may occur not only through mechanical

melting followed by recrystallization [29, 40, 41, 43, 44, 53], but can also be first-

order as in martensitic (displacive) processes [35–45, 54–59]. The crystallographic
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approach correctly predicts the dependence of the yield stress on the stem length of

lamellae, temperature, and strain-rate [16, 60–67].

More precisely, the crystallographic approach to plastic deformation of semi-

crystalline polymers originates from basic ideas borrowed from the classical theory

of crystal plasticity, that is, that the yield stress is governed by the energy required

to nucleate a dislocation within a lamellar crystal [68–72]. Bowden and Young [25]

adopted this idea and demonstrated that the picture based on classical concepts of

nucleation of dislocations and their glide along the crystal lattice agrees well with

the behavior of semicrystalline polymers [6, 8, 12–19, 25, 31, 32, 73–76].

According to this approach, the plastic deformation of polymer crystals is, in

essence, of crystallographic origin and takes place without destroying the crystal-

line order. It occurs by crystallographic slips in the planes of closest packing (slip

planes), generally corresponding to large interplanar distances, in directions coin-

ciding with the direction of the closest packing located in the slip plane [25]. The

slip mechanism is produced by the glide of a linear defect, namely a screw

dislocation, along the slip plane. It can therefore accommodate plastic strains

much more easily than other mechanisms such as twinning or martensitic transi-

tions. The slip begins when the shear stress in the slip direction τ reaches a value

higher than a threshold level that is critical for the given slip system. Such a stress

level τ0 corresponds to the critical resolved shear stress [5–7, 14–19, 25]. Thus,

yielding starts when the critical resolved shear stress is reached in any family of

lattice planes with low τ0.
For polymer crystals, the slip systems need to operate in planes parallel to the

chain axes. The most typical modes are chain slip involving a glide parallel to

chain axes and transverse slip involving a glide perpendicular to chain axes

(Fig. 1A, B). Additional constraints to the crystallographic deformation process

are imposed by chain folds [5]. Chain folds should not be destroyed during

deformation. Therefore, slip processes parallel to planes containing chain folds

are generally preferred.

The slip process during deformation may occur in two different ways, producing

either fine slips (Fig. 1D) or coarse slips (Fig. 1E) [7, 14–19, 49–52, 77–79]. Fine

slips consist of displacements by one or two lattice vectors on every other lattice

plane of a crystal [77–79]. With increased slip processes, the global effect results in

a progressive increase in chain tilting with respect to the lamellar normal and a

decrease in lamellar thickness (Fig. 1D). Coarse slips consist of significant shear

displacements of crystal blocks on well-separated crystal planes. In general, coarse

slips take place in lamellae containing a high concentration of defects or having a

block fine-structure and in the late stages of deformation, when the crystals are

already thinned as a result of advanced fine slip processes [77–79]. Eventually, at

this stage of deformation, lamellae become so weak that they undergo slip insta-

bilities, that is, complete fragmentation, orientation, destruction [32], and recrys-

tallization in oriented crystals of fibrillar morphology.

The third micromechanical model of plastic deformation in semicrystalline

polymers is based on the role of cavitation and micronecking [3, 4, 20, 21,

80]. This model was elaborated by Peterlin and coworkers and assumes that plastic
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yielding is a result of the shearing of crystalline lamellae followed by their

simultaneous fragmentation into crystal blocks [20, 21, 81]. In practice, the initial

lamellar stacks inside the initial isotropic spherulites transform into fibrillar entities

during stretching through formation of micronecks, which are generated at

microcrack boundaries. Upon fragmentation of the lamellar blocks through chain

unfolding, the blocks become oriented with chain axes in the stretching direction,

originating microfibrils that are characterized by alternation of crystalline and

amorphous regions [20, 21]. The basic mechanism for formation of micronecks is

cavitation, because cavities remove mechanical constraints on block rotations.

Therefore, cavitation and micronecking constitute the basic steps of Peterlin’s
micromechanical model [20, 21]. Successive studies have shown that morpholog-

ical transformation from initial isotropic structures into microfibrils by plastic

deformation can also take place without formation of cavities or microvoids

[7, 32, 82, 83]. This, for instance, occurs in the regime of plane-strain or uniaxial

Fig. 1 (A, B) Two types of crystallographic slip in macromolecular crystals: chain slip (longitu-

dinal) (A) and transverse slip (B) [6, 25]. Regular chain folds connect adjacent stems in the crystal.

Arrows denote the direction of the chain translation. Slip occurs parallel to chain fold. (C–E)

Deformation modes of lamellar crystals [32]: undeformed crystal (C), models of fine chain slip

(D), and coarse chain slip (E). The orientation of chain axes and the vector normal to lamellar

surface are indicated. (F–H) Deformation modes of the amorphous phase: undeformed stack (F),

interlamellar separation mode (G), and interlamellar slip (shear) (H). In G, H only the chains

bridging adjacent lamellar crystals are drawn
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compression [84]. Therefore, cavitation is merely a side effect produced by partic-

ular deformation modes and is not essential for the plastic deformation process and

related transformation of polymer morphology [84]. Moreover, Peterlin’s model

completely neglects crystallographic slip processes, and although it describes well

the effect of tensile drawing, it fails completely for other deformation modes such

as compression or plane-strain [7, 84]. By contrast, the crystallographic approach is

more general and can explain the full deformation sequence in any deformation

mode, without invoking any catastrophic events such as micronecking, melting–

recrystallization transformation, or cavitation [1, 2, 5–8].

According to a generalized view, the mechanisms that govern the process of

tensile deformation of semicrystalline polymers at low and moderate deformations

appear strain controlled, rather than stress controlled [33, 34, 66, 67, 85–88]. Within

this scheme, the amorphous phase also plays a key role because it participates in the

plastic flow of a polymer at any deformation, starting from the yield point, as a

result of the high degree of interconnection between crystals and amorphous phase.

This connectivity is ensured by chains crossing the crystal–amorphous interphase

and bridging adjacent lamellae, either through tie chains or entanglements created

by chains emanating from a crystal that re-enter into the same crystal, after passage

through a portion of the adjoining amorphous layer (Fig. 1F) [46, 85]. The principal

deformation modes of the amorphous phase are interlamellar shear and

interlamellar separation (Fig. 1G, H).

In general, the contribution of the amorphous phase to plastic deformation at

yield is small and the contribution of the amorphous phase becomes predominant

only at large deformations, that is, at deformations corresponding to almost com-

plete lamellar fragmentation and consequent transformation of the spherulitic

morphology into fibrillar morphology. In principle, deformation of the intralamellar

amorphous regions at temperatures higher than the glass transition is largely

recoverable, especially at low deformation. This is a result of the rubbery state of

the amorphous phase and the high degree of connectivity of the amorphous phase

with the crystalline scaffold, which hampers viscous flow. Moreover, because of

this connectivity and the intrinsic incompressibility of the amorphous phase, there

is an intrinsic difficulty for the amorphous phase to compensate the deformation

along a given direction with shape distortions in the transversal section, as required

for volume conservation of the rubbery state [5–7, 14–19]. A direct consequence of

this difficulty is that, after yielding, there can be formation of microvoids, lamellar

bending (kinking), and consequent stack rotation because these modes cause

relaxation of the local strain and prevent scission of the tie chains [85–88]. In all

cases, at both large and small deformations, the chains involved in the bridges

between adjacent crystals act as efficient stress transmitters [5, 7, 10, 89, 90] that

facilitate macroscopic deformation of the sample, up to breaking at large

deformations.

More precisely, for deformation temperatures Tdef higher than the glass transi-

tion Tg and immediately after the elastic regime, the plastic deformation of a

semicrystalline polymer starts with small distortions of the amorphous portions of

the chains located between crystals. The compliant amorphous regions are expected
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to deform more easily than the crystals, according to the modes depicted in Fig. 1D,

E [2–7]. However, this deformation is quickly exhausted because of the high

increase in local stress. This stress is transferred to adjacent crystals. Yield starts

as soon as local stress reaches the level of critical resolved shear stress for the

easiest slip system, so that the crystals become involved in plastic flow [2–7, 25–

28]. From this point on, the plastic deformation of crystals begins to control the

whole deformation kinetics of the sample, whereas the amorphous layers respond

trough continuous adjustments of their conformation [2–7, 25, 27, 62–65]. With

increased deformation, the conformation of amorphous chains eventually becomes

so taut that collective movements of the crystals are induced, including fragmen-

tation of lamellae into blocks, complete destruction of the initial morphology, and

rotation of the stacks [62–65, 85–88]. Therefore, the entire deformation process

involves the simultaneous, combined deformation of amorphous and crystalline

components. Crystallographic control dominates until the breakdown of crystallites

[32–34, 66, 67, 83, 91]. Afterwards, strain hardening may intervene at large

deformations prior to breaking [5–7, 26]. Strain hardening is related to the orien-

tational hardening of the amorphous phase and, to a lesser extent, to reorientation of

crystals as a result of crystal slip in the late stages of the deformation process. Along

the true stress–true strain curves of polymeric materials, the compliance changes at

well-defined points corresponding to changes in crystalline morphology and in the

relative response of a material in terms of plastic versus elastic deformation [33, 34,

66, 67, 85–87]. These critical points correspond to:

(A) The onset of isolated inter- and intralamellar slip processes after the initial

Hooke’s elastic range
(B) Change into a collective activity of slip motions of crystal blocks at the point of

maximum curvature of the true stress–strain curve

(C) The beginning of destruction of crystal blocks followed by re-crystallization

with formation of fibrils

(D) The beginning of disentanglement of the amorphous network or strain harden-

ing as a result of stretching of the amorphous entangled network at high

deformations

The values of the strains at critical points A, B, and C are invariant, for each class

of polymer, with variation in crystallinity, temperature, strain rate, and crystal

thickness [33, 34, 66, 67, 85–87]. In contrast to the strain, stresses at the critical

points vary with deformation rate, and present larger values for higher crystallin-

ities and lower values for higher temperatures. These observations comply well

with the general assumption that the strain is homogeneously distributed in semi-

crystalline polymers, whereas the stress is not [48–52, 68, 69]. At low stresses or

strains, the forces transmitted by the interconnected crystallites dominate, whereas

at high strains the rubber-like network forces are superior [68, 69].

The yield point in engineering stretching experiments is always located a little

above point B [85–87]. The position of the critical strain at point C, at which the

critical stress that starts destruction of the crystal blocks is achieved, depends on

the interplay between the entanglement density of the amorphous phase and the
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intrinsic stability of crystals [33, 34, 49–52, 66, 67, 85–87]. A higher entanglement

density implies that a higher stress is generated when the sample is stretched. The

more stable the crystallites, the higher the stress needed for their destruction [49–

52].

Within the framework of the crystallographic approach, models for quantitative

predictions of the yield stress of semicrystalline polymers have been developed,

based on the assumption that yielding involves thermal activation of screw dislo-

cation with the Burgers vector parallel to the chain axis (vide infra) [25, 31, 68, 69,

82, 92–94]. In the resultant model of thermal activation of dislocation, the free

energy required to nucleate a dislocation within the crystalline region has been

correlated with considerable success to the measured yield stress of various samples

of polyethylene (PE) and isotactic polypropylene (iPP) at temperatures higher than

Tg [14–19, 60, 67, 71, 92–96]. In particular, it has been found that at a given

temperature the stress required to initiate these dislocations depends on the thick-

ness of the crystals, which accounts quite well for the observed dependence of yield

stress on crystal thickness for various samples of PE and iPP, regardless of

crystallization conditions, degree of crystallinity, and molecular mass. In particular,

the critical free energy required to form a screw dislocation and the shear modulus

associated with the slip planes of the dislocation can be extracted from this analysis

and correlated with crystallographic features of the material [14–19, 60, 67, 71, 92–

96].

In this chapter, the yield behaviors of isotactic copolymers of propene with

ethylene, 1-butene, 1-pentene, 1-hexene, and 1-octadecene, prepared with different

metallocene catalysts [97–106], are analyzed in terms of the crystallographic

approach using the dislocation model. The catalysts allow synthesis of copolymers

with compositionally uniform chains, uniform distribution of comonomers

along the chain, and tailored microstructure [107–110]. Samples with a very

small concentration of stereodefects or regiodefects and variable amounts of

comonomeric units, or similar concentration of comonomeric units but different

concentration of stereo- and regiodefects, have been prepared. Stereodefects

(namely, isolated rr triads), regiodefects, and different types and concentrations

of comonomeric units have different effects on the crystallization of α- and γ-forms

of iPP, and on crystallization properties in general. The differences in polymor-

phism and crystallization properties, in turn, induce differences in mechanical

properties. The polymorphism and crystallization properties of these systems

depend not only on the concentration of comonomers, which in a random copoly-

mer regulates the average length of the fully (crystallizable) propylene sequences,

but also on the different degree of inclusion of these defects (stereo- and regio-

irregularities, comonomeric units) in the crystals of α- and γ-forms of iPP. The

inclusion of stereo- and regio-irregularities and comonomeric units in the crystal

produces point-like defects and an increase in entropy and/or decrease in internal

energy and, consequently, influences the relative stability of the crystals [97–106,

111–117]. Therefore, study of the yield behavior of these copolymers allows use of

the dislocation model to be extended to a set of samples crystallized under similar

conditions but characterized by differences in the degree of crystallinity, lamellar
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thickness, polymorphism, and intrinsic flexibility of the chain backbone. The values

of these parameters can be finely tailored independently of each other by the type

and concentration of defects by simply selecting a different catalyst system. In

particular, the present investigation aims at establishing the influence of different

degrees of inclusion of point-like defects inside crystals on the parameters of the

dislocation model, namely the critical free energy required to form a screw dislo-

cation and the shear modulus associated with the slip planes of the dislocation

[25, 92–94]. The final goal is to understand the macroscopic properties of materials

at the molecular scale.

2 Experimental Details

The samples selected for this study were iPP homopolymers and propylene-

ethylene (iPPEt) [97, 98], propylene-(1-butene) (iPPBu) [97–99], and propylene-

(1-hexene) (iPPHe) [98, 105, 106] copolymers prepared at temperatures between

60�C and 70�C with the metallocene catalysts A–C shown in Scheme 1, activated

with methylalumoxane (MAO). Samples of propylene-(1-pentene) (iPPPe)

[103, 104] and propylene-(1-octadecene) (iPPOc) [102] were prepared at 25�C
with catalyst D (see Scheme 1). The three C2-symmetric metallocenes A, C, and

D are not completely regioselective, but highly isoselective [107, 108, 110]. The

C1-symmetric metallocene B is fully regioselective but not perfectly isoselective

[109]. The MAO-activated metallocenes A and B for the synthesis of iPPEt and

iPPBu copolymers were supported on spherical SiO2 particles, or on porous poly-

ethylene or polypropylene particles, following a Basell proprietary

technology [118].

All samples are listed in Table 1. The copolymers are designated YZx, where Y

is the catalyst (A, B, C, or D) and x is the concentration of the comonomeric unit Z

(where Z¼E, B, P, H, and O stands for ethylene, 1-butene, 1-pentene, 1-hexene, and

1-octadecene, respectively).

The microstructural data of all samples were obtained from 13C NMR analysis

(see [97–106] for details). The samples of iPP homopolymer prepared with the

catalysts A (iPPA), C, and D (iPPD) are similar. They are highly stereoregular and

contain only small amounts of stereoerrors (0.2 and<0.1 mol% of rr triad defects in
iPPA and iPPD, respectively) and regiodefects caused by secondary 2,1 erythro

units (2,1e) (0.8 and 0.2mol% of 2,1e units in iPPA and iPPD, respectively). The

iPP sample prepared with catalyst B is highly regioregular (no 2,1 regiodefects

detectable) but less stereoregular, and contains 3.5 mol% rr triads [119].
All catalysts produce copolymer samples with microstructures similar to those of

the homopolymer samples prepared with the same catalyst, with small oscillations

in the concentration of rr stereoerrors and 2,1e regiodefects around those of the

corresponding iPP (Table 1). In particular, for iPPBu copolymers prepared with the

catalyst A the concentration of 2,1e regiodefects decreases with increasing butene
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content (Table 1) [97, 98]. For iPPEt and iPPHe copolymers prepared with

catalyst A, the content of stereoerrors is not determinable and is assumed to be

the same as that found in the corresponding homopolymer iPPA (Table 1) [97, 98,

100, 101]. All the copolymers have a random distribution of comonomers and

narrow molecular mass distributions. Details of the NMR analysis are described in

the literature [97–106].

The films used for structural and thermal characterization and for mechanical

tests were prepared by compression molding. Powder samples were heated at

temperatures 20–30�C higher than the melting temperatures between flat brass

plates under a press at low pressure and slowly cooled to room temperature by

fluxing water in the refrigerating circuit of the press plates. Special care was taken

to obtain films of uniform thickness (0.3 mm) and to minimize surface roughness,

according to the recommendation of the standard ASTM D-2292-85.

Calorimetric data were collected with a differential scanning calorimeter (DSC)

Mettler DSC-30 in a flowing N2 atmosphere at heating rate of 10�C/min. All

samples showed a Tg lower than �0�C, which decreased with increasing comono-

mer concentration and length of the side chains [97–106].

Scheme 1 Structures of metallocene catalysts A–D used for synthesis of the samples listed in

Table 1
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X-ray diffraction patterns (WAXS) were obtained at room temperature with

Ni-filtered CuKα radiation (λ¼ 1.5418 Å). The powder profiles were obtained

using a Philips diffractometer with continuous scans of the 2θ angle and scanning

rate of 0.02�/s.
The indices of crystallinity (xc, relative error 10%) were evaluated from the

X-ray powder diffraction profiles from the ratio between the crystalline diffraction

area (Ac) and the total area of the diffraction profile (At), xc¼Ac/At. The crystalline

diffraction area was obtained from the total area of the diffraction profile by

subtracting the amorphous halo. The procedure used for evaluation of the amor-

phous halo for each sample and for the subtraction is the same as previously

published [97–106].

Small angle X-ray scattering (SAXS) data for compression-molded films were

collected at room temperature using a Kratky compact camera SAXSess (Anton

Paar, Graz, Austria) in the slit collimation configuration, attached to a conventional

X-ray source (CuKα, wavelength 1.5418 Å). The scattered radiation was recorded

on a BAS-MS imaging plate (Fujifilm) and processed with a digital imaging reader

(Fujibas 1800). The range of scattering vector modulus, 0.1 nm�1� q� 2 nm�1,

where q¼ (4πsinθ/λ) and 2θ is the scattering angle, was analyzed. After subtraction
for dark current, the empty sample holder, and a constant background caused by

thermal density fluctuations, the slit smeared data were de-convoluted with the

primary-beam intensity distribution using the SAXSquant 2.0 software to obtain the

corresponding pinhole scattering (desmeared) intensity distribution. The constant

value of intensity approximating the background Iback was found by fitting the

smeared SAXS intensity curve in the range 2< q< 4 nm�1 [I(qhigh)] with the

function [120, 121]:

I qhigh
� � ¼ Iback þ bq�3 ð1Þ

where Iback and b are fitting parameters. The average value of the long period L was

calculated as L� 2π/q*, where q* is the q value corresponding to the maximum in

the Lorentz-corrected intensity (i.e., the SAXS intensity multiplied by q2/π). Crystal
thickness lc was then calculated by lc� xc L, where xc corresponds to the degree of

crystallinity, as evaluated fromWAXS profiles. The thickness of amorphous layers,

la, was evaluated as la¼ L�lc. In practice, we used the mass fraction of the

crystalline phase derived from WAXS analysis instead of the volume fraction,

because the density of amorphous copolymers was not directly determined. There-

fore, even though the calculated values of la and lc are affected by an absolute error,
they are of significance in comparing the properties of the different samples. It is

worth noting that the average values of the long period and lamellar thickness (and

thickness of amorphous layers) evaluated using the one-dimensional correlation

function [120] or the interface distribution function [121] would give similar results

to those evaluated directly from the q values at the maximum of the Lorentz-

corrected scattering intensity.
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Mechanical tests were performed at room temperature on compression-molded

films with a universal testing machine Zwicki (Zwick/Roell), following the stan-

dard test method for tensile properties of thin plastic sheeting (ASTM D882-83).

Rectangular specimens 10 mm long, 5 mm wide, and 0.3 mm thick were stretched

to the break point or to a given deformation ε¼ [(Lf� L0)/L0]100, where L0 and Lf
are the initial and final lengths of the specimen, respectively. Two benchmarks were

placed on the test specimens and used to check the local elongation versus the

nominal elongation measured from the grip-to-grip distance. In mechanical tests,

the ratio between the drawing rate and the initial length was fixed at 10 mm/

(mm min). The stress–strain curves and the reported values of the mechanical

parameters were averaged over at least five independent experiments.

3 Structural Analysis and Thermal Behavior

The crystallization behavior of isotactic copolymers of propene with ethylene,

butene, pentene, hexene, and octadecene synthesized with single-center

metallocene catalysts has been extensively studied [97–106, 111–117], and com-

pared with that of the corresponding homopolymer iPP produced with the same

catalyst system. Single-center metallocene catalysts allow perfect control over the

chain microstructure [122]. Thus, iPP-based homo- and copolymer samples char-

acterized by different kinds and amounts of defects along the chain can be produced

while maintaining tight control over molecular mass, molecular mass distribution

(with polydispersity index close to two), and uniform inter- and intrachain distri-

butions of the defects. Study of these systems has allowed isolation of the different

influences of each kind of defect, namely stereodefects (isolated rr triads),

regiodefects (e.g., secondary 2,1 insertions of monomeric units), and comonomeric

units, on the crystallization of α- and γ-forms of iPP.

In particular, it has been shown that chain microstructure strongly influences the

polymorphic behavior and physical properties of iPP [40, 41, 97, 100, 111, 114,

119, 123–130]. Samples characterized by chains containing microstructural defects

(stereodefects and regiodefects) and/or comonomeric units, generated by different

catalysts, crystallize as a mixture of the α- and γ-forms (Fig. 2A, B) [40, 41, 97, 100,

111, 114, 119, 123–130]. In general, formation of the γ-form seems favored by the

presence of these defects [40, 41, 97, 100, 111, 114, 119, 123–130]. However, each

kind of defect influences the crystallization of α- and/or γ-forms in a different way

according to different mechanisms. A rational and unified picture of the complex

polymorphism of these systems [97, 100, 102] has been achieved and the general

rules controlling the polymorphism of iPP in defective samples have been

identified.

The first important parameter that influences the crystallization of α- and

γ-forms of iPP corresponds to the average length of the regular isotactic propylene

sequences [40, 41, 119, 123–130]. Short regular isotactic sequences generally favor
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Fig. 2 Structural models of α-form (A) and γ-form (B) of isotactic polypropylene. (C) Trigonal

form of isotactic copolymers of propene with 1-pentene and 1-hexene containing pentene con-

centrations higher than 10 mol% and hexene concentrations higher than 15–16 mol% [100, 101,

103, 104]. The structural model of iPPHe copolymers in the trigonal form is shown as an example.

The lateral butyl groups of 1-hexene units are statistically included in the unit cell with occupancy

factor close to the average content of comonomers in the copolymer chain. (D) New mesomorphic

form of isotactic copolymers of propene with long 1-alkene [102].
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crystallization of the γ-form. For metallocene-made homo- and copolymers of

propene characterized by random distribution of defects along the chains, the

average length of propene crystallizable sequences scales with the reciprocal

concentration of defects. Therefore, even a small number of defects shortens the

average length of the regular isotactic sequences, reducing the melting temperature

and favoring crystallization of the γ-form [40, 41, 119, 123–130]. Because of the

non-parallel arrangement of chains in crystals of the γ-form (Fig. 2B), defects are

easily accommodated at the lamellar boundaries, with no need for chain folding. By

contrast, in the α-form (Fig. 2A) defects are rejected at the fold surface because

chain folding is a necessary requisite for crystallization in order to avoid

overcrowding at the lamellar surface.

A second remarkable effect that drives the crystallization of α- and/or γ-forms is

the possible inclusion of defects in crystals of the two polymorphs [97, 100]. The

inclusion effect favors crystallization of the form that better tolerates the defect

within its crystalline lattice. Therefore, the two effects can either act synergistically

in favoring crystallization in a polymorph, or in competition [97, 100]. In principle,

the interruption effect is common to any defect (stereo- and regiodefects and

comonomeric units) and always favors crystallization of the γ-form. The inclusion

effect produces point-like defects inside the crystals, which may influence the

conformational and packing energy of α- and γ-forms to equal or different extents.

The final crystalline form obtained upon crystallization depends on the effective

level of disturbance of the defects inside the crystalline lattice, which, in the case of

copolymers, is related to the size of the comonomeric units [97, 100, 131].

A third peculiar effect has also been demonstrated in the case of some copoly-

mers that, above a threshold concentration of comonomeric units, tend to crystallize

in a polymorphic form that is different to both α- and γ-forms [100–106]. Crystal-

lization into the new polymorph is driven by the easy inclusion of comonomers

inside crystals of the new form. The process is driven by an increase in entropy and

density [103–106, 132–140] or by kinetic factors [102]. In other words, crystalli-

zation of the new polymorph is competitive with crystallization of the α-form
(expected on the basis of the inclusion effect) and/or the γ-form (expected on the

basis of the interruption effect). We call this effect the “competitive crystallization

effect.”

It has been shown that iPP homopolymer samples with different concentrations

of rr defects [40, 41, 119, 123–130] and samples of iPPEt and iPPBu copolymers

[97, 111] crystallize from the melt as mixtures of the α- and γ-forms. The amount of

γ-form increases with increasing crystallization temperature, ethylene concentra-

tion, and content of rr stereodefects. By contrast, in iPPBu copolymers, the amount

of the γ-form first increases, then decreases for concentrations of butene units higher

than 10–14 mol% and is always lower than that crystallized in stereodefective

iPP and iPPEt copolymers [97, 99]. Therefore, rr stereodefects and ethylene units

favor the crystallization of the γ-form, whereas butene units favor crystallization of

the α- and γ-forms at high and low concentrations, respectively.

These data have been rationalized by resorting to the combined effect of

interruption and inclusion [97, 119]. First, it has been shown that in stereodefective
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iPP, iPPEt, and iPPBu copolymers, different proportions of rr defects, ethylene, and
butene are included in crystals of the α- and γ-forms [112, 113]. On the one hand,

the interruption effect favors crystallization of the γ-form. On the other hand, the

inclusion effect also comes into play and the two effects act simultaneously, with

one prevailing over the other depending on the compatibility of the different defects

within the crystalline lattices of the different polymorphs.

Ethylene and rr stereodefects are included in crystals of both α- and γ-forms but

are more easily included in crystals of the γ-form [97]. In iPPEt copolymers and in

stereodefective iPP samples, the effects of crystal inclusion and shortening the

regular propylene sequences produce the same result of favoring crystallization of

the γ-form [97, 119].

In the case of iPPBu copolymers, butene units are included without differenti-

ation between crystals of the α- and γ-forms, but are more easily included in the

α-form at high concentrations [97]. At low butene concentrations (< 10 mol%), the

effect of shortening the length of regular isotactic propylene sequences prevails and

induces crystallization of the γ-form. Hence, at low concentration of butene units

(for average propene sequences of 10–100 monomeric units), the relative amount of

γ-form increases with increasing butene concentration [97]. For butene concentra-

tions higher than 10 mol%, the effect of inclusion of butene units in crystals of the

α-form prevails over the interruption effect [97]. As a consequence, the relative

amount of γ-form decreases and iPPBu samples with butene concentrations higher

than 20–30 mol% always crystallize in the pure α-form, crystallization of the

γ-form being completely inhibited.

It has been shown that the crystallization of iPPPe [103, 104] and iPPHe

[100, 105, 106] copolymers from the melt produces mixtures of α- and γ-forms at

low pentene or hexene concentrations. For comonomer concentrations higher than a

threshold, they crystallize almost completely into the α-form. Further increase in

comonomer content produces crystallization into the trigonal form of iPP [103, 104,

132–140] (Fig. 2C). This is a result of the high inclusion, at high concentrations, of

pentene and/or hexene units into crystals of the α-form, driven by density increase,

favoring crystallization of the α-form instead of the γ-form [100, 103–106]. There-

fore, the inclusion effect prevails at these comonomer concentrations. The inter-

ruption effect becomes efficient in promoting crystallization of the γ-form only at

very low concentrations of pentene and/or hexene (2–3 mol%) [100, 103–

106]. The trigonal form does not crystallize by cooling the melt but crystallizes

from the amorphous state by cold-crystallization or, for samples with high pentene

or hexene concentration, by aging amorphous samples at room temperature

[100, 103, 104, 132–140]. The hexene or pentene units are included in crystals of

the trigonal form and, at low concentration, also in crystals of the α-form, producing

an increase in the unit cell dimensions. The change in crystallization habit from

monoclinic into trigonal, for pentene concentrations higher than 10 mol% and

hexene concentrations higher than 15–16 mol%, allows incorporation of higher

amounts of monomer in crystals of the trigonal form than in the α-form, and

produces an increase in entropy. Therefore, at high pentene/hexene concentration,

competitive crystallization of the trigonal form prevails.
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In the case of iPPOc copolymers, octadecene units are completely excluded from

the crystals of α- and γ-forms, and only the interruption effect plays a role

[102]. These systems crystallize as mixtures of α- and γ-forms for low octadecene

concentrations, even though the relative amount of γ-form is low, probably because

of kinetics factors and/or the intrinsic tendency of long side chains to favor

formation of chain-folded lamellae of the α-form to alleviate steric hindrance. At

octadecene concentrations above 7–8 mol%, the α-form is also destabilized and

samples crystallize from the melt into a new mesomorphic form [102] (Fig. 2D).

This mesophase is different from the quenched mesomorphic form of iPP homo-

polymer [141]. It is characterized by parallel chains in 3/1 helical conformation

packed at average interchain distances of about 6 Å, defined by self-organization of
the flexible side groups and high degree of disorder in the lateral packing of chains

[102] (Fig. 2D). Therefore, at high octadecene concentrations, the competitive

crystallization effect prevails, leading to formation of the new mesophase instead

of α- and/or γ-forms, probably because the crystallization kinetics of the normal α-
and/or γ-forms become too slow.

It is worth noting that the crystallization conditions (cooling rate, maximum

temperature achieved in the melt, and maximum time that the sample is left at that

temperature) can have a strong impact on the resulting structural and morphological

features and on the optical and mechanical properties of isotactic copolymers of

propene [142–148]. This paper focuses on isotactic copolymers of propene crys-

tallizing from the melt essentially in α- and/or γ-forms, using identical crystalliza-

tion conditions, as described in “Experimental Details.” Samples (Table 1) were

selected to probe the effect on yield behavior of inclusion/exclusion of

comonomeric units in crystals of the two forms. The X-ray powder diffraction

profiles of the compression-molded samples are reported in Fig. 3.

All iPP homopolymer samples crystallize from melt in the α-form. This is

indicated by presence of the (130)α- reflection at 2θ� 18.6� of the α-form
[149, 150] and absence or negligible intensity of the (117)γ reflection at

2θ� 20.1� of the γ-form [151, 152], as shown by the X-ray powder diffraction

profiles in Fig. 3A (curves a, e) and Fig. 3C (curve a).

The iPPEt copolymers crystallize from the melt as mixtures of α- and γ-forms of

iPP (Fig. 3A). The relative amount of crystals of the γ-form increases with increas-

ing concentration of comonomers, as indicated by the increase in intensity of the

(117)γ reflection of the γ-form in the diffraction profiles shown in Fig. 3A.

iPPBu copolymers also crystallize from the melt as mixtures of α- and γ-forms

(Fig. 3B) but, in contrast to iPPEt systems, the relative amount of γ-form first

increases with butene concentrations up to 10–15 mol% (Fig. 3C, curves a–e) then

decreases. For butene concentrations of 26–40 mol%, the pure α-form is obtained

(Fig. 3B, curves f, g).

In the case of iPPPe and iPPHe samples, small amounts of crystals in the γ-form
are obtained only at low concentrations (2–3 mol%) of comonomeric units (Fig. 3C,

D, curves b, c). At higher comonomer concentrations, the pure α-form is obtained

(Fig. 3C, D, curve d). Partial inclusion of pentene and hexene units is indicated by
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the progressive shift of diffraction peaks toward lower 2θ values with higher

comonomer concentrations. With further increase in pentene units, the iPPPe

samples crystallize as mixtures of trigonal (Fig. 2C) and α-forms (Fig. 2A) of iPP

[100, 101, 103–106]. The relative amount of crystals in the trigonal form is small at

a pentene concentration of 8.8 mol% (sample DP8.8; Fig. 3C, curve d), as indicated

by the low intensity of the diffraction peak at 2θ� 10�, corresponding to (110)t
reflection of the trigonal form of iPP [103, 104], and increases at higher pentene

concentrations (sample DP11; Fig. 3C, curve e).

Fig. 3 X-ray powder diffraction profiles of compression-molded samples of the copolymers iPPEt

(A), iPPBu (B), iPPPe (C), iPPHe (D), and iPPOc (E), and of homopolymers iPPA, IPPB, and

iPPD prepared with catalysts A–D of Scheme 1. The (130)α and (117)γ reflections at 2θ� 18.6 and

20� of the α- and γ-forms of iPP, respectively, and the (110)t reflection at 2θ� 10� of the trigonal
form of iPP are indicated

64 F. Auriemma et al.



Samples of iPPOc crystallize from the melt in the pure α-form (Fig. 3E, curves a,

c–e). Crystals of both α- and γ-forms are obtained only for sample DO2.2. How-

ever, presence of the new mesophase (Fig. 2D) cannot be excluded [102].

In all cases, the degree of crystallinity (Fig. 4) decreases with comonomer

concentration. The decrease is low in the case of iPPBu copolymers and becomes

progressively steeper with increasing the size of the comonomeric unit from

pentene to octadecene. In particular, in the case of copolymers crystallized with

the highly stereoselective but not completely regioselective catalysts A, C, and D it

is possible to discern the effect of the presence of comonomeric units on crystal-

linity and melting temperature. More precisely, the degrees of crystallinity of the

copolymers of propene with ethylene (AEx) and pentene (DPx) decrease with the

concentration of comonomeric units according to a nearly common trend, in

agreement with the fact that ethylene is partially included in the crystals of α-
and γ-forms, and pentene in the crystals the of α-form (Fig. 4A). In the case of

iPPHe copolymers prepared using catalyst A (AHx), hexene units are partially

included in the crystals of the α-form of iPP, and the decrease in crystallinity is

only slightly steeper than in iPPPe systems formed using catalyst D (DPx). How-

ever, in the case of iPPOc copolymers prepared using catalyst D (DOx), octadecene

units are not included at all in the crystals of α- and/or γ-forms because of the high

the size of the lateral side chains. As a consequence, the degree of crystallinity

rapidly decreases with the concentration of octadecene units and is always lower

than for other copolymers of identical concentration (Fig. 4A). In the case of iPPBu

copolymers prepared using catalyst A (ABx), which are crystalline in the whole

composition range [97–99], the decrease in degree of crystallinity with butene

concentration is low (Fig. 4B), in agreement with the good inclusion of the units

in the α- and γ-forms of iPP.

In the case of the highly regioregular, less stereoregular, iPPEt copolymers

synthesized with catalyst B (BEx), the degree of crystallinity decreases with

increasing concentration of ethylene units more rapidly than in the stereoregular

and slightly regiodefective samples prepared using catalyst A (AEx) of identical

composition, in agreement with the presence of a concentration of rr stereodefects
of about 3.5 mol%. However, because stereodefects rr are also partially included in
the α- and γ-forms of iPP and these defects play the same role as ethylene co-units, a

plot of degree of crystallinity as a function of the total concentration of defects

identifies a common trend for iPPEt copolymers formed using catalysts A or B

(Fig. 4B0, inset).
The melting temperature Tm also decreases with increasing concentration of

comonomeric units (Fig. 5) but the slope varies according to the comonomer and/or

catalyst. Once again, in the case of the regiodefective copolymer samples produced

with the catalysts A, C, and D (Fig. 5A), the decrease is least for iPPBu copolymers.

This diminution increases for iPPEt copolymers and becomes steeper with increas-

ing size of comonomeric units, following a common trend for iPPPe and iPPHe

copolymers, but then drops rapidly for iPPOc systems. Furthermore, in the case of

the highly regioregular but stereodefective iPPEt copolymers synthesized with

catalyst B, the decrease in melting temperature with increasing total concentration
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of defects is similar to that for the slightly regioirregular iPPEt copolymers syn-

thesized with catalyst A at similar defect concentration (Fig. 5B).

The Lorentz-corrected SAXS intensity for the compression-molded homo- and

copolymer samples listed in Table 1 is shown in Fig. 6. All samples show a broad

correlation peak around q*� 0.5 nm�1 as a result of lamellar stacking. The

broadness of the peak increases with increasing comonomer concentration.

Fig. 4 Degree of crystallinity of iPP homopolymers and iPPEt, iPPBu, iPPPe, iPPHe, and iPPOc

copolymer samples prepared with catalysts A–D of Scheme 1, as a function of the concentration of

comonomeric units (A, B) and the total concentration of defects (B0, inset)
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Simultaneously, the SAXS intensity in the background and at low q regions

increases, especially for the highly defective samples AB13.6 ( Fig. 6B, curve d),

DP5.3, DP8.8, and DP11 (Fig. 6C), AH11.2 (Fig. 6D, curve d), and DO6.0 (Fig. 6E,

Fig. 5 Melting temperature of iPP homopolymers iPPA, iPPB, iPPC, and iPPD, and of iPPEt,

iPPBu, iPPPe, iPPHe, and iPPOc copolymer samples prepared with the catalysts A–D of Scheme 1,

as a function of concentration of comonomeric units (A) and, in the case of iPPA, iPPB and iPPEt

samples, as a function of the total concentration of defects (B)
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curve d). The SAXS profiles shown in Fig. 6 can be interpreted in terms of a

lamellar morphology, which becomes highly imperfect with increasing comonomer

content. Imperfections typically correspond to the formation of distorted lamellae

having small lateral dimensions, large distributions of the thicknesses of the

crystalline and amorphous layers in the lamellar stacks, formation of short lamellar

stacks and/or of more than one population of lamellar stacks with different thick-

nesses, and, especially for copolymers with a higher concentration of comonomeric

units, the presence of single lamellar entities together with a population of periodic

arrays of parallel lamellae [153].

The average values of the long spacing L, thickness of the crystalline layer lc
(lamellar thickness), and thickness of amorphous la layers for the most representa-

tive stacks formed in the compression-molded samples, calculated from the posi-

tion q* of the main correlation peak in the SAXS profiles shown in Fig. 5, are

compared in Table 2 and Fig. 7. With the exception of iPPBu samples (Fig. 7D), in

all cases the lamellar periodicity L is around 11–13 nm. With increasing concen-

tration, L first shows a slight decrease up to a monomer content of 6–8 mol%, then

tends to increase at higher comonomer concentration (Fig. 7A–C). The thickness of

lamellar crystals tends to decrease, whereas that of amorphous layers tends to

increase with increasing comonomer concentration.

Three kinds of behavior can be identified, depending on the degree of inclusion

of the comonomeric units in α- and/or γ-forms of iPP. The first kind of behavior

corresponds to the case of the isotactic copolymers iPPEt (samples AEx), iPPPe

(samples DPx), and iPPHe (samples AHx), produced with the highly stereoselective

catalysts A and D, and containing only small amounts of regiodefects. Samples with

identical concentrations of comonomeric units develop a lamellar morphology

characterized by identical values of the parameters L, lc, and la (Fig. 7A). In these

samples, the ethylene, pentene, and hexene units are partially included in the

crystals, the decrease in lamellar thickness lc and increase in thickness of amor-

phous layers la with comonomer concentration are monotonous, whereas the long

spacing L first decreases and, then, at higher comonomer concentration, tends to

increase slightly. In the case of copolymers iPPEt synthesized with catalyst B

(samples BEx) and containing 3.3–3.6 mol% of rr stereodefects, the lamellar

morphology is characterized by parameters identical to those of samples

Fig. 6 Lorentz-corrected SAXS intensity of iPP homopolymers and iPPEt (A), iPPBu (B), iPPPe

(C), iPPHe (D), and iPPOc (E) copolymer samples prepared with catalysts A–D of Scheme 1
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synthesized with catalyst A (samples AEx) and having an equal concentration of

defects. In particular, as shown in Fig. 7B, plotting L, lc, and la versus the total

concentration of defects εtot¼ [ethylene] + [rr] + [2,1e] for these copolymer sam-

ples indentifies a unique trend confirming that rr stereodefects play the same role as

ethylene co-units in the crystallization behavior of these systems. Also in this case,

with increasing the comonomer concentration, we observe a monotonous decrease

in lamellar thickness lc, a monotonous increase in the thickness of amorphous layers

la, and a slight decrease in the long spacing L. The second kind of behavior

corresponds to total inclusion and occurs for the samples of isotactic copolymers

iPPBu (Fig. 7D) synthesized with the highly stereoselective catalysts A and C. The

easy inclusion of butene units in the crystals of the α-form of iPP always produces

crystals with lamellar thickness higher than the lamellar thickness of the other

copolymers with identical concentration of units and minor degree of inclusion.

With increasing comonomer concentration, the lamellar thickness lc first decreases,
then increases at high butene content, whereas the thickness of the amorphous

layers la and the long spacing L increase monotonously. The third kind of behavior

corresponds to total exclusion and occurs for the isotactic copolymers iPPOc

Fig. 7 Long spacing L and the thickness of crystalline lc and amorphous la layers, as calculated
from the SAXS profiles shown in Fig. 6, relative to iPPA, iPPB, and iPPD homopolymers and to

iPPEt (A, B), iPPBu (D), iPPPe (A), iPPHe (A) and iPPOc (C) copolymer samples prepared with

catalysts A–D of Scheme 1. In B, the lamellar parameters L, lc, and la of iPPEt copolymers

synthesized with catalyst A and containing only 2,1 regiodefects ([2,1e]� 0.4–0.8 mol%) and

iPPEt copolymers synthesized with catalyst B and containing only rr stereodefects ([rr]� 3.2–

3.6 mol%) are compared as a function of the total concentration of defects εtot
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(Fig. 7C) synthesized with catalyst D (samples DOx). In this case, the thickness of

the lamellar crystals is smaller than that of the copolymers with ethene, butene,

pentene, and hexene because the bulky side chains are rejected from the crystals.

For the iPPOc copolymers, the decrease in lamellar thickness lc and increase in

thickness of amorphous layers la with comonomer concentration are monotonous,

whereas the long spacing L decreases only slightly.

From the data of Figs. 5 and 7, it is apparent that parallel to the decrease in

melting temperature with comonomer content, the lamellar thickness also

decreases. Indeed, the melting temperatures of our copolymers, and semicrystalline

polymers in general, depend not only the content of comonomeric units but also on

the lamellar thickness [154–158]. A direct correlation between the melting temper-

ature, lamellar thickness, and comonomer content of melt crystallized copolymer

samples obtained by compression molding is depicted in Fig. 8. It is apparent that in

the case of the copolymers iPPEt, iPPPe, iPPHe, and iPPOc there is a concomitant

decrease in melting temperature (Fig. 5) and lamellar thickness (Fig. 7A, B, C and

Fig. 8, curves a, b) with increasing the concentration of comonomeric units. By

Fig. 8 Melting temperature of iPP homopolymers and iPPEt, iPPBu, iPPPe, iPPHe, and iPPOc

copolymer samples prepared with catalysts A–D of Scheme 1, as a function of lamellar thickness

and concentration of comonomeric units. For the iPPEt samples prepared with catalyst B, the

concentration of rr stereodefects (�3.5 mol%) has been added to the concentration of ethylene

units. Curve a indicates the trend in the decrease in melting temperature for samples characterized

by exclusion of comonomer units from the crystals; curve b partial inclusion; curve c full

inclusion.
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contrast, in the case of iPPBu copolymers, the melting temperature decreases with

increasing butene concentration (Fig. 5), even though the lamellar thickness

increases (Fig. 7D and Fig. 8, curve c).

The differences in melting behavior are also common to other systems [154–

158] and depend on the different degree of inclusion/exclusion of the comonomeric

units in the crystals and/or crystallization into a different polymorph. According to

Flory’s theory [159] of copolymer crystallization, valid in the limit of strict

exclusion, for A/B random copolymers with dilute B units excluded from crystals

of A units, the melting temperature of copolymer crystals is lower than that of the A

homopolymer exhibiting the same crystal thickness. This is a result of different

concentrations of the comonomeric units in the crystals and in the melt in equilib-

rium. Because the melting temperature Tm is the ratio of the melting enthalpy ΔHm

to the melting entropy ΔSm (Tm¼ΔHm/ΔSm), the presence of B units in the melt in

equilibrium with crystals, produces a non-zero mixing entropy contribution to the

melting entropy. This contribution increases with increasing concentration of B

units in the copolymer, producing a decrease in melting temperature. On the other

hand, according to the theory of Sanchez and Eby [160, 161], the melting temper-

ature of an A/B random copolymer is lowered, even in the case of inclusion of B

units in the crystals. Even in the limit of uniform inclusion of B units in the

crystalline and amorphous regions, which corresponds to zero mixing entropy at

melting, the enthalpy penalty for incorporation of B units in the crystals produces a

decrease in the melting temperature, whereas lamellar thickness does not decrease.

In our case, the decrease in melting temperature with decrease in lamellar

thickness follows a common trend in the case of iPPEt, iPPPe, and iPPHe copolymer

samples (Fig. 8, curve b), characterized by partial inclusion of the comonomeric

units in the crystals of α- and/or γ-forms of iPP. Moreover, the total exclusion of

comonomers from the crystals of α- and/or γ-forms in the case of iPPOc copolymers

produces melting depression associated with a major decrease in lamellar thickness

(Fig. 8, curve a). Also, in the case of the iPPPe sample with high pentene concen-

tration (DP11.0 containing 11 mol% pentene units), the comonomers are completely

excluded from the crystals of α- and/or γ-forms and are better included into the

trigonal form [105, 106]. The competitive partial crystallization of the trigonal form

causes melting point depression and a decrease in lamellar thickness. In the case of

iPPBu copolymers, instead, the total inclusion of butene units in the crystals pro-

duces melting depression and no decrease in lamellar thickness (Fig. 8, curve c).

4 Mechanical Properties

The stress–strain curves of melt-crystallized samples of iPP homopolymers and

iPPEt, iPPBu, iPPPe, IPPHe, and iPPOc copolymer samples obtained by compres-

sion molding are shown in Fig. 9. Only the first portion of the curves (up to 400%

deformation) is reported, to put into evidence the yield behavior. It is worth noting

that all copolymer samples show high flexibility, toughness, and ductility, with
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Fig. 9 Stress–strain curves of melt-crystallized films prepared by compression molding of iPP

homopolymers iPPA, iPPB, and iPPD and of iPPEt (A, B), iPPBu (C, D), iPPPe (E), iPPHe (F),

and iPPOc (G) copolymer samples synthesized with catalysts A–D of Scheme 1
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deformation at break higher than 300–400% [98, 101, 103]. By contrast, the highly

stereoregular iPP samples prepared with catalyst A, C (data not reported), and D of

Scheme 1, (iPPA, iPPC, and iPPD) are stiff and fragile materials, as shown in the

insets of Fig. 9A, D [40, 41, 127, 128]. Only the highly regioregular, less stereo-

regular, iPPB sample containing 3.5 mol% rr defects shows high flexibility coupled
with high toughness and values of deformation at break of about 350% [40, 41, 127]

(Fig. 9B).

In all cases, the stress at any strain decreases with increasing concentration of

comonomeric units (Fig. 9). Plastic resistance also decreases, as indicated by the

values of the yield stress. The stereodefective homopolymer sample iPPB, and the

copolymer samples iPPEt and iPPBu show uniform deformation and smooth yield

behavior regardless of comonomer concentration (Fig. 9A–D) [98]. By contrast, the

highly stereoregular copolymer samples with side chains longer than the ethyl

group (iPPPe, iPPHe, and iPPOc) show less uniform deformation and sharp yield-

ing behavior at low comonomer concentrations [98, 101–103]. The yielding behav-

ior becomes smoother with increasing comonomer content (Fig. 9E–G), and the

deformation becomes uniform. The copolymer samples iPPEt, iPPHe, and iPPOc

with the highest comonomer concentrations (BE13.1, AH11.2 and DO7.5, respec-

tively) and the iPPBu sample CB12 with 12 mol% butene units show diffuse

yielding behavior and uniform deformation.

The values of stress and deformation at yield are reported in Fig. 10. It is

apparent that the decrease in stress at yield with increasing comonomer concentra-

tion (Fig. 10A, A0) is accomplished with an increase in deformation at yield

(Fig. 10B, B0 B00). It is also apparent that each kind of comonomer influences the

yield behavior of the copolymers differently. In particular, in the case of highly

stereoregular, slightly regiodefective copolymer samples iPPEt, iPPBu, iPPPe,

iPPHe, and iPPOc prepared with the catalysts A, C, and D, the decrease in σy
values is smooth and quasilinear for iPPEt and iPPBu systems and becomes steeper

with increasing size of comonomeric units. This decrease is similar for iPPPe and

iPPHe samples (Fig. 10A). Moreover, as shown in Fig. 10A0 (inset), in the case of

the stereodefective iPP homopolymer sample and iPPEt samples prepared with

catalyst B, the decrease in the values of stress at yield as a function of the total

concentration of defects is similar to that of regiodefective iPPEt samples prepared

with catalyst A.

The values of deformation at yield εy for the samples iPPPe, iPPHe, and iPPOc

increase with the concentration of pentene, hexene, and octadecene comonomeric

units (Fig. 10B), but are nearly constant, or increase only slightly, in the case of

iPPEt (Fig. 10B00) and iPPBu (Fig. 10B0) copolymers.

The data in Fig. 10 indicate that the decrease in plastic resistance is generally

associated with an increase in deformation at yield. The decrease in plastic resis-

tance, in turn, is related to the level of inclusion in and/or exclusion of

comonomeric units from crystals, and to the effective level of disturbance of the

defects included in the crystals in the case of inclusion. The almost complete

inclusion of butene units in the crystals of the α-form of iPP produces a small

decrease in stress at yield (Fig. 10A), and constant values of deformation at yield
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(Fig. 10B0) that are not dependent on butene concentration. On the other hand,

partial (ethylene, pentene, and hexene) or complete (octadecene) exclusion of

comonomeric units from the crystals of α- or γ-forms of iPP induces a larger

decrease in stress at yield (Fig. 10A), coupled with an increase in yield deformation

(Fig. 10B, B00).
As analyzed in the preceding section, melt-crystallized films of these copoly-

mers prepared by compression molding are characterized by different lamellar

thicknesses. For semicrystalline polymers, the values of yield stress generally

increase with lamellar thickness. In fact, thick lamellae generally entail major

crystal stability, and therefore also strong plastic resistance [5–7, 14–19]. The

values of yield stress shown in Fig. 10A for the compression-molded samples of

copolymers crystallized under similar conditions are reported in Fig. 11 as a

function of lamellar thickness, as evaluated from the SAXS profiles shown in

Fig. 7. A unique correlation line can be established, regardless of comonomer

type. In particular, the logarithm of the yield stress increases as a function of the

average values of lamellar thickness according to a sigmoidal master curve. Devi-

ation from this correlation is observed for copolymers of iPPBu with butene

concentrations higher than 12–13 mol%, where the lamellar thickness increases

and the yield stress decreases with increasing butene concentration. For instance,

for samples CB12, CB27.6, and CB37.3 (containing 12, 27.6 and 37.3 mol% of

butene, respectively) with high lamellar thickness, the yield stress decreases with

increasing lamellar thickness. Exceptions occur at low lamellar thickness for the

copolymer iPPPe with pentene content of 11 mol% (sample DP11) and the highly

defective copolymers iPPOc with octadecene content of 4.8–6 mol% (samples

DO4.8 and DO6.0). These samples show yield stress values that are larger than

those expected on the basis of the sigmoidal master curve. However, with further

increase in octadecene content (sample DO7.5 with 7.5 mol% comonomer), the

value of the yield stress suddenly drops, in apparent agreement with expectation.

These results indicate that, on the one hand, for a homogeneous class of propene-

based copolymers (crystallizing in α- and/or γ-forms of iPP under similar condi-

tions) the lamellar thickness controls the level of plastic resistance of the samples.

Fig. 10 Values of stress and strain at yield of melt-crystallized films obtained by compression

molding of iPP homopolymer iPPB (A0, B00) and iPPEt (A, A0, B, B00), iPPBu (A, B, B0), iPPPe (A,
B), iPPHe (A, B), and iPPOc (A, B) copolymer samples prepared with catalysts A–D of Scheme 1.

Arrows in B indicate the average values of deformation at yield of iPPEt (B00) and iPPBu (B0)
samples. Samples iPPA, iPPC, and iPPD are not included because they break before yielding
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However, because crystal stability also depends on the concentration and distribu-

tion of the structural irregularities, in the case of iPPBu copolymers with a high

concentration of butene units, the easy inclusion of comonomers in the unit cell of

the α-form of iPP induces formation of lamellar crystals of high thickness but lower

plastic resistance (yield stress) than expected for defect-free crystals of homopol-

ymer having identical thickness. This indicates that butene units act as point-like

defects in the crystals and, therefore, induce a decrease in plastic resistance. On the

other hand, polymorphism and the amorphous phase placed between lamellar

crystals could also play a role [5–7, 14–19]. This is evidenced in the case of

iPPOc copolymers with 4.8 and 6 mol% of octadecene. For these copolymers, the

yield stress is higher than expected on the basis of the low values of lamellar

thickness. Because the long branches are rejected from the crystals, their confine-

ment in the amorphous interlamellar layers close to the fold surfaces produces an

indirect increase in resistance to plastic deformation of the crystals, probably as a

result of topological restraints. Instead, polymorphism is involved for iPPPe and

iPPOc copolymer samples DP11 and DO7.5 (with 11 and 7.5 mol% of pentene and

octadecene units, respectively). As shown in Fig. 3, the sample DP11 crystallizes in

a mixture of crystals of α-form and trigonal form [103, 104] (Fig. 2C), whereas the

sample DO7.5 crystallizes in a mixture of α-form and the second mesophase of iPP

[102] (Fig. 2D). Both the trigonal form and the mesomorphic form that crystallize

along with the α-form are characterized by partial inclusion of comonomers in the

crystalline domains. The trigonal form of the iPPPe copolymer is characterized by

Fig. 11 Values of nominal stress (A) and true stress at yield (B) of melt-crystallized films

obtained by compression molding of iPP homopolymer iPPB and iPPEt, iPPBu, iPPPe, iPPHe,

and iPPOc copolymer samples prepared with catalysts A–D of Scheme 1. Inset B0 shows values of
true stress at yield of melt-crystallized films obtained by compression molding of iPPBu copoly-

mers as a function of 2lc + la. Solid lines in B indicate the theoretical predictions of yield stress on

the basis of the crystallographic model [25] based on thermal activation of screw dislocations,

according to Eq. 5, by setting the value of the Burgers vector B¼ 0.650 nm, the shear modulus of

(040) planes K¼ 0.84 GPa, and the free energy barrier associated with nucleation of [001]

dislocations ΔG* in the range 40–90 kT, namely ΔG*¼ 59 kT (curve a) and 90 kT (curve b)
[94]. The shaded area indicates samples with critical dislocation nuclei (calculated using Eq. 3)

too large in size to be acceptable
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long-range order in two dimensions for the positioning of chain axes of the 3/1

helices [162] (Fig. 2C); the new mesomorphic form of the iPPOc sample, instead,

presents no lateral order in the position of chain axes, and only an average

periodicity parallel to chain axes of 3/1 helices [162] (Fig. 2D). As a consequence,

the presence of a second polymorph increases the resistance to plastic deformation

in the iPPPe sample partially crystallized in the trigonal form, but decreases the

plastic resistance in the iPPOc samples partially crystallized in the new mesophase.

At temperatures higher than the glass transition, the strong dependence of yield

stress on lamellar thickness, which is generally observed for semicrystalline poly-

mers and in our copolymers in particular (Fig. 11A), entails a yield behavior

possibly controlled by activation of plastic deformation of lamellar crystals through

crystallographic slip processes [5–7, 14–19, 25]. Crystallographic slip processes, in

turn, are facilitated by nucleation and propagation of dislocations and/or defects

[25, 74–76]. According to this mechanism, the stress at yield corresponds to the

point of the stress–strain curve at which local stress reaches the level of the critical

resolved shear stress for the easiest slip system. This level is, in turn, controlled by

nucleation and propagation of dislocations within deforming crystals [5–7, 14–19,

25, 84]. Therefore, the strong dependence of the yield stress of polymer crystals on

lamellar thickness (Fig. 11A) can be explained by the fact that the critical stress for

activation of chain slip is directly related to the strong dependence of the rate of

nucleation of dislocations on the thickness of the crystals.

The minimum stress required for nucleation and activation of a new dislocation

at the edges of lamellar crystals and the relationship between this stress to crystal

thickness can be predicted using the model of Young [25], successively refined by

Shadrake and Guiu [93]. According to this model, any contribution from the chains

in the amorphous phase to the yield stress is neglected in a first approximation. The

role of amorphous chains is merely as force transmitters, because the modulus of

the amorphous phase above Tg is an order of magnitude lower than the modulus of

crystalline phase. The model assumes that deformation occurs by {hk0} <001>
chain direction slip, resulting in the formation of [001] screw dislocations (i.e.,

dislocations parallel to the chain axes) [25]. The Burgers vector B, parallel to the

chain axis (Fig. 12A) at distance r from the dislocation, has magnitude B and

generally spans only a small integer number n (n¼ 1,2) of chain periodicities c.
The nucleation and activation of [001] dislocations of length lc coincident with the

lamellar thickness is a thermally activated process requiring a critical level τ* of

shear stress. Within the model, only the value of τ* matters because the intrinsic

movement of already formed dislocations occur at Peierls–Nabarro stress (i.e., at a

stress level much lower than τ*) (Fig. 11A). According to the crystallographic

approach, yielding (i.e., the beginning of plastic deformation) starts when the

critical resolved shear stress is reached in any family of planes with low τ*. This
corresponds to slip planes coincident with the lattice planes of maximum packing

and to slip directions parallel to the lattice directions of maximum packing [5–7,

14–19, 25].

In the simplest approach, the free energy associated with the nucleation of such

dislocations can be written as:
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Fig. 12 (A) Model of a [001] screw dislocation, nucleated at the edge of a lamellar crystal of iPP

in the α-form, that has advanced a distance r inside the crystal parallel to the (040) slip planes,

along the slip direction. The length of the dislocation is equal to the crystal thickness lc, whereas
the Burgers vector, parallel to chain axis, has a magnitude equal to the chain periodicity cα
(B¼ 0.65 nm). Lamellar crystals (A0) obtained through deformation in the {0k0}<00l> chain

direction slip leading the dislocation in A to emerge at the opposite edge of the crystal and

consequent formation of a step. (B) The (040) slip planes in two projections parallel (B) and

perpendicular (B0) to the chain axis. Symbols L and R stand for left- and right-handed helical

chains, respectively. Rows aα�cα of all left-handed helical chains alternate with rows of chains of
opposite chirality forming double layers, delimited by traces of the (040) planes in B0

[149, 150]. The lattice planes (040) are planes of close packing and the slip direction in A is

parallel to the lattice direction of maximum packing [149, 150]. (C) Schemes of chain folding with

adjacent (C) and non-adjacent re-entry (C0) for the limit-ordered [150, 162] and limit-disordered
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ΔG ¼ KB2lc
2π

ln
r

r0
� lcBrτ ð2Þ

In Eq. 2, K is the shear modulus associated with the {hk0}<001> slip process, r0 is
the core radius of the dislocations (generally assumed to be twice the value of

B [26, 94]), and r is the distance of the dislocation from the edge of the crystal

(Fig. 12A). The first term corresponds to the elastic strain energy and the second

term corresponds to the work performed by the external shear stress. In Eq. 2, the

core energy contribution as a result of lattice distortions around the dislocation is

neglected. Dislocations are activated when the distance of a dislocation from the

edge of the crystal reaches a critical value r* (size of the critical dislocation nuclei),
obtained by setting the derivative of ΔG with respect to r as equal to zero [25]. The
obtained value of the critical size of the dislocation r*, the critical nucleus, is given
by:

r* ¼ KB

2πτ
ð3Þ

By combining Eqs. 2 and 3, the activation barrier of free energy ΔG* needed to

nucleate a dislocation of critical size r* is obtained as:

ΔG* ¼ KB2lc
2π

ln
r*

r0

� �
� 1

� �
ð4Þ

Finally, introducing Eq. 3 into Eq. 4, the value of tensile stress σy, which is twice the
critical value of the shear stress τy (i.e., σy¼ 2 τy) according to Tresca’s criterion, is
obtained as:

σy ¼ K

2π
exp � 2πΔG*

lcKB
2
� 1

� �
ð5Þ

Notice that Eq. 5 assumes that the core radius of the dislocation r0 is equal to
twice the length of the Burgers vector B (2r0) [26, 94].

To compare the yield behavior of our samples with the predictions of the

crystallographic model based on thermal activation of dislocations (Eq. 5), the

values of true stress at yield are needed. In general, the transverse strain of

semicrystalline polymers (perpendicular to the stretching direction under uniaxial

elongation) decreases with deformation. For rubbery materials at low deformation,

the transverse section S of the deformed sample is related to the initial section S0 of
the specimen by the relationship S¼ S0 (l0/l ) where l0 and l are the initial gauge-

Fig. 12 (continued) [149, 162] α-forms of iPP, respectively. Deformations in the {010}<001>
chain direction slip comply well with the chain folding scheme with adjacent re-entry C. (C andC0

are reproduced from [163], with ACS permissions)
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length and the gauge-length in the deformed state, respectively. This relationship

entails that the sample is incompressible, that is, that Poisson’s ratio is equal to 0.5.
However, for semicrystalline polymers, Poisson’s ratio changes during deformation

from the maximum value of 0.5 to values close to zero, as a result of volume

expansion caused by crazing, cracks, and voids [164]. We checked that the defor-

mation of our copolymer samples was largely uniform up to the yield point.

Therefore, we corrected the nominal values of stress at yield by the factor l/l0 to
obtain the true stress, implicitly assuming a Poisson’s ratio close to 0.5. The

obtained values of true stress are reported in Fig. 11B as a function of lamellar

thickness.

Representative curves describing the change in yield stress with lamellar thick-

ness according to the crystallographic model based on thermal activation of screw

dislocations are also given in Fig. 11B. They were generated using Eq. 5 by fixing

the parameters of the model according to the values suggested in the literature for

modeling the yield behavior of iPP [94]. For the sake of simplicity and without loss

of generality, confining attention to the α-form of iPP, it is assumed that plastic

deformation occurs by {0k0}<00l> chain direction slip that is parallel to the (040)

planes of maximum packing of the iPP α-form, with the [001] screw dislocation

parallel to the chain axes (Fig. 12A, B, B0). This deformation mechanism complies

well with the chain folding scheme for the α-form of iPP, characterized by adjacent

re-entry (Fig. 12C), as proposed by Corradini [165–167] and confirmed by double

quantum 13C–13C solid state NMR [163]. In particular, the value of the Burgers

vector B is set equal to 0.650 nm, corresponding to the chain periodicity of iPP in

the α-form [149, 150]. The values for the energy barrier ΔG* were selected in the

typical range of 40–90 kT [94] associated with the thermal nucleation of dislocation

at laboratory time scales, namely ΔG*¼ 59 and 90 kT, respectively. The values of
shear modulus for the (040) lattice planes was set at 0.84 GPa, in agreement with

values suggested in the literature for iPP (in the range 0.84–1.0 GPa) [94].

A screw dislocation scheme similar to that of Fig. 12 for the α-form of iPP can

also be proposed for the γ-form [151, 152], considering that the chain axes in the

γ-form are directed along the diagonal of the C face of the orthorhombic unit cell

(Fig. 2B). This entails that the screw dislocations parallel to the chain axes are

parallel to the [110] and/or 110
� 	

lattice directions and that plastic deformation

occurs by {00l}<110> chain direction slip (i.e., parallel to the (008) planes of the

γ-form). A further adjustment of the crystallographic model entails that the chain

axes, and therefore the Burgers vector, lie at a tilted angle of �40� to the normal of

the basal face of the lamellar crystals.

With the exception of iPPBu copolymer samples with high butene content, the

results of the model appear to be in good agreement with experimental results in all

cases (Fig. 11B). This indicates that, in spite of the simplicity of the model, the

crystallographic model describes well (without making any fitting attempt) the

yield behavior of our samples, regardless of the kind and concentration of

comonomeric units. This result is noteworthy, especially considering that the

copolymers are characterized by different degrees of inclusion/exclusion of the
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comonomeric units in the crystals. This inclusion generates different concentrations

and kinds of structural disorder and, therefore, the crystals are characterized by

different intrinsic stabilities. Moreover, the spread of experimental data in Fig. 11B

is also the result of measurements being performed in independent experiments, at

ambient conditions (room temperature) subject to significant thermal fluctuations

(�5�C) and on samples adopting slightly different deformation rates, although the

ratio between the deformation rate vdef and initial gauge length l0 was fixed at

10 (vdef/l0¼ 10). Minor errors also arise from the approximate evaluation of true

stress at yield utilizing a Poisson ratio of 0.5 and the approximate evaluation of

lamellar thickness lc, since the volume fraction of the crystalline phase is slightly

lower than the crystallinity index xc resultant from WAXS analysis. In fact, using

values of the Poisson ratio close to 0.4, typical for semicrystalline polymers at low

deformations, and/or values of lamellar thickness evaluated from the

one-dimensional correlation function [120, 121], the dislocation model can equally

well describe the yield behavior of our samples, using values close to 0.84 GPa for

the shear modulus for the (040) planes K and in the range 59–90 kT for the free

energy barrier associated with the nucleation of [001] dislocations ΔG*.
We also checked that the size of the critical dislocation nucleus r* calculated

using Eq. 2 is in all cases in the range 5–10 nm, that is, less than the typical size of

crystal blocks in lamellar crystals (15–30 nm) [100, 101], as estimated from the

WAXS profiles using the Scherrer formula (the width at mid-height of the equatorial

reflections are all in the range 0.4–0.8�; see Fig. 2). Only in the case of the samples

with high comonomer content, having low lamellar thickness and low crystallinity,

do the values of r* exceed 15 nm. These samples are indicated in Fig. 10B and

correspond to samples of iPPOc with octene content higher than 4 mol% (samples

DO4.8, DO6.0, and DO7.5), iPPEt with ethylene content of 13 mol% (sample

BE13.1), and iPPPe and iPPHe with �11 mol% comonomer units (samples DP11

and AH11.2, respectively). Because the value of the critical dislocation nuclei r*
cannot be greater than the dimensions of a crystal block, the good agreement of

the model with experimental data for low values of lamellar thickness should be

considered with caution. In fact, the presence of crystals in a different polymorph,

namely the γ-form for sample AH11.2, the trigonal form for samples DP11 and

AH11.2 (Fig. 2C), and the new mesophase for sample DO7.5 (Fig. 2D), could

completely alter the {0k0}<00l> chain direction slip mechanism of [001] disloca-

tion proposed for the α-form (Fig. 12A, B). Furthermore, the rejection of branches

outside the crystals, close to the fold surfaces, increases the plastic resistance of

the amorphous phase and overcomes the role of crystals in the yield mechanism

[14–19]. This indicates that, for samples with low crystallinity in which the lamellar

crystals have a thickness lower than the threshold value of 4–5 nm, the role of the

amorphous phase in the yield behavior cannot be neglected.

A further exception occurs at high lamellar thickness for the iPPBu samples with

butene concentrations higher than 12 mol%. In particular, the decrease in true stress

values with increasing lamellar thickness cannot be explained by resorting to the

crystallographic model. The yield behavior of these systems derives from the easy
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inclusion of butene units in crystals of the α-form. This inclusion, on the one hand,

increases lamellar thickness while decreasing the stability of crystals and, on the

other hand, increases lattice resistance to the gliding of dislocations because point

defects act as Peierls barriers. Therefore, the observed values of yield stress

achieved in these samples is the resultant of two competitive effects, the decrease

in lamellar stability and the simultaneous increment of barriers to the movement of

dislocations, because butene units in the crystals act as localized obstacles. An

alternative or complementary mechanism subtending the yield behavior of these

samples could involve the deformation modes of the amorphous phase, such as

interlamellar separation and interlamellar slip (Fig. 1E, F) [5–7, 14–19]. These

modes become active whenever the easiest movement at the mesoscale is stretching

of the intralamellar amorphous chains connecting adjacent layers instead of crystal

slip. To form an efficient tie, a chain emerging from a lamellar crystal (thickness lc)
should travel across the amorphous layer (thickness la) and enter a new crystalline

lamella (thickness lc). The higher the number density of tie chains, the higher the

yield stress level. Moreover, the higher the degree of separation of adjacent

lamellae, the lower the number density of tie chains. Therefore, the probability of

formation of a tie chain is expected to decrease with the quantity 2lc + la. The
decrease in true stress at yield of these samples with increase in 2lc + la (shown in

Fig. 11B0, inset), is in agreement with the above argument.

It is worth noting that, using the Eyring formalization of thermally activated

processes [168, 169], the temperature and strain rate dependence of yield stress of

the iPP homopolymer indicate that two basic processes intervene in the stress

response of a semicrystalline polymer [26–28, 62–65]. The first process involves

intralamellar deformations or crystal slips, the mechanisms of which have been

already detailed. The second process involves interlamellar deformations and is

somehow linked to the α-relaxation mechanism of iPP [170]. This relaxation

involves motion of the 3/1 helical chains in the crystals through the combined

effect of 120� rotations around the chain axis and c/3 translation parallel to the

chain axis [171]. These jumps result in chain diffusion through the crystals and

necessarily involve the mobility of repeating units in the constrained amorphous

zone surrounding the crystal [171]. In the case of iPP homopolymer, the

intralamellar deformation contributes to the yield stress at high temperatures or

low strain rates [62–65]. Crystal slip also participates at lower temperatures and/or

high strain rates, but the main process contributing to the observed yield stress is the

interlamellar process [62–65]. Therefore, in the case of iPP homopolymer, the

contribution of α-relaxation and consequent participation of the amorphous phase

to the yield stress should not be neglected at deformation temperatures close to

ambient.

In the case of copolymers, the α-relaxation mechanism is expected to contribute

actively to yield stress only at low comonomer concentration. With increasing

concentration of comonomeric units, this mechanism becomes less important,

regardless of the degree of inclusion/exclusion of comonomers in/from the crystals.

In fact, chain diffusion inside the crystals associated with α-relaxation is prevented

by the large steric hindrance caused by comonomers located inside the crystals in
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the case of inclusion, and by comonomers located in the amorphous regions close to

the fold surfaces in the case of exclusion. The different degrees of participation of

the α-relaxation process to the yielding behavior of our copolymers can explain the

bifurcation of the experimental values of yield stress shown in Fig. 11B. For

lamellar thicknesses higher than 5 nm, samples with lower content of comonomeric

units show values of yield stress close to the curve generated by setting the free

energy barrier for nucleation of dislocations ΔG*¼ 59 kT (Fig. 11B, curve a),

whereas the samples with higher content of comonomeric units follow the curve

generated by setting ΔG*¼ 90 kT (Fig. 11B, curve b). We argue that the lower free

energy barrier associated with the thermal nucleation of dislocations observed for

the samples of curve a is a result of participation of the α-relaxation process to their
yield behavior. Lack of this participation, for the samples of the curve b, results in

an increase in the free energy barrier.

5 Concluding Remarks

The yield behavior in tensile experiments of a wide class of semicrystalline poly-

mers is analyzed in the framework of a crystallographic micromechanical model

based on the thermal nucleation of dislocations. The samples are isotactic copoly-

mers of propene with ethylene (iPPEt), 1-butene (iPPBu), 1-pentene (iPPPe),

1-hexene (iPPHe), and 1-octadecene (iPPOc) and possess a random distribution

of comonomeric units and tailored concentrations of stereo- and regiodefects.

It has been shown that the decrease in plastic resistance depends on the level of

inclusion/exclusion of the comonomeric units in/from the crystals and on the

effective level of disturbance of the comonomers included in the crystals. More-

over, a remarkable dependence of yield stress on lamellar thickness has been

demonstrated. In particular, we have shown that, in all cases, the values of yield

stress decrease with lamellar thickness. By contrast, in the case of iPPBu copoly-

mers, the almost complete inclusion of butene units in the crystals of α-form
produces a decrease in stress at yield and simultaneous increase in lamellar

thickness.

According to the crystallographic approach, the phenomenon of yielding marks

the beginning of plastic flow through occurrence of diffuse crystal slip processes,

facilitated by the movement of dislocations, nucleation of new dislocations at the

edge of lamellar crystals, and participation of the amorphous component through

interlamellar slip or interlamellar rotation. Therefore, the thickness and intrinsic

stability of lamellar crystals and the intrinsic mobility of the constrained

interlamellar amorphous phase play key roles. Applying these concepts, we have

shown that, except for iPPBu copolymers with high butene content, in our copol-

ymers the yield behavior is largely controlled by the activation of plastic deforma-

tion of the crystals through crystallographic slip processes, involving, in turn,

nucleation of new dislocations. However, for highly defective copolymers of low

crystallinity, forming lamellar crystals of low thickness, the role of the deformation
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modes of the amorphous phase, such as interlamellar separation and interlamellar

slip, should not be neglected. In the case of iPPBu, the beginning of plastic

deformation is also controlled by the increase in lattice resistance to glide of

dislocations as a result of the butene units in the crystals acting as Peierls barriers.
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